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PREFACE 


The  symposium  consisted  of  nine  half-day  oral  sessions  (25  invited  and 
54  contributed  talks)  and  three  poster  sessions  (192).  The  attendance  was 
very  high  for  all  sessions,  with  an  estimated  peak  of  over  500  attendees. 

The  symposium  reflected  the  large  amount  of  work  that  has  taken  place 
in  the  last  year,  and  much  of  the  excitement  that  exists  on  this  subject.  The 
invited-talk  program  was  designed  to  give  a  thorough  review  of  the  state-of- 
the-art  in  the  field.  The  large  number  of  contributions,  in  the  form  of  talks 
and  poster  presentations,  showed  much  progress  in  the  growth  and 
understanding  of  the  III-V  nitrides,  and  in  the  production  of  optoelectronic 
devices  based  on  these  materials.  These  proceedings  represent  the  current 
state  of  the  field,  reflecting  over  70%  of  the  work  presented  at  the 
symposium. 

It  is  thus  with  much  satisfaction  on  the  advances  reflected  in  these 
pages,  and  confidence  in  the  future  of  III-V  nitrides,  that  we  present  these 
proceedings  for  publication  by  the  Materials  Research  Society. 

F.A.  Ponce 
T.D.  Moustakas 
I.  Akasaki 
B.A.  Monemar 

December  1996 
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Crystal  Growth  —  Bulk  and  MOCVD 
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ABSTRACT 

GaInN/GaN  heterostructures  and  quantum  wells  have  been  grown  by  low  pressure 
metalorganic  vapor  phase  epitaxy  on  sapphire  using  an  AIN  nucleation  layer.  We  found  a 
significant  In  incorporation  only  for  growth  temperatures  of  700°C,  although  still  very  high 
In/Ga  ratios  in  the  gas  phase  had  to  be  adjusted.  The  In  content  could  be  increased  by  reducing 
the  H2/N2  flow  ratio  in  the  main  carrier  gas.  GaInN  layers  typically  show  two  lines  in  low 
temperature  photoluminescence  which  are  identified  as  excitonic-like  (high  energy  peak)  and 
impurity-related-like  (low  energy)  by  time-resolved  spectroscopy.  Quantum  wells  with  a 
thickness  between  8  and  0.5  nm  showed  only  one  emission  line.  The  peak  of  the  thinnest  wells 
shows  excitonic-like  behaviour,  whereas  we  found  a  smooth  transition  to  an  impurity-related- 
like  type  with  increasing  thickness.  By  scanning  transmission  electron  microscopy  studies  we 
found  indications  for  composition  fluctuations  in  these  thicker  quantum  wells  which  may  cause 
localization  effects  for  the  excitons  and  thus  be  responsible  for  the  observed  optical  spectra. 

INTRODUCTION 

The  past  several  years  have  seen  major  advances  in  the  epitaxial  growth  of  group  Bi- 
nitrides  made  possible  by  the  dramatic  development  of  modem  epitaxial  techniques  like 
molecular  beam  epitaxy  (MBE)  and  metalorganic  vapor  phase  epitaxy  (MOVPE). 
Consequently,  highly  efficient  blue  and  green  light  emitting  diodes  (LEDs)  have  been  realized 
and  commercialized  [1,2],  and  recently,  blue  and  ultraviolet  light  emitting  lasers  have  been 
reported  [3,4].  Nearly  all  of  these  device  stractures  have  been  grown  by  MOVPE.  However,  a 
lot  of  important  problems  concerning  the  growth  and  processing  of  these  materials  still  remain 
unsolved.  Therefore,  we  have  concentrated  our  studies  on  this  epitaxial  technique  particularly 
focusing  on  laser  stmctures. 

The  MOVPE  growth  of  high  quality  GaN  requires  high  growth  temperatures  of  typically 
1000°C.  This  is  mainly  a  consequence  of  the  high  chemical  stability  of  the  commonly  used 
nitrogen  precursor  NH3.  Moreover,  the  higher  thermal  mobility  of  the  adsorbed  precursor  atoms 
on  the  growing  surface  might  improve  the  quality  of  the  epitaxial  layer. 

For  the  adjustment  of  the  band  gap  of  the  active  region  and  thus  the  emitted  wavelength  of 
optoelectronic  devices,  In  containing  ternary  layers  (Gai.xIn^N)  and  quantum  wells  are  needed. 
However,  such  layers  require  strongly  different  growth  conditions.  In  order  to  achieve 
significant  In  concentrations,  the  epitaxy  has  to  be  performed  at  rather  low  growth  temperatures 
of  700-800°C.  In  turn,  extremely  high  V/IB  ratios  to  compensate  for  the  low  NH3  cracking 
efficiency  are  needed.  However,  the  In  incorporation  efficiency  is  still  very  low  compared  to  the 
well-known  phosphides  and  arsenides,  where  the  Ga  to  In  ratios  in  the  gas  phase  and  in  the 
solid  are  identical  [5].  For  the  growth  of  GaxIni.xN  with  x  ~  6%,  Nakamura  et  al.  needed  an  In 
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to  Ga  ratio  in  the  gas  phase  of  17  at  a  growth  temperature  of  800°C  [6].  Various  reasons  for  this 
behaviour  have  been  discussed.  The  In  volatility  at  high  temperatures  [7,8]  as  a  result  of  a  weak 
In-N  bond  [9]  and  the  high  equilibrium  vapor  pressure  of  N  over  InN  [10]  may  play  an 
important  role.  Moreover,  the  presence  of  a  miscibility  gap  in  this  ternary  system  [11]  or  the 
large  disparity  of  the  atomic  radii  of  In  and  N  [12]  may  limit  the  In  incorporation.  Simple 
thermodynamic  calculations  of  the  chemical  reactions  in  the  MOVPE  reactor  point  to  the  large 
differences  in  the  equilibrium  constants  for  the  formation  of  GaN  and  InN  as  a  main  reason 
[13].  Moreover,  the  large  lattice  mismatch  between  the  growing  GaInN  and  the  underlying  GaN 
has  to  be  considered. 

In  order  to  investigate  these  problems,  we  have  studied  the  growth  of  GaN/GaInN  hetero 
and  quantum  well  structures  by  low  pressure  MOVPE.  We  intended  to  increase  the  In  content  in 
the  ternary  layers  while  keeping  their  crystallographic  and  spectroscopic  properties  on  a  fair 
level.  Moreover,  we  have  investigated  these  layers  by  CW  and  time  resolved 
photoluminescence  (PL)  and  photothermal  deflection  spectroscopy  (PDS)  experiments.  These 
data  have  been  correlated  to  results  obtained  by  transmission  electron  microscopy  (TEM)  and 
scanning  TEM. 

EPITAXIAL  GROWTH 

The  epitaxial  growth  was  performed  in  a  home-made  low-pressure  MOVPE  system  using  a 
horizontal  reactor  with  rectangular  cross-section.  The  SiC  coated  graphite  susceptor  was  heated 
by  halogen  lamps.  The  standard  alkyls  triethyl-gallium  and  trimethyl-aluminum  and  -indium 
were  used  as  Ga,  A1  and  In  precursors,  respectively,  whereas  ammonia  (NH3)  served  as  nitrogen 
source.  Hydrogen  was  used  as  carrier  gas  for  the  alkyls.  Both,  hydrogen  and  nitrogen  could  be 
flown  to  the  reactor  as  dilution  gases. 

All  layers  were  grown  on  sapphire  substrates  which  were  precleaned  by  standard 
procedures  and  nitrided  in  situ  in  the  MOVPE  reactor  at  1000°C  immediately  before  the  growth 
was  initialized.  As  reported  earlier  [14,  15],  excellent  GaN  layers  could  be  grown  at  a  reactor 
pressure  of  100  hPa,  a  growth  temperature  of  lOOO^C  and  a  V/HI  ratio  of  about  4000.  A 
significant  improvement  was  obtained  by  introducing  an  AIN  nucleation  layer  (about  1 0  nm) 
grown  at  800°C  compared  to  a  GaN  nucleation  layer  grown  at  500°C.  These  layers  showed  a 
mirror-like  surface  and  exhibited  extremely  narrow  linewidths  of  less  than  50  arcsec  in  high 
resolution  x-ray  diffraction  (HRXRD).  Hall  and  C-V  experiments  revealed  carrier 
concentrations  around  IxlO^^cm'^  and  mobilities  of  up  to  600cm^Ws  at  room  temperature.  In 
low  temperature  PL  (T  =  4.2K),  an  excitonic  line  of  less  than  3  meV  full  width  at  half 
maximum  could  be  detected  which  was  identified  as  a  donor-bound  excitonic  transition  by 
time-resolved  measurements  [16.  The  free-A-exciton  line  became  dominant  at  about  20-30  K. 
The  yellow  luminescence  was  barely  detectable  at  low  temperature  and  fairly  weak  at  room 
temperature  [14]. 

GaInN  layers  have  typically  been  grown  on  top  of  about  500  nm  GaN  grown  under  the 
optimized  conditions  mentioned  above.  At  growth  temperatures  above  750°C,  no  significant  In 
content  in  the  layers  could  be  measured.  With  decreasing  temperature,  an  increasing  In 
incorporation  was  found.  However,  the  photoluminescence  spectra  of  layers  grown  below 
700°C  became  broad  with  rather  low  intensity.  At  temperatures  of  650°C  and  below,  we  have 
observed  the  formation  of  In  droplets.  Therefore,  we  have  chosen  a  growth  temperature  of 
700°C  as  a  good  compromise  of  acceptable  layer  quality  with  still  significant  In  content  [14].  At 
the  GaN-GaInN  interface,  the  growth  was  interrupted  in  order  to  adjust  the  lower  growth 
temperature.  During  this  interruption,  the  NH3  flow  was  increased  to  typically  4  sIm  while  it 
was  still  flowing  to  the  reactor.  In  order  to  establish  an  In  to  Ga  ratio  in  the  gasphase  of  about  5, 
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the  Ga  flow  was  reduced.  This  resulted  in  a  GaInN  growth  rate  of  about  50  nm/h  and  a  V/m 
ratio  of  about  27,000.  All  layers  for  these  studies  have  been  grown  intentionally  undoped. 

Most  of  these  structures  have  been  completed  to  double  hetero  structures  by  covering  the 
Mrnary  layer  by  another  GaN  layer  of  about  100  nm  thickness.  After  the  growth  of  the  GaInN 
layer,  the  temperature  was  ramped  back  to  1000°C  while  keeping  the  TEG  flow  to  the  reactor. 
By  this  procedure,  we  intended  to  minimize  the  In  desorption  at  higher  temperatures  by  an 
instantaneous  coverage  of  the  GaInN  film  with  GaN. 

CHARACTERIZATION  METHODS 

Most  of  these  epitaxial  structures  have  been  characterized  by  standard  high  resolution  x-ray 
diffraction  (Philips  MRD).  Photoluminescence  at  liquid  helium  and  room  temperature  was 
excited  with  the  ultraviolet  line  (300  nm)  of  an  Ar  ion  laser.  Moreover,  optical  gain  spectra  have 
been  measured  on  some  samples  at  room  temperature  using  the  stripe  excitation  method 
[17,18].  The  PL  decay  was  measured  using  a  picosecond  time-resolved  PL  setup,  where  the 
samples  were  excited  with  5  ps  pulses  from  a  cavity-dumped  frequency-doubled  synchronously 
mode-locked  dye  laser.  The  luminescence  was  detected  with  a  microchannel-plate 
photomultiplier  and  processed  using  single-photon-counting  electronics  [19]. 

Owing  to  the  low  thickness  of  most  GaInN  layers,  direct  absorption  measurements  could 
not  be  used  to  evaluate  the  band  gap.  Therefore,  we  have  performed  photothermal  deflection 
spectroscopy  (PDS)  at  room  temperature.  By  this  method,  absorbance  values  ad  as  low  as  10'^ 
{a:  absorption  coefficient,  d:  film  thickness)  can  be  determined.  Details  of  this  technique  and 
our  experimental  setup  are  described  in  ref.  20. 

In  order  to  elucidate  the  microscopic  structure  of  our  ternary  layers,  high  resolution  TEM 
micrographs  have  been  taken.  Moreover,  Z  contrast  images  (Z  being  the  atomic  number)  in  a 
field  emission  scanning  TEM  (STEM)  have  been  recorded  yielding  direct  information  about  the 
local  ternary  composition  of  the  probed  GaInN  films.  For  these  experiments,  cross  section 
specimens  have  been  prepared  following  standard  procedures. 

INFLUENCE  OF  CARRIER  GAS 

Similar  to  the  MOVPE  process  of  “conventional"  III-V  compounds,  hydrogen  (H2)  is  used 
as  carrier  gas  for  the  precursors  and  as  main  dilution  gas  to  establish  the  desired  high  gas  flow 
velocity  of  the  reaction  chamber.  This  is  mainly  due  to  the  fact  that  H2  is  easily  available  in  high 
purity  and  can  be  purified  „in  situ"  just  before  entering  the  MOVPE  machine  by  diffusion 
through  a  heated  Pd  wall.  Only  recently,  very  efficient  purifiers  for  nitrogen  (N2)  have  also 
become  available  making  this  inert  and  non-explosive  gas  very  attractive  as  the  main  carrier  gas 
in  MOVPE.  Consequently,  Hardtdegen  et  al.  have  optimized  their  growth  processes  for 
GaAs/AlGaAs  and  GalnAs/InP  structures  using  exclusively  N2  as  carrier  gas.  They  have 
obtained  excellent  results  [21].  Using  N2  does  not  only  improve  the  process  safety,  but  also 
results  in  strongly  changed  flow  and  thermal  properties  in  the  reaction  chamber,  which  seems  to 
be  advantageous  for  some  materials  and  structures. 

For  the  growth  of  nitrides,  the  use  of  N2  seems  to  be  obvious.  However,  it  is  clear  that  this 
molecular  nitrogen  does  not  release  enough  atomic  nitrogen  even  under  the  extreme  conditions 
of  the  nitride  growth  process  (temperatures  around  1000°C)  to  act  as  a  precursor  gas.  Therefore, 
H2  is  again  the  commonly  used  carrier  gas  for  the  growth  of  GaN  and  AlGaN,  certainly  because 
of  the  same  reasons  as  mentioned  above.  Others  used  a  mixture  of  H2  and  N2  [22].  Only  few 
groups  reported  about  the  exclusive  use  of  N2  [23].  Keller  et  al.  switched  their  carrier  flow  from 
H2  to  N2  when  switching  from  GaN  to  GaInN  growth  [7].  Although  the  type  of  carrier  gas 
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certainly  influences  the  growth  process,  we  found  only  few  reports  about  a  systematic  study  of 
different  carrier  gas  compositions.  Yuan  et  al.  observed  improved  GaInN  quality  when  changing 
the  shroud  flow  from  H2  to  N2  in  their  reactor  [24], 

In  our  standard  growth  procedure  for  the  GaN  layer  growth,  Pd-diffused  H2  is  used  as 
carrier  gas  for  the  metalorganic  precursors  and  as  main  dilution  flow,  summing  up  to  about 
1300  seem.  The  NH3  flow  is  diluted  with  N2  (about  1  slm).  These  conditions  have  also  been 
applied  to  our  first  GaInN  growth  experiments.  As  described  above,  we  have  adjusted  a  growth 
temperature  of  700°C  in  order  to  get  a  considerable  In  incorporation  efficiency.  For  an  In/Ga 
ratio  in  the  gasphase  yin/ca  of  about  5,  we  measured  x  ~  7%  in  our  Ga^xIn^N  layers  by  HRXRD. 

In  order  to  study  the  influence  of  a  changed  H2/N2  carrier  gas  composition,  we  have 
reduced  our  total  H2  flow  from  1300  seem  to  300  seem.  This  reduced  H2  flow  was  mainly  used 
for  the  transport  of  the  metalorganic  precursors.  Layers  grown  under  otherwise  unchanged 
conditions  showed  a  higher  In  content  of  x  ~  12%  as  consistently  determined  by  HRXRD,  low 
temperature  photoluminescence  and  room  temperature  gain  spectra  (fig.  1).  However,  the 
linewidths  of  the  spectra  of  these  samples  are  considerably  broader  than  those  of  the  layers 
grown  with  the  larger  H2  flow.  This  is  a  direct  consequence  of  the  larger  In  content:  Layers 
grown  with  lower  ywca  and  low  H2  flow  resulting  in  the  same  In  content  in  the  solid  of  about 
7%  show  fairly  the  same  spectral  properties  as  the  “large  H2  flow  samples“. 

The  increased  In  incorporation  efficiency  in  a  carrier  gas  with  smaller  H2  content  may  be  a 
result  of  the  changed  gas  phase  reactions  of  the  precursors.  Koukitu  et  al.  performed  simple 
thermodynamic  calculations  [13,25],  from  which  they  concluded  that  a  large  H2  partial  pressure 
may  strongly  reduce  the  In  incorporation  rate.  Moreover,  parasitic  side  reactions,  sometimes 
blamed  as  possible  reasons  for  In  losses  in  the  vapor,  may  be  less  severe  in  a  N2  atmosphere 
owing  to  the  different  thermal  profile  above  the  susceptor. 
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Fig.  1:  Low  temperature  (4K)  photoluminescence  (a)  and  room  temperature  gain  spectra  (b)  of 
GaN/GaInN  double  hetero  structures  grown  with  full  and  reduced  hydrogen  flow. 
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SPECTROSCOPIC  RESULTS  ON  GaInN  BULK  LAYERS 


As  already  shown  in  fig.  1,  GaInN  bulk  layers  frequently  exhibit  two  peaks  in  low 
temperature  photoluminescence.  Fig.  2  shows  PL  spectra  of  a  GaInN/GaN  double  hetero 
structure  grown  with  reduced  H2  flow  rate  taken  at  various  temperatures  between  4K  and  room 
temperature.  In  the  latter  case,  only  the  high  energy  peak  I,  remains.  The  simplest  interpretation 
is  that  the  high  energy  peak  is  a  band-edge  related  emission,  i.e.  an  excitonic  emission  at  low 
temperature  and  a  band  to  band  emission  at  room  temperature.  Time-resolved  PL  experiments 
taken  at  low  temperature  further  support  this  explanation:  The  high  energy  line  Ij  shows  a  fast 
mono-exponential  decay  with  a  decay  time  of  about  400  psec  (fig.  3a).  In  contrast,  the  low 
energy  peak  I2  shows  a  non-exponential  decay  on  a  very  long  time  scale  of  some  microseconds 
(fig.  3b).  Moreover,  this  line  shifts  to  higher  energies  with  increasing  excitation  intensity, 
whereas  L  remains  at  the  same  position.  The  maxima  in  the  optical  gain  spectra  recorded  at 
300K  on  double  hetero  structures  (see  fig.  lb)  clearly  are  related  to  the  high  energy  PL  line  I|. 
However,  the  exact  nature  of  the  low-energy  line  is  not  necessarily  related  to  extrinsic 
impurities,  as  will  be  discussed  later  in  this  paper. 

GaInN  QUANTUM  WELLS 

As  described  above,  we  have  grown  GaInN  quantum  wells  embedded  in  GaN  barriers.  The 
well  thickness  Lz  was  varied  between  0.5  and  about  8  nm  by  changing  the  growth  time 
accordingly.  These  stmctures  showed  mirror-like  surfaces.  In  HRXRD,  only  the  GaN  peak  with 
a  similar  half  width  as  for  single  GaN  layers  could  be  detected,  whereas  the  GaInN  was  not 
detectable  owing  to  it’s  small  thickness. 


Wave  Length  [nm] 
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Fig.  2:  Photoluminescence  spectra  of  a  GaN/GaInN  double  hetero  structure  taken  at  various 
temperatures  between  4  and  300K. 
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Fig.  3:  Photoluminescence  decay  measured  on  the  I]  (a)  and  the  h  line  (b)  of  the  GaN/GaInN 
double  hetero  structure. 

Low  temperature  photoluminescence  spectra  of  these  structures  are  shown  in  fig.  4.  The 
spectrum  of  the  15  nm  sample  is  the  same  as  already  depicted  in  figs.  1  and  2.  Due  to  the  large 
effective  carrier  masses  in  GaInN,  this  sample  can  in  fact  be  regarded  as  the  „bulk  limit“. 

At  a  first  glance,  the  quantum  well  emission  peaks  show  a  shift  to  higher  energies  with 
decreasing  thickness  Lz,  as  might  be  expected  from  the  quantum  size  effect.  If  we  assumed  that 
the  PL  line  represents  transitions  directly  related  to  the  effective  band-gap,  the  conclusion  could 
be  drawn  [15]  that  such  thin  layers  have  a  higher  In  content  than  thicker  layers  grown  under  the 
same  condition  and  analyzed  by  HRXRD. 

However,  it  is  evident  that  the  quantum  well  emission  line  ends  up  in  the  low  energy  peak 
I2  of  the  15  nm  sample  with  increasing  L^.  Moreover,  the  linewidths  of  these  peaks  decrease 
with  decreasing  Lz  (fig.  5).  For  most  quantum  well  systems,  the  opposite  behaviour  is  observed, 
because  the  influence  of  interface  fluctuations  increases  with  decreasing  quantum  well 
thickness.  Thus,  it  is  not  clear  whether  the  PL  peaks  really  show  the  effective  band  gaps  of  these 
structures  or  just  some  sub-band-gap  related  emission.  Therefore,  we  have  performed 
photothermal  deflection  spectroscopy  in  order  to  determine  the  effective  band  gap  (fig.  6). 
Comparing  the  PDS  and  PL  results  (fig.  7)  shows  indeed  that  the  PL  peaks  exhibit  a  much 
stronger  shift  to  higher  energies  than  the  band  edge  values  obtained  by  PDS. 

Further  insight  in  this  behaviour  was  obtained  by  time-resolved  PL  experiments  performed 
at  5  K  (fig.  8).  Similar  to  the  I2  line  (fig.  3b),  the  „thick“  quantum  wells  show  a  non-exponential 
decay  on  a  very  long  time  scale.  However,  with  decreasing  thickness,  the  decay  becomes  faster. 
The  thinnest  quantum  wells  (Lz  =  0.9  nm  and  0.5  nm)  show  a  clear  mono-exponential  decay  on 
a  similar  scale  as  the  h  peak  of  the  15  nm  sample.  According  to  our  explanation  given  above. 
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Fig.  4:  Low  temperature  (4K)  photoluminescence  on  GaInN  quantum  wells  with  various 
thickness  L^. 

we  attribute  the  emission  line  of  the  thicker  quantum  wells  to  an  impurity-related  like  transition, 
whereas  the  thinnest  quantum  wells  show  an  excitonic-like  transition.  Of  course,  the  latter  is 
expected  for  high  quality  quantum  wells.  Now,  the  variation  in  the  PL  linewidth  can  be  easily 
understood,  because  excitonic  lines  usually  show  lower  peak  widths  than  impurity-related  ones. 
Obviously,  this  is  in  good  agreement  with  the  results  from  fig.  7:  The  PDS  data  are  caused  by 
the  effective  quantum  well  band  edge,  whereas  the  distance  between  the  PL  line  position  and 
the  effective  band-gap  increases  with  increasing  Lz  due  to  a  smooth  transition  from  an  excitonic 
transition  to  an  impurity-related-like  one.  This  interpretation  could  be  further  verified  by  quasi¬ 
resonant  PL  measurements:  Only  for  excitation  energies  above  the  effective  band-gap  (as 
estimated  from  the  PDS  results),  the  PL  peak  could  be  observed. 


Fig.  5:  Linewidth  (FWHM)  of 
the  GaInN  quantum  well 
photoluminescence  lines 
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Fig.  6: 

Photothermal  deflection 
spectra  of  GalnN  quantum 
wells  (different  samples  than 
depicted  in  fig2,  4  and  5) 
taken  at  room  temperature. 


3.2 


3.1 


^3.0 

(U 

c 

UJ 


2.9 


2.8 


PDS-Results  @  300K 
O 


Gai_xlnxN  Quantum  Wells 


A  A  A 


Photoluminescence  @  4K 


I  t  1  I  I  I  1 


■  ■  ■  ■ 


0  5  10  15  20 

Quantum  well  width  [nm] 


Fig.  7:  Peak  energy  of  the  photoluminescence  line  of  GalnN  quantum  wells  at  low  temperature 
and  effective  band  gaps  of  the  same  samples  evaluated  by  PDS  at  room  temperature. 


Fig.  8:  Photoluminescence  decay  curves  obtained  at  5  K  on  GalnN  quantum  wells  of  various 
thickness. 


TRANSMISSION  ELECTRON  MICROSCOPY  STUDIES 

This  peculiar  behaviour  is  certainly  related  to  the  microscopic  structure  of  these  quantum 
wells.  Therefore,  we  have  performed  TEM  experiments  on  these  samples.  Conventional  TEM 
micrographs  showed  that  the  quantum  well  interfaces  are  abrupt  on  an  atomic  scale.  There  was 
no  drastic  roughness  visible  that  might  explain  the  increased  PL  linewidth  of  the  thicker 
quantum  wells.  However,  we  observed  some  contrast  modulation  on  these  micrographs  (not 
shown  here).  Therefore,  we  investigated  the  local  chemical  composition  of  the  quantum  wells 
by  Z-contrast  imaging  in  a  STEM  (fig.  9).  Again,  the  quantum  well  with  its  abrupt  interfaces  is 
clearly  visible.  As  expected  from  the  conventional  TEM  figures,  the  quantum  well  shows  some 
brightness  modulations  which  have  to  be  attributed  to  composition  fluctuations  in  the  ternary 
layer.  Such  modulations  are  also  visible  in  the  binary  GaN  barriers.  However,  a  detailed 
analysis  gave  clear  evidence  that  our  interpretation  about  significant  composition  fluctuations  is 
correct.  Further  experiments  to  determine  the  size  of  these  fluctuations  quantitatively  are 
currently  underway. 

These  findings  may  help  to  understand  our  spectroscopic  results  described  above,  As 
already  implied  in  our  interpretations,  excitons  may  be  created  by  the  optical  excitation  in  our 
experiments.  In  a  perfect  quantum  well,  these  excitons  can  freely  move  around  in  the  well 
plane.  Thus,  their  recombination  causes  a  rather  narrow  PL  line.  In  these  films  with  a 
considerable  composition  fluctuation  on  a  scale  comparable  to  or  even  smaller  than  the 
excitonie  diffusion  length,  the  decay  process  will  be  strongly  influenced  by  the  microscopic 
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Fig.  9:  Z-contrast  scanning  electron  micrograph  of  a  GaN/GaInN  double  hetero  structure.  The 
GaInN  layer  has  a  thickness  of  17nm. 


arrangement.  This  will  result  in  line  broadening  or  even  localization  effects.  Indeed,  we  found 
further  indications  for  such  exciton  localization  in  a  closer  analysis  of  our  optical  gain  spectra, 
as  described  in  more  detail  in  [18].  This  may  even  explain  the  appearance  of  the  low  energy 
peak  I2  in  our  PL  spectra,  analogous  to  the  moving  emission  peak  in  ordered  GalnP  with  a  high 
density  of  domain  boundaries  [26]. 

It  seems  that  such  composition  fluctuations  are  a  universal  problem  in  GaInN  layers.  As 
mentioned  by  Nakamura  [27],  this  was  also  observed  on  the  laser  and  LED  samples  grown 
recently  by  Nichia.  Moreover,  it  is  interesting  to  note  that  even  in  the  Nichia  quantum  well  LED 
stmctures  the  main  electroluminescence  wavelength  is  about  120meV  below  the  band  gap 
expected  from  the  composition  of  the  nominally  undoped  GaInN  active  well  [1].  This  may  be  at 
least  partly  caused  by  the  localization  effects  described  above. 

There  are  at  least  two  possible  reasons  for  such  fluctuations:  The  large  lattice  mismatch 
between  GaN  and  Gai.xInxN  (about  1.2%  for  x~12%)  may  hinder  a  perfectly  two-dimensional 
growth  mode  similar  to  the  self-organized  growth  of  quantum  dots  (Stranski-Krastanov  growth 
mode)  [28].  The  existence  of  a  miscibiiity  gap  [1 1]  may  further  promote  such  fluctuations. 

Taking  into  consideration  the  spectroscopic  results  explained  above,  we  would  expect  less 
localization  effects  in  very  thin  quantum  wells.  A  preliminary  STEM  analysis  of  a  2.5  nm 
quantum  well  shows  indications  for  a  composition  gradient  in  growth  direction.  Further  work  is 
needed  to  analyze  such  thin  layers  accurately. 
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SUMMARY 


We  have  succeeded  to  grow  high  quality  GaInN  layers  and  GaInN/GaN  hetero  structures 
and  quantum  wells.  The  In  incorporation  could  be  drastically  increased  by  increasing  the 
nitrogen/hydrogen  flow  ratio  in  the  carrier  gas.  We  observed  two  emission  lines  in  low 
temperature  PL,  The  higher-energy-line  has  the  characteristics  of  an  excitonic  peak,  whereas  the 
lower-energy  line  resembles  an  impurity-related  transition.  Quantum  wells  with  thickness 
between  8  and  0.5  nm  show  only  one  PL  peak.  This  peak  smoothly  changes  it's  character  from 
impurity-related-like  to  excitonic-like  with  decreasing  thickness,  as  observed  by  time-resolved 
PL,  PDS  experiments  and  linewidth  analysis.  A  STEM  analysis  using  Z-contrast  imaging  gives 
clear  indications  for  composition  fluctuations  in  GaInN  layers.  These  fluctuations  may  cause 
localization  effects  for  optically  excited  excitons  thus  explaining  the  observed  spectroscopic 
data. 
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ABSTRACT 

The  growth  of  bulk  GaN  by  sublimation  method  and  a  homoepitaxial  growth  by  MOCVD 
are  reported.  A  photo-pumped  stimulated  emission  is  obtained  from  a  homoepitaxial  layer. 
The  source  powder  used  as  a  source  in  the  sublimation  method  is  investigated  in  detail,  and  it 
is  shown  that  the  powder  contains  many  kinds  of  compounds  consisting  mainly  of  gallium, 
nitrogen  and  hydrogen.  Growth  nucleation  control  is  performed  by  partly  covering  an  MOCVD- 
GaN  or  a  scratched-sapphire  (0001)  by  Si02.  Hexagonal  columns  of  the  size  of  about  200  pm 
in  diameter  and  about  200  pm  in  height  are  selectively  and  uniformly  grown  at  the  window 
sites.  This  technique  enables  the  device  processing  of  crystallites  and  also  helps  to  increase 
crystal  size  by  increasing  growth  time,  since  it  prevents  the  nucleation  of  new  crystallites 
which  work  as  sink  of  the  grovvdng  species. 

INTRODUCTION 

III-V  nitride  is  one  of  the  most  promising  material  for  fabricating  light  emitting  devices 
for  green,  blue  and  ultraviolet  region  as  well  as  high  temperature  devices.  High  quality  GaN 
epitaxial  films  with  flat  surface  were  obtained  by  the  two-step  growth  technique  on  sapphire 
substrates,  using  an  AIN  or  a  GaN  buffer  layer.  Highly-efficient  light  emitting  diodes  (LEDs) 
and  InGaN  multi-quantum-well-structure  laser  diodes  (LDs)  were  demonstrated.  However, 
many  substrate-related  problems,  such  as  the  large  differences  in  thermal  expansion  coefficient 
and  lattice-mismatch  between  the  epi-layer  and  the  substrates,  formation  of  the  high  density  of 
dislocation,  the  difficulty  in  creating  electrodes  and  cleavage,  still  remain  as  major  problems. 
The  sapphire  substrate  also  adds  some  additional  difficulties  in  most  commonly  used  MOCVD 
technique.  For  example,  substrate  annealing  and  the  two  step  growth  conditions  critically 
effect  on  the  crystal  quality. 

The  most  suitable  substrate  for  growing  GaN  is  thought  to  be  a  bulk  GaN  which  is 
synthesized  under  both  high  temperature  and  high  pressure  conditions  and  by  the  sublimation 
technique.  The  latter  was  studied  in  the  early  1970's,  [1,2]  to  grow  GaN  with  the  size  ranging 
from  several  hundred  microns  to  a  few  mm.  We  also  reported  the  growth  of  small  bulk  GaN 
by  sublimation  method  and  a  homoepitaxial  growth  by  MOCVD.  Photo-pumped  stimulated 
emission  from  a  homoepitaxial  GaN  was  observed  at  room  temperature  [3,4],  dislocation 
density  was  estimated  to  be  less  than  lO’/cm^  by  TEM  [5],  and  Raman  spectra  perfectly 
satisfied  the  selection  rule.  All  these  results  indicate  that  the  homoepitaxial  layer  has  high 
crystal  quality  without  strain. 

However,  the  crystal  size  obtained  so  far  is  not  large  enough  to  replace  commonly  used 
sapphire  substrates,  and  the  reason  for  not  being  able  to  increase  the  crystal  size  is  not  clear.  In 
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addition,  the  homoepitaxial  layer  properties  are  not  investigated  in  detail,  and  the  nucleation 
control  has  not  been  tried. 

In  this  paper,  we  review  our  work  on  the  growth  mechanism,  the  homoepitaxy  and  the 
nucleation  control  in  the  sublimation  method. 


EXPERIMENT 
Sublimation  growth 


The  system  used  in  the  sublimation 
growth  is  schematically  shown  in  Fig.  1. 
The  source  powder  was  synthesized  by 
heating  10  g  of  liquid  Ga  placed  on  quartz 
boat  in  NH3  atmosphere  at  1000  °C  for  3 
hours.  The  flow  rate  of  NH3  was  100  seem. 
The  source  powder,  the  quartz  substrate 
holder  and  the  substrate  facing  to  the  powder 
were  placed  in  the  carbon  crucible  which 
was  heated  to  1050  °C.  50  seem  of  NH3 
flow  was  introduced  into  the  reactor.  The 
distance  between  the  powder  and  the 
substrate  was  7  mm.  The  substrate  was  a 
sapphire  (0001)  unless  otherwise  mentioned. 

Growth  results 


heater 


substrate 


^  GaN  powder 


heater 


Fig.  1  Reactor  used  in  the  sublimation 
growth. 


The  hexagonal  shaped  cystallites,  with 
the  size  ranging  from  several  tens  of  microns 
to  a  little  over  a  mm  were  obtained  on  the 
substrate  or  on  the  powder  after  lto3  hours 
of  sublimation  growth.  The  size  of  the  crystal 
did  not  increase  with  increasing  growth  time. 
The  geometry  of  the  substrate  holder 
critically  effected  on  the  growth;  a  geometry 
that  produced  larger  stagnant  gas  flow 
resulted  in  the  higher  density  and  the  larger 
size  of  the  crystals. 

When  the  nucleation  density  is  high 
enough  for  the  crystallites  to  coalesce,  a  thick 
film  with  the  thickness  of  several  tens  of 
micron  to  over  100  pm  instead  of  the 
crystallites  was  obtained.  A  hexagonal 
pattern  shown  in  Fig. 2  was  frequently 
observed  on  this  surface. 


Fig.2  Surface  microphotograph  of  a  thick  GaN 
grown  on  a  sapphire  (0001)  by  sublimation 
method. 
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20  [deg] 

Fig.3  x-ray  diffraction  of  the  thick  GaN  grown  on  sapphire  by  sublimation  method. 


A  thick  film  has  the  same  crystal  orientation  as  a  substrate  as  indicated  by  the  6-20  x-ray 
diffraction  in  Fig.  3.  The  dislocation  density  was  measured  by  the  cross-sectional  TEM  and 
was  as  high  as  lO"  cm'^ . 

On  the  contrarily  to  a  thick  film,  a  small 


bulk  crystal  has  veiy  low  dislocation  density. 
No  dislocation  is  seen  in  a  TEM  picture  of 
Fig.4  in  the  observed  area  of  3.3  x  3  pm^. 
The  raman  spectra  of  the  bulk  crystal  (Fig.5 
(a))  perfectly  satisfies  selection  rule,  while 
a  prohibited  peak  at  745  cm’’  in  X(Z-)X 
configuration  is  always  observed  in  the 
heteroepitaxial  films. 

In  spite  of  the  high  crystal  perfection  of 
the  bulk  crystal,  its  photoluminescence  (PL) 
intensity  is  several  orders  of  magnitude 
smaller  compared  to  that  of  the 
heteroepitaxial  film  grown  on  sapphire 
substrate  by  atmospheric  MOCVD, 
suggesting  the  existence  of  high  density  of 
point  defect. 


Fig.4  TEM  picture  of  the  bulk  GaN. 
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Fig.5  Raman  spectra  of  a  bulk  GaN  (a)  and  a  heteroepitaxial  GaN  on  sapphire  grown  by 
MOCVD  (b). 


Although  it  is  difficult  to  measure  electrical  properties  of  the  crystallites,  a  prober  test 
reveals  that  the  resistivity  of  the  crystallite  is  much  larger  compared  to  the  heteroepitaxial  film 
which  has  the  electron  concentration  of  the  order  of  lO'^  cm‘^  and  the  electron  mobility  of 
about  400  cm^/vs. 


Wavelength  [nm]  Pumping  Power  Density  [MW/cn?] 

(a)  (b) 


Fig.6  Emission  spectra  under  high  excitation  (a),  and  the  excitation  power  density -output 
power  relation  (b). 


360  370  380  390 

Wavelength  [nm] 


100  jjm 


(a)  (b) 

Fig.7  Polarization  dependence  of  the  emission  above  threshold  (a),  and  a  near  field  pattern 
of  the  stimulated  emission  from  a  homoepitaxial  GaN  grown  on  a  bulk  GaN. 


Homoepitaxial  growth  by  MOCVD 


Since  bulk  crystallites  prepared  by  the  sublimation  method  is  nucleated  on  a  sapphire  plate, 
it  is  easy  to  load  them  into  MOCVD  system  to  grow  homoepitaxial  GaN  or  heterostructures. 
The  PL  intensity  of  the  homoepitaxial  layer  becomes  several  orders  of  magnitude  stronger  than 
the  bulk  crystallite. 

A  photo-pumping  experiments  are  performed  for  the  homoepitaxial  layers  using  a  nitrogen 
laser  as  a  pumping  source.  The  emission  spectra  and  the  excitation  power  density-output 
power  relation  of  the  homoepitaxial  GaN  are  shown  in  Fig  6  (a)  and  (b),  respectively.  The 
output  power  superlinearly  increases  with  excitation  intensity,  a  spectrum  line  width  suddenly 
narrows  and  the  spectrum  exhibits  polarization  above  threshold,  indicating  that  the  stimulated 
emission  is  taking  place.  The  threshold  power  density  is  almost  the  same  as  that  of  the 
heteroepitaxial  GaN  on  sapphire  reported  elsewhere. [6]  The  polarization  dependence  and  a 
near  field  pattern  of  the  GaN  above  threshold  are  shown  in  Fig.  7  (a)  and  (b),  respectively. 
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Powder  analysis 


The  most  significant  problem  of  the  sublimation-grown-crystal  is  its  too  small  size.  To 
investigate  the  growth  mechanism  of  the  sublimation  technique,  the  source  powder  was  analyzed, 
since  the  color  of  the  powder  before  and  after  the  use  was  different,  and  no  growth  took  place 
if  the  growth  was  repeated  using  the  same  powder. 

The  quadrupole  mass  analysis  (QMA)  spectra  of  the  powder  are  shown  in  Fig.  8.  Many 
species  other  than  GaN  were  detected.  The  powder  was  heated  up  to  1000  T  in  vacuum,  and 
the  QMA  signal  intensity  of  these  elements  were  measured  as  a  function  of  time.  Most  of  the 
peaks  except  that  of  nitrogen  suddenly  decreased  after  approximately  3  hours,  indicating  a 
depletion  of  volatile  compounds.  Therefore,  the  reason  why  crystal  size  saturated  with  the 
growth  time  was  thought  to  be  due  to  the  depletion  of  the  "active"  species  in  the  powder.  6-20 
x-ray  diffraction  measured  for  the  powder  after  the  annealing  showed  clear  peaks  associated 
with  crystalline  GaN,  indicating  that  GaN  still  remained  m  the  powder.  Therefore,  the  active 
species  that  are  contributing  to  the  growth  is  not  pure  GaN,  but  the  compounds  which  are 
mostly  consisting  of  gallium,  nitrogen  and  hydrogen  atoms,  such  as  GaNH  or  GaNjH. 

One  way  to  overcome  this  problem  is  to  repeat  the  growth  using  a  new  powder  in  each 
growth.  The  growth  was  repeated  for  14  times,  and  indeed,  the  ciystal  size  linearly  increased 
with  the  growth. 
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Growth  nucleation  control 


In  the  sublimation  method,  the  growth  nucleation  takes  place  randomly  on  the  substrate. 
Although  the  crystal  size  of  several  hundred  micron  is  large  enough  to  fabricate  devices  such 
as  laser  diodes,  the  random  nucleation  prevent  to  perform  device  processing.  It  is  also  important 
to  control  nucleation  site  and  density  in  order  to  increase  crystal  size,  because  randomly 
nucleated  crystallites  consume  growing  species  and  prevent  the  growth  of  already  existing 
crystals  on  the  substrate. 

Therefore,  the  nucleation  density  was  investigated  on  the  following  materials:  an 
electron-beam  evaporated  Si02  on  a  sapphire  (0001),  a  Si  (111),  a  sapphire  (0001)  which  was 
scratched  by  20-40  pm  diamond  powder  in  ethyl  alcohol  for  30  min  in  a  ultrasonic  bath,  and  a 
0.3  pm-thick  GaN  grown  on  sapphire  (0001)  by  atmospheric  MOCVD.  The  growth  time  was 
fixed  to  3  hours  in  this  series  of  experiment. 

The  density  of  the  nuclei  was  the  largest  on  an  MOCVD-GaN  and  on  a  scratched  sapphire, 
and  a  continuous  film  rather  than  a  discrete  crystallites  were  obtained.  On  the  other  hand,  the 
nucleation  density  both  on  a  Si02  and  on  a  Si  (111)  was  much  less.  The  nucleation  density  on 
a  SiOj  and  on  a  Si  (111)  (about  6  x  lOVcm^)  is  almost  two  orders  of  magnitude  smaller  than 
those  on  a  sapphire  (1.41  x  10^/cm^).  The  density  on  an  MOCVD-GaN  and  on  a  scratched-sapphire 
is  difficult  to  estimate,  but  it  is  larger  than  3.6  x  lOVcm^  assuming  the  size  of  the  crystallite  is 
the  same  as  that  on  a  sapphire.  Therefore,  a  scratched-sapphire  or  an  MOCVD-GaN  can  be 
used  as  a  seeding  material,  and  a  Si02  or  a  Si  (111)  can  prevent  crystal  nucleation. 

The  nucleation  control  was  then  tried  by  partly  covering  a  seeding  material  (a  scratched-sapphire 
or  an  MOCVD-GaN)  by  a  masking  material  (Si02).  250  nm-thick-Si02  was  deposited  on  a 
scratched-sapphire  and  an  MOCVD-GaN  by  electron-beam  evaporation,  and  squared  windows 
of  the  size  60  x  60  pm^  was  opened  by  photolithography  and  etching  within  the  area  of  5  x  5 
mm^.  The  spacing  between  the  square  pattern  was  200  pm  x  500  pm. 


(a)  (b) 


Fig.9  Microphotograh  (a)  and  SEM  picture  (b)  of  GaN  selectively  grown  by 
sublimation  method. 
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Hexagonal  columns  of  GaN  were  selectively  and  uniformly  grown  in  the  window  opening 
on  both  samples  as  shown  in  Fig.  9  (a).  The  size  of  the  crystal  was  about  200  pm  in  diameter 
and  about  200  pm  in  height,  and  the  top  of  the  hexagonal  columns  was  sharp.  All  the  surrounding 
surfaces  were  very  smooth  as  shown  by  SEM  microphotograph  in  Fig. 9  (b).  The  diameter  of 
the  column  was  much  larger  than  the  window  width. 

CONCLUSION 

The  growth  of  a  bulk  GaN  by  sublimation  method,  and  a  homoepitaxial  growth  by 
MOCVD  are  reported.  A  bulk  GaN  has  very  high  crystal  perfection  and  very  low  dislocation 
density,  but  its  PL  intensity  is  low,  partly  due  to  the  existence  of  the  high  density  of  point 
defects.  The  PL  intensity  is  much  improved  by  growing  GaN  by  MOCVD.  A  photo-pumped 
stimulated  emission  is  obtained  from  a  homoepitaxial  layers. 

A  powder  used  as  a  source  in  sublimation  method  is  analyzed  in  detail.  The  powder  is 
shown  to  contain  many  compounds  consisting  mainly  of  gallium,  nitrogen  and  hydrogen 
atoms,  which  are  thought  to  be  active  species  contributing  to  the  growth. 

Growth  nucleation  control  was  performed  by  partly  covering  an  MOCVD-GaN  or  a 
scratched-sapphire  (0001)  by  a  Si02.  Hexagonal  columns  of  the  size  of  about  200  pm  in 
diameter  and  about  200  pm  in  height  were  selectively  and  uniformly  grown  at  the  window 
sites.  This  technique  enables  the  device  processing  of  the  crystallites  and  also  helps  to  increase 
crystal  size  by  increasing  growth  time,  since  it  prevents  the  nucleation  of  new  crystallites 
which  work  as  a  sink  of  the  growing  species. 
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ABSTRACT 

The  GaPi_a;Na,  alloy  semiconductor  has  been  grown  with  the  N  concentration  as  high  as 
6.3%  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  using  1,1-dimethylhydrazine  (DMHy) 
as  the  N  source.  The  growth  characteristics  show  the  key  role  of  the  non-equilibrium  circura- 
stcinces  during  the  growth,  where  the  N  desorption  from  the  surface  limits  the  N  incorporaton. 
The  band-edge  states  have  been  studied  using  time-resolved  PL  and  PL  excitation  spectro¬ 
scopies.  The  PL  takes  place  via  the  tail  states  below  the  absorption  edge.  The  band  edge, 
which  shifts  to  lower  energies  with  increasing  N  concentration,  originates  from  the  A-line 
energy  (Le.  isolated  N  states)  rather  than  the  indirect-gap  energy  of  GaP  in  the  limit  a.— 0. 

INTRODUCTION 


The  GaPi_a;N3.  alloy  semiconductor  is  obtained  when  N  is  incorporated  into  GaP  beyond 
the  conventional  doping.  To  do  this,  however,  the  extreme  immiscibility  of  the  alloy,  due 
to  the  large  atomic-distance  mismatch  (~20%)  as  well  as  the  structural  mismatch  between 
GaP  (zincblende)  and  GaN  (wurtzite),  must  be  overcomed  by  a  far-from-thermal-equilibrium 
growth  method.  In  fact,  the  N  incorporation  into  GaP  is  expected  to  be  as  low  as  x  < 
10“°  at  TOO^'C  thermal  equilibrium[l].  Recently,  the  growth  of  the  GaPi_a.Na;  alloy  with  a 
significant  N  concentration  has  been  succassful  by  molecular  beam  epitaxy  (MBE)  (^^7%)  [2] 
and  metalorganic  vapor  phase  epitaxy  (MOVPE)  (^6%)  [1,3].  A  latest  work  has  reported 
the  growth  of  the  alloy  with  even  16%  N  [4]. 

A  noteworthy  fact  about  the  optical  properties  of  GaPi_2;Na;  alloy  is  the  red-shift  beha.v- 
ior  of  the  fundamental  absorption  edge  [5,6]  and  photoluminescence  [1,2,4]  with  increasing 
N  concentration.  This  can  be  interpreted  as  a  manifestation  of  the  huge  bowing  in  the  com¬ 
position  dependence  of  the  energy  gap  [2,7,8],  which  is  caused  by  the  large  electronegativity 
of  N.  A  tight-binding  calculation  has  given  the  N  concentration  dependence  of  the  P-X  and 
the  P-E  energy  gaps,  as  shown  in  Fig.  1  [8].  It  is  known  that  with  this  alloy  semiconductor, 
a  very  wide  range  of  spectrum,  not  only  between  2.3eV  (GaP)  and  3.4eV  (GaN),  but  even 
much  below  as  1.5eV,  may  be  covered. 


1 - 1 - 1 - i - 1 - 1 
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Nitrogen  Content  x 


Fig.  1  N  concentration  dependence  of 
the  energy  gaps  (P-X  and  P-P)  in  the 
GaPi^a-Na;  alloy.  A  tight-binding  cal¬ 
culation  [8]. 
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GaPi_a;Na:  has  revealed  itself  as  an  efficient  luminescent  material  up  to  a  few  percent  of  N 
concentration  [1,9].  In  the  doping  regime  ([N]<10^®cm-^  i.e.  x  <0.1%),  it  is  well  established 
that  the  N  atoms  form  the  deep  efficient  radiative  centers,  NN^  (i=l,2,3,...10)  [lOj.  Then, 
how  do  these  isoelectronic  N  deep  levels  evolve  into  the  band  edge  in  the  alloy  regime?  How 
can  we  define  the  alloy  band  edge  at  all? 

In  the  present  study,  the  GaPi_a:N,,  alloy  with  the  N  concentration  (x)  as  high  as  6/o 
has  been  grown  by  metal  organic  vapor  phase  epitaxy  (MOVPE).  The  band-edge  states,  and 
hence  the  formation  of  the  alloy  energy  gap,  have  been  studied  in  detail  using  photolumi- 
nescence(PL),  optical  absorption,  time-resolved  photoluminescence,  and  photoluminascence 
excitation(PLE)  spectroscopies. 


MOVPE  GROWTH 


Growth  Procedure 

The  GaPi_a;Na;  alloy  films  were  grown  on  nominally  on-axis  (lOO)GaP  substrates  at  600- 
700‘"C  by  low-pressure  (60  Torr)  MOVPE  with  H2  carrier  using  a  horizontal  reactor  with  an 
rf- heated  susceptor  [Ij.  Trimethylgallium  (TMG),  PH3  and  1,1-dimethylhydrazine  (DMHy, 
(CH3)2N2H2)  were  used  as  the  Ga,  P  and  N  sources,  respectively.  DMHy  is  a  liquid  with 
an  estimated  vapor  pressure  of  '^100  Torr  at  16‘^C.  DMHy  is  an  efficient  N  source  mateiial 
which  is  easy  to  decompose  at  relatively  low  growth  temperatures  [11].  TMG  and  DMHy 
were  bubbled  at  -WC  and  +10®C,  respectively.  Prior  to  the  growth  of  GaPi_:rNa;,  a  0.S-//m- 
thick  GaP  buffer  layer  was  grown  at  750°C.  Then  the  substrate  temperature  was  lowered  to 
the  growth  temperature  for  GaPi_^Nx.  The  V/III  ratio  ranged  from  20  to  200.  The  TMG 
flow  rate  was  typically  4.5^mol/min  (2.0  seem).  The  epilayer  thickness  was  0.15-0.8Atm. 


Growth  Results 


Figure  2  shows  the  double-crystal  x-ray  rocking  curves  of  the  (400)  reflection  from  GaP 
and  GaPi_a;Na;  grown  with  different  vapor  phase  compositions.  The  (511)  reflection  was 
also  taken  to  estimate  the  lattice  constant  a  of  the  alloy.  The  alloy  compositions  x  were 
determined  from  the  lattice  constant  a,  assuming  Vegard’s  law,  in  the  way  that  x  —  (a  — 
aGap)/io.c.GaN -o,oap),  where  a<3aF(=5.54lA)  and  ac.Gav(=4.5lA)  were  the  lattice  constants 
of  GaP  and  cubic  GaN[ll],  respectively. 
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Fig.  2  Double-crystal  X-ray  rocking 
curves  of  the  (400)  reflections  from  GaP 
and  GaPi  xNi  grown  with  different  va¬ 
por  phase  compositions. 
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Fig.  3  Surface  morphologies  of  GaPi.^jNa; 
layers  grown  at  650°C  with  different  va¬ 
por  phase  compositions  Xy.  (a)  Xy—0.27, 
x=0Al%-,  (b)  x^=0.63,  a:=2.4%;  (c) 

a:„=0.8,  X  is  undetermined. 


Fig.  4  Solid  {x)  versus  vapor  (a;^)  compo¬ 
sitions  for  GaPi_a;Na:  alloys  at  650'^C  with 
V/III^lOO,  and  /tmg=2.0  seem. 


The  growth  rate  of  the  GaPi_2;Na;  film  was  proportional  to  the  TMG  flow  rate,  /tmg- 
It  was  2.2/Lim/h  for  /tmg“2.0  seem.  Figure  3(a)-(c)  show  the  surface  morphologies  of  the 
samples  grown  at  650°C  with  different  vapor  phase  compositions  Xy  of  the  group  V  sources. 
Xy  is  defined  as  Xy  =  foMNy/  {fpHs  +  foMHy),  where  foMMy  and  fpu^  are  the  molar  flows  of 
the  DMHy  and  PH3,  respectively.  The  corresponding  alloy  compositions  x  are  also  specified. 
For  Xy—^.21  (a;=0.41%,  Fig.3(a)),  the  grown  surface  is  fairly  smooth  and  mirror-like.  For 
a;i;=0.63  (a— 2.4%,  Fig..3(b)j,  the  surface  is  also  mirror-like,  but  the  cross-hatches  due  to  the 
large  lattice  mismatch  (~0.5%)  are  noticeable.  When  Xy  is  increased  to  0.8  (Fig.3(c)),  the 
surface  becomes  rough  and  powder-like,  giving  no  x-ray  diffraction  signals  except  that  from 
the  substrate. 

Figure  4  shows  the  solid  (a;)  versus  vapor  {Xy)  composition  relationship  at  650®C  with 
the  V/III  ratio  around  100,  and  /tmg  of  2.0  seem.  The  epitaxial  alloy  layers  with  a  mirror¬ 
like  surface  were  obtained  up  to  x-=3%  in  the  range  Xy  <0.63.  When  Xy  exceeded  0.74, 
the  crystalline  quality  was  rapidly  degraded,  giving  two  separate  compositions.  No  epitaxial 
layers  were  obtained  at  Xy  >0.8. 

At  a  fixed  TMG  flow  rate  and  a  vapor  composition  Xy,  the  solid  composition  x  is  much 
dependent  on  the  growth  temperature  as  shown  in  Fig.  5  for  the  case  of  /rMG=2.0  seem, 
V/III— 80,  and  Xy={).Q2h.  As  the  temperature  was  lowered  from  700°C  to  630‘^C,  the  solid 
composition  x  increased  from  0.39%  to  3.2%.  When  the  temperature  was  as  low  as  600'^C, 
the  grown  surface  became  rough,  giving  no  x-ray  diffraction  signal  from  the  alloy.  The  solid 
composition  x  is  also  dependent  on  the  TMG  flow  rate  as  shown  in  Fig.  6  at  the  feed  growth 
temperature  (660°Q  and  the  group-V  vapor  composition  (a;,;=0.625).  The  solid  composition 
increased  to  a:=2.0%  with  increasing  the  TMG  flow  rate  (which  is  proportional  to  the  growth 
rate)  up  to  4.0  seem,  where  the  N  incorporation  became  somewhat  saturated. 
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Fig.  5  Solid  composition  x  versus 
growth  temperature  for  GaPi_a;Na;  alloys  at 
fTMG=‘^-^  seem,  V/III^80,  and  av=0.625. 


Fig.  6  Solid  composition  x  versus  TMG 
flow  rate  Jtmg  for  GaPi_xN:,  alloys  grown 
at  660'’C  with  av— 0.625. 


Based  on  these  growth  characteristics,  a  much  faster  growth  rate  of  S.S/rm/h  was  adopted 
with  fTMG=^-0  scern,  V/III=20,  a;^,=0.66  at  650'='C,  and  the  N  concentration  as  high  as  6.3 /o 
was  obtained. 


Discussion  on  Growth  Kinetics 

The  strong  dependence  of  the  solid  composition  on  the  growth  temperature  and  the 
growth  rate  suggests  the  key  role  of  the  nonequilibrium  circumstances  during  the  growth 
process.  At  higher  growth  temperatures,  the  N  desorption  from  the  surface  will  be  substan¬ 
tially  enhanced  at  the  same  time  with  the  enhanced  PH3  decomposition,  thus  giving  the  low 
N  incorporation.  At  higher  growth  rates  (high  TMG  flow  rates),  the  N  desorption  will  be 
much  suppressed  due  to  the  rapidly  growing  overlayers.  In  view  of  this  growth  knietics  we 
performed  growth  interruption  experiments,  in  which  the  TMG  supply  was  interrupted  for 
a.  certain  time  after  each  one  monola.yer  growth  of  GaPi-^Nx. 

Figure  7  shows  the  solid  composition  x  as  dependent  on  the  growth  interruption  time  U 
at  the  constant  group- V  vapor  composition  0.625  and  the  growth  ternperature  of  670^^0. 

The  TMG  supply  duration  was  0.4sec  with  the  flow  rate  of  4.0  seem  in  each  cycle.  It  is 
found  that  the  N  incorporation  is  suppressed  for  longer  interruption  times.  This  behavior  is 
modeled  with  a  simple  supply- and-desorption  rate  equation  valid  during  the  interruption. 


dt  r’ 

where  n  is  the  N  concentration  on  the  surface,  G  is  the  N  supply,  and  r  is  the  N  desorption 
time  constant.  Assuming  small  n  and  rapid  adsorption  of  P  to  the  sites  where  N  is  desorbed, 
we  have  ^ 

X  <x  n  =  Gr Aexp{— -) .  (2) 

The  plots  of  Fig.  7  are  fitted  with  r=0.47sec.  Thus  the  whole  growth  proccess  is  governed 
by  the  N  desorption  from  the  surface,  which  limits  the  N  incorporation  into  the  solid. 
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Fig.  7  Solid  composition  x  versus  growth  interruption  time  U  at 
670'^C  with  frMG—^-0  seem  and  a;.i,=0.625. 


OPTICAL  CHARACTERIZATION 
Photoluminescence  and  Absorption 


Figure  8  shows  the  low-temperature  (5.6K)  PL  spectra  of  GaPi_3;Na;  with  various  N 
concentrations  [1].  The  excitation  source  was  a  He-Cd  laser  (325nm).  For  GaP  (a;=0),  the 
spectrum  consists  of  isolated- N-bound  A  exciton  (2.317eV)  [10]  and  its  phonon  replicas.  For 
low  N  concentrations,  typically  3;=0.028%  ([N]=7xl0^®  cm-^),  which  represents  the  N-doping 
regime,  the  spectrum  consists  of  the  sharp  emissions  from  the  N-N  pair  bound  excitons,  NNi 
(2.18eV),  NN3  (2.26eV),  NN4  (2.29eV),  NN5  (2.30eV)  and  their  phonon  replicas.  When  x 
is  increased  to  0.36%,  the  deep  NNi  line  and  its  phonon  replicas  become  dominant,  while 
NN3  gets  weaker  and  NN4  disappears.  For  higher  N  concentrations,  typically  x—lA%,  which 
represents  the  alloy  regime,  the  PL  spectrum  is  dominated  by  a  broad  peak  which  shifts  to 
lower  energies  with  increasing  x. 

Such  a  red-shift  behavior  is  also  seen  in  the  low-temperature  (20K)  optical  absorption 
spectra  shown  in  Fig.  9.  The  absorption  edge  shifts  to  lower  energies  with  increasing  N  con¬ 
centration.  The  A-line  absorption  peak  is  clearly  seen  at  low  N  concentrations  {x  <0.75%), 
though  it  becomes  broader  and  finally  not  discernable  with  increasing  N  concentration.  The 
A-line  peak  is  also  observed  in  GaP  (x^O)  due  to  the  unintentional  N  incorporation.  The 
NN3  peak  behaves  in  the  similar  manner  with  the  A  line  though  not  observed  in  GaP.  The 
NNi  peak  is  enhanced  with  increasing  N  concentration,  and  even  observed  at  x  ~1.9%  until 
it  merges  into  the  large  absorption  band.  It  is  noted  that  the  emissions  related  to  the  NN.j 
pairs  were  not  observed  in  the  PL  for  x  >1%.  Thus,  the  PL  does  not  reflect  the  density  of 
states  (DOS)  of  NNj  pairs.  In  fact,  the  NNi  line  dominates  the  other  lines  when  2;  >0.2%, 
although  the  NNi  (nearest-sites)  pairs  become  most  probable  only  when  x  >3%  [9].  More¬ 
over,  the  PL  is  found  to  occur  at  the  DOS  tails  which  are  lower  in  energy  than  the  absorption 
edge.  Namely,  the  broad  emission  of  GaPi_a;Na;  alloys  with  high  N  concentrations  does  not 
originate  from  the  band  edge  but  from  the  tail  states. 
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Fig.  8  Low-temperature  (5.6K)  PL  spectra  of  GaPi-a^N^  with  various 
N  concentrations. 


Fig.  9  Low-temperature  (20K)  absorption  spectra  GaPi_xNx  alloys. 
The  energy  positions  of  GaP  band  gap,  A  line,  NN3  and  NNi  lines  are 
indicated. 


Time- Resolved  Photoluminescence 


In  order  to  examine  the  nature  of  the  band  edge  states,  time-resolved  PL  measurements 
were  done  at  4.2K  [6].  The  tim^ resolved  PL  intensity  was  measured  with  the  time-correlated 
single  photon  counting  method.  The  excitation  source  was  the  frequency-doubled  light 
(.315nm)  obtained  by  a  KH2PO4  crystal  from  a  dye  laser  operating  at  630nm  with  a  repetition 
rate  of  75.4MHz  and  a  pulse  duration  of  2ps. 

Figure  10  shows  the  PL  intensity  decay  profiles  of  GaPi_a;Na;  alloys  [6,12].  The  decay 
profiles  are  much  different  between  high  (a:  >1%)  and  low  {x  <1%)  N  concentrations.  For 
a  low  N  concentration  of  2;=0.028%,  for  which  the  NN5  line  (540nm)  was  detected,  the  PL 
decay  curve  was  fitted  with  a  single-exponential  with  the  decay  time  of  r=270ns.  This  decay 
time  is  considered  to  be  the  radiative  recombination  lifetime  of  the  excitons  bound  to  NN5 
pairs,  since  the  same  order  of  magnitude  of  lifetimes  has  been  reported  for  NNi  and  NN3 
bound  excitons  (^lOOns)  at  4.5K  [13]. 

For  a  high  N  concentration  of  2:- 1.4%,  for  which  the  lower-energy  peak  (600nm)  of  the 
broad  emission  was  detected,  the  decay  profile  showed  a  double-exponential  behavior  which 
was  fitted  with  ^  ^ 

7(i)  —  Cfast^^pi,  )  "F  Cslow^^pi,  ))  (^) 

'Tfast  '^slow 

where  r^c«t=63ns  and  rs,0K;=l  100ns.  The  fast  decay  process  is  considered  to  be  the  relax¬ 
ation  to  nonradiative  centers.  After  the  nonradiative  centers  are  saturated,  the  radiative 
recombination  or  the  relaxation  between  radiative  levels,  whose  lifetimes  amount  to  /rs,  will 
become  dominant. 


Fig.  10  PL  decay  profiles  of  GaPi_a;Nx  alloys  at  4.2K.  The  solid 
lines  are  the  best  fits  with  eq.  (3). 
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N  concentration  (%)  N  concentration  (%) 


Fig.  11  N  concentration  dependences  of  Fig.  12  Dominance  of  the  fast  decay  pro- 
the  PL  decay  times  Tfast  and  TsIow  cess  as  dependent  on  the  N  concentration. 


In  Fig.  11,  the  N  concentration  dependences  of  the  PL  decay  times  Tfast  and  a,re 
shown.  The  slower  decay  time  Tg/ow  increases  with  increasing  N  concentration,  which  in¬ 
dicates  that  the  excitons  become  less  localized  for  higher  N  concentrations.  The  relaxation 
between  the  radiative  levels  are  probable  due  to  the  scattered  spatial  distribution  of  the  DOS 
tail  states.  The  whole  process  is  more  and  more  dominated  by  the  fast  decay  process  with 
increasing  N  concentration,  as  shown  in  Fig.  12,  which  indicates  that  the  alloy  becomes  more 
defective. 


Photoluminescence  Excitation  Spectra 


Photoluminescence  excitation  (PLE)  spectroscopy  may  give  still  additional  information 
on  the  band  edge  states,  or  even  the  band  edge  formation  itself.  The  PLE  measurements 
were  done  using  monochromatic  light  dispersed  with  a  0.5m  monochromator  from  a  300W 
halogen  lamp  as  the  excitation  source  [14]. 

In  Fig.  13,  the  PLE  spectrum  (20K)  of  GaPi_,T;N3:  with  a-^0.028%  (doping  regime)  is 
shown  together  with  the  corresponding  PL  spectrum.  In  the  PLE  spectrum,  the  A-line 
absorption  peak  is  dominant,  which  implies  the  N  atoms  are  almost  isolated  from  each  other 
in  this  low  N  concentration.  Indeed,  the  a.verage  distance  between  the  N  atoms  is  estimated 
to  be  ~30Afor  .7;==0.028%.  Comparing  the  two  spectra,  it  is  obvious  that  the  PL  take.s  place 
after  photoexcited  ca.rriers  relax  to  the  lower  NN.j  states.  The  GaP  direct  gap  (P-F)  edge,  as 
well  as  the  indirect  gap  (F-X)  edge,  is  clearly  observed. 

In  Fig.  14,  the  PLE  spectra  (20K)  of  GaPi_3;Na:  with  2:=1.4%  (alloy  regime)  is  shown  with 
the  corresponding  PL.  In  the  PLE  spectrum,  a  broad  absorption  peak  centered  at  the  A  line 
is  dominant.  The  absorptions  due  to  NN3  and  NNi  are  also  seen.  It  is  very  clear  that  the 
PL  takes  place  at  the  DOS  tail  which  is  much  lower  in  energy  than  the  absorption  edge.  The 
average  distance  between  the  N  atoms  for  a:=1.4%  is  ^TA,  which  is  very  close  to  the  N-N 
distance  of  NN3  (6.67A).  At  the  higher  energies,  the  direct-gap  edge  became  less  clear. 

Figure  15  shows  the  PLE  spectra  of  GaPi_3;Na;  alloys  with  various  N  concentrations. 
With  increasing  N  concentration,  the  absorption  peak  centering  at  the  A-line  energy  be¬ 
comes  broader,  and  the  absorption  edge  shifts  to  lower  energies.  The  broadening  of  the  A 
line  is  considered  to  arise  from  the  interaction  between  the  electrons  trapped  by  the  isolated 
N  atoms.  The  a.verage  distance  between  N  atoms  becomes  less  and  less  with  increasing  N 
concentration.  The  GaP  direct  band  edge  becomes  rounded  for  higher  N  concentrations. 
This  is  interpreted  as  that  these  band  states  are  consumed  to  form  the  lower-energy  states. 
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Fig.  13  PL  and  PLE  spectrum  (20K)  of  GaPi-iNa;  (2.-0.028%) 
which  represents  the  low  N  concentration  (doping  regime) . 


Fig.  14  PL  and  PLE  spectra  (20K)  of  GaPi_arNa;  (2;=1.4%),  which 
represents  the  high  N  concentration  (alloy  regime). 


Fig.  15  PLE  spectra  (20K)of  GaPi_a;N^  alloys  with  various  N  con¬ 
centrations. 


Discussion  on  the  Band  Edge  Formation 

Figure  16  shows  the  N  concentration  dependence  of  the  absorption  edge  energy  deter¬ 
mined  from  the  PLE  measurements.  The  red-shift  of  the  absorption  edge  is  very  obvious  as 
stated  before.  An  important  observation  is  that,  in  the  limit  of  zero  N  concentration  (a;  — >  0), 
the  absorption  edge  approaches  the  A-line  energy  (2.32eV)  rather  than  the  indirect-gap  en¬ 
ergy  (2.33eV)  of  GaP.  This  means  that  the  conduction  band-edge  states  originate  from  the 
isolated  N  states,  which  give  the  A-line  absorption. 

We  can  now  depict  the  process  of  the  alloy  band  edge  formation  with  N  incorporation 
into  the  GaPi_^N^  alloy  as  shown  in  Fig.  17.  At  low  N  concentrations,  where  the  average 
distance  between  the  N  atoms  is  large  enough,  the  A-line  states  formed  by  isolated  N  atoms 
are  dominant.  With  increasing  N  concentration,  the  interaction  among  the  N  atoms  makes 
the  A  line  broader,  which  will  give  the  red-shift  of  the  absorption  edge.  At  the  same  time, 
the  higher  energy  side  of  the  A-line  states  merges  into  the  conduction  band.  At  much  higher 
N  concentrations,  the  N  states  are  almost  delocalized,  and  we  cannot  distinguish  the  A-line 
states  from  the  conduction  band  states.  Such  a  process  of  the  band  edge  formation  is  quite 
unique  to  GaPi_^N3;  alloy,  in  which  the  isolated  N  states  are  formed  deep  m  the  GaP  energy 
gap. 
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N  concentration  (%) 


Fig.  16  N  concentration  dependence  of  the  absorption-edge  energy 
determined  from  the  PLE  measurements. 


E 


Fig.  17  Schematic  representation  of  the  band-edge  formation  of 
GaPi_a;Na;  alloy  as  dependent  on  N  concentration. 
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CONCLUSIONS 

The  GaPi_xNa;  metastablc  alloy  semiconductor  has  been  grown  by  MOVPE  using  DMHy 
as  the  N  source.  The  growth  characteristics  show  the  key  role  of  the  non-equilibrium  cir¬ 
cumstances  during  the  growth  process,  where  the  N  desorption  from  the  surface  limits  the  N 
incorporation.  An  efficient  N  incorporation  of  6.3%  has  been  attained  with  a  faster  growth 
rate.  When  the  N  concentration  is  as  low  as  0.1%.  or  less  (doping  regime),  the  PL  is  dom¬ 
inated  by  the  NN-i-rehited  lines,  while  the  absorption  edge  is  dominated  by  the  A  line  {i.e. 
isolated  N  sta.tes).  When  the  N  concentration  is  higher  than  1%  (alloy  regime),  the  PL  is 
dominated  by  a  broad  emission  from  the  DOS  tail  states,  while  the  absorption  edge  is  dom¬ 
inated  by  the  NNi  and  the  A  line.  The  band  edge  originates  from  the  A-line  energy,  which 
becomes  less  and  less  localized  with  increasing  N  incorporation,  rather  than  the  indirect-gap 
energy  of  GaP.  The  band  edge  shifts  to  lower  energies  with  increasing  N  incorporation,  which 
causes  the  red-shift  of  the  PL  and  the  optical  absorption. 
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ABSTRACT 

GaN  single  crystals  are  grown  from  the  solution  of  atomic  nitrogen  in  liquid  Ga  at  N2 
pressure  up  to  20  kbar.  The  crystals  reaching  dimensions  of  1cm,  with  dislocation  density  of  10^  - 
10^  cm"2  are  currently  obtained  and  successfully  used  for  homoepitaxy  by  MOCVD  and  MBE. 

The  increase  of  the  maximum  size  of  GaN  crystals  with  stable  morphology  requires  the 
increase  of  the  volume  of  the  crucible.  Beside  the  obvious  geometric  factors,  the  increase  of  the 
volume  of  the  furnace  and  crucible  allows  to  achieve  much  better  control  of  supersaturation 
profiles  in  the  solution  and  therefore  better  control  of  growth  process.  It  helps  to  avoid 
morphological  instabilities  and  leads  to  the  growth  of  transparent,  inclusion  free  crystals. 

In  the  paper,  the  results  of  crystallization  of  substrate  quality  GaN  crystals  obtained  with 
the  use  of  large  volume  high  pressure  reactor  will  be  presented.  The  crystals  were  characterized  by 
High  Resolution  X-ray  Diffraction  and  Atomic  Force  Microscopy.  It  will  be  shown  that  the  quality 
of  GaN  crystals  does  not  deteriorate  with  the  increasing  size  and  that  epi-ready  surfaces  of  GaN 
substrates  can  be  obtained.  Two-dimensional  growth  by  propagation  of  monoatomic  steps  of  GaN 
homoepitaxial  layers  will  be  presented  as  a  verification  of  the  quality  of  GaN  substrates. 

INTRODUCTION 

In  the  recent  years,  the  fiindamental  breakthrough  has  been  achieved  in  the  technology  of 
GaN  and  GaN  based  optoelectronic  devices.  The  most  important  results  are:  development  of  the 
technology  of  highly  efficient  blue  and  green  Light  Emitting  Diods  [1]  and  the  creation  of  first 
GaN  based  lasers  [2].  These  devices  have  been  constructed  using  heteropitaxial  technology  of  GaN 
deposition  on  AI2O3  and  SiC  substrates.  Due  to  the  large  lattice  mismatch  and  the  differences  in 
thermal  expansion  coefficients  between  substrate  materials  and  GaN,  the  layers  have  the 
dislocation  density  of  order  of  10^  cm'^.  The  most  direct  method  to  decrease  the  defect  density  in 
GaN  layers  is  the  use  of  GaN  single  crystalline  substrates  for  the  epitaxial  growth. 

Growth  of  GaN  single  crystals  is  extremely  difficult  due  to  high  melting  temperature  - 
about  2800K  [3]  and  very  high  dissociation  N2  pressure  -  higher  than  40  kbar  [4],  at  melting. 
Therefore  for  the  growth  of  GaN  bulk  crystals  the  methods  requiring  lower  temperatures  and 
pressures  have  to  be  applied. 

In  this  paper  we  report  the  recent  results  on  bulk  GaN  crystallization  from  the  solution  in 
liquid  Ga  at  high  N2  pressure.  The  crystals  are  grown  at  N2  pressures  up  to  20  kbar  and 
temperatures  up  to  IbOO^C,  in  temperature  gradient. 
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NITROGEN  DISTRIBUTION  IN  LIQUID  GALLIUM 

For  stable  crystallization  from  the  solution,  the  supersaturation  in  the  growth  zone  has  to 
be  sufficiently  small  and  uniform  across  the  growing  crystal  faces.  To  create  such  conditions 
several  factors  specific  for  the  considered  crystallization  method  have  to  be  taken  into  account. 
The  most  important  features  of  the  process  are; 

i/  the  surface  of  liquid  gallium  is  covered  by  the  polycrystalline  film  which  acts  as  an  efficient 
sink  for  nitrogen  near  the  crucible  walls, 

ii/  crystallization  is  carried  out  in  temperature  gradient  to  assure  supersaturation  in  the  growth 
zone, 

iii/  the  nucleation  of  GaN  in  the  volume  of  the  solution  does  not  occur  even  at  very  high 
supersaturations. 

The  uncontrolled  spatial  variation  of  the  nitrogen  concentration  is  one  of  the  principal 
factors  disturbing  the  growth  of  GaN  crystals.  Therefore  for  the  optimal  growth,  the  maximization 
of  the  zone  of  uniform  concentration  of  nitrogen  in  liquid  Ga  is  required.  The  distribution  of 
nitrogen  in  the  solution  is  a  function  of  N  solubility  [5],  distribution  of  temperature,  N2  pressure, 
presence  of  growth  centers  and  geometry  of  the  growth  system.  The  concentration  distribution  in 
liquid  Ga  has  been  estimated  using  the  diffusive  nitrogen  transport  approximation.  The 
concentration  field  has  been  calculated  using  finite  element  code  -  Fluid  Dynamics  Analysis 
Package  (FIDAP)  [10]. 

The  results  of  the  calculations  for  crucibles  of  three  different  diameters  are  shown  in  Fig.l. 


Fig.l  Radial  distribution  of  nitrogen  concentration  in  the  growth  zone;  the  crucible  i.  d.  are;  8mm, 
16  mm  and  24  mm. 

The  widths  of  the  zones  for  stable  crystallization  determined  by  the  intersection  of  the  horizontal 
line  and  the  concentration  profiles  roughly  correspond  to  the  maximum  size  of  crystals  with  stable 
morphology  obtained  in  crucibles  of  8  and  16mm  inside.  Above  the  horizontal  line,  the  variation  of 
N  concentration  does  not  exceed  5%.  The  zones  with  most  uniform  concentration  of  nitrogen 
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allowing  the  best  growth  are  located  at  the  central  part  of  the  crucibles.  At  the  sides,  the 
concentration  drops  rapidly  what  is  related  to  the  growth  of  GaN  on  the  crucible  walls. 

It  follows  from  above  that  the  size  of  the  stable  growth  zone  increases  with  the  diameter  of 
the  crucible.  The  increase  is  faster  than  linear.  For  instance  for  the  crucible  of  24mm,  the  model 
predicts  the  stable  growth  zone  approaching  17  mm.  Therefore  one  can  expect  that,  for  the 
optimum  experimental  conditions,  17  mm  crystals  can  be  grown  in  24  mm  crucibles. 

RESULTS  OF  CRYSTALLIZATION 

Size 


The  increase  of  the  crystal  size  obtained  at  present,  has  been  achieved  mainly  by  the 
increase  of  the  solution  volume  where  small  and  uniform  supersaturation  is  easier  to  obtain  than  in 
smaller  volumes. 

The  biggest  crystals  are  obtained  in  crucibles  with  diameter  of  1 8mm  where  the  conditions 
are  optimized  Linear  dimensions  of  these  crystals  are  about  10mm  whereas  their  surface  area 
approaches  70mm2^.  Some  of  these  crystals  are  shoAvn  in  Fig.2. 


Imm 


Fig.  2  GaN  single  crystals  grown  in  crucibles  of  increased  volume 

Recently  the  experiments  with  high  pressure  reactors  allowing  crucibles  of  30mm  internal 
diameter  have  been  started.  However  the  conditions  of  the  crystallization  process  are  not  yet 
optimized. 

The  growth  rate  in  (1010}  directions,  perpendicular  to  the  c-axis  of  the  crystal,  is  about 
O.lmm/h  that  is  the  same  as  for  smaller  ,  earlier  reported  crystals  i.e.[5].  This  shows  that  the 
further  increase  of  the  crystal  size  is  still  possible  without  unreasonably  long  crystallization  time. 
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Structure 


The  structural  perfection  of  the  crystals  was  examined  using  High  Resolution  X-ray 
Diffraction,  ("real"  rocking  curve  mode  with  the  detector  wide  open).  The  beam  was 
monochromatized  by  four  022  reflections  grom  Ge  crystals  and  had  12  arcsec  angular  divergence. 

The  rocking  curves  were  obtained  for  various  positions  of  the  samples  with  respect  to  the 
X-ray  beam  of  a  size  of  3.5mm  x  0.5mm.  Typical  result  of  the  diffraction  experiment  for  a 
symmetrical  00.4CuKal  reflection  is  shown  in  Fig.3 

sample  SV23 


FWHM  -  40  arc  sec 


'  low  angle  boundaries 


Fig.3  Mapping  of  GaN  single  crystal  using  X-ray  diffraction  rocking-curves, 

00.4  CuKal  reflection. 

It  can  be  seen  that  for  large  areas  of  the  crystal  (up  to  2mm)  the  rocking  curve  consists  of 
single  narrow  peak.  Those  areas  are  separated  by  low  angle  (about  1  arcmin)  boundaries.  When 
the  X-ray  beam  comprises  such  a  boundaiy  splitted  peaks  can  be  observed. 

Similar  results  were  obtained  using  other  reflections  (including  asymmetrical  1 1.3  and  1 1.4) 
what  indicates  that  the  samples  do  not  contain  directional  unhomogeneities. 


Surface 


As  it  was  shown  by  Z.  Liliental-Weber  et  al.  [6],  the  two  polar  (0001)  surfaces  of  pressure 
grown  GaN  crystals  are  different  in  morphology.  One  of  these  surfaces  is  often  atomically  flat 
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whereas  the  opposite  one  is  rough  and  consists  of  100-3  00 A  regular  pyramids.  Both  surfaces  are 
partially  covered  by  the  macroscopic  growth  figures  (usually  small  hexagons  ~10ia.m  in  size) 
resulting  from  the  cooling  of  the  growth  solution  after  crystallization  in  temperature  gradient.  Due 
to  this  the  homoepitaxial  layers  grown  on  the  "as  grown"  GaN  substrates  were  not  uniform 
although  the  step  flow  regime  has  been  locally  observed  by  AFM  [7]  for  both  hexagonal  faces  of 
the  crystal.  In  particular,  for  the  side  which  was  initially  rough,  (with  pyramids)  it  was  shown  that 
the  surface  becomes  smooth  within  the  range  of  a  few  monolayers,  after  annealing  performed 
before  the  layer  deposition  by  MOCVD  [8],  In  MBE  [9]  experiments  the  smoothing  has  been 
observed  during  the  first  stages  of  the  epitaxial  growth  and  has  been  checked  by  in  situ 
measurements  of  the  RHEED  patterns.  However  in  order  to  obtain  large  area  uniform 
homoepitaxial  layers,  the  substrates  have  to  be  polished  and  etched  to  remove  the  surface 
crystallites. 

The  quality  of  (0001)  surfaces  after  mechano-chemical  polishing  has  been  estimated  by 
RHEED  measured  at  room  temperature  [9],  by  total  X-ray  reflection  and  by  AFM  examination  of 
homoepitaxial  layers  grown  on  polished  GaN  substrates. 

In  Fig.4,  the  2x2p,m  AFM  scans  for  the  MOCVD  GaN  layers  grown  on  polished  surfaces 
(the  ones,  which  were  initially  rough  -  with  pyramids)  are  shown. 


a  b 


Fig.4  AFM  scans  of  GaN  homoepitaxial  layers  grown  on  slightly  misoriented,  (0001)  surfaces 
(100  A  pyramids  before  polishing)  of  GaN  substrates;  a  -  misorientation  about  7', 
b  -  misorientation  about  20';  the  steps  are  ~2.6A  high 

The  diagram  indicates  the  presence  of  monoatomic  steps  spreading  across  the  substrate.  The 
distance  between  steps  depends  on  the  misorientation  angle  between  (0001)  and  a  vicinal  face 
obtained  by  polishing.  The  arrangement  of  steps  allows  to  conclude  that  the  growth  plane  was 
tilted  by  ~7  arc  min  from  (0001)  orientation  for  Fig.4a  and  by  ~20  arc  min  for  Fig.4b. 

Also  for  the  opposite  side  of  the  substrate  (initially  flat,  with  growth  figures),  the 
propagation  of  atomic  steps  has  been  observed  for  the  polished  samples. 

CONCLUSIONS 

The  size  of  GaN  single  crystals  of  stable  morphology  can  be  increased  by  the  application  of 
bigger  volume  crucibles.  In  optimum  conditions  (uniform  supersaturation)  the  rate  of  stable 
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growth  in  the  fastest  growth  direction,  of  O.lmm/h  has  been  achieved  for  crystals  up  to  10mm  in 
size. 

Structure  quality  of  the  crystals  does  not  deteriorate  with  the  increasing  size.  The  quality  of 
surfaces  of  the  GaN  substrates  is  sufficient  to  grow  homoepitaxial  layers  by  monoatomic  step  flow 
on  both  sides  of  the  crystals. 
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ABSTRACT 

Single  crystals  of  AIN  to  1  mm  thickness  were  grown  in  the  range  1950-2250°C  on  10x10 
mm2  a(6H)-SiC(0001)  substrates  via  sublimation-recondensation  method.  Hot  pressed 
polycrystalline  AIN  was  used  as  the  source  material.  The  color  varied  from  transparent  to  dark 
green/blue.  The  crystal  morphology  varied  with  growth  conditions.  Most  crystals  were  0.3  mm  - 
1  mm  thick  transparent  layers  which  completely  covered  the  substrates.  Raman,  optical  and 
transmission  electron  microscopy  (TEM)  results  are  presented.  Single  crystals  of  gallium  nitride 
(GaN)  were  also  grown  by  subliming  powders  of  this  material  under  an  ammonia  (NH3)  flow. 
Optical  microscopy,  Raman  and  photoluminescence  results  are  shown. 

INTRODUCTION 

The  current  lack  of  easily  produced  single  crystal  wafers  of  III-V  nitrides  of  moderate  cost  is  an 
impediment  to  the  rapid  enhancement/development  of  epitaxial  thin  films  and  selected  devices 
produced  from  these  materials.  The  realization  of  blue  and  green  light  emitting  diodes  and  blue 
lasers  as  well  as  prototypes  of  several  microelectronic  devices  produced  from  GaN-based  materials 
containing  copious  line  and  planar  defects  has  been  most  fortunate.  It  also  strongly  indicates  that 
the  employment  of  substrates  on  which  homoepitaxial  films  can  be  grown  will  result  in  marked 
improvements  in  the  devices  fabricated  in  these  films.. 

The  properties  of  the  III-V  nitrides  which  make  growth  of  bulk  crystals  a  challenge  include  (1) 
high  melting  temperatures,  (2)  low  sublimation/decomposition  temperatures  relative  to  these 
melting  temperatures,  (3)  very  high  equilibrium  nitrogen  vapor  pressures  at  moderate  temperatures 
and  (4)  low  solubility  in  acids,  bases  and  most  other  inorganic  elements  and  compounds.  Thus, 
novel  bulk  growth  techniques  must  be  employed  which  either  take  advantage  of  these  inherent 
properties  or  surmount  the  difficulties  presented  by  them. 

Bulk  growth  of  monocrystalline  AIN  by  sublimation/recondensation  [1-7],  evaporation/ 
reaction  [8]  and  solution  routes  [9-10]  has  been  attempted  in  several  laboratories.  The  results  of  the 
first  two  processes  [1-8]  have  been  small  crystals.  Prior  to  the  present  research.  Slack  and 
McNelly  [1,2]  had  achieved  the  largest  crystals  (10  mm  long  by  3  mm  diameter)  using  the 
sublimation/recondensation  method  at  2250°C.  An  extensive  experimental  study  for  producing 
unseeded  single  crystals  has  been  conducted  by  Dugger  [9-10]  using  AlN-Ca3N2  solutions 
contained  in  graphite  crucibles.  The  solutions  were  cooled  from  1550®C.at  27hr  for  26  hours. 
Small  (1.1  mm  long  x  0.3  wide)  crystals  were  achieved  via  nucleation  on  the  crucible  walls.  The 
important  aspect  of  this  work  is  that  Ca3N2  is  an  effective  solvent  for  AIN  with  the  solubility 
exceeding  10%  at  1200®C.  However  it  is  incompatible  with  graphite  cmcibles. 

Relatively  fewer  attempts  to  grow  bulk  crystals  of  GaN  have  been  reported.  Elwell  and  Elwell 
[11]  have  reviewed  this  work  to  1988.  Two  major  approaches  have  been  used;  vapor  phase 
transport  [12-15]  and  solution  techniques  [16-21].  Success  of  these  methods  has  been  limited  to 
small  crystals.  The  high  pressure  solution  approaeh  has  achieved  approximately  the  same  results. 
The  initial  research  [19,20]  in  high  pressure  synthesis  produced  platelets  limited  in  size  to  ~1  mm. 
Recent  publications  by  these  authors  (see,  e.g..  Ref.  [21])  note  that  they  have  now  achieved 
crystals  8  mm  square  x  0.2  mm  thickness.  The  growth  rate  in  this  technique  is  reported  to  be  =20 
P-m/hr.  Recently,  Sakai  and  co  workers  [22]  have  grown  GaN  needles  by  sublimation  of  GaN 
powder  on  sapphire  substrates.  However,  crystal  size  was  reported  to  be  limited  to  small  needles. 

The  recent  results  of  research  conducted  by  the  present  authors  and  described  in  the  following 
sections  represent  important  advances  in  the  determination  of  the  process  parameters  and  the 
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accomplishments  regarding  growth  via  sublimation  of  AIN  and  GaN  bulk  single  crystals.  This  is 
also  the  first  report  of  seeded  growth  of  thick  crystals  of  AIN.  The  crystals  of  both  materials  were 
of  very  high  quality.  Comparisons  of  our  diffraction,  photoluminescence  and  Raman  data  with 
those  available  in  the  literature  indicate  that  our  crystals  are  superior  to  any  bulk  GaN  or  AIN 
grown  to  date. 

EXPERIMENTAL  PROCEDURES 

Sublimation  Growth  and  Characterization  of  Single  Crystals  of  AIN 

The  AIN  sublimation  experiments  were  conducted  in  a  resistively  heated  graphite  furnace 
having  a  maximum  temperature  of  2500°C.  This  furnace  was  also  internally  adaptable  to  allow  the 
achievement  of  the  temperature  gradients  required  for  material  transfer  from  source-to-seed.  An 
important  feature  of  the  growth  system  was  the  capability  of  changing  the  axial  position  of  the  seed 
crystal  with  respect  to  the  source  and  heater. 

A  critical  technical  issue  in  the  sublimation  of  AIN  was  the  selection  of  the  material  for  the 
crucible.  Physical  and  chemical  stability  at  very  high  temperatures  and  compatibility  with  the 
furnace  atmosphere,  source,  seed  and  furnace  construction  materials  and  machinability  were 
considered.  Initial  experiments  with  graphite  resulted  in  severe  degradation  of  the  crucible 
components  due  to  their  reaction  with  A1  vapor.  Formation  of  aluminum  carbide  (AI4C3)  was 
found  in  the  crucibles  below  1900°C.  Above  this  temperature,  large  pits  and  loose  carbon  powder 
were  found  in  the  crucibles  and  believed  to  result  from  the  formation  and  subsequent 
decomposition  of  AI4C3.  To  surmount  these  problems,  the  crucibles  were  coated  with  SiC  via 
chemical  vapor  deposition.  However,  the  A1  vapor  slowly  diffused  through  the  SiC  barrier 
coating,  reacted  with  the  graphite  at  the  interface  and  eventually  caused  the  coating  to  peel. 
However,  the  lifetime  of  each  coating  was  sufficient  to  conduct  several  10-15  hr  experiments. 

Bulk  99%  dense  AIN  produced  via  hot  pressing  without  sintering  additives  was  used  as  the 
source  material  to  reduce  the  contamination  that  would  come  from  the  higher  concentrations  of 
surface  oxide  present  on  AIN  powders.  Using  a  solid  form  of  the  precursor  allowed  precise 
separation  between  the  source  and  the  seed  and  provided  a  more  stable  evaporation  rate.  The 
source  was  placed  in  the  isothermal  section  of  the  furnace  to  ensure  a  constant  evaporation  rate. 
The  source-to-seed  distance  was  very  important  in  the  achievement  of  crystal  growth,  as  explained 
below.  The  sublimation  rate  varied  from  approximately  10  mg/hr  to  200  mg/hr  as  the  temperature 
of  the  source  was  raised  from  1950  to  2250°C  at  a  background  pressure  of  500  torr. 

The  choice  of  seed  material  was  very  limited  due  to  the  high  temperatures  needed  to  both 
sublime  AIN  and  to  achieve  rapid  surface  diffusion  on  the  seed  such  as  to  produce  bulk  single 
crystal  over  relatively  short  growth  times.  Single  crystal,  6H-SiC  wafers  (10  mm  x  10  mm)  were 
used  as  seeds  in  all  experiments,  because  of  their  high  temperature  stability  and  close  lattice 
matching  to  AIN  (0.9%  mismatch). 

All  experiments  were  performed  under  flowing  ultra-high  purity  N2  maintained  at  a 
background  pressure  of  500  torr.  Two  source  temperature  regimes  were  investigated:  1950-2050°C 
and  2050-2250°C.  The  lower  temperature  range  was  chosen  primarily  because  of  the  degradation 
of  the  furnace  and  seed  crystals.  In  both  cases  a  temperature  difference  of  80-150°C  was  obtained 
between  the  source  and  the  seed  depending  on  the  distance  of  separation  (1  to  40  mm). 

The  as  grown  AIN  bulk  crystals  were  first  characterized  via  optical  and  transmission  electron 
microscopes.  Color,  size,  transparency  and  macrostructural  features  were  observed  using  the 
former  at  magnifications  between  5X-40X.  C-axis  oriented  TEM  samples  were  prepared  by 
grinding  and  polishing  the  bulk  AIN  crystals  to  a  thickness  of  100  \Lm,  dimpling  to  a  thickness  of 
20  pm  and  Ar+-ion  milling  to  electron  transparency.  The  TEM  studies  were  performed  using  a 
TOPCON  EM-002B,  operating  at  200  kV.  Micro-Raman  spectra  were  obtained  at  RT  from  a  back 
scattering  geometry  utilizing  the  514.5  nm  line  of  the  Ar  laser.  The  spot  size  and  the  spectral 
resolution  were  4  pm  in  diameter  and  2  cm-i  respectively. 
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Sublimation  Growth  and  Characterization  of  Single  Crystals  of  GaN 

Initial  experiments  on  the  growth  of  GaN  were  conducted  in  a  modified  AIN  sublimation 
system.  High  purity  GaN  powder  produced  in  our  laboratory  [23]  and  compacted  to  a  density  of  « 
60%  was  sublimed  or  evaporated  in  an  ammonia  atmosphere  and  condensed  on  a  substrate.  This 
powder  possessed  exceptional  structural  quality  such  as  to  be  classified  as  the  X-ray  standard  for 
this  material  [24].  The  experimental  parameters  including  source  and  seed  temperatures,  pressure, 
ammonia  flow  rate  and  source-to-seed  distance  were  varied  to  optimize  the  growth  conditions.  A 
detailed  description  of  the  experimental  procedures  will  be  presented  in  a  forthcoming  publication. 

The  GaN  crystals  were  characterized  using  optical  microscopy,  Raman  spectroscopy  and 
photoluminescence  (PL).  Raman  spectra  of  the  GaN  crystals  were  acquired  in  a  back  scattering 
geometry  from  the  face  perpendicular  to  the  c  axis  using  same  experimental  conditions  as  in  AIN. 
The  incoming  polarization  state  of  the  light  was  chosen  to  be  perpendicular  to  the  c  axis.  The  PL 
studies  employed  an  Ar-ion  pumped,  mode-locked,  femtosecond  (fs),  titanium: sapphire  laser  with 
a  frequency  tripler  as  the  excitation  source.  The  duration  of  the  excitation  pulse  was  -250  fs.  The 
spectra  were  acquired,  collimated  and  focused  onto  the  entrance  slits  of  a  0.32  m  spectrometer. 
Each  sample  emission  was  detected  using  a  cooled  GaAs  photomultiplier. 

RESULTS  AND  DISCUSSION 

Aluminum  Nitride 

The  highest  growth  rates  and  thickest  crystals  (<  1  mm)  were  obtained  with  a  source 
temperature  of  =2150°C.  Although  deposition  was  observed  above  2150°C,  the  SiC  seeds  were 
sufficiently  chemically  unstable  such  that  only  individual  crystals  nucleated  and  grew  from  selected 
areas.  The  color  of  the  crystals  grown  within  the  temperature  interval  of  2050-2250°C  varied  from 
dark  blue  to  dark  green.  This  is  believed  to  be  due  to  carbon  and  silicon  incorporation, 
respectively,  from  the  SiC  substrate.  A  growth  rate  of  0.5mm/hr  was  achieved  at  a  4  mm 
separation  and  2150°C  source  and  2080°C  seed  temperatures.  The  resulting  bulk  crystals  were 
analyzed  by  XRD  and  Laue  back  reflection  techniques  and  shown  to  be  monocrystalline. 

Growth  of  AIN  in  the  source  temperature  range  of  1950  to  2050°C  was  investigated  both  to 
prevent  seed  deterioration  and  increase  crucible  lifetime.  Complete  structural  and  chemical  stability 
of  the  SiC  seeds  and  substantial  reduction  in  the  deterioration  of  the  SiC  coated  crucibles  were 
attained.  Crystals  grown  in  this  temperature  range  were  always  colorless.  Typical  growth  rates 
were  reduced  to  30-50  [im/hr.  Thus  growth  runs  of  10-15  hrs  yielded  crystals  having  thicknesses 
of  0.3-0.5mm  .  An  optical  micrograph  (OM)  of  a  0.4  mm  thick  transparent  layer  of  AIN  grown  at 
1975°C  is  shown  in  Fig.  1. 

A  bright  field  TEM  micrograph  taken  in  plan  view  along  [0001]  and  associated  selected  area 
diffraction  (SAD)  pattern  are  shown  in  Fig.2.  Uniform  contrast  density  was  observed  throughout 
the  specimen,  indicating  excellent  quality  single-crystalline  AIN.  No  high  angle  boundaries, 
stacking  faults  or  twinned  regions  were  observed.  The  SAD  pattern  supports  these  results  in  that 
the  diffraction  spots  are  without  arcs,  which  would  indicate  texture  and/or  grains  with  different 
orientation,  and  spikes,  which  would  indicate  stacking  faults.  Isolated  cases  of  dislocations  and 
low  angle  grain  boundaries  were  observed  at  very  large  separations. 

The  Raman  spectrum  of  the  AIN  bulk  crystal  is  presented  in  Fig.3.  The  spectrum  was  acquired 
in  a  back  scattering  geometry  from  the  c  face.  The  selection  rules  predict  the  allowed  modes  for  this 
geometry  to  be  the  Ai(LO)  ~  893  cm"',  E2(^)  «  250  cm'^,  E2(^)  ~  660  cm'h  The  spectrum  exhibits 
the  allowed  modes  with  no  detectable  contribution  from  the  forbidden  modes  [25].  Thus  the  AIN 
crystal  has  a  well  aligned  c  face  of  the  WZ  structure  with  no  significant  concentration  of  internal 
structural  defects  (which  might  relax  the  selection  rules).  The  inset  to  the  figure  shows  a  high 
resolution  spectrum  of  the  £2^^  mode. 

Cracking  and  separation  of  the  AIN  crystal  from  the  SiC  seeds  was  commonly  observed  after 
cooling  from  within  both  temperature  ranges.  This  is  believed  to  be  due  primarily  to  the  mismatch 
in  the  coefficients  of  thermal  expansion;  however  the  data  for  these  materials  are  not  available  for 
the  temperature  range  employed  in  this  research.  However,  since  AIN  boules  will  ultimately  be 
grown  homoepitaxially  on  AIN  seeds,  such  problems  as  cracking  caused  by  foreign  substrates  will 
not  be  permanent. 
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Gallium  Nitride 

Colorless,  hexagonal  crystals  were  obtained  by  sublimation  of  the  GaN  powder.  Figure  4 
shows  an  OM  of  ~1  mm  long,  well  faceted,  transparent  GaN  crystals  with  low  aspect  ratios  which 
in  contrast  to  the  commonly  reported  needle-shaped  crystals  grown  via  vapor  phase  reaction. 


Figure  1:  OM  image  of  single  crystal  AIN  grown  Figure  2:  TEM  image  and  selected  area 
at  1975°C  source  temperature.  Space  diffraction  pattern  of  bulk 

between  ruled  lines  =  1  mm.  AIN. 


Figure  3:  Raman  spectrum  of  bulk  AIN 
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Figure  4:  GaN  crystals.  Lines 
are  spaced  1  mm. 


Figure  5:  Photoluminescence  spectrum 
of  bulk  GaN 


Figure  6:  Raman  spectrum  of  GaN 

The  direction  of  fastest  growth  and  thus  the  crystal  shape  were  controlled  by  changing  the 
Ga/NH3  flux  ratio  and  the  growth  temperature.  This  is  a  significance  advance  in  that  all  previous 
reports  indicate  that  growth  of  bulk  GaN  from  the  vapor  phase  results  primarily  in  long  needles. 


The  allowed  modes  of  the  WZ  structure  are  presented  in  Fig.  6.  As  in  the  case  of  AIN,  the 
conservation  of  selection  rules  here  is  indicative  of  excellent  crystallinity.  The  inset  to  figure  shows 
that  the  £2^^^  mode  is  at  567  cm-^  and  has  FWHM  ~  3.5  cm*f  These  values  are  indicative  of  a 
material  of  the  highest  quality  reported  to  date. 

A  representative  room  temperature  PL  spectrum  for  bulk  GaN  taken  at  300K  is  shown  in 
Fig.5.  Strong  band  edge  related  emission  with  a  peak  position  at  365.0  nm  (3.4  eV)  and  a 
FWHM  of  9.0  nm  (83meV)  was  observed,  as  shown  in  Fig.5  (a).  The  visible  portion  of  the  PL 
spectrum  is  expanded  500  times  in  Fig.5  (b).  No  yellow  emission  attributed  to  deep  level 
transitions  was  detected  on  this  scale  or  to  the  naked  eye.  The  position  of  this  peak  obtained  at  77 
K  was  at  358.0  nm  with  a  FWHM  of  6.0  (53  meV), 

CONCLUSIONS 

The  first  seeded  growth  of  bulk  single  crystals  of  AIN  (0001)  has  been  achieved  on  6H-SiC 
(0001)  substrates  in  the  range  of  1950-2250°C  at  500  torr  of  N2.  The  volume  of  these  crystals  is 
the  largest  ever  reported.  Close  source-to-substrate  distances  and  a  80-150°C  temperature  gradient 
were  necessary  to  achieve  these  results.  Color  variations  were  observed  above  2150°C  and  linked 
to  the  incorporation  of  Si  and/or  C  from  the  substrate  and  the  growth  crucible.  Cracks  in  these 
crystals  were  observed  after  cooling  regardless  of  the  growth  temperature  and  believed  to  be 
caused  primarily  by  stresses  due  to  the  mismatch  in  the  coefficients  of  thermal  expansion.  Growth 
of  bulk  GaN  crystals  up  to  1mm  size  was  achieved  via  sublimation.  Raman  and  PL  spectrums  of 
these  crystals  revealed  excellent  crystalline  quality.  No  yellow  emission  was  observed  using  the 
latter  technique. 
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ABSTRACT 

Bulk,  polycrystalline  gallium  nitride  was  crystallized  from  gallium  saturated  with  nitrogen 
obtained  from  a  microwave  electron  cyclotron  resonance  source.  The  polycrystalline  samples  are 
wurtzitic  and  n-type.  Well-faceted  crystals  give  near-band-edge  and  yellow  band  photo¬ 
luminescence  at  both  lOK  and  300K.  The  results  show  that  atomic  nitrogen  is  an  attractive 
alternative  to  high  pressure  molecular  nitrogen  for  saturation  of  gallium  with  nitrogen  for 
synthesis  of  bulk  gallium  nitride. 

INTRODUCTION 

The  equilibrium  pressures  of  N2  over  solid  GaN  in  equilibrium  with  nitrogen  saturated 
gallium  is  very  high:  approximately  1500  bar  at  1500K  and  25,000  bar  at  2000K  [1-3].  Efforts  at 
bulk  synthesis  of  GaN  have  primarily  been  at  high  pressures,  and  successful  synthesis  has  been 
achieved  [2].  However,  because  of  the  high  pressures,  the  process  is  difficult  to  implement  in 
most  laboratories  and,  up  to  now,  crystals  are  relatively  small.  Very  recent  studies  have  shown 
that  the  extremely  high  equilibrium  pressures  can  be  avoided  by  use  of  atomic  nitrogen,  N,  rather 
than  molecular  nitrogen,  N2,  to  saturate  gallium  with  nitrogen  [4]. 

In  this  paper  we  describe  the  crystallization  of  bulk,  polycrystalline  gallium  nitride  from  gallium 
saturated  with  nitrogen  obtained  from  a  microwave  electron  cyclotron  resonance  (ECR)  source, 

THERMODYNAMICS  OF  GALLIUM  NITRIDE  SYNTHESIS 

The  plasma  is  used  to  increase  the  thermodynamic  activity  of  the  nitrogen  in  order  to  raise  the 
nitrogen  concentration  in  the  gallium  to  the  solubility  limit  of  GaN.  The  active  species  in  the 
plasma  include,  N,  N^,  N2^,  and  excited  states  of  N2.  Each  of  these  is  sufficiently  energetic  to 
form  GaN  [5],  but  for  simplicity  we  consider  only  atomic  nitrogen,  N.  The  plasma  produces  a 
sufficient  partial  pressure  of  N  so  the  following  overall  reaction  is  thermodynamically  favored, 

Ga(i) +N(gas)  =  GaN(s)  (1) 

In  the  high  pressure  process,  the  pressure  of  N2  is  increased  to  the  point  where  the  following 
overall  reaction  is  favored. 

Ga(,)+|N2(^^,j=GaN(3)  (2) 

Equilibrium  thermodynamic  calculations  show  the  difference  in  required  pressures  is  very  large. 
For  example,  at  1500K,  the  required  N2  pressure  for  equilibrium  of  reaction  (2)  is  approximately 
1500  bar;  for  reaction  (1)  the  equilibrium  pressure  of  N  is  approximately  2x10'^^  bar.  This 
disparity  arises  from  the  extreme  stability  of  N2.  Recombination  of  N  to  form  N2  is  strongly 
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favored  thermodynamically;  however,  our  results  indicate  that  recombination  is  sufficiently  slow 
within  the  gallium  melt  to  permit  the  parallel  formation  of  GaN  from  N  by  reaction  (1). 

EXPERIMENT 

Synthesis 

Synthesis  of  GaN  was  achieved  by  directing  plasmas  from  an  electron  cyclotron  resonance 
microwave  source  (Wavemat  model  MPDR  610)  onto  a  pool  of  gallium.  The  gallium  was  held  in 
a  pyrolytic  boron  nitride  crucible  heated  from  below  by  a  resistance  heater.  The  ECR  source  was 
mounted  directly  above  the  crucible  and  gave  an  ion  flux  density  of  approximately  10  cm  s  . 
The  partial  pressure  of  atomic  nitrogen  in  the  beam  is  approximately  0.05  mtorr. 

A  run  was  started  by  evacuating  the  reaction  chamber  to  10  ^  torr.  The  gallium  was  then  heated 
at  600C  and  10'^  torr  for  45  minutes  to  desorb  dissolved  gas.  Next  an  argon  plasma  was 
employed  for  10  minutes  followed  by  a  hydrogen  plasma  for  30  minutes  to  remove  gallium  oxide 
and  other  impurities  from  the  gallium  surface.  The  hydrogen  flow  to  the  ECR  source  was 
replaced  by  10  seem  of  nitrogen  and  the  temperature  raised  slowly  to  approximately  lOOOC. 
During  this  step,  the  pressure  was  fixed  at  0.5  mtorr  by  controlling  the  nitrogen  flow  rate.  After 
about  15  minutes,  at  a  temperature  of  approximately  700C,  the  reflectivity  of  the  gallium  surface 
changed.  The  surface  became  rougher  and  lost  the  specular  appearance  of  metallic  gallium, 
indicating  formation  of  a  crust  of  polycrystalline  gallium  nitride.  The  nitrogen  plasma  was 
maintained  for  12  hours  at  the  final  temperature  of  lOOOC.  After  removal  from  the  chamber,  the 
sample  was  etched  with  a  mixture  of  hydrofluoric  and  nitric  acids  to  remove  the  excess  gallium. 

At  the  end  of  a  run,  a  polycrystalline  GaN  "dome"  completely  covered  the  liquid  gallium.  A 
typical  "dome"  was  approximately  0. 1  mm  thick,  weighed  40  mg,  and  had  an  upper  surface  area 
of  70  mm^.  The  average  linear  growth  rate  was  approximately  8  pm  h’’.  However,  the  growth 
rate  was  significantly  greater  before  the  gallium  was  totally  covered  with  solid  GaN. 

Characterization 

Electron  and  X-ray  diffraction  confirmed  the  samples  were  wurtzitic  GaN.  A  small  region  of 
cubic  (zinc  blende)  GaN  was  obseiwed  by  electron  diffraction  in  one  sample.  Energy  dispersive 
X-ray  analysis  showed  a  Ga/N  ratio  of  1  within  the  instrumental  error  of  +  5%. 

Scanning  electron  micrographs  of  the  polycrystalline  product  are  shown  in  Figs.  1  through  4.  A 
cross-section  of  one  of  the  domes  is  shown  in  Fig.  1 .  Thin  platelets  of  GaN  aligned  normal  tojhe 
surface  of  the  dome  are  evident.  X-ray  diffraction  showed  the  crystals  had  a  strong  [1120] 
texture  in  this  region  of  the  sample.  This  indicates  that  the  fastest  growth  direction  under  these 
conditions  is  [1120];  however,  in  some  regions  the  basal  planes  were  parallel  to  the  surface 
rather  than  normal  to  it.  In  the  high  pressure  process,  [  lOTo  ]  is  reported  to  be  the  fastest  growth 
direction  [6].  A  detailed  view  of  the  oriented  crystals  is  shown  in  Fig.  3.  A  dendritic 
morphology,  typical  of  uncontrolled  freezing  from  a  supersaturated  solution,  is  seen  in  Fig.  4. 

A  transmission  electron  micrograph  is  shown  in  Fig.  5,  The  insert  is  the  electron  diffraefion 
pattern  of  a  small  hexagonal  crystal  similar  to  the  one  in  the  center  of  Fig.  5,  tilted  to  the  [1120] 
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Figure  1.  Scanning  electron  micrograph  of  cross- 
section  of  polycrystalline  gallium  nitride  dome. 


Figure  2.  Detailed  view  of  a  portion  of  Figure  1. 


Figure  3.  Scanning  electron  micrograph  showing  Figure  4.  Scanning  electron  micrograph  showing 
growth  of  hexagonal  platelets  of  gallium  nitride.  dendritic  growth  of  gallium  nitride. 
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Figure  5.  Transmission  electron  micrograph.  The  inset  is  the  electron 
diffraction  pattern  of  a  small  hexagonal  crystal  similar  to  the  one  in 
the  center  tilted  to  [  1 1 20|  zone  axis. 


Figure  6.  Raman  spectra  from  two 
regions  of  polycrystalline  gallium 
nitride  dome. 


Figure  7.  Photoluminescence  spectra 
taken  at  (a)  10  K  and  (b)  300  K.  Note 
the  factor  of  10  difference  in  scale 
factor  for  the  two  spectra. 
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zone  axis.  Streaks  along  the  [0001]  direction  indicate  the  presence  of  planar  defects.  Diffraction 
from  the  (1100),  (0001),  and  (lOTo)  planes  matched  well  with  w-GaN.  Dark  bands  in  other 
micrographs,  not  shown,  indicated  the  presence  of  planar  defects. 

Representative  Raman  spectra  from  two  regions  of  a  sample  are  shown  in  Fig.  6.  Depolarized 
Raman  spectra  were  taken  in  back  scattering  geometry,  with  spot  size  of  approximately  one 
micron.  The  low  E2  line  of  wurtzitic  GaN  at  1 44  cm'’  is  clearly  visible  in  both  spectra.  The  lines 
in  the  540  cm'’  to  560  cm'’  range  have  not  been  specifically  assigned,  but  are  consistent  with 
several  modes  for  wurtzitic  GaN,  i.e.,  high  E2  (568  cm’’).  An  (531  cm’’),  and  En  (560  cm’’),  or 
possibly  from  the  TO  (554  cm'’)  mode  in  the  zinc-blende  phase  [7]. 

Photoluminescence  spectra,  taken  at  lOK  and  300K,  of  the  convex  surface  of  a  GaN  dome  are 
shown  in  Fig.  7.  The  excitation  source  was  the  325  nm  line  of  a  HeCd  laser,  with  0.5  mW  power 
focused  to  a  50  pm  diameter  spot.  The  detector  was  a  photon  counting  photomultiplier  tube  with 
a  0.8  meter  double  monochrometer,  with  spectral  resolution  of  approximately  4  meV  at  a  photon 
energy  of  3  eV.  The  sample  was  mounted  with  colloidal  graphite  on  the  copper  block  tail  of  a 
liquid-helium-cooled  cold  finger  dewar. 

Multipeak  near-band-edge  luminescence  and  the  broad  “yellow  band”  luminescence,  peaking  near 
2.2  eV,  from  well-faceted  crystals  are  shown  in  Fig.  7.  The  shoulder  in  the  luminescence 
spectrum  at  approximately  3.47  eV  may  be  the  A  exciton  or  the  exciton  bound  to  a  neutral  donor 
[8].  A  peak  at  3.42  eV  is  not  yet  firmly  identified.  Peaks  at  3.38  eV  and  3.28  eV  are  in  the 
energy  range  for  impurity  bound  excitons  and  donor-acceptor  pair  recombination,  as  well  as  for 
the  first  and  second  LO  phonon  replicas  of  the  free  or  neutral  donor  bound  exciton  [8].  Between 
lOK  and  300K,  the  near-band-edge  luminescence  decreased  by  a  factor  of  about  75,  and  the 
yellow  band  by  a  factor  of  2.  The  integrated  intensity  decreased  by  a  factor  of  about  7.5  over  the 
same  range,  a  rather  weak  temperature  dependence  in  the  presence  of  grain  boundaries  in  such 
high  density.  However,  samples  with  poorly  defined  faceting  showed  little  or  no  luminescence. 

The  Seebeck  coefficient  was  measured  by  by  placing  samples  of  the  bulk,  polycrystalline  GaN  on 
a  water-cooled  metal  block  and  contacting  them  with  a  thin  wire  held  at  room  temperature.  The 
samples  were  n-type  with  a  Seebeck  coefficient  of  greater  than  20  pV°C  ’.  Since  it  is  believed 
that  the  n-type  conductivity  arises  from  N  vacancies,  this  result  is  consistent  with  GaN  frozen 
from  a  gallium  rich  solution  [9], 

CONCLUSIONS  AND  DISCUSSION 

Bulk,  polycrystalline  GaN  was  crystallized  from  gallium  saturated  with  nitrogen  derived  from  a 
microwave  ECR  source.  The  GaN  is  wurtzitic,  n-type,  and  shows  photoluminescence  at  both 
lOK  and  300K.  The  use  of  atomic  nitrogen  circumvents  the  high  equilibrium  pressures  required 
for  the  synthesis  of  bulk  GaN  from  molecular  nitrogen  and  gallium. 

In  the  experiments  reported  here,  the  crystallization  of  the  gallium  nitride  was  rapid  and 
essentially  uncontrolled,  leading  to  small  crystals  and,  in  some  regions,  to  dendritic  growth.  We 
believe  this  occurred  because  the  temperature  was  the  coolest,  and  therefore  the  GaN  solubility 
the  lowest,  at  the  top  of  the  melt  where  the  nitrogen  concentration  was  the  highest.  Growth  of 
larger  bulk  single  crystals  will  require  control  of  the  temperature  and  composition  gradients  so 
local  supersaturation  in  the  bulk  of  the  melt  is  avoided. 
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Growth  of  large  GaN  crystals  by  the  method  described  here  will  have  some  of  the  limitations 
pointed  out  by  Grzegory  et  al  for  crystallization  at  high  pressures.  For  example,  the  low 
solubility  of  GaN  in  Ga  limits  the  concentration  differences  that  can  be  employed  and  hence  will 
limit  growth  rates.  Grzegory  et  al.  report  growth  rates  of  approximately  100  pm  h  for  the  high 
pressure  method.  The  average  growth  rate  for  the  experiments  reported  here  is  approximately  8 
pm  h'\  but  this  is  limited  by  the  formation  of  the  solid  dome. 
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ABSTRACT 

Low-temperature  GaN  buffer  layers  with  smooth  surfaces  and  high  crystallinity  could 
be  prepared  by  a  remote  plasma  enhanced  metalorganic  vapor  deposition  after  the 
pretreatment  of  substrates  with  rf  nitrogen  plasma.  Smooth  AIN  thin  layer  was  formed 
on  the  (0001)  sapphire  substrate  by  the  nitrogen  plasma  pretreatment  for  an  hour.  The 
AIN  layer  provided  the  nucleation  sites  for  the  subsequent  buffer  layer  growth,  thus 
highly  preferred  (0001)  GaN  buffer  layers  could  be  grown  on  the  pretreated  substrate. 
Formation  of  the  AIN  layer  on  sapphire  and  the  surface  smoothness  were  affected  by 
pretreatment  parameters  such  as  exposure  time,  temperature,  and  rf  power. 

INTRODUCTION 

III-V  nitrides  are  most  prospective  materials  for  the  optoelectric  applications  ranging 
from  UV  to  visible  region,  judging  from  the  recent  success  of  the  GaN-based  laser 
diode[l].  Still,  the  major  problem  of  GaN  growth  is  the  lack  of  a  suitable  sustrate. 
GaN  has  been  successfully  grown  on  (0001)  sapphire  substrates  in  spite  of  its  large 
lattice  mismatch  with  GaN  (-13%).  The  successful  GaN  growth  on  sapphire  comes  from 
the  2-step  growth  using  low -temperature  buffer  layers  [2,3].  The  initial  nitridation  of 
sapphire  substrates  is  commonly  practiced  prior  to  the  buffer  growth  by  electron 
cyclotron  resonance  molecular  beam  epitaxy  (ECR-MBE)  [4-6]  and  by  metalorganic 
chemical  vapor  deposition  (MOCVD)  [7,8],  and  the  formation  of  AIN  was  reported  after 
the  nitridation  [4-7].  Effects  of  the  nitridation  on  the  growth  and  optical  properties  of 
GaN  were  reported  [7-9]. 

In  this  paper,  we  report  the  AIN  formation  by  RF  nitrogen  plasma  pretreatment  of 
sapphire  substrates.  Effects  of  the  nitrogen  plasma  pretreatment  on  the  subsequent  low 
temperature  GaN  buffer  growth  by  remote  plasma  enhanced  MOCVD  are  also  reported. 

EXPERIMENT 

The  MOCVD  system  with  a  vertical  rf  plasma  column  was  used  for  the  pretreatment 
of  sapphire  substrate  surface  and  for  the  growth  of  low  temperature  GaN  buffer  layers. 
(0001)  sapphire  substrates  were  ultrasonically  cleaned  in  trichloroethane,  acetone,  and 
methanol,  and  rinsed  with  deionized  water.  They  were  etched  in  a  3:1  H2S04:H3P04 
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solution  at  160“C  for  10  min.  After  the  chamber  evacuation  to  less  than  IxlO'^  Torr,  the 
substrates  were  heated  to  700  C  in  a  hydrogen  ambient.  The  substrates  were  pretreated 
by  hydrogen  plasma  at  700 “C,  200  mTorr,  rf  power  of  lOOW  for  half  an  hour  in  order 
to  in  situ  clean  the  substrates.  After  the  hydrogen  plasma  surface  cleaning,  the 
substrates  were  pretreated  by  a  nitrogen  plasma  at  various  temperatures  and  rf  powers. 
The  low  temperature  GaN  buffer  layers  were  grown  on  the  pretreated  substrates  at  500 
mTorr  and  500  C.  Thicknesses  of  the  GaN  buffer  layers  were  kept  constant  at  10  nm. 

The  pretreated  substrates  and  GaN  buffer  layers  were  analyzed  by  in  situ  reflection 
high  energy  electron  diffraction  (RHEED).  Compositional  change  in  the  pretreated 
substrates  was  analyzed  by  x-ray  photoelectron  spectroscopy  (XPS).  Surface  morphology 
and  roughness  were  measured  by  atomic  force  microscopy  (AFM).  The  structural 
properties  of  GaN  buffer  layers  were  analyzed  by  x-ray  diffraction  (XRD)  and  RHEED. 

RESULTS 

RHEED  patterns  of  the  substrates  pretreated  at  various  conditions  are  shown  in  Fig. 
1.  Substrate  temperature  was  fixed  at  7001:.  The  azimuthal  direction  of  the  electron 

beam  was  [1120]  of  the  sapphire.  After  the  hydrogen  plasma  treatment  for  half  an 
hour,  the  RHEED  pattern  of  the  sapphire  became  streakier,  as  shown  in  Fig.  1  (a). 
Additional  nitrogen  plasma  treatment  was  made  at  to  nitridate  the  sapphire  at  60W, 
however,  no  significant  change  was  observed  by  RHEED,  as  shown  in  Fig.  1  (b).  The 
RF  power  was  further  increased  to  120W,  and  the  streaky  RHEED  pattern  of  the  AIN 
was  observed  after  the  pretreatment  fo  an  hour  (Fig.  1  (d)). 

Compositional  change  of  the  surface  after  the  nitrogen  plasma  treatment  was  analyzed 
by  XPS  using  Mg  Ka  radiation.  No  Ga  peaks  were  observed.  N  Is  peaks  in  XPS 
spectra  are  shown  in  Fig.  2.  The  O  Is  peak  was  positioned  at  532  eV  for  the 
cahbration  of  binding  energy  shift  due  to  sample  charging.  The  intensity  of  the  surface 
pretreated  by  the  nitrogen  plasma  was  much  stronger  than  that  of  the  surface  pretreated 
by  the  hydrogen  plasma.  The  N  peak  from  the  surface  modified  by  hydrogen  plasma 
resulted  from  the  adsoiption  of  nitrogen  in  air.  The  N  Is  peak  from  the  substrate 


(a)  (b)  (c)  (d) 


Fig.  1.  RHEED  patterns  of  the  substrates  pretreated  by  (a)  hydrogen  plasma  at  lOOW 
for  half  of  an  hour,  (b)  hydrogen  plasma  at  lOOW  for  half  an  hour  and  nitrogen 
plasma  at  60 W  for  an  hour,  (c)  hydrogen  plasma  at  lOOW  for  half  an  hour  and 
nitrogen  plasma  at  120W  for  20  min.  and  (d)  hydrogen  plasma  at  lOOW  for  half 
an  hour  and  nitrogen  plasma  at  120W  for  an  hour. 
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Fig.  2.  XPS  N  Is  peaks  after  the  plasma 
treatments,  (a)  hydrogen  plasma  at  lOOW  for 
half  an  hour  at  700 °C,  and  (b)  nitrogen  plasma 
at  120W  for  an  hour  at  700 °C. 

pretreated  by  120W  nitrogen  plasma  shifted  to  a  lower  value  of  398.1  eV.  The  peak 
shift  to  a  lower  value  implies  that  the  AIN  layer  was  formed.  The  N  Is  energy  of  AIN 
is  reported  397.3  eV[10]. 

GaN  buffer  layers  were  grown  on  the  pretreated  substrates  to  investigate  the  effects 
of  the  surface  pretreatment.  The  GaN  buffer  layers  were  not  annealed  at  a  higher 
temperature.  The  growth  rate  was  about  10  nm/hr.  RHEED  patterns  of  the  GaN  buffer 
layers  grown  after  various  plasma  pretreatment  conditions  are  shown  in  Fig.  3.  The 
electron  beam  was  directed  along  the  GaN  [1230],  which  is  parallel  to  the  sapphire 
[1120].  RHEED  patterns  of  the  GaN  buffer  layers  on  sapphire  substrates  pretreated 
by  the  hydrogen  plasma  alone  and  by  a  low  power  nitrogen  plasma  were  mixtiues  of 


Fig.  3.  RHEED  patterns  of  the  GaN  buffer  layers  on  the  substrates  pretreated  by  (a) 
H2  plasma  at  lOOW  for  half  an  hour  at  700 °C,  (b)  H2  plasma  at  lOOW  for  half 
an  hour  at  700  °C  and  N2  plasma  at  60 W  for  an  hour  at  700 ‘C,  (c)  H2  plasma  at 
lOOW  for  half  an  hour  at  700 °C  and  N2  plasma  at  120W  for  an  hour  at  700 °C 
and  (d)  H2  plasma  at  lOOW  for  half  an  hour  at  700°C  and  N2  plasma  at  120W 
for  an  hour  at  500  °C. 
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Fig.  4.  The  variation  of  rms  roughnesses  of  the 
GaN  buffer  layers  with  pretreatment  time. 

rings  and  spots  (Fig.  3  (a),  (b)).  On  the  other  hand,  smooth  surface  and  good 
crystallinity  were  observed  from  the  RHEED  patterns  of  GaN  buffer  layers  on  the 
substrates  pretreated  by  a  high  power  (120W)  nitrogen  plasma  after  the  hydrogen  plasma 
treatment  for  half  an  hour  at  100  W,  7(X)  °C(Fig.  3  (c),  (d)).  The  AIN  thin  layer 
formed  by  exposure  to  the  high  power  N2  plasma  could  improve  the  nucleation  of  the 
GaN  buffer  layers.  Presumably,  a  high  density  of  nucleation  sites  promoted  the 
2-dimensional  growth,  therefore  the  highly  textured  GaN  layers  with  smooth  surfaces 
could  be  obtained  in  spite  of  the  low  growth  temperature. 

The  surface  roughness  was  characterized  by  AFM  as  shown  in  Fig.  4.  The 
root-mean-squre  (rms)  roughnesses  of  the  GaN  buffer  layers  grown  on  the  pretreated 
substrates  decreased  with  the  substrate  pretreatment  time  at  a  high  power  (120W).  The 
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Fig.  5.  XRD  patterns  of  GaN  buffer 
layers  on  the  substrates  pretreated 
by  (a)  H2  plasma  at  lOOW  for  half 
an  hour  at  7(X)°C,  (b)  H2  plasma  at 
lOOW  for  half  an  hour  at  700”C 
and  N2  plasma  at  60W  for  an  hour 
at  700 °C,  (c)  H2  plasma  at  lOOW 
for  half  an  hour  at  700 °C  and  N2 
plasma  at  120W  for  an  hour  and 
(d)  H2  plasma  at  lOOW  for  half  an 
hour  at  700 °C  and  N2  plasma  at 
120W  for  an  hour  at  500 ‘’C. 
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rms  roughness  of  pretreatment  at  700 “C  was  smaller  than  that  of  the  pretreatment  at  500 
°C  even  after  short  pretreatments.  The  ims  roughness  at  60W  did  not  change 
appreciably  even  after  an  hour  pretreatment,  and  it  is  believed  that  the  surface 
pretreatment  is  more  effective  at  high  plasma  powers.  The  apparent  grain  size  of  GaN 
on  the  sapphire  pretreated  at  700°C  was  larger  than  that  of  GaN  when  pretreated  at  500 
°C  in  AFM  surface  images.  This  implies  that  the  nuclei  formed  on  the  surface 
pretreated  by  nitrogen  plasma  is  larger  at  700 °C  due  to  the  increase  in  surface  diffusion. 

The  pretreatment  of  the  sapphire  substrates  by  nitrogen  plasmas  could  improve  the 
growth  of  the  GaN  buffer  layers,  resulting  in  the  improved  crystallinity.  Fig.  5  shows 
the  XRD  patterns  of  the  GaN  buffer  layers  on  the  sapphire  pretreated  at  various 
conditions.  The  GaN  layers  after  pretreatment  by  the  hydrogen  plasma  had  both  (0002) 
and  (1011)  peaks,  as  shown  in  Fig.  5  (a).  However,  highly  (0002)  textured  GaN  layers 
were  obtained  after  pretreatment  by  the  nitrogen  plasma  at  120W  for  an  hour,  as  shown 
in  Fig.  5  (c)  and  (d). 

CONCLUSIONS 

Highly  (0002)  textured  GaN  buffer  layers  were  successfully  grown  on  the  sapphire 
substrates  pretreated  with  nitrogen  plasmas  in  conjunction  with  hydrogen  plasma  in  a 
remote  plasma  enhanced  MOCVD  system.  The  smooth  AIN  layer  was  formed  on  the 
sapphire  by  the  nitrogen  plasma  at  500  ~  700  °C  for  an  hour.  The  formation  AIN  by 
nitrogen  plasma  pretreatment  resulted  in  better  crystallinity  of  the  GaN  buffer  layers. 
The  low-temperature  GaN  buffer  layers  grown  on  nitrogen  plasma  treated  sapphire 
substrates  can  be  applied  to  the  successful  growth  of  III-V  nitrides. 
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ABSTRACT 

Efficiency  and  lifetime  of  light  emitting  diodes  and  laser  diodes  inversely  depend  on  defect 
density  of  the  crystal.  Reduction  of  defect  density  is  accomplished  by  proper  choice  of  the 
substrate  or  deliberate  modification  of  substrate  surface.  Roughness  of  substrate  surface  for  GaN 
deposition  can  be  controlled  by  buffer  growth  and/or  nitridation.  Buffer  layers  or  nitrided  layers 
promote  lateral  growth  of  films  due  to  decrease  in  interfacial  free  energy  between  the  film  and 
substrate.  Optimum  conditions  for  nitridation  and  GaN-buffer  growth  on  Al203(0001)  were 
determined  by  means  of  atomic  force  microscopy  (AFM).  AFM  analysis  of  nitridated  sapphire 
surfaces  was  also  carried  out  to  find  the  optimum  condition  for  nitridation  of  sapphire  substrate 
before  GaN-buffer  layer  deposition.  Nitridation  of  sapphires  was  performed  only  with  nitrogen. 
Based  on  the  fact  that  GaN  deposited  on  modified  surface  exhibited  the  better  crystal  quality  and 
optical  property,  use  of  AFM  roughness  as  a  reliable  criterion  is  suggested  for  process 
optimization  of  GaN  film  growth  by  metallorganic  chemical  vapor  deposition. 

INTRODUCTION 

GaN  is  an  attractive  material  with  applications  in  blue  and  ultraviolet  light  emitting  diodes 
and  laser  diodes,  since  the  wurtzite  GaN  structure  has  a  direct  band  gap  of  3.4  eV  at  room 
temperature  and  forms  continuous  solid  solution  with  InN  and  AIN  which  have  the  same  wurtzite 
structure  and  direct  band  gaps  of  1.9  eV  and  6.2  eV,  respectively ’’k 

Longer  lifetime  and  better  efficiency  of  LED's  and  LD's  depend  on  the  defeet  density  in  the 
film.  In  the  ease  of  GaN  film  grown  by  MOCVD,  defect  density  is  high  (about  lO'^cm'). 
Dominant  lattice  defects  are  dislocations  more  in  threading  dislocations,  much  less  in  dislocation 
loops,  and  stacking  faults.  The  threading  dislocations  is  perpendicular  to  the  c-plane  in 
hexagonal  structure.  Stacking  faults  lie  between  the  threading  dislocations  surround  by  partial 
dislocations  and  they  form  due  to  stacking  disorder  in  c-planes.  Most  of  the  threading 
dislocations  in  GaN  films  starts  from  the  interface  between  the  substrate  and  the  film,  and 
continue  to  grow  with  the  film.  Threading  dislocations  with  opposite  vector  can  not  meet  each 
other  and  be  annihilated.  Therefore  the  density  does  not  decrease  with  GaN  film  thickness.  This 
is  an  inherent  issue  in  the  wurtzite  type  III-V  nitrides  which  grow  in  c-direction.  If  the  defect 
density  needs  to  be  reduced,  it  must  be  controlled  to  a  minimum  number  from  the  beginning  of 
the  film  growth. 

On  an  atomically  flat  surface,  there  are  three  major  sources  of  lattice  defects.  One  is  the 
defect  introduced  during  deposition  which  is  related  with  orientation  selection  during  nucleation 
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and  growth.  The  second  is  a  results  of  misfit  strain  introduced  by  lattice  mismatch  between  GaN 
and  substrate.  Strain  due  to  thermal  expansion/contraction  difference  also  contributes  lattice 
defects,  and  is  the  third  source.  Defect  formation  due  to  the  mismatch  is  well  characterized  in  the 
epitaxial  films,  and  it  may  probably  more  so  on  an  atomically  rough  surface.  Sapphire  and  SiC 
arc  common  substrate  for  GaN  growth,  and  c-plane  substrates  are  commonly  used.  Being  very 
hard,  the  substrate  surfaces  are  always  rough  in  an  atomic  scale.  The  atomic  scale  steps  serve  as 
easy  sources  for  growing  defects  during  the  early  stage  of  deposition.  Inversion  domain 
boundary  and  double  positioning  boundary  can  be  formed  on  steps  in  a  c-p!ane  substrate,  which 
become  threading  dislocations  in  the  wurtzite  lattices.  Therefore,  the  atomic  scale  morphology  of 
substrate  surfaces  needs  to  be  considered  when  defect  density  becomes  major  concern  in  an 
epitaxial  GaN  film.  AFM  analysis  has  been  used  to  observe  the  nucleation  layer  and  to  optimize 
the  process  variables  for  GaN-buffer  layer  growth  on  SiC(OOOl)''. 

The  AIN  or  GaN  buffer  layer  on  sapphire  has  improved  the  quality  of  GaN  films  grown  by 
MOeVD  at  temperatures  of  about  1000°C^'^  High  quality  GaN  can  also  be  obtained  by 
nitridation  of  a  substrate  before  film  growing^‘‘\  Ammonia  gas  is  used  for  nitridation  of  sapphire 
substrate.  In  both  cases,  there  seem  to  be  optimum  conditions  for  best  results.  Oftentimes,  the 
process  window  is  reported  as  functions  of  temperature  and  time  of  a  given  CVD  system.  The 
low  temperature  buffer  layer  is  called  as  a  nucleation  layer.  However,  the  exact  role  of  the  buffer 
layer  to  improve  the  film  quality  is  not  fully  understood.  And  the  nature  of  nitridated  surface 
needs  further  study.  A  possibility  that  2-D  nucleation  and  lateral  growth  are  enhanced  by 
improved  surface  morphology  after  buffer  growth  or  nitridation  is  not  considered.  In  this 
presentation,  authors  studied  the  effects  of  GaN-buffer  layer  and  nitridation  on  optical  behavior 
of  GaN  film  quality  and  results  are  interpreted  refer  to  surface  roughness  after  these  treatments  in 
MOeVD.  Use  of  AFM  roughness  is  suggested  as  a  materials  variable  for  process  optimization  in 
MOeVD  growth  of  GaN. 

EXPERIMENT 
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Figure  1.  Schematic  views  of  two  types  of  gas 
delivery  geometry.  Type  I  and  type  II  were  used 
for  nitridation  study  of  sapphire,  and  only  type  I 
was  used  only  for  the  buffer  layer  optimization. 


Nitridation,  buffer  growth  and  GaN  growth  were  carried  out  in  a  horizontal  reactor  with 
IR  lamp  heating  at  atmospheric  pressure.  Source  gases  for  Ga  and  N  were  trimethylgallium 
(TMG)  and  ammonia  (NH3),  respectively.  N2  was  used  as  a  dilutant  and  carrier  gas  for  the 
TMG.  Two  types  of  gas  delivery  system  were  employed  as  seen  in  Figure  1 .  Type  I  and  II  were 
used  for  nitridation  study  with  Al203(0001)  substrate.  Flow  rates  of  TMG  and  NH3  were  4.5  p 
mole/min.  and  1  slm,  respectively.  N2  flow  rate  was  1  and  1.2  sIm  for  type  I  and  type  II. 
respectively.  Only  type  I  was  used  for  the  optimization  of  buffer  layer  with  and  without 
nitridation  layer.  Flow  rates  were  same  except  N2  which  was  1 .2  slm.  Substrates  were  degreased, 
dipped  into  10%  HF  solution  for  10  minutes,  and  rinsed  in  deionized  water.  Nitridation  of  the 
sapphire  substrate  was  carried  out  at  1020°C  with  nitrogen  flow  only.  GaN-buffer  layer  was 
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grown  at  550°C  for  2  minutes  after  the  nitridation  for  type  I  and  II  gas  delivery  system.  The  final 
step  was  to  grow  GaN  film  at  1020°C. 

Optimization  of  GaN-buffer  layer  growth  was  carried  out  at  540°C  for  the  specimens 
without  nitridation  and  520°C  for  the  samples  with  nitridation.  Buffer  growth  temperatures  were 
chosen  using  the  previous  study  ensuring  the  2-dimensional  nucleation  and  growth  of  GaN  filmf 
GaN  film  depositions  on  the  buffer  layers  were  then  carried  out  at  1020°C  to  give  a  GaN  film 
thickness  of  about  1  pm. 

Surface  morphology  after  buffer  growing  or  nitridation  was  observed  by  AFM  (Park 
Scientific  Instrument  STM-SU2-210)  with  a  scanning  frequency  of  4  Hz.  XPS  (SSI2803-S  XPS 
with  Mg)  was  performed  for  the  characterization  of  nitrided  layer.  Optical  properties  were 
characterized  by  photoluminescence  (PL)  at  10  K  using  a  He-Cd  laser  (/V=325nm).  The  power 
used  for  PL  analysis  was  40  mW  and  the  power  density  was  6W/cml 

RESULTS 

•  GaN/Al203(0001)  with  N2  Nitridation 

After  nitridation  at  1020"C,  samples  were  cooled  down  to  room  temperature,  and  RMS  and 
average  roughness  were  estimated  by  AFM.  The  AFM  results  are  shown  in  Figure  2  for  two 
types  of  gas  delivery  system,  where  roughness  is  plotted  as  a  function  of  nitridation  time.  The 
initial  roughness  decreases  to  first  minimum,  reaches  to  a  maximum  and  second  minimum  whose 
values  are  obtained  at  3  and  4  minutes,  respectively,  and  then  increases  gradually  with  nitridation 
time.  The  fact  that  the  surface  roughness  reaches  to  a  minimum  value  at  intermediate  time,  and 
increases  gradually  at  longer  times  is  similar  to  that  of  buffer  layer. 


Nitridation  time  (min.) 


Nitridation  time  (min.) 


Figure  2.  RMS  and  average 
roughness  of  nitrided 
surfaces  are  shown  as  a 
function  of  nitridation  time 
using  two  types  of  gas 
delivery  system.  Note  the 
roughness  is  minimum  for 
the  5  and  4  minutes  nitrided 
specimen  for  type  1  and  type 
II  gas  delivery  system, 
respectively. 


The  nature  of  the  nitrided  surface  is  analyzed  by  XPS.  XPS  spectra  for  ALp,  Nis  and  Ois  of 
the  Al20s(0001)  surface  without  and  with  4  minutes  nitridation  are  shown  in  Figure  3.  After  the 
nitridation,  Nis  peak  appeared  and  intensities  for  Af,,  and  Ois  peaks  decreased  noticeably  in  the 
XPS  spectrum.  It  is  obvious  that  N  has  been  incorporated  on/into  the  ALO.r  surface  during 
nitridation.  Since  surface  roughness  was  changed  with  nitridation,  one  can  see  that  nitridation 
process  produce  a  new  phase.  The  chemical  nature  of  N  is  not  clear.  Uchida  et  al.  reported  the 
formation  of  an  amorphous  phase  on  sapphire  by  nitridatioif  '’,  while  Masu  et  al.  reported 
nanometer  thick  layer  of  AIN  single  crystal  when  NH^  was  used  for  the  nitridation  at  1050"C^  In 
the  present  study,  the  peak  shift  of  the  AL,.  is  not  obvious.  A  possibility  of  the  new  phase  is  a 
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mixture  of  AIN  and  nitrogen. 
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Figure  3.  XPS  spectra  of  specimen 
without  (bottom  spectra)  and  with  4 
minutes  nitridcd  layer  (top  spectra)  arc 
presented  to  confirm  the  formation  of 
nitridation  layer. 


Low  temperature  (10  K)  PL  was  performed  to  find  the  ettect  of  nitridation  on  optical 
properties  of  GaN  film.  Low  temperature  (10  K)  PL  spectra  are  presented  in  Figure  4  for  the  two 
types  of  gas  delivery  system.  All  samples  show  the  donor  bound  exciton  peak  around  3.47cV  as 
reported  previously' and  showed  no  sign  of  yellow  region  emission.  Minimum  FWHM  of 
PL  spectra  was  observed  from  the  samples  whose  nitridation  time  was  4  minutes  and  RMS  was 
minimum.  Minimum  FWHM  of  sample  from  type  I,  whose  roughness  was  about  two  orders 
lower  that  that  from  type  II,  exhibited  about  half  the  value  from  type  11.  This  PL  result  implies 
that  a  GaN  film  grown  on  smoother  surface  exhibits  better  optical  property.  Current  observation 
agrees  with  other  works.  Recent  publications  by  Uchida  et  al,’^  Grandjean  et  af  '  and  Keller  et 
al.''’  reported  that  a  sample  with  minimum  roughness  obtained  by  nitridation  gave  the  best  GaN.. 


Wavelength  (nm)  Wavelength  (nm) 


Figure  4.  Low  temperature  (lOK)  PL 
spectra  of  GaN/Al30:,(0001)  arc 
presented.  Minimum  value  of 
FWHM  is  obtained  at  5  and  4 
minutes  of  nitridation  from  type  1 
and  type  II  gas  delivery  system, 
respectively. 


•  GaN/AHOsCOOOl)  with  GaN-buffer  layer 

To  find  the  optimum  buffer  growth  condition,  the  variation  of  surface  roughness  with 
growth  time  was  monitored  by  AFM  to  correlate  the  roughness  of  the  surface  with  the  crystal 
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quality  of  GaN.  RMS  roughness  of  the  buffer  layer  without  and  with  5  minutes  nitrided  layer  on 
sapphire  surfaces  were  estimated  by  AFM  and  are  shown  in  Figure  5  as  a  function  of  buffer 
growth  time.  Nitridations  were  carried  out  at  1020°C  with  nitrogen  for  5  minutes. 


Figure  5.  RMS  (root  mean  square) 
roughnesses  of  the  buffer  layers  on 
sapphire  without  and  with  5  minutes 
nitrided  layer  are  shown  as  a 
function  of  buffer  growth  time. 


Buffer  growth  time  (min.) 


Buffer  growth  time  (min.) 


For  both  series  of  samples,  they  exhibit  the  same  tendency  in  roughness  variation.  Surface 
roughness  tends  to  decrease  first,  increases  slightly  and  then  decreases  again  to  the  second 
minimum.  For  the  samples  with  5  minutes  nitrided  layer,  it  is  expected  that  the  roughness  will 
increase  again  after  7  minutes  of  buffer  growth  time  even  though  no  experiment  was  performed. 
Same  type  of  fluctuation  in  roughness  with  buffer  growth  time  was  also  observed  from  the  SiC 
substrate**.  Therefore,  variation  of  roughness  with  growth  time  (buffer  or  nitridation  layer) 
appears  to  be  a  common  behavior  and  proper  explanation  for  this  behavior  does  not  exist  at 
present.  The  effects  of  nitridation  on  buffer  growth  behavior  can  be  summarized  as  follows.  As 
seen  in  Figure  5,  the  degree  of  fluctuation  has  increased  and  the  times  for  minimum  roughness 
have  delayed  with  the  presence  of  nitrided  layer. 
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Figure  6.  Low  temperature 
(lOK)  PL  spectra  of  GaN 
grown  on  different  buffer 
layers  on  Al203(0001)  without 
and  with  5  minutes  nitrided 
layer  are  presented. 


Low  temp.  (10  K)  PL  was  performed  to  examine  the  optical  properties  of  GaN.  Low 
temperature  (lOK)  PL  spectra  are  presented  in  Figure  6  for  the  samples  with  and  without 
nitridation  layer.  All  samples  showed  the  donor  bound  exciton  peak  around  3.47eV  as  reported 
previously'’*'''’''^  and  a  trace  of  yellow  region  emission  was  detected. 

Minimum  FWHM  of  PL  spectra  was  observed  from  the  samples  grown  on  the  first  minimum 
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roughness  point,  i.e.,  2  minutes  of  buffer  growth  time  without  nitridation  and  3  minutes  of  buffer 
growth  time  with  5  minutes  of  nitridation  layer  as  seen  in  Figure  5.  This  clearly  shows  that  the 
GaN  films  grown  on  a  first  minimum  surface  roughness  in  Figure  5  result  in  better  optical 
property  even  though  the  surface  chemistry  of  the  substrate  is  different.  5 

Optical  properties  and  crystal  qualities  of  GaN  films  showed  that  the  optimum  GaN-buffer 
growth  condition  is  the  first  minimum  point  in  Figure  6.  That  is,  2  minutes  of  buffer  growth  at 
520'’C  without  nitridation  and  3  minutes  of  buffer  growth  at  540' C  with  5  minutes  nitrided  layei. 
This  result  is  consistent  with  vicinal  6H-SiC(0001)  substrate  case'.  Therefore,  both  optical  and 
crystal  quality  of  GaN  film  is  strongly  dependent  on  the  surface  roughness  of  the  substrate  rathei- 
tlian  the  surface  characteristics  (with  or  without  nitridation)  or  the  substrate  materials  (AFO’  or 
SiC). 

CONCLUSIONS 

The  concept  of  surface  morphology  determined  by  AFM  method  was  considered  to 
understand  the  role  of  buffer  layers  and  nitridation  improving  the  quality  of  GaN  111m  in 
MOCVD  process.  For  the  study,  GaN/AhO.^OOOl)  using  nitridation  layer+GaN-buffer  layer  wuh 
iwo  different  gas  delivery  sy.stem,  and  GaN/Al20:',(000])  using  GaN-butfer  layer  with  and 
without  nitridation  layer  were  selected,  and  surface  roughness  after  butter  growth  and  N: 
nitridation  was  determined  by  AFM. 

Nitridation  of  sapphire  resulted  in  N-incorporation  into  AFO?  forming  a  new  phase,  and 
changes  the  roughness  of  the  surface.  The  effect  of  nitridation  improving  GaN  film  quality  has 
been  interpreted  as  second  minimum  roughness  after  nitridation  leads  to  better  property. 

AFM  analysis  on  the  GaN  nucleation  layers  on  sapphire  with  and  without  nitridation  was 
employed  to  determine  the  optimal  condition  for  the  buffer  layer  growth.  That  i.^,  2  minutes  of 
buffer  growth  at  520°C  without  nitridation  and  3  minutes  of  buffer  growth  at  540"C  with  5 
minutes  nitrided  layer.  GaN  films  with  the  optimized  buffer  layer  show  the  best  PL 
characteristics  and  better  crystal  quality.  Results  from  other  analytical  methods  including 
DCXRD  and  PL  are  consistent  with  the  AFM  analysis. 

The  effect  of  nitridation  on  the  properties  of  GaN  films  can  be  deduced  from  the 
comparison  of  FWFIM  of  low  temperature  PL  and  DCXRD.  Smaller  values  were  obtained  from 
I  he  specimen  with  5  minutes  nitrided  layer.  Since  buffer  growth  conditions  were  optimized  for 
both  cases,  it  can  be  concluded  that  the  nitridation  layer  improved  the  optical  property  and 
crystal  quality  of  GaN  films.  It  is  also  interesting  to  note  that  the  value  of  the  first  minimum  was 
decreased  with  nitridation,  and  smoother  buffer  layer  surface  may  play  a  critical  role  in 
improving  the  quality  of  the  GaN  film.  From  this  study,  it  may  be  suggested  that  the  roughness 
of  the  substrate  can  serve  as  a  reliable  guideline  in  determining  the  optimum  growth  condition  of 
GaN  films,  and  for  this  purpose,  AFM  analysis  proved  to  be  a  simple  and  effective  tool. 
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ABSTRACT 

The  analysis  of  the  sapphire  surface  nitridation  by  in  situ  reflection  high-energy 
electron  diffraction  evidences  the  formation  of  a  relaxed  AIN  layer.  Its  role  on  the  early 
stage  of  the  GaN  growth  is  investigated  by  transmission  electron  microscopy  (TEM). 
GaN  crystallites  of  high  structural  quality,  with  the  c  axis  perpendicular  to  the  sapphire 
basal  plane,  are  observed  when  the  starting  surface  is  nitridated.  On  the  other  hand,  the 
growth  of  GaN  on  a  bare  substrate  involves  the  formation  of  larger  islands  with  numerous 
defects.  TEM  study  reveals  that  the  c  axis  of  these  latter  crystallites  is  systematically  tilted 
by  about  19°  with  respect  to  the  sapphire  basal  plane.  Actually,  this  orientation 
corresponds  to  a  particular  epitaxial  relationship  between  GaN  and  sapphire  (0001) 
substrates.  Finally,  the  optical  properties  of  GaN  thin  layers  are  shown  to  be  strongly 
dependent  on  the  nitridation  state  of  the  sapphire  surface. 

INTRODUCTION 

Group  Ill-nitrides  are  now  recognized  as  promising  candidates  for  blue-violet  light 
emitting  devices.  This  is  attested  both  by  the  marketing  of  high-efficiency  GaN-based  light 
emitting  diodes  [1]  and  the  realization  of  a  laser  diode  operating  at  room  temperature  at 
417  nm  under  pulsed  current  injection  [2],  This  last  success  is  quite  astonishing  when 
regarding  the  numerous  difficulties  for  growing  high-quality  GaN  epitaxial  layers. 
Actually,  the  homoepitaxial  growth  of  GaN  cannot  be  achieved  due  to  the  lack  of  GaN 
substrates  having  sufficiently  large  dimensions.  Sapphire  is  presently  the  standard 
substrate  in  spite  of  its  large  lattice-mismatch  with  GaN.  Indeed,  high-quality  GaN 
materials  have  been  obtained  providing  the  growth  of  a  buffer  layer  at  low  temperature 
[3].  It  has  been  shown  that  a  nitridation  step  of  the  sapphire  substrate  prior  to  the  buffer 
layer  influences  the  optical  and  structural  properties  of  GaN  thick  layers  [4-6],  In  fact,  this 
procedure  is  important  for  growing  high-quality  III-V  nitrides  on  sapphire  substrates, 
whatever  the  growth  technique  [5-8].  However,  the  role  of  the  sapphire  nitridation  on  the 
GaN  growth  is  not  yet  well  understood. 

This  paper  describes  the  early  stages  of  the  growth  of  GaN  on  c-plane  sapphire  versus 
the  nitridation  state  of  the  starting  surface.  The  nitridation  is  followed  by  in  situ  reflection 
high-energy  electron  diffraction  (RHEED).  We  conclude  from  the  variation  of  the  in¬ 
plane  lattice  parameter  that  an  AIN  layer  is  formed.  Its  consequence  on  the  growth  of 
GaN  thin  layers  is  investigated  by  transmission  electron  microscopy  (TEM)  and 
photoluminescence  (PL)  experiments. 
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EXPERIMENTS 


Growth  of  GaN  was  carried  out  in  a  gas-source  molecular  beam  epitaxy  system 
(GSMBE)  equipped  with  a  standard  10  kV  RHEED  electron  gun  and  a  CCD  camera 
based  video  system.  Ga  and  NH3  were  used  as  group  III  and  V  sources,  respectively.  The 
growth  rates  were  determined  in  sihi  using  the  oscillations  of  the  reflected  intensity  of  a 
670  nm  laser  diode.  The  growth  temperature  and  the  deposition  rate  were  780°C  and  0. 12 
pm/h,  respectively.  The  substrate  nitridation  is  achieved  by  exposing  the  sapphire  surface 
to  a  NH3  flow  of  20  seem  at  high  temperature  (850-900®C),  TEM  investigations  were 
performed  with  a  JEOL  2010  PEG. 

RESULTS 

The  evolution  of  the  in-plane  lattice  parameter  during  the  sapphire  nitridation  has  been 
followed  by  measuring  the  RHEED  streak  distance  variation  with  the  electron  beam  along 
the  [iT00]^2O3  azimuth.  While  the  surface  morphology  does  not  significantly  change  as 
indicated  by  the  RHEED  pattern  remaining  streaky-like,  the  in-plane  lattice  constant 
varies  as  a  function  of  the  exposition  time  of  NH3.  After  10  minutes,  the  lattice  mismatch 
reaches  ~  13  %  and  stabilizes  (Fig.  1). 
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Figure  1:  In¬ 
plane  lattice 
mismatch 
variation 
measured  from 
the  RHEED 
pattern  during 
the  nitridation  of 
the  c-plane 
sapphire  surface 
(electron  beam 
along  the 
[ITOOJai^o^ 
azimuth). 


This  value  corresponds  to  the  mismatch  between  AIN  and  sapphire  (12.8  %  at  780°C) 
with  the  orientation  relationship  [1 120]^N|][lT00]^2Oy  Remembering  that  A1  atoms  in 
the  AI2O3  crystal  form  an  hexagonal  sublattice  rotated  by  30°  about  the  c  axis  with  respect 
to  the  AI2O3  unit  cell,  the  conversion  of  octahedral  A1  sites  in  tetrahedral  ones  during  the 
nitridation  may  result  in  an  AIN  layer  with  the  previously  quoted  relationship.  It  can 
therefore  be  assumed  that  the  in-plane  lattice  mismatch  variation  (Fig.  1)  is  due  to  the 
formation  of  a  fully  relaxed  AIN  layer  at  the  surface  of  the  AI2O3  (0001)  substrate  [7,8], 
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Figure  2:  Bright  field  cross  section  transmission  electron  micrograph  of  200  A 
equivalent  thickness  of  GaN  deposited  at  780°C  on  a  nitridated  sapphire  substrate 


Figure  3:  High 
resolution  TEM 
image  of  a  typical 
GaN  crystallite 
observed  in  figure  2. 
The  c  axis  of  GaN  is 
perpendicular  to  the 
sapphire  basal  plane 
(AI2O3  and  GaN 
lattices  are  viewed  in 
the  [llooj  and 
[1120]  projection, 
respectively). 
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200  A  equivalent  thickness  of  GaN  have  been  deposited  on  nitridated  sapphire 
substrates  at  a  temperature  of  780°C,  A  cross  section  TEM  image  of  such  a  sample  is 
displayed  in  figure  2,  The  GaN  crystallites  have  a  skyscraper-like  shape  and  a  high 
structural  quality  (Fig,  3).  The  epitaxial  relationship  between  GaN  and  the  c-plane 
sapphire  deduced  from  TEM  observations  is  [0001]GaNll[<^001]Al203 
[1120]GaN|j[lT00]Ai2O3’  in  agreement  with  previous  reports  [9-14],  In  fact,  the  presence 
of  an  AIN  interfacial  layer  (GaN/AlN/AljOs)  invol^s  the  following  sequence  of  crystal 
orientation;  [0001]^nI1[0001]^203  [1120]^nIP^^®]a12O3  followed  by 

[0001]GaNll[0001]AlN  and  [1120]GaNll[1120]AiN-  As  a  consequence,  we  cannot 
definitively  conclude  about  the  exact  epitaxial  relationship  between  GaN  and  sapphire 
when  a  nitridation  step  is  performed.  In  this  case,  it  can  be  tentatively  assumed  that  GaN 
grows  on  a  pseudo  AIN  (0001)  substrate  by  keeping  the  same  orientation.  It  should  be 
noted  that  the  lattice  mismatch  of  GaN/ AIN  (2.5%)  is  considerably  lower  than  that  of 
GaN/Al203  (-16%).  Therefore,  the  nitridation  step  strongly  reduces  the  heteroepitaxial 
strain  of  GaN/Al203. 


Figure  4:  TEM  image  of  a  typical  island  resulting  from  the  growth  on  a  bare 
sapphire  surface  (AW 3  and  GaN  lattices  are  viewed  in  the  same  projection  as  in 
figure  3). 


In  order  to  determine  the  actual  epitaxial  relationship  between  GaN  and  the  c-plane 
sapphire  substrates,  no  nitridation  step  was  performed  prior  to  the  growth.  This 
procedure  results  in  three-dimensional  growth  as  shown  in  figure  4  where  is  displayed  a 
typical  crystallite  of  such  a  growth.  Besides  the  great  density  of  structural  defects,  the 
main  feature  is  that  most  of  the  islands  (-75%)  exhibit  a  large  tilt  of  their  c  axis.  Actually, 
the  c  axis  and  the  sapphire  (0001)  plane  have  an  angle  of  19°  (Fig.  4).  Note  that  the  30° 
in-plane  rotation  with  respect  to  the  sapphire  unit  cell  is  conserved.  The  deduced  epitaxial 
relationship  is  [1120]GaNll[l"00]Al2O3  [n03]GaNll[n20]/a2O3-  The  corresponding 

plane  of  GaN  parallel  to  the  sapphire  (0001)  surface  is  (3302).  This  orientation 
relationship  leads  to  a  theoretical  tilt  of  the  c  axis  of  19.5°,  in  good  agreement  with  the 
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value  measured  on  the  TEM  images.  The  reason  for  the  preferred  tilted  orientation  (~75 
%)  when  no  nitridation  is  performed  is  probably  due  to  the  slightly  better  lattice  matching 
condition  compared  to  the  standard  one  (c  axis  perpendicular  to  the  sapphire  basal  plane) 
[15]. 

It  is  surprising  that  this  epitaxial  relationship  has  not  been  reported  so  far  despite  the 
numerous  studies  devoted  to  the  growth  of  GaN  on  sapphire,  The  most  probable 
explanation  is  the  competition  between  the  GaN  deposition  and  the  surface  nitridation 
occurring  simultaneously  at  the  beginning  of  the  growth.  The  relatively  low  growth 
temperature  (780°C)  used  in  the  present  experiments,  compared  to  usual  temperatures  in 
metal-organic  vapor  phase  epitaxy  (MOVPE),  can  explain  why  the  tilted  orientation  is 
preponderant;  the  nitridation  rate  can  be  slower  than  the  growth  rate.  In  contrast,  for  the 
MOVPE  growth  the  nitridation  is  highly  efficient  due  to  growth  temperatures  of  1000°C 
or  higher.  AIN  is  thus  rapidly  formed  on  the  substrate  leading  to  the  standard  orientation 
for  subsequent  GaN  deposition.  Note  that  the  tilted  orientation  has  been  very  recently 
observed  by  another  group  also  growing  GaN  by  GSMBE  [16], 


Figure  5:  PL 
spectra  at  lOK  of 
GaN  thin  layers 
grown  on  a  bare 
c-plane  sapphire 
surface  (a)  and  a 
nitridated  one 
(b). 
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Finally,  the  optical  properties  of  GaN  thin  layers  (200A  equivalent  thickness)  have 
been  investigated  as  a  function  of  the  GaN  crystal  orientation  (Fig.  5),  Photoluminescence 
spectra  at  lOK  exhibit  a  band-edge  dominated  by  a  peak  at  -3.42  eV,  whatever  the 
nitridation  state  of  the  starting  surface.  Transitions  in  the  3.40-3.42  eV  range  are  often 
reported,  especially  for  MBE  grown  GaN,  They  have  been  assigned  in  the  literature  either 
to  free  hole  -  neutral  donor  transitions  [17],  or  to  donor  acceptor  pairs  involving  a 
shallow  acceptor  [18],  The  main  feature  of  interest  here  is  that  the  intensities  of  both  the 
donor-acceptor  pair  recombinations  (-3800  A)  and  the  deep  level  related  yellow  band 
(-5500  A)  depend  on  the  GaN  orientation.  The  standard  epitaxial  relationship  with  the  c 
axis  perpendicular  to  the  c-plane  sapphire  surface  corresponds  then  to  much  purer  optical 
spectra  (Fig.  5b)  than  that  corresponding  to  the  tilted  GaN  layers  (Fig.  5a).  This 
sensitivity  has  been  used  to  optimize  the  nitridation  procedure  [8], 


CONCLUSIONS 

This  paper  shows  that  two  different  epitaxial  relationships  can  occur  between  GaN  and 
c-plane  sapphire  substrates.  The  well  known  orientation  with  the  c  axis  of  GaN 
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perpendicular  to  the  (0001)  sapphire  plane  is  favored  by  the  presence  of  a  thin  AJN  layer 
formed  by  the  nitridation  of  the  sapphire  surface.  When  GaN  is  deposited  on  a  bare 
substrate,  the  c  axis  is  tilted  19°  with  respect  to  the  surface.  In  fact  this  orientation 
corresponds  to  a  different  epitaxial  relationship  between  GaN  and  AI2O3  (0001)  substrates 
which  has  not  to  our  knowledge  been  previously  reported.  Finally,  the  optical  properties 
of  thin  GaN  layers  are  found  to  be  strongly  dependent  on  their  orientation. 
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INITIAL  GROWTH  STAGE  OF  AlGaN 
GROWN  DIRECTLY  ON  (0001)  6H-SiC  BY  MOVPE 
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ABSTRACT 

We  investigated  the  growth  process  of  AlGaN  films  grown  directly  on  6H-SiC  (0001) 
substrates  by  metalorganic  vapor  phase  epitaxy  (MOVPE).  We  focused  on  the  initial  growth 
stage  to  clarify  the  mechanism  of  nitride  growth  on  SiC.  From  Energy  Dispersive  X-ray  (EDX) 
analysis  we  found  that  an  Al-rich  region  generated  naturally  at  the  AlGaN/SiC  interface.  We  also 
found  that  Al  flux  determined  the  density  of  grain  which  generated  during  the  initial  grov^h  stage, 
and  this  grain  density  reflected  the  surface  morphology. 

INTRODUCTION 

Wurtzite-type  GaN  and  related  materials  are  promising  candidates  for  short- wavelength 
light  emitting  devices.  Sapphire  substrates  are  conventionally  used  for  nitride  growth,  however, 
the  cleavage  is  not  so  strong.  On  the  other  hand,  (0001)  6H-SiC  substrates  have  strong  cleavage 
in  the  same  direction  as  nitride  films  grown  on  them.  SiC  also  has  a  small  lattice  mismatch  to 
GaN  (3.4%),  high  thermal  conductivity  (4.9  W/cmK)[l],  and  electrical  conductivity.  Therefore, 
SiC  is  expected  to  become  material  for  nitride  laser  diode  substrates. 

Recently,  the  number  of  reports  about  nitrides  grown  on  SiC  substrates  has  increased.  The 
uniform  growth  of  GaN  on  SiC  substrates  have  been  reported  both  with[2-6]  and  without[7,8] 
AIN  buffer  layers.  The  growth  of  AlGaN  on  SiC  without  an  AIN  buffer  layer  has  also 
reported[9, 1 0]  that  Al^Caj.^N  alloys  containing  even  low  (x  >  0.05)  concentrations  of  AIN 
showed  smooth  surfaces  and  high  crystal  quality  [10].  However,  the  growth  mechanism  of  nitride 
on  SiC  has  not  been  clarified. 

In  this  study,  we  investigated  the  direct  growth  of  AlGaN  on  SiC  to  clarify  the  cause  of 
nitride  growth  on  SiC. 

EXPERIMENT 

AlxGai.xN  (0  <  X  <  0.13)  films  were  grown  on  6H-SiC  (0001)  si  by  low-pressure  MOVPE. 
Trimethylaluminium  (TMA),  trimethylgallium  (TMG)  and  ammonia  (NH3)  were  used  as 
precursors,  and  the  respective  flow  rates  were  0-1.6  ^imol/min,  17  |Xmol/min,  and  1.2  SLM. 
Hydrogen  was  used  as  the  carrier  gas,  and  its  flow  rate  was  4.0  SLM.  The  total  pressure  of  the 
system  was  1 00  torr.  The  growth  temperature,  which  was  measured  at  the  surface  of  the  SiC- 
coated  graphite  susceptor,  was  920°C.  Growth  rates  were  about  2.4  p,m/h.  In  this  study,  the 
TMA  flow  rate  was  varied  in  order  to  examine  the  difference  of  growth  process  on  Al  flux,  and 
growth  time  was  varied  for  the  purpose  of  observing  the  growth  processes. 

The  AlxGai.xN  films  were  eharacterized  using  several  techniques.  Surface  morphologies 
were  observed  by  scamiing  electron  microscopy  (SEM).  Al  composition  of  the  thick  films  (>  1 
p,m)  was  calculated  from  an  x-ray  diffraction  angle  of  (0004).  It  corresponded  well  to 
measurements  made  by  an  Energy  Dispersive  X-ray  (EDX)  Microanalyzer.  The  crystal  quality 
was  analyzed  by  an  x-ray  rocking  curve  (XRC)  of  (0004)  diffraction.  The  depth  profiles  of  Al, 
Ga,  and  Si,  were  analyzed  by  an  EDX  Microanalyzer  with  the  probe  scanning  about  65  nm 
across  the  interface  on  the  cross  section  of  the  sample.  The  variations  in  the  peak  intensity  of 
each  element  was  measured  as  the  distribution  of  respective  elements.  The  probe  was  focused  to 
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about  a  1  nm  diameter,  and  the  scanning  time  was  60  seconds.  Width  profile  along  the  interface 
was  also  measured  by  the  EDX  Microanalyzer.  The  measurement  was  performed  at  seven 
points  about  every  166  nm.  The  measurement  points  were  adjusted  at  the  interface  by  the  Si 
element  in  the  SiC  substrate.  The  probe  was  focused  about  1  nm  diameter,  and  measurement 
time  was  100  seconds,  respectively. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  surface  morphologies  of  Al^Ga^xN  crystals  grown  at  different  TMA 
flowrates.  The  crystal  height  (Fig.  1.  (a))  and  thickness  of  the  films  (Fig.  1.  (b)~(e))  were  about 
2  and  1 .2  jim,  respectively.  The  respective  AIN  mole  fraction  ‘x’  of  the  films  shown  in 
Figure  1  (a)  to  (e)  was  0,  0.06,  0.07,  0.09,  and  0.13.  Without  TMA  flow,  crystals  assumed  an 
island-like  formation.  On  the  other  hand,  the  crystals  grown  with  TMA  flow  were  film-like. 
However,  we  observed  many  hillocks  on  the  films  grown  at  lower  TMA  flow  rates.  The 
minimum  AIN  mole  fraction  where  an  AlxGai.xN  film  with  smooth  surface  was  obtained  directly 
on  SiC  was  estimated  to  be  0.08.  This  result  was  similar  to  that  reported  by  Bremser  [10]. 

Figure  2  shows  the  full  width  at  half  maximum  (FWHM)  of  the  XRCs  of  the  films. 
FWHM  narrowed  as  the  AIN  mole  fraction  increased.  The  FWHM  of  the  films  exhibiting 
smooth  surfaces  was  about  250  arc  seconds.  These  FWHMs  are  as  small  as  those  of  GaN  grown 
with  AIN  buffer  layers  in  similar  growth  conditions.  The  crystal  quality  of  these  films  was  very 
high. 


(a)  (b)  (c)  (d)  (e) 

Fig.  1.  Surface  morphology  of  AlxGai.xN/SiC  grown  at  different  TMA  flow  rates. 
Respective  TMA  flow  rates  are  (a)  0,  (b)  0.3,  (c)  0.4,  (d)  1.0,  and  (e)  1.6. 


Fig.  2.  Full  width  at  half  maximum  of  x-ray  rocking  curve  of  AlxGai.xN/SiC 
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Depth  profile  of  AI,  Ga,  and  Si,  near  the  Alo.i3Gao,87N/SiC  interface  is  shown  in  Figure  3 
(a).  The  scan  area  is  shown  in  the  cross-sectional  image  of  scanning  transparent  electron 
microscopy  (STEM)  (Fig.  3  (b)).  The  point  where  Si  decreases  is  considered  to  be  the  interface. 
At  this  point,  we  found  that  Al  showed  a  peak.  From  a  quantitative  analysis,  the  AIN  mole 
fraction  at  this  point  exceeded  50%.  We  found  that  an  Al-rich  region  generated  naturally  at  the 
interface  of  Alo.i3Gao,87N/SiC. 

Figure  4  shows  the  surfaces  of  AlGaN  grown  at  different  growth  times  and  with  different 
TMA  flow  rates.  We  observed  the  grain  on  the  surface  of  the  SiC  substrates  in  both  flow  rate 
conditions.  The  grain  density  as  estimated  by  the  photographs  were  about  4x10®  cm'^  for  lower 
flow  rates  and  3x10^  cm'^  for  higher  flow  rates.  The  surface  morphologies  of  films  grown  for 
1 800  seconds  were  rough  at  a  lower  flow  rate  and  smooth  at  higher  flow  rate.  As  the  quantity  of 
grain  was  observed  not  to  increase  over  growth  time,  the  surface  morphology  depended  on  the 
initial  grain  density. 

From  these  results,  we  suggest  a  growth  model  in  Figure  5.  We  consider  that  Al-rich  nuclei 
generated  first  on  SiC,  and  then  AlGaN  grain  generated  on  the  Al-rich  nuclei,  because  the 
saturated  vapor  pressure  of  AIN  was  smaller  than  that  of  GaN,  and/or  AIN  has  a  smaller  lattice 
mismatch  to  SiC  than  GaN.  As  the  nucleation  probability  of  AIN  is  considered  to  depend  on  the 
Al  flux,  the  density  of  both  nuclei  and  grain  appeared  lower  at  lower  TMA  flow  rates  and  higher 
at  higher  TMA  flow  rates.  Finally,  we  obtained  films  both  with  hillocks  and  with  smooth 
surfaces,  as  the  grain  grew  laterally.  We  conclude  that  the  roughness  of  the  film  grown  at  a  lower 
TMA  flow  rate  was  caused  from  insufficient  Al-rich  nuclei. 

Figures  6  (a)  and  7  (a)  show  the  width  profile  of  the  Al  composition  along  the  interface  of 
the  samples  grown  at  lower  and  higher  TMA  flow  rates,  respectively.  Figures  6  (b)  and  7  (b) 
show  the  measurement  points  on  the  cross-sectional  STEM  image.  The  Al  composition  of  the 
film  grown  at  a  higher  flow  rate  was  almost  constant,  however,  it  was  fairly  fluctuant  at  a  lower 
flow  rate.  We  believe  this  fluctuation  is  caused  by  insufficient  nucleation,  as  shown  in  Figure  5. 


Position  (nm) 


(a)  (b) 

Fig.  3.  Depth  profile  of  composition  near  the  Alo,i3Gao.87N/SiC  interface:  (a)  profile  of 
normalized  peak  intensity  of  Al,  Ga,  and  Si,  and  (b)  scanning  area  shown  in  a  STEM  photograph. 
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Fig.  4.  SEM  photographs  of  AlGaN  grown  with  different  growth  times  and  TMA  flow  rates. 
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[AI]/[AI]+[Ga] 


Ai-rich  nuclei 


(a)  (b) 

Fig.  5.  Schematic  diagrams  of  growth  process  of  AlGaN  grown  directly 
on  SiC  at  (a)  lower  and  (b)  higher  TMA  flow  rates. 


Fig.  6.  Fluctuation  of  A1  composition  at  the  Al0.07Ga0.93N/SiC  interface:  (a)  AIN  mole 
fraction  and  (b)  measurement  points  shown  in  a  STEM  photograph.  Probe  was  focused 
to  about  a  1  nm  diameter. 
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(a)  (b) 

Fig.  7.  Fluctuation  of  A1  composition  at  the  Alo.13Gao.87N/SiC  interface:  (a)  AIN  mole 
fraction  and  (b)  measurement  points  shown  in  a  STEM  photograph.  Probe  was  focused 
to  about  a  1  nm  diameter. 


CONCLUSIONS 

We  found  that  an  Al-rich  region,  of  which  the  AIN  mole  fraction  exceeded  50%,  generated 
naturally  at  the  AlGaN/SiC  interface.  This  result  suggests  that  Al-rieh  nuclei  generated  first  on 
SiC.  We  also  found  that  the  surface  morphology  of  AlGaN  grown  directly  on  SiC  depended  on 
the  initial  grain  density,  because  the  quantity  of  grain  did  not  increase  over  growth  time.  From 
the  width  profile,  we  considered  that  an  insufficient  amount  of  Al-rich  nuclei  caused  a  low  gram 
density.  We  conclude  that  a  sufficient  amount  of  Al-rich  nuclei  at  the  initial  growth  stage  of 
AlGaN  on  SiC  leads  a  uniform  growth. 
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ABSTRACT 

We  present  the  metalorganic  chemical  vapor  deposition  growth,  n-type  and  p-type  doping  and 
characterization  of  Al^Gaj.^N  alloys  on  sapphire  substrates.  We  report  the  fabrication  of  Bragg 
reflectors  and  the  demonstration  of  two  dimensional  electron  gas  structures  using  Al^GUj.^N  high 
quality  films.  We  report  the  structural  characterization  of  the  Al,Ga,.^N  /  GaN  multilayer  structures 
and  superlattices  through  X-ray  diffraction  and  transmission  electron  microscopy.  A  density  of 
screw  and  mixed  threading  dislocations  as  low  as  lO’  cm'^  was  estimated  in  Al^Gaj.^jN  /  GaN 
structures.  The  realization  of  Al^GUj.^N  based  UV  photodetectors  with  tailor^  cut-off 
wavelengths  from  365  to  200  nm  are  presented. 

INTRODUCTION 

Ill-Nitride  semiconductors,  such  as  AIN,  GaN,  InN  and  their  alloys,  have  become  the  leading 
material  system  for  wide  bandgap,  short  wavelength,  optoelectronics  applications  because  of  their 
exception^  physical  properties.  Ill-Nitrides  have  a  direct  bandgap  which  is  tunable  in  energy  from 
6.2  eV  (AIN),  3.4  eV  (GaN)  to  1.9  eV  (InN)  making  them  ideal  for  high  efficiency  photonic 
devices  capable  of  operating  from  the  ultraviolet  (UV)  to  the  red  spectral  regions.  Such  devices 
include  UV-visible  light  emitting  diodes  (LEDs),  laser  diodes  and  solar-blind  UV  photodetectors 
for  high  density  optical  storage,  high-brightness  color  displays,  undersea  and  covert  space-to- 
space  communications  and  the  detection  of  spacecraft  above  the  ozone  layer  where  there  is  a  strong 
visible  and  infrared  background. 

We  have  already  reported  the  growth  and  characterization  of  AIN  and  GaN  epilayers  with  the 
narrowest  x-ray  diffraction  linewidths  ever  reported  on  sapphire  substrates,  as  measured  with  an 
X-ray  diffractometer  operated  in  the  “open  detector  mode”  [1,2J.  The  origin  of  the  deep-level 
associated  yellow  luminescence  in  GaN  has  been  attributed  to  Ga  vacancies  [3].  High  quality 
metal-insulator-semiconductor  devices  have  been  fabricated  for  the  first  time  using  AIN  as  the 
insulating  layer  14].  GaN  p-n  homojunction  based  photovoltaic  detectors  have  been  fabricated  and 
modeled  [5j.  The  kinetics  of  photoconductivity  in  n-type  GaN  has  been  studied  [6]. 

In  this  paper,  we  report  the  growth  and  characterization  of  Al^GUj.^N  thin  films  on  basal  plane 
sapphire  substrates  in  the  entire  compositional  range,  the  n-type  and  ^type  doping  of  Al^GUj.^N  as 
a  function  of  alloy  composition  and  dopant  flow  rate,  the  fabrication  of  Bragg  reflectors  using 
Ai^Ga,.jN  alloys,  the  observation  of  a  two-dimensional  electron  gas  (2DEG)  at  Al^Gaj_^N/GaN 
interfaces,  the  reduction  of  dislocation  densities  in  Al^Ga,.jN/GaN  heterostructures  and  the 
fabrication  of  AI^^Gaj^^N  based  ultraviolet  photoconductors  with  cut-off  wavelengths  from  2(X)  to 
365  nm  corresponding  to  the  whole  range  of  Al^Gaj.^N  alloys. 

EXPERIMENT 

Material  Growth 

The  thin  films  were  grown  using  a  horizontal  low  pressure  metalorganic  chemical  vapor 
deposition  reactor  (Aixtron,  Inc.).  The  4  inch  graphite  susceptor  was  RF  heated  and  spun  at  about 
100  rpm  to  enhance  the  uniformity  of  the  films.  Trimethylaluminum  (TMAl),  trimethyl-  (TMGa) 
and  triethyl-gallium  (TEGa)  and  ammonia  (NH3)  were  used  as  the  source  materials.  Dilute  silane 
(35  ppm  SiH^  in  H^)  and  dilute  germane  (50  ppm  GeH4  in  Hj)  were  used  as  the  n-type  dopant 
sources,  while  biscyclopentadienylmagnesium  (CpjMg)  was  used  as  the  p-;type  dopant  source. 
Organometallic  and  hydride  sources  were  separated  until  just  before  reaching  the  susceptor  to 
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minimize  parasitic  reactions.  I'he  carrier  gas  was  a  mixture  ot  hydrogen  and  nitrogen.  Tht  growth 
temperature  was  I OOCC  and  the  growth  pressure  was  10  mbar. 

The  films  were  grown  on  basal  plane  sapphire  (Ai203)  substrates.  A  thin  AIN  butler  layer  was 
tirst  grown  to  improve  the  initial  nucleation  and  enhance  two  dimensional  growth.  I  he  growth 
conditions  of  the  butter  layer  are  described  in  detail  in  a  previous  report  [2J. 

Material  Characterization 

The  structural  properties  of  the  films  were  assessed  through  various  techniques,  including  X- 
ray  diffraction  using  a  diffractometer  operated  in  the  “open  detector  mode”,  scanning  electron 
microscopy  (SEM)  using  a  Hitachi  S4500  Held  emission  microscope  and  transmission  electron 
microscopy  (TEM)  using  a  Hitachi  HF20(X)  Held  emission  microscope.  The  optical  and  electrical 
properties  of  the  films  were  determined  through  optical  transmission,  photoluminescence  using  a 
10  mW  He-Cd  laser  and  Hall  effect  measurements. 

RESULTS 

Undoped  Al.Ga,  N  Thin  Films  on  (00*1  i  Sapphire 

The  undoped  Al^Ga,  thin  films  were  grown  on  sapphire  in  the  same  growth  conditions  as 
for  the  GaN  epilayere  we  reported  earlier  [2],  except  that  the  A1  source  partial  pressure  in  the 
reactor  was  varied.  The  films  were  about  1  ptm  thick  as  determined  by  SEM,  corresponding  to  a 
growth  rate  of  about  1  ;^m/hr.  The  samples  were  transparent  with  smooth  surface  morphologies, 
and  they  were  insulating.  The  alloy  composition  was  determined  both  by  optical  transmission  and 
X-ray  diffraction.  However,  the  X-ray  diffraction  peak  positions  were  shifted  from  their  values 
for  bulk  films  due  to  significant  residual  strain  in  the  thin  (OOl)  Al,,Ga,.,N  films  which  resulted 
from  a  combination  of  lattice  and  thermal  mismatch  between  the  film  and  the  AljOj  substrate  [7J. 
Therefore,  optical  transmission  offered  a  better  measure  of  the  A1  concentration  than  X-ray 
diffraction  and  this  is  the  method  we  used  in  the  rest  of  the  paper.  Figure  1  shows  typical  optical 
transmission  spectra  of  Al^Ga,,^N,  demonstrating  that  the  entire  ternary  alloy  composition  is 
achieved.  Figure  2  shows  the  X-ray  rocking  curve  linewidths  of  the  002  diffraction  peak  for 
selected  alloy  compositions.  The  linewidths  were  lower  than  4  arcmins  lor  up  to  50%  Al,  which 
represents  the  lowest  values  ever  reported  for  such  Alj,Ga,_^N  compounds.  These  linewidths  are 
more  than  10  times  narrower  than  those  reported  in  [8J, 
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Figure  1.  Room  temperature  optical 
transmission  spectra  of  Al,^Ga,.,N  thin 
films  on  sapphire  substrates. 
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Figure  2.  X-ray  rocking  curve  linewidths 
of  selected  Al^Ga,.^N  thin  films  on 
sapphire  substrates. 
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Doping  of  Al^Ga^ 

N-type  and  p-type  doping  of  Al^Ga,.^N  compounds  was  achieved  by  incorporating  the  dopant 
during  the  epitaxial  growth.  Doping  was  studied  as  a  function  of  A1  concentration  and  dopant  flow 
rate. 

Figure  3  shows  the  resistivity,  electron  mobility  and  concentration  in  Al^GUj.^N  thin  films 
dofjed  with  a  fixed  flow  of  SiH^  as  a  function  of  alloy  composition.  It  shows  that  the  resistivity 
increases  exponentially  with  Al  concentration.  The  values  for  the  resitivity  were  about  1  order  of 
magnitude  lower  than  those  reported  in  [9]  and  several  orders  lower  than  those  reported  in  [10]. 
Mobilities  as  high  as  80  can^/Vs  were  measured  on  Al^  ^Ga^  gNiSi,  which  is  the  highest  value  ever 
reported  for  such  a  high  Al  concentration.  The  graph  also  shows  that  Al^Ga,  ,^N  compounds  can 
be  n-type  doped  for  an  Al  concentration  higher  than  50%,  which  is  very  promising  for  the 
realization  of  device  structures  with  large  band  offsets  using  Ill-Nitride  materials.  This  is  first  time 
highly  conductive  Al^Ga,.^N  films  have  been  obtained  for  such  high  Al  concentrations. 

Figure  4  shows  the  resistivity  of  Al^Gaj.^N  thin  films  doped  with  a  fixed  flow  of  Cp2Mg  as  a 
function  of  alloy  composition.  In  order  to  activate  the  incorporated  Mg,  the  samples  were 
subjected  to  thermal  annealing  prior  to  any  electrical  measurement.  Here  again,  the  plot  shows  that 
the  resistivity  increases  exponentially  with  Al  concentration,  from  ~  2  Q.cm  for  GaN  up  to  ~  10^ 
Q.cm  for  Alo^Ga^  ^N. 

The  n-type  doping  of  Aly  ^Ga^  gN  was  studied  as  a  function  of  SiH^  and  GeH^  flow  rates.  The 
carrier  concentrations  increased  linearly  with  dopant  flow  rate,  up  to  3x10'^  cm'^.  The  surface 
morphology  of  the  films  was  not  deteriorated  by  the  doping  in  this  range  and  the  films  were  free 
from  cracks. 


Figure  3.  Room  temperature  resistivity.  Figure  4.  Room  temperature  resistivity 

electron  mobility  and  concentration  of  of  Mg-doped  Al^Gaj.^^N  thin  films. 

Si-doped  AI^^GUi.^N  thin  films. 

Al^ Ga,  N  Based  Bragg  Reflectors 

Building  on  our  success  to  grow  high  quality  doped  Al^Ga,.,^N  films,  we  realized  Bragg 
reflectors  on  basal  plane  sapphire  substrates.  They  consisted  of  20  periods  of  Si-doped 
{Aly  jGay  5N  /  Aly  jGa„  gN}  multilayers  grown  on  an  AIN  buffer  layer.  The  period  thickness  was 
on  the  order  of  1000  A,  with  each  layer  thickness  on  the  order  of  400-500  A.  Figure  5  shows  the 
room  temperature  optical  transmission  for  selected  quarter-wave  stacks.  The  dip  in  the 
transmission  spectrum  corresponds  to  the  peak  reflectivity  of  the  structure.  A  peak  reflectivity 
higher  than  60%  may  be  estimated  from  these  curves.  By  varying  the  multilayer  period  thickness. 
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we  were  able  to  tune  the  peak  reflectivity  from  330  nm  to  456  nm.  The  structures  were  electrically 
conductive  with  high  mobilities  (-100  cm^/Vs).  These  results  are  very  promising  for  the 
realization  of  vertical  cavity  surface  emitting  blue  lasers  using  llkNitride  materials. 


Wavelength  (nm) 

Figure  5.  Room  temperature  optical  transmission  of  selected  Bragg  reflectors 
using  {Alp  sGao  5N  /  AIq  jOa^  gN}  multilayers 

Two  Dimensional  Hectron  Gas  in  A1  Ga.  ^N-GaN  Heterostructures 


In  order  to  determine  and  improve  the  quality  of  our  heterostructure  interfaces,  we  attempted  to 
achieve  two  dimensional  electron  gas  in  Al^Gaj.^N:Si  /  GaN  structures  on  basal  plane  sapphire 
substrates.  More  precisely,  a  0.7  ptm  thick  insulating  GaN  was  first  grown  on  the  AIN  bufter 
layer.  Then  a  -30  A  thick  undoped  Al^  jsGa^  „N  was  grown,  followed  by  a  -570A  thick  Si-doped 
Alo  75N  electron  emitter  layer.  These  thicknesses  and  the  ternary  composition  were  arbitranly 
chosen.  A  typical  X-ray  diffraction  spectrum  of  this  structure  is  shown  in  Figure  6.  The  electrical 
properties,  as  determined  by  Hall  measurements  as  a  function  of  temperature,  are  shown  in  Figure 
7.  The  sheet  carrier  density  was  constant  near  10'^  cm'^,  while  the  mobility  increased  up  to  600 
cm^/Vs  when  the  temperature  was  reduced.  This  behavior  of  the  sheet  carrier  density  and  mobility 
clearly  demonstrate  the  presence  of  a  two  dimensional  electron  gas  in  this  structure. 


20  /  0)  (degrees)  T  (K) 

Figure  6.  X-ray  diffraction  spectrum  Figure  7.  Temperature  dependent  Hall 

of  a  Alo  „Gao  ^^NiSi  /  GaN  structure  data  for  a  Al,,  ^gGa^  „N:Si  /  GaN 

exhibiting  2  DEG.  structure  exhibiting  2DEG. 
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A  more  recent  sample  exhibited  mobilities  of  -1000  cm^/Vs  and  2000  cmVVs  at  300K  and  77K 
respectively,  but  the  temperature  dependent  electrical  measurements  were  not  measured.  These 
mobilites  are  still  lower  than  those  reported  recently  [11],  but  the  results  presented  here  were 
obtained  on  unoptimized  structures.  More  optimization  is  needed  to  further  enhance  the  carrier 
mobility. 

Al^^i  /  GaN  Superlattices 

To  further  characterize  our  Al^Gaj.^N  /  GaN  structures,  we  grew  a  few  superlattices  and 
structurally  characterized  them  with  X-ray  diffraction  and  transmission  electron  microscopy.  The 
X-ray  diffraction  spectrum  of  a  superlattice  consisting  of  13  period  {500A  Al^  ^Ga^  /  50A  GaN} 
structure  grown  on  a  sapphire  substrate  showed  two  main  peaks  corresponding  to  the  bulk  GaN 
layer  and  the  Al^  ^Ga^  gN  layers.  The  widths  of  these  peaks  were  about  100  arcsecs.  Satellite 
peaks  can  be  clearly  observed  up  to  the  tenth  peak,  confirming  the  excellent  quality  of  the  films. 
The  TEM  analysis  will  be  discussed  below. 

Transmission  Electron  Microscopy  of  Al^Ga,  ,N  /  GaN  Heterostructures 

The  cross  section  TEM  samples  were  prepared  by  first  M-bonding  two  pieces  face-to-face, 
then  mechanically  polishing  down  (-10  ptm),  followed  by  Ar^  ion  milling  to  reach  electron 
transparency.  The  TEM  observations  were  carried  out  with  the  microscope  operated  at  200  keV. 
The  samples  were  viewed  in  bright  field  with  g=00*2. 

Very  low  threading  dislocation  densities  were  achieved  in  Al^Ga,  ,N  /  GaN  structures.  For 
example,  a  cross  sectional  TEM  micrograph  of  a  typical  GaN  /  Al,,  ^^N  /  GaN  heterostructure 
on  sapphire  substrate  showed  how  threading  screw  and  mixed  dislocations  were  annihilated  at  each 
successive  interface.  A  screw  and  mixed  dislocation  density  of  10"^  cm'^  in  the  top  GaN  layer  was 
obtained  [12].  Further  measurements  are  under  way  to  confirm  such  low  values. 

The  TEM  cross  sectional  micrograph  of  a  15  period  {lOOA  Alo33Gaof;,N  /  50A  GaN} 
superlattice  showed  extremely  sharp  interfaces.  Fligh  resolution  micrographs  showed  that  the 
interfaces  were  atomically  sharp. 


Figure  8.  Room  temperature  normalized  photoresponse  of  Al,^Ga,.^N  photodetectors. 

A1  .N  Ultraviolet  Photoconductors 

Our  success  in  achieving  high  quality  Al^GUj.^N  alloys  allowed  us  to  realize  ultraviolet 
photodetectors  with  various  cut-off  wavelengths.  The  photoconductors  were  fabricated  using  the 
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A1  Ga  N  epilayers  (0.5  to  1.5  pirn)  deposited  as  described  previously.  Metal  contacts  were 
deposit^  onto  the  film  to  realize  low  resistance  ohmic  contacts.  The  spectral  responsivity  ot  these 
devices  was  measured  using  a  Xe  arc  lamp,  focused  into  a  monochromator  after  an  optical 
chopper.  The  detector  was  placed  at  the  exit  of  the  monochromator  and  a  standard  synchronous 
detection  scheme  was  used.  The  spectral  power  ot  the  Xe  lamp  was  calibrated  using  a  Si 

ultraviolet  photodetector.  . 

Figure  8  shows  the  normalized  photoresponse  of  these  detectors.  The  cut-ott  wavelengths  can 
be  clearly  tailored  from  365  nm  to  200  nm  with  the  alloy  composition.  To  the  best  ot  our 
knowledge,  this  is  the  only  report  of  photodetectors  with  cut-off  wavelengths  as  low  as  200  nm, 
using  Ill-Nitride  materials. 

CONCLUSIONS 

In  conclusion,  we  have  reported  the  MOCVD  growth,  n-type  and  p-type  doping  and 
characterization  of  A1  Ga,  ,N  alloys  on  sapphire  substrates.  We  have  presented  the  fabncation  ot 
A1  Ga,.  N  based  Bragg  reflectors  with  controlled  peak  reflectivity  wavelength  and  the 
demonsWtion  of  two  dimensional  electron  gas  in  111-Nitrides.  Al^GUj.^N  /  GaN  heterostmctures 
and  superlattices  exhibited  sharp  interfaces  and  clear  satellite  peaks  in  the  X-ray  diffraction 
spectrum  We  have  reported  the  reduction  of  the  density  ot  screw  and  mixed  thr^ding 
dislocations  in  A1  Ga,  ,N  /  GaN  structures  to  10"  cm  "  using  high  quality  materials  and  interfaces. 
Finally,  we  have  demonstrated  Al,Ga,.,N  based  UV  photodetectors  with  tailored  cut-ofl 
wavelengths  from  365  to  200  nm. 
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ABSTRACT 

The  development  of  high  quality  indium  based  Ill-nitride  compounds  is  lagging  behind  the 
corresponding  aluminum  and  gallium  based  compounds.  Potential  problems  confronting  the 
growth  of  epitaxial  and  double  heterostructure  InGaN  will  be  discussed.  A  mass  balance  model  is 
presented  describing  the  competing  reaction  pathways  occurring  during  the  growth  of  indium 
containing  compounds.  Atomic  layer  epitaxy  and  metalorganic  chemical  vapor  deposition  grown 
InGaN  films  will  be  used  to  explain  this  model.  Also,  the  growth  parameters  leading  to  the 
attainment  of  high  InN  percentages,  reduced  indium  metal  formation,  and  improved  structural  and 
optical  properties  of  indium  containing  nitrides  will  be  discussed. 

INTRODUCTION 

The  development  of  high  quality  ni-nitride  compound  semiconductor  thin  films  has  led  to 
the  commercial  production  of  light  emitting  diodes  (LEDs)[l]  and  the  demonstration  of  laser  diodes 
(LDs)[2]  based  on  these  materials.  InGaN  epitaxial  films  and  their  corresponding  double 
heterostructures  (DHs)  play  a  critical  role  in  the  development  of  these  nitride  based  devices. 
Research  into  the  growth  of  InGaN  films  is  hindered  by  several  problems.  These  include:  1)  The 
weak  In-N  bond  necessitating  the  use  of  a  high  equilibrium  vapor  pressure  of  nitrogen  to  prevent 
In-N  dissociation  and  the  resulting  desorption  of  the  reactive  indium  species  from  the  film  surface. 
For  comparison,  the  equilibrium  vapor  pressure  of  nitrogen  over  InN  is  several  orders  of 
magnitude  higher  than  that  of  AIN  and  GaN.[3]  2)  Indium  metal  droplet  formation  on  the  nitride 
film  surface.  Under  certain  growth  regimes,  indium  metal  can  form  leading  to  poor  optical  and 
electrical  properties  as  well  as  low  InN  percentages  in  the  growing  film.  3)  The  influence  of  the 
reactive  gas  fluxes  on  the  InN  percent.  The  overall  concentration  of  indium  that  is  incorporated 
strongly  depends  on  not  only  the  indium  precursor  flow  but  also  the  gallium  precursor  and 
ammonia  flows  into  the  reactor. 

This  paper  will  review  our  current  progress  in  indium  based  Ill-nitride  compounds  starting 
with  a  mass  balance  model  that  helps  explain  the  reaction  processes  occurring  during  the  deposition 
of  indium  containing  nitride  films. 

EXPERIMENT 

A  versatile  growth  reactor  has  been  designed  for  the  growth  of  Ill-nitride  compounds  based 
on  the  rotating  susceptor  and  has  been  described  elsewhere.  [4,5]  The  versatility  of  the  system  is 
due  to  its  unique  susceptor  design,  shown  in  Figure  1,  which  allows  the  system  to  be  operated  in 
three  different  growth  modes:  Metalorganic  chemical  vapor  deposition  (MOCVD),  molecular 
stream  epitaxy  (MSE),  and  atomic  layer  epitaxy  (ALE).  For  MOCVD  and  MSE,  ammonia  is 
injected  into  the  reactor  through  Port  2  with  Port  3  carrying  only  nitrogen.  For  MOCVD,  the 
Rotating  Susceptor,  which  holds  the  sample,  remains  stationary  under  the  dual  flow  of 
organometallics  and  ammonia  during  the  entire  growth.  For  MSE,  the  rotating  part  rotates,  thus 
intermittently  exposing  the  sample  to  the  organometallic/ammonia  stream.  This  allows  a  thin  layer 
of  material  to  be  deposited  and  effectively  annealed  during  each  rotation  cycle.  For  ALE  growth, 
nitrogen  is  injected  through  Port  2  and  ammonia  is  injected  through  Port  3  thus  separating  the 
reactant  gases  and  eliminating  the  possibility  for  gas  phase  reactions.  The  sample  is  first  exposed 
to  the  organometallic  gas  stream  then  rotated  under  the  ammonia  gas  stream.  When  the  sample 
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Port  2 


Figure  1 .  Rotating  susceptor  design  utilized  for  the  growth  of  Ill-nitride  compounds. 

returns  to  the  organometallic  gas  stream  one  cycle  is  complete.  It  should  be  emphasized  that  any  of 
the  three  growth  modes  can  be  selected  on  demand  at  any  time  during  a  single  experiment. 

RESULTS 

The  incorporation  of  indium  to  form  InGaN  is  controlled  by  several  simultaneous 
competitive  processes.  The  salient  rate  processes  involved  are; 

1)  Indium  incorporation  in  the  solid  ternary  alloy,  Fj  (atoms/cmVsec) 

2)  Atomic  indium  desorption  from  the  growth  surface,  F^  (atoms/cmVsec) 

3)  Indium  incorporation  as  indium  metal  droplets,  F^  (atoms/cmVsec) 

It  should  be  noted  that  the  rate  process,  F^,  can  be  due  to  the  desorption  of  solitary  adsorbed 
indium  atoms  or  due  to  the  breaking  of  the  existing  In-N  bond.  Thus,  for  an  EDMIn  incident  flux, 
Fjj,  (atoms/cmVsec),  the  following  mass  balance  equation  can  be  assumed: 

Fi„=Fs  +  Fd  +  F.  (1) 

For  growth  temperatures  in  the  600  -  800°C  range  it  is  expected  that  EDMIn  is  fully  decomposed  to 
indium  atoms  at  the  surface.  Based  on  the  In^Ga,,^N  growth  both  by  MOCVD  (0  <  x  <  0.40)  and 
ALE  (0  <  X  <  0.25),  we  found  that  the  growth  temperature  plays  an  important  role  as  shown  in 
Figure  2.  In  this  figure  the  InN  percent  obtained  by  MOCVD  critically  depends  on  the  growth 
temperature.  This  dependence  has  also  been  observed  by  others.  [6] 

The  relative  stability  of  gallium  compared  to  indium  on  the  nitride  surface  is  supported  by 
the  observed  behavior  of  gallium  and  indium  atoms  on  arsenic  terminated  GaAs  and  InGaAs 
surfaces.  The  lifetimes  of  gallium  and  indium  on  an  arsenic  surface  at  600°C  are  10  and  1  second, 
respectively. [7]  Thus  it  is  safe  to  conclude  that  in  the  nitride  system  the  desorption  rate  for  indium 
atoms  is  greater  than  for  gallium  atoms  and  gallium  atoms  at  the  surface  will  have  a  very  high 
chance  of  being  incorporated  in  the  growing  surface.  This  explains  the  earlier  MOCVD  results 
[6,8]  where  a  vapor  pressure  ratio  of  indium  to  gallium  precursors  as  high  as  12  was  used  to 
achieve  an  InN  content  of  about  20%  only.  The  reaction  pathway,  F^,  can  also  be  used  to  explain 
the  lower  operating  temperature  range  of  ALE  compared  to  MOCVD  since  ALE  relies  on  growth 
interruption  that  can  be  much  longer  than  the  residence  time  of  indium  atoms  on  the  growing 
surfaces.  Thus,  InN  percents  greater  than  about  25%  were  difficult  to  achieve. 
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Figure  2.  Temperature  dependence  of  In 
incorporation  by  MOCVD. 
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Figure  3.  Dependence  of  In  incorporation  on 
TMGa  flow  for  the  same  EDMIn/TMGa  ratio. 


With  reduced  growth  temperature  Fj  will  be  reduced  and  there  will  be  a  competition 
between  F^  and  F,  reaction  pathways.  Both  indium  and  gallium  atoms  on  the  surface  will  react 
with  ammonia  independently  or  collectively  to  form  (InN)^  and  (GaN),.^  in  the  ternary  alloy 
according  to  the  following  reactions:[9] 


In  +  NHj  ->  (InN),  +  3/2H2  (2) 

Ga  +  NH3  ->  (GaN),.,  +  3/2H2  (3) 


since  the  Ga-N  bond  is  stronger  than  the  In-N  bond,  the  equilibrium  constant  for  equation  (3)  is 
larger  than  equation  (2).  This  will  allow  gallium  atoms  to  be  retained  in  the  growing  film  more 
efficiently  than  indium  atoms.  This  can  result  in  surface  stabilization  by  the  Ga-N  thereby  aiding 
indium  incorporation  since  the  residence  time  for  the  indium  atom  is  very  short  compared  to  the 
gallium  atom.  Therefore,  in  certain  growth  regimes,  indium  incorporation  can  increase  with  TMGa 
flow  enhancing  reaction  pathway  F^  and  will  result  in  higher  values  of  InN  as  suggested  by  the 
data  in  Figure  3  for  the  ALE  growth  at  650°C  for  the  same  EDMIn/TMGa  partial  pressure  ratio  of 
0.3  in  the  gas  phase.  The  increase  in  TMGa  flux  in  Figure  3  from  1  pmole/min  to  6  pmole/min 
results  in  an  increase  in  the  InN  percent  from  7  to  20,  respectively.  A  similar  trend  has  been 
observed  in  the  MOCVD  growth  of  InGaN  where  the  EDMIn  flow  was  kept  constant  and  the 
TMGa  flow  was  increased.  It  should  be  mentioned  that,  both  for  ALE  and  MOCVD,  increasing 
the  TMGa  flow  rate  will  also  increase  the  growth  rate  that  can  help  in  trapping  indium  atoms, 
however,  InGaN  films  with  poor  optical  and  structural  quality  were  obtained. 

Intuitively,  to  incorporate  higher  percentages  of  InN  in  the  growing  film,  lower  growth 
temperatures  and  a  high  EDMIn  flux,  Fj„,  are  needed,  and  that  is  where  growth  difficulties  are 
encountered.  The  main  problem  will  be  the  formation  of  indium  metal  droplets  on  the  film  surface, 
especially  if  the  ammonia  flow  is  fairly  low,  as  detected  by  SEM,  optical  microscopy,  and  x-ray 
diffraction.  The  presence  of  sufficient  densities  of  indium  atoms  diffusing  across  the  film  surface 
increases  the  probability  of  forming  indium  clusters.  Once  these  clusters  form  a  critical  size,  they 
become  thermodynamically  stable  and  can  continue  to  grow.  These  indium  droplets  will  act  as 
sinks  for  the  available  indium  surface  atoms  thus  competing  with  and  in  some  cases  dominating  the 
process  of  indium  incorporation  in  the  InGaN  film.  These  indium  droplets  on  the  surface  can 
explain  our  experimental  observation  that  the  percentage  of  InN  in  the  film  tends  to  saturate  with 
increasing  EDMIn  flux  in  this  growth  regime  showing  almost  no  dependence  on  the 
EDMIn/(EDMIn  -t-  TMGa)  partial  pressure  ratio  in  the  gas  phase,  a  dependence  cornmonly 
observed  in  the  growth  of  other  III-V  indium  based  compounds.  Another  observation  from  the  x- 
ray  diffraction  spectra  is  that  the  amount  of  indium  metal  on  the  surface  decreases  with  increasing 
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ammonia  flow.  This  can  be  due  to  the  increased  availability  of  nitrogen  bonding  sites  for  the 
indium  as  a  result  of  the  increased  amount  of  nitrogen  radicals  from  the  ammonia.  Indium  metal 
can  be  completely  etched  away  by  HCI  indicating  its  presence  on  the  film  surface.  These  droplets 
are  mainly  indium  metal  with  traces  of  carbon  and  no  gallium  signal  by  EDS  indicating  they  do  not 
act  as  sinks  for  gallium  atoms.  This  can  be  attributed  to  the  stronger  Ga-N  bond  versus  the  In-N 
bond  and  their  effect  on  the  surface  diffusion  properties,  such  as  diffusion  lengths  of  the  gallium 
and  indium  atoms.  Therefore,  to  achieve  high  quality,  high  percentages  of  InN  in  InGaN,  the 
EDMIn,  TMGa,  and  ammonia  fluxes  as  well  as  the  growth  temperature  and  growth  rate  must  be 
optimized  for  a  given  reactor  to  avoid  the  formation  of  indium  droplets  on  the  film  surface. 

CONCLUSIONS 

The  material  quality  of  indium  containing  nitride  alloys  lags  substantially  behind  that 
obtained  in  aluminum  and  gallium  compounds.  Potential  problems  with  indium  incorporation 
include  the  weak  In-N  bond,  indium  segregation  at  the  growing  surface,  and  the  lack  of  lattice 
matched  systems  for  heterostructures.  A  mass  balance  model  is  presented  describing  the  reaction 
pathways  available  to  the  indium  atom  during  deposition;  desorption,  incorporation  in  the  solid 
phase,  and  metal  formation. 
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ABSTRACT 

InGaN  has  been  grown  on  GaN  and  AlGaN  epitaxial  layers  by  metalorganic  vapor  phase 
epitaxy  (MOVPE)  and  “the  composition  pulling  effect”  at  the  initial  growth  stage  of  InGaN 
has  been  studied  in  relation  to  the  lattice  mismatch  between  InGaN  and  the  bottom  epitaxial 
layers.  Crystalline  quality  of  InGaN  is  good  near  the  interface  of  InGaN/GaN  and  the 
composition  of  InGaN  is  close  to  that  of  GaN.  With  increasing  growth  thickness,  the 
crystalline  quality  becomes  worse  and  the  indium  mole  fraction  is  increased.  The  composition 
pulling  effect  becomes  stronger  with  increasing  lattice  mismatch. 

INTRODUCTION 

High  brightness  blue  and  green  light-emitting  diodes  (LEDs)  used  III-V  nitride 
semiconductors  have  been  already  put  to  practical  use  [1,  2].  Recently,  the  realization  of  short 
wavelength  laser  diodes  (LDs)  has  been  reported  [3,  4].  These  optoelectronic  devices  consist 
of  double  heterostructures  (DH)  which  consist  of  an  InGaN  active  layer  sandwiched  between 
GaN  and  AlGaN  clad  layers.  Therefore,  the  large  lattice  mismatch  between  InGaN/GaN  or 
InGaN/AlGaN  probably  has  a  great  influence  on  not  only  the  characteristics  of  InGaN  but  also 
the  crystal  growth  mechanism  of  InGaN. 

Our  previous  papers  [5,  6]  reported  “the  composition  pulling  effect”,  namely,  that  the 
indium  mole  fraction  is  small  at  the  initial  growth  stage  of  InGaN  grown  on  the  GaN  epitaxial 
layer  and  increases  with  increasing  growth  thickness,  and  suggested  that  this  effect  is  affected 
by  the  strain  due  to  the  lattice  mismatch  in  InGaN/GaN. 

In  this  paper,  we  fabricated  InGaN/GaN  and  InGaN/AlGaN  heterostructures  with 
different  lattice  mismatches  and  investigated  the  composition  pulling  effect  as  a  function  of  the 
lattice  mismatch.  For  comparing  with  these  heterostructures  we  grew  InGaN  directly  on  the 
low  temperature  (LT)  buffer  layer  in  which  the  lattice  strain  is  relaxed  near  the  LT  buffer  layer. 
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EXPERIMENT 

Crystal  growth  of  InGaN  and  other  III-V  nitride  semiconductors  was  performed  by 
vertical-type  metalorganic  vapor  phase  epitaxy  (MOVPE).  The  growth  was  carried  out  at 
atmospheric  pressure.  C-plane  sapphire  (a-Al203)  was  used  as  a  substrate. 
Trimethylgallium  (TMG),  trimethylindium  (TMI),  trimethylaluminum  (TMA)  and  ammonia 
(NH3)  were  used  as  Ga,  In,  A1  and  N  source  gases,  respectively.  Hydrogen  (H2)  gas  was  used 
as  carrier  gas  during  the  growth  process. 

The  substrate  was  heated  to  1150°C  in  a  stream  of  H2  for  10  minutes  for  thermal 
cleaning  of  the  substrate.  Then,  we  fabricated  two  types  of  hetero  structures;  (1)  InGaN  grown 
on  a  GaN  or  AlGaN  epitaxial  layer  and  (2)  InGaN  grown  on  a  LT  buffer  layer.  The  lattice 
deformation  due  to  the  lattice  mismatch  exists  in  InGaN  of  (1),  while  it  is  relaxed  by  the  LT 
buffer  layer  in  InGaN  of  (2).  In  the  case  of  (1),  the  substrate  temperature  was  lowered  to 
600°C  to  deposit  the  AIN  LT  buffer  layer.  Next,  the  substrate  temperature  was  elevated  to 
lOSO^C  to  grow  the  GaN  or  Alo.09Gao.91N  epitaxial  layer  (about  2.5fxm  thick).  Again,  the 
substrate  temperature  was  lowered  to  grow  InGaN.  In  the  case  of  (2),  the  substrate 
temperature  was  lowered  to  600°C  to  deposit  the  AIN,  GaN  or  AlGaN  LT  buffer  layer  (about 
50nm).  Next,  the  substrate  temperature  was  elevated  to  1050°C  for  thermal  annealing  for  a 
few  seconds.  Immediately,  the  substrate  temperature  was  lowered  to  grow  directly  InGaN. 

In  order  to  change  the  lattice  mismatch  between  InGaN  and  the  bottom  epitaxial  layer, 
we  changed  the  indium  mole  fraction  of  InGaN  by  controlling  the  growth  temperature  (800  C 
and  840°C)  and  also  used  the  different  bottom  epitaxial  layers  of  GaN  and  Alo,o9Gao.9iN. 
During  the  InGaN  growth,  the  flow  rate  of  NH3,  TMG  and  TMI  were  maintained  at  4.0  1/min, 
7.33pmol/min  and  18.7pmol/min.  Details  of  the  growth  conditions  and  growth  processes  are 
described  in  other  articles  [5,6], 

The  indium  mole  fraction  of  InGaN  was  determined  by  Electron  Probe  Microanalysis 
(EPMA).  Photoluminescence  (PL)  measurement  was  carried  out  at  room  temperature  (R.T.) 
by  using  a  He-Cd  laser  (325nm). 

RESULTS  AND  DISCUSSION 

Figure  1  shows  surface  and  cross-sectional  SEM  images  of  InGaN  grown  on  the  GaN 
epitaxial  layer  at  the  growth  temperature  (Tg)  =  800°C  (type  (1)  sample)  for  different  growth 
times  of  5min,  lOmin,  15min  and  60min.  Crystalline  defects  begin  to  generate  on  the  surface  at 
the  InGaN  thickness  of  0.2pm  (fig.  1  (a)),  the  surface  becomes  gradually  rough  (fig.  1(b),  (c)) 
and  the  surface  of  InGaN  grown  for  60min  is  very  rough  (fig.  1(d)  ).  As  seen  in  fig.  1(h), 
InGaN  was  divided  into  two  types  of  areas  :  “a  homogeneous,  layer  growth  area  and  a 
rough,  column  growth  area”. 


90 


Fig.l.  Surface  ((a)-(d))  and  cross-sectional  ((e)-(h))  SEM  images  of  InGaN  grown  on  the  GaN 
epitaxial  layer  at  800^3.  InGaN  were  grown  for  (a),(e);5inin,(b),(f);10min,(c),(g):15inin  and 
(d),(h);60min.Markers  represent  2|im. 


On  the  other  hand,  figure  2  shows  a  cross-sectional  SEM  image  of  InGaN  grown  directly 
on  the  AIN  LT  buffer  layer  at  Tg=800°C  (type  (2)  sample).  The  indium  mole  fraction  was 
0.2  from  EPMA.  The  surface  is  smooth  and  the  homogeneous  InGaN  growth  is  obtained. 
Figure  3  shows  PL  spectra  of  InGaN  grown  directly  on  the  AIN  buffer  layer  at  Tg=800°C  for 
different  growth  times  of  15min,  30min  and  60min  (the  thickness  was  varied  from  0.5fxm  to 
2pm).  The  spectra  indicate  the  band-edge-emissions  in  which  the  peak  wavelength  was 
constant  at  420nm.  These  results  agreed  with  InGaN  grown  on  another  LT  buffer  layers 
(GaN  and  AlGaN). 

Figure  4  shows  PL  spectra  of  InGaN  grown  on  the  GaN  epitaxial  layer  at  Tg  =  800°C. 
The  thin  InGaN  grown  for  the  short  growth  time  has  a  sharp  PL  spectrum  at  a  peak 
wavelength  of  387nm,  and  its  indium  mole  fraction  is  0.07  from  EPMA.  As  the  growth 
thickness  increases,  the  peak  wavelength  shifts  toward  longer  wavelength  and  it  becomes 
constant  at  420nm.  The  indium  mole  fraction  determined  by  EPMA  increased  from  0.07  to 
0.2,  whose  shift  corresponds  to  the  red  shift  of  the  PL  peak  wavelength.  Figure  5  shows  the 
growth  thickness  dependence  of  the  PL  peak  wavelength  for  various  InGaN  layers  that  have 
been  grown  on  the  AIN  LT  buffer  layer  at  Tg=800°C  (a)  and  Tg=840“C  (d),  grown  on  the 
GaN  epitaxial  layer  at  Tg=800°C  (b)  and  Tg=840°C  (e),  and  grown  on  the  Al0.09Ga0.91N 
epitaxial  layer  at  Tg=800°C  (c).  Here,  we  can  consider  three  different  lattice  mismatches 
between  InGaN  and  the  bottom  epitaxial  layers  ((b),  (e)  and  (c)). 

In  InGaN  grown  directly  on  the  LT  buffer  layer,  the  peak  wavelength  was  constant  at 
420nm  for  800°C  growth  (a)  and  383nm  for  840°C  growth  (d)  regardless  of  the  growth 
thickness,  suggesting  the  composition  is  not  affected  by  the  interface  and  is  given  simply  by  the 
thermal  equilibrium  between  the  gas  phase  and  solid  phase.  For  this  reason  the  composition 
pulling  effect  does  not  occur  in  this  case. 

On  the  other  hand,  the  thin  InGaN  grown  at  800°C  on  the  GaN  (b)  and  the  AI0.09Gao.91N 
(c)  epitaxial  layers  indicate  shorter  wavelength  than  that  of  (a)  and  with  increasing  growth 
thickness  the  peak  wavelength  shifts  drastically  toward  longer  wavelength  and  finally  becomes 
the  same  value  as  (a).  Furthermore,  the  thin  InGaN  grown  at  840  C  on  the  GaN  (e)  epitaxial 
layer  indicate  a  shorter  wavelength  than  that  of  (d)  and  with  increasing  growth  thickness  the 
peak  wavelength  shifts  toward  longer  wavelength  drastically  and  finally  becomes  the  same 
value  as  (d).  The  critical  thickness  at  which  the  peak  wavelength  begins  to  switch  is 
corresponding  to  that  at  which  the  surface  becomes  rough,  as  seen  in  fig.  1 ,  It  was  found  that 
the  larger  the  lattice  mismatch  between  InGaN  and  bottom  epitaxial  layers,  the  thinner  the 
critical  thickness,  and  that  the  larger  the  difference  of  lattice  mismatch,  the  larger  the 
compositional  shift  of  InGaN.  Thus,  the  composition  pulling  effect  is  strongly  affected  by  the 
lattice  mismatch  between  InGaN  and  the  bottom  layers.  This  implies  that  the  indium 
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Fig.2.  Cross-sectional  SEM  image  of  InGaN 
grown  on  the  AIN  LT  buffer  layer,  InGaN  were 
grown  for  60min.  Marker  represents  2fr.m. 


WAVELENGTH  (nm) 

Fig.  3.  PL  spectra  at  room  temperature  of  InGaN 
grown  on  the  AIN  LT  buffer  layer.  InGaN  were 
grown  for  (a)15min,(b)30min  and  (c)60min. 


Fig.  4,  PL  spectra  at  room  temperature  of  InGaN 
grown  on  the  GaN  epitaxial  layer.  InGaN  were 
grown  for  (a)5min,  (b)lOmin,  (c)15min,(d)20min, 
{e)25min,  (f)30min,  (g)45min  and  (h)60min. 
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Fig.5,  Growth  thickness  dependence  of  PL  peak 
wavelength  for  InGaN, 

(a) #  InGaN  on  AIN  LT  buffer  layer  at  Tg=800°C 

(b) 0  InGaN  on  GaN  epitaxial  layer  at  Tg=800°C 

(c)  A  InGaN  on  AlGaN  epitaxial  layer  at  Tg=800°C 

(d) B  InGaN  on  AIN  LT  buffer  layer  at  Tg-840°C 

(e) n  InGaN  on  GaN  epitaxial  layer  at  Tg=840°C 
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distribution  mechanism  in  InGaN  is  caused  by  the  lattice  deformation  due  to  the  lattice 
mismatch.  That  is,  indium  atoms  are  excluded  from  InGaN  to  reduce  the  deformation  energy 
during  the  InGaN  growth. 

With  increasing  thickness  of  the  InGaN  layer,  the  crystalline  defects  begin  to  generate 
and  the  surface  becomes  rough,  hence  the  lattice  strain  is  relaxed,  which  weakens  the 
composition  pulling  effect.  Finally,  because  the  lattice  strain  is  completely  relaxed,  the 
composition  of  InGaN  has  the  same  value  as  determined  by  the  thermal  equilibrium  between 
the  gas  phase  and  solid  phase. 

SUMMARY 

“The  composition  pulling  effect”  at  the  initial  stage  of  InGaN  grown  on  the  GaN  and  the 
AlGaN  epitaxial  layers  by  MOVPE  was  investigated.  The  lattice  mismatch  between  InGaN 
and  the  bottom  epitaxial  layers  had  a  great  influence  on  this  effect.  Indium  atoms  are 
excluded  from  the  InGaN  to  reduce  the  deformation  energy  due  to  the  lattice  mismatch  during 
the  InGaN  growth.  The  composition  pulling  effect  was  weakened  with  increasing  thickness 
of  InGaN  because  the  lattice  deformation  is  relaxed  by  generation  of  crystalline  defects. 
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ABSTRACT 

We  report  the  low-temperature  growth  of  GaN  layers  on  (0001)  sapphire  substrates  by  a 
remote  plasma  enhanced  metal-organic  chemical  vapor  deposition  in  the  temperature  range  of  500 
-  800  °C,  Effects  of  process  parameters  on  the  growth  of  GaN  were  studied.  The  structural 
quality  of  GaN  improved  as  the  growth  temperature  increased  and  the  rf  power  decreased. 
Highly  oriented  GaN  layers  could  be  deposited  at  fairly  low  temperatures  such  as  500  °C  under 
low  rf  power  with  low  growth  rate  conditions. 

INTRODUCTION 

Low-temperature  growth  of  III-V  nitrides  is  attractive  since  it  may  increase  the  In 
incorporation  in  InGaN  ternary  layers  and  reduce  thermal  mismatch  between  the  epilayers  and  the 
substrate  [1].  Various  growth  techniques  have  been  tried  for  the  low-temperature  growth  of  III- 
V  nitrides  [2-6].  Comparatively,  a  few  works  have  been  done  in  the  growth  of  III-V  nitrides  by 
plasma  assisted  chemical  vapor  deposition  [4-6],  whereas  many  research  results  have  been 
reported  in  the  low-temperature  growth  of  III-V  nitrides  by  plasma  assisted  molecular  beam 
epitaxy  [2,3].  In  this  paper,  we  present  the  experimental  results  of  the  low-temperature  growth 
of  GaN  on  (0001)  sapphire  substrates  by  a  remote  plasma  enhanced  metalorganic  chemical  vapor 
deposition  (RPE-MOCVD).  In  this  technique  triethylgallium  (TEGa)  and  remote  rf  nitrogen 
plasma  were  used  as  reactant  source  gases  at  temperatures  ranging  from  500  -  800  °C. 

EXPERIMENT 

A  schematic  diagram  of  the  RPE-MOCVD  reactor  is  shown  in  Fig.  1 .  TEGa  was  chosen  as  a 
reactant  source  for  Ga  because  the  pyrolysis  of  TEGa  was  known  to  go  on  mainly  via  a  low 
temperature  p-elimination  mechanism  [7].  A  remote  rf  nitrogen  plasma  was  used  to  supply 
active  nitrogen  species.  Plasma  excitation  of  nitrogen  was  made  in  a  quartz  tube  mounted  on 
top  of  a  vertical  reactor.  TEGa  was  injected  separately  into  the  reactor  through  a  gas  dispersal 
ring.  Nitrogen  was  used  as  a  carrier  gas. 

(0001)  sapphire  substrates  were  cleaned  by  a  conventional  procedure  reported  elsewhere  [2,3]. 
Before  the  growth  of  GaN  layers  the  substrates  were  pre-treated  with  a  hydrogen  plasma  for  half 
an  hour  at  700  °C  for  the  removal  of  surface  contaminants.  Subsequently,  they  were  pre-treated 
with  a  nitrogen  plasma  for  an  hour  at  700  ”C.  GaN  layers  were  grown  either  by  a  single-step 
process  or  by  a  two-step  process.  In  the  two-step  process,  20  nm  thick  GaN  buffer  layers  were 
grown  at  500  ”C,  and  an  overgrowth  was  made  at  higher  temperatures. 

GaN  layers  were  characterized  in  situ  by  reflection  high  energy  electron  diffraction  (RHEED), 
scanning  electron  microscopy  (SEM),  and  X-ray  diffraction  (XRD).  Thicknesses  of  the  GaN 
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Fig.  1 ,  A  schematic  diagram  of  the  RPE-MOCVD  system  with  optical  diagnostic  tools. 

layers  were  measured  by  in  situ  laser  interferometry,  cross-section  SEM,  a-step,  UV-VIS 
interference  fringes,  and  cross-section  transmission  electron  microscopy  (XTEM).  Optical 
emission  spectroscopy  (OES)  and  Langmuir  probe  measurements  were  used  to  diagnose  the 
nitrogen  plasmas  at  various  process  conditions. 

RESULTS 

An  N2^  peak  at  391.4  nm  is  observed  in  an  electron  cyclotron  resonance  (ECR)  plasma  by 
OES  measurement,  while  atomic  nitrogen  emission  peaks  at  745,  821,  and  869  nm  were  observed 
in  rf  plasmas  at  high  rf  powers  [2,8,9].  No  atomic  nitrogen  emission  peaks  were  observed  in 
our  experimental  conditions,  as  shown  in  Fig.  2.  In  a  quartz  tube  region  the  second  positive 
nitrogen  glow  was  dominant,  but  in  the  chamber  region  (  2.5  cm  above  the  substrate  )  relative 
intensities  of  the  first  positive  nitrogen  glow  was  increased.  Overall  emission  intensities  of  the 
nitrogen  glow  in  the  chamber  region  were  greatly  attenuated  from  those  in  the  quartz  tube  region. 
It  is  well  known  that  the  second  positive  nitrogen  glow  is  associated  with  the  electron  impact 
excitation  of  nitrogen  molecules,  while  the  first  positive  nitrogen  glow  is  associated  with  the 
recombination  of  atomic  nitrogens  [8].  Thus,  it  may  be  deduced  that  the  electron  density 
reduces  more  quickly  than  the  atomic  nitrogen  density  in  this  system.  Substrates  were  placed 
outside  the  plasma  generation  region,  but  the  glow  region  was  observed  to  extend  to  the  substrate 
as  the  rf  power  increased  or  the  reactor  pressure  reduced.  An  OES  spectrum  during  growth  in 
the  chamber  region  is  shown  in  Fig.  2(c).  New  peaks  related  with  Ga  and  hydrocarbons 
emerged,  and  detailed  study  is  under  way  and  reported  elsewhere  [10].  Nitrogen  plasma  is 
believed  to  crack  TEGa  in  the  gas  phase. 
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Fig.  2.  Optical  emission  spectra  of  an  rf  nitrogen  plasma  taken  (a)  at  a  quartz  tube  region  and 
(b)  at  a  chamber  region  2.5  cm  above  the  substrate,  (c)  at  the  same  chamber  region 
during  GaN  growth.  New  peaks  from  the  dissociation  of  TEGa  are  marked. 

Changes  in  GaN  growth  rate  with  growth  temperature  and  total  reactor  pressure  are  shown  in 
Fig,  3.  At  a  low  rf  power  (60  W)  with  100  seem  of  nitrogen,  the  growth  rate  decreased 
abruptly  as  the  growth  temperatures  increased  above  700  ”C.  However,  at  a  higher  rf  power 
(140  W)  with  250  seem  of  nitrogen,  the  GaN  growth  rate  could  be  maintain  at  its  low 
temperature  value  up  to  800  ”C.  The  flow  rates  of  TEGa  were  similar  in  both  cases.  It  is 
known  that  TEGa  is  completely  cracked  above  300  °C  [7],  and  the  growth  kinetics  of  GaN  may 
be  limited  by  mass  transport  process  at  low  temperatures.  The  growth  rates  began  to  decrease  at 
high  temperatures  since  a  new  limiting  step,  Ga  desorption  here,  became  important.  It  is 
believed  that  the  increased  growth  rate  at  high  temperatures  with  the  higher  rf  power  and 
nitrogen  flow  rate  results  from  the  enhanced  chemisorption  of  active  nitrogen  species  on  the 
growing  GaN  surface,  resulting  in  the  increased  Ga  incorporation  in  the  surface  [2,3]. 

The  effect  of  the  reactor  pressure  on  the  GaN  growth  rate  was  studied  at  a  constant  growth 
temperature  of  700  ‘'C.  The  growth  rate  increased  as  the  pressure  decreased.  Homogeneous 
gas  phase  reaction  may  deplete  the  reactant  species  for  the  GaN  growth  as  the  reactor  pressure 
increases,  or  the  concentration  of  active  reactants  may  change  with  pressure. 

Structural  properties  of  the  GaN  layers  were  studied  by  XRD  measurements.  Structural 
quality  of  a  single-step  grown  GaN  improved  with  a  lower  growth  rate  and  a  lower  plasma  power 
at  500  as  shown  in  Fig.  4(a)  and  4(b).  Note  the  thickness  differences  of  the  two  samples. 
Increased  rf  power  may  increase  not  only  the  density  of  active  neutral  nitrogen  species  but  also 
the  density  of  ions,  resulting  in  poor  layer  quality.  To  increase  the  growth  rate  of  GaN  layers 
with  good  structural  properties,  the  growth  temperatures  were  increased  to  700  -  800  °C,  and 
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Fig.  3.  Changes  in  GaN  growth  rate  with  (a)  temperature,  and  (b)  reactor  pressure. 

their  XRD  patterns  are  shown  in  Fig.  4(c)  and  4(d).  At  high  growth  temperatures  plasma 
damages  could  be  dynamically  annealed,  so  high  quality  GaN  layers  could  be  deposited  at  higher 
rf  powers. 


Fig.  4.  XRD  patterns  of  GaN  layers  grown  by  a  single-step  process  at  various  growth 
conditions.  Total  pressure  was  fixed  at  0.5  Torr. 

(a)  Temperature  500  "C,  plasma  power  60  W,  growth  rate  0.28  pm/h,  thickness  0.28 
pm,  (b)  temperature  500  ”C,  plasma  power  40  W,  growth  rate  0.02  pm/h,  thickness 
0.02  pm,  (c)  temperature  700  "C,  plasma  power  120  W,  growth  rate  0.14  pm/h, 
thickness  0.14  pm,  (d)  temperature  800  °C,  plasma  power  140  W,  growth  rate  0.19 
pm/h,  thickness  0.95  pm. 
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Two-Step  growth  of  the  GaN  layers  was  made  at  700  -  800  °C  on  a  20  nm  thick  buffer  grown 
at  a  rf  power  of  40  W  and  500  °C.  The  surface  morphology  of  the  two-step  grown  GaN  layers 
was  mirror-like  and  had  no  surface  structures  such  as  hexagonal  hillocks  often  observed  in 
MOCVD  samples  at  high  growth  temperatures.  The  surface  smoothness  was  also  confirmed  by 
the  presence  of  optical  interference  fiinges  through  UV-VIS  transmission  measurements. 
However,  the  surfece  became  rough  with  increasing  rf  power  and  decreasing  growth  rate.  A 
spotty  RHEED  pattern  was  observed  for  this  sample.  The  XRD  pattern  and  RHEED  pattern  of 
the  the  GaN  with  a  mirror-like  surface  are  shown  in  Fig.  5(a)  and  5(b).  The  streaky  RHEED 
pattern  shows  that  the  surface  of  the  GaN  is  smooth.  A  strong  (0002)  GaN  peak  was  observed 
in  XRD  pattern.  Note  the  logarithmic  scale  of  the  XRD  pattern. 


Fig.  5.  Structural  and  surface  quality  of  the  RPE-MOCVD  grown  GaN.  (a)  XRD  pattern  of  a 

two-step  grown  GaN  layer  by  RPE-MOCVD  method.  Total  pressure,  growth 
temperature,  plasma  power,  growth  rate,  and  total  thickness  was  0.5  Torr,  800  °C,  140 
W,  0.2  pm/h,  and  1.0  pm,  respectively,  (b)  RHEED  pattern  of  the  same  GaN  layer. 
The  electron  beam  direction  was  along  [1230]  azimuth  of  the  GaN. 


CONCLUSIONS 


Highly  oriented  GaN  layers  were  successfully  grown  on  (0001)  sapphire  substrates  in  the 
temperature  range  of  500  -  800  °C  by  RPE-MOCVD.  The  concentrations  of  the  active  nitrogen 
species  for  the  growth  of  GaN  increased  as  the  rf  power  increased  and  the  reactor  pressure 
decreased.  At  low  temperatures  such  as  500  °C,  growth  rate  and  rf  power  should  be  reduced  to 
obtain  a  good  quality  layer.  Good  quality  GaN  layers  were  grown  by  proper  optimization  of 
process  conditions  such  as  rf  power,  total  reactor  pressure,  and  growth  temperature.  A  mirror¬ 
like  surface  morphology  of  the  GaN  grown  by  a  two-step  process  was  confirmed  by  a  streaky 
RHEED  pattern. 
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The  results  of  gas  phase  decomposition  studies  are  used  to  construct  a  chemistry  model  which  is 
compared  to  data  obtained  from  an  experimental  MOVPE  reactor.  A  flow  tube  reactor  is  used  to 
study  gas  phase  reactions  between  trimethylgallium  (TMG)  and  ammonia  at  high  temperatures, 
characteristic  to  the  metalorganic  vapor  phase  epitaxy  (MOVPE)  of  GaN.  Experiments  were 
performed  to  determine  the  effect  of  the  mixing  of  the  Group  in  precursors  and  Group  V 
precursors  on  the  growth  rate,  growth  uniformity  and  film  properties.  Growth  rates  are  predicted 
for  simple  reaction  mechanisms  and  compared  to  those  obtained  experimentally.  Quantification 
of  the  loss  of  reacting  species  due  to  oligmerization  is  made  based  on  experimentally  observed 
growth  rates.  The  model  is  used  to  obtain  trends  in  growth  rate  and  uniformity  with  the  purpose 
of  moving  towards  better  operating  conditions. 

INTRODUCTION 

The  utilization  of  metal  organic  vapor  phase  epitaxy  (MOVPE)  as  the  major  technique  for  the 
growth  of  GaN  for  device  structures  [1],  has  resulted  in  an  increased  effort  towards 
understanding  the  growth  process  and  designing  suitable  reactors.  The  growth  of  device-quality 
GaN  is  complicated  by  gas-phase  interactions  between  trimethyl  gallium  (TMG)  and  ammonia. 
These  interactions  can  lead  to  changes  in  the  nature  and  gas-phase  depletion  of  the  growth 
nutrients.  Such  reactions  can  lead  to  a  degradation  in  the  growth  uniformity,  material  quality  and 
precursor  efficiency  [2].  The  main  gas  phase  reaction  is  the  strong  adduct  reaction  between  NH3 
and  TMG  [3].  In  this  study,  we  have  directly  monitored  this  gas-phase  reaction  in  order  to  better 
understand  its  impact  on  the  growth  process.  The  reactions  have  been  monitored  over  the 
temperature  range  of  200-800  °C  which  is  typically  encountered  in  the  gas  phase  environment  of 
the  MOVPE  reactor,  as  the  growth  nutrients  are  transported  to  the  growth  front.  From  the 
information  gained  from  the  flow  tube  study  [4]  and  earlier  studies  [3,5,6]  we  have  developed  an 
apparent  chemistry  that  is  incorporated  into  a  vertical  MOVPE  reactor  model.  The  two  items  of 
interest  in  GaN  MOVPE  reactor  optimization  are  growth  rate  and  growth  uniformity.  To 
illustrate  the  utility  of  this  model  in  the  optimization  of  reactor  performance,  reducing  costly 
experimental  trial  and  error,  we  determined  the  effect  of  altering  a  process  parameter  and  a 
geometric  parameter  on  the  growth  rate  and  uniformity.  The  trends  obtained  from  such  changes 
indicate  how  these  variables  could  be  used  to  improve  reactor  performance. 

EXPERIMENTS  OF  GAS  PHASE  CHEMISTRY 

We  have  studied  the  high  temperature  gas  phase  reactions  between  TMG  and  NH3  by  means 
of  in  situ  mass  spectrometry  within  a  flow  tube  isothermal  reactor.  The  schematic  of  the  flow 
tube  reactor  system  is  presented  in  Figure  1 .  A  two  temperature  reaction  zone  furnace  was  used. 
The  two  primary  reactants,  TMG  and  NH3,  were  allowed  to  mix  in  the  first  hot  zone  of  the 
reactor,  that  was  kept  at  150°C.  This  adduct  and  its  initial  reaction  products  are  transported  to  the 
second  temperature  zone  where  they  undergo  decomposition  over  a  temperature  range  of  200- 
800  °C.  In  order  to  label  the  products  and  to  distinguish  between  possible  reaction  pathways, 
measurements  of  the  co-pyrolysis  of  TMG  and  ammonia  utilized  both  NH3  as  well  as  deuterated 
ammonia  (ND3).  The  TMG  mole  fraction  at  the  inlet  was  0.015-0.15,  the  reactor  pressure  was  76 
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Torr  and  the  residence 
time  was  ~ls.  The 
reactor  and  the  process 
conditions  are  discussed 
in  more  detail  elsewhere 
[4].  The  temperature 
dependence  of 

decomposition  of  the 
TMG/H2/NH3  system 
has  been  presented 
earlier  [4].  Several 
trends  are  readily  noted. 

There  is  reaction 
between  TMG  and  NH3 
resulting  in  the 
elimination  of  a  single  CH4  molecule  over  a  temperature  range  of  200  -  500  °C.  The  constant 
peak  height  for  larger  m/e  peaks  over  this  temperature  range  indicates  that  there  is  a  thermally 
stable  product,  most  likely  the  adduct.  No  further  reaction,  beyond  this  initial  release  of  methane, 
is  noted  until  a  temperature  of  ~  500  °C.  Also  noted  is  the  decrease  in  the  TMG  (adduct)  - 
derived  peaks  that  occur  at  about  50  °C  higher  than  the  TMG/H2  mixture.  A  total  of  three  CH4 
molecules  per  one  TMG  molecule  are  formed  at  high  temperatures.  The  overall  apparent 
activation  energy  and  preexponential  factor  for  the  elimination  of  the  last  methyl  group  is 
48.7±5.3  kcal/mol  and  4xl0'^  s'’  respectively. 

While  a  complete  reaction  model  for  the  high  temperature  decomposition  of  TMG:NH3  can 
not  be  made  from  these  measurements,  several  conclusions  can  be  made  concerning  the  gas 
phase  chemistry  within  the  MOVPE  growth  environment.  Table  1  lists  several  likely  reactions. 
The  formation  of  gas  phase  adduct  (Gl)  occurs  at  an  extremely  high  rate  within  the  flow-tube 
reactor.  The  gas  phase  species,  presumably  TMG:NH3  adduct,  follows  the  same  reaction  path 
(G2)  as  adducts  formed  at  lower  temperatures,  and  immediately  self-eliminates  a  CH4  molecule 
at  all  temperatures  monitored.  The  formation  of  a  trimeric  cyclic  compound  (G3)  is  predicted  at 
low  temperatures,  however  the  experimental  system  used  in  this  study  was  not  capable  of 
discriminating  between  these  high  molecular  weight  species.  The  observed  species  is  stable  over 
a  temperature  range  of  200-500  '’C.  Decomposition  (G4)  proceeds  until  all  three  CH4  molecules 
are  removed  per  initial  TMG  molecule. 

The  implication  of  these  studies  for  the  design  and 
operation  of  MOVPE  reactors  for  GaN  growth  is  several 
fold.  In  most  or  all  MOVPE  growth  systems  operating  at 
conventional  pressures  (1-760  Torr),  little  TMG  exists  in  the 
growth  environment  during  NHs-based  GaN  growth.  The 
rapid  adduct  formation  reaction,  together  with  the  immediate 
release  of  a  single  methane  molecule,  implies  that  the 
dominant  gas  phase  species  within  the  reactor  is 
[(CH3)2GaNH2]x  with  x=3  being  most  likely.  The  reaction  of 
this  species  in  the  gas  phase,  through  decomposition  or 
further  oligmerization,  should  be  the  principal  mechanism  by 
which  the  growth  rate  or  uniformity  is  affected  by  the 
specific  reactor  design.  Larger  molecules,  and  eventually 
particles,  will  effect  the  growth  rate  through  differences  in 
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Figure  1 :  Schematic  of  the  flow  tube  reactor. 
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the  transport  rate  to  the  surface,  due  to  a  difference  in  diffusion  and  thermal  diffusion 
coefficients.  At  temperatures  below  120  °C,  the  Ga(CH3)3:NH3  adduct  will  condense  due  to  its 
low  vapor  pressure.  In  typical  MOVPE  reactors,  the  temperature  varies  from  room  temperature  to 
growth  temperature.  The  growth  rate  could  be  improved  by  mixing  precursors  at  temperatures 
zones  higher  than  120  ”C,  eliminating  loss  of  reactants  due  to  condensation.  Alternately,  the  use 
of  very  high  flow  rates  can  improve  the  growth  rate  but  typically  at  the  expense  of  growth 
uniformity. 


Reaction 

Reactant  Products 

Ref 

G1 

Ga(CH3)3  +  NH3  ^  Ga(CH3)3:NH3 

4 

G2 

Ga(CH3)3;NH3  ^  Ga(CH3)2:NH2  +  CH4 

4 

G3 

3Ga(CH3)2:NH2  ^  [Ga(CH3)2:NH2]3 

5,6 

G4 

[Ga(CH3)2:NH2  ]x  Product 

this  study 

TABLE  1: 

List  of  gas  phase  reactions  and  their  literature  reference. 

In  our  MOVPE  model  we  have  assumed  reaction  G3  and  G4  to  be  competing.  Reaction  G3 
is  taken  to  represents  loss  of  adduct  to  polymer  formation,  while  reaetion  G4  represents 
deeomposition  of  the  adduct-species  into  a  product  which  is  assumed  not  to  be  able  to  participate 
in  parasitic  reactions.  Due  to  lack  of  information  on  the  nature  of  the  product,  its  physical 
properties  are  taken  to  be  that  of  GaCH3:NH.  Both  adduct  and  this  product  are  assumed  to  have 
unity  sticking  coefficients.  The  chemistry  underlying  the  growth  of  gallium  nitride  from 
MOCVD  is  not  well  understood  and  hence  kinetic  parameters  are  not  available.  To  get  around 
this  problem,  an  apparent  kinetic  parameter  is  estimated,  based  on  experimental  data  for  this 
reactor,  to  describe  loss  of  reactants  to  parasitic  reactions.  This  apparent  parameter  is  obtained 
from  growth  rates  under  certain  process  conditions  described  in  the  next  section.  We  assume  that 
the  apparent  kinetic  parameter  would  be  insensitive  to  a  slight  perturbation  of  process  conditions 
or  reactor  geometry. 

MOVPE  REACTOR 

An  idealized  schematic  of  the  quartz 
reactor  is  shown  in  Figure  2.  TMG  in 
hydrogen  carrier  gas  is  supplied  in  the 
inner  tube  while  ammonia  and  hydrogen 
are  supplied  in  the  outer  tube.  The  outer 
wall  of  the  reactor  is  water  cooled.  A 
description  of  the  experimental  reactor  has 
been  presented  elsewhere  [7].  Cylindrical 
coordinates  have  been  used  in  the  model 
and  the  computational  domain  extends 
from  20  cm  upstream  of  the  substrate  to 
40  cm  downstream.  The  fundamental 
equations  of  continuity,  momentum  and 
energy  balances  and  species  conservation 
are  used  to  describe  the  system  [8].  The 
assumption  of  no  variation  in 
circumferential  direction  reduces  the 
problem  to  two  dimensions.  The  physical  and  transport  properties  of  the  gaseous  species  used  in 
this  study  are  listed  elsewhere  [9].  The  system  of  partial  differential  equations  were  solved  using 


Figure  3:  Radial  distribution  of  the  local  V/DI  ratio, 
and  x-ray  FWHM  for  a  film  grown  at  a  low  Group 
III  inlet  velocity  which  promotes  gas-mixing. 
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the  finite  element  method.  A  typical  mesh 
consisted  of  1100  quadrilateral  elements 
with  the  mesh  being  denser  near  the 
susceptor  where  the  concentration  and 
temperature  gradients  are  the  largest  [9]. 

We  have  investigated  the  effect  of 
local  V/in  ratio  on  the  structural  properties 
of  the  GaN  films.  One  film  was  grown 
with  0.5  slm  Hi  flow  through  the  Group  EH 
inlet  while  the  other  with  2  slm.  The  TMG 
flowrate  was  adjusted  to  maintain  a 
constant  GaN  growth  rate  of  -0.035  ji/hr 
at  the  center  of  the  substrate.  The  GaN 
film  thickness  and  double  crystal  x-ray 
rocking  curve  (co-scan)  full-width-at-half- 
max  (FWHM)  were  measured  as  a 
function  of  distance  across  the  substrate.  A 
GaN  layer  with  a  very  uniform  thickness  ( 

<  10  %)  and  a  uniform  x-ray  FWHM 
across  2”  was  obtained  using  low  Group  m  flowrate  (0.5  slm)  that  permits  sufficient  gas  mixing. 
For  this  film,  figure  3  shows  a  plot  of  x-ray  FWHM  and  the  local  V/m  ratio,  made  dimensionless 
by  its  value  at  the  center.  Increasing  the  Group  HI  inlet  velocity  (2  slm)  significantly  improves  the 

material  quality,  decreasing  the  x-ray  FWHM  by  a  factor  of  two 
at  the  center  of  the  film,  but  the  variations  in  the  film  thickness  of 
this  sample  approaches  ~  50%.  Figure  4  shows  the  radial 
distribution  of  the  X-ray  FWHM  and  the  local  V/in  for  this  film. 
These  plots  suggest  that  a  high  H2  flowrate  through  the  Group  m 
inlet  causes  non-uniform  distribution  of  the  reactants  resulting  in 
non  uniform  growth  rates  and  material  properties.  Typically,  for  a 
higher  local  V/III  ratio  the  film  quality  is  better.  However,  the 
quality  also  depends  on  the  nature  of  the  Group  III  source.  Figure 
4  shows  that  the  quality  of  the  film  at  the  center  of  the  wafer, 
where  the  reactants  reach  quicker,  is  better  because  the  effect  of 
parasitic  reactions  is  minimized.  As  the  Group  IH  source  is 
transported  from  the  center  to  the  edge,  the  residence  time 
increases  thereby  changing  the  nature  of  the  reactants.  The  result 
is  that  the  material  quality  towards  the  edge  approaches  that 
obtained  in  the  experiment  which  permitted  sufficient  gas 
mixing. 

For  the  remaining  experiments,  the  TMG  flowrate  was  kept 
constant  at  0.748  seem.  The  percentage  of  NH3  in  the  outer  tube 
was  kept  at  16.7%.  The  runs  were  performed  at  a  reactor  pressure 
of  100  Torr  and  a  susceptor  temperature  of  1000  °C.  Since 
uniformity  is  an  issue  [7],  we  kept  the  flowrate  of  the  inner  jet 
constant  at  a  low  value  of  200  seem.  We  have  assumed  that  the 
reaction  (G3)  leading  to  loss  of  adduct  to  parasitic  reactions  is  of 
third  order.  To  simplify  the  estimation  we  have  neglected  the 
temperature  dependence.  A  value  of  2.5xl0’^  cm^mol  ^  best  fit 


Figure  5:  Flow  profile  for  an 
outer  feed  flowrate  of  12 
slm  and  a  gap  of  11.4  cm. 


1.0 

0.8 

0.6 

0,4 

0.2 

0.0 


Radial  position  (cm) 


Figure  4:  Radial  distribution  of  the  local  V/IH 
ratio,  and  x-ray  FWHM  for  a  film  grown  at  a  high 
Group  III  inlet  velocity  thats  limits  gas  mixing. 
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the  experimental  data  for  the  outer  feed  of  12 
slm  and  a  gap  between  the  inner  tube  and  the 
susceptor  of  1 1 .4  cm.  Figure  5  shows  the  flow 
profile  under  these  conditions  while  Figure  6 
shows  the  growth  rate  data  along  with  model 
predictions  for  this  value  of  the  apparent 
kinetic  parameter. 

In  the  first  series  of  computation,  we 
perturbed  a  process  parameter,  the  outer  jet 
flowrate  from  its  original  value  of  12  slm 
keeping  the  composition  constant.  As  the 
flowrate  was  decreased,  the  growth  rate  falls 
sharply  as  shown  in  Figure  7  for  two  reasons. 

The  nutrients  move  slowly  to  the  growth  front 
leaving  more  time  for  parasitic  reactions  and 
the  inner  feed  pathlines  expand  further  away 
from  the  substrate  reducing  the  concentration 
gradients  to  the  surface. 

In  the  second  series  of  computations,  the 
gap  between  the  inner  tube  and  the  susceptor  was  lowered  from  11,44  to  7.9  cm.  One  would 
expect  that  this  would  reduce  the  residence  time  and  increase  the  growth  rate.  The  results  in 
Figure  8  indicate  that  as  the  gap  is  decreased  the  growth  rate  at  the  center  does  not  change  much 
but  the  growth  uniformity  improves  slightly.  Flow  profiles  indicate  that  as  the  gap  is  lowered  the 
axial  velocities  near  the  center  of  the  reactor,  carrying  the  nutrients  to  the  surface,  decrease.  This 
offsets  the  reduction  in  residence  time,  due  to  smaller  gap,  for  the  Ga  containing  species.  This 
result  reflects  the  advantages  of  detailed  modeling  in  aiding  the  optimization  procedure  and 
understanding  growth  trends  in  the  growth  system. 

In  this  study,  two  parameters  were  perturbed  to 
demonstrate  the  kind  of  information  that  can  be  obtained 
by  such  a  procedure.  The  same  procedure  can  be  applied 
to  the  other  parameters  with  the  purpose  of  moving  to 
more  optimal  operating  conditions.  In  a  multiparameter 
system,  a  large  number  of  computational  runs  aided  with 
some  experimental  runs,  are  needed  to  obtain  optimal 
operating  conditions  where  perturbation  of  any  parameter 
would  lead  to  deterioration  of  reactor  performance. 


CONCLUSIONS 

A  flow  tube  apparatus  was  used  to  study  adduct 
formation  and  decomposition  for  TMG  and  NH3  at 
conditions  encountered  in  MOVPE  of  GaN.  We  observed 
a  very  fast  adduct  formation  and  a  simultaneous 
elimination  of  methane.  The  decomposition  of  this  adduct  seemed  to  be  first  order.  The  apparent 
preexponential  factor  and  activation  energy  were  found  to  be  4xl0'^  s'*  and  48.7  kcal/mole 
respectively.  High  Group  HI  inlet  velocities  lead  to  higher  growth  rates  and  improved  material 
properties  at  the  expense  of  uniformity  in  growth  rate  and  material  properties.  An  apparent  third 
order  kinetic  parameter  is  used  to  describe  the  loss  of  adduct  due  to  parasitic  reactions  and  was 
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obtained  from  the  growth  data,  and  is  specific  to  the 
growth  environment.  An  apparent  chemistry  model  is 
made  based  on  the  salient  features  of  GaN  MOVPE. 
This  model  can  be  applicable  to  any  MOVPE  GaN 
reactor  but  would  require  a  rate  parameter  to  quantify 
the  loss  of  reactants  due  to  parasitic  reactions.  We 
have  demonstrated  that  for  process  optimization,  such 
a  numerical  model  can  be  used  to  reduce  costly 
experimental  trial  and  error. 
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ABSTRACT 

The  selective  growth  of  GaN  and  Alo  jCa^gN  has  been  conducted  on  stripe  and  circular 
patterned  GaN/AlN/6H-SiC(0001)  multilayer  substrates.  Growth  morphologies  on  stripe  patterns 
changed  with  the  widths  of  stripes  and  the  flow  rate  of  TEG.  No  ridge  growth  was  observed  along 
the  edges  of  the  stripe  patterns,  and  the  (0001)  top  facets  were  very  smooth.  Uniform  hexagonal 
pyramid  arrays  of  undoped  GaN  and  Si-doped  GaN  were  successfully  grown  on  5|Lim  circular 
patterns.  Field  emission  measurement  of  a  Si-doped  GaN  hexagonal  pyramid  array  exhibited  a 
turn-on  field  of  25V/}im  for  an  emission  current  of  lO.SnA  at  an  anode-to-sample  distance  of 
27|J,m. 

INTRODUCTION 

Wide  band  gap  Ill-nitrides  are  being  extensively  studied  for  application  in  optoelectronic  and 
microelectronic  devices,  including  jfield  emitter.  Gallium  nitride  is  a  promising  material  in  this 
group  for  field  emitters  because  of  its  low  electron  affinity  (2.7-3.3eV)  [1,2],  high  thermal, 
chemical  and  mechanical  stability  as  well  as  the  ability  for  controlled  n-type  doping.  A  recent 
report,  in  which  AIN  and  Al-rich  AljjGa,.^N  films  have  been  shown  to  have  a  negative  electron 
affinity,  suggests  these  materials  could  be  key  elements  of  field  emitters  [2,3]. 

Selective  growth  techniques  are  available  not  only  for  the  fabrication  of  semiconductor  devices 
such  as  quantum  well  wire  and  dot  structures,  but  also  for  field  emitters.  The  selective  growth  of 
GaN  and  Al^  [Ga^^N  on  linear  windows  and  GaN  hexagonal  pyramid  fabrication  on  dot-pattemed 
GaN/sapphire  substrates  by  this  technique  have  been  reported  [4,5].  The  first  field  emission  and 
the  enhancement  of  this  phenomenon  from  an  undoped  GaN  hexagonal  pyramid  array  on  a 
GaN/sapphire  substrate  have  been  observed  [6,7].  In  a  related  area,  the  selective  growth  of  GaN 
layers  on  sapphire  substrates  has  been  reported  for  low-loss  optical  wave  guide  structures  for 
active  and  passive  photonic  devices  [8].  To  date,  all  research  on  the  selective  growth  of  GaN  have 
used  sapphire  substrates.  In  this  paper,  we  report  the  selective  growth  of  GaN  and  AlojGa^gN  on 
stripe  patterned  GaN/AlN/6H-SiC(0001)  multilayer  substrates  via  organometallic  vapor  phase 
epitaxy.  These  substrates  were  produced  using  techniques  described  elsewhere  [9,10].  We  also 
report  for  the  first  time  fabrication  of  GaN  and  Si-doped  GaN  hexagonal  pyramid  arrays  on 
circular  patterns  and  the  field  emission  results  from  these  arrays. 

EXPERIMENTAL  PROCEDURES 

The  selective  growth  of  GaN  and  AlQ  jGa^gN  was  performed  on  stripe  (window  width  =  3- 
80p,m)  and  circular  (diameter  =  5iLim)  patterned  GaN/AlN/6H-SiC(0001)  multilayer  substrates.  To 
produce  these  substrates,  undoped  or  Si-doped  GaN  films  (n  =  2E18cm’^)  having  a  thickness  of 
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1.5]Lim  were  first  grown  on  a  high  temperature  AIN  buffer  layer  on  a  6H-SiC(0001)  substrate  in  a 
cold-wall,  vertical,  pancake-style,  RF  inductively  heated  OMVPE  system.  The  experimental 
growth  parameters  are  described  elsewhere  [9,10].  A  Si02  mask  layer  (thickness=1000A)  was 
subsequently  deposited  on  each  multilayer  substrate  by  RF  sputtering  or  LPCVD.  Patterning  of  the 
mask  layer  was  achieved  using  standard  photolithography  techniques  and  etching  with  a  buffered 
HF  solution.  In  the  stripe  patterned  samples,  the  edges  of  the  stripes  were  parallel  to  the  <1 1-20> 
direction.  Prior  to  selective  growth,  the  patterned  samples  were  dipped  in  a  buffered  HCl  solution 
to  remove  the  surface  oxide  of  the  underlying  GaN  layer. 

Selective  growth  was  conducted  at  1000-1050°C  and  45  Torr.  Triethylgallium  (TEG), 
triethylalunoinium  (TEA)  and  1500  seem  NH3  were  used  in  combination  with  a  3000  seem  H2 
diluent.  The  ratio  of  NH3  and  TEG  was  varied  from  960  to  2600.  Silicon  was  incorporated  into  the 
GaN  hexagonal  pyramids  during  the  selective  growth  using  SiH^  at  a  flow  rate  of  5.5nmol/min. 
The  morphologies  of  the  selectively  grown  samples  were  observed  using  scanning  electron 
microscopy  (SEM-JEOL  6400  FE).  The  final  step  was  the  deposition  of  Ti(200A)/Au(1500A) 
contacts  via  electron  beam  evaporation  on  Si-doped  GaN  layer. 

The  field  emission  measurements  (FEM)  were  performed  on  the  hexagonal  pyramid  arrays  of 
Si-doped  GaN  in  a  UHV-FEM  system  having  a  working  pressure  of  2x10  *  Torr.  During  the 
measurement,  samples  were  placed  beneath  a  5mm  diameter  movable  Mo  anode  with  a  flat  tip.  The 
anode  was  controlled  by  a  stepping  motor  such  that  one  step  yielded  a  translation  of  0.44  |xm.  The 
current-voltage  (I-V)  measurements  were  taken  at  several  distances  ranging  from  2  to  40  jim  for 
anode  voltages  in  the  range  of  0  to  1100  V. 

RESULTS  AND  DISCUSSION 

The  characteristics  of  the  stripe  patterns  of  deposited  GaN  and  Alo  2Gao  gN  having  various 
window  widths  were  determined  using  SEM  as  shown  in  the  micrographs  in  Figure  1.  Both 
materials  showed  prismatic  moiphology  with  (1-101)  side  facets  on  the  3|Lim-wide  stripes. 
Truncated  prismatic  growth  with  (0001)  top  facets  and  (1-101)  side  facets  was  observed  on  stripe 
patterns  with  widths  greater  than  5|i.m.  Polycrystals  of  Al^Ga,.^N  nucleate  on  the  SiOj  mask 
because  of  the  chemical  interaction  between  A1  and  Si02  [4],  there  is  no,  however,  significant 
difference  in  the  final  growth  morphology  for  the  GaN  and  Alo2GaogN  patterns.  Only  a  slight 
roughening  of  the  (1-101)  facets  was  observed  for  Alo  2Gao  8N  selective  growth.  This  is  probably 
due  to  the  poor  selectivity  of  Al^  2Gao  gN,  that  is,  the  deposition  of  polycrystalline  material  on  the 
Si02  mask.  No  ridge  growth  was  observed  along  the  edge  of  the  stripes,  and  the  (0001)  top  facets 
were  very  smooth  and  flat  regardless  of  the  width  of  the  stripes.  This  suggests  that  insignificant 
lateral  vapor  phase  diffusion  of  the  reactive  species  from  the  mask  to  the  window  area  occurred 
during  the  selective  growth.  It  is  probably  due  to  the  large  ratio  (=0.5)  of  the  window  to  the  mask 
area,  because  lower  values  of  this  ratio  induce  more  lateral  vapor  diffusion  [11]. 

Figure  2  shows  SEM  images  of  GaN  grown  on  5|Ltm-wide  stripe  patterns  using  different  flow 
rates  of  TEG.  The  higher  flow  rate  of  TEG  resulted  in  a  smaller  area  of  (0001)  top  facets  and  the 
development  of  (1-101)  side  facets.  This  behavior  supports  the  model  that  GaN  selective  growth 
depends  on  the  balance  between  the  incoming  flux  on  the  (0001)  top  facets  and  the  outgoing  flux 
from  the  (0001)  to  the  (1-101)  side  facets  [5].  Increased  TEG  flow  rate  promotes  two  dimensional 
nucleation  on  the  (0001)  top  facets,  thereby  reducing  the  surface  diffusion  length  of  the  Ga 
adatoms.  As  a  result,  the  growth  rate  of  the  (0001)  facets  becomes  faster  than  that  of  the  (1-101) 
facets. 

The  optimum  conditions  for  selective  growth  of  GaN  hexagonal  pyramids  on  circular  patterns 
was  based  on  the  selective  growth  conditions  on  stripe  patterns.  The  height  of  a  hexagonal  pyramid 
can  be  easily  calculated  by  the  relation  of  H=D-tan6272,  where  H  and  D  are  the  height  and  the 
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Figure  1.  SEM  micrographs  of  the  selectively  grown  GaN(left)  and  Alo  2Gao  8N(right)  layers  on 
different  wide-stripe  patterns.  (a)(b)  3|am,  (c)(d)  5pm 


Figure  2.  SEM  micrographs  of  the  selectively  grown  GaN  layers  on  5pm  wide-stripe  patterns  at 
different  flow  rate  of  TEG.  (a)  26pmol/min.  (b)  70pmol/min. 
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Figure  3(a).  SEM  micrograph  of  Si  doped  GaN  hexagonal  pyramid  array,  (b)  High  magnification 
SEM  image  of  the  apex  of  a  hexagonal  pyramid.  Tip  radius  is  less  than  lOOnm. 


diagonal  width  of  the  base  of  the  pyramid.  Each  pyramid  has  six  (1-101)  side  facets.  The  growth 
rate  of  these  pyramids  is  strongly  dependent  upon  the  ratio  of  window-to-mask  area  in  the 
patterned  region  as  well  as  the  selective  growth  conditions.  The  average  diagonal  width  of  the 
pyramids  was  7.7ixm  using  a  ratio  of  0.1.  However,  increasing  the  ratio  to  0.23  resulted  in  an 
average  diagonal  width  of  5.7|im  for  the  same  growth  condition.  These  results  indicate  that  the 
lateral  diffusion  of  the  reactive  species  from  the  mask  to  the  window  area  is  also  an  important 
factor  for  the  fabrication  of  GaN  hexagonal  pyramids.  As  shown  in  Figure  3(a),  the  growth  of  an 
uniform  array  of  Si-doped  GaN  hexagonal  pyramid  in  an  area  of  0.5x0.5mmVas  achieved  for  the 
first  time.  The  high  magnification  SEM  image  shown  in  Figure  3(b)  reveals  that  the  tip  radius  of 
the  pyramids  is  less  than  lOOnm. 

Field  emission  measurements  (FEM)  of  the  Si-doped  GaN  pyramid  arrays  were  conducted 
using  a  UHV-FEM  system.  The  emission  current  was  measured  as  a  function  of  the  anode  voltage 
applied  to  a  Mo  rod.  The  I-V  curve  in  Figure  4(a)  showes  the  tum-on  voltage  of  680V  for  a  current 
of  lO.SnA  at  a  distance  of  27pm  between  the  pyramid  array  and  the  anode.  This  turn-on  voltage 
corresponds  to  a  turn-on  field  of  25V/pm.  Using  the  same  system,  a  polycrystalline  p-type 
diamond  film  (p  =  2.5E17cm’^)  grown  on  Si(lOO)  exhibited  a  tum-on  field  intensity  of  27V/pm. 
The  Fowler-Nordheim  (F-N)  plot  obtained  from  the  I-V  data  as  shown  in  Figure  4(b)  reveals  a 
linear  relationship.  This  indicates  that  the  emission  from  the  Si-doped  GaN  array  obeys  F-N  field 
emission  theory.  Research  is  in  progress  to  reduce  the  turn-on  field  of  the  Si-doped  GaN  arrays  to 
several  volts  per  pm  in  order  to  be  considered  for  practical  applications. 

CONCLUSIONS 

The  selective  growth  of  GaN  and  Alo2GaogN  has  been  conducted  on  stripe  and  circular 
patterned  GaN/AlN/6H-SiC(0001)  multilayer  substrates.  Prismatic  morphology  with  (1-101)  side 
facets  was  observed  on  3pm  wide  stripes  for  both  materials.  Tmncated  prismatic  growth  with 
(0001)  top  facets  and  (1-101)  side  facets  were  obtained  on  stripe  patterns  with  widths  greater  than 
5pm.  No  ridge  growth  was  observed  along  the  edges  of  the  stripe  patterns  and  the  (0001)  top 
facets  were  very  smooth  and  flat.  Polycrystalline  AljjGa|_,(N  were  deposited  on  the  Si02  mask.  For 
GaN  selective  growth  on  the  stripe  patterns,  the  increase  of  TEG  flow  rate  resulted  in  the 
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Figure  4(a).  Emission  current  and  anode  voltage  characteristic  of  Si-doped  GaN  hexagonal 
pyramid  array. 


W  (xio^) 


Figure  4(b).  Fowler-Nordheim  plot  of  the  I-V  data.  The  straight  line  indicates  F-N  tunneling. 
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development  of  (1-101)  side  facets.  Uniform  hexagonal  pyramid  arrays  of  Si-doped  GaN  were 
successfully  grown  on  circular  patterns  having  diameters  of  5jim.  Field  emission  measurements  of 
these  arrays  showed  a  tum-on  field  was  25V/p.m  for  an  emission  current  of  lO.SnA  at  an  anode-to- 
pyramid  array  distance  of  27}im. 
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Abstract 


A  structural  examination  of  aluminum  nitride  growth  on  [1 1 1]  silicon  was  carried  out  using 
transmission  electron  microscopy.  Electron  diffraction  indicates  that  the  basal  planes  of  the 
wurtzitic  overlayer  mimic  the  orientation  of  the  close-packed  planes  of  the  substrate.  However, 
considerable,  random  rotation  in  the  basal  plane  and  random  out  of  plane  tilts  of  about  ±3-4°  are 
evident.  The  orientation  variations  were  traced  to  the  Si  interface,  where  crystallites  and  an 
amorphous-like  background  were  present.  A  strong  relationship  between  these  phenomena  and 
substrates  containing  Si  is  established  by  comparing  the  present  growth  results  with  those  reported 
elsewhere.  Crystalline  quality  of  the  overgrown  GaN  on  the  AIN  layer  is  described,  with 
suggestions  for  the  relation  between  surface  pyramids  or  peaks  and  the  mis-oriented  buffer  layer. 

Introduction 

Gallium  nitride  and  aluminum  nitride  epitaxial  films  show  great  promise  for  use  in 
optoelectronic  and  high  power  devices  due  to  their  large,  direct  band-gaps  corresponding  to  blue 
and  ultraviolet  wavelength  regime.  Before  such  devices  can  be  realized,  reliable  growth  methods 
are  needed  that  produce  epitaxial  layers  of  device  quality.  Thus  far,  heteroepitaxy  is  the  only 
practical  means,  and  much  progress  has  been  achieved  with  sapphire  substrates  [1].  Optimally, 
substrates  are  needed  that  are  defect-free,  cleave  and  etch  well,  are  inexpensive,  and  are  available 
with  large  surface  areas.  Silicon  is  thus  an  attractive  candidate. 

The  direct  deposition  of  GaN  on  silicon  results  in  unacceptably  high  surface  roughness  and 
poor  crystal  quality.  Aluminum  nitride  buffer  layers  have  been  employed  to  improve  the  GaN 
quality  [2,3].  Epitaxial  AIN  is  readily  grown  to  have  a  flat  surface  on  silicon,  and  has  been 
reported  to  be  able  to  grow  as  a  single  crystal  [2,3].  The  quality  of  GaN  on  AIN  is  known  to  be 
dependent  upon  the  buffer  layer  growth  conditions  [3,4],  but  uncertainties  remain  about  the  nature 
of  the  AIN  quality  and  how  it  influences  subsequent  GaN  overgrowth.  This  article  examines  these 
issues  with  a  structural  examination  of  AIN  and  GaN/AlN  on  silicon  and  compares  the  findings  to 
those  reported  in  the  literature. 

Experimental 

Single  crystal  AIN  was  first  deposited  over  the  Si(lll)  substrates  using  reactive  MBE. 
The  samples  were  analyzed  using  RHEED  to  confirm  the  single  crystcd  nature  of  the  sample 
surface.  Subsequently,  GaN  was  grown  over  the  AIN  coated  Si(l  1 1)  samples  using  conventional 
low  pressure  MOCVD.  A  growth  temperature  of  800°C  and  a  pressure  of  76  Torr  were  employed 
and  TEGa  and  NH3  were  used  as  precursors.  Cross-sectional  samples  for  TEM  were  prepared  for 
viewing  by  gluing  the  grown  layers  face-to-face  with  M-bond  epoxy™  [5].  xhe  orientation  of  the 
material  was  such  that  a  slice  of  each  sandwich  had  a  surface  normal  of  [1120]  on  one  side  of  the 
epoxy  and  [1100]  on  the  other.  Discs  were  ultrasonically  cut  from  each  slice  with  a  diameter  of 
2.3  mm  and  subsequently  glued  into  brass  rings  of  2.3  mm  I.D.  and  3.0  mm  O.D  to  enhance 
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mechanical  stability.  Discs  were  then  thinned  to  50  |im  and  dimpled  on  one  side  to  about  10  |im 
before  ion  milling  both  sides  to  electron  transparency.  Plan  view  samples  were  prepared  by  first 
coring  the  material  in  a  direction  parallel  to  the  substrate  surface  normal  and  gluing  into  rings  as 
before.  All  thinning  was  performed  as  with  the  cross-sectioned  samples,  but  taking  place  only  on 
the  silicon  side.  All  TEM  work  was  performed  with  a  Topcon  002B  using  both  high-resolution 
and  high-tilt  polepieces,  depending  on  the  need. 

Results 

AIN  on  Si-  Figure  1  is  a  selected  area  electron  diffraction  pattern  (SADP)  obtained  from  a 
cross-sectional  sample,  illustrating  the  observed  orientation  relationship  between  substrate  and  AIN 
layer: 

(ni)Si//(0002)AlN 

[110]Si//[1120]AlN 

This  relationship  is  the  same  as  that  between  hexagonal  and  cubic  structures  that  differ  only  in  the 
stacking  sequence  of  the  close-packed  planes.  Extensive  tilting  experiments  were  performed  to 
examine  the  possibility  of  the  (0002)a1N  assuming  the  orientation  of  one  of  the  other  [llllSi 
variants  inclined  to  the  interface,  as  well  as  the  existence  of  cubic  AIN.  The  basal  plane  normals  of 
the  wurtzite  AIN  were  indeed  found  to  lie  parallel  to  the  surface  normal  of  the  silicon  throughout, 
but  with  ±3-4°  tilt  variation,  witnessed  by  the  arcs  (not  spots)  of  the  AIN  diffraction  pattern  of 
Figure  1.  No  SAD  evidence  of  cubic  AIN  presence  was  observed  in  the  cross-sectional  samples, 
although  cubic  spots  are  masked  in  some  orientations. 

Figure  2  is  a  bright-field  image  taken  from  the  same  region  as  Figure  1 ,  demonstrating  the 
overall  appearance  of  the  AIN  layer,  the  outer  surface  of  which  is  essentially  flat.  Orientation 
variations  throughout  the  layer  result  in  the  Moire  patterns  being  observed  in  high-resolution 
images.  Figure  3  shows  that  the  observed  tilts  extend  to  within  a  monolayer  of  the  interface,  with 
at  least  +3-4°  tilt  variation  as  witnessed  in  the  diffraction  patterns.  Figure  3  also  shows  that  the 
basal  plane  tilting  is  not  continuously  varied,  but  rather  confined  to  discrete  crystallites,  randomly 
mis-aligned  with  respect  to  the  Si  template.  A  thin,  amorphous-like  region  at  the  Si  interface  is 
also  seen  in  this  and  other  images. 


Figure  1:  Experimental  (a)  and  simulated  (b)  SADP  of  AIN  on  Si  with  the  orientation  relationship 
described  in  the  text.  Silicon  reflections  are  shown  as  circles,  AIN  as  squares. 
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Figure  4:  Experimental  (a)  and  simulated  (b)  SADP  of  AIN  on  Si  with  electron  beam  direction 
parallel  to  substrate  surface  normal,  confirming  the  relationship  seen  in  cross-section, 
and  showing  extensive  in-plane  rotation.  Silicon  reflections  are  shown  as  circles,  AIN 
as  squares.  Experimental  (c)SADP  taken  nearby,  showing  only  AIN  material  with 
much  streaking. 


Figure  5:  TEM  plan-view  image  of  AIN  as  in  Figure  4.  Features  resembling  grains  are  of  similar 
scale  as  those  seen  in  Figure  2. 

That  the  angular  range  at  the  interface  resembles  that  throughout  the  AIN  suggests  a 
correlation  between  the  interfacial  AIN  domains  and  bulk  mis-alignment.  Basal  d-spacings  vary 
negligibly,  while  their  orientation  varies  considerably,  further  substantiating  this  suggestion  that 
the  mis-oriented  AIN  nuclei  are  seeds  for  subsequent  mis-orientation  in  the  layer.  This  correlation 
has  not  been  previously  established,  nor  have  the  origins  of  the  interfacial  effects  themselves. 
However,  articles  by  other  authors  indicate  similar  interfaces,  and  similar  diffraction  patterns. 
Mis-alignment  of  GaN  crystallites  at  the  silicon  interface  and  an  amorphous-like  region  are  seen 
between  extended  substrate  surface  steps  in  a  study  examining  the  effects  of  Si  surface  cleanliness 
on  GaN  growth.  The  authors  minimized  surface  contamination  by  cleaning  the  substrates  using 
an  RCA  cleaning  procedure  followed  by  an  HF  dip  [6].  Another  study  [7]  shows  a  SADP  at  the 
AIN/Si  interface  with  much  the  same  tilt,  and  describes  an  amorphous  layer  for  AIN  or  GaN  on  Si, 
but  not  on  sapphire.  The  authors  report  that  analytical  electron  microscopy  (AEM)  found  no  oxide 
at  the  Si  substrate.  Ponce,  et  al.[8],  describe  similar  interfacial  AIN  nuclei  on  SiC,  whose  mis- 
orientations  become  distributed  throughout  the  AIN  layer.  It  appears,  then,  that  these  orientation 
and  amorphous-like  domains  are  not  the  result  of  surface  contamination  or  surface  roughness,  but 
rather  of  an  inherent  chemical  or  mechanical  effect  in  the  A1  (or  Ga)-N-Si  system.  The  lattice 
mismatch  between  SiC  and  AIN  is  very  small  on  the  basal  plane  (about  1%)  while  that  for  a  silicon 
substrate  is  significant  (mismatch=  19%).  Crystallite  tilting  occurs  for  both  substrates  suggesting 
that  lattice  mismatch  is  not  the  cause  of  the  tilting.  It  should  be  noted  that  this  effect  is  not 
observed  on  sapphire  (mismatch  >13%).  Furthermore,  as  these  effects  are  associated  with  silicon¬ 
bearing  substrates,  interfacial  Si-bonding  appears  to  be  a  likely  cause. 

The  formation  of  amorphous  silicon  nitride  during  the  initial  stages  of  AIN  growth  would 
result  in  preferential  alignment  of  the  nuclei  with  the  Si  template,  but  with  random  tilt  and  rotation 
excursions  proportional  to  the  amount  of  Si3N4  formed.  One  reason  AIN  is  preferred  over  GaN  as 
an  initial  layer  is  due  to  the  increased  stability  of  AIN  with  respect  to  SisNa  formation.  Bulk 
thermodynamic  calculations  show  that  AIN  is  more  stable  than  Si3N4  in  the  Al-N-Si  environment 
[9],  as  opposed  to  Ga-N-Si  system,  in  which  Si3N4  is  reportedly  more  stable  [2].  However, 
interfacial  tilts,  rotations,  and  the  amorphous-like  region  are  seen  for  both  systems.  It  then  stands 
to  reason  that  either  silicon  nitride  formation  is  occurring  in  both  systems,  or  silicon  nitride  is  not 
responsible  for  the  interfacial  phenomena.  In  the  latter  case,  silicon  presence  may  still  interfere 
with  nucleation  through  chemical  interactions  at  the  interface  such  that  the  ideal  AIN/Si  orientation 
relationship  is  disrupted.  Silicon  has  been  reported  to  diffuse  into  GaN  on  Si  at  temperatures  as 
low  as  600°C  [10].  Although  diffusion  is  not  expected  to  affect  the  orientation  of  already  formed 
nuclei,  such  findings  do  indicate  an  affinity  between  Si  and  the  AIN  lattice.  Interestingly,  in  the 
same  study,  similar  interfaces  are  describe^  with  Si  concentrations  on  the  order  of  several  atomic 
percent  at  distances  into  the  GaN  similar  to  those  of  the  disordered  layer.  One  possible  explanation 
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for  what  happens  at  the  interface  involves  a  combination  of  both  views.  In  this  scenario,  the 
surfaee  Si  and  N  combine,  the  product  of  which  then  attempts  to  mimic  the  Si  template,  but  is 
restricted  by  the  Si-N  bonding.  Subsequently,  Al(or  Ga)N  is  grown  upon  this  best-fit 
arrangement.  Such  a  situation  would  help  to  explain  how  the  closed-packed  plane  and  direction 
information  is  transmitted  across  the  tilted,  rotated,  and  amorphous-like  interfacial  region.  Further 
investigation  is  needed  to  determine  if  the  Si  is  indeed  responsible  for  the  rotated  domains  and,  if 
so,  whether  it  is  from  simple  lattice  distortion  or  a  particular  reaction  with  one  of  the  epitaxial  layer 
species. 

GaN  on  AIN  on  Si-  With  the  texturing  nature  of  the  AIN  layer  established,  growth  of 
subsequent  GaN  is  briefly  described.  Figure  6  shows  a  heavily  faceted  surface  and  polycrystalline 
microstructure  belonging  to  the  GaN.  The  peak  surfaces  are  along  { 101 1 }  planes,  corresponding 
to  angles  of  62°  with  respect  to  the  basal  planes.  Such  peaks  may  be  related  to  Ga  surface 
migration  and  evaporation  from  { 101 1 }  planes  [11].  In  this  case,  when  two-dimensional  growth 
is  interrupted,  {1011}  surfaces  may  become  established.  Gallium  may  then  easily  evaporate  and 
thusj)rovide  a  slower-growing  surface  than  that  of  the  basal-plane.  The  basal  plane,  bounded  by 
{1011}  surfaces  grows  until  the  surfaces  converge,  leaving  a  hexagonal  pyramid.  Initiation  of  a 
three-dimensional  surface  may  arise  from  areas  of  GaN  of  opposite  polarity  [12],  growing  at  a 
different  rate;  or  from  the  intersection  of  grains  or  regions  with  slight  orientation  differences;  or 
from  dislocations  at  the  surface.  It  is  expected  that  the  large  tilts  and  rotations  of  the  AIN  basal 
planes  of  the  buffer  layer  are  largely  responsible  for  the  rough  GaN  surface.  Efforts  to  mitigate 
this  effect  are  underway. 


Figure  6:  Cross-section  TEM  bright-field  image  of  GaN  on  AIN  on  Si,  showing  a  heavily  faceted 
outer  surface,  corresponding  to  { lOU }  planes. 

Conclusions 

In  this  work,  the  exact  nature  of  the  AIN  buffer  layer  on  silicon  orientation  variation  has 
been  established.  It  has  been  shown  that,  throughout  the  buffer  layer,  tilts  of  basal  plane  normals 
randomly  deviate  from  the  Si  (1 1 1)  surface  normal  by  within  approximately  ±3-4°,  while  rotations 
in  plane  were  shown  to  rotate  randomly  with  the  approximate  range  of  ±10°.  These  deviations 
were  shown  to  extent  to  the  substrate  surface,  where  a  region  of  crystallites  in  a  background  of  an 
amorphous-like  appearance  was  present.  It  has  been  suggested  that  the  interfacial  phenomena  are 
the  responsibility  of  the  chemical  bonding  from  the  Si-bearing  substrate,  and  may  encourage  the 
formation  of  { lOFl }  peaks  on  subsequently  grown  GaN. 
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ABSTRACT 

The  Cathodoluminescence  (CL)  measurements  of  undoped  and  carbon  doped  aluminum  nitride 
(AIN)  thin  films  near  the  band-edge  region  were  performed  at  300,  77  and  4.2  K,  respectively. 
These  films  were  grown  on  three  different  substrates:  6H-SiC,  4H-SiC  and  sapphire,  A  dominant 
peak  was  observed  in  undoped  samples  around  5.9  eV.  This  i^ak  can  be  further  resolved  into 
three  distinct  peaks  at  6.05, 5.85,  and  5.69  eV  for  AIN  on  sapphire.  The  temperature  dependence 
of  the  peak  positions  and  line  widths  were  investigated.  These  peaks  are  believed  to  be  due  to 
exciton  recombination.  Also,  the  absorption  spectra  of  carbon  doped  AIN  on  sapphire  were 
analyzed  to  study  the  Urbach  tail  parameters  which  play  an  important  role  in  near  band-edge 
transitions. 


INTRODUCTION 

ni-V  nitride  semiconductors  such  as  gallium  nitride  (GaN)  and  AIN  have  received  extensive 
attention  for  their  potential  opto-electronic  device  applications  including  light  emitting  diodes 
(LEDs),  UV  detectors,  wave  guides  and  lasers.  In  the  past,  most  semiconductor  devices  were 
operated  in  infrared  and  visible  wavelengths.^  Recently,  a  GaN  laser  has  been  demonstrated 
which  emits  in  the  blue^.  AIN  possesses  a  6.2  eV  direct  bandgap  at  room  temperature  which 
makes  it  a  very  good  candidate  for  optical  devices  operating  in  the  ultra-violet  (UV)  and  vacuum 
UV  regions.  There  are  very  few  reports  about  near  band-edge  emission  in  AIN  so  far.  In  this 
work,  we  report  on  transitions  near  the  bandgap  region  of  AIN. 

EXPERIMENTAL 

AIN  samples  were  grown  in  a  low  pressure  metal  organic  chemical  vapor  deposition  (MOCVD) 
vertical  reactor.  The  growth  temperature  and  pressure  were  12000C  and  10  Torr,  respectively. 
Trimethylaluminum  (T^),  ammonia  (NH3)  and  hydrogen  (H2)  were  used  as  precursors.  Carbon 
doping  was  done  by  flowing  propane  gas^  during  growth.  The  films  were  grown  on  three  different 
substrates:  6H-SiC,  4H-SiC  and  sapphire, 

AIN  samples  were  placed  in  a  ultra-high  vacuum  (UHV)  chamber  and  evacuated  to  torr 
for  CL  measurement.  The  typical  film  thickness  is  in  the  range  of  0.35-0.4  0  pim.  An  electron 
beam  (with  an  energy  of  4  KeV  and  a  current  of  0,1  mA)  was  focused  on  the  sample  surface  with  a 
focal  spot  about  1  mm.  The  luminescence  from  this  spot  was  collected  through  UV  grade  window 
and  lenses,  the  luminescence  was  analyzed  using  a  0.39  m  focal  length  monochromator  followed 
by  a  photon  counting  photomultiplier  tube.  Data  acquisition  and  plotting  were  performed  using  a 
computer. 

RESULTS  AND  DISCUSSIONS 


Figure  1  shows  a  CL  spectrum  of  undoped  AIN  on  6H-SiC  substrate  at  liquid  nitrogen 
temperature.  A  strong  luminescence  peak  at  5.92  eV  dominates  whole  spectral  range  from  180  to 
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580  nm.  The  other  broad  band  occurring  at  3.0  eV  corresponds  to  a  near  bandgap  transition  in 
6H-SiC  substrate.  The  weaker  peaks  at  4.43  and  4.03  eV  are  related  to  oxygen  impurity,  as 
reported  by  Youngman  and  Harris^. 


Figure  1.  CL  spectrum  of  undoped  AIN  on  6H-SiC  at  300  K. 

The  luminescence  from  undoped  AIN  on  sapphire  substrate  at  room  temperature  exhibits  a 
distinct  peak  at  about  5.85  eV  as  shown  in  Figure  2.  Using  curve  fitting  software  we  were  able  to 
resolve  this  peak  into  three  "Gaussian"  peiiks  "A",  "B",  "C"  corresponding  to  wavelengths  of 
6,05, 5.85  and  5.69  eV,  respectively.  A  low  intensity  peak  around  5.23  eV  was  observed  for  AIN 
on  sapphire  which  is  similar  to  that  reported  by  Veselov  et  al^. 


Figure  2.  CL  spectrum  of  undoped  AIN  on  sapphire  at  300  K. 


When  the  temperature  degreases  from  300k  down  to  4.2  K,  the  position  of  peak  "B"  shows  a 
gradual  shift  towards  the  higher  energy  side,  and  its  full  width  at  half  maximum  (FWHM)  also 
decreases  (the  typical  data  is  shown  in  Fig.  3).  The  energy  position  and  Unewidth  of  peak  "B"  are 
plotted  in  Rg  3  for  AIN  grown  on  sapphire  and  6H-SiC  substrates,  It  is  observed  that  the 
Unewidth  of  the  film  on  6H-SiC  is  narrower  than  those  on  sapphire.  The  narrowest  line  width 
recorded  is  about  90  meV  for  AIN  on  6H-SiC  at  4.2K. 
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Figure  3.  Temperature  dependence  of  position  and  line  width  of  peak  "B".  The 
peak  position  (1)  and  FWHM  (2)  are  for  undoped  AIN  on  sapphire;  The  p^ 
position  (3)  and  FWHM  (4)  are  for  undoped  AIN  on  6H-SiC. 


In  addition  to  the  CL  study,  an  absorption  measurement  was  also  made  for  different  carbon 
doped  samples  on  sapphire  substrates  as  shown  in  Fig.  4.  The  Urbach  tail  parameters^  were 
calculated  from  the  absorption  curves  (the  insert  of  figure  4).  A  higher  carbon  doping  causes  a 
larger  value  of  the  Urbach  tail  parameter.  The  intensity  of  peaks  "A",  "B”,  and  ”C"  decreases  if  a 
larger  Urbach  tail  exists.  As  a  result,  no  peaks  are  found  near  the  band-edge  of  AIN  samples  with 
higher  carbon  concentrations. 


Figure  4.  Absorption  spectra  of  AIN  on  sapphire  with  different  carbon 
concentrations.  The  insert  shows  the  Urbach's  tail  parameters  of  AIN  with 
different  carbon  flow  rates  in  growth  process 

Recently,  Davis  et  at'^.  have  studied  CL  measurement  of  AlxGai-xN  with  X  from  0  to  0.96  and 
found  a  bound  exciton  line  (l2-line  emission)  at  5.75  eV  for  X  =  0.96.  If  this  curve  is  extrapolated 
to  X  =  1,  our  peak  at  5.92  eV  for  pure  AIN  fits  very  well.  We  believe  that  the  UV  peaks  "A",  "B" 
and  "C"  observed  in  this  work  are  also  to  be  due  to  exciton  recombination.  Further  investigation  is 
needed  to  confirm  the  origin  of  these  peaks. 
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CONCLUSIONS 


Near  bandedge  transition  in  films  of  AIN  grown  on  6H-SiC  and  sapphire  are  reported  for  the 
first  time.  The  distinct  peak  around  5.9  eV  is  believed  to  be  due  to  exciton  recombination.  This 
peak  can  be  resolved  into  three  peaks  at  wavelen^hs  of  6.05,  5.85  and  5.69  eV  for  AIN  on 
sapphire.  As  temperature  decreases,  the  energy  position  of  these  peaks  increases  and  their  line 
widths  become  narrower.  The  Urbach's  tail  parameter  were  measured  for  AIN  doped  with  carbon. 
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ABSTRACT 

The  use  of  the  nearly  lattice-matched  oxide  substrates  LiGa02  and  LiAlOj  has  been 
explored  for  growth  of  GaN  by  MOCVD.  As  compared  to  the  quality  of  films  grown  on 
sapphire,  only  growth  on  LiGaOj  yielded  good  quality  films,  and  required  use  of  nitrogen  as  the 
carrier  gas.  Furthermore,  high  structural  quality  films  were  grown  on  LiGaOj  at  temperatures  as 
low  as  850®C.  Dislocation  densities  estimated  from  cross-sectional  TEM  micrographs  were 
found  to  be  as  low  as  10’  cm*’.  HRTEM  studies  revealed  deformations  at  the  surface  of  the 
LiGa02  adjacent  to  deposited  GaN  films,  indicating  possible  interfacial  reactions  which  may 
affect  the  film  properties.  The  GaN  film  orientations  corresponded  directly  to  the  substrate 
orientation,  viz.,  ({0001}/{001}  and  {1102}/{101}). 

INTRODUCTION 

The  wide  band  gap  nitride  semiconductors  have  emerged  as  promising  materials  for  a 
variety  of  electronic  and  opto -electronic  devices  such  as  high  performance  transistors,  light- 
emitting  and  laser  diodes,  and  field-emission  displays. These  devices  are  providing  new 
levels  of  functionality  for  both  commercial  and  military  systems  and  recent  device 
demonstrations  have  motivated  continued  research.  The  Group-III  nitride  compounds  and  their 
alloys  exhibit  band  gap  energies  throughout  the  visible  and  ultraviolet  portions  of  the 
electromagnetic  spectrum.  In  addition,  these  semiconductors  show  high  breakdown  field 
strengths,  manifest  high  saturated  drift  velocities,  and  possess  high  thermal  conductivity.'* 
Specific  devices  of  interest  include  (1)  high  power  amplifiers,  oscillators,  and  switches  (bipolar 
transistors,  MISFETs,  HEMTs,  IMP  ATT  diodes),  (2)  thermistors,  (3)  solar-blind  and  other  UV 
detectors,  (4)  LEDs  of  any  color  (including  white),  and  (5)  phosphors  and  cold  cathodes  for  flat 
panel  displays.  The  development  of  blue  and  green  InGaN  LEDs  as  commercial  products,^  the 
demonstration  of  a  blue  diode  laser,®  and  the  emergence  of  transistors  with  large  breakdown 
voltages  and  high  transconductance’  have  justified  intense  research  in  this  materials  system. 

Although  the  majority  of  device  demonstrations  have  used  sapphire  substrates  to  grow 
nitride  films  by  metalorganic  chemical  vapor  deposition  (MOCVD),  this  substrate  provides  poor 
lattice  and  thermal  expansion  matching  to  GaN.  It  has  been  found  that  a  low  temperature  GaN  or 
AIN  buffer  layer  significantly  improves  the  structural  quality  of  the  subsequent  nitride  layers 
which  are  grown  at  high  temperatures  (e.g.,  >  1000°C  for  GaN).  Even  with  this  two  temperature 
growth  process,  the  dislocation  density  of  GaN  grown  on  sapphire  («  10*®  cm'^)*  is  considerably 
higher  than  obtained  for  other  Group  III-V  systems  for  which  lattice  matched  substrates  are 
available. 
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A  difficulty  with  current  growth  procedures  is  achieving  efficient  indium  incorporation. 
The  high  vapor  pressure  of  In  over  In-rich  solid  solutions  at  typical  nitride  growth  temperatures 
and  the  predicted  miscibility  gap  in  In^Ga,,^N  and  In^Ali.^N  alloys  are  responsible  for  this 
challenge.  In  this  study,  alternative  substrates  are  explored  which  provide  better  lattice  matching 
to  GaN.  This  could  lead  to  improved  structural  quality  and  increased  indium  incorporation 
efficiency  through  lowering  the  growth  temperature. 

ZnO  is  a  potential  substrate  candidate  for  GaN,  but  this  material  is  difficult  to  grow  in 
bulk  crystal  form  and  exhibits  a  high  sublimation  pressure  at  typical  GaN  growth  temperatures.’ 
The  structure  of  ZnO  does  suggest,  however,  that  the  substitution  on  Li  on  one  Zn  sublattice  and 
Al  or  Ga  on  the  other  Zn  sublattice  might  provide  a  more  stable  substrate  material.  This 
substitution  yields  the  two  oxide  compounds  LiAlOj  and  LiGaOj,  which  congruently  melt  at 
1700  and  1600°C,  respectively.  The  substitution  of  Li  and  Al  or  Li  and  Ga  on  the  two  Zn 
sublattices  results  in  a  doubling  of  the  unit  cell  and  lowering  of  the  crystal  symmetry.  The 
difference  in  ionic  radii  between  Li  and  Al  or  Ga  produces  a  slight  distortion  in  the  wurtzitic 
ZnO  structure  to  yield  stable  tetragonal  (LiAlOj)  and  orthorhombic  (LiGaOj)  structures. Both 
LiGa02  and  LiAlOj  are  closely  lattice  matched  to  GaN  (*1%),  provide  a  good  thermal  match, 
and  have  a  high  transparency  in  the  visible  and  uv  regions.  Kung  et  a/”  recently  reported  the 
growth  of  reasonable  quality  GaN  on  LiGaO^  by  MOCVD.  The  promise  of  growing  high  quality 
GaN  on  these  substrates  provides  the  motivation  for  this  study. 

EXPERIMENTAL 

Two  independent  MOCVD  reactors  were  used  in  this  study.  A  summary  of  typical 
growth  conditions  is  given  in  Table  1 . 


Table  1.  Summary  of  growth  conditions 


Growth  Reactors 

1 .  Water-cooled  reactor  with  a  tilted  horizontal  susceptor  (UF) 

2.  Water-cooled  reactor  with  a  planar  horizontal  rotating  susceptor  (NZ) 

Substrates 

LiGa02  (100),  LiGa02  (101),  UAIO2  (100),  and  a-Al203 

Precursors 

TEGa,  NH3 

Carrier  Gases 

Nitrogen,  hydrogen;  2.5  to  3.0  sIm 

Flow  Rates 

TEGa:  50  seem 

NH3:  500  to  3000  seem 

V/III  Inlet  Molar  Ratio 

1000  to  5000 

Growth  Pressure 

76  to  130  Torr 

Growth  Temperature 

500  to  900°C 

Growth  Rate 

0.3  to  0.8  /rm/hr 

Bulk  single  crystals  of  LiGaOj  and  LiAlOj  were  grown  from  the  melt  by  the  Czochralski 
technique  at  Crystal  Photonics'^  and  subsequently  sliced  on  both  sides.  It  was  found  that  etching 
the  surface  of  the  LiGaOj  or  LiAlOj  vrith  common  inorganic  acids  such  as  HCl  degraded  the 
surface  quality,  presumably  due  to  anisotropic  etching.  Therefore,  the  wafers  were  degreased  in 
acetone  and  methanol  solutions  and  loaded  into  the  reaction  chamber  without  further  processing. 

RESULTS  AND  DISCUSSION 

Initial  attempts  to  grow  GaN  on  either  LiAlOj  or  LiGaOj  using  hydrogen  as  the  carrier 
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gas  produced  films  of  poor  structural  quality  as  determined  by  HRXRD.  This  was  attributed  to 
the  reduction  of  the  oxide  surfaces  by  during  substrate  heating.  It  was  also  determined  that  a 
low  temperature  GaN  buffer  layer  was  not  effective  in  producing  high  quality  material.  To  avoid 
the  surface  degradation  caused  by  the  a  high  purity  Nj  carrier  gas  was  tested.  Growth  on 
LiA102  was  not  improved.  A  significant  improvement  in  surface  roughness  for  growth  on 
LiGa02,  however,  was  obtained  by  growing  in  N2  carrier  gas  with  a  pretreatment  of  the  substrate 
with  NH3  at  a  temperature  greater  than  800®C.  A  simple  thermodynamic  stability  analysis 
suggests  the  reaction  of  LijO,  Ga203  and  AI2O3  with  NH3  favors  the  formation  of  the  GaN  or 
AIN  over  Li3N  by  more  than  40  kJ/mol  of  nitride  at  1000  K.  It  is  thus  believed  that  avoiding  the 
use  of  H2  and  pretreating  the  substrate  with  NH3  prevents  significant  reduction  of  the  substrate 
surface  and  produces  a  nitride  surface  nucleation  layer.  Figure  1  shows  an  AFM  (Atomic  Force 
Microscopy)  image  of  a  0.5  /rm  thick  GaN  film  grown  directly  on  LiGa02  at  850  °C. 


1,00  JJH 


Figure  1.  AFM  image  of  the  surface  of  a  0.5  /mi  thick  GaN  film  on  (001)  LiGaOj  at  850°C. 

The  quality  of  GaN  films  was  investigated  using  cross-sectional  TEM.  Figure  2(A) 
shows  a  sample  which  has  an  estimated  density  of  threading  dislocations  of  only  10’  cm'^  at  a 
distance  greater  than  0.3  microns  from  the  interface.  The  dislocation  density  was  determined  by 
estimating  the  thickness  of  the  TEM  foil  and  counting  dislocations  along  a  segment  parallel  to 
the  interface.  Densities  were  estimated  to  be  lO'’  cm'^  at  the  interface.  This  low  surface  region 
defect  density  is  comparable  to  results  obtained  for  homoepitaxial  growth  of  GaN  films  on  small 
bulk  GaN  substrates.'^  SADP  showed  superposition  of  the  GaN  [2110]  and  the  LiGaOj  [010] 
diffraction  pattern,  suggesting  that  GaN  layer  is  a  single  crystal  and  was  grown  epitaxially. 
Contrast  analysis  showed  that  there  was  residual  strain  at  the  interface  between  the  GaN  and 
LiGaOj  substrate,  despite  the  small  mismatch. 

Figure  2(B)  shows  a  HRTEM  photomicrograph  of  the  interface  between  a  GaN  film  and 
the  LiGa02  substrate  with  lattice  images  aligned  the  GaN  [2 HO]  direction.  Plane  stacking  faults 
were  observed,  but  there  was  not  a  single  polytype  stacking  order.  These  micrographs  indicated 
that  there  was  a  nano  crystal  line  or  amorphous  interlayer  between  the  GaN  film  and  the  LiGaOj 
substrate.  It  is  speculated  that  either  the  substrate  polishing  procedure  failed  to  completely 
remove  sawing  damage,  or  the  surface  region  of  the  LiGaO,  was  altered  during  the  initial  stages 
of  growth.  A  preliminary  compositional  study  by  SNMS  (Spectroscopy  of  Neutrals  Mass 
Spectrometry),  indicated  there  exists  an  interfacial  layer  which  is  rich  in  Li  between  the  GaN 
film  and  the  substrate.  It  is  possible  that  another  phase  such  as  Li5Ga04  could  be  formed  by  a 
surface  reaction.  We  are  actively  studying  this  layer  by  various  analytical  procedures  after 
annealing  samples  for  various  times  and  temperatures. 
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Figure  2.  (A)  XTEM  photomicrograph  of  GaN  film  on  LiGaOj,  bottom  marker  -  50  nm;  (B) 
HRTEM  image  of  the  GaN/LiGaOj  interface. 


The  interpretation  of  X-ray  diffraction  results  has  proven  to  difficult  because  the  GaN  and 
LiGaOj  peaks  are  closely  spaced.  The  thicknesses  of  the  GaN  films  grown  in  this  study  are  less 
than  one  /an,  while  the  X-ray  penetration  depth  was  3  to  5  /an.  Thus  signals  were  collected  from 
the  substrate  as  well  as  from  the  film.  Figure  3(A)  shows  an  X-ray  diffraction  pattern  from  a 
GaN  film  grown  on  (001)  LiGaOj.  The  three  peaks  occuring  at  20  =  35.08°,  73.40°,  and 
126.35°  may  be  indexed  as  the  (0002),  (0004),  and  (0006)  diffraction  peaks  of  GaN.  Thus  it  is 
observed  that  (OOOl)-oriented  hexagonal  GaN  grows  on  (001)  LiGaOj.  With  (101)  LiGaOj, 
however,  it  is  noted  that  there  is  a  strong  peak  at  20  =  47.96°,  which  may  be  indexed  as  the 
(iT02)  peak  of  GaN,  while  the  second  peak  at  2©  =  49.01°  may  correspond  to  the  (202) 
diffraction  peak  of  LiGaOj.  Clearly,  the  GaN  film  orientation  is  dependent  on  the  orientation  of 
the  LiGaOj  substrate.  Although  our  TEM  study  indicates  the  presence  of  a  disordered  material  at 
the  film/substrate  interface,  the  film  is  strongly  influenced  by  the  structure  of  the  substrate  below 
this  interface.  It  is  possible  that  the  disordered  regions  occur  as  islands,  with  regions  between  the 
islands  where  there  is  full  coherence.  This  issue  is  under  study. 
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Figure  3.  X-ray  diffraction  spectra:  (A)  GaN  on  (001)  LiGa02;  (B)  GaN  on  (101)  LiGa02 

Finally,  an  in-depth  analysis  of  the  rocking  curves  produced  from  these  samples  has  been 
pursued.  Due  to  the  close  spacing  of  the  substrate  and  film  diffraction  peaks,  it  has  been  difficult 
to  interpret  the  results.  The  narrow  peak  shown  in  Figure  4  is  tenatively  assigned  to  the  LiGa02 
substrate,  and  the  wider  peak  to  the  GaN  film.  Thicker  films  of  GaN  on  LiGa02  are  presently 
being  prepared  to  assist  in  the  interpretation  of  these  data. 

CONCLUSIONS 

LiGa02  is  a  promising  substrate  for  the  growth  of  high  quality  GaN  films.  It  was 
determined  that  the  use  of  N2  carrier  gas  is  essential  to  achieve  high  structural  quality  when 
using  LiGa02  as  the  substrate.  XTEM  micrographs  indicate  that  the  near  surface  region  of  the 
LiGa02  substrate  was  amorphsized,  possibly  due  to  a  reaction  product.  These  results  also 
indicated  that  the  first  300  nm  of  the  GaN  layer  contained  a  high  density  of  threading 
dislocations  but  that  the  density  decreased  to  «10’  cm’^  at  farther  distances  from  the  interface. 
Further  study  is  in  progress  to  better  understand  the  initial  stages  of  growth  and  to  optimize  the 
growth  conditions. 
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Figure  4.  X-ray  double  crystal  rocking  curve  of  GaN  on  LiGaOj. 
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ABSTRACT 

We  introduce  III-V  nitrides  growth  including  GaN  as  well  as  InGaN  by  a  newly  developed 
atmospheric-pressure  metal-organic  vapor  phase  epitaxy  system  with  a  three  layered  flow  channel 
which  is  a  promising  system  for  a  large  scale  production.  First,  we  have  shown  through  computer 
simulation  that  a  laminar  flow  of  gases  is  maintained  at  1000  ^C  in  the  three  layered  flow  channel. 
Second,  as  a  part  of  epitaxial  results,  we  have  found  that  the  surface  roughness  of  a  low 
temperature-grown  buffer  layer  on  sapphire  substrates,  which  can  be  measured  by  atomic  force 
microscope,  should  be  minimum  in  order  to  grow  high  quality  GaN.  We  also  report  the  growth  of 
a  double  heterostructure  of  Ino.15Gao.85N/GaN  which  shows  a  strong  near  band-edge  emission  in 
room  temperature  photoluminescence. 

INTRODUCTION 

There  has  been  great  progress  in  the  research  on  III-V  nitrides  growth  as  well  as  device 
fabrication[l-3].  To  date,  the  commercial  light  emitting  diodes  which  cover  a  spectral  range  from 
blue  to  green  have  already  been  available  by  metal-organic  vapor  phase  epitaxy  (MOVPE).  Under 
these  situations,  we  have  developed  an  atmospheric-pressure  MOVPE  with  a  three  layered  flow 
channel  which  is  a  promising  system  for  a  large  scale  production.  This  three  layered  flow  channel 
has  been  used  in  the  large  scale  production  (six-3  in.  wafers)  for  ordinary  III-V  system  because 
the  large  uniform  diffusion  boundary  layer  of  source  gases  can  be  attained  by  adjusting  the  flow 
rate  of  each  gases  in  the  three  layered  flow  channel  [4].  The  main  purpose  of  this  study  is  to  verify 
the  applicability  of  the  three  layered  flow  channel  to  the  III-V  nitrides  growth  in  order  to  develop  a 
large  scale  MOVPE  for  UI-V  nitrides. 

In  this  paper  we  introduce  the  computer  simulation  of  the  gas  flow  and  the  growth  results 
of  low  temperature-grown  buffer  layers,  GaN  and  InGaN  by  a  newly  developed  atmospheric- 
pressure  MOVPE  with  a  three  layered  flow  channel.  In  particular,  most  of  GaN  films  grown  on  c- 
plane  sapphire  substrates  contain  low  temperature-grown  buffer  layers,  which  are  either  GaN  or 
AIN.  However,  since  the  optimum  growth  temperature  and  its  thickness  have  large  variety  in  the 
literature[5-6],  we  first  show  the  optimization  method  of  buffer  layers  by  atomic  force  microscopy 
(AFM)  to  produce  high  quality  GaN  films  in  MOVPE  growth. 

EXPERIMENT 

I.  Computer  simulation  of  the  gas  flow  in  flow  channels 

A  computer  simulation  of  the  gas  flow  in  both  the  three  layered  and  the  center  flow  channel 
was  performed  using  the  control  volume  method  on  the  commercial  software  (PHOENICS)  for 
fluid  dynamics.  The  biggest  advantage  in  using  the  control  volume  method  is  that  physical 
quantities  such  as  mass,  momentum  and  energy  of  fluid  are  preserved  in  a  whole  computing 
space.  We  used  a  2-dimensional  model  with  staggered  mesh  to  simulate  the  gas  flow  in  flow 
channels.  Also,  we  employed  following  boundary  conditions:  the  susceptor  temperature  was  10(X) 
oC,  the  temperature  of  the  center  flow  channel  above  the  susceptor  was  350  and  the  other 
surfaces  of  flow  channels  were  heated  up  to  250  ^C.  N2  gas  at  a  flow  rate  of  10  1/min  at 
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atmospheric -pressure  was  flown  in  each  layers  in  the  three  layered  flow  channel.  Thermal 
expansion  of  gas  was  also  taken  into  account. 

II.  Epitaxial  growth 

All  epitaxial  growth  have  been  performed  by  a  horizontal  atmospheric-pressure  MOVPE 
(Nippon  Sanso  Co.,  NM-2000)  which  is  capable  of  handling  a  2  in.  wafer.  Fig.  1  shows  a 
schematic  drawing  of  this  MOVPE  reactor.  This  reactor  consists  of  two  parts  made  of  quartz.  One 
is  the  three  layered  flow  channel  and  the  other  is  a  center  flow  channel.  In  this  three  layered  flow 
channel,  source  gases  are  separately  flown  in  order  to  achieve  very  high  gas  velocity  to  avoid  an 
adduct  formation  of  reactive  source  gases  without  any  entrance  effects.  The  entrance  effects  cause 
an  anomalous  concentration  distribution  of  source  gases  at  an  entrance  in  a  reactor  operating  under 
high  gas  velocity.  We  usually  flow  purified  N2  at  a  rate  of  15  1/min  in  the  top  layer,  a  mixture  of 
metal-organic  source  and  H2 


heater 


Fig.  1.  Schematic  drawing  of  atmospheric-pressure  MOVPE  reactor 

(NM-2000). 


at  a  rate  of  10  1/min  in  the  middle  layer  and  a  mixture  of  specially  purified  100  %  NH3  gas 
(Nippon  Sanso  Co.,  super  ammonia)  and  H2  at  a  rate  of  10  1/min  in  the  bottom  layer.  The  center 
flow  channel  is  rectangular  shaped  with  very  small  height  in  order  to  achieve  very  high  velocity  of 
source  gases.  In  this  center  flow  channel  a  wafer  susceptor  with  a  carbon  electric  heater  is  located. 
These  flow  channels  are  installed  in  a  stainless  steel  chamber.  Using  this  MOVPE  system,  GaN 
and  InGaN  for  this  study  were  grown  on  c-plane  sapphire  (a-Al203)  substrates.  The  substrates 
were  loaded  in  the  chamber  without  any  chemical  treatments,  and  then  subject  to  an  in-situ  1 150 
oC  pretreatment  in  H2  atmosphere  prior  to  growth.  Thin  GaN  or  AIN  buffer  layers  were  grown  at 
450  oC  or  300  ^C,  respectively.  The  temperature  was  then  raised  to  1050  for  thick  GaN 
growth  with  a  typical  growth  rate  of  2  |im/h  at  a  V/III  ratio  of  5000.  In  the  growth  of  double 
heterostructures  of  GaN/InGaN/GaN,  the  growth  temperature  of  InGaN  layer  was  either  700 
or  725  oC.  This  was  followed  by  a  GaN  cap  at  1050  with  a  thickness  of  0.1  pm. 
Photoluminescence  (PL)  system  used  in  this  study  consists  of  a  HeCd  (325  nm)  laser,  a  bi-alkali 
photomultiplier  as  a  detector  and  a  photon  counter.  The  Hall  measurement  was  used  to  characterize 
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undoped  GaN  films  using  In  contacts.  AFM  results  were  used  to  optimize  the  low  temperature- 
grown  buffer  layer  thickness  for  high  quality  GaN  films. 

RESULTS  AND  DISCUSSION 

I.  Computer  simulation  of  the  gas  flow  in  flow  channels 

Fig.  2  shows  our  computer  simulation  result  for  the  stream  line  of  gas  flow  at  a  substrate 
temperature  of  1000  ^C.  It  was  determined  from  this  figure  that  a  smooth  laminar  flow  is  achieved 
in  the  flow  channel  without  any  up-streams  caused  by  the  heat  from  the  susceptor  which  is  drawn 
as  a  dense  line  in  this  figure.  This  is  because  the  height  of  these  flow  channels  is  very  small. 
Consequently,  it  was  also  found  that  the  gas  stream  goes  to  upward  after  the  center  flow  channel. 


Fig.  2.  The  stream  line  of  gas  flow  at  a  substrate  temperature  of  1000  at  a 
total  N2  gas  flow  rate  of  30  1/min  . 


II.  Low  temperature  buffer  layer  and  high  quality  GaN  growth 

In  order  to  produce  a  mirror  surface  of  GaN,  an  optimum  thickness  of  both  GaN  and  AIN 
low  temperature  buffer  layers  was  characterized  by  the  atomic  roughness  of  their  surfaces  using 
AFM.  The  growth  temperatures  for  GaN  buffer  layers  and  AIN  buffer  layers  used  in  this 
characterization  were  450  ^C  and  300  ^C,  respectively  and  these  were  grown  on  c-plane  sapphire 
substrates  after  an  in-situ  1150  oC  pretreatment  in  H2  atmosphere.  Figs.  3  (a),  (b)  and  (c)  show 
the  AFM  surface  images  of  GaN  buffer  layers  grown  with  thickness  of  10  nm,  20nm  and  30  nm, 
respectively  .  It  is  found  that  the  coverage  of  GaN  layer  on  the  sapphire  substrate  is  not  complete 
when  the  thickness  is  10  nm  (Fig.  3  (a)),  and  then  becomes  complete  when  the  thickness  reaches 
20  nm  (Fig.  3  (b)).  However,  further  increase  in  thickness  over  30  nm  seems  to  cause  a  surface 
roughening  as  shown  in  Fig.  3  (c).  These  phenomena  can  be  understood  if  the  relation  between 
the  buffer  layer  thickness  and  the  averaged  atomic  surface  roughness  is  plotted  as  shown  in  Fig. 
4.  In  this  figure,  open  circles  represent  the  data  from  GaN  buffer  layers,  while  solid  circles 
represent  those  from  AIN  buffer  layers.  For  GaN  buffer  layers,  it  was  found  that  the  minimum 
surface  roughness  occurs  at  the  thickness  around  20  nm.  On  the  other  hand,  for  AIN  buffer 
layers,  the  minimum  surface  roughness  occurs  around  40  to  50  nm.  Using  GaN  and  AIN  buffers 
with  these  optimum  thickness,  we  have  been  successively  obtaining  high  crystal  quality  with 
mirror  surface  GaN  showing  very  high  efficient  band-edge  PL  emissions  with  very  little  deep 
emissions.  Fig.  5  shows  typical  examples  of  the  room  temperature  PL  at  a  excitation  power  of  2 
mW  and  the  double  crystal  X-ray  diffraction  from  2jim-thick  GaN  grown  at  1050  with  20  nm- 
thick  GaN  buffer  layer  grown  at  450  ^C.  This  x-ray  diffraction  shows  a  full  width  at  half¬ 
maximum  (FWHM)  as  small  as  280  arc  sec.  The  thickness  uniformity  of  ±3  %  over  2  in.  wafer  is 
obtained.  The  Hall  measurement  result  on  this  sample  indicates  that  the  electron  concentration  is 
3x10^^  cm'3  with  the  electron  mobility  of  721  cm^/V  sec.  The  only  difference  in  crystal  quality 
caused  by  the  different  buffer  layers  is  that  GaN  with  an  AIN  buffer  layer  always  shows  a  smaller 
electron  mobility  than  that  with  a  GaN  buffer  layer. 
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Fig.  3.  The  AFM  surface  images 
of  GaN  buffer  layers  grown  with 
thickness  of  10  nm  (a),  20nm  (b) 
and  30  nm  (c). 


buffer  layer  thickness  [nm] 

Fig.  4.  The  relation  between  the  buffer  layer 
thickness  and  the  averaged  atomic  surface 
roughness.  Open  circles  represent  the  data 
from  GaN  buffer  layers,  while  solid  circles 
represent  those  from  AIN  buffer  layers. 
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Fig.  5.  The  room  temperature  PL  at  the  excitation  power  of  2  mW  and  the 
double  crystal  x-ray  diffraction  from  2p.m-thick  GaN  grown  at  1050  with  20 
nm- thick  GaN  buffer  layer  grown  at  450  ^C. 


III.  Double  heterostructure  of  GaN/InGaN/GaN 


2  3  4 

emission  energy  [eV] 


Fig.  6.  The  room  temperature  PL  spectra  at  an 
excitation  power  of  2  mW  from  double 
heterostructures  of  GaN/InGaN/GaN.  The  solid 
curve  represents  the  spectrum  from  700  ^C- 
grown  InGaN  while  the  dashed  curve  from  725 
^C-grown  InGaN. 


We  have  also  grown  double 
heterostructures  of  GaN/InGaN/GaN. 
In  these  growth,  the  growth 
temperature  of  InGaN  was  changed. 
Fig.  6  shows  the  room  temperature  PL 
spectra  collected  from  two  different 
double  heterostructures  of 
GaN/InGaN/GaN  at  an  excitation 
power  of  2  mW.  In  these  double 
heterostructures,  the  thickness  of  the 
InGaN  layer  and  the  input  Ga/In  ratio 

are  0.2pm  and  0.24,  respectively  in 
both  structures.  However,  the  growth 
temperature  of  InGaN  layers  was 
different;  One  was  grown  at  700 
(solid  line)  and  the  other  at  725  <^0 
(dashed  line).  In  the  PL  spectrum  from 
700  oC-grown  InGaN  we  can  see  the 
strong  emission  peak  located  around 
2,4  eV,  the  broad  tail  toward  higher 
energy  and  the  small  peak  located 
around  3.4  eV  which  might  originate 
from  the  cap  GaN  layer.  The  band-gap 
energy  of  2.4  eV  corresponds  to  the  In 
content  of  0,57  in  the  InGaN  alloy. 
The  double  crystal  X-ray  data  from 
this  sample,  however,  indicates  the  In 
content  of  about  0.15.  Further 
investigation  is  required  to  identify  this 
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emission  peak  at  2.4  eV.  On  the  other  hand,  in  the  PL  spectrum  from  725  ^C-grown  InGaN,  two 
dominant  emission  peaks  are  observed.  One  is  at  3.14  eV  and  the  other  is  at  3.33  eV.  These 
emission  energies  correspond  to  the  In  contents  of  0.15  and  0.07,  respectively.  The  peak  intensity 
ratio  of  these  two  emissions  did  not  change  upon  increasing  the  excitation  power.  This  result 
suggests  that  these  two  emissions  originate  from  electron-hole  pairs  in  continuum  states.  In 
addition,  this  In  content  of  0.07  measured  by  PL  is  in  good  agreement  with  the  one  obtained  by 
the  double  crystal  X-ray  diffraction  of  this  sample.  Judging  from  these  data,  raising  the  growth 
temperature  of  InGaN  decreases  In  incorporation  and  In  inhomogeneity  in  epi-layers. 

CONCLUSION 

We  have  shown  through  computer  simulation  that  a  laminar  flow  of  gases  is  maintained  at 
1000  oC  in  the  three  layered  flow  channel.  We  have  found  that  the  surface  roughness  of  a  low 
temperature-grown  buffer  layer  on  sapphire  substrates,  which  can  be  measured  by  atomic  force 
microscope,  should  be  minimized  in  order  to  grow  high  quality  GaN.  We  also  report  the  growth 
of  a  double  heterostructure  of  Ino.15Gao.85N/GaN  which  shows  a  strong  near  band-edge  emission 
in  room  temperature  photoluminescence.  Thus,  we  have  verified  the  applicability  of  the  three 
layered  flow  channel  to  the  III-V  nitrides  growth  through  these  results. 
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ABSTRACT 

Nanoscale  GaN  quantum  dots  were  fabricated  in  Alj^Gai.^N  confined  layer  structures 
via  metalorganic  chemical  vapor  deposition  (MOCVD),  by  using  a  ‘surfactant’  which  can 
modify  the  GaN  growth  mode  on  AlGaN  surfaces.  A  two  dimensional  growth  mode  (step- 
flow-like)  of  GaN  films  on  Al^Caj.^N  (x=0~0.2)  surfaces,  that  is  energetically  commenc^ 
under  the  conventional  growth  conditions,  was  intentionally  changed  into  a  three  dimensional 
mode  by  adding  tetraethyl-silane  (TESi)  used  as  a  surfactant  onto  the  AlGaN  substrate  surface 
prior  to  the  GaN  deposition.  The  surfactant  is  believed  to  inhibit  the  GaN  film  from  wetting  the 
AlGaN  surface  due  to  the  change  in  surface  free  energy.  The  resulting  morphological 
structures  of  GaN  dots  were  found  to  be  sensitive  to;  the  doping  rate  of  TESi,  the  A1  content  (x) 
of  the  Al^Gai.xN  layer,  and  the  growth  temperature.  A  very  intense  photoluminescence  (PL) 
emission  was  observed  from  the  GaN  dots  embedded  in  the  AlGaN  layers.  The  quantum  size 
effect  in  terms  of  the  blue-shift  in  a  PL  peak  position  was  verified  using  the  GaN  dot  samples 
having  different  dot  sizes. 

INTRODUCTION 

Recently,  GaN  and  other  group  III  nitiides  have  been  extensively  investigated,  largely 
in  order  to  achieve  high  quality  short  wavelength  light  emitting  and  laser  diodes  (LEDA-D). 
Laser  action  from  InGaN  multi-quantum  well  structures  was  recently  achieved  by  Nakamura  et 
al.’’^  Among  many  problems  needing  to  be  solved  for  the  future  applications  of  these  devices 
(especially  short  wavelength  LDs),  obtaining  a  low  threshold  current  density  (which  is 
presently  8.7kA/cm^  high  compared  to  that  of  III-V  and  II- VI  LDs^)  is  essential.  By  reducing 
the  dimension  of  the  active  layer  structure,  i.e.  to  that  of  a  quantum  wire  or  dot,  if  the  size  of 
stnictures  is  at  least  comparable  to  the  effective  Bohr  radius  of  an  exciton^  then  this  value  may 
be  improved  due  to  increased  binding  energies  of  excitons.  Furthermore,  a  variety  of  physical 
phenomena  due  to  many  body  effects  of  excitons  is  of  great  interest,  for  example,  a  biexcitonic 
transition'^  from  the  nanoscale  GaN  crystal  is  particularly  interesting  as  a  possible  method  to 
achieve  new  LD  devices,  quantum  dot  lasers. 

Self-assembling  dot  structures  have  been  constructed  with  InGaAs,  InAs^’’,  AlInAs  and 
different  combination  of  phoshides.*'’*^  A  lattice  mismatch  in  these  can  provide  a  Stranski- 
Krastanow  (S-K)  growth  mode",  which  produces  self-assembling  nanoscale  dots  on  a  very 
thin  wetting  layer.  Gallium  nitride  dot  structures  have  so  far  only  been  reported  from  Dmitriev 
et  al.^^  Various  sizes  of  nanoscale  GaN  dots  were  fabricated  directly  on  6H-SiC  substrates  by 
metalorganic  chemical  vapor  deposition  (MOCVD)  in  which  a  three  dimensional  growth  occurs. 
However,  no  investigation  of  GaN  dot  fabrication  in  the  forms  of  both  optical  and  electrical 
confined  layer  structures,  which  are  essential  for  practical  device  applications,  has  been 
reported  due  to  an  inevitable  two-dimensional  growth  mode  in  a  GaN/AlGaN  system. 

In  this  letter  a  successful  fabrication  of  nano-scale  GaN  quantum  dots  in  AlGaN 
confined  layers  by  MOCVD  is  reported.  The  role  of  a  ‘surfactant’ is  discussed  in  terms  of 
growth  modes  in  the  GaN/AlGaN  system. 

EXPERIMENTAL 

The  multilayer  structures  consisting  of  an  Al^GUi.^N  capping  layer,  GaN  dots,  an 
Al^Gaj.jjN  cladding  layer,  and  an  AIN  buffer  layer' were  fabricated  on  Si  faces  of  on-axis 
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6H-SiC(0001)  surfaces  by  a  conventional  horizontal-type  MOCVD  system.  Ammonia  (NH3), 
trimethylaluminum  (TMA)  or  trimethylgallium  (TMG)  with  as  a  carrier  gas  and  were 
independently  supplied  via  a  separate  reactor  tube  and  mixed  just  before  the  substrate  susceptor 
for  the  growth  of  AIN,  GaN  dots,  and  Al^Ga,  solid  solutions.  The  typical  gas  flow  rate 
was  2  SLM,  2  SLM,  and  0.5  SLM  for  NH3,  H2,  and  N2,  respectively.  The  substrate 
temperature  was  measured  with  a  thermocouple  located  at  Uie  substrate  susceptor.  After 
depositing  the  -1.5  nm  thick  AIN  buffer  layer’'*,  the  -0.6  jim  thick  Al^Gaj.xN  cladding  layer 
was  grown,  with  the  A1  content  x  being  varied  in  the  range  of  -0.07—0.2  by  changing  the  gas 
flow  ratio  of  TMA  and  TMG.  The  mole  flux  of  TMA  and  TMG  was  48  and  1. 7-2.9  (for  x  = 

-0.07—0.2)  )imol/min.,  respectively.  The  atomically  smooth  surfaces  of  the  Al^Gaj.xN 
cladding  layers  were  initially  confirmed  using  an  atomic  force  microscope  (AFM). 
Tetraethylsilane  (Si(C2H5)4:  TESi:  14  -  176  nmol)  with  the  H2  carrier  gas  was  then  supplied  on 
the  AlxGaj  xN  surface,  followed  by  the  short  supply  (5  second)  of  TMG  and  NH3  gases  for  the 
growth  of  GaN  dots.  Finally,  the  GaN  dots  were  embedded  in  the  -60  nm  thick  AlxGaj.xN  (x 
=  -0.2)  capping  layer.  Samples  without  a  capping  layer  were  also  fabricated  to  investigate  the 
GaN  dot  morphology  by  AFM.  The  reactor  pressure  was  maintained  at  76  Torr,  and  the 
growth  temperature  was  varied  in  the  range  of  1060°C  and  1100°C  but  kept  constant  during  a 
growth  series.  The  resulting  structures  were  examined  by  an  AFM  (SPI-3700),  which  was 
equipped  with  a  SijN,  sharpened  pyramidal  tip,  and  by  photoluminescence  (PL)  using  a  He-Cd 
laser  (325  nm)  at  77K. 

RESULTS  AND  DISCUSSIONS 

(1 }  Two  dimensional  growth  of  GaN  on  AlGaN  surfaces 

A  two-dimensional  growth  mode  of  GaN  films  on  AlGaN  surfaces  was  occurred,  as 
demomstrated  in  the  AFM  micrograph  in  Fig.  1.  GaN  films  were  grown  directly  on  to 
ALGa.xN  (x=0.2)  surfaces  without  any  surface  treatment,  resulting  in  a  step-flow-like 
morphology.  This  feature  resembles  that  of  the  AlGaN  cladding  layer  which  was  also  grown 
on  the  AIN  buffer  layer  in  a  step  flow  mode  as  confirmed  by  AFM.  The  averaged  step  height 
was  measured  to  be  —0.5  nm  corresponding  to  2  bi-monolayers  of  (0002)  planes  of  GaN  (see 
z-height  analysis  along  the  line  A-B  in  Fig.  1).  This  was  probably  due  to  the  fairy  small  ^^bce 
misfit  (e.g.  -0.18%  for  x  =  0.2  of  AlxGaj.xN)  and  the  larger  surface  free  energy  of  the  AlGaN 
surface  as  compared  to  that  of  GaN. 


Fig.  1  AFM  image  of  GaN  grown  on  an  AlGaN  surface,  showing  a  step-flow-like 
morphology.  The  z-height  analysis  along  the  line  A-B  indicates  -0.5  nm  height  steps  on  the 


GaN  surface. 
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Fig.  2  AFM  images  of  GaN  quantum  dots  grown  under  the  various  conditions.  The  images  of 
(a)  plan-view  and  (c)  bird-eye-view  were  taken  of  the  sample  grown  at  1060“C  and  TCSi  dose 
of  14  nmol.  The  images  of  (b)  plan-view  and  (d)  bird-eye-view  were  taken  of  the  sample 
grown  at  lOSO’C  and  TESi  dose  of  41  nmol 
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{2)  Effect  ofTESi  dose  on  GaN  growth  mode 

The  typical  GaN  quantum  dot  morphologies  grown  on  the  Alo  jCa^gN  surfaces  are 
shown  in  Fig.  2(a)  and  (b),  which  were  produced  with  growth  temperatures  of  1060“C  and 
lOSO^C,  respectively.  The  GaN  dots  with  an  average  width  of  ~40  nm  and  height  of  ~6  nm 
are  uniformly  distributed  on  the  AlGaN  surfaces.  The  dot  density  in  Fig.  (a)  and  (b)  is  ~2  x 
10’  cm'^  and  "-4  x  10'”  cm"'^,  respectively.  In  the  bird-eye- view  AFM  images  of  Fig.  2  (c)  and 
(d),  the  detailed  shapes  of  the  dots  corresponding  to  the  plan-view  images  of  (a)  and  (c)  are 
clearly  seen.  It  is  of  note  that  the  GaN  dot  structures  were  only  obtained  when  the  AlGaN 
surface  was  exposed  to  the  TESi  gas  before  the  GaN  deposition  procedure.  The  TESi  doping 
rate,  the  A1  and  Ga  content  of  Al^Gaj.xN,  and  the  growth  temperature  were  all  found  to  be 
important  parameters  which  control  the  shape  (aspect  ratio  =  height/width)  and  the  density  of 
GaN  dots.  The  dot  density  could  be  changed  from  ~10^  to  ~10"  cm’^  by  various  combinations 
of  these  parameters.  The  TESi  doping  rate  and  the  growth  temperature  effectively  controlled 
the  density,  for  example,  densities  of  ~5  x  10’  and  ~5  x  10*  cm'^  were  obtained  with  TESi 
doping  rates  of  44  and  176  nmol/min  (both  at  1080°C),  respectively.  The  effect  of  the  growth 
temperature  on  the  density  was  rather  drastic,  varying  by  a  factor  of  10  between  1060  C  and 
1100°C.  The  dot  size  was  also  controllable  by  the  TMG  flux  during  GaN  growth,  i.e.  growth 
time.  By  increasing  the  GaN  growth  time  from  5  to  50  seconds  the  dot  size  was  changed  from 

40  nm  X  6  nm  to  120  nm  x  100  nm  (width  x  height).  The  results  of  PL  studies  from  various 
sizes  of  GaN  dots  are  discussed  in  the  following  section. 

(3)  A  model  of  GaN  quantum  dot  formation  mechanism 

The  GaN  dot  formation  is  probably  explained  by  the  surfactant  effect.  As  has  been 
studied  in  the  Ge/Si  system"'-  surfactants  can  be  used  to  suppress  island  formation  by 
modifying  surface  free  energies. 

In  general,  surface  free  energy  balance  at  the  growth  front, 

<  Of  -H  a-, 

determines  the  growth  mode,  where  o,.  Of,  and  o^  represent  the  surface  free  energies  of  the 
substrate,  film,  and  interface  free  energy,  respectively.  The  inequality  shown  here  commences 
three  dimensional  growth  in  the  system.  Once  a  third  element  (surfactant),  for  example  As  , 
Sb'’,  or  Sn’*,  is  introduced  onto  the  substrate  surface,  the  sign  of  the  inequality  can  be  changed 
due  to  the  alteration  of  substrate  surface  free  energy.  A  similar  reversed  effect  is  expected  to 
occur  in  the  GaN/AlGaN  system.  It  should  be  emphasized  that  a  surfactant  was  introduced  in 
order  to  enhance  islanding  in  the  present  study,  which  was  contrary  to  the  inhibition  it  causes  in 
the  Ge/Si  system.  By  adding  the  TESi  gas  to  the  substrate  surface  (AlGaN),  the  surface  free 
energy  may  be  decreased  due  to  the  termination  of  Al-  and  Ga-  dangling  bonds  on  AlGaN 
surfaces  with  Si.  At  this  rime,  the  presence  or  absence  of  Si-related  bondings  at  the  GaN 
dot/AlGaN  interface,  that  is  essential  to  clarify  the  exact  role  of  TESi  as  a  surfactant,  is 
unknown.  Moreover,  in  kinetic  terms  the  surface  diffusion  length  of  adatoms  may  be  enhanced 
by  the  presence  of  a  surfactant,  resulting  in  decreased  dot  densities  under  the  higher  TESi 
doping  rate.  The  Si  atoms  may  also  be  considered  to  play  a  role  as  a  nucleation  site.  However, 
since  the  exact  roles  of  TESi  or  Si  are  still  unknown,  a  detailed  study  including  surface 
chemistry  needs  to  be  carried  out  in  the  future. 

(4)  An  optical  property  of  GaN  quantum  dots 

A  photoluminescence  study  of  the  GaN  dot  structures  was  performed  using  the  various 
GaN  dot  samples  with  different  dot  sizes  discussed  above.  The  GaN  dots  on  all  the  samples 
were  capped  with  an  AlGaN  layer  in  order  to  eliminate  oxidation  effects.  Figure  3  shows  the 
PL  spectra  of  the  samples  with  sizes  in  the  range  of  40  nm  x  6  nm  to  120  nm  x  100  nm  (width 
X  height).  Two  peaks  are  apparent  at  ~3.5-3.55  eV  and  -3.72  corresponding  to  emissions 
from  the  GaN  dots  and  the  AlGaN  capping  layer  (x=~0.2),  respectively.  As  the  GaN  dot  size 
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is  increased,  the  peak  position  is  shifted  towards  the  lower  energy  side,  indicating  a  quantum 
size  effect.  The  PL  peak  of  the  sample  with  40  nm  x  6  nm  size  exhibits  a  blue  shift  of  ~80  meV 
based  on  the  standard  position  at  3.47  eV  for  a  GaN  film  grown  on  the  SiC  substrate.’^ 


Fig.  3  77K  PL  specti'a  from  different  sizes  of  GaN  quantum  dots  confined  in  ALGa,  vN 
(x  =  -0.2)  layers. 


CONCLUSIONS 

GaN  quantum  dots  were  fabricated  on  Alj^Gaj.^N  surfaces  and  in  Al^Gaj.^N  confined 
layer  stnictures.  The  dose  of  TESi  to  the  AlGaN  surface  was  found  to  play  a  significant  role  as 
a  surfactant  and  so  establish  dot  structures,  with  no  dot  being  formed  without  TESi.  The  size 
and  density  of  the  GaN  dots  were  controlled  by  the  TESi  doping  rate,  the  A1  content  of  AlxGUj. 
xN  surface  and  the  growth  temperature.  Finally,  a  very  intense  PL  emission  was  observed 
from  the  GaN  dots.  The  dot  size  dependence  on  the  PL  peak  position  indicated  the  quantum 
size  effect. 
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ABSTRACT 

Layers  of  AIBN  were  grown  on  sapphire  by  organometallic  vapor  phase  epitaxy  (OMVPE) 
at  1050^0  using  triethylboron  (TEB),  trimethylaluminum  (TMA)  and  ammonia  as  precursors. 
Boron  is  readily  incorporated  into  the  layers  and  its  concentration  in  the  solid  phase  can  be  made 
fairly  high,  up  to  at  least  40%.  However,  single  phase  AlxBi-xN  films  can  only  be  ^own  for 
compositions  not  exceeding  x=0.01.  For  higher  B  concentrations  a  second  B-rich  phase  is  formed. 
This  phase  is  shown  to  be  most  probably  wurtzite  BN  based  on  the  results  of  transmission  electron 
microscopy  and  x-ray  diffraction.  The  growth  of  this  phase  occurs  within  the  framework  of 
wurtzite  AIN  islands  providing  the  sites  for  lateral  growth  of  wurtzite  BN.  This  leads  to  formation 
of  columnar  structure  of  AIN  and  BN  crystallites  oriented  in  the  basal  plane  and  existing  side  by 
side.  This  is  one  of  the  first  observation  of  purely  thermal  growth  of  sp^  bonded  BN. 

INTRODUCTION 

Group  III  nitrides  are  of  much  interest  for  a  variety  of  applications  in  optoelectronics  and 
electronics.  However,  great  difficulties  in  bulk  crystal  growth  and  the  lack  of  suitable  lattice 
matched  substrates  for  heteroepitaxial  growth  prevented  fabrication  of  practical  devices  in  this 
materials  system.  Only  with  low  temperature  AIN  and  GaN  buffer  layer,  the  crystalline  quality  of 
epitaxy  layer  improves  up  to  certain  degree.  Recently  controllable  n-  and  p-type  doping,  growth  of 
high  quality  heterostructures  and  quantum  wells  and  fabrication  of  viable  devices  such  as  light 
emitting  diodes  (LED),  various  types  of  field  effect  transistors  (FET)  and,  lately,  of  laser  diodes 
(LD)  [1,2]  have  been  demonstrated.  Still,  even  in  the  best  nitrides  films  grown  by  OMVPE  the 
lowest  dislocation  density  achieved  is  in  the  high  10^  cm-2  range  [3],  i.e.  much  higher  than  crystal 
perfection  of  more  mature  semiconductor  systems,  such  as  Si  or  GaAs. 

4H  and  6H  polytypes  of  SiC  offer  a  much  better  lattice  match  than  does  the  sapphire.  Also, 
the  thermal  conductivity  of  SiC  is  about  an  order  of  magnitude  higher  than  that  of  sapphire  which 
is  a  substantial  advantage  for  high  power  microwave  FETs  now  being  developed  in  AlGaN.  In 
addition,  SiC  substrates  can  be  easily  grown  highly  conductive  n-  or  p-type,  making  it  possible  to 
form  a  good  ohmic  contact  through  the  substrate  in  devices  with  vertical  current  flow  such  as  LEDs 
or  LDs  for  which  many  difficulties  arise  when  growing  on  insulating  sapphire  substrates  [1]. 

Even  with  the  imperfect  lattice  match  between  AlGaN  and  SiC  (about  1  %  mismatch  with 
AIN  and  about  3%  mismatch  with  GaN),  good  quality  epitaxial  growth  of  AIN  and  GaN  on  SiC 
has  been  demonstrated.  It  is  hoped  that,  could  the  exact  lattice  matching  be  achieved,  the  crystal 
perfection  of  AlGaN  films  would  be  determined  mostly  by  the  quality  of  SiC  substrates  [1,2]. 

It  was  proposed  some  time  ago  that  lattice  matching  in  the  AlGaN/SiC  system  can  be 
achieved  by  incorporation  of  boron,  an  atom  with  a  smaller  covalent  radius  than  that  of  Ga  or  A1 
[4].  Although  it  has  been  demonstrated  that  a  certain  amount  of  B  can  be  dissolved  in  A1N[5,6]  the 
solubility  limit  and  the  phases  which  are  formed  when  the  solubility  limit  is  exceeded  have  not  been 
determined.  In  this  paper  we  present  such  results  for  AIBN  layers  grown  by  OMVPE. 

EXPERIMENTAL 

AIBN  layers  were  grown  by  OMVPE,  on  sapphire  c-plane,  in  horizontal  two-inlet  reactor 
at  76  Torr.  Hydrogen  was  used  as  a  carrier  gas  and  trimethylaluminum  (TMA),  triethylboron 
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(TEB)  and  ammonia  gas  (NH3)  were  used  for  precursors  of  Al,  B  and  N.  TEB  was  used  for 
growth  of  B  containing  compounds  [7,8].  Sapphire  substrates  were  cleaned  in  organic  solvents 
and  etched  in  hot  mixture  of  H2S04:H3P04(3:1).  These  substrates  were  annealed  in  the  reactor  in 
H2  at  1 100  °C  before  the  growth.  The  buffer  was  AIN  grown  at  500  °C  and  about  70  nm  thick. 
Growth  was  done  at  1050°C  where  good  quality  AIN  layers  could  be  deposited  [9].  The  typical 
sample  consisted  of  two  layers  of  same  thickness.  AIBN  layer  was  grown  on  top  of  high 
temperature  grown  AIN.  The  flow  of  TMA  and  NH3  is  fixed  at  2.8  /tmol  /  min  and  21  /  min  which 
gives  the  growth  rate  of  l/im/hr.  The  flow  of  TEB  was  varied  from  1.7/tmol/min  to 
34  jUmol  /  min . 

The  thickness  of  the  layer  was  determined  by  observing  the  interference  fringes  in  optical 
transmission,  and  verified  by  cross-sectional  transmission  electron  microscopy  (TEM) 
measurement.  The  boron  distribution  was  measured  by  secondary  ion  mass  spectrometry  (SIMS), 
and  the  signal  was  quantified  using  B  implanted  AIN  standard  sample  [10].  The  phases  present  in 
the  samples  were  characterized  by  plan  view  and  cross-sectional  TEM  and  X-ray  diffraction  using 
Cu  K^radiation.  The  TEM  samples  were  prepared  by  mechanical  dimpling  followed  by  ion 
milling. 

RESULT  AND  DISCUSSION 

SIMS  profiles  of  two  AIBN  bilayer  stacks  grown  with  two  different  flow  rates  are 
shown  in  Fig.  1.  The  samples  were  double  layer  AIBN/AIN  structure  and  each  layer  has  a 
thickness  of  0.5/im.  It  clearly  shows  that  TEB  is  decomposed  at  the  growth  temperature  of 
1050  °C  and  B  concentration  in  the  solid  phase  is  approximately  proportional  to  TEB  flow.  The 
sharp  drop  of  boron  profile  corresponds  to  the  AlBN/AlN  interface.  If  all  of  B  is  incorporated 
substitutionally  in  the  AIN  matrix,  the  lattice  parameters  of  the  layers  would  be  changed 
accordingly.  Assuming  Vegard's  law  and  published  wurtzite  BN  lattice  parameter  [11],  the  lattice 
parameters  of  the  AIBN  layers  shown  in  Fig.  1.  should  decreased  by  1%  and  6.4%  compared  to 
wurtzite  AIN  [12]. 

X-ray  diffraction  pattern  for  AIBN  shows  only  (0  0  0  2)  reflection  from  AIBN  and  (0  0  0 
6)  reflection  from  sapphire  substrate.  The  sample  with  10  seem  of  TEB  flow  exhibits  the  change  of 
peak  position  from  36.04°  which  is  AIN  basal  plane  position  to  36.09°  indicating  that  the  c-lattice 
parameter  decreased  from  0.498  nm  to  0.497  nm  (Fig.2).  This  change  corresponds  to  the 
composition  of  x=0.01  in  Ali.xBxN.  The  remaining  of  B  is  apparently  forming  a  second  phase. 


Fig.l.  SIMS  Profile  of  B  in  two  double-layer  Fig.2.  Comparison  of  X-ray  peak  position  in 
grown  with  2sccm  and  lOsccm  of  TEB  flow  (0  0  0  2)  reflections  of  independently 

grown  AIBN  and  AIN. 
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Fig.3.  Selected  area  diffraction  pattern  of  two  Fig.4.  Selected  area  diffraction  pattern  of  two 

layer  sample  along  [0001]  zone  axis  layer  sample  along  [1  1  2  0]  zone  axis 

Selected  area  electron  diffraction  (SAD)  patterns  of  one  of  the  two-layered  AIBN/AIN  films 
with  40  mol%  B  in  the  AIBN  layer  as  measured  by  SIMS  are  shown  in  Fig.  3  from  jhe  plan-view 
sample  along  the  [0  0  0  1]  zone  axis  and  Fig.  4  from  cross-section  sample  along  [1  1  2  0]  zone 
axis.  SAD  patterns  of  Fig.  3  and  4  clearly  demonstrate  the  presence  of  extra  set  of  diffraction  spots 
belonging  to  second  phase  (marked  by  arrow).  The  weak  intensity  of  this  extra  set  of  diffraction 
spots  is  believed  to  be  due  to  low  electron  scattering  by  boron.  The  extra  set  of  diffraction  spots 
has  6-fold  symmetry  and  is  slightly  rotated  in  respect  to  AIN  diffraction  (Fig.3).  The  calculated 
values  of  lattice  parameters  are  0.27  nm  and  0.49  nm  for  a  and  c  accordingly,  and  agree  with 
values  reported  for  wurtzite  BN  (w-BN).  Bright  field  TEM  micrographs  of  same  sample  are 
shown  in  Fig.  5  (plan-view)  and  Fig.  6  (cross-section).  The  second  phase  is  marked  with  arrows. 
Since  the  boron  atoms  have  a  much  lower  electron  scattering  factor  than  that  of  A1  atoms,  the 
second  phase  should  appear  brighter  than  AIBN  phase. 


Fig.5.  Plan-view  bright  field  image  of  AIBN  Fig.6.  Cross-sectional  image  of  same  structure 
with  B  content  of  40%.  B-rich  phase  as  Fig.5.  B-rich  phase  is  brighter.  It 

is  brighter  due  to  the  low  electron  can  be  seen  above  AlBN/AlN 

scattering  of  B  atoms.  interface. 
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It  can  be  seen  from  Fig.  5  that  the  second  phase  has  characteristic  dimension  of  OAfimand  is 
uniformly  distributed  in  the  sample.  We  can  see  the  columnar  structure  of  bright  area  which 
represents  the  second  phase  in  the  AIBN  layer  and  not  in  the  AIN  layer.  From  observations,  it  is 
clear  that  the  second  phase  is  some  form  of  BN. 

Among  known  BN  polytypes,  wurtzite  BN  (w-BN),  hexagonal  BN  (h-BN),  and 
rhombohedral  BN  (r-BN)  have  6-fold  symmetry.  Table  1  shows  the  lattice  pararneters  of  these 
phases.  The  graphite-like  phases  have  much  larger  c-parameter  than  AIN  in  contradiction  with  the 
measurement  based  on  our  SAD  patterns  (Fig.  5,6)  The  results  of  x-ray  diffraction  also  support  the 
conclusion  of  second  phase  being  w-BN.  From  the  lattice  parameter  of  w-BN  and  crystallites 
alignment  in  the  basal  plane,  the  dominant  reflection  from  (0  0  0  2)  plane  of  w-BN  should  be 
found  at  the  angle  of  about  43°  for  Cu  K„  radiation  [13-15].  However,  this  peak  is  too  close  to 
(0  0  0  6)  peak  of  sapphire  substrates  at  41.7°  to  identify.  On  the  other  hand,  the  graphite-like 
phases  have  basal  plane  reflections  at  near  28°  which  should  be  easily  observed  if  they  exist.  No 
such  reflections  were  detected  in  x-ray  diffraction  pattern  of  AIBN  layers.  Two  samples  were 
grown  with  1.5/im  thick  AIN  layer  under  the  AIBN  layer  which  was  enough  to  suppress  the 
sapphire  peak.  The  result  is  presented  in  Fig.  7.  The  43.04^  peak  position  agrees  well  with  the  c 
value  of  w-BN  [11].  Due  to  some  degree  of  uncertainty  of  lattice  parameters  of  BN,  it  is  difficult  to 
say  if  this  phase  is  pure  BN  or  a  solid  solution  which  contains  a  small  amount  of  Al. 

The  w-BN  is  not  thermodynamically  favorable  and  was  previously  formed  only  under  the 
conditions  of  very  high  pressure  and  high  temperature  [16].  Only  recently  Haruyama  et  al.  [5] 
claimed  to  have  been  able  to  grow  w-BN  on  6H-SiC  substrates  by  OMVPE  in  the  temperature 
range  of  llOOoC  to  1 300^0.  The  question  which  has  to  be  asked  is  why  this  phase  forms  under 
OMVPE  growth  condition.  One  possibility  is  that  the  islands  of  AIN  at  the  interface  provide  the 
nucleation  sites  facilitating  the  w-BN  growth.  The  growth  mode  of  this  phase  could  be  explained  in 
the  following  way;  first  several  monolayer-high  islands  of  AIN  are  formed  on  the  AIN  underlayer 
and  secondly  the  space  between  the  islands  is  filled  by  laterally  grown  w-BN.  AIN  islands  are 
restricted  by  this  w-BN  growth  to  growth  laterally  and  grow  upward  with  w-BN  grown  on  the 
new  step  generated  by  growth  of  AIN.  The  evidence  of  BN  growth  on  top  of  AIN  or  AIN  growth 
on  top  of  BN  in  the  AIBN  layer  was  not  found  (Fig.6). 

Another  possible  mechanism  is  that  the  incorporation  of  very  small  amount  of  Al  in  BN 
stabilizes  the  w-BN.  If  this  is  the  case,  the  growth  rate  of  AIBN  does  not  strongly  depend  on  TMA 
flow  as  long  as  it  is  high  enough  to  stabilize  the  BN  growth.  On  the  other  hand,  if  the  first 
hypothesis  is  the  case,  the  growth  rate  of  the  layer  should  be  the  function  of  TMA  flow  rate  since 
frame  providing  AIN  should  control  the  total  growth  rate.  The  growth  with  same  TMA  and 
varied  TEB 


Poly  type 

a  (nm) 

c  (nm) 

h-BN 

0.25 

0.686 

r-BN 

0.25 

1 

C-BN 

0.3616 

w-BN 

0.2556 

0.423 

Fig.7.  X-ray  diffraction  pattern  of  AIBN  on  top  Table.  1 .  Lattice  parameters  of  some  of  BN 
of  thick  AIN  showing  w-BN  peak  at  polytypes. 

43.04°.  Sapphire  peaSk  is  barely  seen 
due  to  thick  AIN  layer. 


144 


flow  from  0  seem  to  10  seem  whieh  eorrespond  to  40%  total  B  eoneentration  shows  that  there  is 
only  less  than  25%  growth  rate  differenee.  When  TEB  flow  was  eonstant  and  the  TMA  flow  varied 
from  2.8//mol/min  to  0.7/xmol/min,  the  growth  rate  deereased  aeeordingly.  Henee  the 
experiments  seem  to  support  the  first  hypothesis  whieh  is  w-BN  growth  between  AIN  islands. 
Although  the  experiments  seem  to  support  our  hypothesis,  it  is  neeessary  to  investigate  further  to 
get  the  positive  proof  of  this  growth  meehanism. 

Finally  we  tried  to  grow  AIBN  at  5(X)°C  where  the  grown  material  is  either  amorphous  or 
very  fine  polycrystalline  form  and  anneal  the  layer  for  recrystallization  to  incorporate  more  boron 
into  the  layer.  This  approach  has  been  used  very  successfully  in  the  case  of  GaBN  [17].  For 
GaBN,  we  were  able  to  incorporate  up  to  7%  in  the  temperature  range  of  500°C-800°C.  However, 
no  x-ray  peak  shift  has  been  detected  in  AIBN  even  in  lOsccm  of  TEB  flow.  It's  also  noteworthy 
that  in  GaN-BN  system,  the  second  phase  is  most  likely  turbostratic  BN  and  there's  a  growth 
poisoning  of  GaN  at  the  onset  of  two  phase  growth. 

CONCLUSIONS 

In  this  presentation,  we  have  shown  that  boron  could  be  incorporated  into  the  AIN  layer 
substitutionally  forming  AIBN  by  OMVPE  at  1050®C.  For  higher  B  concentration  in  the  solid 
solution,  the  excess  B  starts  to  form  the  second  phase  which  could  be  w-BN.  Thermodynamically 
unfavorable  w-BN  could  be  facilitated  by  AIN  islands  at  the  interface  between  upper  layer  and  AIN 
which  induce  the  growth  mode  for  w-BN  in  between. 

It  might  be  of  interest  to  investigate  the  electrical  properties  of  columnar  w-BN  and 
feasibility  of  this  material  being  doped  n-  or  p-type  which  will  be  our  subsequent  studies. 
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Molecular— Beam-Growth  Techniques 


MBE  GROWTH  OF  (In)GaN  FOR  LED  APPLICATIONS 
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D-81730  Munich,  Germany 

ABSTRACT 

We  report  on  essential  aspects  of  the  growth  of  InGaN  /  GaN  p-n  junctions  by  gas-source 
molecular  beam  epitaxy  (MBE)  and  present  the  first  blue  and  green  electroluminescence  from 
such  structures  grown  entirely  by  MBE, 

A  study  of  the  growth  conditions  for  a  GaN  nucleation  layer  on  sapphire  and  for  the 
subsequent  growth  of  undoped  GaN  points  out  the  necessity  for  Ga-stabi!ized  growth. 
Unintentionally  doped  GaN  grown  at  Ipm/h  shows  background  doping  levels  below  cm‘^ 
and  mobilities  up  to  320  cmVVsec  (at  300K).  Narrow  photoluminescence  with  very  low  intensity 
in  the  yellow  spectral  range  is  observed.  N-  and  p-type  doping  of  GaN  with  Si  and  Mg  yields 
layers  with  high  mobilities  (220  and  10  cmVVsec,  respectively  at  300K)  at  carrier  densities 
typical  for  devices. 

Although  incorporation  of  Indium  is  strongly  temperature-dependent,  InGaN-layers  with 
In-contents  of  over  40%  are  obtained  routinely.  The  optical  properties  of  our  InGaN  layers 
typically  exhibit  the  commonly  observed,  broad  deep  level  luminescence.  Finally,  we  present 
electroluminescence  in  the  visible  spectral  range  up  to  540  nm  from  InGaN  /  GaN  double¬ 
heterojunctions. 

INTRODUCTION 

For  the  growth  of  III-V  nitrides,  MBE  offers  the  advantage  of  low  growth  temperatures 
by  utilising  plasma  sources  to  generate  highly  reactive  nitrogen  in  the  form  of  atoms  or  excited 
molecular  species.  Thereby,  growth  proceeds  directly  through  the  reaction  of  elemental  Ga  and  N 
and  the  substrate  temperature  is  determined  only  by  requirements  intrinsic  to  epitaxial  growth 
such  as  mobility  of  surface  adatoms.  Pioneering  work  [1]  has  shown  that  typically  700°C  are 
sufficient  to  achieve  this. 

In  contrast  to  this,  metalorganic  vapour  phase  epitaxy  (MOVPE),  which  is  at  present 
widely  used  for  the  growth  of  these  materials,  relies  on  growth  temperatures  above  1000  due 
to  the  need  to  pyrolize  the  nitrogen  precursor  NH:,.  These  temperatures  impede  the  incorporation 
of  high  vapor  pressure  elements  such  as  Mg  and  In,  which  are  needed  for  p-type  doping  and  to 
shift  the  band-gap  of  GaN  into  the  visible  spectral  range,  i.e.  for  the  growth  of  InGaN.  This 
difficulty  is  made  evident  by  the  fact  that  to  date  there  is  only  one  group  which  has  published 
results  on  green  electroluminescence  from  InGaN  [2],  The  only  reports  on  emission  of  visible 
light  generated  from  MBE-grown  heterostructures  known  to  us  are  by  Sakai  et.al.  [3]  and 
Schetzina  [4].  However  in  this  case,  the  maximum  wavelength  attained  is  420  nm  (violet  [3])  and 
the  p-n  junction  was  grown  by  MBE  onto  a  GaN  layer  grown  by  MOVPE  on  sapphire  [3]  or  SiC 
[4].  Thereby  one  of  the  main  epitaxial  difficulties,  namely  the  growth  of  a  starting  layer  of 
sufficiently  high  quality  was  not  solved  by  MBE. 

The  goal  of  our  work  was  therefore  to  exploit  the  possible  advantages  of  MBE  growth 
and  to  assess  its  usefulness,  especially  in  the  growth  of  complete  InGaN  /  GaN  heterostructures 
on  sapphire  for  light-emission  at  wavelenghts  in  the  blue  and  green. 
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AJl  layers  were  grown  in  a  standard  MBE  system  (VG  Semicon  V  80H)  equipped  with 
conventional  effusion  cells  for  Ga,  In,  Al,  Si  and  Mg.  Nitrogen  is  supplied  through  a  commercial 
RF-plasmasource  with  a  pressure-controlled  inlet  line  of  N2  gas.  Conductances  along  the  line  into 
the  growth  chamber  were  optimized  to  attain  a  high  efficiency  for  the  generation  of  reactive 
nitrogen  species  (presumably  N  atoms  [5]).  Whereas  previous  work  using  a  similar  nitrogen 
source  reported  typical  growth  rates  of  about  0.3pm/h  [4,6],  we  attained  at  least  1  pm/h.  At 
present  this  is  limited  by  the  pumping  speed  of  our  MBE-system  (about  1000  1/sec)  and  by  the 
available  RF  power  (600  W).  Unless  otherwise  stated,  all  results  reported  here  were  achieved 
with  a  growth  rate  of  0.7  to  I  pm/h. 

We  use  (OOOl)-oriented  sapphire  substrates  with  2"  diameter.  To  facilitate  heating  by 
radiation,  the  backside  of  the  wafers  is  sputter-coated  with  a  refractory  metallisation.  The  stated 
growth  temperatures  were  measured  by  pyrometer  (with  maximum  sensitivity  at  940  nm).  A 
study  of  the  effect  of  N  generated  from  a  RF-plasma  source  similar  to  ours  has  shown  that  no  or 
little  nitridation  of  the  sapphire  substrate  takes  place  in  the  time  before  initiation  of  growth.  [7] 

To  characterize  our  growth  conditions  we  take  advantage  of  the  possibility  to  precisely 
measure  the  group-III-flux  and  the  effective  N-flux.  Group  Ill-fluxes  (beam  equivalent  pressures) 
are  measured  by  an  ion  gauge.  For  the  effective  N-flux  which  determines  the  growth  rate  in  a  Ga- 
stable  growth  mode  (see  below),  one  can  establish  a  relation  between  N2-pressure  at  the  inlet  side 
of  the  plasma  source  and  the  growth  rate.  For  GaN  growth,  this  relation  is  valid  for  all  but  the 
highest  growth  temperatures.  The  absolute  calibrations  are  derived  by  measuring  layer 
thicknesses  from  cleaved  edges  in  secondary  electron  microscope  (SEM).  As  described  below, 
this  routine  allows  the  distinction  between  Ga-stable  and  N-stable  growth  regimes  and  the 
determination  of  the  effective  overpressures  of  Ga  or  N. 

GaN  and  InGaN  single  layers  were  analyzed  by  room-temperature  Hall, 
photoluminescence  (PL),  and  X-ray  diffraction  (XRD).  PL  measurements  were  performed  at 
300K,  77K,  and  4K.  The  luminescence  was  excited  by  a  20mW  HeCd  laser  and  detected  by  a 
cooled  GaAs  multiplier.  Electroluminescence  measurements  (EL)  were  performed  on  processed 
wafers  at  room  temperature  using  DC-currents.  The  EL  was  detected  through  the  transparent 
sapphire  substrate  by  use  of  an  optical  fibre. 

GROWTH  OF  UNDOPED  GaN 

Nucleation  layer  on  sapphire 

We  find  empirically  that  the  highest  quality  of  GaN  layers  is  achieved  by  initiating  growth 
on  (0001)  sapphire  with  a  nucleation  layer  of  GaN,  grown  at  similar  temperatures  as  the 
subsequent  layer,  i.e.  in  the  range  of  650  to  750°C,  but  at  a  rate  of  about  200  nm/h.  This  was 
established  by  comparing  structural,  optical  and  electrical  data  of  identically  grown,  400nm  thick 
GaN  layers  on  various  nucleation  layers.  We  find  that  a  good  overall  figure  of  merit  is  the 
electron  mobility  (at  300K)  since  even  badly  coherent  layers  may  show  good  photoluminescence 
or  narrow  half  widths  in  X-ray  diffraction. 

The  most  important  parameter  in  the  growth  of  GaN  nucleation  layers  is  found  to  be  the 
N  /  Ga  ratio.  High  quality  GaN  was  only  obtained  for  nucleation  layers  grown  in  the  Ga-stable 
growth  mode  (see  below).  The  amount  of  excess  Ga  as  well  as  the  growth  temperature  and 
thickness  of  the  nucleation  layer  were  found  to  be  much  less  important. 

Reflective  high  energy  electron  diffraction  (RHEED)  performed  during  growth  shows 
that  the  layers  are  ordered  almost  from  the  beginning.  The  appearance  of  a  "streaky"  pattern 
indicates  that  large  domains  with  a  flat  morphology  are  generated.  This  is  confirmed  by  SEM- 
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images  of  about  15  nm  thick  nucleation  layers  showing  distinct  islands  with  apparently  flat 
surface.  A  high  resolution  transmission  electron  microscope  (HR-TEM)  image  of  the  sapphire- 
GaN  interface  is  shown  in  fig.  1.  It  reveals  that  large,  apparently  defect-free  domains  are  formed 
at  the  beginning  of  growth.  (Details  will  be  published  in  a  separate  paper.)  The  low-magnification 
inset  of  this  figure  indicates  that  in  the  subsequent  growth,  extended  defects  form  and  evolve  into 
groups  propagating  essentially  along  the  growth  direction.  Thus  the  commonly  observed  domain 
structure  is  formed 


figure  1;  HR-TEM  ofGaN  [1100]  along  sapphire  [2110] 


Basics  of  GaN  growth  in  MBE 


In  the  following  section  we  illustrate  how  to  establish  the  boundary  between  Ga-  and  N- 
stable  growth  and  which  influence  the  N  /  Ga  ratio  has  on  electrical  properties  as  well  as 
morphology.  Fig.  2a  shows  the  GaN  growth  rate  R  for  a  fixed  Ga-flux  as  a  function  of  N-flux 
(given  by  the  N2  pressure  in  the  inlet  line).  The  vertical  line  separates  two  fundamentally  different 
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regimes:  to  the  left  of  the  line,  R  increases  with  N-flux,  i.e.  the  rate  is  N-limited  and  a  certain 
excess  Ga-flux  is  present.  This  is  the  regime  of  Ga-stable  growth.  Even  further  to  the  left  of  the 
line  with  an  onset  depending  on  growth  temperature,  not  all  excess  Ga  can  be  desorbed  and  Ga 
droplets  remain  on  the  surface.  To  the  right  of  the  line,  R  saturates  because  all  the  available  Ga  is 
incorporated.  Here,  growth  proceeds  with  excess  N  present,  i.e.  it  is  N-stable  or  Ga-limited.  We 
find  that  the  range  of  useful  growth  parameters  is  limited  to  the  close  vicinity  of  this  transition 


line,  quite  unlike  in  the 
MBE  of  arsenides,  where 
large  variations  of  V  /  Ill- 
ratio  are  possible  as  long  as 
group  V  stable  growth  is 
maintained.  This  is  seen 
from  figs.  2b  and  2c,  which 
show  the  dependence  of 
background  doping  level 
and  electron  mobility  on  N  / 
Ga  ratio.  It  is  obviously 
advantageous  to  grow  GaN 
in  a  slightly  Ga-stable  inode 
to  obtain  a  low  background 
doping  level  and  highest 
mobilities,  (The  mobilities 
in  this  series  of  layers  are 
limited  by  the  layer 
thickness  of  about  600  nm.) 
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figure  2a;  Growth  rate  of  GaN  as  a  function  of  N2-flux 
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figure  2b:  Electron  concentration  vs.  Nrflux  figute  2c:  Electron  mobility  vs.Nrflux 
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Fig.  3  shows  the  evolution  of  the  surface 
morphology  (on  a  microscopic  scale  with 
50  000  fold  magnification)  with 
increasing  N  /  Ga  ratio.  Again,  the  most 
favourable  results  are  obtained  with  a 
slight  excess  of  Ga.  Apparently,  this 
condition  gives  the  optimum  mobility  of 
surface  adatoms  to  allow  large-scale 
two-dimensional  growth. 


GaN  growth  optimized  as 
outlined  above  yields  layers  with  the 
following  properties; 

The  surface  morphology  is  observed  as 
shown  in  fig.  3b,  but  may  be  entirely  flat. 
Since  the  characteristic  dimensions  are 
similar  to  those  of  "dislocation-free" 
domains  observed  in  TEM  images  (fig. 
1),  the  morphology  probably  images  the 
boundaries  of  such  domains. 

XRD  performed  on  layers  with  a 
thickness  around  or  above  1pm  yields  a 
full-width  at  half-maximum  (FWHM)  in 
the  symmetric  (0002)  reflection  of  8  to 
10  arcmin.  In  the  asymmetric  (1012) 
reflection,  the  FWHM  is  about  50-100% 
broader  as  reported  in  [8]  for  high- 
quality,  MOWE-grown  GaN.  This 
means  that  the  misalignment  of  the 
domains  with  respect  to  the  substrate 
consists  of  a  tilt  out  of  the  substrate 
normal  and  a  rotation  about  this  line.  It 
is  interesting  to  note  that  the  authors  of 
[8]  also  find  this  domain  structure  when 
little  or  no  nitridation  of  the  substrate  is 
performed  before  growth. 

The  electrical  properties 
systematically  follow  the  behavior  shown 
in  fig.  2  (which  contains  data  for  growth 
at  680  °C).  This  must  be  taken  as  a 
strong  argument  against  N-vacancies  or 
Ga-interstitials  causing  the  residual  n- 


type  doping.  We  can,  however  offer  no 

alternative  explanation.  By  growing  at  or  above  700°C,  the  background  doping  level  can  be 
routinely  reduced  to  below  10^^  cm'^  with  lowest  values  around  5  x  10‘^  cm’^.  At  such  low 
carrier  concentrations,  the  mobility  tends  to  be  below  200  cmVVsec.  Since  the  mobility  increases 
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with  slight  Si  doping,  it  appears  to  be  at  least  partly 
limited  by  compensation.  Highest  mobilities  are 
found  at  background  doping  levels  of  3-5  x  10^’  cm'^ 
with  best  values  around  320  cm^/Vsec  for  layers  of 
1.5  -  2  pm  thickness.  This  is  among  the  highest 
mobilities  reported  to  date  for  MBE-grown  GaN  [9], 
[10]. 

The  photoluminescence  of  our  samples  is 
clearly  dominated  by  donor-bound  excitons  (D°X)  as 
shown  in  fig.  4.  We  routinely  find  extremely  low 
levels  of  yellow  luminescence.  At  low  excitation,  the 
baseline  in  this  spectral  range  is  up  to  five  orders  of 
magnitude  below  the  intensity  of  D°X  [11].  At  4K 
(300K)  the  FWHM  of  the  D°X  peak  is  measured  to 
be  8-9  (40)  meV,  which  appears  to  be  limited  by 
nonuniform  strain.  The  energy  position  of  the 
luminescence  line  is  about  15  meV  lower  than 
observed  for  MOVPE-grown  GaN  layers  of  similar 
thickness  [12].  This  may  be  explained  by  the  lower 
growth  temperature  we  use,  which  leads  to  lower 
strain  between  layer  and  substrate  when  cooling 
down  the  sample  after  growth. 

GROWTH  OF  N-  AND  P-TYPE  DOPED  GaN 


350  400  450  500  550 
Wavelength  (nm) 


figure  4:Typical  PL  spectrum  at  4K 


N-type  doping  is  achieved  with  similar  ease  as  in  GaAs  by  the  incorporation  of  Si.  For  electron 
concentrations  of  about  2-3  x  10^^  cm'^  we  find  a 
mobility  of  220  cmWsec.  This  is  comparable  with 
values  achieved  by  MOVPE  growth  [13]. 

We  have  initially  attempted  to  use  Be  as  a  p- 
type  dopant,  which  according  to  Neugebauer  [14] 
should  be  a  shallow  acceptor.  However  we  found 
that  at  fluxes  corresponding  to  a  Be  concentration  of 
1-5  xlO^^  cm'^  ,  growth  is  severely  perturbed.  This  is 
indicated  by  an  almost  immediate  change  of  the 
RHEED  pattern  from  a  two-  to  a  three-dimensional 
one  after  opening  of  the  Be-shutter.  Such  layers  are 
highly  resistive  and  microscopically  exhibit  a  very 
rough,  craterlike  surface. 

Using  Mg  as  an  acceptor  does  not  show  this 
problem,  but  due  to  its  high  vapor  pressure  at  typical 
growth  temperatures.  Mg  readily  re-evaporates.  We 
find  that  the  Mg-concentration,  measured  by 
secondary  ion  mass  spectrometry  (SIMS),  decreases 
by  two  orders  of  magnitude  when  the  growth 
temperature  is  increased  by  120°C.  Consequently,  we 
grow  GaN;Mg  at  or  below  700®C.  The  highest  hole 
concentration  measured  by  Hall  effect  is 
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6  X  10^^  cm'^,  typically  we  obtain  3-5  x  10^’  cm'^ 
with  a  mobility  of  8  -  10  cmWsec.  It  should  be 


figure  5:  PL  spectrum  of  GaN:Mg  at  77K 
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noted  that  these  results  are  obtained  without  post-growth  annealing  in  nitrogen  as  is  necessary 
for  MOVPE-grown  material  [15], 

The  PL  of  GaN:Mg  at  77K  is  shown  in  fig.  5.  It  is  dominated  by  the  donor-acceptor  pair- 
transition  (DAP)  at  380  nm,  followed  by  clearly  visible  phonon  replicas.  In  GaN;Mg  with  good 
electrical  properties  we  do  not  observe  PL  features  at  or  around  400  -  430  nm  as  reported  by 
other  authors  [15], 

GROWTH  OFInGaN 


The  growth  of  InGaN  is 
complicated  by  the  relatively  low 
thermal  stability  of  the  In-N-bond. 
Ambacher  et.  al.  [16]  have  shown 
that  the  dissociation  of  InN  begins 
at  650°C. 

Consequently,  loss  of  In  from  the 
growing  layer  not  only  occurs  by 
immediate  re-evaporation  due  to  its 
high  vapor  pressure  but  also  by 
thermal  decomposition  of  already 
bonded  In.  This  leads  to  a  strong 
temperature  dependence  of  the  In¬ 
incorporation  as  shown  in  fig.  6. 
All  data  were  taken  from  layers 
grown  with  the  same  In/Ga  ratio. 
With  this  ratio  In-contents  around 
or  above  50%  can  be  easily 
reached.  However,  we  find  that 
growth  at  very  low  temperatures 
generally  leads  to  poor  layer 
morphology,  such  that  at  present 
the  practical  lower  limit  for  growth 
is  650°C.  At  this  temperature  we 
obtain  In-contents  between  25  and 
40%  by  variation  of  the  In/Ga 
ratio.  The  growth  rate  chosen  for 
InGaN  is  about  500  nm/h.  A 
typical  XRD  rocking  curve  of 
InGaN  is  shown  in  fig.  7.  The 
InGaN  peak  is  much  broader  than 
that  of  GaN,  which  indicates  that 
the  composition  is  not  uniform. 

A  PL  spectrum  of  a  30nm 
thick  Ino.25Gao.75N  layer  on  GaN, 
taken  at  300K,  is  shown  in  fig  8. 
We  observe  the  D^X  signal  of  the 
underlying  GaN  at  3,4228  eV  and 
a  strong  photoluminescence  line  at 
2.66  eV,  which  we  attribute  to 
InGaN.  With  respect  to  the 


Growth  temperature  [°C] 


figure  6:  In  content  as  a  fimction  of  temperature 


Diffraction  angle  (°) 

figure  7:  9-20  scan  of  an  Ino.25Gao.75N  layer 
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expected  position  of  the  band-gap  [17],  the 
InGaN-PL  signal  is  some  160-200  meV  lower  in 
energy.  PL  emission  via  this  deep  level  is  typical 
for  our  samples  up  to  an  In-content  of  40%.  For 
higher  In-contents,  especially  above  50%,  the 
emission  generally  occurs  about  400  meV  below 
band-gap. 

ELECTROLUMINESCENCE  IN  THE  UV, 
BLUE  AND  GREEN 

Based  on  the  results  presented  above,  we 
have  grown  p-n  junctions  to  generate  electro¬ 
luminescence.  They  consist  of  an  n-GaN  layer 
(1-1.5  pm  thick.  Si-doped  to  about  10^*  cm'^  ) 
and  a  500nm  thick  layer  of  GaNMg,  which, 
judged  by  the  characterisation  of  single  p-layers 
has  a  hole  concentration  of  3-5  10*^  cm■^ 
Heterojunctions  have  an  additional,  undoped 
InGaN-layer  either  30  or  3  nm  thick  at  the 
position  of  the  p-n  junction.  These  InGaN 
thicknesses  were  chosen  such  that  the  thin  layers 
are  elastically  strained  (i.e.  dislocation  free) 
whereas  the  30  nm  thick  layers  must  be  expected 
to  be  fully  relaxed. 

Light  emitting  diodes  were  fabricated  from  these 
layers.  They  have  a  transparent  p-type  Ohmic 
contact  of  50pm  or  200pm  diameter, 
respectively.  The  Ohmic  contacts  to  p-GaN  are 
made  by  TiAu,  those  to  n-GaN  by  TiAl.  Mesa 
etching  is  done  by  reactive  ion  etching  using  a 
chlorine  process. 

GaN  -  homojunctions 

Fig.  9  shows  the  electroluminescence 
spectrum  of  a  GaN  homojunction,  taken  at  5V 
forward  voltage  and  a  current  of  20  mA.  It 
looks  almost  identical  to  the  PL-spectrum 
shown  in  fig.  5,  with  the  exception  of  an 
additonal  peak  at  375  nm.  Again,  apart  from  the 
wide  tail  into  the  blue,  no  longer-wavelength 
features  are  observed.  The  I-V-  curve  of  a 
structure  of  this  type  is  shown  in  fig.  10.  The 
forward  voltage  is  in  good  agreement  with  the 
band-gap  energy  of  GaN  and  at  -5  V  we 
measure  a  reverse  current  of  about  500  pA  . 
This  attests  to  a  junction  of  good  quality  with 
reasonable  series  resistance  despite  the  thin  n- 
layer. 


■Ml'  I  ■  I . 
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figure  8;  300  K  PL  spectrum  of  Ino.25Gao.75N 
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figure  9:  300K  EL  of  a  GaN  pn  homo¬ 
junction 
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InGaN  /  GaN  heteroiunctions 


The  electroluminescence  spectrum 
from  an  InGaN  /  GaN  heterojunction  with  a 
3  nm  thin  InGaN  layer  is  presented  in  Fig.  1 1 . 
The  spectrum  was  taken  at  a  current  of  20 
mA  and  shows  a  green  emission  at  540  nm 
with  a  half-width  of  50  nm.  The  shape  of  the 
line  was  found  to  be  influenced  by 
interference  effects. 

We  have  observed  very  similar  results 
from  structures  with  30  nm  thick  InGaN  [18], 
In  these  relatively  thick  layers  the  In-content 
could  be  determined  by  XRD.  For 
characterisation  purposes,  we  have  grown 
such  structures  with  p-layers  thin  enough 
(below  200  nm)  to  allow  optical  excitation  of 
the  InGaN-layer.  Thus,  PL  and  EL  can  be 
observed  in  separate  experiments  on  the  same 
layer  sequence.  We  found  that  EL  and  PL 
coincided  for  two  samples  with  In-contents  of 
27%  and  40%,  respectively  leading  to 
emission  in  the  blue  and  green.  In  both  cases 
the  optical  emission  was  160  meV  below  the 
expected  position  of  the  band-gap.  The  origin 
of  the  shift  in  EL  is  unclear.  It  could  be  due 
to  the  same  deep  level  observed  in  the  PL  of 
InGaN  single  layers.  However,  in  the  case  of 
p-n  junctions  it  might  as  well  originate  from 
the  unintended  presence  of  Mg  in  the  InGaN 
layer,  which  we  detect  by  SIMS. 

Some  basic  properties  of  these 
heterojunctions  were  examined  after 
processing.  Fig.  12  shows  the  shift  of  the  EL 
signal  to  shorter  wavelength  with  increasing 
injection  current,  indicating  fast  saturation  in 
those  parts  of  the  InGaN  layer  with  the 
highest  In-content.  As  the  width  of  the  PL 
spectra  suggests,  the  composition  of  our 
InGaN  layers  is  apparently  not  uniform.  A 
typical  light-current  characteristic  is  shown 
in  fig.  13.  It  shows  slight  saturation  above 
20  mA.  By  measuring  the  light  output 
through  the  substrate,  we  estimate  that  the 
luminescence  efficiency  of  the  investigated 
test-structures  is  about  a  factor  of  50  to  100 
below  that  of  commercial  devices.  Still,  at 
20  mA  their  light  output  is  clearly  visible  in 
bright  daylight. 


figure  10:  I- V  curve  of  a  GaN  pn  structure 
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figure  1 1 :  300K  EL  spectrum  of  an  InGaN  pn- 
structure 
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figure  12:  EL  position  as  a  function  of 
current 


CONCLUSIONS 

In  conclusion,  we  have  shown  that  MBE  using  a  RF-p!asmasource  to  generate  reactive 
nitrogen  is  a  viable  and  promising  technique  to  grow  InGaN  /  GaN  heterostructures  for 
optoelectronic  device  applications.  We  have  achieved  good  quality  in  undoped  GaN  grown  at 
Ipm/h,  with  electrical  properties  of  n-  and  p-type  doped  GaN  that  are  equal  to  those  grown  by 
other  methods. 

The  relatively  low  growth  temperatures  accessible  by  MBE  provide  a  clear  advantage  for 
both  reproducible  p-type  doping  with  Mg  and  for  the  growth  of  InGaN  with  high  In-contents.  To 
demonstrate  this  potential,  we  have  shown  electroluminescence  in  the  blue  and  green  spectral 
range  up  to  540  nm. 
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ON  SURFACE  CRACKING  OF  AMMONIA  FOR  MBE  GROWTH  OF  GaN 
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ABSTRACT 

With  the  use  of  ammonia  as  nitrogen  precursor  for  Group  Ill-Nitrides  in  an  on  surface 
cracking  (OSC)  approach,  MBE  becomes  a  serious  competitor  to  MOVPE.  Homoepitaxial 
GaN  exhibits  record  linewidths  of  0.5 meV  in  PL  (4K),  whereas  GaN  grown  on  c-plane 
sapphire  also  reveals  reasonable  material  properties  (PL  linewidth  5meV,  n  w  lO^’^cm"^, 
fj,  w  220cm^/Vs).  Beside  results  on  hetero-  and  homoepitaxial  growth  of  GaN,  insights  into 
the  growth  mechanisms  are  presented.  The  growth  of  ternary  nitrides  is  discussed,  p-  and 
n-doping  as  well  as  first  LED  results  are  reported. 

INTRODUCTION 

Today,  growth  of  GaN  and  its  related  compounds  is  still  dominated  by  MOVPE  [1,2],  which 
is  mainly  due  to  the  lack  of  a  suitable  nitrogen  source  for  MBE.  Generally  N2  is  used  as 
nitrogen  precursor,  where  the  high  binding  energy  of  9.5  eV  requires  the  use  of  a  plasma 
cracking  source.  Plasma  sources  such  as  DC,  RF,  ECR  cannot  fully  avoid  high  energy  ions 
to  reach  the  surface  which  however,  may  cause  crystal  damage  during  growth.  Self  biased 
voltages,  inherent  to  the  plasma,  produce  sputtering  effects  leading  to  contamination  of  the 
epitaxial  layers.  Remaining  challenges  of  those  sources  are  reproducibility  and  homogeneity 
of  the  layers. 

We  report  on  the  successful  use  of  NH3  as  nitrogen  precursor  in  MBE.  Therefor  we 
employ  so-called  on  surface  cracking  (OSC),  where  uncracked  ammonia  is  supplied  to  the 
surface  for  GaN  growth. 

For  the  first  time  we  obtain  MBE  layer  qualities  that  are  comparable  or  even  superior  to 
layers  grown  by  MOVPE,  making  MBE  attractive  for  industrial  applications.  Advantages 
include  excellent  growth  control,  low  growth  temperature,  low  precursor  consumption  and 
therefore  reduced  pollution  as  well  as  various  possibilities  for  in-situ  analysis. 

GROWTH  KINETICS  OF  GaN  USING  NH3 

We  briefly  discuss  the  dissociation  of  ammonia  under  thermodynamic  equilibrium,  present 
experimental  results  on  the  catalytic  dissociation  and  describe  GaN  growth  studies. 

NHs  Dissociation  under  thermal  equilibrium 

To  evaluate  the  suitability  of  ammonia  for  MBE  growth  for  simplicity  thermodynamic  equi¬ 
librium  conditions  are  assumed.  Ammonia  dissociation  according  to 

2NH3?^N2  +  3H2  (1) 

is  determined  for  relevant  pressures  and  temperatures.  We  assume  that  at  T  =  0  K  a  constant 
volume  is  filled  with  ammonia  at  the  concentration  [NH3]o.  With  increasing  temperature 
the  ammonia  begins  to  dissociate  into  N2  and  H2.  The  temperature  and  pressure  dependent 
concentrations  of  [NH3],  [N2]  and  [H2]  are  calculated  by  solving  the  three  equations 

2[N,]  +  [NH3I  =  [NHdo  (2)  |H,]=3[N,]  (3)  Kc(T)  =  (4) 
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Equation  (2)  describes  the  conservation  of  the  number  of  N  atoms,  equation  (3)  the  con¬ 
servation  of  the  H2/N2  ratio  and  equation  (4)  is  the  mass  action  law  [3].  The  equilibrium 
constant  Kp{T)  can  be  taken  from  the  literature  [4],  but  has  to  be  converted  to  Kq  which  is 
necessary  for  the  constant  volume  and  variable  pressure  conditions  of  our  experiment.  To¬ 
gether  with  the  ideal  gas  equation  and  after  simple  calculus  the  results  in  Fig.  1  are  obtained. 
NH3  dissociation  under  thermal  equilibrium  is  given  for  two  different  concentrations,  the 
left  hand  solid  curve  holds  for  MBE  conditions  at  the  growth  surface  (lxlO”^mbar,  temper¬ 
ature  1000  K,  corresponding  to  a  concentration  of  3x10''^^  mol/1).  The  thermal  equilibrium 
calculations  yield  an  almost  complete  dissociation  at  approximately  200  K. 

The  right  hand  solid  curve  is  computed  for  MBE  conditions  in  the  gas  injector  (1  xl0“^mbar, 
temperature  600  K,  corresponding  to  a  concentration  of  2x10"^  mol/1).  An  almost  complete 
dissociation  is  found  at  approximately  300  K. 

The  dashed  curve  represents  experimental  data  obtained  for  ammonia  dissociation  in  the 
MBE  gas  injector.  Here,  temperatures  around  HOOK  are  required  to  achieve  an  almost 
complete  NH3  dissociation  under  non-equilibrium  conditions. 

The  difference  between  thermal  equilibrium  calculations  and  experimental  data  for  in¬ 
jector  cracking  reveals  that  the  ammonia  dissociation  is  not  in  thermal  equilibrium,  but 
limited  by  a  kinetic  barrier.  This  barrier  can  be  reduced  by  a  catalyist,  which  thereby  pushs 
the  dynamic  equilibrium  towards  dissociation.  However,  a  catalyst  cannot  shift  the  position 
of  the  thermal  equilibrium  since  both  forward  and  backward  reaction  are  enhanced. 


Figure  1:  Temperature  dependent  NH3  dissociation  under  thermal  equilibrium  and  under 
real,  non-equilibrium  conditions  (see  text). 


Catalytic  NH3  Dissociation 

The  catalytic  dissociation  of  ammonia  is  investigated  using  the  high  temperature  gas  injector 
of  the  MBE  system,  a  Riber  HTI  432  injector.  A  quadrupole  mass  spectrometer  (QMS)  is 
employed  to  measure  the  NH3  dissociation,  all  data  are  corrected  for  the  cracking  pattern. 
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The  QMS  has  only  a  limited  sensivity  since  it  does  not  measure  directly  in  the  molecular 
beam.  Within  the  accuracy  of  our  setup  we  found  no  evidence  for  any  desired  reactive 
nitrogen  species  such  as  N,  NH  or  NH2  generated  by  the  ammonia  dissociation  within  the 
gas  injector.  This  is  in  good  agreement  with  our  expectations  since  the  free  path  length  of  a 
reactive  species  within  the  injector  can  be  calculated  to  be  approx.  10  mm,  this  would  lead 
to  fast  neutralization  of  reactive  species  within  the  injector.  The  overall  reaction  inside  the 
injector  is  therefor  well  described  by  NH3  dissociation  into  N2  and  H2. 

Important  insights  into  the  mechanisms  of  ammonia  dissociation  are  obtained  by  flux 
dependent  studies.  Fig.  2  shows  the  Arrhenius  plot  of  the  total  amount  of  dissociated  NH3 
which  over  a  wide  range  of  temperatures  and  fluxes  is  independent  of  the  supplied  amount 
of  NH3.  In  this  regime,  a  kinetic  limitation  of  the  process  is  observed,  whereas  at  higher 
temperatures  the  dissociation  saturates  and  the  concentration  is  determined  by  the  flux. 
The  dissociation  cannot  be  pyrolytic  only,  since  we  obtain  an  upper  limit  in  the  kinetically 


Figure  2:  Arrhenius  plot  of  the  NH3  dissociation.  Symbols  indicated  experimental  data, 
lines  are  calculated  according  to  eq.  (5) 


limited  region,  where  the  total  dissociation  is  independent  on  the  flux.  This  saturation  can 
be  explained  in  terms  of  a  catalytically  enhanced  dissociation  model. 

We  assume  that  the  number  of  catalytic  surface  states  is  limited.  During  the  dissociation 
process  each  state  is  occupied  for  a  certain  time  tq.  At  low  fluxes  all  ammonia  molecules 
And  a  vacant  surface  state  to  dissociate.  The  collision  rate  of  ammonia  with  the  surface  is 
slower  than  the  reaction  rate  of  the  dissociation  process.  With  increasing  flux  the  collision 
rate  exceeds  the  reaction  rate,  excess  ammonia  does  not  find  free  surface  states,  the  dissoci¬ 
ation  saturates  (and  is  independent  from  the  total  flux,  as  observed).  Higher  temperatures 
enhance  the  reaction  rate  between  the  catalytic  surface  states  and  the  ammonia.  The  rate 
increases,  free  surface  states  become  available  again  for  dissociation. 

The  overall  process  can  be  described  by  the  transition  function: 
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D  r(l+exp(^^j,_j,^^))  (5) 

The  coefficient  F  depends  on  the  supplied  NH3  flux,  the  density  of  the  surface  states,  the 
active  surface  area  of  the  injector  and  a  factor  describing  the  efficiency  of  the  adsorption 
process.  F  is  used  as  a  fitting  factor  for  the  flux  dependence.  To  is  the  transition  temperature 
which  is  determined  to  be  950°  C.  The  activation  energy  Ea  of  the  kinetically  controlled 
process  is  1.2  meV.  With  this  data  we  And  an  excellent  agreement  between  experiment 
(symbols  in  Fig.  2  and  our  model  (solid  lines  in  Fig.  2)).  The  catalytic  reaction  is  assumed 
to  take  place  at  the  three  molybdenum  disks  which  act  as  baffle  in  the  injector’s  orifice 
(molybdenum  is  a  well-known  catalyst  for  ammonia). 

The  above  presented  model  is  consistent  with  results  obtained  from  dedicated  surface 
science  studies  investigating  the  catalytic  reaction  between  NH3  and  polycrystalline  steel 
(Fe),  powdered  tungsten  (W)  and  molybdenum  (Mo),  [5,6,7].  These  studies  reveal  that 
NH3,  after  physisorbtion  to  the  surface,  instantaneously  chemiosorbs  under  release  of  a 
hydrogen  atom  at  temperature  above  200  K.  At  moderate  temperatures  NH2  and  NH  are 
formed,  H2  is  released  from  the  surface.  With  increasing  temperatures  the  remaining  H  is 
stripped  off  and  the  nitrogen  forms  a  nitride  with  the  surface.  At  high  temperatures  and 
sufficient  ammonia  fluxes  such  nitride  layers  may  reach  a  thickness  of  several  monolayers. 
Nitrogen  molecules  then  evaporate  by  decomposition  of  the  nitride  as  is  concluded  from  the 
desorption  energy  which  is  the  dissociation  energy  of  the  particular  nitride  rather  than  the 
binding  energy  of  the  nitrogen  bonded  to  the  surface.  Differences  in  catalytic  efficiency  are 
due  to  the  differences  in  the  stability  of  the  corresponding  metal  nitrides.  Later  is  governed 
by  the  reaction  between  the  unoccupied  d-orbitals  of  the  metal  surface  and  the  free  electron 
pair  of  the  ammonia  molecule. 

The  experimental  results  have  the  following  implications  for  epitaxial  growth: 

•  NH3  dissociation  is  sufficient  under  growth  conditions. 

•  The  surface  is  supposed  to  be  NHi;  terminated. 

•  The  effective  V/III  ratio  on  the  surface  should  be  independent  of  the  supplied  V/III 
flux  ratios  over  a  wide  range. 

Growth  kinetics  of  GaN 

Above  results  suggest  that  the  surface  is  covered  with  nitrogen  under  regular  growth  condi¬ 
tions,  corresponding  to  a  group  V  rich  surface.  This  growth  mode  is  common  in  conventional 
III-V  growth,  but  is  in  distinct  difference  to  the  MBE  growth  of  GaN  with  plasma  MBE 
[8].  The  observed  linear  dependence  of  our  GaN  growth  rate  on  the  supplied  Ga  flux  is 
a  further  indication  for  a  group  V  rich  surface.  The  extrapolation  of  the  growth  rate  to 
zero  Ga  flux  (the  intercept  with  the  y-axis)  has  to  be  interpreted  as  the  Ga  desorption.  At 
750°  C  the  intercept  is  -250nm/h  which  is  consistent  with  the  observed  Ga  desorption  at 
this  temperature  (see  Fig.  3).  A  significant  Ga  desorption  starts  at  temperatures  above 
500°  C,  the  activation  energy  is  surprisingly  low  with  0.65  eV.  Ga  desorption  is  significant  at 
regular  growth  conditions  30%). 
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Figure  3:  Dependence  of  GaN  growth  rate  on  temperature. 


GROWTH  OF  GROUP  III-NITRIDES 

Using  on  surface  cracking  of  ammonia  for  MBE  growth  we  describe  the  relevant  growth  pa¬ 
rameters  and  crystal  properties  for  GaN,  InGaN  and  AlGaN.  First  results  on  homoepitaxial 
growth  of  GaN  will  also  be  discussed. 

Our  otherwise  standard  MBE  system  (Riber  32)  was  adapted  to  group  V  gas  sources.  The 
system  is  turbo  pumped,  the  attached  gas  control  and  handling  system  is  home  made.  NH3 
is  introduced  into  the  system  through  a  standard  high  temperature  injector  (Riber  HTI 
432).  Effusion  cells  are  used  to  supply  group  III  species  Al,  Ga,  In  and  dopants  Si,  Mg. 
Unless  otherwise  mentioned  GaN  layers  are  grown  on  c-plane  oriented  sapphire  at  growth 
rates  of  750  nm/h  to  a  thickness  of  approximately  1.8 /^m. 

GaN 

The  heteroepitaxial  growth  of  GaN  on  c-plane  sapphire  requires  decent  preparation  steps  be¬ 
fore  subsequent  growth  of  the  GaN  layer.  Many  authors  have  reported  different  approaches 
of  sapphire  preparation  and  nucleation  layer  growth  [9,10].  The  following  procedure  pro¬ 
vided  the  best  results  at  our  laboratory  and  therefor  was  used  for  our  experiments. 


1.  The  sapphire  is  heated  up  to  approx.  850°  C  and  kept  at  this  temperature  for  5  minutes 
under  a  certain  NH3  flux. 

2.  The  substrate  is  ramped  down  to  700°  C  for  the  nucleation  layer  growth.  At  this  tem¬ 
perature  a  5nm  AIN  layer  is  deposited,  followed  by  a  15  nm  GaN  layer.  Subsequently, 
the  layers  are  annealed  at  770°  C  for  5  minutes. 
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Figure  4:  Photoluminescence  of  GaN  on  sapphire  and  homoepitaxial  GaN. 


3.  The  substrate  is  ramped  to  750°  C  before  GaN  growth  is  initiated. 

At  a  growth  rate  of  750nm/h  we  achieve  the  following  crystal  properties  for  a  GaN  layer 
with  a  thickness  of  1.8  //m. 

•  Photoluminescence  dominated  by  donor  bound  excitions  (DBF),  linewidths  of  5meV 
at  4K  (Fig.  4), 

•  Carrier  concentrations  of  2xl0^’^cm"^  with  carrier  mobilities  of  /i  =  220cm^/Vs  at 
300  K.  Free  carrier  concentrations  down  to  10^®  cm“^  have  been  achieved.  However, 
carrier  mobilities  of  ^  <  lOOcm^/Vs  indicate  highly  compensated  material. 

•  X-ray  rocking  curves  with  linewidths  of  400-450  arcsec  in  an  cj-scan  of  the  (0002)  reflex. 
AlGaN 

AlGaN  is  grown  by  additional  supply  of  aluminum  under  otherwise  unchanged  growth  con¬ 
ditions.  Depending  on  the  Al-flux,  AIN  mol  fractions  up  to  35%  have  been  realized. 

AlGaN  layers  with  an  aluminum  content  of  17%  reveal  free  carrier  concentrations  of  n  = 
lxl0^®cm“^  with  carrier  mobilities  of  lOcm^/Vs.  The  PL  spectrum  of  an  AlGaN  layer 
is  shown  in  Fig.  5,  where  AlGaN  is  used  as  barrier  for  a  GaN  quantum  well.  The  alu¬ 
minum  incorporation  turns  out  to  be  a  nonlinear  function  of  the  Al/Ga  flux  ratio  carefully 
considering  corrections  due  to  different  ionization  probabilities  and  thermal  velocities.  The 
experimental  data  displayed  in  Fig.  6  could  be  interpreted  by  competing  chemical  reactions 
between  the  two  group  III  elements  and  ammonia. 
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Figure  5:  Photoluminescence  of  an  AlGaN/GaN  quantum  well  (77  K)  and  InGaN  (300  K). 
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Figure  6:  Aluminum/gallium  ratio  in  AlGaN  versus  supplied  aluminum/gallium  ratio. 
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InGaN 

The  high  vapor  pressure  of  the  elemental  indium  requires  growth  conditions  different  from 
those  of  GaN.  The  deposition  temperature  is  reduced  to  560°  C  to  achieve  measurable  indium 
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incorporation.  The  In/Ga  ratio  has  to  be  increased  to  15  to  achieve  an  indium  content  of 
4%  according  to  XRD.  Room  temperature  PL  shown  in  Fig.  5  is  still  dominated  by  a  rather 
broad  transition  at  3.06  eV  indicating  defect  related  luminescence.  Further  experiments 
have  to  be  carried  out  to  increase  In  concentration  as  well  as  to  improve  InGaN  crystal 
quality. 

GaN-homoepitaxy 

GaN  growth  on  sapphire  has  proven  its  ability  to  yield  excellent  LEDs  as  well  as  the  GaN 
based  lasers  by  the  use  of  decent  preparation  techniques  such  as  nitridation,  low  temperature 
nucleation  layer,  etc..  In  spite  of  the  amazing  success  of  GaN  based  LEDs  [11,12]  and  lasers 
[13]  both  obtained  by  heteroepitaxial  growth,  homoepitaxy  may  overcome  inherent  problems 
of  lattice  mismatch,  columnar  growth,  dislocations  and  thermal  mismatch.  Furthermore, 
GaN  substrates  are  electrically  conductive,  allowing  current  injection  through  the  substrate 
and  have  a  sufficient  thermal  conductivity  to  facilitate  high  power  applications. 

The  Polish  Unipress  Center  for  the  first  time  has  produced  GaN  substrates  in  useful  sizes 
up  to  9  X  9  mm2  thicknesses  around  500//m  [14].  Employing  high  pressure  (15000  bar) 
and  high  temperature  (1600°  C)  GaN  platelets  were  obtained  from  seeded  and  unseeded  Ga 
melts  under  Na  pressure.  Dislocation  densities  are  in  the  lO^cm-^  range,  whereas  a  high 
number  of  point  defects  still  causes  background  carrier  concentrations  of  10^®  cm 

Such  crystals  seem  the  ideal  test  vehicle  to  investigate  the  potential  of  a  certain  growth 
technique  since  all  problems  related  to  nitridation  and  nucleation  layers  do  not  arise.  For 
homoepitaxial  growth,  the  as-grown  (unpolished)  GaN  crystals  were  In-mounted  to  the  Mo 
holder,  heated  up  to  750°C  under  ammonia  before  growth  was  initiated  under  conventional 
growth  conditions  mentioned  above  [15,16]. 

The  lower  curve  in  Fig.  4  shows  the  excitonic  region  of  a  PL  spectrum  for  homoepitaxial 
GhN  layer.- The  bound  excitons  transitions  are  much  narrower  than  the  transitions  corre¬ 
sponding  to  free  excitons.  The  transition  of  the  acceptor  bound  exciton  (ABE)  at  3.4663  eV 
reveals  a  linewidth  of  0.5  meV.  The  DBE  lines  at  3.4709  eV  and  3.4718  eV  have  comparable 
linewidths,  the  separation  is  approximately  ImeV.  The  lines  of  the  free  excitons  (FE)  A 
(3.4785  eV)  and  B  (3.4832  eV)  and  the  yet  unidentified  line  at  3.4735  eV  show  halfwidths 
of  about  2meV.  Neither  strong  yellow  luminescence  nor  luminescence  near  3.2  eV  due  to 
donor-acceptor  pair  transitions  are  observed. 

With  increasing  temperature  the  ABE  transition  becomes  broader  and  weaker.  The  DBE 
transitions  do  not  shift,  but  decrease  in  intensities.  The  line  at  3.4735  eV  undergoes  signif¬ 
icant  changes.  The  intensity  decreases  with  increasing  temperature  and  nearly  vanishes  at 
22  K.  The  intensity  of  the  FE  A  strongly  increases  with  temperature  and  becomes  nearly 
equal  to  the  DBE  lines.  The  intensity  of  the  FE  B  increases  with  temperature,  too. 

DOPING  k  DEVICE  STRUCTURES 

Excellent  results  on  the  homoepitaxial  GaN  growth  have  proven  that  the  OSC  approach 
makes  MBE  a  serious  competitor  to  MOVPE  for  GaN  growth.  MBE  specific  advantages 
such  as  a  reduced  growth  temperature,  in-situ  analysis  and  low  precursor  consumption  and 
low  pollution  may  become  important  aspects.  It  remains,  however,  to  demonstrate  device 
structures  of  comparable  quality.  Therefore,  we  present  our  preliminary  work  on  p-  and 
n-doping,  quantum  wells  and  LEDs. 
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P-doping 

P-doping  is  one  of  the  major  challenges  on  the  way  to  fabricate  light  emitting  devices  in 
GaN.  Early  reports  claimed  that  p-doping  can  only  be  achieved  if  a  plasma  source  is  used  in 
addition  to  the  ammonia  [17].  Whereas  Wang  et  al.  could  achieve  free  hole  concentrations 
with  simultaneous  use  of  the  plasma  cell  and  ammonia,  they  could  not  achieve  p-doping 
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Figure  7;  Photoluminescence  of  Mg-doped  GaN  (77 K)  and  Si-doped  GaN  (300 K). 


Figure  8:  Temperature  dependence  of  Mg  incorporation  into  GaN. 
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when  just  ammonia  was  used. 

We  supplied  Mg  from  an  effusion  cell  for  p-type  doping  under  OSC  conditions  without 
any  plasma  source.  P-doping  was  verified  by  several  techniques,  including  current- voltage 
characteristics  however,  Hall  measurements  do  not  always  yield  reasonable  results.  In  spite 
of  the  presence  of  hydrogen,  p-type  material  is  achieved  without  annealing,  however  tem¬ 
pering  at  750°  C  for  10  min  seems  to  improve  p-conductivity. 

Photoluminescence  of  Mg  doped  GaN  is  presented  in  Fig.  7.  The  spectrum  is  dominated 
by  a  rather  narrow  transition  at  3.26  eV  and  the  corresponding  LO  phonon  replica  at  lower 
energies. 

The  Mg  incorporation  is  governed  by  an  almost  exponential  decrease  with  increasing  temper¬ 
ature,  the  activation  energy  for  the  Mg  desorption  is  2.56 eV  (Fig.  8).  Mg  desorption  is  the 
limiting  mechanism  under  our  experimental  growth  conditions.  An  effect  of  the  increasing 
energy  of  formation  which  should  yield  a  higher  Mg  incorporation  at  higher  temperatures 
is  not  observed  [18]. 

N-doping 

Silicon  from  a  standard  effusion  cell  is  used  as  donor  in  our  experiments.  Although,  the 
number  of  experiments  is  still  limited,  up  to  now  we  have  no  indication  for  an  eventual 
passivation  of  the  source.  Doping  was  investigated  up  to  free  electron  concentration  of 
n=4.5xl0^®  cm“^  with  corresponding  room  temperature  mobilities  of  150cm^/Vs.  The  PL 
spectrum  however  is  still  dominated  by  a  bound  exciton  (DBF)  as  can  be  taken  from  Fig. 
7.  Compared  to  undoped  layers  the  photoluminescence  intensity  is  strongly  enhanced  by 
a  factor  of  80.  Microcracks  as  reported  in  literature  have  not  been  observed  in  the  layers, 
probably  due  to  the  reduced  growth  temperature. 

Quantum  Wells 

GaN  single  quantum  well  (SQW)  structures  have  been  grown  with  quantum  well  thicknesses 
of  nominally  4nm  embedded  in  Alo,32Gao.68N.  Fig.  5  shows  the  PL  spectrum  of  the  SQW 
structure  relative  to  the  bulk  GaN  band  edge.  The  quantum  well  luminescence  is  shifted 
by  150  meV.  The  photoluminescence  of  the  4nm  GaN  layer  is  still  broad  at  128  meV.  TEM 
and  excitation  spectroscopy  can  be  used  to  determine  if  the  broadening  is  due  to  interface 
fluctuations  or  higher  sub-band  emission. 

Light  Emitting  Diodes 

Homotype  pn-jimction  were  grown  on  sapphire.  The  layers  were  processed  using  CAIBE 
CI2  etching,  Ti/Au  n-contact  metallization  and  Ni/Au  p-contact  formation.  Fig.  9  depicts 
an  I-V-characteristic  of  a  MBE  grown  homotype  LED. 

The  obtained  electroluminescence  is  shown  in  Fig.  10.  The  luminescence  is  dominated  by 
a  rather  steep  increase  at  380  nm,  whereas  the  linewidth  of  appox.  85  nm  is  determined  by 
the  long  tail  towards  lower  energies. 

Future  work  on  electroluminescence  will  be  focussed  on  heterostructures  and  the  improve¬ 
ment  of  the  p-doping. 

SUMMARY 

We  investigated  the  on  surface  cracking  of  ammonia  for  molecular  beam  epitaxy  of  GaN 
based  structures.  Outstanding  photoluminescence  results  with  linewidths  as  low  as  0.5  meV 
are  achieved  by  homoepitaxial  growth  of  GaN.  Hetero epitaxial  growth  of  GaN  on  sapphire 
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Figure  9:  I-V-characteristic  of  a  homotype  GaN  pn-junction. 
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Figure  10:  Electroluminescence  from  a  homotype  GaN  pn-junction  (300  K). 


yields  optical,  electrical  and  structural  properties  comparable  to  MOVPE  material.  AlGaN 
has  been  grown  with  good  material  properties,  whereas  with  InGaN  further  work  is  still 
necessary  to  achieve  device  quality  material.  P-  and  n-doping  have  been  obtained  using 
conventional  Mg  and  Si  effusion  cells.  First  results  on  electroluminescence  of  homotype 
pn-junctions  in  GaN  are  encouraging  but  still  leave  room  for  further  improvements. 

Apart  from  technological  aspects,  fundamental  insights  into  the  growth  mechanisms 
of  the  OSC  process  have  been  presented.  Thermodynamic  equilibrium  calculations,  mass 
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spectroscopy  and  kinetic  studies  were  employed  to  obtain  a  detailed  understanding  of  the 
underlying  processes.  Important  mechanisms  of  ammonia  dissociation  as  well  as  of  the 
kinetics  of  GaN  growth  have  been  determined. 
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ABSTRACT 

Molecular  beam  epitaxy  (MBE)  technique  is  a  useful  method  to  grow  III-V  nitrides, 
especially  those  having  a  metastable  crystal  structure,  like  cubic  GaN  (c-GaN),  because  of  the 
capability  of  in  situ  observation  of  growing  surfaces  and  its  non-equilibrium  growth  mechanism. 
We  have  grown  c-GaN  on  GaAs  and  3C-SiC  substrates  by  gas  source  MBE  using 
dimethylhydrazine  or  activated  nitrogen  beam  as  an  N  source,  and  measured  their  luminescent 
and  optical  properties.  This  paper  summarizes  the  MBE  growth  and  properties  of  c-GaN, 
comparing  with  those  of  hexagonal  one,  and  the  control  of  the  crystal  structures  is  discussed  in 
terms  of  growth  method,  orientation  of  substrate  surfaces  and  growth  conditions. 

INTRODUCTION 

GaN  has  been  intensively  investigated  as  a  material  for  blue-light-emitting  diodes  (LEDs) 
because  GaN  is  the  direct  wide  band^gap  semiconductor  with  band  gap  energy  £’g=3.39eV  at 
room  temperature  and  forms  a  continuous  range  of  solid  solution  with  AIN  and  InN,  which 
covers  the  band  gap  ener^  between  6.2  and  1.9eV.  GaN  has  been  also  attracted  much 
interests  as  a  material  for  high-temperature  and/or  high-frequency,  high-power  devices  because 
of  its  high  electron  saturation  drift  velocity  (2.7X  lO^cm/s)  and  high  breakdown  field  (2X 
lOV/cm). 

The  epitaxial  growth  of  GaN  was  first  reported  by  Maruska  and  Tietjen*  in  1969  by  halide 
vapor  nhase  epitaxy  (HVPE)  method  using  the  reaction  of  GaCl  and  NH3.  In  1971,  Manasevit 
et  ar  have  succeeded  in  the  epitaxial  growth  of  GaN  by  metal  organic  chemical  vapor 
deposition  (MOCVD),  and  Pankove  et  al?  have  fabricated  MIS  type  GaN  blue  LEDs  because  p- 
type  GaN  could  not  be  obtained  even  by  the  doping  of  acceptor  impurities.  The  improvement 
of  the  crystal  quality  of  MBE  grown  GaN  by  introducing  AIN  buffer  layers  on  sapphire 
substrates  has  been  reported  in  1983^*.  The  technique  of  depositing  AIN  buffer  layers  on 
sapphire  has  been  introduced  in  the  MOCVD  growth  of  GaN  epilayers  in  1986^,  which  resulted 
in  the  growth  of  epilayers  with  very  low  residual  carrier  densities.  In  1989,  Amano  et  aC  have 
succeeded  in  obtaining  p-type  GaN  by  using  the  low  energy  electron  beam  irradiation  on  the 
Mg-doped  epilayers,  and  fabricated  pn  junctions  for  the  first  time.  By  using  low  temperature 
growth  of  GaN  as  buffer  layers,  Nakamura  et  aC  have  obtained  GaN  films  with  good  crystal 
quality.  They  have  also  found  that  the  thermal  annealing  in  N2  brings  about  the  p-^e 
conduction  of  Mg-doped  GaN  in  1992*.  These  works  on  the  heteroepitaxial  growth  of  nitrides 
on  sapphire  substrates  made  possible  to  fabricate  bright  blue  LEDs  in  1993^  and  pulse  operated 
laser  diodes  (LDs)  in  1995^“. 

Almost  all  the  works  on  the  fabrication  of  LEDs  and  LDs  have  been  done  by  using  MOCVD, 
not  by  MBE,  because  MBE-grown  epilayers  have  poor  crystal  quality  and  hi^  residual  carrier 
density,  compared  with  those  grown  by  MOCVD.  This  can  be  attributed  partly  to  the  low 
growth  temperature  of  MBE  method.  However,  MBE  technique  is  an  attractive  one  for  its 
important  advantages  in  the  capability  of  in  situ  observation  or  monitoring  of  crystal  structures 
during  growth  and  the  capability  of  obtaining  sh^  interfaces  by  shutter  control.  Recently,  the 
epilayers  with  high  crystal  quality,  comparable  with  those  by  MOCVD,  have  been  obtained  by 
using  a  plasma-excited  nitrogen  beam.  Most  attractive  point  of  MBE  growth  of  nitrides  is  that 
as-deposited  films  doped  with  Mg  reveal  p-type  conduction  without  post  annealing.  This  is 
considered  to  be  due  to  the  absence  of  hydrogen,  which  is  known  as  an  acceptor  killer,  in  the 
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films  grown  by  MBE  using  excited  nitrogen  sources.  This  capability  has  turned  many 
researchers  to  MBE  method.  Vaudo  et  al.^  have  succeeded  in  the  fabrication  of  GaN  pn 
junction  LEDs  by  plasma-assisted  MBE  without  any  post  annealing.. 

It  is  well  known  that  GaN  usually  crystallizes  in  the  wurtzite  hexagonal  structure  (h-GaN), 
which  is  quite  different  from  other  III-V  compounds.  However,  in  1986,  GaN  films  with  the 
zincblende  cubic  structure  (c-GaN)  have  been  grown  on  GaAs  by  MOCVD^l  Since  then,  the 
growth  of  c-GaN  has  been  reported  by  using  MBE  as  well  as  by  MOCVD.  One  of  the  most 
attractive  points  of  c-GaN  is  the  growth  on  cubic  substrates,  like  GaAs,  MgO,  Si  and  3C-SiC, 
which  can  be  easily  cleaved,  in  contrast  to  sapphire  substrates,  being  good  for  the  fabrication  of 
laser  structures.  These  properties  of  c-GaN  have  generated  much  interest.  It  is  supposed  that 
the  electrical  properties  of  c-GaN  should  be  superior  to  those  of  h-GaN,  because  of  the 
prediction  of  a  higher  electron  saturated  drift  velocity  due  to  lower  phonon  scattering,  a  smaller 
electron  effective  mass  and  easier  doping  properties.  Some  physical  properties  ,  including 
luminescent  and  electrical  properties,  of  c-GaN  have  been  reported  by  several  authors. 
However,  the  difference  of  the  properties  between  c-  and  h-GaN  have  not  been  made  clear  fully 
because  of  still  poor  crystal  quality  of  c-GaN  compared  with  h-GaN. 

In  this  report,  the  MBE  growth  of  nitrides  is  summarized,  and  then,  the  growth  of  c-GaN  is 
described  from  the  view  point  of  crystal  structure  control.  Finally,  the  properties  of  c-GaN 
obtained  are  discussed.  The  existence  of  cubic  rocksalt  structure  of  GaN  has  been  reported  in  the 
powder  synthesized  under  high  pressure^^  However,  the  rocksalt  structure  has  not  been  observed 
in  the  epilayers,  and  hence  we  will  use  here  the  term  “c-GaN”  for  GaN  having  the  zincblende 
structure. 

MBE  GROWTH  OF  NITRIDES 

Group  III  nitrides  (AIN,  GaN  and  InN)  have  been  grown  by  CVD  (MOCVD  and  HVPE)  and 
MBE.  In  the  case  of  other  III-V  compounds,  like  GaAs,  the  solid  sources  of  the  constituents  of 
the  compounds,  like  Ga  and  As,  are  used  to  grow  in  MBE.  In  the  case  of  nitrides,  one  of  the 
constituents  is  nitrogen.  However  the  nitride  films  can  not  be  obtained  by  using  nitrogen  gas 
as  a  source.  Ritter”  pointed  out  that  the  chemisorption  of  reacting  gas  proceeds  the  reaction, 
i.e.,  the  reaction  is  preceded  primarily  by  the  combination  of  an  active  metal  atoms  with  a 
chemisorbed  gas  molecule.  Nitrogen  is  Imown  to  be  chemisorbed  on  Ti,  and  thus  Ti  may  react 
with  nitrogen  to  form  titanium  nitride.  On  the  contrary,  nitrogen  is  not  chemisorbed  on  Al,  In 
and  Ga,  and  thus  nitridation  of  group  III  metals  may  not  occur  when  nitrogen  is  used  as  a 
reactive  gas^^.  Therefore,  reaction  gas  with  higher  activity  is  required  for  an  N  source  in  the 
growth  of  nitrides,  especially  in  case  of  MBE,  where  a  low  growth  pressure  is  demanded.  For 
that,  the  nitrogen  must  be  excited,  either  chemically  as  in  a  reactive  hydronitrogen  or  physically 
as  in  a  plasma. 

Reactive  MBE 


In  1974,  we  have  grown  single  crystal  films  of  AIN  on  sapphire  using  ammonia  and  Al 
molecular  beams  by  MBE^®,  which  we  called  “reactive  MBE”  or  RMBE,  because  AIN  films 
grow  through  the  reaction  of  ammonia  with  absorbed  Al  on  the  substrate  surface.  Recently, 
MBE  using  gas  sources  is  called  “gas  source  MBE  (GSMBE)”.  GaN  films  were  grown  by 
MBE  in  1981^^  and  Al^Ga/.^^N  films  with  all  the  composition  range  x  in  1982'\  However,  the 
crystal  quality  and  the  electrical  properties  of  MBE  grown  GaN  and  AlGaN  films  were  poor 
compared  with  those  grown  by  MOCVD.  In  1983,  it  was  pointed  out  for  the  first  time  that  the 
use  of  AIN  buffer  layers  on  sapphire  substrates  improves  significantly  the  crystal  quality  of 
MBE  grown  GaN  epilayers,  resulting  in  high  luminescence  intensities  and  high  carrier 
mobilities'*. 

The  reactivity  of  ammonia  is  not  enough,  resulting  in  the  high  residual  carrier  densities  in 
the  MBE  grown  nitrides,  even  with  the  large  amount  of  ammonia  supply  up  to  the  order  of  10' 
‘*Torr.  Although  hydrazine  (N2H4)*^  and  hydrogen  azaide  (HN3)'^  have  been  used  as  alternate 
sources  more  active  than  ammonia,  it  is  hard  to  treat  these  gases  because  of  their  explosive 
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nature.  We  have  proposed  the  use  of  an 

organic  compound,  IJ-dimethylhydrazine  ~ 

(DMHy)  as  a  N  source  for  the  growth  of  GaN  “  ; 

on  GaAs  substrates^®.  First,  we  grew  GaAs  o.s  -  \  y  ;  •  ; 

buffer  layers  on  GaAs  substrate  by  using  Ga  ~  .  /  *  '  • 

and  diethylarsine  (DEAsH)  beam  at  600°C,  0.6  -  * 

and  then  grew  GaN  by  Ga  and  DMHy  beams, 

We  found  that  when  DMHy  and  DMAsH  55  0.4  -  *  *  *  .*  ' 

beams  are  supplied  simultaneously  with  a  Ga  §  .  •  •  \ 

beam  onto  the  substrate  surface,  GaAs,  not  z  02  -  V  v/  \ 

the  tem^  alloy  GaNAs,  grows.  Therefore,  ^ 

we  obtained  GaAs/GaN  multilayers  only  by  S  1  1  , 

the  intermittent  supply  of  a  DMAsH  under  ^  ^  0  . 

the  continuous  supply  of  Ga  and  DMHy  g  - 

beams.  Figure  1  shows  the  depth  profile  of  ^  0.8  -  A  / 

As  and  N  compositions  in  a  c-GaN/GaAs  <  -  1  \  .*  *  • 

multilayer  by  SIMS  measurements.  §  06  -  *  *  *  *  / 

However,  fairly  high  density  of  carbon  o  _  *  '  • 

impurities  was  detected  in  the  GaN  films  by  ^  •  *  !  • 

electron  probe  micro  analysis^V  The  carbon  ,*  •  *  \  • 

impurities  in  the  films  grown  by  DMHy  is  "  *  *.  ,*  •  ; 

considered  to  originate  from  methyl  radicals  ®  ^  \J 

in  DMHy.  In  the  case  of  MOCVD,  DMHy  •  J 

is  reported  to  be  a  good  precursor  for  the  0.0  “ - i ^ - 

growth  of  GaN,  probably  due  to  the  presence 

of  hydrogen  carrier  gas  in  CVD.  depth  (nm) 

The  use  of  other  precursors,  like  phenvl- 

hydrazine^^  and  monomethyl-hydrazine^^  Fig  l  Depth  profile  of  As  and  N  compositions  in  a 
have  also  been  reported.  The  MBE  growth  GaN/GaAs  multilayer  grown  on  GaAs  by  intermittent 

TMG  and  TEG,  called  MOMBE,  has  been 

also  reported  .  It  is  noted  that  by  using  ammonia  as  an  N  source  and  at  higher  substrate 
temperatures  around  800 °C,  the  grovvth  of  good  crystal  quality  GaN  epilayers  with  high 
mobilities  and  the  growth  of  p-type  GaN  have  been  reported,  recently^^’^^.  Moriyasu  et  have 
reported  first  the  reflection  high  energy  electron  diffraction  (RHEED)  intensity  oscillation  for 
the  growth  of  nitrides  by  MBE,  though  it  is  hard  to  distinguish  between  the  oscillation  and  noise, 
apparently.  Very  recently,  Yang  et  reported  pronounced  RHEED  intensity  oscillation  for 
the  GaN  grown  using  ammonia  as  a  nitrogen  source. 


MBE  Using  Excited  Nitrogen  Sources 


Recently,  MBE  growth  of  nitrides  by  use  of  new  types  of  N  sources,  plasma  generated 
nitrogen  radicals,  instead  of  using  ammonia  and  other  compounds  containing  nitrogen,  has  been 
reported.  Owing  to  the  development  of  convenient  nitrogen  radical  beam  sources,  like  ion 
sources,  and  microwave-plasma,  electron  cyclotron  resonance  (ECR)-plasma  and  rf-activated 
grow  discharge  plasma  sources,  it  becomes  not  so  difficult  to  obtain  activated  nitrogen  species  , 
e.g.,  atomic  nitrogen,  excited  N2*,  N2’^  and  N"^,  efficiently.  By  using  these  radicals,  many 
researchers  have  grown  nitrides  with  good  crystal  quality,  called  plasma-  assisted  or  plasma- 
enhanced  MBE  *  and  reactive  ion  MBE^^.  It  has  been  pointed  out  that  the  growth  rate  of  GaN 
by  MBE  (typically,  several  tens  of  nm/h)  is  much  smaller  than  that  by  MOCVD  (several  pm^). 
However,  the  development  of  high  efficiency  radical  sources  and  high  speed  pumping  system, 
which  enable  us  to  introduce  more  nitrogen  source  gas  into  the  MBE  chamber,  bring  about  the 
increase  in  the  growth  rate  of  nitrides  by  MBE. 
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SUBSTRATE  TEMPERATURE  (V) 

Fig.2  Mapping  of  the  reconstruction  patterns  of  a  h-GaN 
(0001)  surface  during  growth  by  GSMBE  using  a  ECR  plasma 
excited  nitrogen  beam  at  a  constant  nitrogen  flow.  The  solid 
lines  show  the  transition  curves 


Many  studies  have  been  done  for  _ _ 

obtaining  GaN  films  with  good  crystal  ^ooi  ^ 

quality  by  varying  growth  condition.  • 

We  have  grown  GaN  on  GaAs  and  SiC  «  250  -  J 

as  well  as  sapphire  substrates  by  J? 

GSMBE  using  a  microwave-plasma  |  (1x1)  // 

excited  ammonia  beam,  or  ECR  ^  /  / 

plasma-excited  nitrogen  beam  as  an  N  o  md  J 

source.  We  have  proposed  the  ^ /  / 

monitoring  of  the  growth  of  GaN  by  4  ^ 

observing  surface  reconstruction  ^  100-  ^ 

patterns  bv  use  of  RHEED  during  3  4sccm-uo-^  y  ^ 

growth  The  changes  of  the  surface  ^  5q  _  ^  ^ 

reconstruction  between  (2X2)  and  (1  o  2  seem-* 

X  1)  have  been  observed  for  h-GaN  '  i ^ _ 

films  by  the  changes  of  grovrth  ^  ^  ^0^  fso 

conditions,  i.e.,  substrate  temperature,  cTm.TPATP  tpmpfrathrf 

and  Ga  and  nitrogen  fluxes.  GaN  films  substrate  temperatu  (  ) 

were  erown  homoenitaxiallv  on  GaN  Fig-2  Mapping  of  the  reconstruction  patterns  or  a  h-GaN 

•1  ®  u  Vi  ^  Kaon  nn  (0001)  siuface  during  gTowth  by  GSMBE  usuig  3  ECR  plasma 

epilayers,  which  have  been  grown  on  ^ed  Sogen  bea^  «  a  coitant  nitrogen  flow.  The  aolid 
sapphire  substrates  by  MOCVD,  in  show  the  transition  curves 

order  to  avoid  the  influence  of  the 

defects  and  strain  due  to  highly  mismatched  GaN/sapphire  interfaces.  ECR  plasma-excited 
nitrogen  was  used  as  an  N  source.  The  Ga  flux  was  calibrated  using  RHEED  intensity 
oscillation  of  the  growth  of  GaAs.  Figure  2  shows  the  mapping  of  the  reconstruction  patterns 
on  the  substrate  temperature  vs.  Ga  flux  plane  at  a  constant  nitrogen  flow.  The  solid  lines  show 
the  boundary  between  the  regions  of  the  reconstruction  (2X2)  and  (1X1).  When  we  change 
the  substrate  temperature,  or  the  intensity  of  Ga  flux  near  the  boundary,  the  reconstruction 
pattern  changed  between  (2X2)  and  (1X1),  reversibly.  Thus,  we  called  the  bound^  ^  a 
transition  curve.  We  grew  h-GaN  films  under  the  condition  that  in  the  region  of  (2  X  2)  and  (1 
XI)  and  just  on  the  transition  curve,  and  found  the  photoluminescence  peak  width  and  the 
carrier  mobilities  of  the  films  grown  under  the  condition  on  the  transition  curve  are  superior  to 
those  grown  under  the  condition  deviated  from  the  transition  curve.  Daweritz  and  He/  obtmned 
the  phase  diagram  of  surface  reconstruction  patterns  for  GaAs,  and  considered  some  surface 
stoichiometry  holds  on  the  boundary  between  Nitrogen  row 

two  phases.  Following  their  idea  of  surface  ©:  1  seem 

Stoichiometry,  we  considered  that  the  fluxes  of 

Ga  atoms  and  active  nitrogen  species  are  ^  •ieseem 

balanced  on  the  transition  cuiye,  and  Ga  rich  in  | 

(1X1)  region  and  N  rich  in  (2  X  2)  region.  | 

Therefore  we  can  monitor  the  surface  %  ^ 

stoichiometry  by  the  observation  of  surface 
reconstruction.  The  transition  curve  shifts  to  ^ 
higher  Ga  flux  side  with  the  increase  of  nitrogen  “  ioi3- 
flux.  The  transition  curves  have  been  explained  ^ 

based  on  a  flux  balance  model  between  Ga  ^d  ^ 

active  nitrogen  on  the  growing  surfaces,  taking 
the  effect  of  re-evaporation  of  Ga  atoms  from 

the  surface  at  high  temperatures  into  account.  "";'o4  i'o6  I'os  I'lO  U2  U4  i.i6 

as. 


a<Jk*=<^Ga-Aoexp(-£:a/k7)  (1) 

where,  and  cPca  are  the  fluxes  of  active 
nitrogen  and  Ga,  respectively,  and  a  the 


lOOO/T,  (1/K) 

Fig.3  Plots  of  log(<i\;a-a<?^.)  against  \/T.  The 
data  points  lie  well  on  the  straight  lines.  The 
activation  energy  of  between  2.2-3.2eV  are 
obtained  from  the  slopes. 
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constant  representing  the  ratio  of  Ga  and  active  nitrogen  to  form  a  Ga-N  bond.  The  second 
term  in  the  right  hand  side  of  Eq.(l)  represents  the  amount  of  re-evaporated  Ga  atoms  from  the 
surface,  where  is  an  activation  energy  for  re-evaporation  of  Ga..  At  low  temperatures,  re¬ 
evaporation  is  negligible,  and  we  can  obtain  the  value  of  a<^*  from  the  saturated  values  of  0Ga 
at  lower  temperatures.  Figure  3  shows  the  plots  of  log(<Z>Ga  -  a<Z^*)  against  MT.  The  figure 
shows  that  the  data  points  lie  well  on  the  straight  lines,  which  suggests  the  experimental  results 
can  be  explained  well  by  Eq.(l),  i.e.,  flux  balance  model.  From  the  slope  of  the  straight  lines, 
the  values  of  activation  energy  between  2.2  and  3.2eV  are  obtained.  These  results  suggest  that 
the  observation  of  the  surface  reconstruction  patterns  is  a  strong  tool  to  monitor  the  optimum 
growth  condition  during  growth. 

GROWTH  OF  CUBIC  GaN 

GaN  films  with  the  zincblende  cubic  structure  (c-GaN)  have  been  grown  on  cubic  substrates 
by  MOCVD  and  GSMBE.  However,  the  grown  c-GaN  layers  sometimes  contain  hexagonal 
phase.  And  the  crystal  quality  of  c-GaN  epilayers  is  still  insufficient  to  make  clear  the 
properties  of  c-GaN,  compared  with  h-GaN.  For  example,  the  values  of  full  width  at  half 
maximum,  FWHM,  for  the  XRD  peaks  of  c-GaN  epilayers  (several  tens  of  arcmin.)  are  one 
order  of  magnitude  larger  than  those  for  h-GaN  epilayers.  Here,  we  will  discuss  how  to  control 
the  crystal  structure  of  GaN  in  order  to  obtain  high  quality  c-GaN  epilayers  without  mixing  with 
a  hexagonal  phase. 

Growth  Method 

First  report  on  the  growth  of  c-GaN  has  been  done  by  Seifert  et  who  found  cubic  phase 
dendric  overgrowths  on  h-GaN  grown  by  HVPE  in  1974.  Mizuta  et  al}^  have  reported  the 
existence  of  cubic  phase  in  mosaic  structure  GaN  films  on  GaAs  substrates  by  MOCVD.  The 
growth  of  C-GaN  epilayers  have  been 
reported  first  by  Paisley  et  al.  in  1989^^, 
who  have  grown  GaN  on  3C-SiC  (001) 
surfaces  by  using  microwave  excited 
nitrogen  source  in  MBE.  Since  then, 
many  studies  have  been  reported  on  the 
growth  of  C-GaN  on  (001)  surfaces  of 
MgO,  Si,  GaAs,  GaP  and  3C-SiC  by 
using  MOCVD  and  GSMBE.  Though 
the  early  studies  on  c-GaN  have  been 
done  by  CVD,  many  researchers  have 
used  MBE  method  to  grow  c-GaN, 
instead  of  using  CVD^®  MBE  is 
known  as  a  non-equilibrium  growth 
method,  i.e.,  low  substrate  temperatures, 
compared  with  CVD,  and  therefore, 

MBE  is  believed  to  be  a  suitable 
method  to  grow  metastable  c-GaN,  As 
an  N  source,  excited  nitrogen  or 
nitrogen  radicals  from  ECR-  and  rf- 
plasma  excited  nitrogen  beams  and 
nitrogen  ions  have  been  used. 

However,  there  is  no  report  giving  the  30.0  35.0  40.0  45.0 

conclusion  of  the  suitable  nitrogen 

source  for  the  growth  of  cubic  phase  DIFFRACTION  ANGLE  20  (DEGREE) 

GaN,  though  the  effects  of  energetic  Fig.4  XRD  patterns  of  GaN  epilayers  grown  on  3C- 
ions  on  the  film  properties  of  h-GaN  SiC(OOl)  and  (ill)  substrates  by  GSMBE  using  an 
crystals  have  been  reported^^’'*®.  activated  ammonia  beam. 
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We  have  reported  the  growth  of  c-GaN  on  GaAs  and  3C-SiC  by  using  DMHy  and  micro- 
wave  plasma-activated  ammonia  as  an  N  source  and  successfully  obtained  c-GaN  epilayers  up  to 
several  micrometers  thick'^\  By  MOCVD,  on  the  contrary,  sometimes  crystal  structures  turn 
from  a  metastable  cubic  phase  to  a  stable  hexagonal  phase  with  the  increase  of  film  thickness'* . 
This  is  considered  to  be  due  to  the  equilibrium  growth  condition  in  MOCVD  technique,  i.e., 
high  substrate  temperatures,  compared  with  those  in  MBE.  The  presence  of  hydrogen  carrier 
gas  in  CVD,  which  is  quite  different  situation  from  the  case  of  MBE,  may  also  affect  the  crystal 
growth. 

Orientation  of  Substrate  Surfaces 


We  have  reported  that  the  crystal  structures  of  GaN  epilayers  grown  on  GaAs  and  3C-SiC 
substrates  depend  on  the  crystal  orientation  of  the  substrate  surfaces'* *’'*^  Figure  4  shows  the 
XRD  patterns  of  GaN  films  grown  on  3C-SiC  (001)  and  (1 1 1)  substrates  by  using  an  activated 
ammonia  beam  as  a  N  source.  From  the  XRD  patterns  as  well  as  RHEED  observation,  it  was 
found  that  c-GaN  grows  on  (001)  surfaces  of  GaAs  and  3C-SiC  and  h-GaN  on  (111)  surfaces. 
Moustakas  et  have  reported  the  growth  of  c-GaN  on  (001)  Si  surfaces  and  h-G^  on  (1 1 1) 
Si  surfaces.  Growth  of  c-GaN  on  (001)  surfaces  of  cubic  crystals,  MgO^^  and  GaP'^'*  has  been 
also  reported.  These  results  suggest  that  c-GaN  grows  on  the  crystal  surfaces  having  4  fold 
symmetry,  while  h-GaN  on  the  cubic  crystal  surfaces  having  3  fold  symmetry  as  well  as  on 
hexagonal  crystals  like  sapphire. 

In  the  case  of  GaAs  substrates,  this  is  not 


always  true.  The  growth  of  c-GaN  on 
(111)  surfaees  of  GaAs'*^  and  h-GaN  on 
GaAs  (001)“*^  have  been  reported. 
Inclusion  of  h-phase  grains  in  c-GaN  films 
grown  on  GaAs  (001)  has  been  often 
reported^”’'*^.  These  results  suggest  that  the 
growth  eonditions  other  than  the  erystal 
symmetry  of  the  substrate  surfaees  also 
affect  the  seleetion  of  the  growth  of  cubic 
and  hexagonal  crystal  structures. 

It  is  plausible  that  the  initial  step  of  the 
growth  influences  strongly  on  the  erystal 
structure  of  the  grown  films.  In  fact,  we 
have  found  that  only  when  the  GaAs  (001) 
surfaces  are  nitrided  fully  by  use  of  DMHy 


Fig.  5  Cross  sectional  TEM  images  of  (a)  a  c-GaN/GaAs, 
and  (b)  a  c-GaN/3C-SiC  interfaces. 


beam  prior  to  the  growth  of  GaN,  e-GaN 
without  mixing  with  a  hexagonal  phase  ean 
be  obtained‘*^  On  partially  nitrided  GaAs 
surfaces,  GaN  films  mixed  with  two  phases 
have  been  grown.  On  the  contrary,  when 
GaAs  surfaees  were  nitrided  by  a  plasma- 
exeited  nitrogen  beam,  the  GaN  films 
grown  were  mixed  with  eubie  and 
hexagonal  phases'*^  This  means  that 
uniformly  nitrided  layer  covered  on  GaAs 
surfaces,  which  is  obtained,  for  example,  by 
use  of  a  DMHy  beam,  not  by  use  of  a 
plasma-exeited  nitrogen  beam,  is  required 
to  grow  C-GaN  without  mixing  of  h-GaN. 
As  seen  by  the  eross  seetional  TEM  image 
of  a  GaN/GaAs  interface  (Fig.  5(a)),  the 
interface  is  not  flat  but  rough  with  (111) 
facets'*^.  As  h-GaN  grows  on  (HI) 
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surfaces  of  GaAs,  it  is  easy  to  suppose 
that  mixed  crystals  may  grow  on  rough 
surfaces  caused  by  the  damage  of  <■] 
plasma.  Sometimes,  a  lot  of  holes  of  ^ 

GaAs  are  seen  at  the  GaN/GaAs  | 

interfaces.  These  holes  are  considered  « 
to  have  formed  due  to  the  evaporation  %  48 
of  As  atoms  from  GaAs  because  of  too 
high  growth  temperatures  of  GaN  for 
Ga-As  bonds,  i.e.,  600-800°C. 

In  the  case  of  SiC  substrates,  on  the 
contrary,  the  nitridation  of  the  surfaces 
by  DMHy  prevented  the  films  from  the 
epitaxial  growth^®,  which  is  considered 
to  be  due  to  the  formation  of 
amorphous  silicon  nitride  layers  on  the 
SiC  surfaces.  We  have  done  the 
epitaxial  growth  of  GaN  directly  on  SiC 
without  nitridation  process  Figure  5(b)  epilayer  grown  on  3C-SiC  (001)  substrate  by  GSMBE 

shows  the  lattice  image  of  a  c-OaN/3C-  "'’"8  beam. 

Sic  (001)  interface.  Comparing  with  the  case  of  GaAs  substrates,  GaN/SiC  interface  is  very  flat 
with  some  atomic  steps,  though  a  lot  of  stacking  faults  can  be  seen  in  the  c-GaN  layer'^^. 
FWHMs  of  the  XRD  pe^s  are  smaller  than  those  for  the  GaN  grown  on  GaAs,  but  still  larger 
than  those  for  h-GaN.  This  suggests  that  the  c-GaN  epilayers  grown  on  3C-SiC  have  higher 
crystal  quality  compared  with  those  on  GaAs,  resulting  from  the  better  lattice  matching  at  a 
GaN/Si(i:  heterointerface  (about  3  %)  than  that  at  a  GaN/GaAs  interface  (about  20  %).  In  case 
of  SiC  substrates,  no  hole  is  seen  at  the  interface,  contrary  to  GeiAs  substrates,  which  is  due  to 
the  reffactoiy  nature  of  SiC.  We  also  observed  no  change  of  SiC  surfaces  by  the  supply  of 
plasma  excited  nitrogen  beam.  From  these  points  of  view,  3C-SiC  is  a  superior  substrate 
material  for  the  growth  of  c-GaN,  compared  with  GaAs. 
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SUBSTRATE  TEMPERATURE  (t:) 

Fig.6  Mapping  of  the  reconstruction  patterns  of  a  surface  of  the 


Growth  Condition 


It  has  been  reported  that  the 
crystal  structures  depend  on  the 
growth  conditions,  v/z,  growth 
temperature,  presence  of  As  flux 
and  V/III  ratio  on  the  growing 
surfaces.  Yang  et  al.  have 
reported  that  c-  and  h-GaN  can  be 
selectively  deposited  on  (1 1 1)  GaAs 
substrates  by  varying  the  growth 
temperature  in  low  pressure 
MOCVD,  i.e.,  c-GaN  grows  at 
750^°C ,  while  h-GaN  grows  at 
850°C.  This  result  strongly  suggests 
that  the  growth  temperature  is  one 
of  the  key  parameters  to  control  the 
crystal  structures,  though  these 
results  have  been  obtained  by 
MOCVD,  not  by  MBE.  The  fact 
that,  in  the  two  step  growth  of  h- 
GaN  on  sapphire  by  CVD,  the  low 
temperature  grown  buffer  layers 
contain  mainly  cubic  phase  also 


20-0)  (DEGREE) 

Fig.  7  XRD  reciprocal  lattice  mapping  in  the  vicinity  of  (004) 
diffraction  point  for  a  c-GaN  epilayer  grown  on  3C-SiC.  The 
intensity  contours  of  every  10%  are  shown. 
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supports  these  considerations.  On  the 
contrary,  Cheng  et  have  reported  the 
growth  of  mixed  crystals  of  h-  and  c-GaN 
on  GaAs  and  GaP  (001)  substrate 
surfaces  by  GSMBE  using  rf-activated 
plasma  nitrogen  source  at  700°C  without 
As  flux,  and  the  growth  of  c-GaN  with  As 
flux.  Their  results  suggest  that  As  beam 
plays  an  important  role  for  the  selection 
of  crystal  structures.  They  proposed  the 
kinetic  growth  model  to  explain  their 
results.  When  arsenic  is  directed  during 
growth,  GaN  is  forced  to  adopt  the  crystal 
structure  of  the  underlying  cubic 
substrate  through  an  interchange  between 
the  mobile  active  nitrogen  species  and  the 
arsenic  atoms  occupying  the  group  V 
lattices  of  the  zincblende  structure. 

While,  Brandt  at  have  reported 
the  influence  of  the  VAII  ratio,  i.e.,  ratio 
of  active  nitrogen  species  and  Ga  atoms 
at  the  growing  surfaces  on  the  crystal 
structures.  They  grew  GaN  on  GaAs 
(001)  substrates  by  GSMBE  using  an 
active  nitrogen  beam  generated  by  a  high 
voltage  dc  plasma  glow  discharge.  They 
monitored  the  crystal  surfaces  by 
RHEED  during  growth,  and  observed  (1 
XI),  (2X2)  and  c(2X2)  reconstruction 
patterns,  which  is  assigned  to  be  the 
surfaces  of  Ga  adatom  coverage  of  0,  0.5 
and  1,  respectively.  Following  the  idea  of 
surface  stoichiometry  introduced  by 
Daweritz  and  Hey^  ,  Brandt  et  al. 
monitored  surface  stoichiometry  by  the 
observation  of  the  intensity  of  half  order 
reconstruction  streak  in  RHEED  patterns. 
They  found  N-rich  condition  during 
nucleation  of  the  first  5  monolayers 
promotes  the  nucleation  of  a  cubic 
template.  Ga  excess  at  this  stage 
inevitably  leads  to  the  growth  of  h-GaN. 
The  films  grown  under  N  excess 
condition,  the  inclusions  of  hexagonal 
phase  wift  the  c  axis  perpendicular  to  the 
(1 1 1)  B  of  cubic  GaN  is  detected  While, 
those  under  near  stoichiometric 
conditions,  the  films  having  very  smooth 
surface  morphology  and  with  no  trace  of 
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Fig.  8  Optical  and  luminescent  properties  of  a  c-GaN  grown 
on  GaAs  by  GSMBE,  measured  at  4.2K:  (1)  optical  reflection 
spectrum,  (2)  photoluminescence  spectrum,  and  (3)  magnetic 
circular  dichroism  (MCD)  spectrum. 


hexagonal  phase  are  obtained. 

We  have  also  reported  (1  X  1),  (2X2)  and  c(2X2)  surface  reconstruction  patterns  for  c- 
GaN  grown  on  GaAs  (001)  surfaces  by  GSMBE  using  ECR-plasma  excited  nitrogen  source  and 
(1  X  1)  and  (4X1)  for  that  on  3C-SiC  (001)^*’^\  Figure  6  shows  the  transition  curve  between  (1 
XI)  and  (4X1)  reconstruction  regions  on  the  temperature  vs.  Ga  flux  plane,  with  a  constant 
nitrogen  flux.  This  transition  curve  can  be  also  explained  by  using  Eq.(l).  As  in  the  case  of 
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h-GaN  mentioned  above,  we  monitored  the 
optimum  growth  condition  by  the  ^ 
observation  of  the  reconstruction  patterns,  h 
and  succeeded  in  obtaining  c-GaN  5 
epilayers  with  good  crystalline  quality,  pn 
as  presented  by  Okumura  et  al.  in  this  S 
meeting^^.  Figure  7  shows  the  XRD 
reciprocal  lattice  mapping  in  the  vicinity 
of  (004)  reflection  for  c-GaN  epilayers  on  ^ 
low  pressure  CVD  grown  3C-SiC  on  Si.  g 

No  spot  from  hexagonal  phase  can  be  h 

observed  in  the  mapping,  which  reveals  no  = 
mixing  of  h-GaN  in  the  epilayers.  From 
the  figure,  A29  =  ISmin  (20-q)  scan)  and 
Ao)=30min  (o  scan)  are  obtained^*.  We 
have  obtained  the  pole  figure  of  cubic 
(002)  Bragg  diffraction  for  the  c-GaN 
epilayers  on  GaAs  and  3C-SiC  (001) 
showing  no  peak  except  the  center  peak. 

This  suggests  that  no  misoriented  cubic 
grain  is  included  in  the  c-GaN  epilayers  we 
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Fig.9  Optical  reflection  and  photoluminescence  spectra  at 
room  temperature  for  a  c-GaN  grown  on  3C-SiC  by  GSMBE 
using  an  ECR  plasma  excited  nitrogen  beam. 

grew. 


The  reconstruction  patterns  of  (4X  1)  and  (1X1)  have  been  observed  for  c-GaN  grown  on 
and  MgO  (001)  substrates^^’  as  well  as  3C-SiC  (001)  substrates^*’^*’  which  are  different  from 


those  on  GaAs  (001).  On  the  origin  of  this  discrepancy,  Feuillet  et  al.  will  present  a  paper  in  this 
meeting  in  detail”. 


PROPERTIES  OF  CUBIC  GaN 


Physical  properties,  including  luminescent,  optical  and  electrical  properties,  of  c-GaN  have 
been  reported  by  several  authors.  However,  the  reported  values  scatter,  and  therefore,  the 
differences  of  the  properties  of  c-GaN  from  those  of  h-GaN  have  not  been  made  clear.  This 
can  partly  be  attributed  to  the  poor  crystal  quality  of  c-GaN  obtained  and  the  mixing  of  h-GaN 
phase.  Recently,  the  growth  of  c-GaN  epilayers  with  good  crystalline  quality  have  been  reported, 
which  makes  possible  to  discuss  the  differences,  for  example,  in  the  band  gap  energy.  Electrical 
properties  of  c-GaN,  e.g.,  electron  saturated  drift  velocity,  have  been  theoretically  predicted  to 
be  superior  to  those  of  h-GaN.  However,  there  is  no  experimental  report  to  support  this 
prediction,  so  far.  We  observed  the  strong  dependence  of  residual  carrier  densities  on  ^owth 
conditions,  like  ECR  plasma  power,  and  found  high  resistive  ones  at  optimum  conditions. 
However,  it  is  hard  to  show  the  difference  of  the  electrical  properties  from  those  of  h-GaN. 
Therefore,  only  the  bandgap  energy,  one  of  the  most  basic  parameters  of  semiconductors,  will  be 
discussed  here. 

Comparing  between  hexagonal  and  cubic  crystals  of  semiconductors  other  than  GaN,  the 
crystals  with  a  hexagonal  structure  have  larger  bandgap  energy  as  in  the  cases  of  SiC,  ZnS, 
and  ZnSe,  and  those  with  a  cubic  structure  have  larger  in  case  of  BN.  For  h-GaN,  the  values 
of  3.39eV  at  room  temperature  and  3.503eV  at  1.6K  for  E^,  and  the  exciton  binding  energy  E^^ 
of  28meV  have  been  reported^'*. 

The  values  of  E„  between  3.2-3. 5eV  have  been  reported  by  the  measurements  of 
photoluminescence  (PL),  cathodoluminescence  (CL)  and  optical  absorption  for  c-GaN  epilayers 
grown  by  GSMBE  and  MOCVD”'^^.  While,  theoretical  calculation  by  empirical  and  model 
pseudopotential  method  have  predicted  a  value  of  Eg  0.1-0.6eV  smaller  than  that  of  h-GaN^*'^®. 
However,  recently,  the  values  reported  have  been  concentrated  around  3.2-3.3eV  by  the  precise 
optical  and  luminescence  measurements  for  c-GaN  with  good  crystalline  quality^^’^  Powell 
et  obtained  a  value  of  £g(300K)=3.21  ±  0.02eV  from  transmission  and/or  reflection 
measurements  carried  out  on  c-GaN  films  grown  on  transparent  MgO  substrates.  Ramirez-Flores 
et  have  measured  the  temperature  dependence  of  optical  bandgap  of  the  c-GaN  grown  on 
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Fig.  10  Photoluminescence  spectrum  of  a  c-GaN  grown  on 
3C-SiC  by  GSMBE  using  an  ECR  plasma  excited  nitrogen 
beam 


MgO  (001)  by  reactive-ion  MBE  by  use 
of  modulated  photo-reflectance  and 
photoluminescence  measurements.  The 
band  gap  was  found  to  vary  from  3.302 ± 
0.004eV  at  lOK  to  3.231  ±0.008eV  at 
300K.  Hwang  et  have  estimated  the 
bandgap  energy  of  c-GaN  as  3.27  eV  from 
the  measure-ments  of  pressure 
dependence  of  PL  spectra. 

Figure  8  shows  the  optical  reflection, 
PL  and  magnetic  circular  dichroism 
(MCD)  spectra  at  4.2K  for  a  c-GaN 
epilayer  grown  on  a  3C-SiC  substrate  by 
GSMBL  using  microwave-plasma  excited 
ammonia  beam  as  a  N  source.  These 
spectra  suggest  the  exciton  band  gap  of  c- 
GaN  is  around  3.27eV.  Figure  9  shows 
the  optical  reflection  and  PL  spectrum  for 


a  C-GaN  epilayer  grown  on  3C-SiC  by  using  LCR  plasma-excited  nitrogen  beam,  measured  at 
room  temperature.  Even  at  room  temperature,  strong  edge  emission  and  pronounced  oscillation 
of  reflection  below  the  bandgap  energy  are  seen. 

Figure  10  shows  the  PL  spectrum  for  a  c-GaN  at  4.2K.  Two  strong  emission  peaks,  named  a 
and  p,  can  be  seen  near  380nm.  To  know  the  origin  of  these  peaks,  we  measured  time 
dependent  PL  spectra  for  c-GaN  on  3C-SiC.  From  the  results  shown  in  Fig.l  1,  it  is  found  that 
peak  a  deeays  with  the  time  constant  of  several  tens  of  psec,  and  the  peak  p  remains  after 
several  ns.  These  values  of  time  constant  suggest  that  a  peak  relates  to  exciton,  and  P  peak  is 
assigned  as  D-A  pair  recombination, 
which  also  supports  that  the  bandgap  is 
around  3.26eV.  In  case  of  h-GaN,  free- 
exciton  and  bound  exciton  peaks  are  well 
resol ved^"*.  However,  in  case  of  c-GaN, 
it  is  hard  to  resolve  these  peaks.  The 
analysis  in  the  time  decay  of  a  peak 
gives  2  kinds  of  components,  i.e.,  the 
fkster  decay  having  the  time  constant  of 
15psec  and  the  slow  one  of  395psec^'’. 

Klann  et  al.^^  measured  time-resolved  PL 
spectra  of  c-GaN  epilayers  on  GaAs  and 
also  observed  2  kinds  of  components  for 
the  decay  of  the  band  edge  emission, 
several  tens  of  psec,  and  several 
hundreds  of  psec.  They  assigned  that 
the  faster  component  corresponds  to  the 
free  exciton  decay  composed  of  both  the 
radiative  decay  and  the  relaxation  of  the 
exciton  towards  localized  state,  and  that 
the  slower  one  corresponds  to  the 
radiative  decay  of  localized  exciton 
states.  Recently,  Menniger  et  al.^^ 
resolved  two  exciton  peaks  in  CL  spectra 
from  micrometer-size  single  crystals  and 
identified  as  free  exciton  peak  at 
3.272eV  and  bound  exciton  peak  at 
3.263eV  with  an  exciton  binding  energy 
£ex  of  25meV  ( thus,  fundamental  energy 
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Fig.  1 1  Time  resolved  photoluminescence  spectra  of  a  c-GaN 
^own  on  3C-SiC,  measured  at  4.2K. 
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gap  of  c-GaN  is  estimated  as  3.300eV).  Hong  et  al.^^  reported  a  little  larger  values,  3.36eV  for 
bound  exciton  and  3.375eV  for  free  exciton  gap,  and  the  band  gap  of  £g=3.406eV  at  6.5K. 

SUMMARY 

We  have  summarized  the  MBE  growth  of  nitrides  in  comparison  with  the  growth  by  CVD. 
The  growth  and  properties  of  c-GaN  have  been  described,  comparing  with  h-GaN,  including  the 
control  of  crystal  structures.  Recently,  the  growth  of  c-GaN  epilayers  with  good  crystal  quality 
have  been  reported,  and  some  of  the  properties  of  c-GaN  have  been  made  clear.  However,  it  is 
still  hard  to  find  the  merit  of  c-GaN  compared  with  h-GaN.  For  that,  more  investigations  in  the 
growth  of  high  quality  c-GaN  and  more  wide  measurements  of  their  properties  are  longed  for, 
and  the  growth  mechanisms  of  c-GaN  and  h-GaN  are  required  to  be  made  clear. 
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ABSTRACT 

We  report  the  grovvth  of  InGaN/AIGaN  MQWs  on  c-plane  sapphire  by  electron  cyclotron 
resonance  assisted  molecular  beam  epitaxy  (ECR-MBE).  Two  types  of  structures  were 
investigated;  one  employing  a  GaN  and  the  other  a  AlGaN  barrier  layer.  The  first  structure 
consists  of  five  periods  of  80  A  thick  Ioq  09Ga{)  91N  wells  separated  by  90  A  thick  GaN  barriers. 
The  second  structure  consists  of  seven  periods  of  120  A  thick  In^  35Gao  65N  wells  and  Alo.iGao  gN 
barriers.  The  substrate  temperature  was  kept  constant  during  the  growth  of  both  the  wells  and  the 
barriers,  thus  avoiding  the  need  for  any  temperature  cycling  during  the  growth,  which  may  lead 
to  interfacial  contamination.  The  films  were  characterized  by  cross  sectional  transmission 
electron  microscopy  (TEM),  room  temperature  photoluminescence  (PL)  and  sub-micron 
resolution  luminescence  microscopy.  TEM  images  show  sharp  and  abrupt  interfaces,  thus 
confirming  the  high  interfacial  quality  of  the  MQW  structures.  Both  structures  exhibit  strong  RT 
luminescence  emission  peaking  at  387  nm  (FWHM=16nm)  for  the  Ino.09Gao.91N/GaN  structure 
and  at  463  nm  (FWHM=28nm)  for  the  Ino  35Gao  65N/AI0  iGao  9N  structure.  The  high  resolution 
luminescence  microscopy  studies  reveal  that  the  radiative  recombination  for  the  InGaN  quantum 
wells  is  60-70  times  more  efficient  than  for  the  underlying  GaN  film. 

INTRODUCTION 

InGaN  alloy  based  active  layers  have  been  successfully  used  to  fabricate  high  power 
blue-green  light  emitting  diodes  (LEDs)  [1].  Multi-quantum  wells  (MQWs)  of  InGaN  have  also 
been  used  as  the  active  layer  for  UV-blue  laser  diodes  operating  at  room  temperature  [2].  In  spite 
of  the  rapid  progress  by  the  Nichia  group  in  the  development  of  such  devices,  the  growth  and 
properties  of  the  InGaN  alloys  are  poorly  investigated.  We  have  recently  reported  on  the  phase 
separation  in  InGaN  alloys  having  large  indium  concentrations,  a  result  accounted  for  by  both 
thermodynamic  and  kinetic  factors  [3,4].  However,  such  phase  separation  was  not  observed  in 
thin  InGaN  films  incorporated  in  quantum  wells  or  double  heterostructures,  which  suggests  that 
devices  based  on  the  InGaN  system  will  require  the  fabrication  of  the  active  regions  in  the  form 
of  quantum  well  structures  [4,5]. 

There  are  only  limited  reports  on  the  growth  of  InGaN  SQW  and  MQW  structures.  The 
majority  of  the  literature  refers  to  such  structures  grovm  by  the  metalorganic  chemical  vapor 
deposition  (MOCVD)  method.  Nakamura  et  al  reported  quantum  effects  in  InxGai.xN/InyGa,.yN 
superlattices  grown  by  the  MOCVD  method  [6].  Koike  et  al.  reported  on  Ing  o8Gao.92N/GaN 
MQWs  grown  also  by  the  MOCVD  method  [7].  Finally,  Keller  et  al.  reported  the  growth  and 
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properties  of  Ino,i6Gao,84N  /In^Gai.xN  (paded)  SQWs  also  by  the  MOCVD  method  [8].  These 
authors  observed  quantum  size  effects  in  InGaN  based  QWs  for  thicknesses  less  than  30  A.  Our 
group  has  recently  reported  some  studies  on  InGaN/AlGaN  MQWs  grown  by  the  ECR-MBE 
method  [5]. 

In  this  paper,  we  report  on  the  growth  and  characterization  of  InGaN/GaN  and 
InGaN/AlGaN  MQWs  deposited  on  (0001)  sapphire  substrates  by  ECR-MBE.  Luminescence 
studies  on  these  structures  indicate  that  the  radiative  efficiency  of  these  MQWs  is  60-70  times 
higher  than  bulk  GaN  films. 

DEPOSITION  OF  MQW  STRUCTURES 

The  growth  of  the  InGaN  MQW  structures  was  accomplished  on  thick  GaN  films  grown 
on  sapphire  substrates.  Details  of  the  ECR-MBE  growth  method  were  reported  previously  and  in 
the  present  paper  only  a  brief  summary  is  provided  [9,10].  C-plane  (0001)  sapphire  substrates 
were  first  subjected  to  ECR  plasma  nitridation  which  as  we  reported  previously  leads  to  a  thin 
atomically  smooth  AIN  film[10].  In  the  second  stage  these  substrates  were  coated  with 
approximately  a  200-300  A  GaN  buffer  grown  at  550  “C,  which  was  also  found  to  be  atomically 
smooth  [9].  Finally,  the  temperature  was  raised  to  750  °C  for  the  growth  of  a  GaN  film 
(approximately  0 . 5  pm  or  thicker) . 

The  subsequent  growth  of  the  InGaN  layers  was  conducted  in  the  manner  reported  earlier 
[3,  5].  The  first  (Ino.09Gao.91N/  GaN)  structure  was  grown  at  a  substrate  temperature  of  670  °C,  as 
measured  by  a  thermocouple  on  the  back  side  of  the  sapphire  wafer.  The  gallium  BEP  was  kept 
constant  while  the  nitrogen  plasma  power  employed  during  the  InGaN  layer  growth  was  100  W 
and  reduced  to  80  W  for  the  GaN  barrier  layers.  For  the  second  (Ino.35Gao,65N/  Alo.1Gao.9N) 
multi-quantum  well  structure,  a  substrate  temperature  of  660  °C  was  used  for  the  entire  growth 
sequence.  The  gallium  cell  temperature  was  also  kept  constant,  while  the  aluminum  and  indium 
cell  shutters  were  opened  alternately  for  the  growth  of  the  respective  layers. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 


GaN:Si  cap-200  A 


AlGaN: ^cap-200  A 


5  periods 


2  pm  GaN 
film 

+  buffer 


■  80  A  Iiifl  fl9Gao.9]N 
.  90  A  GaN  7  periods 

AlGaN:Si  -  500  A  ■ 

4—  (0001)  sapphire  — ► 


4000  A 
GaN 


■  120  A  lUojsGao  gsN 

■  120  A  AI0.1GaQ.9N 


(a)  (b) 

Fig.  1:  Schematic  of  MQW  structures  (a)  lno.09Gao.91N/GaN  with  five  periods  and  (b) 
Ino.35Gao.65N/Alo.1Gao.9N  with  seven  periods 
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Fig.  1  show  the  schematic  of  the  two  InGaN  based  MQW  structures  investigated  in  this 
work.  The  sharpness  of  the  interfaces  was  confirmed  by  cross  sectional  TEM  studies  as  described 
previously  [5].  The  thicknesses  of  the  wells  and  barriers  were  computed  to  be  130  A  each  from 
the  TEM  micrographs,  which  is  in  close  agreement  with  the  thickness  of  120  A  determined  by 
beam  flux  measurements. 

Room  temperature  luminescence  was  excited  with  the  325  nm  line  of  a  He-Cd  laser.  The 
power  in  the  collimated  beam  was  10  mW  with  an  incident  beam  diameter  of  1  mm.  The 
luminescence  spectra  were  dispersed  through  a  0.5  m  Acton  Research  spectrometer  using  a 
holographic  grating  and  measured  with  a  Hamamatsu  R928  photomultiplier  tube.  The  spectra 
were  not  corrected  for  the  system  response. 

Fig.  2  shows  the  RT  luminescence  from  the  MQW  structures  illustrated  in  Fig.  1 .  The 
luminescence  is  dominated  by  emission  from  the  InGaN  wells,  which  peaks  at  387  nm  (3.2  eV) 
for  the  five  period  1%  o9Gao.9iN/GaN  structure  (curve  (a))  with  a  FWHM  of  16  nm  The 
luminescence  from  the  MQW  structure  composed  of  InGaN  wells  and  AIGaN  barriers  is  shown 
in  curve  (b).  The  luminescence  peaks  at  463  nm  with  a  FWHM  of  28  nm.  Shown  in  the  same 
figure  are  also  small  peaks  to  the  GaN  and  AIGaN  barrier  layers.  From  these  spectra,  it  is  clear 
that  the  increase  in  the  indium  concentration  leads  to  the  broadening  of  the  luminescence  peak. 
However,  these  emission  lines  are  significantly  narrower  than  the  corresponding  luminescence 
spectra  emitted  by  bulk  InGaN  films  [4]. 


Fig.  2:  RT  luminescence  spectra  from  the  InGaN/AlGaN  MQW  structures  shown  in  Fig  1 
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Photoluminescence  microscopy  studies  were  conducted  on  the  MQW  structure  by 
focusing  the  335  nm  line  of  an  Ar^  laser  to  an  excitation  spot  of  0.6  |im  FWHM  by  a  reflecting 
objective.  The  spot  size  was  measured  with  a  scanning  knife  edge  in  the  focal  plane.  The  same 
objective  collected  the  luminescence  which  was  then  dispersed  through  a  0.64  m  spectrometer 
with  a  300  iine/mm  grating  onto  a  liquid  nitrogen  cooled  CCD  camera.  The  system  provided  0.6 
pm  spatial  resolution  and  0.6  nm  spectral  resolution.  The  sample  was  scribed  to  expose  a  facet 
perpendicular  to  the  growth  direction.  The  InGaN  heterostructure  facet  was  scanned  under  the 
excitation  optics  using  a  piezo  actuated  stage  under  computer  control.  The  spectral  dependence  ^ 
of  the  luminescence  was  independent  of  the  pump  beam  power  densities  ranging  from  20  W/cm 
to  1600  W/cm^. 


Fig.  3:  Photoluminescence  spectra  of  the  Ino  09GaogiN/GaN  MQW  structure  as  a  function  of 
position  along  the  layer  structure.  The  numbers  in  the  inset  correspond  to  the  position  where  the 
respective  spectra  were  collected. 

A  series  of  spectra  taken  on  the  edge  facet  of  the  layer  structure  as  a  function  of  position 
along  the  growth  direction  is  displayed  in  Fig.  3.  Starting  from  the  surface  and  moving  towards 
the  substrate,  the  spectra  are  labeled  with  a  number  which  corresponds  to  the  position  indicated 
in  the  schematic  of  the  device  structure  (inset,  Fig.  3).  The  InGaN  PL  intensity  is  highest  when 
the  beam  is  centered  on  the  quantum  wells  (position  3).  The  luminescence  intensity  of  the  InGaN 
signal  is  20  times  larger  than  the  GaN  peak  intensity.  As  the  scan  tip  moves  away  from  the  wells 
and  towards  the  substrate,  the  InGaN  luminescence  signal  diminishes  significantly  (position  4) 
and  the  GaN  PL  increases  relative  to  the  InGaN  PL. 
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Fig.  4  shows  the  peak  amplitudes  of  the  InGaN  and  GaN  PL  plotted  as  a  function  of 
position  along  the  growth  direction.  The  F  WHM  of  the  spatial  dependence  of  the  InGaN  MQ  W 
PL  intensity  is  1.2  pm,  which  is  larger  than  the  laser  beam  spot  size.  The  extra  width  is  most 
likely  due  to  the  diffusion  of  photoexcited  carriers  from  the  GaN  barriers  and  film  into  the  MQ  W 
region. 


Fig.  4:  Peak  photoluminescence  of  InGaN  and  GaN  as  a  function  of position  across  the  layer 
structure 

The  measured  peak  luminescence  from  the  InGaN  MQWs  is  15  times  stronger  at  peak 
than  that  from  the  2  pm  thick  GaN  beneath.  Assuming  that  all  the  electron-hole  pairs  generated 
in  the  barriers  diffuse  to  the  QWs,  and  accounting  for  the  difference  in  areas  as  well  as  relative 
collection  and  detection  efficiency,  we  estimate  that  the  InGaN  MQWs  are  approximately  60-70 
times  more  efficient  for  radiative  recombination  than  the  GaN  film. 

CONCLUSIONS 

In  conclusion,  fabrication  of  multi-quantum  wells  of  InGaN/GaN  and  InGaN/AlGaN  has 
been  accomplished  by  ECR-assisted  MBE.  Both  wells  and  barriers  were  grown  at  the  same 
substrate  temperature  (660-670  °C).  The  interfaces  between  the  wells  and  barriers  were  found  to 
be  abrupt  by  TEM  studies  and  the  measured  thicknesses  matched  well  with  those  computed  from 
beam  flux  measurements.  Strong  RT  PL  emission  was  observed  with  much  narrower  emission 
than  that  observed  in  bulk  InGaN  layers.  Photoluminescence  microscopy  of  the  InGaN  MQWs 
reveals  that  the  recombination  efficiency  in  InGaN  layers  is  60-70  times  higher  than  in  bulk  GaN 
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films.  These  studies  clearly  indicate  the  superiority  of  InGaN  multi-quantum  well  active  layers 
for  the  fabrication  of  high  efficiency  and  power  GaN  based  visible  light  emitting  devices. 
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GROWTH 
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Abstract 

AIN  films  were  grown  on  Si  (111)  substrates  using  a  PSMBE  deposition  system.  Two 
types  of  growth  methods  were  used:  (i)  a  continuous  growth  at  one  temperature  and  (ii)  a  two 
stage  growth  where  a  buffer  layer  at  low  temperature  is  followed  by  deposition  at  higher 
temperature.  The  structure  and  morphology  of  ^e  films  grown  at  different  temperatures  are 
compared.  The  evolution  of  surface  structure  and  morphology  of  the  film  during  the  growth  were 
studied  using  in-situ  RHEED,  X-ray  diffraction,  and  AFM. 

Introduction 

AIN  is  an  important  wide  band  gap  material  with  many  potential  applications.  Its  fast 
Rayleigh  velocity  and  high  chemical  and  thermal  stability  make  it  an  ideal  material  for  acoustic 
wave  sensor  application.  Furthermore,  it  can  alloy  with  GaN  and  InN  to  form  photonic  devices 
with  band  gap  ranging  from  1 .9  eV  to  6.2  eV.  Thus  it  is  a  promising  system  for  semiconductor 
optoelectronic  application. 

High  quality  AIN  thin  films  are  hard  to  grow  especially  on  Si  substrates  because  of  lattice 
mismatch  and  many  other  factors  [1-8].  In  this  study  we  intend  to  gain  some  insights  on  the 
growth  mechanism  of  AIN  film  as  well  as  insights  on  what  parameters  are  better  to  grow  AIN  thin 
films  on  Si  substrates.  We  use  Reflective  High  Energy  Electron  Diffraction  (RHEED)  to  monitor 
the  surface  structure  and  morphology  evolution  of  AIN  thin  films  during  growth  and  correlate  the 
RHEED  results  with  X-ray  diffraction  and  AFM  results.  Two  methods  are  used  to  grow  AIN  thin 
films  on  Si  substrates  in  a  PSMBE  system,  namely  two  stage  growth  and  single  stage  growth. 
Unlike  single  stage  growth,  in  two  stage  growth,  a  200  A  buffer  layer  is  grown  first  at  low 
temperature  (400  ”C)  followed  by  growth  at  higher  temperature. 

We  show  that  high  quality  AIN  films  can  be  obtained  with  relative  low  growth  temperature 
by  controlling  the  energy  of  the  ion  flux  to  the  substrate  at  a  suitable  level.  Also,  the  RHEED 
images  obtained  at  various  stages  during  the  film  growth  show  the  evolution  of  the  structure  and 
morphology  of  the  films.  RHEED  results  suggest  that  under  various  growth  temperatures,  high 
quality  ultra  thin  films  (less  than  200  A)  probably  formed  on  the  substrates  in  the  beginning  of  the 
growth.  As  the  films  become  thicker  and  strains  build  up,  the  films  crack  and  separate  to  many 
parts  randomly  oriented  on  the  x-y  plane  (plane  of  substrate  surface).  The  cracked  films  serve  as 
templates  for  continued  growth.  The  structure  and  morphology  of  the  final  films  are  highly 
depended  on  the  growth  temperature.  The  AFM  and  x-ray  diffraction  results  also  support  our 
interpretation  of  the  RHEED  results. 

Experimental  Methods 

A  schematic  diagram  of  the  PSMBE  deposition  system  is  shown  in  Fig.  1 .  The  PSMBE 
(Plasma  Source  Molecular  Beam  Epitaxy)  system  consists  of  an  ion  pump  and  a  throttled  CTI 
cryopump.  It  maintains  a  base  pressure  typically  around  1  x  10’’  torr.  The  system  has  a  unique 
magnetically  enhanced  hollow  cathode  plasma  deposition  source  lined  with  an  Al  cylindrical  target. 
During  growth,  an  argon/nitrogen  plasma  is  formed  within  the  hollow  cathode.  A  low  energy  flux 
of  Al  atoms/ions  streams  out  of  the  source  to  the  Si  substrate  together  with  nitrogen 
atoms/ions.The  energy  of  the  flux  to  the  Si  substrate  is  controlled  by  the  DC  voltage  bias  applied  to 
the  Si  substrate.  The  Si  substrate  is  rotated  and  is  heated  to  the  desired  temperature,  and  the 
temperature  is  monitored  by  a  IR  pyrometer.  The  system  also  includes  a  RGA  (Residual  Gas 
Analyzer),  an  ellipsometry  and  a  REEED  system  which  are  used  to  monitor  the  evolution  of  the 
surface  structure  and  the  morphology  during  film  growth.  The  Si  substrates  were  cleaned  in  an 
ultrasonic  bath  of  acetone  followed  by  methanol.  They  were  then  dipped  in  10%  (by  volume) 
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Fig.  1  A  schematic  diagram  of  the  PSMBE  deposition  system. 

hydrofluoric  acid  for  30  seconds  to  remove  the  oxides  on  the  Si  surface.  The  loaded  samples  were 
hydrogen  terminated.  Listed  below  is  the  growth  parameters  we  used. 


Sample 

Substrate  Temp. 

DC  bias 

Dynamic 

#1 

400  "C 

-15  V 

1  m  torr 

#2 

600  "C  (with  200  A  buffer) 

-15  V 

1  m  torr 

#3 

800  "C  (with  200  A  buffer) 

-15  V 

1  m  torr 

#4 

800  °C 

-15  V 

1  m  torr 

Results  and  discussions 

Fig.  2  is  a  set  of  four  RHEED  images  showing  the  surface  structure  evolution  of  the 
growth  at  400  °C.  The  RHEED  image  of  the  Si  substrate  shows  sharp  streaks  indicating  a  clean 
and  smooth  Si  substrate.  After  deposition  of  a  buffer  layer  (200  A  grown  at  400  "C),  the  RHEED 
image  shows  diffusive  spotty  pattern.  This  suggests  a  relatively  rough  surface  (diffusive  image) 
and  the  existence  of  ordered  crystal  structures  (RHEED  spots  displayed).  The  X-ray  diffraction 
result  on  the  buffer  layer  (see  Fig.  5)  further  confirm  the  formation  of  a  textured  crystal  stmcture 
(AIN  (0002)  peak  observed) .  The  growth  of  a  crystal  structure  at  such  low  temperature  is  likely  a 
result  of  the  controlled  energy  of  the  ion  flux  to  the  substrate.  As  the  growth  continues,  the  spots  m 
the  RHEED  images  become  sharper  (see  the  other  two  images  in  Fig.  2),  but  the  patterns  remain 
the  same.  This  suggests  that  the  buffer  layer  served  as  a  template  for  the  continued  growth,  and  the 
final  film  has  a  similar  structure  to  that  of  the  buffer.  The  x-ray  diffraction  of  the  final  film  grown 
at  400  “C  (see  Fig.  6)  displays  a  stronger  A1N(0002)  peak  which  is  consistent  with  RHEED 
observations.  The  two  stage  growth  at  400  T  and  600  °C  shows  similar  results,  except  that  the 
RHEED  images  of  the  continued  films  are  much  sharper  than  that  of  the  growth  at  400  "C.  ms 
suggests  that  a  smoother  final  surface  is  formed  as  a  result  of  higher  growth  temperature.  The 
results  of  continued  growth  at  600  °C  shows  that  a  certain  level  of  the  thermal  motion  on  the 
growing  surface  is  helpful  in  forming  a  smooth  surface.  Fig.  4  shows  another  set  of  RHEED 
images  of  a  two  stages  growth  at  400  "C  and  800  "C.  We  can  see  that  the  RHEED  pattern  of 
buffer  layer  is  not  followed  by  a  continued  growth  in  this  case.  The  RHEED  image  of  the  final  film 
shows  diffusive  spotty  and  ring  patterns,  indicating  the  existence  of  a  polycrystalline  structure  and 
a  relatively  rough  surface  as  well.  Previous  experiments  have  also  shown  that  high  growth 
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Fig.  5  X-ray  diffraction  of  a  200  A  thick 
buffer  layer  grown  at  400°  C. 


Fig.  6  X-ray  diffraction  of  the  final  film 
grown  at  400°  C. 


temperature  tends  to  induce  three  dimension  growth  and  therefore  a  more  rough  surface  [9].  The 
AFM  results  in  Fig.  9  also  clearly  indicates  that  the  continued  growth  at  600  °C  produce  a 
smoother  surface.  Comparing  the  AFM  image  of  the  buffer  layer  and  the  AFM  image  of  the 
continued  growth  at  600  °C,  we  see  that  the  surface  become  much  smoother  as  the  growth 
continues. 

The  X-ray  diffraction  results  shown  in  Fig.  5  -  Fig.  8  show  that  only  one  A1N(0002)  peak 
is  observed  on  the  final  grown  films.  This  suggest  that  these  films  have  a  highly  preferred 
orientation  along  the  Z  direction  (peipendicular  to  the  surface).  The  RHEED  results,  on  the  other 
hand  suggest  that  the  films  are  probably  fragmented  into  many  parts  which  were  randomly  oriented 
in  the  X-Y  plane  (surface  plane).  Fig.  10  shows  a  set  of  RHEED  images  of  two  stages  growth  at 
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Fig.  9  AFM  images  show  the  surface  morphology  of  the  buffer  layer  and  the  final  films  grown  on  it. 


Fig.  10  RHEED  images  taken  in  different  directions 
shows  the  random  orientation  of  the  crystals  on  the 
surface.  The  growth  is  the  two  stage  growth  at 
400  "C  and  600  "C. 


Fig.  1 1  RHEED  patterns  show  the  surface  structure 
evolutionof  the  growth  at  800  "C.  Note  that  two 
RHEED  images  of  the  initial  layer  taken  in  different 
directions  are  shown. 


194 


400  “C  and  600  ®C  taken  at  two  randomly  picked  directions.  The  images  show  that  the  RHEED 
patterns  remain  the  same  as  the  direction  of  observation  changes,  indicating  there’s  no  preferred 
orientation  of  the  film  on  the  surface.  We  suspect  that  at  the  initial  stage  of  each  of  the  films 
discussed  above,  a  highly  ordered  epitaxial  layer  (oriented  both  in  Z-direction  and  the  X-Y  plane) 
is  probably  formed  in  the  very  beginning.  As  the  growth  continues  and  strain  builds  up,  this  layer 
breaks  into  many  fragments.  These  fragments  are  randomly  oriented  and  is  the  cause  of  the 
RHEED  images  in  Fig.  IG. 

Fig.  1 1  is  a  set  of  RHEED  images  showing  the  surface  structure  evolution  of  growth  at 
800  °C  .  The  RHEED  streaks  of  the  initial  growth  at  800  °C  clearly  indicate  an  epitaxial  growth 
with  a  smooth  surface.  Although  this  initial  layer  is  only  200  A  thick,  X-ray  diffraction  shows  a 
relatively  strong  AIN  (0002)  peak  (see  Fig.  12).  The  AFM  image  also  shows  a  smooth  surface  (see 
Fig.  14).  Two  RHEED  images  of  this  initial  layer  taken  in  two  different  directions  are  presented 
here.  We  see  that  the  film  is  oriented  at  certain  directions  both  in  the  Z  direction  (shown  by  X-ray) 
and  in  the  X-Y  plane  (see  RHEED  images  of  different  directions).  This  evidence  suggests  that  the 
initial  layer  is  a  high  quality  AIN  thin  film  and  an  ideal  template  for  further  growth.  But  this 
template  was  not  followed,  the  RHEED  image  of  the  final  film  shows  a  ring  pattern,  indicating  a 
polycrystalline  surface  structure.  Also  a  weak  AIN  (0002)  peak  in  the  x-ray  diffraction  of  the  final 
film  confirms  no  continuation  of  epitaxial  growth.  Again,  our  interpretation  of  this  dramatic 
change  in  structure  is  that  the  initial  layer  is  highly  strained  due  to  lattice  mismatch,  as  the  film 
grows,  the  strain  builds  up  and  start  to  crack  thus  destroy  the  fine  template.  The  high  temperature 


Fig.  12  X-ray  diffraction  of  the  initial  layer  Fig.  13  X-ray  diffraction  of  the  final  film 
grown  at  800°  C.  grown  at  800°  C. 


Fig.  14  AFM  images  show  the  surface  morphology  of  the  film  grown  at  800  "C. 
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growth  (  at  800  “C  in  this  case)  eventually  lead  to  a  polycrystalline  structure.  The  AFM  images  in 
Fig.  14  also  shows  that  the  three  dimensional  growth  at  800  °C  leads  to  a  much  rougher  surface 
compare  to  that  of  the  initial  layer. 

Conclusions 

We  show  that  high  quality  AIN  films  can  be  obtained  at  relatively  low  temperatures  as  a 
result  of  controlled  energy  ion  flux  to  the  Si  substrates.  Two  stage  growth,  growth  at  400  °C  and 
600  °C  gives  the  best  quality  AIN  film.  Also  Growth  at  800  “C  shows  that  a  high  quality  ultra  thin 
(200  A)  epitaxial  AIN  was  formed  on  the  Si  (1 1 1)  substrate.  This  layer  is  probably  highly  strained. 
The  in-situ  RHEED  study  along  with  x-ray  diffraction  and  AFM  show  that  a  typical  growth 
sequence  is  probably  as  followed:  i)  Formation  of  a  thin  epitaxial  initial  layer,  ii)  at  a  certain  film 
thickness,  strains  probably  causes  the  film  to  break  up  to  many  fragments,  and  these  fragments 
were  randomly  oriented,  and  iii)  film  continues  to  grow  use  the  fragmented  initial  layer  as  a 
template.  We  also  conclude  that  thermal  motion  help  smoothing  the  surface.  However  high  growth 
temperature  (such  as  800  °C)  tend  to  induce  a  three  dimensional  growth  and  a  polycrystallme 
stmeture. 
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ABSTRACT 

Nucleation  and  growth  of  GaN  under  Ga-rich  conditions  by  molecular  beam  epitaxy 
using  a  nitrogen  rf  plasma  source  is  shown  to  result  in  both  a  smoother  GaN  surface  and  a 
reduced  inversion  domain  content.  In  addition,  preliminary  results  of  the  dramatic  effect  of 
atomic  hydrogen  on  growth  kinetics  for  Ga-rich  growth  are  presented. 

INTRODUCTION 

GaN  typically  nucleates  and  grows  on  sapphire  by  island  formation.  The  use  of  low 
temperature  buffer  layers  (450  -  600  ®C)  of  AIN  [1]  or  GaN  [2,3]  results  in  a  dramatic 
improvement  in  layer  morphology  and  electrical  properties.  Annealing  prior  to  high  temperature 
growth  causes  coalescence  of  the  nucleation  islands,  resulting  in  low  angle  grain  boundaries 
which  create  the  observed  dislocation  arrays  [4,5].  It  appears  that  this  subgrain  structure  is 
stable  during  growth  under  most  conditions.  Thus,  subsequent  crystal  quality  is  strongly 
dependent  on  the  nucleation  layer.  The  predominant  growth  mode  is  a  further  factor  in 
dislocation  reduction  with  increasing  layer  thickness.  Two  dimensional  growth  results  in  the 
highest  degree  of  structural  perfection  in  epitaxial  layer  growth.  Typical  molecular  beam  epitaxy 
(MBE)  and  metal-organic  chemical  vapor  deposition  (MOCVD)  growth  conditions  appear  to 
promote  three  dimensional  growth  of  GaN.  [6,7]  This  may  lead  to  individual  growth  of  the  low 
angle  grains,  preventing  dislocation  recombination  and  annihilation.  A  recent  study  has  reported 
MOCVD  growth  conditions  resulting  in  two-dimensional  step-flow  growth  [8],  with  a 
concomitant  reduction  in  dislocation  density  to  about  2x10^  cm'^.  It  is  desirable  to  achieve 
conditions  for  MBE  growth  to  allow  such  a  growth  mode  to  occur. 

One  of  the  obvious  differences  between  MOCVD  and  MBE  growth  of  GaN  is  the 
presence  of  hydrogen,  primarily  as  a  component  of  the  molecule  supplying  the  nitrogen.  Most 
studies  have  either  ignored  the  effect  of  hydrogen,  or  have  only  considered  its  effects  in 
compensating  p-type  dopants  such  as  Mg.  For  example,  the  use  of  ammonia  in  MBE  growth  is 
primarily  to  obtain  a  larger  flux  of  active  nitrogen  through  catalytic  decomposition  on  the  GaN 
surface,  again  with  the  hydrogen  considered  only  as  a  reaction  by-product.  In  this  paper,  we 
present  evidence  that:  nucleation  under  Ga-rich  conditions  results  in  reduced  dislocation  and 
inversion  domain  content;  continued  growth  under  Ga-rich  conditions  promotes  a  smoother, 
two-dimensional  growth  front;  aind  hydrogen  can  have  a  significant  effect  on  the  grovrth  kinetics 
of  GaN  when  the  growth  is  limited  by  the  amount  of  active  nitrogen  present. 

EXPERIMENT 

The  GaN  layers  for  this  study  were  grown  at  West  Virginia  University  by  MBE  in  a 
system  described  elsewhere.  [9]  A  standard  MBE  source  provided  the  Ga  flux.  A  cryogenically- 
cooled  rf  plasma  source  (Oxford  Applied  Research  CARS-25)  operating  at  600W  was  used  to 
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produce  active  nitrogen  flux.  Atomic  hydrogen  was  produced  using  a  commercial  thermal 
cracker  (EPI-AHS).  Our  source-to-substrate  distance  was  large,  about  14  inches,  leading  to  a 
lower  total  active-nitrogen  flux  than  typically  obtained  from  an  rf  plasma  source.  When  scaled 
by  the  differences  in  source-to-substrate  distance  (1/r^),  the  active  nitrogen  flux  was  comparable 
to  that  reported  by  others.  The  layers  were  characterized  by  Hall  measurements, 
photoluminescence,  x-ray  diffraction,  and  atomic  force  microscopy  (AFM)  (Digital  Instruments 
Nanoscope  II).  High  resolution  transmission  electron  microscopy  was  performed  at  Xerox  Palo 
Alto  Research  Center  using  techniques  detailed  elsewhere  [10] 

RESULTS 

All  samples  were  grown  on  c-plane  sapphire  substrates  (Union  Carbide  Crystal 
Products).  Prior  to  growth,  the  substrates  were  degreased  and  etched  in  a  phosphoric/sulfiiric 
(1:3)  acid  mixture  heated  to  SO^C.  Based  on  our  earlier  study,[l  1]  buffer  layers  were  grown  by 
heating  the  substrate  to  730  ^C  under  an  atomic  hydrogen  flux  for  20  minutes  and  then  cooling 
to  630  OC  for  the  growth  of  a  200  A  thick  GaN  buffer  layer  under  a  Ga  flux  of  5.0  x  10'’  Torr 
(BEP)  with  a  6  SCCM  nitrogen  flow  at  600  W.  This  procedure  results  in  nucleation  island  sizes 
around  0.3  to  0.5  pm,  giving  dislocations  due  to  domain-wall  coalescence  of  order  10  cm  . . 
Buffer  layer  growth  was  initiated  by  simultaneous  exposure  to  the  Ga  and  N  flux.  The  20  nm 
nucleation  layer  was  then  annealed 
at  730  OC  for  20  minutes  under 
active  nitrogen  flux,  cooled  (or 
heated)  to  the  growth  temperature, 
and  growth  was  resumed.  Our 
conditions  represented  highly  Ga- 
rich  growth  for  the  buffer  layer. 

However,  after  the  730  ®C  anneal, 
examination  of  buffer  layers  by 
AFM  indicated  continuous  films 
with  no  evidence  of  Ga 
condensation. 

GaN  layers  were  grown  on 
the  annealed  buffer  layers.  In  Fig. 

1 ,  the  growth  rate  is  plotted  as  a 
function  of  Ga  beam  equivalent 
pressure.  For  an  active  nitrogen 
flux  in  excess  or  equal  to  the  Ga 
flux  (nitrogen  sufficient),  one  would 
expect  a  linear  increase  in  growth 
rate  with  increasing  Ga  flux.  This  is  Figure  1 .  Growth  rate  v.  Ga-flux. 

represented  by  the  solid  line  in  the 

figure.  When  the  surface  ratio  of  Ga  to  active  nitrogen  is  increased  beyond  unity,  then  either  Ga 
condensation  will  occur  if  the  desorption  rate  for  excess  Ga  is  low  or  the  growth  rate  will 
become  fairly  constant  with  increasing  Ga  flux  if  the  excess  Ga  desorption  rate  is  large  enough 
to  prevent  condensation.  The  surface  morphology  was  distinctly  different  for  layers  grown 
under  Ga-rich  conditions  as  compared  to  layers  grown  closer  to  equal  Ga  and  active  nitrogen 
flux.  Nitrogen  sufficient  conditions  gave  a  highly  textured,  three-dimensional  surface,  as  shown 
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(a)  (b) 

Figure  2.  AFM  micrographs  of  GaN  grown  under  (a)  nitrogen-sufficient  and  (b)  Ga-rich 
conditions.  The  areas  represented  are  2  by  2  The  height  scales  are  135  nm  in  (a)  and  50 

nm  in  (b). 

by  the  micrograph  in  Fig.  2(a).  Such  morphology  is  similar  to  that  reported  earlier  [6]  for  the 
growth  of  GaN  by  MBE  using  an  identical  rf  nitrogen  source.  Ga-rich  growth  close  to,  but 
below  the  Ga  condensation  point  resulted  in  much  smoother  surfaces  indicative  of  two- 
dimensional  growth  with  an  rms.  surface  roughness  of  1 .5  nm  over  a  15  pm  span.  The 
smoother  texture  can  be  seen  in  the  AFM  micrograph  in  Fig.  2(b)  for  a  250  nm  thick  layer.  Sub¬ 
nanometer  tall  terraces  representing  atomic  steps  were  present  on  the  top  of  the  "flat"  regions  of 
the  sample. 

This  change  in  surface  morphology  is  very  similar  to  that  reported  earlier  [12]  for  growth 
of  GaN  using  an  electron  cyclotron  resonance  microwave  (ECR)  plasma  source.  In  the  ECR 
study,  the  amount  of  active  nitrogen  was  changed  by  controlling  the  plasma  density.  Lower 
power  led  to  smooth  surfaces,  while  high  powers  resulted  in  textured  surfaces.  It  is  known  that, 
in  addition  to  increasing  the  active  nitrogen  flux,  high  power  operation  of  an  ECR  source  can 
lead  to  a  significant  amount  of  high  energy  ions  in  the  nitrogen  flux  which  could  influence  the 
growth  morphology.  In  our  study,  the  nitrogen  source  parameters  were  unchanged  for  the 
samples  shown  in  Fig.  2  while  the  Ga  flux  was  altered.  Thus,  the  agreement  between  the  two 
studies  suggests  that  the  change  from  smooth  to  textured  growth  is  a  universal  phenomenon 
related  to  the  ratio  of  active  nitrogen  to  gallium  at  the  growth  front. 

The  sample  whose  AFM  micrograph  is  shown  in  Fig.  2(b)  was  also  measured  by  high 
resolution  TEM.  As  shown  in  Fig.  3,  the  microstructure  is  characterized  by  a  high  density  of 
threading  dislocations  at  the  GaN-sapphire  interface.  These  quickly  annihilate  resulting  in  a  line 
defect  density  in  the  low  10^  cm'^  after  groVvth  of  only  about  250  nm  of  GaN.  By  comparison, 
samples  grown  under  nitrogen-sufficient  conditions  had  line  defect  densities  in  the  mid- 10^® 
cm  .  This  decrease  can  be  attributed  to  the  layer-by-layer  growth  mode  indicated  by  the  smooth 
surface  morphology  measured  by  AFM.  Thicker  layers  should  result  in  commensurably  fewer 
dislocations.  Perhaps  of  more  significance,  the  sample  exhibited  a  low  concentration  of 
inversion  domain  boundaries,  where  the  GaN  crystal  structure  is  inverted  along  the  c-axis  due  to 
nucleation  of  the  opposite  phase  at  the  substrate.  As  reported  previously,  inversion  domain 
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Figure  3.  Dark  Field  TEM  image  taken  with  g  =  (0002)  near  the  [11-20]  zone  axis  of  GaN. 
ID  indicates  the  inversion  domain  in  this  micrograph.  The  remaining  defects  are  nonedge- 


type  dislocations. 

boundaries  are  a  significant  source  of  defects  in  GaN  grown  by  any  technique.  [10]  Our  direct 
nucleation  of  GaN  on  sapphire  under  Ga-rich  conditions  appears  to  suppress  the  formation  of 
such  inversion  domains,  resulting  in  significantly  less  than  10  %  by  volume.  This  is  comparable 
to  most  MOCVD  layers.  In  contrast,  ECR-MBE  layers  grown  on  nitrided  sapphire  contain  about 

an  equal  number  of  both  orientations  .[10]  ,  •  r  j 

Increasing  the  growth  temperature  should  also  increase  the  surface  mobility  of  adatoms 
and  promote  better  layer-by-layer  growth,  which  may  increase  the  rate  of  dislocation  clean-up. 

'  Unfortunately,  we  [9]  and  others  [1 3]  have  observed  that  the  GaN  growth  rate  decreases 
significantly  at  temperatures  above  about  730  OC.  Further  increase  in  temperature  apparently 
either  reduces  the  residence  time  of  unreacted  N  on  the  surface  or  increases  the  Ga  desorption 
rate,  thereby  reducing  the  growth  rate.  Prior  studies  of  Ga  desorption  for  GaN  growth  using 
ammonia  [14]  indicate  that  the  Ga  desorption  rate  increases  rapidly  above  730  ^C.  Thus,  while 
this  temperature  can  be  increased  somewhat  by  increasing  the  amount  of  active  nitrogen,  the 
regime  between  750  and  800  may  represent  a  practical  limit  to  the  growth  temperature 

feasible  by  MBE  using  nitrogen  plasma  sources. 

Introduction  of  atomic  hydrogen  resulted  in  a  dramatic  increase  in  the  growth  rate  ot  the 
GaN  under  Ga-rich  conditions,  as  also  summarized  in  Fig.  1 .  The  samples  whose  growth  rates 
are  indicated  by  the  open  symbols  in  Fig.  1  were  grown  under  a  total  (atomic  and  molecular) 
hydrogen  flux  of  1  to  2  x  10-6  porr  BEP.  The  other  growth  parameters  remained  the  same  as  for 
the  corresponding  filled-symbol  case.  Note  that  the  growth  rate  was  essentially  brought  up  to 
the  Ga-limit  for  each  case  of  Ga-rich  growth.  In  contrast,  samples  grown  under  nitrogen- 
sufficient  conditions  did  not  exhibit  an  enhanced  growth  rate.  To  see  if  the  increased  growth  rate 
originated  with  molecular  hydrogen,  samples  were  grown  under  hydrogen  flux  with  the  cracker 
turned  off  The  resulting  samples  exhibited  identical  growth  rates  to  the  GaN  grown  without 
hydrogen,  indicating  that  molecular  hydrogen  is  not  significantly  affecting  the  growth  kinetics. 
Also,  to  see  if  the  atomic  hydrogen  was  possibly  forming  active  species  with  molecular  nitrogen, 
an  attempt  was  made  to  grow  under  an  atomic  hydrogen  flux  with  the  rf  power  turned  off  on  t  e 
nitrogen  source.  The  resulting  GaN  growth  rate,  if  non-zero,  was  too  small  to  be  detected. 
Ammonia  was  not  detected  in  an  analysis  of  the  background  gases  present  during  groMh.  This 
indicates  that  the  enhanced  growth  rate  is  not  due  to  the  presence  of  ammonia  formed  due  to  gas- 
phase  reactions. 
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The  increase  in  growth  rate  for  Ga-rich  conditions  is  apparently  related  to  the  presence  of 
atomic  hydrogen  at  the  surface  of  the  growing  layer.  We  propose  that  the  atomic  hydrogen 
becomes  loosely  bonded  to  the  growing  GaN  surface.  Nitrogen  atoms  adsorbed  on  the  surface 
are  then  attracced  by  this  hydrogen  layer,  resulting  in  an  increased  nitrogen  residence  time.  The 
longer  residence  time  increases  the  probability  that  a  Ga  atom  will  diffuse  to  within  an 
interaction  distance  of  the  nitrogen,  and  thus  enhance  the  growth  rate  of  GaN.  Thus,  the  atomic 
hydrogen  could  be  increasing  the  effective  active  nitrogen  concentration.  In  addition,  the  surface 
morphology  for  samples  grovm  under  atomic  hydrogen  more  nearly  resembled  that  shown  as 
Fig.  2(a).  This,  along  with  the  increased  growth  rate,  is  consistent  with  shifting  the  growth 
kinetics  towards  a  more  nitrogen-sufficient  case.  Of  practical  importance,  this  shifting  of  the 
growth  kinetics  may  allow  much  higher  growth  temperatures  for  MBE  of  GaN.  We  are 
continuing  to  investigate  this  phenomenon. 

PL  measurements  were  made  at  liquid  helium  temperatures  on  the  samples.  All  samples 
grown  at  or  below  660  exhibited  significant  luminescence  centered  at  about  560  nm  (2.2  eV). 
While  the  origin  of  this  broad  yellow  luminescence  band  is  still  controversial,  it  is  commonly 
attributed  to  deep  states  in  the  bandgap  involving  impurities  or  native  defects.  As  reported 
earlier,  [9]  layers  grown  at  730  did  not  exhibit  detectable  yellow  luminescence.  We  take  this 
as  direct  evidence  that  the  higher  growth  temperatures  are  necessary  to  produce  high  quality 
material.  The  PL  obtained  from  a  GaN  layer  grown  at  660^C  under  an  atomic  hydrogen  flux  is 
shown  in  Fig.  4.  There  is  a  single  bound-exciton  peak  at  about  3,48  eV  and  a  small  amount  of 
yellow  luminescence.  As  with  the  undoped  layers,  raising  the  growth  temperature  above  730 
eliminated  the  yellow  PL  for  samples  grown  under  hydrogen,  [9]  indicating  that  growth  under 
hydrogen  does  not  degrade  layer  quality. 

The  best  GaN  samples  grown  without  atomic  hydrogen  were  grown  under  Ga-rich 
conditions  at  730  and  exhibited  x-ray  diffraction  rocking  curve  full  widths  at  half  maximum 
(FWHM)  between  2  and  3  arc 
minutes  for  samples  with  thickness 
about  1  pm.  Hall  measurements 
indicated  n-type  carrier 
concentrations  as  low  as  1  x  10^^ 
cm"^  with  room  temperature 
mobilities  of  120  cm^W-s.  The  x- 
ray  FWHM  and  Hall  measurements 
of  samples  grown  with  atomic 
hydrogen  were  indistinguishable 
from  those  grown  without  atomic 
hydrogen.  Although  previously 
reported  that  hydrogen  may 
introduce  donor  levels  in  GaN, [15] 
we  have  no  direct  evidence  that  this 
is  the  case  here.  As  shown  in  Fig.  4 
and  in  previously  published  spectra 
from  samples  grovm  at  higher 
temperatures,  we  did  not  observe  the 
3.35  eV  PL  feature  which  has  been  Figure  4.  Photoluminescence  of  GaN  grovm  at  660  °C 
associated  with  the  hydrogen-related  under  an  atomic  hydrogen  flux. 

donor.[15]  In  addition,  we  did  not 
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see  any  significant  difference  in  background  doping  between  layers  grown  with  and  without 
hydrogen. 

CONCLUSIONS 

In  conclusion,  we  have  demonstrated  that  the  presence  of  atomic  hydrogen  can  have  a 
significant  effect  on  the  growth  rate  of  GaN  under  Ga-rich  conditions,  resulting  in  an  increase  in 
growth  rate  limited  by  the  total  Ga  flux.  PL  and  Hall  measurements  indicate  that  layer  quality  is 
not  degraded  by  growth  under  atomic  hydrogen.  The  increased  growth  rate  and  change  to  a 
textured  surface  morphology  are  suggestive  that  the  atomic  hydrogen  increases  the  effective 
surface  concentration  of  nitrogen.  In  addition  to  the  hydrogen-related  growth  rate  enhancement, 
we  have  presented  evidence  that  Ga-rich  nucleation  and  growth  results  in  a  significant  reduction 
of  inversion  domain  boundaries,  promotes  dislocation  reduction  and  promotes  a  smoother 
growth  surface. 
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ABSTRACT 

We  report  a  study  of  N  incorporation  in  GaAs  and  InP  by  gas-source  molecular  beam  epitaxy 
using  a  N  radical  beam  source.  For  GaNAs  grown  at  high  temperatures,  phase  separation  was 
observed,  as  evidenced  from  the  formation  of  cubic  GaN  aside  from  GaNAs.  By  lowering  the 
growth  temperature,  however,  GaNAs  alloys  with  N  as  high  as  14.8%  have  been  obtained 
without  showing  any  phase  separation.  For  InNP,  no  phase  separation  was  observed  in  the 
temperature  range  studied  (310  ~  420  °C).  Contrary  to  GaNAs,  incorporating  N  in  InP  is  very 
difficult,  with  only  less  than  1%  N  being  achieved.  Optical  absorption  measurement  reveals 
strong  red  shift  of  bandgap  energy  with  direct-bandgap  absorption.  However,  no  semimetallic 
region  seems  to  exist  for  GaNAs  and  a  composition-dependent  bowing  parameter  has  been 
observed. 


INTRODUCTION 

Recently  much  attention  has  been  paid  to  the  study  of  a  new  material  family,  i.e.,  mixed 
group-V  nitrides  [1-11].  The  main  driving  force  for  this  is  to  investigate  whether  one  can 
obtain  direct-bandgap  materials  lattice-matched  to  Si  for  the  purpose  of  integrating  optical 
devices  with  the  well  established  Si  electronics.  As  the  lattice  constant  of  Si  lies  between 
those  of  nitrides  and  arsenides  or  phosphides,  in  principle  it  is  possible  to  combine  these 
nitrides  with  arsenides  or  phosphides  to  form  materials  lattice-matched  to  Si.  For  example, 
both  GaN,jAs„,  and  InN,„,P,5,  can  be  lattice-matched  to  Si.  Nevertheless,  due  to  the  large 
miscibility  gap  [11,12],  these  materials  tend  to  phase-separate  when  the  N  composition  is 
appreciable  [13],  In  addition,  recent  calculations  [14]  based  on  thermal  equilibrium  conditions 
show  that  the  N  solubility  limit  in  IH-Vs  is  very  small  (10'^~10^®  cm'^  at  900  K).  Experimental 
studies  on  GaNAs  so  far  also  indicate  that-,  only  a  small  amount  of  N  can  be  incorporated  in 
GaAs.  Weyers  et  al.  [2,3]  obtained  1.6%  N  in  GaN^Asj.^  using  plasma-assisted  metalorganic 
chemical  vapor  deposition  (MOCVD)  and  NH3  cracked  in  a  microwave  plasma  as  the  N 
source.  While  Orton  et  al.  [13]  reported  20%  N  incorporation  in  GaAs  grown  by  MBE  using 
dissociated  N2  as  the  N  source,  the  material  is  not  an  alloy  but  phase-separated.  Theoretical 
calculations  by  Sakai  et  al.  [15],  based  on  the  Van  Vechten  model  [16,17],  predict  a  negative 
bandgap  region  for  GaNAs.  Recent  first-principle  supercell  calculations  by  Wei.  et  al.  [18]  and 
Bellaiche  et  al.  [19]  show  the  contrary,  i.e.,  the  alloy  is  a  semiconductor,  rather  than  a 
semimetal,  in  the  whole  composition  range.  It  is  our  purpose  in  this  work  to  investigate  N 
incorporation  in  GaAs  and  InP,  and  the  variation  of  the  bandgap  energy  of  these  alloys. 
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EXPERIMENTAL 


Using  a  modified  Varian  Gen-II  Molecular  beam  epitaxy  (MBE)  system  equipped  with  two 
2200  1/s  cryopumps,  the  GaNAs  samples  were  grown  either  on  undoped  (100)  GaP  substrates 
or  on  semi-insulating  (100)  GaAs  substrates  while  the  InNP  samples  were  grown  on  semi- 
insulating  (100)  InP  substrates.  Ultra-high  purity  N2  was  injected  through  a  N  radical  beam 
source  (Oxford  Applied  Research  Model  MPD21)  operated  at  radio  frequency  (rf)  of  13.56 
MHz  and  a  //power  of  300  W  to  generate  active  N  species.  7N  elemental  Ga,  In  and  thermally 
cracked  AsHs,  PH3  were  used.  The  film  thickness  was  0.5  |im.  The  growth  temperature  was 
varied  from  500  to  650  °C  for  GaNAs  and  from  310  to  420  “C  for  InNP,  respectively.  After 
thermal  cleaning  of  the  substrates  under  a  group-V  overpressure  (P2  or  AS2)  to  remove  surface 
oxide  layers,  a  0.1  |J,m-thick  buffer  layer  was  grown  first.  Then  the  substrate  temperature  was 
lowered  to  the  growth  temperature,  and  a  N  plasma  was  ignited.  The  initial  N2  flow  rate  was 
set  at  3  seem  in  order  to  strike  a  plasma,  and  the  background  pressure  was  around  5x10'  torr. 
During  growth  the  background  pressure  was  around  1.5  ~  3x10  '^  torr  depending  on  the  N2 
flow  rate  used  (0.54  ~  2.1  seem).  High-resolution  X-ray  rocking  curve  measurement  (XRC) 
was  performed  using  a  Phillips  X-ray  diffractometer.  The  N  compositions  in  GaNAs  and  InNP 
were  determined  from  (511)  asymmetric  reflections  to  take  into  account  the  strain-induced 
lattice  constant  change  of  the  GaN^Asj.x  and  InNP  films  [20].  X-ray  9-29  diffraction  pattern 
was  carried  out  using  a  Rigacu  X-ray  diffractometer.  Optical  absorption  measurements  were 
performed  using  a  broadband  halogen  lamp,  and  the  signal  was  detected  at  the  exit  of  a 
monochromator  by  either  a  Si  or  a  Ge  photodiode  depending  on  the  wavelength  studied. 


RESULTS  AND  DISCUSSION 
1 .  N  incorporation  in  GaAs  and  InP 

Because  N-containing  mixed  group-V  compounds  tend  to  phase-separate,  we  first  investigated 
this  issue  using  X-ray  9-29  diffraction  measurement.  The  results  of  two  GaNAs  samples  grown 
at  650  and  500  °C  are  shown  in  Figs.  1(a)  and  (b),  respectively.  As  can  be  seen  here,  the  X-ray 
9-29  curve  of  the  GaNAs  sample  grown  at  650  °C  shows  diffraction  peaks  due  to  GaN, 
indicating  phase-separation  of  the  film.  This  is  similar  to  what  has  been  observed  by  Orton  et 
al.[13].  On  the  other  hand,  the  sample  grown  at  500  °C  shows  no  separation,  as  evidenced  by 
the  absence  of  X-ray  diffraction  peaks  associated  with  cubic  GaAs,  cubic  GaN,  or  hexagonal 
GaN.  This  might  be  due  to  the  fact  that  although  an  extremely  large  miscibility  gap  exists  for 
GaNAs,  metastable  alloys  can  be  formed  by  using  non-equilibrium  growth  techniques  such  as 
Gas-Source  MBE.  At  low  growth  temperatures  the  thermal  energy  may  not  be  large  enough  for 
the  decomposition  of  the  alloy  while  at  high  growth  temperatures,  the  decomposition  will 
happen,  leading  to  the  phase  separation  of  GaNAs.  The  N  concentration  in  GaNAs  was  found  to 
increase  with  decreasing  growth  temperature.  In  fact,  the  sample  grown  at  500  has  a  N 
composition  of  14.8%,  as  determined  from  X-ray  (511)  rocking  curves.  This  value  is  the 
highest  reported  to  date  for  a  GaNAs  alloy.  The  single  crystallinity  of  the  film  was  also 
confirmed  by  transmission  electron  microscopy  (TEM),  where  no  phase  separation  was 
observed.  As  the  N  solubility  limit  in  GaAs  is  predicted  to  be  very  small  by  a  theory  based  on 
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Fig.  1  X-ray  Q-2B  curves  for  GaNAs  (a)  grown  at  650  °C,  showing  phase  separation,  and  (b) 
grown  at  500  °C,  showing  no  phase  separation.  The  composition  of  (b)  is  14.8%,  the  highest 
ever  achieved  so  far. 


equilibrium  conditions  and  on  an  assumption  that  the  lattice  is  relaxed  around  a  nitrogen  atom 
to  the  6th  neighbor  in  a  zincblende  nitride  structure[22,23],  while  experimentally  no  phase 
separation  was  observed  even  for  14.8%  N  incorporation  in  GaNAs,  we  believe  that  by  using 
non-equilibrium  growth  techniques,  such  as  GSMBE,  GaNAs  alloys  with  N  concentration  far 
more  than  the  thermal  equilibrium  solubility  limit  can  be  achieved. 

To  study  the  issue  of  phase-separation  in  InNP,  we  used  the  same  method.  The  result  of  a 
typical  X-ray  6-26  scan  profile  for  an  InNP  film  is  shown  in  Fig.  2  (a).  Aside  from  the  InP  (002) 
and  (004)  peaks,  no  other  X-ray  peaks  associated  with  cubic  InN  (002),  (004),  or  hexagonal  InN 
(0002),  (0004)  are  present,  indicating  no  phase  separation.  The  reason  why  no  InNP  (002)  and 
(004)  peaks  are  seen  in  the  6-26  scan  is  because  of  the  relatively  large  scanning  step  used  in  the 
X-ray  0-20  measurement.  Using  high-resolution  XRC,  the  InNP  epilayer  peak  is  clearly  seen,  as 
shown  in  the  inset  of  Fig.  2  (a).  The  N  composition  of  the  film  determined  from  (511)  XRCs  is 
0.53%.  These  results  confirm  the  formation  of  an  InNP  alloy.  Fig.  2  (b)  is  the  (1 10)  zone  axis 
TEM  diffraction  pattern  of  the  film.  It  shows  single  crystal.  Besides,  no  extra  spots  are  seen, 
suggesting  single  phase  of  the  film. 

One  thing  worth  mentioning  here  is  that  although  thermodynamic  considerations  [14]  suggest 
that  a  much  higher  N  incorporation  in  InP  than  in  GaAs  can  be  achieved,  the  highest  N 
composition  in  InNP  obtained  so  far  is  only  0.93%,  while  for  GaNAs,  as  high  as  14.8%  N  has 
been  incorporated.  This  is  due  to  the  much  higher  equilibrium  vapor  pressure  of  N2  over  InN 
compared  to  that  over  GaN[23,24].  Therefore,  the  active  N  species  needed  for  incorporating  the 
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Fig.  2  (a)  X-ray  6-26  diffraction  profile  and  (b)  (110)  zone  axis  TEM  diffraction  pattern  of  an 
InNxPi-x  (x=0.53%).  The  inset  in  (a)  is  the  high-resolution  (004)  XRC  result. 


same  N  composition  in  InNP  as  that  in  GaNAs  must  be  much  larger  for  InNP  than  for  GaNAs. 
In  other  words,  with  the  same  amount  of  active  N  species,  less  N  can  be  incorporated  in  InNP 
than  in  GaNAs. 


2.  Bandgap  bowing 

Fig.  3  shows  the  bandgap  of  GaNAs  as  a  function  of  N  composition  for  our  data  (open 
triangles)  and  those  of  Kondow  et  al.[25]  (solid  squares).  The  dashed  line  is  a  best  fit  through 
these  data  and  that  of  cubic  GaN,  and  it  shows  that  there  may  not  be  a  semimetallic  region. 
Recently  Wei  and  Zunger[18]  performed  a  first-principle  supercell  calculation  of  the  bandgap 
energy  of  ordered  GaNAs  alloys.  Owing  to  the  large  differences  between  atomic  size  and  orbital 
energies  of  the  As  and  N  atoms,  spatially  separated  and  sharply  localized  band  edge  states  are 
formed  in  the  alloy,  leading  to  the  conclusion  that  for  isovalent  semiconductor  alloys,  the 
bandgap  variation  with  composition  can  be  divided  into  two  regions;  (i)  an  impurity-like  region, 
at  low  concentrations,  where  the  bowing  coefficient  is  considerably  larger  and  dependent  on 
composition,  and  (ii)  a  band-like  region,  at  high  concentrations,  where  the  bowing  coefficient  is 
relatively  small  and  nearly  constant.  For  materials  like  GaAsP,  the  transition  concentration  is 
very  small  and  unobservable  because  of  the  similar  size  and  energy  levels  of  As  and  P,  but  for 
materials  like  GaNAs,  the  transition  concentration  can  be  a  few  percent.  This  can  be  seen  more 
clearly  in  Fig.  4,  where  our  data  are  plotted  as  solid  squares,  Wei  and  Zunger’s  calculation  for 
ordered  GaNAs  alloys[18]  as  solid  triangles,  and  Bellaiche  et  al.’s  calculation  for  random 
alloys[19]  as  solid  circles.  The  bowing  parameter  c(x)  is  determined  from  the  equation 

c(x:)  =  [jEg(GaN)+(l-:r)Eg(GaAs)-Eg(GaN^As,.J]/[:r(l-x)] 

Our  data  clearly  show  the  impurity-like  and  band-like  regions. 
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Fig.  3  The  N-composition  dependence  of 
GaNAs  bandgap  energies.  Our  data  are 
shown  in  open  triangles  and  those  of 
Kondow  et  al.[25]  in  solid  squares.  The 
bandgap  of  cubic  GaN  is  also  shown.  The 
best  fit  indicates  no  semimetal  lie  region. 


Fig.  4  The  bowing  parameter  of  GaNAs  as 
a  function  of  the  N  composition.  Our  data 
are  shown  in  solid  squares,  and  the 
calculations  of  Zunger  and  his  coworkers 
are  shown  in  closed  triangles  for  ordered 
GaNAs[18]  and  closed  circles  for  random 
GaNAs[19]. 


The  bandgap  energy  of  InN^Pi.^  is  shown  in  Fig.  5  as  a  function  of  the  N  composition.  Our 
experimental  data  are  shown  as  solid  squares,  and  the  solid  line  is  a  calculation  using  the  Van 
Vechten’s  model  of  the  dielectric  theory  of  electronegtivity[16,17].  Similar  to  GaNAs,  adding  N 
in  InNP  pulls  down  the  bandgap  energy  to  longer  wavelength,  revealing  a  big  bowing  of  the 
bandgap  energy.  Besides,  our  data  follow  the  theory  within  the  N  composition  range  studied  (x 
<  1%).  However,  as  the  N  concentration  in  these  InNP  is  very  small,  the  agreement  for  larger  N 
compositions  still  needs  experimental  verification,  and  further  studies  on  samples  with  more  N 
concentrations  are  needed  to  study  the  bowing  parameter  of  this  alloy. 


Fig.  5.  Bandgap  energy  of  InN^Pi.x  as  a  function  of  N  composition  x.  The  solid  line  is  the 
result  calculated  from  the  Van  Vechten  model,  and  the  solid  squares  are  experimental  data. 
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SUMMARY 


In  summary,  we  have  studied  N  incorporation  in  two  direct-bandgap  materials,  GaNAs  and 
InNP,  that  in  principle  can  be  lattice-matched  to  Si,  and  have  achieved  record  N  incorporation, 
i.e.,  14.8%  in  GaNAs,  and  0.93%  in  InNP.  The  problems  of  phase-separation  and  low  solubility 
limit  of  N  in  GaAs  and  InP  are  overcome  by  low-temperature  gas-source  molecular  beam 
epitaxial  growth.  We  also  observed  a  big  bowing  coefficient  for  these  mixed  group-V  nitrides. 
Besides,  a  composition-dependent  bowing  parameter  is  observed  for  GaNAs. 
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ABSTRACT 

A  set  of  GaAsN/GaAs  strained  layer  superlattices  was  grown  on  GaAs  (001)  substrates 
by  electron  cyclotron  resonance  microwave  plasma  assisted  molecular  beam  epitaxy.  An 
ex-situ  high  resolution  X-ray  diffraction  was  employed  to  characterize  interface  quality  and 
determine  the  effective  nitrogen  content,  as  a  function  of  growth  temperature,  of  buried 
GaAsN  layers.  The  interface  quality,  which  was  assessed  through  FWHM’s  and  intensi¬ 
ties  of  superlattice  peaks,  and  nitrogen  content  were  found  to  change  dramatically  in  the 
temperature  range  from  540  °C  to  580  °C.  A  first  order  kinetic  model  was  introduced  to 
quantitatively  explain  this  dependencies,  in  terms  of  energetically  favorable  N  for  As  anion 
exchange  and  thermally  activated  N  desorption  and  segregation  processes.  The  strong  nitro¬ 
gen  surface  segregation  process,  which  acts  concurrently  with  nitrogen  desorption  is  found 
to  be  responsible  for  both  degradation  of  interface  quality  and  reducing  nitrogen  content 
at  elevated  temperatures.  The  predicted  nitrogen  profile  smearing  of  (2  -  3)nm,  obtained 
from  the  model,  is  found  to  be  in  good  agreement  with  cross-sectional  transmission  electron 
microscopy  observations. 

INTRODUCTION 

Important  technological  applications  of  GaN,  related  alloys  and  heterostructures  for  blue 
and  ultra  violet  (UV)  light  emitting  diodes  and  lasers  motivated  intensive  research  and 
development  activity.  [1,  2,  3].  Most  of  the  research  concentrated  on  the  growth  of  de¬ 
vice  structures,  [4,  5]  and  epitaxial  growth  techniques  of  nitrides  on  various  substrates.  [4,  6]. 
GaAs,  as  one  of  the  potentially  interesting  substrates,  attracted  some  attention  in  the  last 
few  years,  [7,  8,  9]  mainly  to  circumvent  some  of  the  existing  problems  with  AI2O3  and  SiC. 
Besides  as  a  substrate,  GaAs  can  also  be  interesting  for  mixed  anion  nitride/arsenide  sys¬ 
tems,  like  GaAsN  alloys  and  heterostructures.  [10,  11,  12,  13,  14]  Although  limited  by  a 
small  solubility [15],  even  small  amounts  of  N  in  GaAs  can  cause  large  band  gap  bowing  to 
infrared[15,  17] .  There  are  several  important  microscopic  processes  which  have  to  be  under¬ 
stood  in  order  to  achieve  control  of  the  structural  and  chemical  properties  of  the  GaN /GaAs 
interface.  Nitridation,  or  N  for  As  exchange  is  usually  the  first  step  in  growing  GaN  on  GaAs 
substrates,  [8,  9,  11]  analogously  to  the  growth  of  AIN  buffer  on  AI2 03.(16]  Another  impor¬ 
tant  phenomenon,  nitrogen  surface  segregation  occurs  during  GaAs  overgrowth  of  GaAsN 
layer. [12,  13]  We  have  recently  shown[ll,  12]  that  it  is  possible  to  produce  high  quality 
strained  layer  GaAsi_j/Nj//GaAs  superlatices,  grown  on  the  (001)  GaAs  substrates.  The  ini¬ 
tial  high  resolution  X-ray  diffraction  (HRXRD)  and  reflection  high  energy  electron  diffraction 
(RHEED)  characterization  revealed  the  existence  of  several  microscopic,  thermally  activated 
processes.  However,  full  understanding  of  these  processes  and  their  influence  on  the  interface 
properties  has  not  been  achieved  yet.  In  this  study,  the  interface  quality  and  nitrogen  content 
in  GaAsi_j^Nj,/GaAs  superlattices  were  characterized  by  HRXRD.  Dramatic  changes  of  the 
nitrogen  content  and  interface  sharpness  with  temperature  were  observed.  The  quantitative 
model,  based  on  the  first  order  kinetic  theory,  was  employed  to  explain  our  observation.  The 
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Figure  1:  (a)  The  a;/20  rocking  curves  of  the  GaAsN/GaAs  supciiaftices  grown  at  temperatures  between 
540  °C  and  580  °C,  with  4  s  nitrogen  exposure  time.  The  strong  degradation  of  superlattice  X-ray  diffraction 
with  temperature  increase  can  be  observed,  (b)  The  reciprocal  area  scan  for  the  supcrlattice  grown  at  550  °C. 
The  superlattice  is  coherently  strained  and  is  of  good  structural  quality,  as  observed  from  the  circular  shape 
of  reciprocal  space  points.  The  contours  are  lines  of  equal  intensities,  which  increase  exponentially  with  base 
2. 

thermally  activated  nitrogen  segregation  process,  acting  concurrently  with  nitrogen  desorp¬ 
tion  was  identified  to  induce  smearing  of  the  interface.  The  nitrogen  segregation  length,  de¬ 
rived  from  the  model,  is  found  to  increase  with  the  temperature,  in  agreement  with  HRXRD 
data.  Transmission  electron  microscopy  (TEM)  experiments  confirmed  these  observations. 

EXPERIMENTAL  DETAILS 

A  set  of  GaAsi_j,Ny/GaAs  superlattices,  with  a  superlattice  period  consisting  of  75  mono- 
layers  of  GaAs,  followed  by  one  monolayer  of  GaAsi-j^N^^  was  grown  on  GaAs  (100)  substrates 
as  a  function  of  temperature  (540-580  °C)  in  molecular  beam  epitaxy  (MBE)  system  using 
an  electron  cyclotron  resonance  (ECR)  nitrogen  plasma  source.  GaAsi_j/Ny  monolayers  were 
produced  through  brief  (4-6  s)  exposure  to  N*  plasma  of  an  As-stabilized  GaAs  surface,  fol¬ 
lowed  by  GaAs  overgrowth  at  a  fixed  growth  rate  (0.75  ML/s)  for  100  s.  The  GaAs  surface 
is  then  As-stabilized  through  exposure  to  As2  flux  for  30  s.  Further  details  about  growth 
procedures  and  ECR-MBE  growth  system  can  be  found  elsewhere.  [9,  11]  The  entire  sample 
set  was  characterized  by  ex- situ  HRXRD,  using  Philips  Materials  Research  Diffractometer. 
The  (110)  cross-section  of  one  of  the  samples,  grown  at  550  °C,  was  observed  by  TEM. 

RESULTS  AND  DISCUSSION 

The  u/20  scans  are  performed  in  the  4-crystal  mode  using  Ge(220)  reflections,  around 
the  substrate  (004)  reflections.  The  resultant  rocking  curves  are  shown  in  Fig.  1(a).  They 
reveal  a  strong  dependence  on  the  growth  temperature,  indicating  a  presence  of  thermally 
activated  processes.  The  reciprocal  space  scans  (area  scans)  around  the  substrate  (115)  re¬ 
flections  are  done  in  the  same  mode,  with  the  additional  use  of  the  Bonse-Hart  collimator 
in  front  of  the  detector.  The  area  scan  for  sample  grown  at  550 '’C  is  shown  in  Fig.  1(b).  It 
shows  that  superlattice  is  coherently  strained  and  is  of  good  structural  quality.  The  width  of 
the  reciprocal  space  peaks  parallel  to  the  layer  is  small,  indicating  that  tilting  of  the  lattice 
layers  is  not  present.  The  nitrogen  contents  y  of  the  GaAsi_j/N^  layers,  normalized  to  one 
monolayer,  are  determined  from  superlattice  peak  positions.  Fig.  2(a)  shows  the  Arhennius 
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Figure  2:  (a)  Arhcmiius  plot  of  the  nitrogen  content  y  observed  in  ECR-MBE  grown  GaAsN/GaAs  su¬ 
perlattices.  Experimental  data  points  are  obtained  through  HRXRD  measurements  for  4  s  nitridations.  The 
solid  curve  is  fit  from  the  model[Eq.  (1)].  (b)The  FWHM’s  of  the  ~1  and  -2  superlattice  peaks  (left  vertical 
axis)as  a  function  of  temperature.  The  Lorentzian  fit  Axv/{'n?  +  w^)  of  the  dependence  of  the  superlattice 
peak  intensities  as  a  function  of  the  order  n  of  superlattice  diffraction  gives  parameter  vj  (right  vertical  axis). 
They  both  show  deterioration  of  structural  properties  and  interface  sharpness  at  high  temperatures. 


plot  of  the  resultant  compositional  dependence  on  growth  temperature,  y(T),  for  4  s  nitrida¬ 
tions,  including  experimental  uncertainties  in  temperature,  which  represent  reproducibility 
from  run  to  run  within  the  sample  set.  The  interface  structural  quality  is  assessed  through 
the  temperature  dependence  of  the  FWHM’s  and  intensities  of  superlattice  peaks,  which  are 
both  shown  schematically  in  Fig.  2(b).  FWHM’s  of  the  -1  and  -2  superlattice  peaks  as  a 
function  of  temperature  are  shown  in  the  Fig.  2(b)  using  the  left  vertical  scale.  The  rise  of 
FWHM’s  at  540  °C  is  attributed  to  a  temperature  too  low  for  GaAs  growth.  The  dependence 
of  the  superlattice  peak  intensities  from  the  peak  order  is  a  measure  of  the  sharpness  of  the 
interface.  The  sharp  interfaces  give  rise  to  the  superlattice  rocking  curves  with  a  lot  of  peaks 
and  slow  peak  decay  with  peak  order,  while  superlattices  with  diffuse  interfaces  have  few 
peaks  which  quickly  become  indistinguishable  in  the  higher  order,  with  the  best  example 
being  alloys  which  only  have  a  crystalline  lattice  peak.  The  intensity  of  the  superlattice 
peaks  as  a  function  of  the  order  of  peak  is  fitted  to  the  Lorentzian  curve  Aw/in^  -|-  'uP‘\ 
where  n  is  an  order  of  the  superlattice  peak,  w  is  the  width  of  the  Lorentzian  curve  and 
A  the  multiplicative  constant.  The  reason  why  the  Lorentzian  curve  is  chosen  is  only  to 
provide  a  parameter  which  could  describe  peak  intensity  as  a  function  of  peak  order.  The 
parameter  w  thus  represent  the  quantitative  measure  of  the  smearing  of  the  interface,  and  is 
plotted  in  Fig.  2(b)  as  a  function  of  temperature,  using  the  right  vertical  scale.  From  Fig.  2 
we  can  notice  rapid  changes  with  temperature,  where,  at  elevated  temperatures  N  content 
is  quite  reduced,  while  interface  quality  is  deteriorated. 

For  the  purpose  of  understanding  the  physical  origin  of  these  rapid  temperature  depen¬ 
dencies,  a  first  order  kinetic  model  [12,  13]  which  incorporates  three  phases  of  our  partic¬ 
ular  growth  sequence:  nitridation,  GaAs  overgrowth  and  As-soak,  is  employed.  Previous 
modeling  was  concentrated  on  the  effects  of  the  temperature  dependence  of  the  nitrogen 
content.  [12,  13]  In  this  work,  the  focus  is  on  the  effects  of  thermally  activated  N  surface 
segregation  on  the  interface  structural  quality  and  sharpness,  and  therefore  we  outline  only 
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features  of  the  model  pertinent  to  this  study.  During  the  nitridation  process,  the  ener¬ 
getically  favorable  N  for  As  exchange  occurs,  due  to  a  much  stronger  Ga-N  than  Ga-As 
bond  (heats  of  formation  6.81  eV  and  5.55  eV,  respectively[18]).  However,  the  thermally 
activated  N  desorption,  with  rate  constant  exp{-Ed/kT)  and  activation  energy 

Edi'^  2.1  eV),  as  determined  from  our  RHEED  measurement, [9,  11]  limits  the  efficacy  of 
the  exchange.  Additionally,  during  the  GaAs  overgrowth,  the  N  surface  segregation,  with 
a  rate  constant  exp{-Es/kT),  takes  place  concurrently  with  N  desorption.  The 

segregation  process  drives  N  atoms  to  the  current  growth  surface  where  they  can  desorb, 
thus  further  limiting  total  N  content  and  simultaneously  producing  interface  smearing.  Af¬ 
ter  assuming  that:  (1)  segregation  is  allowed  only  from  the  first  subsurface  to  the  current 
surface  layer;  (2)  desorption  occurs  from  all  currently  exposed  surfaces  (surface  and  first 
subsurface  layer)  and  (3)  desorption  and  segregation  are  statistically  independent,  it  can  be 
shown  [12,  13]  that  final  N  content  y  in  the  nitrided  layer[12,  13]  is: 


=  2/sJl  -  exp(-te„p/T)]  X 


T;ot 

Td  + 


(1) 


where  ,t  =  (r^“^  +  r)"\  texp  is  the  nitrogen  plasma  exposure  time,  r  is  the  “dosing 

rate”  estimated  to  be  approximately  0.1  Hz  from  experimental  values  of  y  at  550  °C  for  4  s 
and  6  s  nitridations,  =  (r"^  =  r^  +  Td,  and  is  one  monolayer  growth  time. 

[12,  13]  Equation  (1)  has  been  fitted  to  the  experimentally  obtained  y{T)  and  is  plotted  at 
Fig.  3.  From  this  fit,  the  segregation  activation  energy  has  been  estimated  to  be  0.9  eV±30%. 
[12,  13] 

One  of  the  important  applications  of  the  described  kinetic  model  is  the  N  profile  smearing. 
To  quantitatively  estimate  the  extent  of  the  smearing,  we  recall  that  the  N  contents  Sn  and 
‘S'ti+i  of  the  two  consequent  layer  n  and  n  -I-  1  in  superlattice  period  are  related  as  [12,  13]: 

Sn+i  =  Sn[l-  exp(-W/T||)]  •  (2) 

^tot 

From  this  equation  we  see  that  Sn  form  a  geometric  progression.  By  assuming  continuous 
function  Sn{z)  for  the  N  profile,  it  is  easy  to  show  that  5n(2r)  =  5^(0)  exp(-2://)  where  I  is 
the  segregation  length: 

/  _ _ ^ (3) 

21n{[l  -  exp(-tML/r||)]:;g;} 

The  segregation  length  represents  the  decay  length  of  the  N  profile  and  is  therefore  a  useful 
parameter  which  quantitatively  defines  the  interface  quality.  The  plot  of  Eq.  (3)  for  4s  N 
exposures  is  given  in  Fig.  3,  from  which  it  can  be  seen  that  segregation  length  increases  with 
temperature.  This  implies  that  interface  structural  quality  and  interface  sharpness  decrease 
with  temperature,  as  observed  in  Fig.  2.  To  experimentally  confirm  our  hypotheses  we  made 
TEM  observations  of  our  GaAsi_yNy/GaAs  superlattices.  Cross  sections  of  the  superlattices 
were  prepared  by  polishing,  dimpling  and  Ar  ion-beam  milling.  Figure  4(a)  shows  a  bright 
field  TEM  micrograph  of  the  cross  section  of  the  GaAsi_j,Ny/GaAs  superlattice  grown  at 
550  °C,  near  the  [110]  zone  axis,  but  normal  to  the  surface.  The  (110)  high  resolution  image 
of  the  superlattice  is  shown  in  Fig.  4(b).  We  did  not  observe  GaN  clustering,  contrary 
to  the  results  of  a  cross  sectional  Scanning  Tunneling  Microscopy  study  done  on  a  similar 
structure.  [14]  Both  of  the  micrographs  in  Fig.  4,  indicate  that  the  extent  of  the  N  profile 
smearing  is  indeed  of  the  order  of  3nm,  in  good  agreement  with  the  estimates  obtained  from 
the  model. 
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Figure  4:  (a)  The  bright  field  TEM  micrograph  of  the  (110)  cross  section  of  the  GaAsN/GaAs  superlattice 
grown  at  550  °C.  The  whole  superlattice  can  be  observed.  The  measured  thickness  of  GaAsN  layers  is  around 
3nm,  in  good  agreement  with  the  model  [Fig.  3]  (b)The  (llO)high  resolution  micrograph  of  the  GaAsN/GaAs 
superlattice.  There  are  no  lattice  defects  observed. 
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CONCLUSION 

In  conclusion,  we  studied  the  kinetics  of  N  in  the  buried  GaAsN  layers  in  the 
GaAsi_yNy/GaAs  superlattices.  The  thermally  activated  N  surface  segregation  process  was 
shown  to  be  responsible  for  rapid  changes  of  N  content,  and  degradation  of  structural  quality 
and  sharpness  of  GaAsN/GaAs  interfaces,  observed  in  HRXRD  experiments.  The  first  order 
kinetic  model  quantitatively  explained  observed  temperature  dependencies,  and  predicted  N 
profile  smearing  at  the  optimal  growth  temperatures  to  be  on  the  order  of  (2  -  3)nm,  in 
good  agreement  with  our  cross  sectional  TEM  observations. 
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ABSTRACT 

Reactive  N  and  H,  created  using  rf  plasma  sources,  were  used  to  grow  undoped  GaN  along 
with  p-type  GaN:Mg  and  p-type  GaN:Mg:H  thin  films.  By  comparing  the  optical  emission  spectra 
from  several  rf  sources  with  observed  GaN  grow  rates,  we  deduce  that  nitrogen  atoms  and  1  st- 
positive  series  nitrogen  molecules  (3.95  eV  binding  energy)  are  the  reactive  species  responsible  for 
GaN  film  growth.  A  Mg  ground  state  acceptor  binding  energy  of  about  224  meV  was  determined 
from  low  temperature  photoluminescence  (PL)  experiments  for  both  p-type  GaN:Mg  and  p-type 
GaN:Mg:H  films. 

INTRODUCTION 

A  key  advance  in  the  development  of  III-V  nitrides  for  blue/green  optoelectronic  device 
applications  has  been  the  demonstration  of  p-type  doping  using  Mg  as  a  substitutional  acceptor. 
However,  fundamental  aspects  of  p-type  doping  of  GaN  and  related  materials  remains  poorly 
understood  at  present,  particularly  with  regards  to  MOVPE-grown  materials  which  contain  H. 
MBE  provides  a  growth  environment  which  contains  no  H  and  thus  offers  an  opportunity  to  study 
p-type  doping  of  GaN  in  detail.  Alternatively,  using  reactive  MBE,  H  can  be  introduced  under 
controlled  conditions  by  mixing  it  with  N  in  an  rf  plasma  source  [1-5].  At  NCSU,  rf  plasma 
sources  were  employed  to  generate  sufficient  "active"  nitrogen  for  the  growth  of  GaN  by  MBE  at 
high  temperatures  (up  to  900  °C)  and  growth  rates  up  to  0.6  jim/hr  on  GaN/SiC  substrates,  and  to 
selectively  add  H.  This  has  resulted  in  device-grade  GaN  material  with  defect  densities  that 
replicate  those  in  the  underlying  MOVPE-grown  buffer  layers.  In  the  undoped  GaN  films,  PL 
emission  at  300  K  consists  of  a  single  near-band-edge  pe^  at  3 .409  meV  having  a  FWHM  as 
narrow  as  33  meV.  Very  little  deep  level  emission  is  observed.  A  series  of  p-type  GaN:Mg  and 
GaN:Mg:H  samples  was  prepared  by  varying  the  Mg  MBE  cell  temperature  from  200  °C  (lightly 
doped)  to  310  “C  (heavily  doped).  Low  temperature  (1.7-80  K)  PL  experiments  were  completed  at 
ASU  on  this  set  of  samples  from  which  the  Mg  ground  state  acceptor  binding  energy  was 
obtained. 

EXPERIMENTAL  DETAILS 

The  GaN  films  were  grown  at  NCSU  using  a  modified  EPI  930  three-chamber  MBE  system 
consisting  of  a  main  MBE  film  growth  chamber,  a  second  chamber  for  plasma  cleaning  of 
substrates  using  He/H  plasmas,  and  a  surface  analysis  chamber  with  provisions  for  Auger 
spectroscopy  studies  of  substrates  and  epilayers  at  temperatures  up  to  800  °C.  The  three  chambers 
are  interconnected  by  an  ultrahigh  vacuum  (UHV)  sample  transfer  system. 

The  GaN  films  were  grown  by  MBE  on  high-quality  2  to  3  }xm  thick  GaN  buffer  layers 
prepared  by  MOVPE  on  basal  plane  6H-SiC  substrates  at  Cree  Research,  Inc.  The  substrates  were 
cleaned  prior  to  MBE  film  growth  using  trichloroethylene,  acetone,  and  methanol  followed  by 
plasma-cleaning  using  a  1:1  hydrogen/helium  gas  mixture  to  remove  carbon.  After  cleaning,  the 
GaN/SiC  substrate  surface  showed  little  or  no  carbon  or  oxygen  contamination. 

Three  different  rf  plasma  sources  from  different  manufacturers  were  employed  to  grow 
undoped  GaN.  Each  of  the  three  rf  sources  were  equipped  with  pyrolytic  boron  nitride  (PBN) 
reaction  chambers  and  exit  apertures  consisting  of  37  small  holes  (-0.2  mm  diameter).  Optical 
emission  spectra  were  obtained  for  each  of  these  sources  using  a  monochromator  equipped  with 
150  g/imn  and  1200  g/mm  interchangeable  gratings  and  correlated  with  measured  GaN  film  growth 
rates.  A  series  of  p-type  GaNrMg  samples  was  prepared  by  varying  the  Mg  MBE  cell  temperature 
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from  200  “C  (lightly  doped)  to  310  °C  (heavily  doped).  Low  temperature  (1.7-80  K)  PL  and 
reflectance  experiments  were  performed  at  ASU  on  this  set  of  samples  as  a  function  of  temperature 
and  excitation  intensity. 

RESLHLTS  AND  DISCUSSION 


Optical  Emission  Spectra  From  rf  Plasma  Sources. 

Optical  emission  spectra  were  obtained  from  each  of  the  three  rf  plasma  sources  employed  and 
correlated  with  film  growth  rates  and  quality.  Fig.  1  shows  emission  spectra  obtained  for  an  SVT 
Associates  (SVT A)  rf  source  and  an  Oxford  Applied  Research  MPD21  rf  source,  respectively. 
The  sources  were  operated  at  a  power  of  400  watts  and  a  pressure  of  5  x  10-^  Torr.  A  number  of 
nitrogen-plasma  emission  peaks  associated  with  neutral  nitrogen  molecules  are  shown  in  the 
spectrum  for  each  source  which  involve  the  1  st-positive  and  2nd-positive  series  of  molecular 
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1.  Optical  emission  spectra  obtained  for  SVTA  and  Oxford  rf  nitrogen  plasma  sources. 
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transitions  [1.2].  The  Ist-positive  series  molecular  nitrogen  transitions  (B^IIg— >A3i;u+  transitions) 
appear  as  five  bands  of  regularly-spaced  emission  peaks  in  the  visible  and  near-infrared  (IR) 
spectral  regions.  The  strongest  Ist-positive  emission  peak  of  each  band  occurs  at  emission 
wavelengths  of  540,  590,  660,  760,  and  820,  respectively,  as  shown  in  Fig.  1.  The  largest  peaks 

of  the  2nd-positive  molecular  nitrogen  series  (C^flu^B^ITg  transitions)  occur  at  316,  337,  357, 
380,  and  400  nm.  The  SVTA  source  produces  large  second-positive  molecular  emission  peaks  in 
the  UV,  and  the  emission  spectrum  appears  whitish-violet  to  the  eye.  In  contrast,  the  Oxford 
source  emission  spectrum  shows  diminished  Ist-positive  emission  peaks  and  the  emission  appears 
whitish-orange  to  the  eye.  Both  of  these  plasma  sources  produce  high  quality  undoped  GaN  at 
comparable  growth  rates  —  up  to  -0.4  |imAir  using  a  GaN  substrate  temperature  of  800  °C.  This 
suggests  that  the  principal  reactive  nitrogen  species  responsible  for  GaN  film  growth  consist  of  N 
atoms  and  ist-positive  N2  molecules.  By  using  both  of  the  above  sources  simultaneously,  GaN 
growth  rates  of  -0.2  |a.m/hr  at  growth  temperatures  of  -900  °C  were  obtained.  In  the  undoped 
GaN  films,  PL  emission  at  300  K  consists  of  a  single  near-band-edge  peak  at  3.409  eV  having  a 
FWHM  as  narrow  as  33  meV.  No  deep  level  emission  is  observed. 

The  EPI  rf  nitrogen  plasma  source  employs  a  unibulb  PBN  reaction  chamber  of  original  design. 
This  source  produces  a  nitrogen  emission  spectram  which  appears  bright  orange  to  the  eye  and 
which  contains  very  strong  Ist-positive  molecular  emission  peaks  and  atomic  emission  lines  as 
shown  in  Fig.  2.  Note,  in  addition,  that  no  second-positive  emission  peaks  are  present  in  the 
emission  spectrum  of  the  EPI  source.  Using  the  EPI  rf  plasma  source,  we  have  obtained  high- 
quality  GaN  films  at  growth  rates  of  0.6  |xm/hr  at  growth  temperatures  of  900  'C  —  more  that  a 
three-fold  increase  in  GaN  growth  rate  compared  to  the  other  rf  plasma  sources  investigated.  This 
observed  increase  in  film  growth  confirms  that  nitrogen  atoms  and  Ist-positive  N2  molecules  are 
the  reactive  plasma  species  responsible  for  GaN  film  growth. 

Undoped  GaN  films  grown  at  900  °C  using  the  EPI  source  display  PL  emission  spectra  at  300 
K  which  consists  of  a  narrow  49  meV  near-band-edge  peak  at  3.409  eV  and  weak  deep  level 
emission  as  shown  in  Fig.  2. 
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Figure  2.  Optical  emission  from  EPI  nitrogen  plasma  source  and  PL  from  GaN  grown  at  9(X)  °C. 
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P-tvpe  GaN:Mg  and  GaN:Mg:H  Films 

The  optimum  Mg  cell  temperature  for  p- 
type  doping  was  found  to  be  about  290  °C 
for  GaN  growth  at  900  °C.  C-V  measure¬ 
ments  yielded  Ng-Nd  ~  2  x  10^^  cm'^,  corre¬ 
sponding  to  a  hole  concentration  of  about  5  x 
10^^  cm‘3.  The  300  K  PL  spectrum  from 
such  a  layer  is  shown  in  Fig.  3.  Note  the 
strong  emission  at  3.26  eV  and  weaker 
emission  at  2.95  eV  that  we  associate  with 
the  Mg-acceptor,  in  addition  to  the  band  edge 
peak  at  3.409  eV.  The  Mg-related  features 
grow  in  magnitude  as  the  Mg  oven  tempera¬ 
ture  increases.  For  Tjvig  ^  320  °C,  however, 
C-V  studies  yielded  n-type  conduction 

P-type  GaN;Mg:H  films  were  obtained 
using  a  50%  mixed  H2:N2  plasma  within  the 
SVTA  rf  source.  The  mixed  plasma  is  very 
effective  for  creating  atomic  H,  as  seen  by  the 
emission  spectrum  is  shown  at  the  bottom  of 
Fig.  3.  The  emission  appears  bright  red  to 
the  eye,  due  to  the  presence  of  very  strong 
atomic  H  lines  (Balmer  Series).  Note  that  no 
H2  molecular  emissions  are  present  in  the 
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Figure  3.  PL  and  H2:N2  plasma  emission  spectra. 


spectrum.  The  300  K  PL  or  the  GaN:Mg:H  films  were  similar  to  the  PL  shown  in  Fig.  3  for 
GaN:Mg.  C-V  measurements  showed  /?-type  conductivity  for  Mg  oven  temperatures  up  to  320  °C. 


Low  Temperature  PL  of  GaN:Mg  and  GaN:Mg:H 

A  total  of  eight  Mg-doped  and  ten  (Mg,H)-doped  samples  grown  at  various  Mg  cell 
temperatures  were  investigated  at  ASU  to  determine  the  spectroscopic  properties  of  the  Mg 
acceptor  level  and  the  effects  of  H  incorporation  on  the  doping  efficiency.  The  excitonic 
luminescence  of  a  series  of  lightly  Mg-doped  samples  is  shown  in  the  lower  three  spectra  in  Fig.  4, 
together  with  a  simple  reflectance  spectrum  (uppermost)  of  the  most  heavily  doped  layer  for 
comparison.  (Similar  reflectance  spectra  were  recorded  for  all  other  samples  but  are  omitted  here 
for  clarity.)  At  the  lowest  doping  level,  the  neutral  donor-bound  exciton  (Do,X)  peak  is  dominant. 
It  exhibits  a  very  weak  LO  phonon  replica  with  a  Huang-Rhys  coupling  factor  S  =  0.0021.  The  A 
and  B  free  exciton  peaks  are  nearly  superimposed  because  of  the  biaxial  tensile  strain  in  this 
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sample,  as  is  determined  from  the  reflectance  spectrum  of  this  sample  (not  shown).  The  C  exciton 
is  resolved  at  higher  energy  in  both  PL  and  reflectance,  whereas  the  A/B  excitons  form  only  a 
poorly-resolved  shoulder  in  PL  on  the  high  energy  side  of  the  (D°,X)  peak.  Most  notably,  we 
observe  a  weak  two-electron  replica  of  the  (D°,X)  peak  at  about  20  meV  lower  in  energy.  In 
previous  work,  we  observed  a  similar  peak  in  a  number  of  other  samples  grown  by  MOCVD  and 
gas-source  MBE,  where  we  confirmed  its  identification  using  magnetospectroscopy  in  fields  up  to 
12  T  [6].  The  donor  binding  energy  is  implied  to  be  about  29  meV  but  its  chemical  identity  is  not 
yet  established. 


As  the  Mg  doping  level  is  increased,  a  new  bound  exciton  peak  appears  about  8-10  meV  below 
the  (Do,X)  peak,  which  is  still  visible  in  the  intermediate  doping  range.  This  peak  exhibits  much 
stronger  LO  phonon  coupling  with  a  Huang-Rhys  parameter  S  =  0.024,  over  an  order  of 
magnitude  stronger  than  that  of  the  (Do,X)  peak.  Its  characteristically  stronger  phonon  coupling 
and  its  association  with  Mg  doping  allow  us  to  identify  this  peak  as  a  neutral  acceptor-bound 
exciton  (Ao,X)  peak.  The  stronger  phonon  coupling  is  due  to  the  stronger  localization  of  the  holes 
in  the  (A‘^,X)  wave  function  as  compared  to  (D°,X).  The  peak  identifications  are  further 
confirmed  with  reflectance  (not  shown).  The  peaks  in  these  samples  cannot  be  reliably  identified 
on  the  basis  of  peak  positions  alone  because  of  the  substantial  sample-to-sample  random  variations 
in  strain,  which  shifts  all  the  peaks  to  v^ing  degrees  [6].  Moreover,  the  (Do,X)/(Ao,X)  peak 
separation  is  apparently  a  function  of  strain,  since  a  slightly  larger  separation  of  about  12  meV  was 
observed  in  samples  with  higher  peak  energies  (3.467  and  3.455  eV,  respectively)  [7,8]. 

In  the  highest  doped  sample,  the  (Ao,X)  peak  dominates  and  the  (Do,X)  peak  is  unobservable. 
The  reflectance  spectrum  of  this  sample  (upper  spectrum)  clearly  shows  structure  related  to  the  A/B 
and  C  free  excitons,  identifying  them  unambiguously.  A  low  energy  shoulder  is  observed  on  the 
(Ao,X)  peak,  which  we  attribute  to  an  “undulation  spectrum”  involving  excitons  bound  to  closely- 
spaced  pairs  of  neutral  Mg  acceptors.  Similar  features  have  been  frequently  observed  in  other  p- 
type  semiconductors  [9,10].  This  identification  is  supported  by  the  phonon  coupling  strength  of 
this  peak  (5  =  0.044),  which  exceeds  even  that  of  (Ao,X).  In  still  more  heavily-doped  samples 
(see  below),  this  structure  is  broadened  to  low  energies  as  a  result  of  closer  average  pair  spacing 
and  grows  to  dominate  the  entire  exciton  spectrum. 

As  the  doping  level  is  increased,  we  also  observed  a  nearly  monotonic  increase  in  the  strength 
of  a  donor-acceptor  pair  (D®-A°)  peak  around  3.25-3.26  eV  and  its  LO  phonon  replicas  relative  to 
the  exciton  emission.  This  peak  shifts  to  higher  energy  at  a  rate  of  about  2-3  meV  per  decade  of 
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intensity  as  the  excitation  intensity  is  increased,  identifying  it  as  a  (D°-A°)  transition  [11].  (The 
peak  sometimes  shifts  much  faster,  see  below.)  A  shoulder  extending  from  around  15  to  46  meV 
below  the  no-phonon  peak  is  present,  which  we  assign  to  acoustic  phonon  coupling  rather  than  a 
second  acceptor  species  as  suggested  previously  [1 1].  We  observe  the  same  structure  consistently 
with  the  same  strength  relative  to  the  main  peak  in  many  different  samples,  making  the  latter 
interpretation  quite  unlikely.  The  (D°-A°)  peak  position  is  not  very  useful  to  determine  the 
acceptor  binding  energy,  because  it  depends  on  the  average  strength  of  the  Coulomb  interaction 
between  recombining  pairs,  which  in  turn  is  a  function  of  doping  level,  nonradiative  recombination 
rate,  etc.  We  therefore  performed  variable-temperature  PL  measurements  to  observe  the  corre¬ 
sponding  conduction  band-to-acceptor  (e-A°)  transition,  whose  energy  is  a  much  better  measure  of 
the  acceptor  binding  energy.  These  data  are  shown  for  a  moderately-doped  sample  in  Fig.  5 
(similar  data  were  obtained  on  other  lightly-doped  samples  as  well). 

As  the  temperature  is  raised,  the  shallow  donors  (Ed  ~  29  meV)  thermally  ionize  into  the 
conduction  band,  quenching  the  (D®-A°)  peak  in  favor  of  a  higher  energy  (e-A°)  peak  that  becomes 
dominant  in  this  sample  above  about  60  K.  The  (A°,X)  peak  also  quenches  (more  rapidly)  as  the 
temperature  is  raised  in  favor  of  a  peak  that  probably  involves  mainly  A/B  free  exciton 
recombination.  Some  anomalous  structure  is  present  in  the  LO  phonon  replicas  of  the  acceptor- 
related  peaks,  which  suggests  a  deeper  (D°-A‘’)  or  (e-A°)  peak  of  some  sort  underlying  the  phonon 
replicas  of  the  more  usual  peak.  In  this  sample  the  A^  free  exciton  occurs  at  about  3.468  eV 
based  on  the  reflectance  spectrum.  Using  the  free  exciton  binding  energy  of  26.4  meV  determined 
in  our  recent  magnetospectroscopy  study  [6],  we  deduce  a  (strained)  band  gap  of  about  3.494  eV 
at  1.7  K.  The  (e-A°)  peak  position  at  60  K  is  3.273  eV,  and  the  thermal  energy  contribution 
(ksTIl)  is  2.6  meV  at  this  temperature.  Precise  measurements  of  (Do,X)  peak  energies  in  samples 
with  narrow  (<  2  meV)  exciton  linewidths  show  a  decrease  in  band  gap  of  no  more  than  0. 1-0.2 
meV  up  to  49  K  [1],  so  the  gap  should  equal  its  low  temperature  value  at  60  K  to  within  1  meV  or 
better.  We  therefore  deduce  a  Mg  acceptor  binding  energy  of  224  ±  4  meV.  The  accuracy  is 
limited  mainly  by  the  relatively  broad  linewidths  in  the  present  samples. 

In  Fig.  6  we  show  the  excitation  intensity  dependence  of  the  near-band-edge  PL  spectrum  of  the 
sample  of  Fig.  5  at  1.7  K.  As  noted  above,  the  (D°-A°)  peak  shifts  to  higher  energy  with 
increasing  intensity,  supporting  its  identification.  At  the  highest  pump  powers,  however,  we 
observe  a  new,  relatively  sharp  peak  at  3.267  eV,  which  is  most  pronounced  when  the  excitonic 
peaks  are  strong  compared  to  the  (D°-A°)  peaks  (note  the  indicated  changes  of  scale).  This  peak  is 
189  meV  below  the  (Ao,X)  peak.  It  could  be  assigned  either  as  a  (e-A°)  peak  or  as  a  “two-hole” 
replica  of  the  (Ao,X)  peak  in  which  the  acceptor  is  left  in  its  first  excited  5-like  state  after  the 
exciton  recombines.  Since  the  peak  is  consistently  several  meV  lower  in  energy  than  the  (e-A°) 
peak  that  appears  at  high  temperature,  we  assign  it  as  a  two-hole  transition.  This  identification 
implies  a  15-25  separation  of  189  meV  for  Mg  acceptors,  which  is  a  relatively  large  fraction 
(0.844)  of  their  binding  energy.  While  this  value  is  larger  than  that  for  a  purely  hydrogenic  case 
(0.75)  and  larger  than  typical  values  for  semiconductors  with  large  spin-orbit  splitting,  no 
quantitative  calculations  have  been  given  in  the  literature  for  the  2s  excited  state  of  acceptors  in  the 
limit  where  the  acceptor  binding  energy  is  much  greater  than  the  spin-orbit  splitting  of  the  valence 
band.  Such  calculations  are  now  in  progress  to  test  the  reasonableness  of  our  assignment.  The 
large  ratio  could  also  be  due  to  a  central  cell  correction,  which  will  be  about  eight  times  larger  for 
the  l5  state  than  for  the  25  state. 

In  samples  doped  with  both  Mg  and  H,  we  see  several  differences  from  the  Mg-doped  only 
case,  as  partially  illustrated  for  two  different  doping  levels  in  Fig.  7.  New  PL  emissions  that  shift 
rapidly  to  higher  energy  with  increasing  excitation  intensity  are  observed  both  in  the  exciton  region 
and  in  the  (D°-A°)  region  of  the  spectra.  This  type  of  behavior  is  suggestive  of  highly  compen¬ 
sated  regions  in  the  samples  [12].  Such  emissions  are  only  rarely  present  without  intentional  H 
doping.  Also,  the  doping  seems  to  be  less  effective,  as  judged  by  the  narrower  (D^’-A®)  and 
exciton  peaks  involving  the  Mg-doped  material  at  high  doping  when  H  is  used.  Also,  the  absence 
of  the  exciton  structure  involving  excitons  bound  to  pairs  of  Mg  acceptors  (A'^-A°,X)  in  the  H- 
doped  case  suggests  that  many  of  the  Mg  acceptors  (if  they  incorporated  at  the  same  rate)  have 
been  de-activated  by  H.  However,  the  Mg  acceptor  binding  energy  determined  from  temperature- 
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dependent  measurements  of  the  (e-A°)  peak  position  in  the  H-doped  material  is  the  same  (witWn 
experimental  accuracy)  as  that  in  material  without  added  H.  Those  ‘  shallow  acceptor  levels  that 
are  present  are  therefore  unaffected  by  the  H.  However,  we  also  find  evidence  for  deeper 
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Fig.  6.  Excitation  intensity-dependent  PL 
spectra  for  the  sample  of  Fig.  5. 
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Fig.  7.  Spectra  of  GaN  layers  with  two  different 
Mg  doping  levels,  with  and  without  H  doping. 


In  conclusion,  we  determined  the  Mg  acceptor  binding  energy  in  GaN  both  with  and  without  H 
addition  (it  is  the  same).  We  also  observe  two-hole  transitions  in  GaN  for  the  first  time,  which 
involve  the  Mg  acceptors.  Use  of  reflectance  to  correct  for  vmable  strains  and  careful  observation 
of  phonon  coupling  strengths  is  found  to  be  essential  to  identify  the  peaks  reliably. 


ACKNOWLEDGMENTS 


Work  at  NCSU  was  supported  by  DARPA,  ARO,  and  Cree  Research.  Work  at  ASU  was 
supported  by  NSF  through  the  ASU  Materials  Research  Science  and  Engineering  Center. 


REFERENCES 

[1]  R.  W.  B.  Pearse  and  A.  G.  Gay  don,  The  Identification  of  Molecular  Spectra.,  Wiley,  New 
York,  1963,  pp.  209-220. 

[2]  A.  N.  Wright  and  C.  A.  Winkler,  Active  Nitrogen  .  Academic,  New  York,  1968,  pp.  15-220. 

[3]  A.  R.  Stringanow  and  N.  S.  Sventitskii,  Tables  of  Spectral  Lines  of  Neutral  and  Ionized 
Atoms,  Plenum,  New  York,  1968,  pp.  lll-140b. 

[4]  R.P.  Vaudo,  X.  Yu,  J.W.  Cook,  Jr.,  and  J.F.  Schetzina,  Optics  Letters  18,  p.  1843  (1993). 

[5]  W.  C.  Hughes,  J.W.  Cook,  Jr,  J.  F.  Schetzina,  J.  Ren  and  J.  A.  Edmond,  J.  Vac.  Sci. 
Technol.B  13,  p.  1571  (1995). 

[6]  B.J.  Skromme,  J.W.  Hutchins,  H.  Zhao,  H.S.  Kong,  M.T.  Leonard,  G.E.  Bulman,  C.R. 
Abernathy,  and  S.J.  Pearton,  presented  at  the  Electronic  Materials  Conference,  Santa 
Barbara,  Paper  #W6,  1996. 

[7]  R.  Dingle,  D.D.  Sell,  S.E.  Stokowski,  and  M.  Begems,  Phys.  Rev.  B  4,  p.  1211  (1971). 

[8]  M.  Begems  and  R.  Dingle,  J.  Appl.  Phys.  44,  p.  4234  (1973). 

[9]  P.J.  Dean  and  A.M.  White,  Solid  State  Electron.  21,  p.  1351  (1978). 

[10]  E.  Molva  and  N.  Magnea,  Phys.  Stat.  Sol.  (b)  102,  p.  475  (1980). 

[1 1]  R.  Dingle  and  M.  Begems,  Solid  State  Commun.  9,  p.  175  (1971). 

[12}  P.W.  Yu,  J.  Appl.  Phys.  48,  p.  5043  (1977). 


220 


PRESSURE  CONTROLLED  GaN  MBE  GROWTH  USING  A 
HOLLOW  ANODE  NITROGEN  ION  SOURCE 

M.  S.H.  Leung,*’**  R.  Klockenbrink,*  C.  Kisielowski,*  H.  Fujii,*  I  Kriiger,*  Sudhir  G.S.,* 

A.  Anders,**  Z.  Liliental-Weber,**  M.  Rubin,**  and  E.  R.  Weber*.** 

*  Department  of Materials  Science  and  Mineral  Engineering,  University  of  California, 

Berkeley, CA  94720 

Materials  Science  Division,  Lawrence  Berkeley  National  Laboratory,  Berkeley,  CA  94720. 

ABSTRACT 

GaN  films  were  grown  on  sapphire  substrates  at  temperatures  below  iOOO  K  utilizing  a  Hollow 
Anode  nitrogen  ion  source.  A  Ga  flux  limited  growth  rate  of  0.5  pm/h  is  demonstrated.  Active  utilization 
of  strain  and  the  assistance  of  a  nitrogen  partial  pressure  during  buffer  layer  growth  are  found  to  be  crucial 
issues  that  can  improve  the  film  quality.  The  best  films  exhibit  a  full  width  at  half  maximum  of  the  x-ray 
rocking  curves  of  80  arcsec  and  I.85  meV  for  the  excitonic  photoluminescence  measured  at  4  K.  A 
Volmer-Weber  three  dimensional  growth  mode  and  the  spontaneous  formation  of  cubic  GaN  inclusions  in 
the  hexagonal  matrix  are  observed  in  the  investigated  growth  temperature  range.  It  is  argued  that  this 
growth  mode  contributes  to  a  limitation  of  the  carrier  mobility  in  these  films  that  did  not  exceed  120 
cmWs  though  a  minimum  carrier  concentration  of  -  lO'^  cm'^  was  achieved. 

INTRODUCTION 

In  recent  years,  GaN  thin  film  growth  was  developed  in  an  unprecedented  short  time  [1-3],  At 
present,  films  grown  by  metal-organic  chemical-vapor  deposition  (MOCVD)  or  related  techniques  exhibit 
the  best  physical  properties  that  allow  for  the  fabrication  of  LED’s,  and  for  the  development  of  power 
devices  and  laser  diodes.  In  addition,  growth  of  GaN  thin  films  by  molecular  beam  epitaxy  (MBE)  was 
successful  [4,  5],  In  contrast  to  MOCVD,  a  MBE  growth  process  can  exploit  deviations  from 
thermodynamic  equilibrium  that  may  help  to  increase  doping  levels  or  to  grow  AlN/InN/GaN  quantum  well 
structures  of  quality.  However,  GaN  thin  films  are  grown  at  temperatures  that  are  low  compared  with  the 
melting  point  of  the  material  (Tg^owth  <  0.5  TJ,  though  absolute  growth  temperatures  are  high  (typical: 
MBE  growth  at  1000  K;  MOCVD  growth  at  1300  K).  This,  together  vvith  the  lack  of  lattice  matched 
substrates  makes  the  growth  of  GaN  thin  films  a  rather  complex  process.  Additional  complications  arise  for 
the  MBE  growth  process.  These  range  from  technical  limitations  imposed  by  the  development  of  reliable 
nitrogen  sources  that  can  give  growth  rates  >  liim/h  to  the  lack  of  basic  understanding  of  thin  film  growth 
at  low  temperatures. 

In  this  paper  we  demonstrate  that  a  hollow  anode  ion  source  (HA-CGD),  utilizing  a  constricted  dc 
glow  discharge  nitrogen  plasma,  allows  for  a  reliable  MBE  growth  of  GaN  thin  films.  The  imprecedented 
low  kinetic  energy  (~  5  eV)  of  the  activated  nitrogen  ions  minimizes  ion  damage  of  the  growing  films.  For 
the  present  study,  a  Ga  flux  limited  growth  rate  of  -  0.5  mm/h  was  used.  We  expect  to  realize  growth  rates 
>  1  pm/h  in  the  near  future.  These  properties  distinguish  the  HA-CGD  nitrogen  source  from  commonly 
used  ECR  and  RF  sources.  Those  suffer  in  addition  from  a  more  complex  design  which  makes  them  more 
susceptible  to  failure  during  operation.  We  demonstrate  that  our  films  compare  in  several  aspects  very  well 
with  state-of-the-art  MOCVD  grown  films.  In  addition,  we  show  that  at  growth  temperatures  below  1000 
K  hexagonal  (2H)  and  cubic  (3C)  GaN  can  be  grown  and  that  a  Volmer-Weber  three  dimensional  (3D) 
growth  mode  results  in  films  being  composed  of  oriented  sub-grains.  It  is  argued  that  their  shape,  size  and 
coalescence  is  limited  by  the  diffusion  of  Ga  ad-atoms,  depending  on  strain  and  growth  temperature. 
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EXPERIMENTS 


GaN  is  grown  using  a  refurnished  Riber  1000  MBE  system.  A  Knudsen  cell  is  used  to  evaporate 
pure  Ga  (99.9999%)  while  the  activated  nitrogen  is  produced  by  the  HA-CGD  source  with  pure  nitrogen 
gas  (99.9999%)  along  with  a  Millipore  nitrogen  purifier.  Some  details  of  the  source  design  are  given 
elsewhere  [6].  A  dc  voltage  generates  a  glow  discharge  in  a  hollow  anode  ion  source  that  is  constricted  to 
an  area  in  the  plasma  chamber  close  to  the  gas  exit.  It  is  the  pressure  difference  between  the  plasma 
chamber  and  the  MBE  growth  chamber  that  extracts  the  activated  nitrogen  species  with  energies  around  5 
eV.  Liquid  nitrogen  cryopanels  are  used  during  growth  to  obtain  a  base  pressure  in  the  chamber  of  ~  5  x 
10*’“  Torr.  A  thin  Titanium  (Ti)  layer  on  the  back  of  the  substrate  absorbs  the  heat  radiated  from  the 
Tungsten  (W)  filament  heater.  The  temperature  of  the  substrate  is  monitored  with  a  pyrometer.  10  x  11 
mm’^  c-plane  sapphire  substrates  are  used.  They  are  degreased  by  boiling  in  acetone  and  ethyle  alcohol  for  5 
minutes  each  and  blown  dry  with  nitrogen  gas  and  introduced  in  the  growth  chamber  via  a  load  lock.  The 
substrates  are  heated  up  to  700  ®C  for  thermal  desorption  of  surface  contaminants.  At  this  temperature, 
they  are  exposed  to  activated  lutrogen  for  10  minutes.  Subsequently,  a  thin  low  temperature  GaN  buffer 
layer  (~  250  A)  is  deposited  on  the  substrate.  Finally  the  main  epitaxial  layer  is  grown  on  the  buffer  layer 
during  4  hours.  Typical  grown  conditions  are;  Ga  source  temperature:  1210  K;  nitrogen  flow  rate;  5-80 
seem;  buffer  layer  growth  temperature:  773  K;  main  layer  growth  temperature;  1000  K.  The  nitrogen 
partial  pressure  in  the  chamber  during  growth  was  varied  in  the  range  10'^  -  10'^  Torr.  The  strain  in  the 
layers  was  engineered  by  using  buffer  layers  of  different  thickness  (0-30  nm)  and  by  variation  of  the  II W 
flux  ratio  during  main  layer  growth  [7].  About  100  films  were  grown  with  the  HA-CGD  source  and  the 
source  did  not  fail  in  a  single  event. 


Fig.  1: 

Growth  rate  for 
different  flows  of 
nitrogen  from  the  HA- 
CGD  source.  For  a  N- 
flux  larger  than  20 
seem  the  growth  rate  is 
limited  by  the  Ga 
source  temperature  of 
1210  K. 


RESULTS  AND  DISCUSSION 

In  figure  1  we  show  that  we  achieved  a  growth  rate  of  400-500  nm/h  that  is  Ga  flux  limited  for 
nitrogen  flows  that  exceed  20  seem.  The  rate  is  determined  by  measuring  the  film  thickness  and  for  a 
growth  time  of  four  hours.  The  present  design  of  the  HA-CGD  source  allows  for  an  increase  of  the  nitrogen 
flow  to  150  seem.  Consequently,  we  expect  growth  rates  >1  pm/h  to  be  realized  in  the  near  future. 
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The  strain  in  the  films  was  engineered  by  the  buffer  layer  thickness  and  the  composition  of  the  film 
as  described  previously  [7],  We  note  that  in  addition  the  nitrogen  partial  pressure  in  the  growth  chamber 
can  be  utilized  to  grow  films  with  a  smoother  surface  morphology.  Figure  2  shows  the  dependence  of  the 
surface  roughness  on  the  nitrogen  flow.  Obviously,  an  increase  of  the  nitrogen  partial  pressure  during 
buffer  layer  growth  reduces  the  roughness  of  the  films  considerably.  A  pressure  of  -  10'^  Torr  decreases 
the  mean  free  path  of  the  activated  species  to  source-substrate  distance  so  that  collisions  with  the 
background  gas  reduce  the  kinetic  energy  of  the  ions.  This  alters  the  structure  of  the  buffer  (nucleation) 
layer  by  forming  a  homogeneous  layer  with  smaller  nucleation  sites. 


Fig.  2: 

Dependence  of  the 
surface  roughness  on 
the  nitrogen  flow 
realized  with  two 
different  nitrogen  par¬ 
tial  pressures.  Depic¬ 
ted  are  root  mean 
square  (RMS)  AFM 
results  obtained  from 
2x2  pm^  areas. 


The  structural  quality  of  the  GaN  films  were  characterized  by  x-ray  diffraction  measurements  with 
a  Siemens  D5000  x-ray  diffractometer  containing  a  four  bounce  Ge  monochromator.  Typically,  (0002) 
rocking  curves  exhibited  a  full  width  at  half  maximum  (FWHM)  ranging  2  to  10  arcmin  depending  on  the 
growth  condition.  In  the  present  study,  a  best  value  80  arcsec  was  obtained.  Fig.  3  shows  the  0/20  scan  of 
this  particular  GaN  film  grown  on  c-plane  sapphire.  The  insert  depicts  the  (0002)  rocking  curve.  Such 
FWHM  values  are  well  comparable  to  the  best  heteroepitaxially  grown  MOCVD  GaN  samples. 

The  photoluminescence  spectrum  depicted  in  figure  4  was  excited  using  the  325  nm  line  of  a  50 
mW  HeCd  laser.  The  luminescence  light  was  then  dispersed  by  a  0.85m  double  monochromator  and 
detected  with  a  photomultiplier  via  a  lock-in  technique.  The  sample  temperature  was  4  K.  The  spectrum  is 
dominated  by  a  donor  bound  excitonic  transition  at  3.468g  eV  with  a  FWHM  of  I.85  meV,  indicating  that 
the  layer  is  only  slightly  compressed  [8].  To  the  best  of  our  knowledge,  an  excitonic  line  as  narrow  as  I.85 
meV  has  not  yet  been  reported  for  heteroepitaxial  GaN  films.  Such  narrow  PL  lines  can  be  obtained  by 
engineering  the  strain  in  the  material  such  that  after  the  post-growth  cooling  the  film  is  almost  strain  free. 

The  surface  morphology  of  the  films  was  investigated  by  a  Park  Scientific  Atomic  Force 
Microscope  operated  in  air  with  tip  force  of  1  nN  and  a  scan  rate  of  1  Hz.  Details  of  the  study  are  reported 
elsewhere  in  these  proceedings  [8].  No  surface  treatment  is  applied  to  the  sample  to  preserve  the  surface 
features.  Figure  5  depicts  the  surface  morphology  of  a  compressed  GaN  film  measured  by  AFM  as  well  as 
a  cross-section  transmission  electron  micrograph  of  the  same  sample.  From  the  AFM  image  figure  5  it  can 
be  seen  that  the  film  is  composed  of  individual  large  features  of  ~  1  pm  diameter.  Such  features  can  vary  in 
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Fig.  3: 

A  0/20  scan  of  a 
GaN  film  grown  on  c- 
plane  sapphire.  The 
FWHM  of  the 
rocking  curves  is  80 
arcsec,  indicating  an 
excellent  structural 
quality. 


Energy  (eV) 


Fig,  4: 

PL  spectrum  of  a 
MBE  grown  sample, 
taken  at  4  K.  For  the 
donor  bound  exciton 
we  measured  a  line 
width  (FWHM)  of 
1.85  meV.  The  line 
width  at  room  tem¬ 
perature  is  60  meV. 


size,  shape  and  coalescence  depending  on  the  growth  temperature  and  on  strain  [8].  To  the  best  of  our 
knowledge,  all  MBE  films  grown  in  this  temperature  range  exhibit  similar  surface  structures.  We  argue 
that  the  formation  of  such  structures  is  due  to  the  low  growth  temperature.  The  corresponding  TEM  image 
reveals  that  the  film  is  composed  of  individual  but  oriented  column-like  grains.  In  this  particular  example 
the  sub-grains  do  not  even  coalesce.  The  grain  size  appears  to  be  limited  by  surface  diffusion  of  Ga  ad¬ 
atoms  [8],  These  growth  conditions  lead  to  a  very  efficient  reduction  of  the  dislocation  density  close  to  the 
substrate/film  interface.  Consequently,  individual  sub-grains  are  almost  dislocation  free  at  the  top  of  the 
layers.  The  surface  is  atomically  flat  as  a  result  of  the  compressive  strain  in  the  sample.  Closer  inspection 
of  the  TEM  image  reveals  inclusions  with  60°  and  120°  angles,  see  figure  5.  High  resolution  TEM  (figure 
6)  confirms  that  such  inclusions  are  cubic  GaN  crystals  in  the  hexagonal  matrix.  The  occurance  of  the 
cubic  phase  was  found  to  decrease  with  increasing  nitrogen  flow,  indicating  that  Ga-rich  growth  conditions 
favor  the  formation  of  cubic  GaN.  However,  varying  the  composition  of  the  films  influences  the  strain  in 
the  layers  so  that  it  is  not  possible  to  exclude  an  impact  of  strain  on  the  formation  of  the  cubic  phase.  The 
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observation  of  the  cubic  inclusions  in  areas  close  to  the  top  of  the  layer  also  suggest  their  spontaneous 
formation. 

Finally,  we  note  that  our  films  contain  significant  contamination  with  oxygen,  carbon  and  hydrogen 
(>  lO'*  cm'^).  In  these  films  carrier  concentrations  down  to  10^^  cm‘^  were  obtained,  however,  the  carrier 
mobility  did  not  exceed  120  cmWs.  Ongoing  investigations  indicate  that  the  presence  of  the  columnar 
structure  in  our  films  contributes  to  the  reduction  of  the  carrier  mobility. 


CONCLUSIONS 

In  conclusion,  we  demonstrate  MBE  growth  of  GaN  thin  films  at  a  rate  of  ~  0.5  pm/h  by  use  of  a 
Hollow  Anode  nitrogen  ion  source.  A  growth  procedure  has  been  developed  that  is  pressure  assisted  and 
utilizes  strain  to  engineer  physical  properties  of  GaN  films.  The  obtained  material  compares  well  with 
MOCVD  grown  crystals  as  to  its  optical  performance  or  its  structural  quality  determined  from  the  width  of 
x-ray  rocking  curves.  At  MBE  growth  temperatures  <  1000  K  a  Volmer-Weber  3D  growth  mode  is 
observed.  As  a  result,  the  films  are  composed  of  columnar  oriented  sub-grains.  The  presence  of  such  grains 
and  the  a  large  impurity  content  in  our  films  may  limit  the  carrier  mobility.  Spontaneous  formation  of  the 
cubic  GaN  phase  is  observed  if  films  are  grown  under  Ga  rich  conditions. 
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Fig.  6: 

High  resolution  lat- 
ice  image  of  cubic 
(3C)  and  hexagonal 
(2H)  GaN  grown  by 
MBE.  Cubic  GaN 
forms  if  the  IIW 
ratio  is  large.  Zone 
axes:  [1  i-2]l|[l  10] 
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ABSTRACT 

GaN  films  grov/n  on  sapphire  at  different  temperatures  are  investigated.  A  Volmer-Weber 
growth  mode  is  observed  at  temperatures  below  lOOOK  that  leads  to  thin  films  composed  of 
oriented  grains  with  finite  size.  Their  size  is  temperature  dependent  and  can  actively  be  influenced 
by  strain.  Largest  grains  are  observed  in  compressed  films.  It  is  argued  that  diffusing  Ga  ad-atoms 
dominate  the  observed  effects  with  an  activation  energy  of  2.3  ±0.5  eV.  Comparably  large  grain 
sizes  are  observed  in  films  grown  on  off-axes  sapphire  substrates  and  on  bulk  GaN.  This  assures 
that  the  observed  size  limitation  is  a  consequence  of  the  3D  growth  mode  and  not  dependent  on 
the  choice  of  the  substrate.  In  addition,  the  grain  size  and  the  surface  roughness  of  the  films 
depend  on  the  nitrogen  partial  pressure  in  the  molecular  beam  epitaxy  (MBE)  chamber, most  likely 
due  to  collisions  between  the  reactive  species  and  the  background  gas  molecules.  This  effect  is 
utilized  to  grow  improved  nucleation  layers  on  sapphire. 

INTRODUCTION 

GaN  films  are  usually  grown  at  temperatures  that  are  low  compared  with  the  melting  point 
(<  0.5  Tm)  of  the  material.  This,  as  well  as  the  growth  on  lattice  mismatched  substrates  (e.g. 
sapphire  or  SiC)  with  largely  different  thermal  expansion  coefficients,  greatly  affects  the  crystal 
quality  and  introduces  strain  into  the  layers.  Amano  et  al.  [1]  and  Nakamura  [2]  introduced  the 
gro\vth  of  AIN  and  GaN  buffer  layers  to  improve  the  film  quality  and  to  relax  strain.  A 
coexistence  of  hydrostatic  and  biaxial  strain  components  in  the  GaN  films  was  recently  found  [3] 
that  allows  to  strain  engineer  the  films.  The  design  of  an  appropriate  buffer  layer  structure  is 
crucial  for  this  purpose.  However,  the  impact  of  growth  parameters  on  the  film  morphology  is  not 
well  understood.  Wu  et  al.  reported  on  the  evolution  of  the  morphology  of  GaN  buffer  and  main 
layers  [4].  However,  its  dependence  on  growth  temperature,  pressure  and  strain  remained  hidden. 
In  this  paper  we  report  on  the  impact  of  growth  temperature,  strain,  substrates  and  pressure  on 
the  morphology  of  GaN  films. 

EXPERIMENTAL 

The  GaN  films  were  grown  by  ion-assisted  MBE  on  c-plane  and  off-axes  sapphire 
substrates.  Homoepitaxial  growth  was  performed  on  bulk  GaN.  Details  of  the  growth  procedure 
are  reported  elsewhere  [5].  The  films  were  homogeneous  and  well  reproducible.  Here,  ~  l.Spm 
thick  GaN  layers  were  investigated.  An  n-type  carrier  concentration  of-- 10^^  cm'^  was  present  in 
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Figure  1:  AFM  plan~view  images  of  GaN  films  on  sapphire  substrates  grown  at  different 
temperatures  by  different  methods  as  indicated. 

all  investigated  MBE-grown  films  that  did  not  change  with  the  growth  conditions.  The  n-type 
conductivity  might  be  influenced  by  impurities.  Oxygen,  carbon  and  hydrogen  were  detected  by 

SIMS  at  concentrations  larger  than  10*®  cm'^ .  ^  ^ 

Here,  we  report  on  results  obtained  by  AFM,  by  PL  spectroscopy  and  by  TEM.  AFM 
measurements  (contact  mode)  were  done  in  air  with  an  AFM  tip  force  of  1  nN  and  a  scan  rate  of 
1  Hz.  We  used  the  root  mean  square  (RMS)  value  of  a  2  pm  x  2  pm  area  to  quantify  the  surface 
roughness.  The  feature  sizes  were  evaluated  statistically. 

PL  measurements  were  done  at  4  K  using  the  excitation  of  a  325  nm  He-Cd  laser  line.  The 
shift  of  the  dominant  donor  bound  exciton  from  its  zero  strain  position  at  3.467  eV  [3]  was 
evaluated  to  measure  strain  at  4  K.  A  narrow  half  width  of  the  lines  (best  full  width  at  half 
maximum;  I.85  meV  at  3.4688  for  GaN  film  grown  by  MBE  on  sapphire)  allowed  to  measure 
strains  as  small  as  lO'"*. 

RESULTS  AND  DISCUSSION 


Figure  1  shows  AFM  images 
of  GaN  films  grown  on  sapphire  at 
different  growth  temperatures.  We 
compare  the  surface  morphology  of 
the  MBE  grown  films  (figure  lb,c) 

Figure  2: 

Feature  size  as  a  function  of  the 
reciprocal  growth  temperature. 
Open  circles:  Films  grown  by 
MOCVD  and  by  MBE.  Solid 
circles:  strain  engineered  films 
grown  by  MBE. 


Reciprocal  Growth  Temperature  1000/T  (1/K) 
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Tensile  strain  No  strain  Compressive  strain 


Figure  3  :  AFM plan-view  images  of  strain  eT^}mered  GaN  thin  films  grown  byMBE  at  lOOOK. 


with  the  surface  of  a  GaN  film  grown  by  MOVPE  grown  at  1300K  (figure  la).  Details  of  the  film 
morphology  are  given  elsewhere  [6].  Here,  we  stress  that  in  figure  la  a  Stranski-Krastanov  [7] 
growth  mode  can  be  seen  that  causes  two-dimensional  (2D)  plateaus  and  a  three-dimensional 
(3D)  grain.  Step  flow  growth  is  observed  in  the  flat  areas.  In  contrast,  figures  lb  and  Ic  depict  a 
Volmer-Weber  [8]  growth  mode  with  3D  features  only.  Cross-section  TEM  reveals  that  the 
features  seen  in  figures  lb  and  Ic  are  in  fact  oriented  grains  that  form  the  GaN  film  [5].  The 
results  shown  in  figure  1  are  typical  for  all  other  investigated  samples  and  demonstrate  that  the 
sizes  of  grains  in  the  films  depend  on  the  growth  temperature.  Figure  2  depicts  that  the  logarithm 
of  the  grain  diameter  is  approximately  a  linear  function  of  reciprocal  growth  temperature.  Open 
circles  show  GaN  films  grown  by  MOVPE  and  by  MBE.  Solid  circles  are  examples  fi'om  a  series 
of  GaN  films  grown  by  MBE  with  different  strains  in  the  films.  The  grain  size  appears  to  be 
thermally  activated.  An  activation  energy  Ea  =  I.I5  ±  O.25  eV  can  be  estimated  from  this 
Arrhenius  plot.  If  we  assume  that  the  grain  size  is  limited  by  a  surface  diffusion  length  x  ~  (Dt)^^, 
where  D  is  diffusion  coefficient  and  t  is  the  time,  the  activation  energy  of  the  diffusion  coefficient 
is  2.3  eV.  Brandt  et  al.  reported  on  an  activation  energy  of  2,4  eV  for  the  diffusion  rate  of  Ga  ad¬ 
atoms  on  cubic  GaN  surfaces  [9].  However,  they  could  not  specify  whether  or  not  it  is  the 


Figure  4: 

Dependence  of  feature  size  on  the 
donor  bound  exciton  position  that 
measures  strain.  MBE  growth.  Open 
circles:  variation  of  nitrogen  flux. 
Open  triangle  (upwards):  variation 
of  buffer  layer  thickness.  Solid 
square:  Growth  on  MOCVD  film. 
Open  squares:  pressure  controlled 
buffer  layer  structure.  Open  triangle 
(downwards): Different  main  layer 
growth  temperature. 
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Figure  5:  AFM  3D  images  of  GaN  films  grown  on  sapphire  substrates  with  a  different  buffer 
layer  structure  controlled  by  the  nitrogen  partial  pressure  in  the  MBE  chamber. 

diffusion  length  itself  or  the  diffusion  rate  that  depends  on  temperature.  The  similarity  of  the  data 
suggests  that  it  is  the  diffusion  length  of  Ga  ad-atoms  which  is  temperature  dependent  and  limits 
the  grain  sizes  in  our  case.  It  is  also  seen  in  figure  2  that  strain  modifies  the  feature  sizes  as  shown 
by  the  solid  circles. 

Next,  we  describe  a  correlation  of  the  feature  size  with  strain.  The  strain  in  the  films  was 
engineered  by  compositional  changes  and  by  the  growth  of  buffer  layers  of  different  thickness 
[10].  Figures  3  shows  that  for  a  given  growth  temperature  the  feature  sizes  depend  on  strain  that 
was  extracted  from  the  energetic  position  of  donor  bound  excitons  [3].  We  investigated  this 
correlation  for  a  variety  of  films.  From  the  caption  of  figure  4  it  is  clear  that  very  differently 
grown  samples  were  investigated.  Yet,  an  analysis  in  terms  of  strain  gives  consistent  results,  the 
feature  size  in  GaN  films  under  compression  can  be  larger  than  in  films  under  tension.  Thus, 
tensile  and  compressive  strains  affect  the  grain  sizes  in  an  opposite  manner.  Also,  only  films  that 
are  little  strained  or  strain  free  exhibit  a  pyramidal  surface  structure  while  strained  films  are 
atomically  flat  [5].  We  argue  that  it  is  the  activation  energy  for  the  diffusion  of  Ga  ad-atoms  that 
is  likely  to  be  strain  dependent.  In  fact,  a  tensile  strain  widens  the  in-plane  lattice  spacing  of  GaN 
and  this  may  result  in  an  increased  trapping  of  the  “large”  Ga  ad-atoms.  However,  compressed 
films  may  also  exhibit  smaller  surface  features  at  the  same  time.  Ongoing  investigations  indicate 
that  such  small  features  can  be  related  to  the  presence  of  extended  defects  that  locally  modify  the 
strain.  It  should  be  noted  that  the  differential  thermal  expansion  of  a  GaN  layer  and  its  sapphire 
substrate  will  add  a  compressive  component  to  the  strain  present  at  the  growth  temperature  upon 
post-growth  cooling.  This  was  recently  measured  to  occur  up  to  600K  [11].  Thus,  the  strain 
measured  at  4K  is  not  equal  to  the  strain  state  of  the  sample  during  growth. 

Figure  5  shows  AFM  3D  images  of  GaN  films  grown  on  sapphire  substrates  with  different 
buffer  layer  structures  controlled  by  the  nitrogen  partial  pressure  during  MBE  growth^  The 
nitrogen  partial  pressures  during  buffer  layer  growth  was  3.5x  lO^’Torr  (left)  and  3.5  x  10  Torr 
(right),  respectively.  The  pressure  during  main  layer  growth  is  the  same  for  both  samples  (3.5  x 
10*^  Torr).  It  is  seen  that  the  film  grown  on  the  buffer  layer  with  the  larger  nitrogen  partial 
pressure  is  considerably  smoother  though  it  also  exhibits  smaller  surface  features,  a  nitrogen 
partial  pressure  in  the  range  10'^  -  Iff''  Torr  reduces  the  mean  free  path  of  the  activated  ions  to  a 
value  comparable  with  the  source-substrate  distance.  Thus,  collisions  with  gas  molecules  reduce 
the  kinetic  energy  of  the  adsorbed  reactive  species.  Consequently,  surface  diffiision  is  reduced 
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On  c-plane 


6°  off  c-plane 


Figure  6: 

AFM  images  of  MBE 
grown  GaN  films  on  c- 
plane  sapphire  and  on 
substrates  ^  inclined 
towards  the  a-plane.  The 
misorientation  direction  is 
indicated. 


resulting  in  the  formation  of  a  uniform  nucleation  layer  with  grains  reduced  in  size.  This  is 
favorable  for  dislocation  annihilation  during  main  layer  growth.  We  exploit  this  effect  to  improve 
the  quality  of  our  MBE  grown  films  [5], 

Finally  we  evaluated  a  possible  impact  of  the  substrate  material  on  the  size  of  the  grains  in 
our  films.  Figure  6  shows  AFM  plan- view  images  of  films  grown  by  MBE  at  lOOOK  on  c-plane 
sapphire  and  on  6  off  c-plane  sapphire  towards  [ll-20](a-plane).  The  misorientation  direction  is 
indicated  in  figure  6.  Similar  small  features  are  observed  on  all  films  grown  on  the  other 
misoriented  substrates.  In  the  particular  example  of  figure  6  the  misorientation  did  not  stimulate 
step  flow  growth  but  rather  an  alignment  of  the  grains  along  terraces.  The  surface  RMS 
roughness  of  the  films  increases  with  increasing  off-angles  from  c-plane  (figure  7).  Using  bulk 
GaN  as  a  substrate  material  led  to  a  morphology  of  the  GaN  thin  film  that  is  very  simimilar  to  the 
one  shown  in  figure  6.  The  results  support  our  interpretation  that  the  formation  of  grains  in  the 
GaN  films  grown  by  MBE  at  temperature  below  lOOOK  is  caused  by  limited  surface  difilision 
processes  and  not  by  the  choice  of  substrates. 

CONCLUSIONS 

In  conclusion,  a  three  dimensional  (3D) 

Volmer-Weber  growth  mode  determines  the 
morphology  of  GaN  thin  films  grown  by  ion 
assisted  MBE  below  lOOOK.  A  transition  to  a 
step  flow  growth  mode  (2D/3D)  occurs  above 
this  temperature.  For  the  first  time  we  show  that 
the  size  of  the  grains  in  the  films  is  temperature 
dependent  and  modulated  by  strain  which 
induces  an  asymmetry  with  respect  to 

Figure  7; 

Surface  roughness  as  a  function  of  the 
misorientation  angle  between  the  sapphire  c- 
and  a-plane. 
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compression  or  tension.  If  the  formation  of  grains  in  the  films  is  attributed  to  a  limited  surface 
diffusion  length,  we  estimate  a  strain  dependent  diffusion  coefficient  of  2.3  eV.  It  is  suggested  to 
attribute  this  energy  to  the  surface  diffusion  of  Ga  ad-atoms.  The  use  of  different  substrates  does 
not  influence  this  growth  mode  significantly.  An  increase  of  the  nitrogen  partial  pressure  for 
buffer  layer  growth  is  found  to  be  suitable  for  a  better  coverage  of  sapphire  with  small  GaN 
nucleation  sites. 
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ABSTRACT 

AlxGai.xN  films  (x<0.60)  were  grown  on  c-plane  sapphire  and  (0001)  6H-SiC 
substrates  using  ECR  plasma  assisted  Molecular  Beam  Epitaxy.  Evidence  of  long  range 
ordering  in  the  investigated  AlxGai.xN  films  is  presented.  Without  intentional  dopants  the 
films  are  semi-insulating  with  resistivities  ranging  from  10^  to  10^  C2.cm.  The  films  were 
doped  n-type  with  Si  and  p-type  with  Mg.  The  carrier  concentration  in  the  Si  doped  films, 
as  determined  by  Hall  effect  measurements,  was  between  10^^  to  lO'^  cm'l  At  constant 
Si  cell  temperature,  the  carrier  concentration  was  found  to  be  reduced  with  AIN  mole 
fraction,  consistent  with  the  observation  that  the  donor  ionization  energy  increases  with 
Al  content.  Correspondingly,  the  electron  mobility  decreases  with  A1  concentration,  a 
result  attributed  to  alloy  scattering.  The  Mg  doped  films  were  found  to  exhibit  p-type 
conductivity  by  thermoelectric  power  measurements  with  resistivities  varying  from  3  to 
30  Q-cm. 

INTRODUCTION 

The  family  of  the  III-V  nitrides  is  gradually  finding  applications  in  optical  devices 
(LED’s,  lasers  and  detectors)  as  well  as  electronic  devices*.  However,  the  majority  of  the 
scientific  effort  was  focused  on  the  growth  and  characterization  of  GaN  films  and  very 
little  effort  has  been  dedicated  to  the  study  of  its  alloys  with  InN  and  AIN.  In  particular 
doping  studies  of  such  alloys  are  very  Hmited^’^. 

In  this  paper,  we  report  on  n-  and  p-type  doping  studies  of  ARGai-xN  alloys  with  x  < 
0.6.  The  films  were  grown  by  ECR-MBE  and  doped  n-type  with  Si  and  p-type  with  Mg. 

EXPERIMENTAL  METHODS 


The  AlGaN  films  were  deposited  in  a  Varian  Gen  II  MBE  unit  equipped  with  an 
ASTEX  compact  ECR  microwave  plasma  source  to  activate  the  molecular  nitrogen.  The 
deposition  method  has  been  described  in  detail  previously"*.  In  this  paper,  we  present  only 
a  brief  description  of  the  deposition  method. 

The  AlGaN  films  were  grown  on  (0001)  sapphire  and  (0001)  Si-terminated  6H-SiC 
substrates.  The  sapphire  substrates  were  initially  nitridated  at  750°C"*  and  subsequently  a 
low  temperature  (550-600  °C)  GaN  or  AfrGai.xN  buffer  (approximately  300  A  thick)  was 
grown.  Following  this  step,  the  ALGa^xN  alloys  (about  1  pm  thick)  were  grown  at  700- 
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775  '’C.  Growth  of  AlxGai-xN  alloys  on  6H-SiC  was  done  directly  without  employment 
of  any  buffer  layer.  The  films  were  characterized  by  in-situ  RHEED  studies,  XRD  and 
SEM.  Such  structural  studies  were  reported  elsewhere^ 

The  chemical  composition  of  the  investigated  alloys  was  determined  by  accurate 
measurements  of  the  c-lattice  constant  using  XRD  as  well  as  energy  dispersive 
spectroscopy  (EDS)  as  reported  previously^ 

The  transport  properties  of  the  semi-insulating  and  lightly  doped  films  were 
determined  by  four-probe  resistivity  measurements  as  a  function  of  temperature.  The 
moderately  and  heavily  doped  films  were  characterized  by  Hall  effect  measurements 


grown  on  c-plane  sapphire  b)(0001)  diffraction  peak  of  the  same  GaN  and  Alo.26Gao.74N 
layers  indicating  long  range  ordering  of  the  Alo.26Gao.74N  alloy. 


EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  films  were  characterized  structurally  by  XRD  using  Cu  Kai  radiation.  Evidence 
of  long  range  ordering  in  these  ALGai.xN  films  is  provided  by  the  existence  of  the  (0001) 
diffraction  peak,  which  is  a  forbidden  reflection  in  the  hexagonal  close  packed  structures. 
Figure  1  shows  the  diffraction  pattern  at  the  (0002)  peak  (a)  and  the  (0001)  peak  (b)  of  an 
Alo.26Gao.74N,  1  p.m  film  grown  on  a  0.2  pm  thick  GaN  film  on  (0001)  sapphire.  Figure  la 
shows  both  the  GaN  and  Alo.26Gao.74N  Bragg  peaks.  On  the  other  hand,  figure  lb  shows 
only  the  diffraction  peak  which  corresponds  to  Alo.26Gao.74N.  The  existence  of  this 
diffraction  peak  can  only  be  accounted  by  crystal  ordering^.  More  detailed  studies  on  this 
important  observation  is  presented  elsewhere^. 

Figure  2  shows  the  conductivity  vs  A1  concentration  for  a  number  of  undoped  and  Si- 
doped  films  grown  on  sapphire  and  6H-SiC  substrates.  Some  of  the  AlxGai_xN  films  on 
the  sapphire  substrates  were  grown  using  a  GaN  buffer  and  some  an  ALGai-xN  buffer.  It 
appears  the  nature  of  the  buffer  did  not  effect  the  conductivity  of  the  films.  These  data 
show  that  in  both  the  undoped  as  well  as  the  Si-doped  films,  the  conductivity  is  reduced 
with  the  A1  concentration.  Similar  observations  on  undoped  ALGai.xN  films  have 
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Figure  2:  Dependence  of  conductivity  on  A1  concentration  of  AlxGai-xN  films 
a)Grown  on  sapphire  (crosses)  and  6H-SiC  (circles)  substrates  and  doped  with  Si  (flux 
2x10*°  atoms  cm'^  s'*)  b)Undoped  on  6H-SiC  substrates  (triangles). 


been  reported  by  Yoshida  et  al.^  and  on  Ge-doped  films  by  Zhang  et  al^.  This  transition 
from  conducting  to  relatively  insulating  films  with  A1  concentration  is  not  well 
understood. 

Figure  3  shows  the  dependence  of  conductivity  on  dopant  vapor  pressure  for  a  number 
of  Si-  and  Mg-doped  AlxGai-xN  films  with  practically  constant  A1  concentration.  These 
films  were  grown  on  both  sapphire  and  6H-SiC  substrates.  Thus  the  conductivity  of  the 
Si  doped  films  was  controlled  systematically  from  10'^  to  10^  (Q  cm)'*  and  the 
conductivity  of  the  Mg-doped  films  was  about  10'*  (Q  cm)'*. 


Dopant  Vapour  Pressure  (Torr) 


Figure  3;  Dependence  of  AhGai-xN  films’  conductivity  on  dopant  vapor  pressure 
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The  type  of  conductivity  in  Mg-doped  films  was  confirmed  by  thermoelectric  power 
measurements. 

Hall  effect  measurements  were  performed  on  Si-doped  samples  grown  on  sapphire 
substrates.  Fig.  4  shows  the  carrier  concentration  vs  AIN  mole  fraction  for  a  number  of 
films  grown  with  Si-cell  temperature  varying  from  1275-1 375°C.  Thus,  the  carrier 
concentration  was  controlled  reproducibly  from  lO’^  to  lO'^  cm'^.  The  same  data  also 
show  that  the  carrier  concentration  is  reduced  with  increasing  AIN  mole  fraction.  The 
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Figure  4:  Carrier  concentration  dependence  on  AIN  mole  fraction 
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Figure  5:Mobility  variation  vs  AIN  mole  fraction  for  heavily  doped  AlxGai-xN  films 
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electron  mobilities  vs  AIN  mole  fraction  for  the  most  heavily  doped  films  (  Tsi=1375°C  ) 
are  shown  in  Fig.  5.  The  reduction  of  the  electron  mobility  by  almost  an  order  of 
magnitude  as  the  Al  concentration  increased  from  0  to  25%  is  attributed  to  alloy 
scattering.  In  reference  to  the  data  of  Fig.  2,  it  is  apparent  that  the  reduction  of  the 
conductivity  of  the  Si-doped  films  by  6  orders  of  magnitude  is  the  combined  effect  of 
reduction  in  carrier  concentration  and  electron  mobility  with  the  Al  concentration. 

In  order  to  understand  the  mechanism  of  carrier  reduction  with  increasing  AIN  mole 
fraction  for  the  Si-doped  films,  we  studied  the  temperature  dependence  of  the  resistivity 


1000/T  (K-i) 


Figure  6:  Temperature  dependence  of  resistivity  of  AlxGai.xN  films  with  different  Al 
content 


In  all  investigated  samples,  the  resistivity  becomes  practically  temperature  independent 
at  temperatures  below  lOOK  while  it  is  thermally  activated  at  higher  temperatures.  The 
temperature  independent  behavior  at  low  temperatures  was  attributed  by  Molnar  et  al.^  as 
due  to  impurity  band  conduction  which  is  reasonable  since  these  materials  tend  to  be 
compensated^^.  The  high  temperature  data  indicate  that  the  activation  energy  varies  from 
17meV  for  pure  GaN  to  54meV  for  Alo.i8Gao.82N.  Thus,  it  appears  that  the  Si  donor  states 
become  deeper  as  the  Al  concentration  increases.  This  result  is  intriguing  but  at  this 
moment  we  do  not  have  available  a  theoretical  understanding. 


CONCLUSIONS 


In  conclusion,  a  number  of  AlGaN  films  with  Al  concentration  up  to  60%  were  grown 
by  plasma  assisted  MBE  on  sapphire  and  6H-SiC  substrates  and  doped  n-type  with  Si  and 
p-type  with  Mg.  Long  range  ordering  was  observed  in  these  AlGaN  films  by  the  existence 
of  the  (0001)  diffraction  peak.  It  was  also  observed  that  the  conductivity  of  the  Si-doped 
films  as  well  as  the  unintentionally  n-type  doped  films  decreases  with  AIN  mole  fraction. 
Hall  effect  measurements  on  the  same  films  indicate  that  this  decrease  is  due  to  a 
combined  effect  in  reduction  in  carrier  concentration  and  electron  mobility.  The  reduction 
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of  carrier  concentration  was  correlated  with  the  deeper  ionization  energies  of  Si  as  the 
AIN  mole  fraction  increases.  The  reduction  in  mobility  with  AIN  mole  fraction  was 
attributed  to  alloy  scattering.  The  doping  of  AlGaN  films  with  Mg  led  to  material  with 
resistivities  ranging  from  3  to  30  Q-cm. 
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ABSTRACT 

Ill-nitride  semiconductors  are  emerging  as  highly  promising  candidates  for  the  fabrication 
ofwide  band-gap  electronic  and  opto-electronic  devices.  Sapphire  (a-Al203)  is  currently  one  of 
the  primary  substrates  of  choice  for  the  growth  of  GaN  despite  a  large  lattice  mismatch. 
Significant  improvements  in  the  quality  of  Ill-nitride  layers  have  been  demonstrated  by  exposure 
of  the  substrate  to  reactive  nitrogen  species  followed  by  deposition  of  a  low  temperature  AIN  or 
GaN  buffer  layer.  In  this  paper  we  present  a  study  of  the  evolution  of  the  surface  topography 
and  defect  microstructure  of  nitrided  a-AllOa  substrates  and  AIN  buffer  layers  deposited  by 
reactive  molecular  beam  epitaxy  (RMBE).  Their  influence  on  the  morphology  and  properties  of 
GaN  layers  is  also  discussed.  Both  nitridation  time  and  AIN  deposit  thickness  were  varied 
systematically,  at  different  temperatures  and  buffer  growth  rates.  The  microstructures  were 
characterized  using  the  atomic  force  microscope  (AFM)  and  transmission  electron  microscope 
(TEM).  Initial  growth  studies  are  ideally  suited  to  in-situ  experiments,  and  further  investigations 
are  also  in  progress  using  a  unique  UHV  TEM  with  the  facility  for  in-situ  RMBE, 

INTRODUCTION 

Group  Ill-nitride  semiconductors,  possessing  wide  bandgaps,  have  emerged  as  highly 
promising  materials  for  use  in  electronic  and  optoelectronic  device  applications  [1].  Significant 
progress  has  occurred  recently  in  the  development  of  high-efficiency  blue  light  emitting  diodes 
(LEDs)  [2]  and  electronic  devices  [3-5].  Sapphire  is  frequently  the  substrate  of  choice  for  the 
growth  of  epitaxial  Ill-nitride  devices,  despite  large  lattice  and  thermal  mismatches.  Thin,  low 
temperature  AIN  [6,7]  or  GaN  [8]  buffer  layers  have  been  demonstrated  to  significantly  enhance 
the  quality  of  subsequent  GaN  layers  grown  by  the  MOCVD  technique.  Koide  et  al.  [9] 
suggested  that  the  low  temperature  AIN  buffer  layer  improves  the  c-axis  alignment  of  the 
epilayer  by  increasing  the  density  of  nucleation  sites.  The  buffer  layer  is  believed  to  promote 
lateral  growth  of  the  GaN  film  by  decreasing  the  interfacial  free  energy  between  the  film  and  the 
substrate  [6].  Furthermore,  it  has  been  demonstrated  that  exposure  of  the  sapphire  surface  to 
aimnonia  flow  prior  to  growth  of  the  buffer  may  lead  to  further  improvement  in  electrical  and 
optical  properties  despite  an  increased  surface  roughness  [10].  Recent  AFM  investigations  of 
nitrided  sapphire  substrates  in  MOCVD  revealed  that  nitridation  of  sapphire  for  extended 
periods  results  in  a  high  density  of  surface  protrusions  which  favor  3D  growth  of  the 
subsequently  deposited  GaN. 

In  this  paper  we  present  a  study  of  the  influence  of  different  substrate  nitridation 
conditions  and  thin  film  growth  parameters  on  the  surface  morphologies  and  defect 
microstructures  of  RMBE-grown  AIN  buffer  layers  using  AFM  and  TEM.  Preliminary  results 
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of  a  study  of  the  influence  of  the  buffer  layer  on  the  surface  morphology  and  electrical  properties 
of  the  GaN  active  layer  are  also  presented. 

EXPERIMENT 

The  samples  studied  in  the  present  work  were  grown  in  a  conventional  Riber  1000  MBE 
system  modified  for  RMBE  by  addition  of  an  ammonia  gas  injector.  Deposition  was  performed 
onto  acid-etched  c-plane  sapphire  substrates  mounted  on  a  resistively  heated  Mo  block.  The 
substrates  were  heated  to  850®C  in  the  vacuum  chamber  for  3  minutes  to  desorb  surface 
contaminants  before  exposure  to  ammonia  (16sccm)  at  either  800  or  850°C.  A  series  of  samples 
were  exposed  to  ammonia  flow  for  various  times  between  1  and  30  minutes.  The  surface 
roughness  was  determined  using  a  TopoMetrix  Explorer  AFM  with  oxide-sharpened  silicon 
nitride  tips.  Nitrogen  content  at  the  surface  of  the  samples  was  analyzed  using  a  PHI  5400  XPS 
system  with  Mg  target. 

This  experiment  was  then  repeated,  followed  by  deposition  of  AIN  films  with  a 
systematic  variation  of  film  thickness  at  various  deposition  rates.  The  influence  of  nitridation 
time  on  the  surface  roughness  and  microstructure  of  these  films  was  studied  using  AFM  and 
TEM.  GaN  layers  2|am  in  thickness  were  then  deposited  on  a  series  of  AIN  buffer  layers  of 
various  thickness  over  the  range  40-400nm.  The  surface  roughness  of  these  layers  was  again 
determined  using  AFM,  and  the  carrier  concentrations  and  mobilities  determined  from  Hall 
measurements. 

RESULTS 

Nitridation 


Examination  of  the  surfaces  of  sapphire  substrates  nitrided  for  1,  5,  15  and  30  minutes  at 
800°C  revealed  the  continued  presence  of  residual  surface  damage  from  the  substrate  fabrication 
process.  The  surface  roughness  was  found  to  increase  with  exposure  to  ammonia,  and  after  30 
minutes  the  presence  of  a  high  density  (~10^cm'^)of  surface  outgrowths  was  observed.  In  figure 
1  we  present  AFM  images  of  the  surfaces  of  sapphire  substrates  (a)  without  exposure  to  NH3 
and  (b)  after  30  minutes  exposure  at  800°C. 

The  surface  morphology  has  clearly  coarsened  after  exposure  to  NH3  flow,  in  addition  to 
the  introduction  of  the  surface  protrusions.  There  is  no  clear  correlation  between  the  positions  at 
which  the  protrusions  have  formed  and  the  local  surface  topography.  Similar  protrusions  were 
observed  by  Uchida  er  fl/.  [11]  after  nitridation  with  ammonia  at  1050°C  in  an  MOCVD  reactor, 
however  the  observed  density  after  20  minutes  exposure  was  approximately  three  orders  of 
magnitude  greater  than  that  observed  here  (figure  1(b)).  It  is  likely  that  the  combination  of  a 
higher  substrate  temperature  and  background  ammonia  pressure  promotes  a  more  rapid 
nitridation  reaction  leading  to  a  higher  density  of  protrusions  in  MOCVD-grown  samples. 

To  further  study  the  influence  of  temperature  on  surface  topography  during  nitridation, 
the  substrate  temperature  was  increased  to  850°C  and  fresh  samples  exposed  to  ammonia  flow 
(16sccm)  for  periods  of  1,  5  and  15  minutes.  The  surface  roughness  of  these  Scimples  was  found 
to  be  approximately  30%  lower  than  those  nitrided  at  800°C  and  examination  of  the  images 


240 


(a)  (b) 


Figure  1  AFM  images  (2iim  x  2|im)  of  the  surface  morphologies  of  (0001)  a"Al203  (a)  without 
exposure  to  NH3  and  (b)  after  exposure  to  NH3  for  30  mins  at  800®C  (z  markers  represent  3nm). 

suggests  a  smoothening  of  the  surface  damage.  The  nitridation  process  is  believed  to  yield 
AlNxOi.x  via  the  exchange  of  oxygen  from  the  sapphire  with  nitrogen  from  dissociated  ammonia. 
XPS  analyses  of  our  nitrided  samples  confirm  the  incorporation  of  nitrogen  into  the  sapphire 
surface.  The  control  sample,  not  exposed  to  NH3,  showed  essentially  no  nitrogen  Is  peak.  Clear 
peaks  were  detectable,  however,  for  the  samples  nitrided  for  1  minute  and  30  minutes,  the 
intensity  of  the  peak  increasing  with  nitridation  time  confirming  the  presence  of  nitrogen  close  to 
the  surface  of  our  samples. 

The  position  of  the  oxygen  Is  line  after  30  minutes  ammonia  exposure  was  found  to  be 
down-shifted  by  0.25eV  relative  to  the  spectra  obtained  from  both  the  samples  nitrided  for  0  and 
1  minute.  The  origin  of  this  shift  may  be  attributed  to  the  generation  of  a  significant  number  of 
new  bonding  states  between  aluminum,  oxygen  and  nitrogen  atoms  in  the  nitrided  layer. 

AIN  Growth 


The  influence  of  nitridation  on  the  surface  morphology  and  defect  microstructure  of  AIN 
layers  subsequently  deposited  was  investigated  by  comparing  two  samples,  of  similar  thickness, 
deposited  on  sapphire  surfaces  nitrided  for  1  and  10  minutes  respectively.  Although  the 
substrate  surface  roughness  increases  with  nitridation  time,  the  roughness  of  the  AIN  layer  was 
found  to  be  inversely  proportional  to  this  nitridation  time.  An  AFM  image  of  the  AIN  layer 
deposited  on  a  surface  nitrided  for  1  min  is  shown  in  figure  2(a).  The  morphology  is  composed 
of  a  high  density  (-lO^cm'^)  of  surface  protrusions  between  2.5  and  4.5nm  in  height.  The  surface 
of  the  film  deposited  after  10  minutes  nitridation,  however,  exhibits  a  higher  density  of  smaller 
protrusions  on  the  surface,  between  2  and  3.5nm  in  height  (figure  2(b)).  Plan-view  TEM 
specimens  fabricated  from  these  samples  showed  both  films  to  be  highly  oriented  with  the 
substrate,  exhibiting  the  epitaxial  orientation  relationship  (OOOI)ain  H  (0001)sub»  [1010]ain  H 
[1 120]sub-  Electron  micrographs  such  as  that  presented  in  figure  2(c)  confirmed  the  3D  nature  of 
the  microstructure.  The  dimensions  of  the  crystallites  observed  by  TEM  corresponded  to  the 
dimensions  of  the  surface  features  observed  by  AFM;  however,  the  presence  of  cracks  in  the  film 
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(C) 

Figure  2  AFM  images  (l|im  x  l|im)  of  the  surface  morphology  of  40nm  thick  AIN  films 
deposited  on  (0001)  a-Al203  after  nitridation  of  the  surface  for  (a)  1  minute  and  (b)  10  minutes 
(z  markers  represent  5nm).  (c)  Plan-view  TEM  micrograph  of  the  sample  shown  in  (a),  g=l  120, 

not  discernible  by  AFM  are  clearly  evident  in  electron  micrographs  such  as  that  presented  in 
figure  2(c). 

Our  observations  suggest  an  increase  in  the  density  of  nucleation  sites  on  the  substrate 
surface  with  increasing  nitridation  time,  leading  to  increased  uniformity  of  the  surface 
morphology  and  further  investigations  of  these  critical  stages  are  planned  using  a  UHV  TEM 
with  in-situ  RMBE  chamber. 

The  development  of  surface  morphology  was  also  investigated  as  a  function  of  film 
thickness  and  growth  rate.  For  a  given  substrate  nitridation  time,  it  was  found  that  a  significant 
increase  in  buffer  layer  surface  roughness  was  obtained  with  increasing  thickness.  AFM  images 
of  the  surface  morphology  of  samples  40nm  and  200nm  in  thickness  are  presented  in  figure  3(a) 
and  (b),  respectively,  deposited  on  a-Al203  after  1  minute  nitridation  at  850°C.  With  increasing 
film  thickness  the  surfaee  undergoes  a  ripening  transition  leading  to  a  coarse  surface  morphology. 
TEM  investigations  indicate  that  these  samples  do  not  become  polycrystalline  as  has  been 
reported  on  150nm-thick  MOVPE-grown  AIN  on  sapphire  [6].  Rather,  the  films  remain  epitaxial 
and  exhibit  a  high  density  of  defects  close  to  the  interface  with  the  substrate,  the  density 
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Figure  3  AFM  images  (2|im  x  2iim)  of  the  surface  morphologies  of  (a)  an  AIN  film  40nm  thick 
and  (b)  an  AIN  film  200nm  thick,  (c)  a  2|j.m  GaN  film  grown  on  an  AIN  buffer  identical  to  that 
shown  in  (a),  and  (d)  a  2|im  GaN  film  grown  on  an  AIN  buffer  identical  to  that  shown  in  (b), 

Z  markers  represent  24nm  in  (a)  and  (b),  and  300nm  in  (c)  and  (d). 

decreasing  rapidly  with  distance  from  this  interface  as  is  typically  observed  in  GaN  films,  e.g. 
[12].  Increasing  the  growth  rate  for  a  given  layer  thickness  showed  a  dramatic  decrease  in  the 
surface  roughness  of  our  films,  however,  indicating  a  classical  surface  migration  rate-limiting 
mechanism. 

Finally,  the  influence  of  the  AIN  buffer  layer  on  the  microstructure  and  electrical 
properties  of  GaN  active  layers  subsequently  deposited  was  investigated.  A  series  of  AIN  layers 
of  thickness  between  40  and  200nm  were  grown  under  identical  conditions  to  those  shown  in 
figure  3(a)  and  (b).  The  corresponding  surface  morphologies  of  the  GaN  layers,  2p,m  in 
thickness,  are  shown  in  figure  3(c)  and  (d),  respectively.  The  GaN  surfaces  are  composed  of 
characteristic  hexagonal  domains  whose  average  diameter  increases  with  buffer  layer  thickness. 
Comparison  of  the  images  indicates  that  the  morphology  of  the  buffer  layer  has  a  direct  influence 
on  that  of  the  active  layer.  It  is  apparent  that  the  increase  in  AIN  crystallite  size  with  buffer 
thickness  leads  to  a  reduction  in  the  density  of  nucleation  sites  for  the  active  layer  promoting  the 
development  of  hexagonal  GaN  domains  of  increased  diameter.  Preliminary  measurements  of  the 
electrical  properties  of  these  samples  indicate  an  improvement  in  carrier  mobility  with  buffer 


layer  thickness;  whilst  the  origin  of  this  reduction  is  not  clear  it  is  speculated  that  the  reduced 
density  of  boundaries  between  hexagonal  domains  in  the  GaN  is  at  least  partially  responsible. 


CONCLUSIONS 

Investigations  of  the  influence  of  substrate  nitridation  on  the  microstructure  of  RMBE 
grown  AIN  thin  films  indicate  that  the  nitridation  process  in  our  system  leads  to  an  increase  in 
the  surface  roughness  of  the  substrates.  AFM  images  of  subsequently  deposited  thin  AIN  layers 
(40nm  in  thickness)  indicate  an  improvement  in  surface  uniformity  with  substrate  nitridation 
time,  suggesting  that  nitridation  results  in  an  increased  density  of  nucleation  sites  for  the  AIN 
epilayer,  which  favors  a  three-dimensional  nucleation  and  growth  mechanism.  Buffer  layer 
thickness  and  growth  rate  have  a  more  dramatic  influence  on  the  surface  morphology,  however, 
and  exert  a  critical  influence  on  the  morphology  and  electrical  properties  of  the  subsequently 
deposited  GaN  layer. 
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ABSTRACT 

AlN/SiC  structures  are  of  current  importance  for  the  development  of  high  temperature 
electronic  devices.  A  systematic  study  of  the  growth  and  structure  of  AIN  on  Lely  grown  6H-SiC 
was  performed.  The  SiC  substrates  were  chemically  etched  followed  by  thermal  desorption  at  875 
°C  under  UHV  conditions.  AFM  and  RHEED  images  show  the  relative  improvement  in  surface 
morphology  following  the  cleaning  procedure.  AIN  films  were  grown  on  6H-SiC  substrates  using 
plasma  source  molecular  beam  epitaxy  (PSMBE).  Substrate  temperatures  were  varied  from  400  “C 
to  800  “C  and  deposition  energies  from  1  eV  to  25  eV  during  AIN  growth.  The  AIN  crystal 
structure  and  topology  were  analyzed  by  RHEED  and  AFM.  The  AlN/SiC  film  microstructure  are 
correlated  with  the  quality  of  the  SiC  surface  and  the  parameters  of  the  AIN  deposition  process. 
Epitaxial  growth  of  A1N(0002)  was  strongly  dependent  on  the  SiC  surface  quality  and  deposition 
energy.  The  highest  quality  AIN  was  achieved  at  growth  temperatures  of  approximately  600  "C 
and  15  eV  ion  energy.  Higher  ion  energy  resulted  in  amorphous  film  growth. 


INTRODUCTION 

AIN  is  currently  being  investigated  for  optoelectronic,  SAW  and  high  temperature 
electronic  devices, [1-2]  SiC  is  of  interest  as  a  substrate  for  AIN  beeause  of  its  elose  lattice  match 
and  similar  thermal  expansion  characteristics  [6].  The  surface  roughness  and  microstmcture  can 
influence  the  type  of  growth  and  hence  the  quality  of  the  AIN  film  [5-6].  Furthermore,  AlN/SiC 
MIS  type  structures  are  of  importance  for  the  development  of  high  temperature  sensors  and  power 
electronics.  6H-SiC  also  has  a  closer  lattice  match  (mismatch  under  \%)  to  AIN  then  other 
commonly  used  substrates  such  as  silicon  and  sapphire.  These  qualities  make  AlN/SiC  systems  of 
particular  technological  interest.  An  understanding  of  the  growth,  interface  structure  and  the 
development  of  optimal  deposition  parameters  are  critical  to  developing  repeatable  high  quality 
devices.  Therefore,  as  part  of  a  larger  study  of  AlN/SiC  systems,  a  preliminary  study  on  the 
growth  and  structure  of  AIN  on  Lely  grown  6H-SiC  substrates  was  performed. 


EXPERIMENT 

AIN  films  were  grown  on  Lely  6H-SiC  substrates  using  Plasma  Source  Molecular  Beam 
Epitaxy  (PSMBE).  Details  of  the  deposition  system  are  described  elsewhere  [3].  The  deposition 
species  are  generated  in  a  hollow  cathode  plasma  deposition  source  shown  in  Fig.  1.  The  source 
uses  r.f.  power  to  generate  a  nitrogen/argon  (argon  optional)  plasma.  The  very  intense  plasma 
efficiently  dissociates  nitrogen  and  an  internal  sputter  proeess  provides  a  source  of  aluminum  ions. 
The  aluminum  and  nitrogen  ions  (both  mono  and  diatomic)  are  accelerated  to  the  substrate  by  a  d.e. 
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biasing  system.  The  energy  of  the  extracted  ions  is  rather  narrowly  resolved.  The  ions  coalesce  at 
the  heated  rotating  substrate  holder  where  AIN  crystalline  films  are  formed. 


Fi«J.  1  Illustration  of  hollow  cathode  source  for  Plasma  Source  MBE  system 


The  SiC  substrates  were  pre-cleaned  by  standard  degreasing  followed  by  a  chemical 
etching  procedure.  The  chemical  etching  [4]  was  performed  using  H.SO.iHNOj  (1:1)  at  80  "C  for 
30  seconds  followed  by  HChHp,  (5:3)  at  60  °C  for  30  seconds  followed  by  immersion  in  a  10% 
HF  solution  for  60  seconds  to  remove  surface  oxides  and  passivate  the  surface.  The  last  two  steps 
were  repeated  several  times.  The  substrates  were  subsequently  loaded  into  the  UHV  chamber 
under  a  typical  base  vacuum  pressure  of  6x10  '°  Torr.  The  samples  were  then  heated  to  850  C  for 
1  hour  as  a  final  cleaning  step  before  deposition.  Source  power  was  set  at  250  watts  r.f.,  20  seem 
nitrogen  flow,  and  a  synamic  pressure  of  7  x  lO  "*  Torr.  RHEED  and  AFM  studies  of  the  substrate 
were  performed  before  and  after  cleaning  to  determine  crystal  quality.  The  samples  were  analyzed 
during  growth  by  a  differential  pumped  35  keV  Staib  Instruments  RHEED  system  with  a  K-space 
analysis  system. 


RESULTS  AND  DISCUSSION 

As  a  part  of  a  larger  study  of  the  growth  of  AIN  on  various  types  of  SiC  substrates,  we 
performed  preliminary  work  on  the  deposition  of  textured  AIN  films  on  Lely  grown  6H-S1C 
substrates.  Lely  grown  substrates  have  high  crystalline  quality  but  have  rather  scratched  surfaces. 
X-ray  diffraction  analysis  showed  6H-SiC  were  oriented  slightly  off  c-axis.  The  AFM  and 
RHEED  images  in  Fig.  2  show  the  change  in  surface  quality  after  chemical  etching  and  after 
subsequent  heating  for  1  hour  at  850  ‘^C.  The  heating  cycle  clearly  shows  a  better  and  smoother 
substrate  surface  and  sharper  streak  RHEED  patteren  indicative  of  fairly  high  crystal  quality 
surface. 

Subsequent  to  the  cleaning  and  preparation  procedures,  a  series  of  experiments  were 
performed  in  order  to  determine  the  effect  of  deposition  energy  and  substrate  temperature  on 
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growth  morphology.  Figure  3  shows  the  AFM  and  RHEED  images  for  AIN  deposition  using 
aluminum  and  nitrogen  ion  energies  from  1  eV  to  25  eV.  Deposition  with  ion  energies  of 


Fig.  2.  AFM  image  (a)  and  the  corresponding  RHEED  image  (b)  of  the  Lely  grown  6H-SiC  surface  after  chemical 
etching.  AFM  image  (c)  and  the  corresponding  RHEED  image  (d)  of  the  Lely  grown  6H-SiC  surface  after  heating  for 
1  hour  above  850 "C. 

approximately  1  eV  at  600  °C  result  in  a  mostly  textured,  but  partly  polycrystalline,  AIN  film. 
Deposition  at  this  energy  on  silicon  or  sapphire  substrates  have  previously  resulted  in  very 
polycrystalline  films  of  relatively  poor  quality.  However,  the  close  lattice  match  of  the  6H-SiC 
surface  is  more  conducent  to  epitaxial  growth.  Subsequent  increased  ion  energy  results  in  higher 
quality  and  highly  textured  AIN  films.  The  additional  energy  adding  to  the  surface  mobility  of 
aluminum  and  nitrogen  clearly  results  in  better  quality  films  and  probably  a  higher  degree  of 
epitaxy.  Figure  3b  shows  a  streaky  pattern  of  a  rather  high  quality  AIN  film.  Furthermore,  the 
AFM  image  indicates  a  smooth  surface.  Growth  between  12  eV  and  15  eV  on  Si  and  sapphire 
substrates  in  previous  studies  have  also  found  smooth  highly  textured  AIN  films.  However,  as  the 
ion  energy  increases,  a  damage  threshold  (energy  above  approximately  half  the  bulk  displacement 
energy)  is  reached  and  the  as  deposited  AIN  is  transformed  to  a  mixture  of  crystaline  and 
amorphous  film.  The  highest  deposition  energy  (25  eV)  results  in  an  apparently  completely 
amorphous  film. 

Additional  experiments  were  performed  to  determine  the  effect  of  substrate  temperature  on 
growth  morphology.  AIN  was  deposited  on  SiC  substrates  with  a  deposition  energy  of  15  eV. 
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The  substrate  temperature  was  varied  from  400  T  to  800  "C.  Growth  at  400  °C  is  usually  used  as 
a  buffer  layer  for  higher  temperature  growth  on  silicon  and  sapphire  substrates.  At  400  °C  a  mildly 
rough  surface  can  be  seen  by  AFM  in  Figure  4a.  RHEED  images  show  a  combination  of  streaky 


Fig.  3.  a)  RHEED  image  and  b)  AFM  image  of  AIN  film  grown  at  600  "C  and  1  eV.  c)  RHEED  image  and  d)  AFM 
image  of  AIN  film  grown  at  600  "C  and  15  eV.  e)  RHEED  image  and  f)  AFM  image  of  AIN  film  grown  at  600  "C 
and  25  eV. 

and  spotty  pattern.  The  AIN  is  textured  with  a  A1N(0002)  orientation.  As  the  temperature 
increases,  the  added  surface  mobility  gives  a  much  smoother  surface.  AIN  RHEED  pattern 
indicates  a  textured  growth.  As  the  substrate  temperature  continues  to  increase,  the  AIN  surface 
becomes  more  rough  and  the  RHEED  pattern  more  diffuse-  possibly  indicating  a  more  3- 
dimensional  growth  mode. 

Figure  5  shows  AFM  images  of  Lely  Grown  6H-SiC  substrates  and  then  subsequent 
growth  of  AIN.  The  films  were  grown  with  an  ion  energy  of  15  eV.  Snap  shots  of  the  RHEED 
images  were  taken  of:  (i)  the  SiC  substrate,  (ii)  after  a  200A  buffer  layer  was  deposited  at  400  '’C, 
(iii)  after  a  total  of  500A  growth  with  300A  grown  at  600“  C,  and  (iv)  after  3400A  growth  (3200A 
at  600  °C).  The  RHEED  images  show  a  fairly  well  ordered  mostly  textured  AIN  buffer  layer  and 
subsequent  300A.  As  the  growth  continues  the  AIN  crystal  improves  and  the  final  result  is  a  high 
quality  textured  A1N(0002)  orientation  film.  The  evolution  of  the  lattice  mismatch  (in  terms  of 
strain)  is  shown  in  the  graph  (Fig.  6).  The  graph  shows  a  slight  lattice  mismatch  (probably  less 
than  1%)  that  gradually  relaxes  to  the  normal  AIN  lattice  spacing.  Most  of  the  lattice  change  occurs 
during  and  immediately  following  the  400  “C  buffer  region. 
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Fig.  4.  a)  RHEED  image  and  b)  AFM  image  of  AIN  film  grown  at  400  "C  and  15  eV.  c)  RHEED  image  and  d) 
AFM  image  of  AIN  film  grown  at  600  "C  and  15  eV.  e)  RHEED  image  and  f)  AFM  image  of  AIN  film  grown  at 


AIN  consisting  of  200  A  buffer  layer  and  3200  A  AIN  grown  at  600  "C  and  15  eV. 
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Fig.  6.  Graph  of  the  difference  in  lattice  spacing  vs.  filnt  thickness  showing  a)  SiC/AlN  interface;  b)  200  A  buffer 
layer  of  AIN;  c)  500  A  AIN  (200  A  buffer  layer);  d)  3400  A  AIN  (200  A  buffer  layer). 


CONCLUSIONS 

AIN  films  700-800  A  thick  were  grown  on  Lely  grown  6H-SiC  substrates  by  new  energy 
controlled  plasma  source  meolecular  beam  epitaxy  system.  Lely  grown  6H-SiC  substrates  are 
noteably  rough  and  scratched  surfaces.  AFM  showed  sugnificant  improvement  in  surface 
roughness  and  RHEED  images  indicate  good  crystalinae  quality  after  chemical  etching  followed  by 
in-situ  heating  at  850  oC.  Subsequent  to  sample  cleaning  and  preparation,  a  systematic  experiment 
varying  substrate  temperature  (range  400  "C  -  800  '’C)  and  deposition  energy  (1  eV  to  25  eV) 
during  AIN  deposition  was  performed.  The  best  quality  films  were  obtained  at  600  °C  temperature 
and  15  eV  bias  on  the  substrates.  3400  A  thick  AIN  film  was  grown  on  the  SiC  of  substrate  at 
600  "C  and  15  eV.  RHEED  images  showed  a  thickness  dependent  increased  quality  AIN  film 
coincident  with  a  lattice  mismatch  that  gradually  relaxed,  mostly  in  the  buffer  layer  region,  to  near 
bulk  AIN  lattice  spacing. 
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ABSTRACT 

High  resolution  electron  microscopy  has  been  applied  to  characterize  the  structure  of  p- 
GaN  epilayers  grown  on  (001)  GaAs  substrates  by  plasma-assisted  molecular-beam-epitaxy.  The 
rf  plasma  source  was  used  to  promote  chemically  active  nitrogen.  The  layer  quality  was  shown  to 
depend  on  growth  conditions  (Ga  flux  and  N2  flow  for  fixed  rf  power).  The  best  quality  of  GaN 
layers  was  achieved  by  “stoichiometric”  growth;  Ga-rich  layers  contain  a  certain  amount  of  the 
wurtzite  phase.  GaN  layers  contain  a  high  density  of  stacking  faults  which  drastically  decreases 
toward  the  GaN  surface.  Stacking  faults  are  anisotropically  distributed  in  the  GaN  layer;  the 
majority  intersect  the  interface  along  lines  parallel  to  the  “major  flat”  of  the  GaAs  substrate.  This 
correlates  well  with  the  observed  anisotropy  in  the  intensity  distribution  of  x-ray  reflexions. 
Formation  of  stacking  faults  are  often  associated  with  atomic  steps  at  the  GaN-GaAs  interfaces. 


INTRODUCnON 

GaN  currently  attracts  the  interest  of  many  researchers  [1-16]  because  it  is  a  promising 
material  for  device  applications  [1,2].  GaN  crystallizes  either  in  the  stable  wurtzite  (a-GaN)  or 

metastable  zinc-blende  (P-GaN)  structure  depending  on  growth  conditions  and  substrate  structure 
[5,8,11,12].  The  metastable  GaN  polytype  has  some  advantages  with  respect  to  the  hexagonal 
one,  namely,  easy  cleavage,  smaller  bandgap  and  higher  carrier  mobilities.  p-GaN  can  be  grown 

on  various  substrates  including  GaP  [3,15],  p-SiC  [5,12,14],  and  Si  [5,12],  but  the  GaN/GaAs 
is  of  particular  interest  because  GaAs  is  widely  used  for  opto-  and  microelectronics.  The  growth 
of  GaN  on  GaAs  is  complicated  owing  to  the  large  lattice  mismatch  (-20%)  and  the  substantially 
different  chemistry  of  As  and  N  [3,8,13-16].  On  the  other  hand,  the  large  mismatch  in  lattice 
parameters  between  the  epilayer  and  the  substrate  results  in  full  strain  relaxation  of  the  system 
after  completion  of  the  first  or  second  GaN  monolayer.  The  small  size  and  great  reactivity  of 
nitrogen  atoms  relative  to  As  atoms  tends  to  cause  deterioration  of  the  GaAs  surface:  it  is  not 
stable  under  exposure  to  chemically  active  nitrogen.  Formation  of  an  islanded  GaN  layer  with  a 
highly  facetted  interface  has  been  observed  widi  exposure  of  the  GaAs  surface  to  chemically 
active  nitrogen  which  is  a  significant  fraction  of  atomic  nitrogen  produced  by  an  rf  plasma  source. 
Although  interfacial  facetting  was  shown  to  decrease  the  defect  density  in  the  GaN  layer,  it  is  not 
suitable  for  device  applications.  To  improve  the  structure  of  the  GaN  layer  while  maintaining  a  flat 
interface,  optimization  of  the  nucleation  process  is  necessary. 

The  goal  of  the  present  study  is  to  better  understand  how  nitrogen  reacts  with  a  GaAs 
((X)l)  surface  and  elucidate  the  correlation  between  interface  structure  and  growth  conditions. 
High  resolution  electron  electron  microscopy  (HREM)  was  applied  to  several  GaN/GaAs 
structures  grown  under  different  Ga  fluxes  for  fixed  nitrogen  plasma  conditions  and  fixed 
substrate  temperature.  The  results  show  that  there  is  an  optimal  Ga  flux  for  an  otherwise  fixed  set 
of  nucleation  parameters  that  results  in  a  smooth  GaN/GaAs  interface  and  relatively  low  defect 
density  in  the  GaN  epilayer. 
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EXPERIMENT 


The  growth  of  50-100  nm  thick  GaN  layers  was  carried  out  using  a  RISER  32P  molecular 
beam  epitaxy  (MBE)  system.  An  Oxford  Applied  Research  MPD21R  rf  plasma  source  operated  at 
300  W  with  a  nitrogen  flow  of  2  seem  was  employed  to  generate  active  nitrogen.  Optical 
characterization  of  the  plasma  revealed  the  presence  of  N°,  N'*’,  N2+,  and  N^*.  The  GaN  was 
deposited  at  620  °C  on  an  n-/n+  GaAs:Sn  buffer  layer  on  an  n+  GaAs:Si  substrate.  The  buffer 
layer  was  grown  at  580  °C  on  a  GaAs  (001)  substrate  using  AS4  supplied  through  a  valved 
cracking  cell  with  the  cracking  zone  run  at  600  °C  to  avoid  cracking  the  arsenic.  Upon  completion 
of  the  buffer  layer  growth  was  interrupted  while  the  substrate  temperature  was  adjusted  to  620  °C 
under  an  AS4  flux.  The  upper  n-GaAs  layer  doped  at  a  level  of  2*10^^  cm*^  had  a  conventional  As 
stabilized  (2x4)  surface  reconstruction  as  observed  by  reflection  high  energy  electron  diffraction 
(RHEED).  After  stabilizing  the  substrate  temperature  the  plasma  was  initiated  behind  a  closed 
shutter.  Nucleation  proceeded  by  opening  the  plasma  shutter  immediately  followed  by  opening  the 
Ga  shutter.  The  As  flux  remained  on  for  an  estimated  eight  monolayers  of  the  GaN  growth. 
Optimal  nucleation  was  obtained  by  simultaneously  applying  equal  fluxes  of  Ga  and  active 
nitrogen  to  the  substrate  at  the  highest  possible  growth  rate.  This  minimizes  nitrogen  diffusion 
into  die  substrate  by  burying  the  interface  as  rapidly  as  possible.  The  Ga  to  nitrogen  ratio  was 
varied  by  changing  ^e  Ga  flux  delivered  to  the  substrate. 

GaN/GaAs  epitaxial  layers  were  characterized  by  conventional  electron  microscopy  and 
high  resolution  electron  microscopy  using  two  cross-sections  parallel  and  perpendicular  to  the 
“major”  flat  of  the  GaAs  wafer.  Electron  microscopy  was  carried  out  on  lEOL  2(X)CX  and 
Topcon  0026  microscopes  operated  at  200  kV. 

RESULTS  AND  DISCUSSION 

1.  “Stoichiometric”  growth. 

The  best  quality  of  GaN  layers  was  achieved  by  “stoichiometric”  growth  in  terms  of  Ga  to 
N  ratio.  The  term  “stoichiometric”  is  used  here  only  in  the  context  of  nucleation  of  a  good  GaN 
film  under  these  growth  conditions.  Fig.  1  shows  TEM  cross-sectional  images  of  near- 
stoichiometric  GaN  layer  taken  perpendicular  (a)  and  parallel  (b)  to  the  major  flat  of  the  GaAs 
wafer. 


Fig.l,  a-b.  Near-stoichiometric  GaN  layer  grown  on  (001)  GaAs.  TEM  cross-sectional 
images  (a)  and  (b)  were  taken  perpendicular  and  parallel  to  the  major  flat  of  the 
GaAs  wafer,  respectively. 


Interfaces  between  the  GaAs  and  the  GaN  were  surprisingly  abrupt  for  the  samples  under 
study  as  compared  to  the  samples  grown  by  other  groups  [12,13].  Interface  roughness  for  the 
“stoichiometric”  growth  was  in  the  range  of  0.8- 1.2  nm.  Atomic  structure  of  the  GaN-GaAs 
interface  is  shown  in  Fig.  2.  Because  of  the  high  misfit  (f~20%)  in  lattice  parameters  between 
GaN  and  GaAs  the  interface  contains  a  dense  array  of  misfit  dislocations  extended  in  two 
perpendicular  [1 10]  and  [-110]  crystallographic  directions.  For  20%  misfit  f  in  lattice  parameters 
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Fig.2,  a-c.  Atomic  stmcture  of  the  GaN-GaAs  interface:  cross  sectional  HREM  images  before 
(a)  and  after  (b)  image  filtering.  90°  Lomer  dislocation  at  GaN-GaAs 
interface  is  shown  in  (c). 


For  a  fully  relaxed  GaN  layer  the  equilibrium  spacing  between  90°  misfit  dislocations  with 
Burgers  vector  b  of  1/2[110]  should  be  L=b/f~L6  nm.  Most  observed  dislocations  are  60° 
dislocations  that  appear  in  pairs  separated  by  a  few  atomic  distances.  These  pairs  of  60°  misfit 
dislocations  can  be  considered  as  dissociated  90°  Lomer  dislocations.  About  10%  of  the  misfit 
dislocations  were  undissociated  90°  Lomer  dislocations  (see  Fig.2  c).  The  average  distance 
between  misfit  dislocations  is  approximately  equal  to  the  equilibrium  value  so  that  the  GaN  layer 
is  almost  fully  relaxed.  However,  there  is  a  local  strain  at  the  interface  that  is  associated  with 
inhomogenious  distribution  of  the  misfit  dislocations  (fluctuations  in  dislocation  spacing). 

While  the  Burgers  vector  of  a  90°  Lomer  dislocation  lies  in  the  interface  plane,  60°  misfit 
dislocations  have  Burgers  vectors  of  1/2[110]  which  are  inclined  to  the  interface.  Thus,  60° 
misfit  dislocations  have  (111)  planes  as  glide  planes  and  can  easily  dissociate  into  30°  and  90° 
partials  with  formation  of  a  stacking  fault  ribbon  between  them.  Many  of  the  60°  misfit 
dislocations  are  dissociated  and,  therefore,  the  GaN  layer  contains  a  high  density  of  stacking 
faults  (SFs).  This  results  in  streaking  of  the  diffraction  spots  on  electron  diffraction  patterns 
(Fig.3  ). 


Fig.3,  a-b.  Selected  area  diffraction  patterns  taken  perpendicular  (a)  and  parallel  (b)  to  the 
major  flat  of  the  GaAs  wafer.  Note  the  different  degree  of  GaN  spot  streaking  in 
the  figures  (a)  and  (b). 


The  SF  density  drastically  decreases  away  from  the  substrate  toward  the  top  surface  in  a 
20  nm  thick  interfacial  layer  in  agreement  with  previous  observation.  However,  their  density  near 
the  top  of  the  GaN  layer  (Fig.l)  is  different  by  an  order  of  magnitude  in  the  two  cross-sections 
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the  top  of  the  GaN  layer  (Fig.l)  is  different  by  an  order  of  magnitude  in  the  two  cross-sections 
taken  perpendicular  (a)  and  parallel  (b)  to  the  major  flat  of  the  GaAs  wafer.  It  is  lower  in  the 
cross  sections  taken  parallel  to  the  major  flat  of  the  GaAs  wafer  (Fig.  lb).  This  asymmetry  of  SF 
distribution  results  in  different  degrees  of  GaN  spot  streaking  in  the  selected  area  diffraction 
patterns  taken  perpendicular  (Fig.  3a)  and  parallel  (Fig.3b)  to  the  major  flat  and  in  different 
shapes  of  (002)  x-ray  reflexions  in  reciprocal  space  (Fig.4). 


-0.1  0.0  0.1  -0.1  0.0  0.1 


The  decrease  of  stacking  fault  density  results  from  their  annihilation  and  termination 
within  the  GaN  layer.  Formation  of  sets  of  stacking  faults  is  often  associated  with  steps  at  the 
GaN-GaAs  interface  so  that  their  density  correlates  with  interface  roughness  and  local  strain  at  the 
interface.  This  asymmetry  of  SF  distribution  might  be  associated  either  with  the  difference  in  the 
atomic  structure  of  surface  steps  along  [1 10]  and  [-110]  crystallographic  directions  on  the  (001) 


GaAs  or  with  different  mobilities  of  a  and  p  dislocations  and  their  respective  parties.  SF  density 
at  the  interface  is  only  slightly  less  for  the  cross  section  parallel  to  the  major  flat  while  it  is  less  by 
an  order  of  magnitude  for  the  top  of  GaN  layer  in  comparison  with  that  of  the  cross  section 
perpendicular  to  the  major  flat.  Similarly,  an  asymmetric  defect  distribution  has  been  observed  for 
other  ni-V  compounds  which  was  related  to  the  asymmetry  of  the  zinc-blende  structure.  Our 
observations  suggest  that  the  quality  of  the  GaN  layer  will  increase  with  thickness  for 
stoichiometric  growth  conditions. 

Near  stoichiometric  growth  was  shown  to  provide  the  best  cubic  GaN  material  [8,13]. 
However,  GaN  layers  grown  on  (001)  GaAs  at  620  usually  had  very  rough 
interfaces[8,13,16].  In  order  to  avoid  the  deterioration  of  the  GaAs  surface  and,  hence,  interface 
roughming  during  GaN  nucleation.  As  flux  was  exposed  to  the  GaAs  surface  for  the  first  eight 
monolayers  of  the  GaN  growth  in  the  samples  under  study. 

The  role  of  this  As  flux  during  the  GaN  nucleation  is  not  well  understood  at  present,  but  it 
is  reasonable  to  assume  that  As  influences  the  behavior  of  Ga  adatoms  and,  hence,  their  reactions 
with  active  nitrogen,  resulting  in  changes  of  the  density  of  nucleai.^3  Nether  in-situ  RHEED  or 
ex-situ  HREM  showed  any  evidence  that  As  incorporates  in  the  GaN  above  the  solubility  limit 
(~1%)  during  nucleation.  High  arsenic  pressure  during  the  growth  has  earlier  been  shown  to 
improve  the  quality  of  cubic  GaN  layers  grown  on  GaAs  and  GaP  substrutes  [3,16].  On  the  other 
hand.  As-doping  of  the  GaN  layer  near  the  interface  might  decrease  the  stacking  fault  energy 
making  a  dissociation  of  60°  dislocations  more  likely. 


2.  Microstructure  of  “Ga-rich”  and  “Ga-poor”  GaN  layers. 


Electron  microscopy  revealed  dramatic  changes  in  the  structure  of  the  GaN  layers  with 
variation  of  the  Ga  flux.  Figure  5  shows  typical  cross-section  electron  microscopy  images  of  GaN 
epUayers  grown  under  Ga-rich  conditions  in  terms  of  Ga  to  N  ratio.  The  “Ga-rich  layer  in  Fig.5a 
has  a  columnar  structure  with  the  lateral  size  of  the  grains  equal  to  15-20  nm.  It  should  not  be 
inferred  that  Ga-rich  growth  conditions  necessarily  lead  to  the  accumulation  of  metallic  Ga  on  the, 
surface.  Ga-rich  nucleation  was  expected  [13]  to  promote  a  rough  interface  because  of  the  high 
affinity  of  N  to  Ga.  . 

Ga-rich  growth  leads  to  multiple  twinning  and  formation  of  areas  of  the  hexagonal  phase 
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during  the  initial  stage  of  GaN  growth  in  agreement  with  the  results  reported  earlier  [13].  Here, 
we  observed  that  formation  of  the  hexagonal  phase  is  often  associated  with  change  in  grain 
orientation  from  (001)  to  (1 1 1)  due  to  the  twinning  (see  Fig.5b). 


Fig.5.  Structure  of  “Ga-rich”  GaN  layers  grown  on  (001)  GaAs  substrate  (a).  Figure  (b)  is 
HREM  image  showing  the  formation  of  the  hexagonal  GaN  phase  on  (111)  planes  of  the  GaN 
grain  in  twin  orientation. 


Figure  6  shows  typical  cross-section  electron  microscopy  images  of  GaN  epilayers  grown 
under  Ga-poor  conditions.  The  GaN  layer  contains  also  contains  slightly  misotiented  grains  with 
amorphous  like  boundaries  between  them  and  a  high  density  of  stacking  faults.  SFs  are  generated 
at  the  interface  and  at  grain  boundaries  as  well. 


Fig.6.  Structure  of  “Ga-poor”  GaN  layers 
grown  on  (001)  GaAs  substrate.  Note  the 
formation  of  pockets  (voids)  in  the  GaAs 
substrate  below  the  interface 


The  twinned  cubic  and  hexagonal  grains  were  also  observed  at  the  interface  with  the 
substrate  for  nitrogen  rich  growth  while  the  top  of  the  GaN  layer  was  cubic  (Fig.  6).  Formation 
of  those  grains  was  often  associated  with  atomic  steps  at  the  interface  and  with  amorphous 
pockets  in  the  GaAs  substrate. 

In  contrast  to  the  “Ga-poor”  layer,  grains  of  a-GaN  in  the  Ga-rich  layers  are  formed  at  the 
interface  and  grow  in  columns  extending  through  the  layer  (Fig.Sa).  Wurtzite  grains  are  often 
crystallographically  oriented  with  respect  to  the  GaAs  lattice.  The  predominant  orientation 
relationship  between  GaN  grains  and  the  GaAs  substrate  is  as  follows:  ((X)01}GaNli{001}GaAs» 
[l-210]GaNll[-l  lOJcaAs’  1  ^^ICaAs  where  the  (-110)  plane  is  parallel  to  the  major  flat 

of  a  GaAs  wafer.  Hexagonal  grains  in  Fig.5a  often  tower  over  the  (100)  p-GaN  surface  by  7  nm 
resulting  in  a  rough  surface  mo^hology.  For  nitrogen  rich  growth  the  GaN  surface  is  planar  to 
about  ±4  nm  and  for  near  stoichiometric  growth  the  surface  is  planar  to  about  ±1.7  nm. 
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CONCLUSIONS 

In  conclusion,  TEM  shows  that  layer  quality  depends  on  the  growth  conditions 
particularly  the  Ga  flux  for  fixed  nitrogen  plasma  conditions  and  growth  temperature.  The  highest 

crystalline  quality  (J-GaN  layer  was  obtained  by  “stoichiometric”  growth  while  nucleation  under 
Ga-rich  conditions  resulted  in  the  formation  of  persistent  grains  of  a-GaN  and  grown  under  very 
Ga-poor  conditions  showed  grains  of  a-GaN  near  the  interface  which  were  subsequently 
overgrown  by  the  surrounding  (3-GaN.  Ga-poor  samples  also  showed  voids  in  the  GaN  and  in 
the  GaAs  substrate.  The  GaN  layers  contain  a  high  density  of  stacking  faults  which  drastically 
decreases  toward  the  GaN  surface.  Stacking  faults  are  anisotropically  distributed  in  the  GaN 
layer:  the  majority  intersect  the  interface  along  lines  parallel  to  the  major  flat  of  the  GaAs 
substrate.  This  anisotropy  in  SF  distribution  is  likely  to  be  associated  with  the  different  atomic 

structure  of  a  and  p  dislocations  in  cubic  GaN. 
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ABSTRACT 

Surface  reconstructions  for  MBE  grown  GaN  are  identified.  Different  cases  are  considered 
according  to  the  type  of  substrate  or  crystal  symmetry  and  surface  phase  diagrams  are  obtained  . 
Through  different  examples,  it  is  shown  how  growth  monitoring  can  be  efficiently  achieved 
through  the  use  of  surface  reconstructions.  Finally,  from  the  observation  that  a  residual  arsenic 
overpressure  in  the  MBE  chamber  changes  the  surface  reconstructions  of  cubic  (001)  GaN  grown 
onto  3C-SiC  (001)  substrates  to  that  commonly  observed  for  GaN  growth  on  (001)  GaAs,  it  is 
proposed  that  arsenic  might  be  a  surfactant  for  nitride  growth. 

INTRODUCTION 

Ga  /  N  stoichiometry  drastically  influences  the  optical,  structural  and  electronic  properties  of  GaN 
layers  grown  by  MBE  [  1-3]  .  But,  if  Ga  fluxes  are  easy  to  determine,  in  plasma  assisted  MBE, 
evaluating  the  effective  active  nitrogen  flux  is  somehow  difficult.  On  the  other  hand,  in  MBE,  in 
situ  RHEED  allows  us  to  monitor  the  surface  symmetry,  namely  surface  reconstructions,  which,  if 
observed,  evidence  a  stabilized  growth  front  and  are  related  to  surface  stoichiometry.  It  is  one  of 
the  aims  of  this  contribution  to  show  that  surface  reconstructions  can  be  obtained  for  GaN, 
whether  cubic  or  hexagonal.  Determining  the  stability  conditions  for  the  different  surface  structures 
yields  surface  phase  diagrams  which  can  be  used  as  a  tool  to  monitor  the  surface  stoichiometry 
during  growth.  Epitaxial  GaN  layers  grown  for  different  conditions  on  the  surface  phase  diagram 
are  characterized  and  their  optical,  electrical  and  structural  properties  are  shown  to  be  influenced 
by  the  surface  structure.  The  nature  of  the  cubic  GaN  surface  reconstructions  is  also  shown  to 
change  if  a  residual  arsenic  pressure  exists  in  the  MBE  chamber.  Lower  energy  surfaces  are 
obtained  in  this  case,  and  a  structural  model  is  proposed  which  takes  arsenic  surface  incorporation 
into  account  to  explain  the  kinetics  of  cubic  GaN  growth.  These  considerations  led  us  to  believe 
that  arsenic  is  a  candidate  for  a  surfactant  effect  on  the  GaN  surface. 


EXPERIMENTAL 

GaN  samples  were  grown  by  MBE  with  a  Ga  solid  source  and  an  ECR  plasma  source  with 
Nj  gas.  N2  flow  rates  were  varied  from  1  to  10  ccm  while  GaAs  fluxes  were  varied  between  10'^ 
to  10’“’ at.  /  cm2.s.  Typical  growth  rates  were  low,  in  the  range  1  to  2  ml  /  min. 

Precise  Ga  flux  measurements  were  carried  out  by  measuring,  through  RHEED 
oscillations,  the  growth  rate  for  GaAs  grown  with  an  As  overpressure  in  the  chamber,  further 
allowing  precise  calibration  of  the  Bayard-Alpert  gauge. 

For  hexagonal  c-oriented  GaN,  we  used  “pseudo-substrates”,  i.e.  3  to  4  microns  thick 
GaN  layers  grown  by  MOCVD  on  c-plane  sapphire.  Growing  homoepitaxially  allows  to 
circumvent  the  problem  of  heteroepitaxial  nucleation  and  to  achieve  intrinsic  hexagonal  GaN 
surface  reconstructions  unaffected  by  strain  or  strain  induced  roughening. 

For  cubic  (001)  oriented  GaN,  two  sorts  of  substrates  were  used,  namely  3C-(001)SiC  and 
(001)  GaAs.  In  the  case  of  SiC,  because  bulk  cubic  SiC  crystal  are  not  yet  commercially  available, 
here  again  we  used  “pseudo-substrates”  in  the  form  of  3  to  4  micron  thick  layers  grown  by  Low- 
Pressure  CVD.  Although  of  the  order  of  about  3.6%,  the  misfit  between  GaN  and  SiC  is  the 
smallest  among  commonly  available  substrates. 
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GaN  SURFACE  RECONSTRUCTIONS 
Hexagonal  (0001)  GaN 

For  hexagonal  c-oriented  GaN  grown  homoepitaxially  on  MOCVD  GaN,  in  the  low  Ga 
flux  -  high  substrate  temperature  growth  regime,  2x2  surface  reconstmctions  are  observed.  These 
surface  reconstructions  are  stable  when  growth  is  interrupted  by  closing  the  Ga  shutter,  whether 
the  ECR  source  is  activated  or  not,  down  to  room  temperature  and  up  to  high  temperatures, 
although  above  800°C,  all  streaks  are  more  diffuse.  Upon  increasing  the  Ga  flux  /  lowering  the 
substrate  temperature  during  growth  the  2x2  surface  transforms  reversibly  into  a  1x1 
unreconstructed  surface  [  4,5]  . 

Cubic  (00 n  GaN  on  (0011  SiC 

Having  worked  out  the  conditions  for  the  stability  of  reconstmctions  in  the  easiest  case  of 
homoepitaxial  growth  where  no  misfit  strain  can  affect  the  growth  front,  we  have  extended  the 
study  to  heteoepitaxial  layers  but  for  cubic  GaN.  In  the  case  where  GaN  is  grown  on  (001)  SiC, 
4x1  reconstmctions  are  observed  in  the  low  Ga  flux  -  high  substrate  growth  regime.  Similar  to  the 
hexagonal  case,  these  surface  reconstmctions  are  stable  when  growth  is  inteirupted,  with  the  ECR 
on  or  off  down  to  room  temperature  and  up  to  at  least  850  celcius,  although  above  this 
temperature,  surface  degradation  eventually  occurs.  Also,  as  for  hexagonal  growth,  the  4x1 
surface  transforms  in  a  reversible  way  into  a  1x1  unreconstmcted  surface  upon  increasing  the  Ga 
flux  /  decreasing  the  substrate  temperature  [  6,7]  . 

Cubic  too  11  GaN  on  cubic  GaAs 

When  grown  on  (001)  GaAs,  2x2  /  c(2x2)  surfaces  have  been  observed(4).  Indeed,  we 
could  observe  (7)  that  the  2x2  surface  transforms  into  a  c(2x2)  surface  upon  increasing  the  Ga 
flux  or  decreasing  the  substrate  temperature.  The  transition  was  found  reversible.  The  c(2x2)  is 
stable  up  to  high  temperatures,  although  the  strength  of  the  reconstmction  rods  and  of  the  integral 
order  streaks  decreases,  No  1x1  growth  surface  could  be  detected  even  for  high  Ga  flux  even  at 
rather  low  substrate  temperature.  When  the  Ga  shutter  if  closed  with  the  ECR  source  activated,  the 
c(2x2)  surface  becomes  1x1  with  the  2x2  as  a  transient  state.  This  sequence  of  transitions  is  totally 
reversible. 

GaN  SURFACE  PHASE  DIAGRAMS 

The  conditions  for  the  reversible  surface 
phase  transitions  mentionned  in  the  table  above, 
have  been  examined  [  4,5]  in  the  case  of 
hexagonal  c-oriented  GaN.  For  cubic  (001) 

GaN,  similar  determinations  were  carried  out  and 
are  reported  in  this  meeting  [  6,7]  .  This  allowed 
us  to  draw  surface  phase  diagrams,  as 
represented  in  Figure  1  a,  b  and  c  in  a  Ga  flux  - 
substrate  temperature  graph:  a  similar  behaviour 
is  clearly  evidenced  in  the  different  cases.  The 
exponential  form  of  the  transition  curve  between 
two  different  growth  regimes  is  accounted  for  in 
terms  of  thermally  activated  Ga  excess 
reevaporation  from  the  growing  surface  [  4,5]  . 

The  offset  to  the  exponential  curve,  which  moves 
upwards  in  the  graph  as  the  nitrogen  flow  rate  is 
increased,  is  taken  as  being  proportionnal  to  the 
available  active  nitrogen  flux.  According  to  this 
model  a  fixed  surface  stoichiometry  is  obtained  for  all  points  lying  on  the  surface  reconstmction 
transition  line. 


Figure  1(a):  Surface  phase  diagrams  for  (0001) 
hexagonal  GaN,  for  different  N,  flow  rates 
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Substrate  temperature  Ts  in°C  Substrate  temperature  Ts  in  °C 

Figure  1:  Surface  phase  diagrams  for  different  N2  flow  rates  :  (b)  (001)  GaN  grown  on  3C- 
(OOl)SiC;  (c)  (001)  GaN  grown  on  (001)  GaAs 


MONITORING  GROWTH  WITH  SURFACE  RECONSTRUCTIONS 

Ga  droplets  were  consistently  observed  for  growth  conditions  above,  and  only  above,  the 
transition  curves:  Ga  rich  conditions  are  thus  achieved  in  this  region  of  the  surface  phase  diagram. 
It  is  suspected  that,  below  the  transition,  all  Ga  atoms  incident  on  the  surface  bond  to  N  atoms  on 
the  surface  and  that  excess  nitrogen  growth  conditions  will  eventually  be  obtained  in  the  lower  part 
of  the  diagram. 

GaN  layers  were  grown  in  conditions  on  either  side  of  the  transition  curve  or  strictly  on  the 
transition  itself.  Figure  2  represents  the  4K  PL  half-width  of  hexagonal  c-oriented  GaN 
homoepitaxial  layers  together  with  their  carrier  mobility  as  a  function  of  the  Ga  /  N  ratio 
normalised  to  that  on  the  transition  curve.  PL  half-width  of  about  3meV  are  obtained  for  the 
MOCVD  layer,  while  it  varies  from  15  to  6  meV  for  the  MBE  top  layer.  The  minimum  half- width 
of  6meV  is  clearly  obtained  for  growth  conditions  corresponding  to  the  transition  on  the  surface 

phase  diagram  with  a  clear  optimum  of 
250  212  cmW.s  for  the  carrier  mobility[  5]  . 

For  cubic  GaN  growth  on  (001)  SiC,  the 
200  same  behaviour  was  found[  6]  .  Here 

“  again  the  exciton  related  PL  half-width  is 
=  ^  minimum  for  growth  conditions  on  the 
o  4x1  /  1x1  transition. 

-  As  to  the  structural  properties,  it 

100  was  found  out  also  that  they  are  affected 

by  the  surface  reconstructions  conditions. 
For  instance,  in  the  case  of  cubic  growth 
on  (001)  GaAs  substrates,  pole  figures 
indicate  that  cubic  only  material  is  obtained 
for  conditions  on  and  above  the  transition 
Figure  2:  PL  excitonic  half  width  and  carrier  mobility  (with  Ga  rich  conditions  however 
for  MBE  homoepitaxial  (0001)  GaN  with  respect  to  producing  Ga  droplets).  However,  for  N 
Ga/N  ratio  normalised  to  1  on  the  2x2/1  xl  transition  rich  conditions,  i.e.  below  the  2x2  /  c(2x2) 

transition,  the  overall  diffraction  intensity 
is  weak:  misoriented  cubic  grains  exist  in  the  cubic  matrix,  together  with  hexagonal  grains  with  a  c 
axis  inclined  to  the  (001)  cubic  axis  [  7]  . 


0.6  0.8  1  1.2  1,4 


Normalisect  Ga/N  ratio 
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ARSENIC  INDUCED  SURFACE  RECONSTRUCTIONS:  A  POSSIBLE  SURFACTANT  FOR 
GaN  EPITAXY 

The  2x2  /  c(2x2)  surface  reconstructions  obtained  when  growth  is  carried  out  on  (001) 
GaAs  are  different  from  the  4x1  /  1x1  reconstructions  as  obtained  when  GaN  is  grown  onto 
(OOl)SiC.  In  order  to  understand  the  origin  of  this  difference,  the  4x1  reconstructed  surface  was 
exposed  to  an  As  background  pressure  (As  cell  at  140°C  with  shutter  closed,  Beam  Equivalent 
Pressure  :  10-8  Torr)  during  growth:  the  4x1  surface  rapidly  and  irreversibly  transforms  into  a  2x2 
surface  (Figure  3).  Similarly  the  1x1  Ga  rich  surface  transforms  into  a  c(2x2)  surface  upon 
bringing  some  As  in  the  chamber.  Subsequently,  the  usual  2x2  <— >  c(2x2)  reversible  transition 
could  be  observed. 


Figure  3:  4x1  to  2x2  surface  reconstruction  transition  observed  in  the  presence  of  As. 


These  observations  lead  us  to  believe  that  As  is  responsible  for  the  2x2  /  c(2x2) 
reconstructions  when  growth  is  carried  out  on  (001)  GaAs[  8]  .  The  presence  of  surface  sitting  As 
atoms  during  growth  on  GaAs  substrates  could  have  different  origins:  arsenic  desorption  from  the 
underlying  GaAs  substrates  at  the  usual  GaN  growth  temperatures  (600  to  800°C)  or  residual  As 
background  pressure  remaining  in  the  chamber  after  deposition  of  the  GaAs  buffer.  As  segregation 
from  the  substrate  could  also  be  involved. 

The  influence  of  As,  or  other  group  V  atoms  such  as  Sb,  upon  surface  reconstructions  is 
well  documented  in  the  literature  for  group  IV  semiconductors.  As  intentionaly  brought  onto  the 
surface  can  form  particular  surface  reconstructions  involving  dimers  on  the  (001)  oriented  surfaces 
of  Si  or  Ge[  9]  .  Unintentional  As  may  also  segregate:  EELS  and  Auger  investigations  reveal  for 
instance  that  about  half  a  monolayer  of  segregated  As  atoms  covers  the  surface  of  epitaxial  Ge 
grown  on  GaAs  even  for  growth  temperatures  of  about  300°C  with  specific  reconstructed  LEED 
pattems[  10]  .  GaAs  and  GaN  being  almost  immiscible  materials,  it  is  expected  that,  at  high 
ternperamre,  As  cannot  be  incorporated  into  GaN  but  rather  will  segregate  onto  the  surface. 

In  a  recent  attempt  to  grow  GaAsN  ternary  alloy  layers  by  MBE{  1 1]  ,  it  was  found  out 
that,  at  low  temperatures  (low  enough  for  GaAs  growth),  As  is  incorporated  within  the  lattice  and 
GaAs  is  formed  together  with  GaN.  At  high  temperature  however,  and  because  of  the  different 
bond  strengths  for  GaN  and  GaAs  (4.2eV  vs  2.07eV),  As  is  not  incorporated,  N  atoms  replace  As 
atoms  on  the  surface  and  only  GaN  is  formed.  One  might  thus  suspect  that  in  the  presence  of 
surface  sitting  As  atoms,  and  at  high  enough  temperatures,  cubic  GaN  growth  is  governed  by  this 
exchange  process  between  As  and  N  atoms:  if  sufficient  Ga  and  N  atoms  are  available,  the  growth 
rate  is  thus  limited  by  the  As  arrival  rate  and  desorption.  Because  As  to  Ga  bonds  will  be  initially 
formed  in  a  transient  state  on  the  surface,  the  cubic  GaAs  surface  structure  will  act  as  a  template  for 
subsequent  growth  of  cubic  GaN.  Cubic  only  material  will  be  obtained  if  one  monolayer  of  As 
covers  the  surface. 

We  found  that  just  a  small  amount  of  As  is  necessary  to  alter  the  surface  symmetry. 
However,  the  appearance  of  hexagonal  grains  within  the  cubic  matrix  after  continued  growth  in 
these  conditions  suggests  that  this  amount  is  not  enough  to  ensure  growth  of  only  cubic  material, 
in  accordance  with  the  observations  in  [  11]  and  our  discussion  above. 
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These  considerations  and  our 
experimental  observations  that  arsenic 
changes  the  GaN  surface  symmetry 
indicate  that  some  exchange  between  As 
and  N  atoms  takes  place  on  the  growing 
surface,  influencing  the  incorporation 
processes  of  Ga  and  N  atoms.  This 
exchange  effect  is  at  the  basis  of  surfactant 
mediated  growth  as,  for  instance,  in  the 
case  of  As  for  group  IV  elements  [  11] 


Figure  4:  Arsenic  (•)  dimer  model  for  (a)  2x2,  (b) 
c(2x2)  cubic  (001)  GaN  surfaces  in  the  presence  of 
arsenic. (c)  0.5  monolayer  Ga  coverage  starting  from 
the  2x2  arsenic  surface  ;  (d)  1  monolayer  Ga 
coverage  starting  from  the  c(2x2)  arsenic  surface 


and  Te  for  GaAs  [  12,13]  .  It  is  thus 
proposed  here  that  As  could  act  as  a 
surfactant  for  epitaxial  growth  of  cubic 
(001)  GaN. 

From  our  observations,  As  is 
definitely  taking  part  in  the  2x2  and  c(2x2) 
surface  reconstructions.  The  model 

proposed  in  [  3]  ,  where  Ga  dimers  are 
supposed  to  be  involved,  is  reconsidered 
<U0=4<HM>A=e=-4-^  hgj-e  assuming  As  dimers  on  the 

surface.  Because  of  the  different  bond 
Figure  4:  Arsenic  (•)  dimer  model  for  (a)  2x2,  (b)  stiffnesses  between  GaN  and  GaAs  and 

c(2x2)  cubic  (001)  GaN  surfaces  in  the  presence  of  contrary  to  the  case  when  N  is  adsorbed 

arsenic.(c)  0.5  monolayer  Ga  coverage  starting  from  on  GaAs  [15]  it  may  be  assumed  that  As 

the  2x2  arsenic  surface  ;  (d)  1  monolayer  Ga  induced  surface  strains  will  be  mainly 

coverage  starting  from  the  c(2x2)  arsenic  surface  relaxed  by  out  of  plane  deformations  rather 

than  in  plane  deformations:  in  this  case 
2x2  and  c(2x2)  reconstructions  can  be  accounted  for  in  the  same  way  as  in  [  3]  but  with  As  dimers 
(Figure  4  a  and  b).  Interestingly,  along  the  <1-1  0>  direction  parallel  to  the  dimer  row,  after  the 
exchange  between  As  and  N  atoms,  Ga  will  be  incorporated  along  the  dimer  rows  and  the  Ga 
surface  coverage  will  be  0.5  monolayer  (Figure  4  c  ).  In  the  case  of  the  c(2x2)  surface  on  the  other 
hand,  the  same  exchange-incorporation  process  leads  to  a  Ga  coverage  of  1  monolayer  (Figure  4 
d).  This  is  in  agreement  with  findings  in  [  3]  that  the  2x2  (respectively  c(2x2))  reconstructed 
surfaces  are  obtained  for  0.5  (respectively  1)  Ga  monolayer  on  the  surface. 

The  respective  positions  of  the  4x1  /  1x1 

and  2x2  /  c(2x2)  transition  curves  as  presented  in  r""'  . . .  .  .  ,  . . 

Figure  5  yield  some  information  on  the  surface  "g  is  -  f  1 

stoichiometry  in  the  two  cases.  For  the  growth  ig  L  j 

conditions  corresponding  to  the  reconstruction  -  //  ' 

transition  curve,  a  particular  Ga/N  surface  2  '  2x2 /c(2x2)  transition  /  /  ^ 

stoichiometry  is  achieved:  Ga  rich  conditions  are  ’2  -  V  / 

achieved  above  the  curve  and  nitrogen  rich  §  lo  .  /  j 

conditions  below.  | 

This  is  a  strong  evidence  that  the  presence  ^  ^  '  — • — / ,  , .  ^ 

of  arsenic  on  the  growing  GaN  surface  definitely  ®  6  -  _ _ _  j 

changes  the  Ga/N  surface  stoichiometry.  From  4  F .....  ..i  ,  ,  : 

Figure  5,  the  As  induced  2x2  /  c(2x2)  transition  660  680  700  720  740  760  780  soo 

occurs  for  a  higher  Ga  flux  and  Ga  excess  Substrate  temperature  fC) 

conditions  -with  the  eventual  formation  of  c-  c  r»  r  u  1  i 

droplets  as  found  experimentally  -  will  be  Figure  5:  Respective  positions  of  the  4x1 /Ixl 
obtained  only  above  this  new  transition  curve.  2x2  /  c(2x2)  surface  transitions 


2x2  /  c(2x2)  transition  , 


700  720  740  760  780 

Substrate  temperature  fC) 
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CONCLUSIONS 

Surface  reconstructions  have  been  identified  in  the  case  of  cubic  (001)  and  hexagonal  (0001)  GaN. 
The  growth  conditions  for  the  stability  of  the  different  types  of  surfaces  have  been  clarified. 
Surface  phase  diagrams  were  shown  to  be  a  very  useful  guide  to  monitor  the  crystal  optical  and 
structural  properties.  As  a  general  trend,  it  was  shown  that  growing  GaN  right  in  between  the  two 
surface  states  corresponding  to  Ga  and  N  rich  growth  regimes  yields  optimum  quality  material.  In 
a  second  part,  the  detailed  study  of  surface  reconstructions  in  the  case  of  cubic  (001)  GaN  led  us  to 
conjecture  that  arsenic  might  be  used  as  a  surfactant  for  this  material.  Arsenic  could  thus  be  useful 
to  produce  cubic  only  material;  it  would  also  allow  increased  critical  thicknesses  for  plastic 
relaxation  and  also  for  the  2D  /  3D  growth  transition.  Furthermore,  As  is  a  group  III  element  and 
as  such  would  not  induce  unintentionnal  doping  in  GaN. 
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ABSTRACT 

A  newly  developed  Metalorganic  Chemical  Vapor  Deposition  (MOCVD)  reactor  for  processing 
batches  of  seven  50mm  wafers  per  run  at  deposition  temperatures  up  to  1600°C  is  introduced. 
The  substrates  are  individually  rotated  by  means  of  gas  bearings  utilizing  high  purity  gas  for  op¬ 
eration.  In  order  to  achieve  the  maximum  uniformity  on  a  wafer  the  uniformity  of  the  grov^h 
temperature  was  maximized.  Pyrometric  measurements  revealed  a  temperature  uniformity  across 
the  susceptor  of  ±4®C  at  a  temperature  of  1300°C.  Growth  of  GaN  and  GaInN  produced  uniform 
layers  regarding  composition  and  thickness.  On  a  50mm  diameter  wafer  the  standard  deviation 
for  the  thickness  of  a  GaN  layer  is  6%  and  the  standard  deviation  for  the  composition  of  a  GaInN 
layer  as  determined  by  photoluminescence  is  2%. 

INTRODUCTION 

To  satisfy  the  increasing  demand  for  blue  and  green  ultra-high  brightness  (UHB)  light  emitting 
diodes  (LED)  and  to  drive  the  price  for  these  devices  down,  we  developed  a  metalorganic  chemi¬ 
cal  vapor  deposition  (MOCVD)  reactor  that  is  capable  of  depositing  material  films  on  seven  wa¬ 
fers  of  50mm  diameter  per  run.  Due  to  the  high  growth  rates  possible,  MOCVD  is  the  production 
method  of  choice  for  these  films  because  the  growth  requires  much  less  time  compared  to  other 
techniques  such  as  MBE.  Starting  point  for  the  development  was  the  Planetary  Reactor  that  has 
been  used  in  the  production  of  ultra-high  brightness  (UHB)  LEDs  [1,2],  lasers  [3,4],  high  elec¬ 
tron  mobility  transistors  (HEMTs)  [5,6]  and  photocathodes.  So  far  all  these  devices  have  been 
made  from  films  consisting  of  GaAlInAsP  of  various  compositions.  Film  deposition  for  this  ma¬ 
terial  system  requires  low  growth  temperatures  in  the  range  from  600°c  to  850°C.  For  the  growth 
of  single  crystalline  nitride  films,  process  temperatures  in  excess  of  1 000°C  are  required.  Such 
temperatures  have  not  been  encountered  in  CVD  for  mass  production  of  electronic  devices  be¬ 
fore.  The  extreme  temperatures  required  a  thermal  optimization  of  the  reaction  chamber  in  order 
to  deal  with  the  low  chemical  stability  of  some  of  the  precursor  compounds. 

One  more  particularity  of  the  growth  of  GaN  and  related  compounds  has  to  be  taken  into  account 
at  the  time  of  the  design  of  a  new  reactor.  For  the  growth  of  GaN  the  initiation  of  the  growth  has 
a  great  impact  on  the  latter  quality  of  the  film  and  determines  to  a  large  degree  whether  the  film 
is  able  to  perform  the  desired  functions.  The  initiation  of  the  growth  of  GaN  involves  a  growth 
step  at  a  low  temperature  (500-600®C).  After  the  growth  of  some  50A  at  a  low  growth  rate,  the 
temperature  is  increased  to  1000°C  in  order  to  allow  the  growth  at  high  growth  rates.  It  is  desir- 
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able  to  provide  rapid  heating  and  cooling  of  the  susceptor  to  minimize  the  process  time  and  to 
interrupt  the  growth  for  as  short  a  time  as  possible. 

MOCVD  PRODUCTION  REACTOR  WITH  OPTICAL  ACCESS 

Figure  1  shows  the  cross  section  of  the  reactor  with  a  wafer  capacity  of  7  x  50mm  wafers.  The 
MOCVD  of  GaN  and  its  relatives  requires  process  temperatures  that  are  well  above  those  that  are 
usually  necessary  for  the  well  established  MOCVD  of  GaAs  and  its  relatives.  In  a  cold  wall  reac¬ 
tor,  at  higher  temperatures  it  becomes  increasingly  difficult  to  provide  heating  that  yields  a  uni¬ 
form  surface  temperature.  In  order  to  be  able  to  tune  the  local  RF  power  delivered  to  the  coated 
graphite  susceptor  and  provide  a  uniform  temperature,  the  susceptor  is  heated  by  electrical  cur¬ 
rents  induced  by  a  coil  system  internal  to  the  reactor.  The  distance  of  the  members  of  the  coil 
system  and  the  susceptor  can  be  adjusted  which  leads  to  a  locally  different  heating  of  the  suscep¬ 
tor,  The  maximum  temperature  of  the  susceptor  is  1600°C  which  is  also  sufficient  for  the  growth 
ofSiC. 

Figure  2  shows  the  temperature  homogeneity  across  the  susceptor.  The  measurement  was  taken 
using  the  pyrometer  and  the  optical  viewport  of  the  reactor.  The  variation  across  a  recess  for  a 
50mm  wafer  is  less  than  ±4°C  at  more  than  1300°C.  The  variation  between  wafers  is  in  the  same 
order  of  magnitude.  Also  shown  is  the  thermal  image  of  a  chip  of  SiC  in  one  of  the  recesses.  The 
temperature  of  the  chip  appears  to  be  lower  than  that  of  the  surface  of  the  susceptor  and  less  uni- 
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form.  The  apparent  difference  in  temperature  could  be  caused  by  the  different  emissivity  of  the 
coating  of  the  susceptor  and  the  SiC  chip.  We  suspect  that  the  apparent  variation  in  temperature 
is  real  and  caused  by  a  lateral  change  of  the  thermal  contact  between  the  SiC  chip  and  the  suscep¬ 
tor. 


rotating  static 


Fig.2:  Growth  rate  over  radius 
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Fig.  3:  Pyrometric  Measurement  of  the 
susceptor  temperature 


The  two  flow  concept  which  has  been  used 
on  the  Planetary  Reactor®  separates  the 
reagents  in  two  carrier  gas  flows  and  pre¬ 
vents  unwanted  pre-reactions  between  the 
metalorganic  compounds  and  the  hydrides 
[8]  which  can  lead  to  a  complete  defi¬ 
ciency  of  one  chemical  during  the  growth. 
The  two  carrier  gas  flows  are  mixed  inside 
the  reactor  chamber  where  the  gas  phase  is 
usually  hot  enough  to  inhibit  parasitic  re¬ 
actions.  Tight  control  of  immediate  proc¬ 
ess  parameters  such  as  pressure  tempera¬ 
ture  and  gas  flow  is  essential  for  the 
growth  of  high  quality  electronic  films. 

But  also  the  secondary  process  parameters 
such  as  the  wall  temperature  and  the  tem¬ 
peratures  of  the  fins  and  baffles  inside  of 
the  reactor  have  an  impact  on  the  proper¬ 
ties  of  the  layer.  If  optimally  adjusted, 
however,  they  can  increase  the  yield  and 
reduce  the  maintenance  [7],  The  tools  to 
control  and  monitor  these  parameters  were 
transferred  from  the  existing  reactors  to 
the  new  high  temperature  reactor. 

Particularly  important  is  the  thermal  man¬ 
agement  of  the  injection  zone  in  the  center 
of  the  reactor.  In  order  to  preserve  the  un¬ 
stable  trimethylindium,  the  injection  zone 
is  kept  close  to  room  temperature.  Other¬ 
wise  excessive  amounts  of  trimethylin¬ 
dium  and/or  tri(m)ethylgallium  would  be 
required  to  compensate  for  the  losses  due 
to  premature  decomposition.  Prior  to  the 
design  and  the  construction  of  the  reactor, 
numerical  simulations  suggested  that  the 
gas  phase  in  the  reactor  was  stable  and 
laminar  at  the  process  conditions  [9],  This 
prediction  was  verified  in  the  actual 
growth  runs. 
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NITRIDE  GROWTH  AND  RESULTS 


The  laminar  horizontal  flow  in  the  reactor  during  the  process  leads  to  a  controlled  depletion  of 
the  precursor  compounds  in  the  gas  phase  along  the  direction  of  the  gas  flow.  This  depletion  in 
turn  causes  a  well  defined  decrease  of  the  growth  rate  along  the  radius.  The  rotation  of  each  in¬ 
dividual  substrate  leads  to  an  integration  of  the  growth  rate  between  the  leading  and  the  trailing 
edge  of  the  wafer.  Figure  3  shows  a  generic  profile  of  the  growth  rate  along  the  radius  and  the 
integration  obtained  by  rotation.  It  has  been  found  that  this  profile  holds  true  for  the  gro\vth  of 
most  materials.  The  integration  of  an  ideal  growth  rate  profile  leads  to  a  uniformity  of  the  layer 
of  0.5%.  For  real  growth  the  uniformity  is  found  to  be  in  the  range  between  ±1%  and  ±3%. 

Even  a  simple  GaN/GaInN  LED  structure  grown  by  MOCVD  requires  growth  and  process  steps 
that  occur  at  different  temperatures  and  gas  flow  conditions.  A  sequence  of  rapid  heating  and 
cooling  and  steady  temperature  steps  is  required.  The  rates  for  the  heating  depend  on  the  heater 
power,  the  effectiveness  of  coupling  that  power  into  the  susceptor  and  the  thermal  mass  of  the 
susceptor.  The  rate  for  cooling  depends  on  the  thermal  mass  of  the  susceptor  and  the  mechanisms 
for  the  dissipation  of  the  heat  which  are  radiation  and  convection.  A  well  designed  thermal  cycle 
can  greatly  reduce  the  stress  in  the  material  film  and  lead  to  a  better  performance  of  the  device. 
The  Planetary  Reactor®  used  in  this  study  offers  flexibility  in  cooling  and  heating  rates  up  to  6°C 
per  second.  Cooling  rates  were  increased  by  a  reduction  of  the  thermal  mass  of  the  susceptor 
Heat-up  rates  were  increased  by  the  introduction  of  effective  induction  heating. 

The  grov^hh  of  the  epitaxial  layers  was  carried 
out  at  a  temperature  of  1 000°C  at  a  pressure  of 
100  mbar  on  the  basal  plane  of  50mm  diameter 
sapphire  wafers.  Prior  to  the  growth  of  the 
layer,  a  buffer  or  nucleation  layer  of  GaN  was 
grown  at  a  temperature  of  500°C.  To  obtain 
high  uniformity  layers,  the  wafers  were  spun  at 
a  speed  of  about  50  rpm.  In  the  reactor  chamber 
ammonia,  tri(m)ethylgallium,  trimethylindium, 
and  trimethylaluminum  react  to  form  the  crys¬ 
talline  solid  film.  In  all  the  growth  runs,  hydro¬ 
gen  was  used  as  a  carrier  gas.  The  typical  layer 
thickness  was  1 .3  pm  which  was  obtained  after 
an  hour  of  grov^h.  The  growth  rate  was  found 
to  increase  linearly  with  the  concentration  of 
TMGa  in  the  gas  phase  and  growth  rates  as 
high  as  3  pm/hour  were  achieved.  Due  to  the 
long  exposure  to  the  heat  close  to  the  susceptor 
the  fraction  of  cracked  ammonia  is  high  at  the 
wafers.  This  reduces  the  V  to  III  ratio  in  the  re¬ 
actor  to  below  1000. 

The  finished  layers  were  mapped  using  optical  characterization.  Figure  4  shows  the  wavelength 
mapping  of  a  GaInN  layer  grown  in  a  horizontal  reactor  using  wafer  rotation.  The  In-content  of 
the  layer  appears  to  be  around  40%.  The  actual  In-content  could  be  considerably  lower  than  the 
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Fig.4;  Photoluminescence  mapping 
of  a  GainN  layer 
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photoluminescence  may  suggest  due  to  a  strong  emission  from  energy  levels  in  the  band  gap 
[12].  The  circular  symmetry  is  expected  due  to  the  rotation  of  the  wafer  during  the  deposition. 

CONCLUSION 

The  two-flow  Planetary  Reactor®  for  Ill-Nitride  growth  on  multiple  wafers  has  been  introduced. 

It  was  used  to  grow  the  nitride  material  films  that  are  required  for  blue  and  green  LEDs  and  la¬ 
sers.  The  composition  uniformity  was  found  to  be  in  the  1  %  range.  As  a  prove  for  the  feasibility 
of  MOCVD  for  production  growth  rates  as  high  as  3  pm/hour  were  adjusted  producing  state  of 
the  art  material.  Today,  this  reactor  represents  the  only  MOCVD  reactor  with  partially  controlled 
secondary  process  parameters  such  as  the  wall  temperature  of  the  reaction  chamber,  that  provides 
state-of-the-art  GaN  growth  with  the  largest  wafer  capacity. 
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ABSTRACT 

MBE  growth  of  III-V  nitrides  is  being  studied  at  NCSU  using  MOVPE  grown  GaN  buffer 
layers  on  SiC  as  substrates.  Rf  plasma  sources  are  being  used  for  the  generation  of  active  nitrogen 
during  MBE  deposition.  Through  the  use  of  multiple  rf  plasma  sources,  sufficient  active  nitrogen 
is  generated  in  order  to  examine  the  properties  of  III-V  nitride  layers  grown  at  higher  substrate 
temperatures  and  growth  rates.  The  resulting  MBE-grown  GaN  films  exhibit  remarkably  intense 
photoluminescence  (PL)  dominated  by  a  sharp  band-edge  peak  at  3.409  eV  having  a  FWHM  of  36 
meV  at  300K.  No  deep  level  emission  is  observed.  AlGaN  and  InGaN  films  and  quantum  well 
structures  have  also  been  prepared  using  multiple  sources.  A  modulated  beam  MBE  approach  is 
used  in  conjunction  with  the  multiple  rf  plasma  sources  to  grow  InGaN.  RHEED  and  TEM  studies 
reveal  flat  2D  InGaN  quantum  well  structures.  Depending  on  the  indium  content,  GaN/InGaN 
single-quantum-well  stractures  exhibit  electroluminescence  at  300K  peaked  in  the  blue-violet  to  the 
green  spectral  region. 

INTRODUCTION 

Historically,  both  metal-organic  vapor  phase  epitaxy  (MOVPE)  and  molecular  beam  epitaxy 
(MBE)  have  played  major  roles  in  the  development  of  III-V  arsenide  and  phosphide  materials  and 
devices.  However,  in  the  recent  rapid  development  of  the  III-V  nitrides,  MOVPE  has  played  the 
major  role  [1-4].  Early  efforts  to  employ  MBE  for  growth  of  GaN  and  related  materials  using 
ECR  plasma  sources  to  general  "active”  nitrogen  resulted  in  very  slow  film  growth  rates  and  poor 
quality  material  [5].  We  have  recently  shown  that  high-quality  GaN  can  be  prepared  by  MBE  by 
employing  an  rf  nitrogen  plasma  source  which  produces  a  greater  flux  of  active  nitrogen  and 
therefore  permits  MBE  film  growth  at  higher  temperatures [6].  A  homoepitaxial  approach  is  used 
by  performing  the  MBE  growth  on  high-quality  GaN  buffer  layers,  prepared  by  MOVPE  at  Cree 
Research,  Inc.,  on  6H-SiC  substrates.  This  approach  circumvents  problems  associated  with  GaN 
film  nucleation  on  highly  lattice-mismatched  substrates  such  as  sapphire  or  SiC  and  allows 
concentration  on  the  issues  associated  with  the  MBE  growth  process  itself  [6].  In  this  paper,  MBE 
growth  of  GaN,  AlGaN,  and  InGaN  films  and  quantum  well  (QW)  structures  are  reported.  By 
using  up  to  three  rf  plasma  sources  for  active  nitrogen  generation,  MBE  growth  of  nitrides  at 
1000  "C  has  been  achieved  for  the  first  time.  Use  of  multiple  plasma  sources  has  also  been 
employed  for  growth  of  InGaN  QWs  using  a  modulated  beam  MBE  approach  at  800  “C. 

EXPERIMENTAL  DETAILS 

The  nitride  samples  were  grown  at  NCSU  using  a  modified  EPI  930  three-chamber  MBE 
system  consisting  of  a  main  MBE  film  growth  chamber,  which  accepts  substrates  up  to  75  mm  in 
diameter  and  which  has  provisions  for  up  to  ten  MBE  source  ovens,  a  second  chamber  for  plasma 
cleaning  of  substrates  using  He/H  plasmas,  and  a  surface  analysis  chamber  with  provisions  for 
Auger  spectroscopy  studies  of  substrates  and  epilayers  at  temperatures  up  to  800  °C.  The  three 
chambers  are  interconnected  by  an  ultrahigh  vacuum  (UHV)  sample  transfer  system.  Up  to  three 
inductively  coupled  RF  plasma  sources,  made  by  Oxford,  SVTA,  and  EPI,  were  used  in  the 
growth  of  these  films.  The  nitrogen  species  generated  by  each  of  these  sources  has  been 
previously  studied  by  optical  emission  spectroscopy  [6,8], 
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The  nitride  films  were  grown  on  high-quality  GaN  buffer  layers  prepared  by  MOVPE  on 
basal  plane  6H-SiC  substrates  at  Cree  Research,  Inc.  The  best  MOVPE-grown  GaN  layers  exhibit 
PL  spectra  at  298  K  dominated  by  near-edge  emission  at  3.41  eV  and  double-crystal  x-ray  rocking 
curves  as  narrow  as  85  arc  sec  FWHM  (0002).  These  GaN/SiC  substrates  were  cleaned  prior  to 
MBE  film  growth  using  trichloroethylene,  acetone,  and  methanol  followed  by  plasma-cleaning 
using  a  1:1  hydrogen/helium  gas  mixture.  This  was  followed  by  thermal  annealing  at  600®- 
1000®C.  After  cleaning,  the  GaN/SiC  substrate  surface  showed  little  or  no  carbon  or  oxygen 
contamination. 

The  MBE  film  growth  was  monitored  in-situ  by  reflection  high-energy  electron  diffraction 
(RHEED).  Selected  films  were  also  characterized  by  means  of  Nomarski  interference-contrast 
microscopy,  transmission  electron  microscopy  (TEM),  scanning  electron  microscopy  (SEM), 
double-crystal  x-ray  diffraction,  and  variable-temperature  photoluminescence  (PL). 

RESULTS  AND  DISCUSSION 

MBE  Growth  of  GaN.  AlGaN.  and  InGaN 

Figure  1  shows  PL  data  obtained  for  an  undoped  GaN  layer  grown  using  multiple  rf  sources 
at  1000  °C.  The  300  K  spectrum  on  the  left  consists  of  a  single  sharp  near-band-edge  peak 
(FWHM  =  36  meV)  centered  at  3.409  eV.  Note  that  the  2.2  eV  band  of  yellow-green  deep  level 
emission  that  is  often  present  for  GaN  is  completely  absent  from  this  PL  spectrum,  indicating  the 
layer  to  be  of  very  high  quality.  High  quality  is  also  manifested  by  the  4K  PL  spectrum  shown  at 
the  right  in  Figure  1.  The  4K  spectrum  consists  of  a  bound  exciton  peak  at  3.463  eV  and  a  sha^ 
(FWHM  =  1.4  eV)  free  exciton  peak  at  3.471  eV.  These  peak  assignments  and  energies  are  in 
excellent  agreement  with  recent  optical  studies  of  MOVPE-grown  GaN  on  SiC  [7]. 


WAVELENGTH  (nm)  WAVELENGTH  (nm) 

Figure  1:  Photoluminescence  spectra  for  GaN  film  grown  by  MBE  at  1000°C  using 
multiple  rf  plasma  sources. 


N-type  GaN  has  been  grown  using  Si  as  the  dopant.  Mg  has  been  used  as  the  P-type 
dopant.  AlxGai.xN  films  (x~0.06-0.08)  grown  by  MBE  on  GaN/SiC  substrates  exhibit  2D 
nucleation  as  seen  by  RHEED  and  show  strong  PL  edge  emission  at  3.62-3.69  eV  at  295  K. 
AlxGaj.xN/GaN  double  heterostructures  have  also  been  grown.  These  p-on-n  structures  were 
processed  into  250  |J,m  x  250  |im  mesa  diodes  using  standard  processing  techniques.  The  LEDs 
emit  bright  violet  light  at  temperatures  ranging  between  77  -  290  K. 

We  have  also  studied  MBE  growth  of  InGaN  alloys.  For  visible  light  emission,  InGaN  is 
essential  as  the  active  recombination  layer  material  in  double-heterostructure  quantum  well  devices 
such  as  laser  diodes.  The  growth  of  high  quality  InGaN  is  complicated  by  thermodynamic 
limitations;  InN  is  unstable  and  tends  to  dissociate  at  typical  MBE  growth  temperatures  of  600-800 
°C  [9].  Furthermore,  the  surface  energies  of  InGaN  are  such  that  indium  tends  to  cluster  into  metal 
droplets  rather  than  to  migrate  freely  to  lattice  incorporation  sites.  The  formation  of  indium 
droplets  results  in  a  low  indium  incorporation  rate  in  the  growing  film  and  a  weak  PL  signal 
dominated  by  deep  level  emission.  This  kinetically  induced  phase  segregation  into  indium  droplets 
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in  the  growth  of  high  mole  fraction  InGaN  layers  has  previously  been  reported  for  growth  by 
MOVPE  as  well  as  MBE  [10,1 1].  To  overcome  these  difficulties,  we  have  developed  a  modulated 
beam  technique,  based  on  atomic  layer  epitaxy  and  migration  enhanced  epitaxy,  which  employs 
continuous  alternating  layers  of  (In,Ga)N  and  (Ga)N.  The  intermittent  deposition  of  a  brief  G^ 
layer  stabilizes  the  indium  containing  layer  before  droplets  can  nucleate  and  results  in  high  quality 
epitaxy.  Factors  influencing  the  composition  of  the  resulting  InGaN  include  the  metal  flux  ratios, 
substrate  temperature,  and  the  relative  lengths  of  the  beam  modulation  periods.  Multiple  rf  plasma 
sources  have  allowed  us  to  grow  InGaN  by  modulated  beam  MBE  at  substrate  temperatures  of 
800  °C. 

RHEED  Studies  of  InGaN  Growth 


Figure  2  shows  RHEED  images  obtained  during  growth  of  a  GaNAnGaN/GaN  single- 
quantum-well  (SQW)  double  heterostructure.  First  a  -400  A  thick  smoothing  layer  of  GaN:Si  was 
grown  by  MBE  onto  the  GaN/SiC  substrate.  Figure  2(a)  shows  RHEED  photos  of  the  surface  of 
the  GaN:Si  layer  just  prior  to  initiation  of  the  InGaN  QW  growth.  The  streaky  RHEED  photos  are 
indicative  of  2D  growth.  We  have  referenced  the  observed  reconstructions  to  the  two 

perpendicular  axes  of  the  underlying  substrate  with  the  electron  beam  along  the  [1120]  and 

[1 100]  axes  respectively.  A  dim  (2  x  2)  surface  reconstruction  is  observed  on  the  GaN  surface 
immediately  prior  to  InGaN  deposition.  Figure  2(b)  shows  RHEED  patterns  of  the  InGaN  surface 
during  the  QW  growth  which  indicate  that  2D  growth  is  maintained.  The  QW  consists  of  a  total  of 
twenty  double-layers  of  InGaN/GaN  which  provide  a  total  thickness  of  about  200  A.  Figure  2(c) 
shows  RHEED  patterns  obtained  during  the  growth  of  a  GaN  layer-component  of  the  QW.  Note 
that  a  strong  (1x3)  surface  reconstruction  is  present  and  the  streakiness  of  the  patterns  indicates 
that  the  layer  is  atomically  flat.  Twenty  alternating  RHEED  patterns  like  those  shown  in  Figures 
2(b)  and  2(c),  respectively,  are  observed  during  deposition  of  the  20  double-layers  of  the  entire 
QW  structure.  RHEED  patterns  obtained  during  the  initiation  of  the  top  GaN:Mg  layer  also  exhibit 
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Figure  2;  RHEED  photos  of  (a)  GaN:Si  layer  just  prior  to  growth  of  InGaN  QW,  (b)  InGaN 
QW  layer,  and  (c)  G^  QW  surface  stabilization  layer. 

a  (1  X  3)  surface  reconstruction  like  those  shown  in  Figure  2(c).  The  RHEED  patterns  shown 
above  provide  direct  experimental  evidence  that  the  MBE  growth  technique  can  be  used  to  prepare 
very  high  quality  InGaN  QWs. 
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The  (1x3)  reconstruction  has  also  been  previously  observed  for  GaN  during  the  heating  of 
GaN/SiC  substrates  under  a  nitrogen  plasma  flux  prior  to  MBE  growth  [6].  These  reconstruction 

patterns  may  alternatively  be  referenced  to  the  hexagonal  <1 120  >  axes  of  the  underlying  substrate, 
separated  120°  apart  [12].  With  this  transformation  of  axes,  the  (1  x  3)  reconstruction  observed  in 
this  RHEED  experiment  corresponds  to  the  (VS  x  VS)  30°  reconstruction.  The  real  and  reciprocal 
space  lattices  for  this  reconstruction  are  shown  in  Figure  3.  The  (V3  x  V3)  30°  reconstruction  has 
previously  been  reported  for  group  III  adatoms  on  the  close  packed  {111}  planes  of  silicon  [13]. 
The  (2  X  2)  reconstruction  referenced  to  the  hexagonal  axes  is  shown  in  Figure  4. 
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Figure  3:  Real  space  (a)  and  reciprocal  space  (b)  net  of  the  close  packed  (0001 }  hexagonal 
surface  with  equivalent  (1  x  3)  and  (V3  x  V3)  30°  reconstmction  lattice  symmetries 
indicated.  (Open  circles  (O)-  bulk  lattice  sites.  Filled  circles  (•)-  surface  lattice  sites. 
Crosses  (X)-  surface  reciprocal  lattice  sites.) 
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Figure  4:  Real  space  (a)  and  reciprocal  space  (b)  of  the  close  packed  {0001 )  hexagonal  surface 
with  the  (2  x  2)  reconstruction  lattice  symmetries  indicated.  (Open  circles  (O)-  bulk 
lattice  sites.  Filled  circles  (•)-  surface  lattice  sites.  Crosses  (X)-  surface  reciprocal  lattice 
sites.) 


274 


It  is  important  to  stress  that  the  sites  indicated  for  both  the  bulk  and  surface  symmetries  are 
lattice  sites,  not  atomic  positions.  From  these  experiments  alone,  no  conclusion  may  be  drawn 
regarding  either  the  type,  number,  or  position  of  basis  atoms  associated  with  either  the  bulk  or 
surface  lattice  sites.  However,  surface  reconstruction  during  growth  does  imply  that  the  lowest 
energy  surface  under  these  growth  conditions  displays  long  range  ordering  of  the  surface  adatoms. 
This  suggests  that  the  thermodynamics  and  kinetics  of  MBE  growth  under  these  conditions 
exhibits  a  tendency  to  avoid  adatom  clustering.  Thus,  from  the  presence  of  the  (1  x  3) 
reconstruction  during  the  intermittent  GaN  stabilization  layers  we  may  conclude  that  this  layer  is 
effective  in  limiting  the  coalescence  of  indium  into  metal  droplets  during  the  growth  of  the  entire 
QW  structure  layers. 

Characterization  of  MBE  Grown  Heterostructures 

TEM  studies  were  also  completed  on  selected  InGaN  SQW  structures.  Figure  5  shows  a 
TEM  vertical-cross-section  obtained  from  a  representative  sample.  Figure  5(a)  shows  the  entire 
heterostructure.  The  SiC  substrate  is  at  the  bottom  of  the  image  followed  by  a  thin  nitride 
nucleation/buffer  l^er  and  a  -0.5  |im  thick  layer  of  MOVPE-grown  GaN:Si.  The  MBE-grown 
InGaN  QW  (-200  A  thick)  is  seen  as  the  dark  horizontal  line  near  the  center  of  the  photo.  Above 
this  is  shown  a  -5000  A  thick  layer  of  MBE-grown  GaN: Mg  to  complete  the  double 
heterostructure.  A  higher  resolution  image  of  the  InGaN  QW  is  shown  in  Figure  5(b).  Some  of 
the  individual  InGaN  (dark)  and  GaN  (light)  layers  of  the  QW  can  be  seen.  Note  that  there  appears 


(a)  (b) 

Figure  5:  TEM  photos  of  InGaN  SQW  sample  showing  (a)  the  entire  heterostructure  and  (b) 
a  high-magnification  image  of  the  InGaN  QW  and  the  MBE/MOVPE  interface. 

to  be  very  little  inter-diffusion  between  the  very  thin  InGaN  and  GaN  layers  which  comprise  the 
QW.  The  MBE/MOVPE  interface  is  seen  as  a  thin  flat  line  approximately 300  A  below  the  QW.  It 
is  important  to  note  that  there  is  no  increase  in  dislocation  density  associated  with  the  MBE  growth 
process.  The  MBE  technique  replicates  the  quality  of  the  underlying  MOVPE-grown  GaN  layer, 
which  corresponds  to  an  average  dislocation  density  of  about  10^  per  cm^  for  the  present  samples. 

The  InGaN  SQW  LED  samples  exhibit  bright  electroluminescence  (EL)  at  300K  as  shown  in 
Figure  6.  Note  that  the  emission  from  the  MBE-grown  samples  consists  of  a  single  sharp  peak  in 
the  blue/violet  spectral  region  with  FWHM  comparable  the  best  SQW  LED  emissions  reported  for 
MOCVD-grown  samples.  The  peak  luminescence  at  425  nm  corresponds  to  an  indium  mole 
fraction  of  22%  when  Vegard’s  Law  is  used  to  calculate  the  composition  from  the  band-gap  energy 
and  no  shift  due  to  strain  is  assumed.  By  increasing  the  indium  content  in  the  InGaN  QW,  we 
have  also  obtained  EL  peaked  in  the  blue  and  green  spectral  regions. 
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Figure  6:  300K  EL  from  two  different  MBE-grown  InGaN  SQW  heterostructures. 
CONCLUSIONS 

Multiple  rf  plasma  sources  have  been  used  to  generate  the  active  nitrogen  for  the  MBE 
growth  of  III-V  nitride  materials  at  high  growth  rates  and  substrate  temperatures.  Using  this 
technique,  very  high  quality  material  has  been  produced  at  1000®C.  Combining  the  multiple 
sources  with  a  modulated  beam  MBE  approach,  InGaN  layers  have  been  grown  at  800°C.  We 
have  observed  the  (1  x  3)  and  (2  x  2)  surface  reconstructions  by  RHEED  during  modulated  beam 
MBE  growth  of  InGaN.  The  2D  reconstruction  implies  a  flat  surface,  with  very  little  indium  phase 
segregation  during  the  growth  of  these  layers.  This  observation  is  confirmed  by  TEM  analysis 
which  reveals  discrete  InGaN  layers  with  very  little  intermixing  between  the  layers.  Using  this 
growth  technique,  InGaN  SQW  LED  test  structures  have  been  made  which  emit  in  the  blue-green 
visible  light.  The  present  work  provides  convincing  evidence  that  MBE,  along  with  MOVPE,  is  a 
powerful  technique  for  the  investigation  and  development  of  III-V  nitride  materials  and  devices. 
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Large  Area  Supersonic  Jet  Epitaxy  of  AIN,  GaN,  and  SiC  on  Silicon 
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ABSTRACT 

AIN,  GaN,  and  SiC  thin  films  were  grown  on  100  mm  diameter  Si(lll)  and  Si(lOO)  substrates 
using  Supersonic  Jet  Epitaxy  (SJE).  Precursor  gases  were  seeded  in  lighter  mass  carrier 
gases  and  free  jets  were  formed  using  novel  slit-jet  apertures.  The  jet  design,  combined  with 
substrate  rotation,  allowed  for  a  uniform  flux  distribution  over  a  large  area  of  a  100  mm 
wafer  at  growth  pressures  of  1-20  mTorr.  Triethylaluminum,  triethylgallium,  and  ammonia 
were  used  for  nitride  growth,  while  disilane,  acetylene,  and  methylsilane  were  used  for  SiC 
growth.  The  films  were  characterized  by  in  situ  optical  reflectivity,  x-ray  diffraction  (XRD), 
atomic  force  microscopy  (AFM),  and  spectroscopic  ellipsometry  (SE). 

INTRODUCTION 

The  wide  band  gap  semiconductors  AIN,  GaN,  and  SiC  are  technologically  important 
materials  due  to  their  desirable  optical,  electronic,  thermal,  and  mechanical  properties. [1] 
Much  progress  has  been  made  recently  in  the  heteroepitaxial  growth  of  these  compounds, 
work  which  is  in  part  driven  by  the  difficulty  of  growing  bulk  crystals  of  useful  size  and  ge¬ 
ometry.  It  is  desirable  to  develop  growth  processes  which  are  compatible  with  conventional 
device  fabrication  procedures,  i.e.,  temperatures  low  enough  to  avoid  damaging  existing 
structures.  The  technique  of  supersonic  jet  epitaxy  [2]  allows  films  to  be  grown  at  temper¬ 
atures  lower  than  conventional  chemical  vapor  deposition  (CVD)  by  activating  the  reactant 
molecules  with  the  kinetic  energy  of  a  seed  gas  in  addition  to  the  thermal  energy  provided 
by  the  substrate.  The  directed  nature  of  the  reactant  flux  reduces  the  amount  of  process 
gases  used.  The  purpose  of  the  research  describe  herein  is  to  apply  SJE  to  the  growth  of 
wide  band  gap  semiconductors  on  100  mm  silicon  substrates  by  using  novel  slit-jet  nozzles 
to  produce  uniform  thin  films  over  a  large  area. 

EXPERIMENT 

A  schematic  overview  of  the  apparatus  is  shown  in  Figure  1(a).  The  growth  chamber  is 
pumped  by  a  diffusion  pump  with  a  cryobaffle  to  minimize  hydrocarbon  contamination.  The 
base  pressure  before  growth  is  typically  3x10"^  Torr.  The  substrate  is  held  polished  side 
down  by  a  rotating  sample  manipulator  with  a  boron  nitride  heater  capable  of  heating  the 
sample  to  1000  °C  concurrent  with  rotation.  Precursor  gases  are  delivered  to  the  substrate  by 
one  to  four  of  the  slit-jets  shown  in  Figure  1(b).  The  tapered  slits  deliver  more  gas  towards 
the  edge  of  the  wafer  to  compensate  for  the  increase  in  differential  area  with  increasing 
radius.  This  design,  combined  with  substrate  rotation,  produces  films  which  are  uniform 
over  a  large  area.  The  distance  between  the  jets  and  the  sample  can  be  varied  from  1.0- 
7.5  cm,  with  a  typical  value  being  4  cm.  The  slit-jet  nozzles  routinely  reach  temperatures  of 
250-400  °C  during  growth  due  to  their  proximity  to  the  heated  sample. 

Both  gas  and  liquid  sources  are  used  as  precursors.  In  the  case  of  a  liquid  precursor,  a 
carrier  gas  is  bubbled  through  the  liquid  to  vaporize  and  transport  the  reactive  substance. 
The  gas  delivery  system  allows  the  precursor  gases  to  be  seeded  in  carrier  gases  of  lighter 
mass.  When  this  gas  mixture  is  sent  through  a  small  orifice,  such  as  a  slit-jet,  into  the 
vacuum  chamber,  a  supersonic  molecular  beam  is  formed.  The  precursor  gas  attains  a  high 
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Figure  1:  (a)  The  pumping  configuration  allows  growth  at  pressures  of  0.5-100  mTorr.  The 
diffusion  pump  is  bypassed  for  high  pressure  growth,  (b)  The  slits  on  the  gas  nozzles  are 
1.25”  long  and  tapered  from  50-150  jum. 


kinetic  energy  and  becomes  more  reactive  when  seeded  in  this  way.  [3]  The  high  kinetic  energy 
attained  by  the  precursor  gases  is  necessary  [2]  to  achieve  growth  at  reduced  temperatures 
via  SJE. 

100mm  Si(lOO)  and  Si(lll)  substrates  were  chemically  treated  ex  situ  to  leave  them  hy¬ 
drogen  terminated  by  spin-etching  [5]  the  wafers  in  hydroflouric  acid  diluted  10:1  in  ethanol. 
The  Shiraki  [6]  method  was  also  used  to  clean  and  chemically  oxidize  some  substrates.  The 
silicon  surfaces  roughened  when  heated  to  temperatures  necessary  to  desorb  the  oxide  layers, 
probably  as  a  consequence  of  the  high  base  pressure  in  the  growth  chamber.  [7]  The  hydrogen 
terminated  layer,  however,  desorbs  at  temperatures  lower  than  the  growth  temperature,  and 
was  therefore  the  preferred  termination  layer. 

Three  types  of  films  were  grown:  AIN,  GaN,  and  SiC.  The  A1  and  Ga  sources  were 
triethylaluminum  (TEA)  and  triethylgallium  (TEG)  respectively,  and  the  nitrogen  source 
was  ammonia  (NH3).  Methylsilane,  disilane  (Si2H6),  and  acetylene  (C2H2)  were  used  for  SiC 
growth.  TEG  and  TEA  are  liquids  at  room  temperature  and  therefore  required  the  use  of  a 
carrier  gas  as  mentioned  above.  Hydrogen,  helium,  and  nitrogen  were  used  as  carrier  gases; 
the  kinetic  energy  of  the  reactive  gas  species  increases  as  the  mass  of  the  carrier  gas  molecules 
is  decreased  according  to  the  formula  given  in  [3].  The  flows  of  carrier  gases  were  controlled 
by  precision  mass  flow  controllers  and  were  in  the  range  of  1-50  seem  for  all  films.  The  ratio 
of  III/V  species  could  be  controlled  by  varying  bubbler  temperature  and  overpressure  [8]. 
The  growth  temperatures  were  550-800  °C  for  AIN  and  GaN,  and  750-950° C  for  SiC. 

The  growth  rate  was  monitored  in  situ  by  measuring  the  sample  reflectance  at  a  wave¬ 
length  of  632  nm  and  an  incident  angle  of  75°.  The  intensity  of  the  light  reflected  from  the 
growing  film  oscillates  with  a  period  dependent  on  the  film  thickness  and  index  of  refrac¬ 
tion.  The  index  of  refraction  and  film  thickness  were  measured  ex  situ  using  spectroscopic 
ellipsometry.[9]  Ex  situ  characterization  also  included  XRD  and  AFM. 
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RESULTS 


The  growth  rate  of  AIN  was  studied  as  a  function  of  three  experimental  variables:  sub¬ 
strate  temperature;  precursor  seed  gas;  and  nozzle  orientation. 

Studies  of  growth  rate  versus  temperature  were  not  extensive  enough  to  allow  any  con¬ 
clusions  to  be  drawn.  With  SJE  as  with  CVD,  an  increase  in  growth  rate  with  increasing 
substrate  temperature  can  be  attributed  to  the  increasing  thermal  energy  available  to  initi¬ 
ate  reactions  between  the  physisorbed  precursor  molecules,  while  a  decrease  in  growth  rate 
with  increasing  temperature  can  be  attributed  to  a  decrease  in  the  sticking  probability  of 
a  precursor  molecule.  In  experiments  more  relevant  to  SJE,  we  sought  to  confirm  that  the 
slit-jet  nozzles  produce  molecular  beams  which  are  kinetically  activated,  i.e.,  to  confirm  that 
the  film  growth  was  due  in  part  to  the  SJE  process  and  not  just  CVD.  To  this  end,  the  kinetic 
energies  of  the  precursor  gases  were  varied  by  using  different  seed  gases  while  other  growth 
conditions  were  held  constant.  The  resulting  variations  in  growth  rate  are  summarized  in 
Figure  2(a).  TEA  molecules  seeded  in  H2  have  13  times  as  much  kinetic  energy  as  those 
seeded  in  N2,  which  produced  a  2.5  fold  increase  in  growth  rate.  [10]  No  variation  in  growth 
rate  was  seen  with  NH3  seeding  variations,  though  it  should  be  noted  that  the  NH3  molecules 
cannot,  with  the  current  system,  be  given  as  much  kinetic  energy  as  the  TEA  molecules  due 
to  their  lesser  mass.  Previous  SJE  studies  [2,  4]  have  also  found  that  the  growth  rate  of 
AIN  does  not  depend  strongly  on  the  kinetic  energy  of  the  NH3,  whereas  there  is  a  strong 
dependence  of  growth  rate  on  the  TEA  kinetic  energy. 


time  (hr)  time  (hr) 

Figure  2:  (a)  Reflectance  data  from  three  AIN  films  grown  with  different  seed  gases  show 
growth  rates  of  150-400  nm/hr.  (b)  Reflectance  data  from  AIN  film  grown  on  silicon  surface 
roughened  by  high  temperature  O2  desorption. 

Figure  2(b)  shows  reflectance  data  from  an  AIN  film  whose  roughness  is  increasing  with 
time.  The  roughness  of  the  film  decreases  the  maximum  reflectance  through  scattering 
and  increases  the  minimum  due  to  the  reduction  in  the  coherence  necessary  for  destructive 
interference.  Similar  behavior  was  seen  with  some  methylsilane  growths. 

The  instrument  was  initially  run  with  the  organometallic  and  nitrogen  precursors  de¬ 
livered  by  separate  nozzles  oriented  as  shown  in  Figure  1(b).  The  maximum  growth  rate 
observed  with  this  nozzle  configuration  was  0.15  iimjhr.  One  nozzle  was  then  moved  so  that 
the  flux  from  each  of  two  nozzles  impinged  on  the  same  area  simultaneously  and  the  growth 
rate  increased  to  0.6  fimf  hr.  The  data  shown  in  Figures  2  and  4  are  from  films  grown  with 
converging  nozzles,  whereas  data  shown  in  Figure  3  are  from  films  grown  in  the  original 
orientation. 
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One  of  the  two  converging  jets  was  then  moved  to  an  angle  of  75°  from  the  surface 
normal.  Growths  were  done  with  the  NH3  impinging  at  75°  and  the  organometallic  impinging 
normally,  and  vice  versa.  The  growth  rate  was  not  noticeably  affected  by  the  variation  in 
NH3  incident  angle,  but  the  growth  rate  dropped  below  0.02//m//ir  with  the  organometallic 
precursor  impinging  at  75°.  From  this  it  is  concluded  that  the  growth  rate  is  sensitive  to  the 
normal  component  of  the  TEA  molecular  momentum. 


0  10  20  30  40  50  0  10  20  30  40  50 

(a)  Radius(mm)  (b)  Raclius(mnn) 

Figure  3:  Thickness  profiles  of  films  on  100  mm  Si(lOO)  substrates,  (a)  Diffusion  pumped- 
growth  pressure  of  1  mTorr.  (b)  Mechanically  pumped-  growth  pressure  of  20  mTorr. 

Film  thickness  profiles  were  measured  using  spectroscopic  ellipsometry  [9].  The  film 
thickness  uniformity  was  affected  by  the  total  growth  pressure  in  the  chamber  independent 
of  the  flow  rates.{Fig.  3)  The  most  uniform  films  showed  a  thickness  variation  of  less  than 
1%  over  a  80  mm  diameter.  The  index  of  refraction  varied  between  films  and  across  a  single 
film  by  as  much  as  20%  and  showed  a  correlation  with  structural  quality;  films  with  better 
crystal  quality  tended  to  have  indices  of  refraction  closer  to  the  value  for  single  crystal  AIN, 
which  is  2.22  at  visible  wavelengths. 
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Figure  4:  XRD  scan  of  A1N/Si(100)  and  GaN/Si(100).  (a)  The  peak  at  59.3°  is  at¬ 
tributable  to  AlN(llO)  and  all  other  peaks  are  from  the  substrate,  (b)  Three  wurtzitic  GaN 
peaks  are  visible:  the  (100)  at  32.4°;  the  (002)  at  34.6°;  the  (110)  at  57.9°. 

The  films  were  in  general  polycrystalline,  but  AIN  films  grown  with  the  convergent  noz¬ 
zles  usually  showed  only  one  peak  in  6  —  29  scans. (Fig.  4(a))  An  cu  scan  of  the  AlN(llO) 
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peak  shown  in  Figure  4(a)  has  a  rocking  curve  full- width  at  half-maximum  (FWHM)  of  9% 
indicating  the  distribution  in  crystallite  orientation  with  respect  to  the  surface  normal.  For 
comparison,  single  phase  A1N(0002)/Si(100)  films  grown  using  the  supersonic  jet  apparatus 
mentioned  previously  have  exhibited  rocking  curve  FWHM  as  low  as  3^  [2],  The  rocking 
curve  FWHM  values  of  AIN  films  grown  on  silicon  tend  to  be  larger  than  those  for  films 
grown  on  sapphire  due  to  the  larger  lattice  mismatch. 

Films  grown  in  the  higher  pressure  environment,  though  of  more  uniform  thickness,  are 
not  as  structurally  well  ordered.  Films  grown  at  higher  pressures  show  both  the  AlN(llO) 
peak  at  59.3°  and  the  AIN(IOO)  peak  at  33.2°  with  varying  intensity  ratios.  As  the  back¬ 
ground  chamber  pressure  increases,  the  mean  free  path  of  the  molecules  in  the  jet  decreases, 
thereby  reducing  their  kinetic  energy  prior  to  arrival  at  the  surface.  This  can  lead  to  more 
uniform  films  because  more  of  the  growth  may  be  due  to  the  background  flux  and  less  due  to 
the  directed  jet.  Growth  from  the  uniform  background  is  essentially  low  pressure  chemical 
vapor  deposition  and  not  SJE,  so  it  is  not  suprising  that  the  crystal  quality  is  adversely 
affected  by  elevated  chamber  pressures  without  a  corresponding  elevation  to  typical  CVD 
temperatures. 

GaN  growths  were  carried  out  using  SiC  and  AIN  buffer  layers  on  silicon,  in  part  moti¬ 
vated  by  the  success  of  other  workers  [11]  in  growing  high-quality  GaN  using  buffer  layers 
to  reduce  the  strain  of  lattice  mismatch.  Films  were  grown  with  the  slit-jet  nozzles  in  the 
non-convergent  orientation.  Figure  4(b)  shows  a  9 -20  scan  of  GaN/AlN/Si(100).  Similar 
results  were  obtained  when  using  SiC  (grown  with  acetylene  and  disilane)  as  the  buffer  layer: 
GaN(002)  was  the  predominant  peak  in  the  XRD  spectrum. 

The  surfaces  of  AIN  and  GaN  films  were  profiled  using  a  Digital  Instruments  Nanoscope 
III  AFM.  The  morphology  of  the  GaN  films  grown  on  AIN  buffer  layers  is  similar  that  of 
AIN.  The  average  surface  roughness  is  in  the  range  of  6-10  nm,  which  is  1-2%  of  the  film 
thickness.  For  comparison,  A1N(001)/Si(100)  films  grown  in  our  lab  with  a  different  SJE 
system  have  an  average  surface  roughness  of  2  nm.  The  average  grain  size  is  approximately 
50  nm  which  is  consistent  with  a  grain  size  that  may  be  estimated  from  the  FWHM  of  the 
0-2$  XRD  peak.[12] 

XRD  scans  of  films  grown  on  Si(lOO)  and  Si(lll)  using  jets  of  acetylene  and  disilane 
showed  a  mixture  of  the  SiC(lll)  peak  and  various  silicon  peaks.  The  SiC(lll)  peak  intesity 
grew  with  increasing  growth  temperature  at  the  expense  of  the  silicon  peaks,  but  the  signal 
intensity  was  weak  in  comparison  to  AIN  and  GaN  peak  intensities.  The  lack  of  SiC  growth  is 
partly  due  to  the  low  reactivity  of  C2H2  compared  with  disilane  under  our  growth  conditions. 
Evidence  for  this  includes  the  observation  of  stronger  SiC(lll)  peaks  on  the  back  of  the 
substrate;  the  back  of  the  substrate  is  at  a  higher  temperature  than  the  front  due  to  the 
proximity  of  the  heater.  This  growth  occured  merely  from  the  low  pressure  background 
gas  concentration,  again  offering  no  advantage  over  conventional  CVD,  since  the  necessary 
reaction  energy  was  coming  primarily  from  the  substrate  and  not  the  impinging  molecules. 

Preliminary  studies  suggest  that  methylsilane  is  a  more  suitable  precursor  for  SiC  growth 
in  our  apparatus.  Quantitative  growth  rates  could  not  be  determined  as  the  films  grown  to 
date  have  shown  an  increasing  roughness  with  time,  similar  to  that  shown  in  Figure  2,  which 
makes  the  index  of  refraction  difficult  to  determine.  XRD  0  —  20  scans  have  shown  cubic 
SiC(002)/Si(100)  peaks  for  films  grown  at  850-900°  C  with  1  seem  methylsilane  seeded  in 
19  seem  hydrogen. 
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CONCLUSIONS 

Wurtzitic  AIN  and  GaN  films  were  grown  on  100  mm  silicon  substrates  and  were  of 
uniform  thickness  over  70%  of  the  substrate.  The  growth  conditions  which  produced  the  most 
uniform  films  did  not  necessarily  produce  the  films  with  the  highest  degree  of  crystallinity. 
For  AIN  and  GaN,  the  reactant  gases  needed  to  be  delivered  in  separate  nozzles  to  acheive 
a  measurable  growth  rate.  It  was  also  determined  that  the  flux  delivered  by  the  separate 
nozzles  should  converge  to  the  same  position  on  the  substrate  to  maximize  growth  rate.  It 
is  possible  to  deposit  single  phase  AIN  at  temperatures  below  800  °C  using  this  technique. 

It  was  found  that  the  apparatus  is  incapable  of  growing  high  quality  SiC  using  C2H2  as  a 
carbon  source.  Methylsilane  was  found  to  be  a  more  suitable  precursor  for  the  apparatus  as 
highly  oriented  cubic  SiC(002)/Si(100)  could  be  obtained  at  temperatures  less  than  900°C. 
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ABSTRACT 

The  effects  of  both  temperature  and  atmosphere  on  the  resulting  morphological  features 
of  the  polar  faces  of  single  crystal  ZnO  were  investigated  and  characterized  by  atomic  force 
microscopy  (AFM).  In  studies  where  ZnO  was  thermally  processed  in  flowing  oxygen  at 
atmospheric  conditions  within  the  temperature  range  of  500°C  to  900°C  for  30  minutes,  the  Zn- 
surface  (i.e.,  (0001))  showed  a  tendency  to  reconstruct  with  increasing  temperature  until  terraces 
became  evident  at  900°C.  Terrace  heights  were  as  small  as  0.9  nm.  In  contrast,  the  0-surface 
(i.e.,  (000  1))  was  observe  to  change  very  little  during  the  Oj-atmoshere,  thermal  treatment  and 
remained  comparatively  rougher  than  the  Zn-surface.  ZnO  samples  which  were  thermally 
processed  under  high  vacuum  (i.e.,  5x10'’  Torr)  conditions  exhibited  a  more  dramatic  contrast. 
The  vacuum  annealed  Zn-surface  was  observed  to  develop  very  smooth  surface  features 
(Roughness  =  0.09  nm)  at  annealing  temperatures  within  the  700  -  800  “C  range.  In  contrast,  and 
as  expected,  the  0-surface  roughness  increased  due  to  surface  reduction  reactions.  In  addition  to 
these  findings,  it  is  noted  that  AFM  measurements  may  be  utilized  as  a  convenient  method  to 
distinguish  between  the  two  polar  surfaces  of  ZnO. 

Aluminum  nitride  was  deposited  on  the  Zn-  and  O-  surfaces  from  700  to  850°C  by  pulsed 
laser  evaporation.  X-ray  diffraction  indicated  that  the  AIN  was  c-axis  oriented  with  no  interface 
reaction  products  detected  between  the  ZnO  substrate  and  AIN  film. 

INTRODUCTION 

ZnO  has  the  same  crystal  structure,  and  a  reasonably  close  lattice  match,  to  both  GaN  and 
AIN.  Likewise,  the  noncentrosymmetric  structure  of  ZnO  imparts  a  crystallographic  polarity  that 
not  only  results  in  the  formation  of  opposite  polar  surfaces  (i.e.,  Zn-  and  O-  surfaces),  but  also 
results  in  characteristic  property  differences  between  the  surfaces.  The  energy,  chemistry,  and 
defect  structure  of  each  polar  surface  in  ZnO  will  differ,  and  as  such  impact  the  resulting 
properties  of  the  nitride  film  overgrowth.  As  previously  noted,  and  from  a  crystallographic 
perspective,  ZnO  is  a  promising  substrate  candidate  for  the  epitaxial  growth  of  III-V  nitride  thin 
films.  A  study  relating  the  changes  of  surface  energy  and  chemistry  on  the  two  polar  faces  of 
single  crystal  ZnO  subjected  to  the  processing  conditions  of  typical  thin  film  deposition  methods 
would  contribute  added  insight  into  the  use  of  ZnO  as  a  III-V  nitride  substrate  material. 

It  has  previously  been  reported  [1]  that  the  polar  faces  of  single  crystal  ZnO  are  both 
structurally  and  chemically  distinct,  with  the  ZnO  (000  1)  being  considered  the  O-  surface  and 
the  ZnO  (0001)  being  considered  the  Zn-  surface.  Given  that  ZnO  is  being  considered  as  a 
substrate  or  buffer  layer  for  the  III-V  nitrides  [2-6],  it  is  of  importance  to  determine  the 
contribution  that  ZnO  surface  structure  and  chemistry  imparts  to  the  epilayer’s  properties.  While 
initials  studies  relating  to  these  matters  have  recently  been  reported  in  the  literature,  the  results 
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are  often  contrary.  For  example,  one  noted  problem  with  ZnO  is  that  it  is  easily  reduced  at  the 
processing  conditions  typically  used  for  film  deposition  of  GaN  and  AIN.  In  a  recent  article  [4], 
GaN  was  deposited  on  the  Zn-  and  O-  surfaces  by  MBE.  The  results  suggest  that  ZnO  is  not  a 
suitable  substrate  for  GaN  films  grown  by  MBE  at  600‘'C  due  to  reaction  between  Ga  metal  and 
ZnO  to  form  Ga2Zn04  at  the  interface.  Other  results  [5]  suggest  that  MBE  grown  GaN  exhibits 
two-dimensional  growth  on  ZnO  when  ZnO  is  used  as  a  buffer  layer  on  sapphire.  No  indieation 
was  given  as  to  which  ZnO  face  the  GaN  is  being  grown  on.  Given  this  controversy,  there  is  a 
need  to  study,  from  a  more  fundamental  perspective,  the  processing  ramifications  associated  with 
the  use  of  polar  substrate  materials  for  III-V  nitrides. 

In  this  study,  we  investigated  the  effects  of  both  thermal  and  atmospheric  conditions  on 
the  resulting  surface  microstructural  features  of  the  polar  faces  of  ZnO.  In  addition,  AIN  films 
deposited  by  PLD  methods  on  these  polar  surfaces  is  reported. 

EXPERIMENTAL 

ZnO  (0001)  single  crystal  substrates,  polished  on  both  faces,  were  obtained  from 
Atomergic  Chemetals  Corp.  (Farmingdale,  NY).  While  optical  microscopy  did  not  reveal  any 
differences  in  the  microstructural  features  of  the  two  substrate  surfaces.  Results  obtained  from  a 
preliminary  AFM  (Digital  NanoScope  III,  Santa  Barbara,  CA)  investigation  of  as-delivered 
samples  later  showed  that  the  noted  differences  in  surface  morphology  were  attributable  to  the 
microstructural  features  associated  with  the  polar  surfaces.  This  observation  is  consistent  with 
the  physical  features  reported  by  Mariano  and  Hanneman  [1]. 

Samples  of  the  oriented,  single  crystal  ZnO  substrates  were  thermally  annealed  at  1  atm 
in  flowing  oxygen  for  30  min  within  the  temperature  range  of  500  to  900°C.  During  thermal 
processing,  the  test  sample  was  suspended  by  the  edges  to  ensure  that  any  changes  to  the  bottom 
surface  were  not  influenced  by  contact  with  a  holder.  Samples  were  allowed  to  furnace  cool  to 
room  temperature  under  flowing  oxygen  before  removal.  In  order  to  examine  the  effect  of 
vacuum  pressure  (i.e.,  5x10’’  Torr)  and  temperature  on  the  stability  of  the  polar  ZnO  surfaces, 
each  polar  face  was  annealed  at  800°C  for  15  min  and  then  cooled  to  room  temperature  without 
deposition.  Atomic  force  mieroscopy  (AFM)  operating  in  the  tapping  mode  was  performed  on 
both  ZnO  faces  in  the  as-received  condition,  after  cleaning  with  trichloroethylene  and  methanol, 
and  after  each  anneal.  Samples  were  chemically  etched  in  20%  HNO3  for  90  sec.  in  order  to 
determine  the  Zn-  and  O-  surfaces  via  standard  methods. 

Aluminum  nitride  films  were  deposited  on  the  Zn-  and  O-  faces  by  pulsed  laser 
evaporation.  A  KrF  excimer  laser  operating  at  248  nm,  25  Hz  and  an  energy  density  of  2-4  J/cm^ 
was  used  to  evaporate  an  AIN  target  (99%,  PureTech  Inc.,  Carmel,  NY).  The  custom-designed 
vacuum  system  consisted  of  a  stainless  steel  chamber  evacuated  by  a  turbomolecular  pump  to  a 
base  pressure  of  1  x  10'®  Torr.  The  films  were  deposited  at  temperatures  from  700  to  850°C  in  3 
hours  with  a  continuous  flow  of  ammonia  at  a  pressure  of  3  x  lO"^  Torr.  Ammonia  flow  was 
started  within  five  seconds  after  the  start  of  deposition  to  reduce  the  possibility  of  reaction  of 
ammonia  with  the  ZnO  substrate.  Both  the  substrate  and  target  were  rotated  while  the  laser  was 
rastered  across  the  target.  Target  to  substrate  distance  was  1 1  cm  with  a  resultant  deposition  rate 
of  ~4  nm/min.  Film  thickness  ranged  between  700  and  800  nm.  For  more  efficient  utilization 
and  to  ensure  deposition  under  the  same  conditions  on  the  Zn-  and  O-  face,  each  1  cm^  substrate 
was  marked,  sliced  in  half,  and  both  halves  were  mounted  on  the  heater  block  with  one  half 
flipped  over. 
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RESULTS  AND  DISCUSSION 

Figure  1  contains  AFM  images  of  the  opposite  polar  faces  of  a  ZnO  substrate  in  the  as- 
received  polished  condition,  after  a  solvent  cleaning  step,  and  after  the  progressive  Oj- 
atmosphere  anneals  from  500  to  900®C.  The  images  clearly  show  that  the  surface  morphology  of 
each  polar  face  are  distinct,  even  in  the  initial  as-received  (i.e.,  uncleaned)  and  chemically 
cleaned  state.  The  effects  of  thermal  processing  on  surface  microstructure  are  more  dramatic 


ROUGHNESS  =  1  nm'  ROUGHNESS  =  0.4  nm 

CLEANED  SURFACES 


ROUGHNESS  =  0.4  nm  ROUGHNESS  =  1  nm 


THERMALLY  ANNEALED  AT  500°C 
Figure  1.  AFM  images  ZnO  faces  v^th  the  (000  1)  or  O-  surface  on  the  left  and  the  (0001)  or 
Zn-  surface  on  the  right  after  annealing  in  oxygen. 


ROUGHNESS  =  1.5  nm  ROUGHNESS  =  1 .3  nm 

THERMALLY  ANNEALED  AT  600°C 


ROUGHNESS  =  2.4  nm  ROUGHNESS  =  3.7  nm 

THERMALLY  ANNEALED  AT  900°C 
Figure  1  cont.  AFM  images  of  ZnO  faces  with  the  (000  1)  or  O-  surface  on  the  left  and  the 
(0001)  or  Zn-  surface  on  the  right  after  annealing  in  oxygen. 
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for  the  Zn-  surface  than  for  the  O-  surface.  The  Zn-  face  reconstructs  to  form  a  flatter  surface 
and  eventually  develops  small  terraces  with  a  step  height  of  ~  1  nm  after  an  anneal  at  900°C. 
The  O-  surface  does  not  appear  to  reconstruct  in  a  similar  fashion.  It  remains  fairly  stable 
throughout  the  course  of  anneals.  To  determine  if  the  additive  annealing  history  was  influencing 
the  morphological  surface  reconstruction,  a  fresh  ZnO  substrate  was  only  annealed  at  700°C  in 
oxygen.  The  resulting  surfaces  were  consistent  with  the  700°C  image  data  from  the  progressive 
anneal  trials.  As  such,  it  was  assumed  that  there  were  minimal  microstructural  effects  associated 
with  thermal  history.  To  examine  the  effects  of  high  temperature  and  vacuum  on  the  substrate,  a 
new  ZnO  substrate  was  sliced  in  half  and  mounted  in  the  vacuum  system  as  described  earlier  and 
annealed  at  800°C  for  15  minutes.  The  AFM  images  in  figure  2  show  an  extremely  smooth  Zn- 
surface  and  an  unchanged  O-  surface.  The  roughness  was  0.09  nm  for  the  Zn-  surface  and  0.9 
nm  for  the  O-  surface. 


ROUGHNESS  =  0.9  nm  ROUGHNESS  =  0.09  nm 


Figure  2.  AFM  images  of  ZnO  faces  with  the  (000  1)  or  O-  surface  on  the  left  and  the  (0001) 
or  Zn-  surface  on  the  right  after  an  anneal  at  800°C  for  15  minutes  at  5  x  10  ’  Torr. 

Figure  3  shows  diffraction  scans  of  AIN  deposited  on  the  Zn-  and  O-  surfaces  of  ZnO  at 
four  different  temperatures.  The  deposition  time  was  three  hours  at  all  temperatures.  The  AIN 
appears  to  be  well  oriented  on  both  surfaces  up  to  800°C  with  no  evidence  of  interface  reaction 
products.  All  films  deposited  at  and  below  800°C  were  smooth  and  transparent.  Two  point 
resistivity  indicated  the  films  were  insulating  when  measured  with  an  ohmmeter.  At  850°C,  no 
AIN  is  present  in  the  diffraction  scans,  but  no  other  peaks  are  present  indicating  the  formation  of 
reaction  products.  The  films  had  a  metallic  luster  but  were  transparent  and  smooth.  Energy 
dispersive  spectroscopy  detected  both  aluminum  and  nitrogen  on  the  sample  along  with  zinc  and 
oxygen. 
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Figure  3.  XRD  scans  of  AIN  deposited  on  the  O-  and  Zn-  surfaces  of  ZnO. 
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Figure  3  cent.  XRD  scans  of  AIN  deposited  on  the  O-  and  Zn-  surfaces  of  ZnO. 


CONCLUSIONS 

It  was  determined  from  AFM  analysis  that  thermal  annealing  of  ZnO  will  result  in 
extremely  smooth  surfaces  on  the  Zn-  face  and  stable  but  rough  surfaces  on  the  O-  face.  AFM  is 
also  a  quick,  nondestructive  tool  that  can  unambiguously  differentiate  between  the  Zn-  and  O- 
faces  of  ZnO.  It  may  be  possible  that  AFM  can  distinguish  the  faces  of  other  III-V  compounds 
(i.e.  GaN  and  AIN)  with  polar  faces.  Pulsed  laser  deposition  can  deposit  c-axis  oriented  AIN  on 
ZnO  with  no  apparent  reactions  occurring  at  the  interface. 
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EFFECT  OF  GROWTH  PARAMETERS  AND  LOCAL  GAS  PHASE 
CONCENTRATIONS  ON  THE  UNIFORMITY  AND  MATERIAL  PROPERTIES  OF 
GaN/SAPPHIRE  GROWN  BY  HYDRIDE  VAPOR  PHASE  EPITAXY 
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ABSTRACT 

The  effects  of  flowrate  variation  and  geometry  on  the  growth  rate,  growth  uniformity  and  crystal 
quality  were  investigated  in  a  horizontal  Gallium  Nitride  vapor  phase  epitaxy  reactor.  To  better 
understand  the  effects  of  these  parameters,  numerical  model  predictions  are  compared  to 
experimentally  observed  values.  Parasitic  gas  phase  reactions  between  group  EQ  and  group  V 
sources  and  deposition  of  material  on  the  wall  are  shown  to  lead  to  reduced  overall  growth  rates 
and  may  be  responsible  for  inferior  crystal  quality.  A  low  ammonia  concentration  is  correlated 
with  the  deposition  of  polycrystalline  films.  A  low  V/IH  ratio  and  an  ammonia  concentration  lead 
to  poor  crystalline  quality  and  increased  yellow  luminescence.  An  optimum  HVPE  growth 
process  requires  selection  of  reactor  geometry  and  operating  conditions  to  minimize  these 
parasitic  reactions  and  wall  deposition  while  providing  a  uniform  reactant  distribution  across  the 
substrate. 

INTRODUCTION 

The  nitrides  of  gallium,  aluminum,  and  indium  have  great  potential  for  applications  in  electronics 
and  optoelectronic  devices  due  to  their  wide  bandgap  range  and  stability  at  high  temperatures. 
These  nitrides  have  a  direct  bandgap  ranging  from  1.9  eV  for  InN  to  6.3  eV  for  AIN.  GaN  with 
its  bandgap  of  3.4  eV  is  particularly  suitable  for  making  devices  operating  in  blue  to  ultraviolet 
range  [1].  The  heteroepitaxial  growth  of  thin  GaN  films  on  sapphire,  the  most  common  substrate, 
leads  to  defects  arising  from  lattice  mismatch  and  difference  in  thermal  expansion  coefficient. 
The  development  of  GaN  substrates  is  likely  to  be  a  key  advance  in  nitride  epitaxial  technology, 
making  it  feasible  to  grow  homoepitaxial  thin  GaN  films  [2].  A  promising  route  for  the 
development  of  GaN  substrates  is  the  heteroepitaxial  growth  of  GaN  films  by  rapid  growth 
techniques,  such  as  halide  vapor  phase  epitaxy  (HVPE),  followed  by  the  in  situ  etch  removal  of 
the  initial  substrate  to  leave  a  free-standing  GaN  film.  The  HVPE  technique  has  been  used 
previously  to  grow  thick  layers  of  GaAs  [3],  GaN  [2,  4,  5],  and  InP  [6].  Mochizuki  et.  al.  [7] 
have  studied  the  direct  reaction  between  ASH3  and  surface  adsorbed  GaCl  in  order  to  understand 
the  growth  chemistry  involved  in  HVPE  of  GaAs.  However,  no  comparable  GaN  based  studies 
have  been  reported.  In  an  earlier  work  [8]  we  discussed  that  a  convection-diffusion  model  of  the 
reacting  species  was  a  good  approximation  of  our  HVPE  process.  The  development  of  predictive 
models  of  the  HVPE  process  can  substantially  reduce  the  time  and  cost  associated  with  reactor 
optimization  and  scale-up  by  minimizing  the  required  experimental  trial  and  error.  It  would  also 
aid  development  of  an  improved  understanding  of  the  HVPE  process. 

In  this  study  we  will  describe  a  two-zone  hot  wall  reactor  used  to  grow  thick  HVPE  GaN 
films.  The  emphasis  will  be  on  studying  the  effect  of  process  and  geometric  parameter  variation 
on  film  thickness,  uniformity  and  material  properties.  Experimental  results  will  be  compared  to 
computational  predictions.  The  effect  of  local  gas  phase  concentrations  on  film  properties  will  be 
discussed. 
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REACTOR  MODEL  &  GROWTH  STUDIES 


The  experiments  were  carried  out  in  an  atmospheric  pressure  quartz  reactor  which  has  been 
presented  earlier[9].  The  reactor  has  three  separate  concentric  inlets  for  the  reaction  gases.  A 
mixture  of  N2  and  HCl  is  introduced  through  the  central  tube,  N2  through  the  middle  annular 
region,  and  NH3  through  the  outer  annular  region.  The  reactor  is  divided  into  two  separate 
temperature  zones  of  850  and  1050  °C.  In  the  first  reaction  zone,  operated  at  850  °C,  Ga  metal  is 
reacted  with  HCl  gas  (typical  flow  ~  30  seem)  to  yield  GaCl  and  H2  reaction  products.  The  extent 
of  reaction,  obtained  from  decrease  in  the  mass  of  Ga  metal,  was  in  the  range  of  50-70%.  These 
reaction  products  are  transported  to  the  second  zone  through  the  central  tube.  In  the  second  zone, 
typically  maintained  at  1050  °C,  a  high  flowrate  N2  buffer  and  NH3  were  introduced  from  the 
middle  and  outer  annular  regions,  respectively.  The  NH3/HCI  ratio  was  typically  30:1.  Two  inch 
diameter  (0001)  sapphire 
substrates  prepared  with  a 
standard  solvent  degrease  are 
used  for  the  HVPE 
deposition.  For  the  base  case, 
a  N2  buffer  flowrate  of  4.5 
slm,  a  NH3  flowrate  of  882 
seem,  and,  in  the  central  tube, 
a  mixture  of  30  seem  HCl 
and  150  seem  N2  was 
employed. 

A  schematic  of  the 
computational  domain  is  shown  in  Fig  1 .  The  variable  Z  shown  in  Fig  1  represents  the  relative 
axial  distance  of  the  sample  holder  from  the  inlet.  Only  the  second  temperature  zone  of  the 
reactor,  which  is  of  interest  for  process  optimization,  was  modeled.  Cylindrical  coordinates  have 
been  used.  The  fundamental  equations  of  continuity,  momentum,  and  species  conservation  are 
used  to  describe  the  system  [10].  With  the  assumption  of  no  variation  in  circumferential 
direction,  the  flow  and  concentrations  are  obtained  in  two  dimensions. 

Physical  and  Transport  Properties  of  Gaseous  Species:  Experimental  values  of  the  viscosity  of 
nitrogen  [11]  and  ammonia  [12]  were  fitted  to 
equations  as  a  function  of  temperature  and  are 
listed  elsewhere  [13].  Binary  diffusion 
coefficients  of  gas  phase  species  were  either 
obtained  from  literature  or  estimated  from  their 
Lennard-Jones  parameters  [14,  15].  The  values  of 
the  binary  diffusion  coefficient  and  Lennard-Jones 
parameters  for  all  gaseous  species  used  in  this 
study  are  listed  elsewhere  [13].  Linear  mixing 
rules  were  applied  to  determine  local  gas  phase 
properties. 

Numerical  Solution:  The  system  of  partial 
differential  equations  describing  flow  and  mass 
transfer  was  solved  using  Galerkin’s  finite- 
element  method  [16].  A  typical  mesh  consisted  of 
1400  quadilateral  elements  with  the  mesh  being  denser  in  those  parts  of  the  domain  where 


Radial  distance  along  substrate  (cm) 

Figure  2:  Ammonia  concentration  across 
the  substrate  for  different  substrate 
positions. 
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Figure  1 :  Schematic  of  the  horizontal  HVPE  reactor.  The  shaded 
region  defines  the  computational  domain. 
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steeper  gradients  existed.  The 
system  of  nonlinear  algebraic 
equations  obtained  after  the 
application  of  Galerkin’s 
technique  was  solved  by  using 
Newton’s  method.  The  system 
of  equations  and  numerical 
methodology  is  presented  in 
detail  elsewhere  [13].  The 
computations  were  performed 
on  a  Cray  C90  supercomputer. 


RESULTS  AND 

DISCUSSION 


In  experiments  where  the 
sample  holder  was  kept  close 
to  the  inlet,  the  resulting 
samples  have  a  dark 
polycrystalline  patch  in  the 
center  of  the  wafer,  with  a 
clear  single  crystalline  film  at 
the  edges.  This  polycrystalline  patch  decreased  in  size  and  eventually  disappeared  as  the  substrate 
was  moved  further  away  from  the  inlet  (Z  increases  in  Fig  1).  The  patch  could  be  caused  by  a 
deficiency  of  NH3  (and  hence  low  effective  V/m  ratio)  near  the  center  of  the  wafer  as  NH3  is 
introduced  from  the  outermost  annular  inlet  to  reduce  prereaction.  When  the  substrate  is  far  from 
the  inlet,  the  ammonia  stream  is  well  mixed  with  the  other  two  inlet  streams  and  there  is  a 
uniform  concentration  of 
ammonia  over  the  substrate  at  the 
growth  front.  Fig  2  shows 
variation  of  NH3  concentration 
over  the  substrate  for  different 
substrate  positions. 

At  a  distance  of  Z=7  cm,  the 
film  obtained  was  single 
crystalline  across  the  wafer.  Fig  3 
shows  a  plot  of  NH3 
concentration  and  V/IH  ratio, 
across  the  substrate,  made 
dimensionless  with  respect  to 
their  values  at  the  center  of  the 
substrate.  The  corresponding  full 
width  of  the  triple  crystal  x-ray 
diffraction  (TCXRD)  rocking 
curve  at  half  maximum  ranged 
from  791  arcsecs  at  the  center  to 
590  arcsecs  at  the  edge  of  the 
wafer.  The  quality  of  the  film 
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Figure  4:  Radial  distribution  of  the  dimensionless  NH3 
concentration,  dimensionless  V/III  ratio,  and  percentage  of 
yellow  luminescence  to  band  edge  luminescence. 


FWHM  from  TCXRD  (arcsecs) 
'jifc'  Dimensionless  NH3  concentration 
Dimensionless  V/III  ratio 


500  . .  ■  ■  I  ■  ■  I  P  0 

0.0  0.5  1.0  1.5  2.0  2.5 

Radial  distance  along  substrate  (cm) 


Figure  3:  Radial  distribution  of  the  dimensionless  NH3 
concentration,  dimensionless  V/in  ratio,  and  FWHM  from 
TCXRD  (arcsecs). 
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improves  with  increasing  values  of 
ammonia  concentration,  increasing 
the  local  V/III  ratio. 

GaN  grown  by  any  technique, 
suffers  from  defect  luminescence  in 
the  2.2  -  2.3  eV  range  [17],  which 
limits  its  application  to  devices  such 
as  laser  diodes.  The  reason  for  the 
optically  detrimental  yellow 
luminescence  has  been  a  subject  of 
debate  [18,19,20,21].  This  yellow 
luminescence  is  either  a  result  of 
native  physical  defects  and/or 
impurities  common  to  all  growth 
systems.  Fig  4  shows  a  plot  of  NH3 
concentration,  V/in  ratio,  and  the 
corresponding  yellow  luminescence 
along  the  radius  for  a  film  grown  at 
Z=5  cm.  The  NH3  concentration  and 
the  V/ni  ratio  are  made 
dimensionless  with  respect  to  their  value  at  the  center  of  the  film,  while  the  yellow  luminescence 
peak  intensity  is  given  as  a  percentage  of  the  band  edge  related  peak.  An  Ar  laser  was  used  and 
the  pump  power  incident  on  the  wafer  was  0.5  W/cm^  and  all  measurements  were  done  at  room 
temperature.  Fig  5  shows  the  PL  observed  at  the  center  and  the  edge  of  the  film.  We  observed 
that  the  ratio  of  yellow  to  band  edge  luminescence  decreased  with  increase  in  local  V/IH  ratio  and 
improvement  in  crystalline  quality  (decreasing  defect  concentration)  as  determined  by  x-ray 
measurements.  The  quality  of  the  films  would  be  limited  by  the  choice  of  reactor  design  and 
process  conditions  that  enable  a  high  and  uniform  V/ni  ratio  at  the  substrate  while  having 
unmixed  reactants  upstream.  A  lower 
pressure  process  would  be  beneficial  for  the 
two  constraints  mentioned  above,  but  it 
would  involve  substantial  increase  in 
equipment  cost. 

The  predicted  growth  uniformity 
improved  with  increasing  substrate-inlet 
distance  as  shown  in  Fig  6.  This  trend  is 
expected  since  the  reactant  gases  have  more 
time  to  diffuse  and  become  more  uniformly 
distributed  over  the  substrate.  A  lowering  in 
the  overall  growth  rate  with  increasing 
substrate-inlet  distance,  observed  in  our 
experiments  [13],  could  be  due  to  the  loss  of 
growth  nutrients  due  to  either  deposition  on 
the  reactor  walls  or  gas  phase  parasitic 
reactions.  The  former  effect  is  incorporated  in  the  model  but  the  latter  effect  is  not,  and  this  could 
explain  the  predicted  growth  rates  being  lower  than  those  experimentally  observed.  This 
discrepancy  between  the  predicted  and  observed  growth  rates  increases  with  increasing  substrate- 
inlet  distance.  Though  the  uniformity  of  the  film  grown  at  Z=12  cm  was  better  than  those  grown 


Figure  6:  Predicted  growth  rate  variation  across 
the  substrate  for  substrate  position  of  Z  =2,  7, 
and  12  cm. 
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Figure  5:  PL  spectra  taken  at  center  and  edge  on  a  film 
grown  at  Z=5  cm.  All  other  process  conditions  are  as  in 
the  base  case. 
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at  Z=2  cm  and  Z=7  cm,  the  quality  of  the  films,  as 
examined  by  TCXRD,  was  poorer.  The  TCXRD 
spectra  exhibited  double  peaks  across  most  of  the 
sample,  probably  due  to  delamination  of  the  film 
from  the  substrate  upon  cooling.  Products  of  gas 
phase  parasitic  reactions  or  from  reactions  on  the 
wall  (e.g.  HCl),  interfere  with  the  film  growth  and 
subsequent  properties.  Additionally,  particles 
coming  off  the  walls  may  be  transported  to  the  film 
in  the  absence  of  thermophoresis  effects  in  the 
isothermal  reactor  leading  to  macroscopic  defects  on 
the  wafer  surface. 

The  coupled  gas  phase  and  surface  reaction 
between  GaCl  and  NH3  has  been  studied  by  V.  Ban 
using  mass  spectrometry  [22].  The  simplest  gas 
phase  reaction  would  lead  to  the  formation  of  GaN 
monomer  with  eventual  particulate  formation  and 
the  resulting  loss  of  reactants  at  the  growth  front.  In  the  first  zone  (at  850  °C)  formation  of  GaCl 
in  the  presence  of  excess  HCl  is  favored.  In  the  second  zone  (1050  °C),  the  presence  of  excess 
ammonia  shifts  the  equilibrium  such  that  the  reduction  of  GaCl  is  favored.  Both  prereaction  and 
wall  effects  could  lead  to  the  same  results:  lowered  growth  rates  and  inferior  crystal  quality.  In 
order  to  isolate  the  effect  of  gas  phase  parasitic  reactions,  we  performed  some  experiments  at  a 
sample  holder  held  close  to  the  inlet  (Z=  4.5  cm)  where  the  effects  of  the  reactions  at  the  wall  on 
the  substrate  film  growth  are  minimized.  All  process  parameters  are  kept  the  same  as  in  the  base 
case,  except  for  the  N2  buffer  flow  rate  through  the  central  annulus.  For  an  N2  buffer  flow  of  2.25 
and  4.5  slm,  computations  show  that  the  overall  growth  rate  does  not  change  appreciably, 
indicating  that  the  walls  have  little  effect  on  the  growth  process.  Experiments,  in  contrast,  reveal 
that  the  growth  rates  are  significantly  reduced  upon  lowering  the  N2  buffer  flowrate.  Fig  7  and  8 
show  the  predicted  and  experimentally  obtained  growth  rates  for  a  N2  buffer  flow  of  2.25  and  4.5 
slm,  respectively.  Lowering  the  buffer  flowrate  increases  the  residence  time  in  the  reactor  and 
promotes  the  mixing  of  GaCl  and  NH3.  This  gas  phase  mixing  accelerates  the  pre-reaction 
between  the  two  precursors.  Increasing  the  residence  time  increases  the  extent  of  this  reaction. 
These  results  indicate  that  an  optimum  buffer 
flowrate  of  N2  should  be  high  enough  to  reduce 
any  gas  phase  precursor  prereactions,  but  low 
enough  to  allow  diffusion  of  precursors  so  that 
they  are  uniformly  distributed  across  the  substrate. 

CONCLUSIONS 

We  investigated  the  effect  of  process  and 
geometric  parameters  on  GaN  grown  by  HVPE. 

Experiments  in  conjunction  with  modeling  show 
that  the  crystalline  quality  of  the  film  was  found  to 
improve  and  yellow  luminescence  decrease  with 
increasing  local  concentration  of  ammonia  and  the 
V/ni  ratio  at  the  substrate.  A  N2  buffer  between 
the  group  m  and  group  V  precursor  was  necessary 


Radial  distance  along  substrate  (cm) 


Figure  8:  Comparison  of  computationally 
and  experimentally  (x)  observed  growth 
rates  for  a  N2  buffer  flow  of  4.5  slm,  and 
Z=4.5  cm. 


Radial  distance  along  substrate  (cm) 


Figure  7;  Comparison  of  computationally 
and  experimentally  (x)  observed  growth 
rates  for  a  N2  buffer  flow  of  2.25  slm,  and 
Z=4.5  cm. 
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to  limit  parasitic  prereactions.  The  quality  of  the  films  and  the  growth  rate  were  sensitive  to  the 
buffer  flowrates. 
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ABSTRACT 

Aluminum  nitride  thin  films  (~  100  nm)  have  been  deposited  on  silicon  substrate  by 
reactive  sputtering  using  A1  target  in  1:1  AriNj  environment.  The  atomic  force  microscopy 
examination  revealed  continuous  microcrystalline  film  structure.  The  Auger  electron 
^ectroscopic  analysis  show  the  presence  of  oxygen  in  the  films.  The  annealing  at  850  C  m 
nitrogen  is  found  to  cause  recrystalhzation  and  further  oxidation  of  the  films.  The  films  can  be 
characterized  as  lossy  dielectrics  with  relative  permittivity  -  10,  higher  than  the  bulk  value  of  8.9. 
Annealing  the  films  is  found  to  reduce  anion  vacancies  and  improve  the  dielectric  strength  within 
a  range  of  a  few  MV/cm  in  these  thin  films. 

INTRODUCTION 

The  high  melting  temperature  (>  2800  C),  chemical  resistivity,  and  transparency  in  the 
visible  spectrum  make  AIN  an  ideal  passivation  layer  for  microelectronic  devices  and  a  protective 
coating  for  electro-optical  devices  [1].  In  its  bulk  state,  AIM  has  a  very  high  thermal  conductivity, 
320  Wm'^K'\  almost  ten  times  that  of  alumina.  Also,  the  thermal  expansion  coefficient  of  AIN  is 
closer  to  that  of  silicon  than  alumina.  These  two  factors  make  AIN  an  excellent  thermal  substrate 
for  hybrid  microelectronic  devices. 

Most  of  the  deposition  techniques  of  AIN  require  temperatures  in  the  range  of  1000  C  to 
1200  C  for  single  crystal  growth.  But,  some  devices  needing  passivation  and  insulation,  can  not 
tolerate  high  tenqjeratures.  Considerable  effort  has  been  placed  on  lowering  the  deposition 
temperature  and  still  get  high  resistivity,  dielectric  AIN  films  [2].  We  have  investigated  AIN  films 
deposited  by  reactive  sputtering  for  their  dielectric  properties  and  morphology  and  the  effect  of 
annealing. 

EXPERIMENTAL 

The  films  were  deposited  by  RE  sputtering  at  a  power  of  500  W  using  A1  target  in  1:1 
Ar:N2  at  10  mTorr  deposition  pressure.  The  base  pressure  was  5X10-7  Torr.  The  deposition 
rate  was  estimated  to  be  ~  5  nm/min.  The  films  were  deposited  on  n+  silicon  wafers  for  dielectric 
measurements.  To  minimize  the  surface  oxide  layer,  the  Si  wafers  were  cleaned  in  buffered 
hydrofluoric  acid  for  10  minutes  and  blown  dried  in  nitrogen  and  immediately  placed  in  the 
vacuum  chamber.  The  films  were  annealed  at  760  C,  800  C  and  850  C  for  30  min.  under  flowing 
nitrogen  at  5  1pm  flow  rate. 

The  film  thickness  and  reJfi'active  index  was  measured  by  an  ellipsometer  at  a  wavelength 
of  632.8  nm.  The  values  of  film  thickness  obtained  by  the  ellipsometer  were  compared  with  those 
obtained  by  depth  profiling  using  secondary  ion  mass  spectroscopy  (SIMS).  The  method  involved 
sputter  etching  the  films  while  tracking  Si  ion  signal.  An  abrupt  increase  in  Si  signal  indicated 
reaching  the  substrate.  The  etching  was  then  halted  and  the  depth  of  the  crater  formed  was 
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measured  by  a  profilometer.  We  found  that  the  el%sometiic  vahie  agreed  with  those  given  by 
SIMS  technique  within  5  mn  in  fihns  of  thickness  ~  100  nm 

The  surface  of  each  saiiq)le  was  scanned  by  a  Digital  Instruments  scanning  probe 
microscope  (SPM)  in  the  tapping  atomic  force  microscope  (AFM)  mode.  The  Auger  electron 
survey  scans  and  depth  profiles  were  taken  to  look  for  contaminations  in  the  fihns.  The  FTIR 
spectra  were  obtained  using  PE  1770  infrared  spectrometer. 

For  capacitance  measurements,  aluminum  was  evaporated  and  patterned  by 
photolithographic  process  to  form  Al-AIN-n'"Si  capacitors.  The  capacitors  were  square  and 
circular  shaped  ranging  in  area  fi'om  0.1  to  2.0  mm^.  The  capacitances  were  measured  at  1  MHz 
and  plotted  against  plate  area  to  extract  the  out  -of-  plane  dielectric  constant. 

RESULTS  AND  DISCUSSION 

Film  Composition  and  Structure 

Figure  1(a)  shows  the  AES  survey  scan  of  as  deposited  films  after  one  minute  of 
sputtering  to  remove  the  sur&ce  carbon  impurity.  The  conq)osition  of  the  films  could  not  be 
concluded  fi’om  the  AES  data  because  the  sensitive  factors  of  constituent  atoms  can  not  known 
unless  a  standard  AIN  sanq)le  is  available.  The  presence  of  oxygen  is  observed  in  annealed  films 
also.  Figure  1(b)  shows  the  AES  depth  profiles  for  the  film  annealed  at  850  C. 


Figure  1.  (a)  AES  survey  scan  of  as-deposited  AIN  films;  (b)  AES  depth  profiles  for  N,  Al,  O,  Si 
in  AIN  films  annealed  at  850°  C  in  N2. 
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It  is  observed  that  oxygen  is  present  throughout  the  fOm  and  not  just  at  the  surface.  It  is  believed 
that  oxygen  is  incorporated  during  deposition  since  the  rate  of  deposition  is  low  (5  nm/min).  The 
inert  gases  used  in  this  study  (Ar  and  Nj)  contained  5  ppm  of  Oj  and  10  ppm  of  K^O. 

The  infrared  transmission  of  the  films  is  shown  in  Figure  2.  As  deposited  films  reveal  a 
sharp  IR  absorption  at  a  frequency  of  690  cm'\  indicating  that  the  films  are  predominately  AIN 
[3],  On  annealing,  the  films  become  progressivety  less  transparent  and  the  sin^e  absorption  peak 
splits  showing  an  additional  absorption  near  620  cm  ^  The  infi-ared  absorption  in  aluminum 
oxynitrides  has  been  modeled  by  Ansart  and  Bernard  [3]  based  on  the  molecular  structure 
(^^3/2)i-2('''^^)z  ''^ch  is  derived  fi-om  (A10),^y.  They  have  shown  that  increasing  oxygen 
substitution  for  nitrogen  in  the  AIN  tetrahedron  shifts  the  IR  absorption  to  lower  wavenumbers. 
However,  they  have  argued  that  oxidation  of  AIN  begins  at  850  C.  Our  results  suggest  oxidation 
even  at  760  C. 


It  is  generally  understood  that  O  atoms  substitutionally  occupy  N  sites  and  are  well 
situated  near  an  A1  vacancy.  This  is  best  explained  by  the  following  reaction  where  (O^,) 
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represents  an  O  atom  substituting  on  a  N  site  and  (V^)'"  is  an  A1  vacancy. 

AIN  +  xA1,03  Al,.„3,N(0„MV,„r,„,  (1) 

It  tells  us  that  for  every  three  oxygen  atoms  incorporated  on  N  sites,  there  exists  one  A1 
vacancy.  These  two  conditions,  O  substitutions  and  A1  vacancies,  along  with  sintering 
tPitnpftratiirfts  fecilitate  the  conversion  of  tetrahedrally  coordinated  Al  to  octahedrally  coordinated 
A1  [4],  Figure  3  diows  the  AFM  scans  of  as  deposited  and  annealed  films  on  sihcon. 


Figure  3.  AFM  surfece  scans  of  (a)  as-deposited;  (b)  annealed  at  800  C  ;  (c)  annealed  at  850  C 
AIN  fims. 
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The  as  deposited  films  appear  to  be  microcrystalline  (Fig.  3  (a)).  At  850  C,  the  film 
appears  to  recrystallize  to  a  uniform  grain  size.  It  is  known  that  pure  AIN  crystallizes  in  a 
wurtzhe  structure  and  pure  AlON  crystallizes  in  a  spinel  structure.  Both  are  built  on  A1  centered 
tetrahedral  structures.  The  oxidation  of  AIN  is  therefore  acconq)anied  with  ciystallographic 
changes.  It  has  been  shown  by  Meng  et.  al.  [5]  that  at  room  tenq)erature,  AIN  deposited  on  Si 
have  strong  fihn  texture  with  AIN(OOOl)  in  parallel  with  the  growth  direction.  The  film  growth 
occurs  via  the  island  growth  leading  to  conq)ressive  stresses. 

Dielectric  Properties 

Figure  4  shows  the  capacitance  measured  on  capacitors  made  with  AIN  films,  as  deposited 
and  annealed,  as  dielectrics  as  a  function  of  electrode  area.  The  linear  relationship  in  each  case 
suggests  that  there  are  no  gross  defects  such  as  pin  holes  present  in  the  films  The  values  of  the 
out-of-plane  dielectric  constant  calculated  fi-om  these  plots  are  tabulated  in  Table  1. 


♦  760  C 

— »  -800C 
--Sr  -  850C 
— X-  As-dep 


Figure  4.  Capacitance  vs.  plate  area  of  Al-AIN-Si  capacitors. 


Table  1.  Summary  of  film  dielectric  properties. 


Film 

Refi-active 

Index 

Er 

as-dep 

1.98 

873 

11.8 

_ 

2.00 

930 

10.2 

0.16-1.08 

2.12 

1075 

9.1 

0.11-3.24 

1  850 

2.05 

927 

10.7 

0.3  -  1.08 
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It  was  rather  surprising  to  obtain  values  larger  than  those  reported  for  bulk  AIN  (e^  =  8.9) 
and  AI2O3  (8^  =  9.4),  even  after  taking  into  account  the  uncertainty  in  thickness  measurement.  The 
discrepancy  may  be  due  to  the  feet  that  the  bulk  values  are  average  values,  whereas  those 
measured  in  thin  films  correspond  to  somewhat  oriented  films. 

It  was  also  observed  that  the  capacitors  with  as  deposited  film  as  the  dielectric  showed 
excessive  conductance.  Capacitors  were  leaky  and  no  distinct  breakdown  was  observed. 
Annealing  the  films,  reduced  the  conductance  and  capacitors  exhibited  breakdown  characteristics. 
However,  the  breakdown  field  strength  showed  a  wide  range  of  0.1-3.24  MV/cm. 

The  leakage  in  GaN  capacitors  was  interpreted  by  Zolper  et.  al.  as  an  indication  of 
vacancies  due  to  N  loss  [6],  Nitrogen  vacancies  are  beheved  to  contribute  to  the  n-type 
conductivity  in  GaN  films.  The  same  phenomena  may  explain  the  poor  breakdown  performance 
in  sputtered  AIN  films.  Nitrogen  vacancies  are  suggested  by  the  low  reactivity  of  N2  and  fiuther 
by  the  low  N  content  fi-om  the  AES  estimates.  On  annealing,  oxidation  causes  Al  atoms  to  bond 
to  an  increasing  number  of  oxygen  atoms,  reducing  the  anion  vacancies  and  improving  the 
breakdown  strength. 

CONCLUSIONS 

Thin  films  of  AIN  deposited  by  reactive  sputtering  at  room  temperature  in  argon/nitrogen 
are  nitrogen  deficient  and  exhibit  poor  dielectric  breakdown  strength.  Annealing  the  films  causes 
oxidation  of  AIN  and  improves  breakdown  characteristics.  The  films  show  a  value  of  relative 
permittivity  of  ~  10,  and  annealing  does  not  seem  to  affect  this  value. 
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Abstract 

Thin  III-V  nitride  semiconductors  films  are  commonly  prepared  using  metal- 
organic  chemical  vapor  deposition  (MOCVD)  and  molecular  beam  epitaxy  (MBE).  These 
methods  often  require  high  temperatures  (800-1000°C)  for  the  films  to  grow  epitaxially. 
In  the  present  work,  we  deposited  AlJni.xN  films  on  Si  substrates  by  reactive  magnetron 
sputttering  method  at  low  substrate  temperature.  The  properties  of  the  films  have  been 
studied  by  RBS,  x-ray  diffraction,  and  optical  measurements.  The  AlxIni.xN  films 
deposited  at  room  temperature  were  confirmed  to  be  crystalline  by  x-ray  diffraction.  Band 
gap  energies  of  our  AlxIni.xN  alloys  varies  from  1,9  ev  to  4.2  ev  The  bandgap  energy  vs. 
lattice  constant  curve  was  constructed  and  confirmed  to  bow  downwards. 

Introduction 

The  group  Ill-nitrides  are  promising  materials  for  semiconductor  device 
apphcations  in  the  blue  and  ultra-violet  (UV)  wave  region.  Impressive  performance  has 
been  demonstrated  in  intense  blue  light  emission  and  high-temperature  operation.  The 
major  advantage  is  in  their  large  and  direct  band-gaps  ranging  from  1.9ev  to  6.2ev 
(Eg(GaN)=3,4ev,  Eg(AlN)=6.2ev).  Moreover,  they  are  also  promising  for  application  as 
high-power  microwave  devices  because  of  their  high  thermal  conductivity  and  large 
electron  saturation  velocity.  However,  the  nitride  alloys  AlGaN,  InGaN  and  AUnN 
deserve  significantly  more  attention  than  they  have  received  thus  far[l].  Nearly  all  the 
desirable  nitride-based  optical  devices  will  require  at  least  one  of  these  alloys,  as  predicted 
theoretically  by  Jenkins  and  Dow[2]  that  Ino.ssGao.isN  and  Alo.6lno.4N  are  excellent 
candidates  for  blue-green  wave-lengths  emitters  which  can  be  doped  either  n-  or  p-type. 
Yet  rehable  measurements  are  scarce  for  all  of  these  materials. 

Experimental  work  on  the  AlxIni.xN  alloy  was  extremely  fewfl]  although  this  alloy 
system  bears  the  largest  band-gap  range  (from  1.9ev  of  InN  to  6.2ev  of  AIN).  Kubota  et 
al  [3]  reported  to  prepare  the  AlxIni.xN  alloy  on  sapphire  substrates  with  AIN  buffer  layers 
by  using  a  composite  target  composed  of  Al  and  In.  It  is  ,  however,  very  difficult  to 
stabilize  the  film  composition  because  of  the  large  difference  of  sputtering  rate  between  Al 
and  In.  Qixin  Guo  et  al[4]  reported  the  growth  of  single  crystal  AlxIn^xN  films  by 
microwave-excited  metalorganic  vapor  phase  epitaxy,  but  with  x  up  to  0.14  only.  In  this 
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paper  we  report  the  growth  of  AlxIni-xN  crystalline  film  in  a  wide  composition  range.  The 
films  were  prepared  using  a  multitarget  sputtering  technique.  The  structure  and  optical 
properties  of  the  films  are  hereby  reported. 

Experimental 

AlxIni-xN  films  were  deposited  on  Si  and  glasses  by  magnetron  sputtering  A1  and  In 
targets  simultaneously  in  a  reactive  nitrogen  plasma.  A1  target  is  connected  to  DC  power 
and  In  target  is  connected  to  RF  power  and  they  are  from  the  equal  distances  to  the 
substrate.  The  substrate  was  rotating  during  sputtering  to  ensure  the  uniformity  of  the 
deposited  layer.  Film  thickness  is  measured  by  stylusprofilemeter  after  deposition.  The 
growth  rate  were  ranged  from  lA/s  to  3 A/s.  The  crystal  structures  of  deposited  films 
were  examined  by  X-ray  diffi'action  using  Cu  Ka  radiation.  Alloy  compositions  were 
determined  by  Rutherford  backscattering  spectroscopy  (  RBS  )  using  2MV  van  deGraaff 
accelerator  with  2MeV  He^  ions  and  the  oxygen  contamination  was  monitored  by 
secondary  ion  mass  spectroscopy  (SIMS).  Optical  transmittance  spectra  were  measured 
with  a  double  beam  spectrophotometer  in  the  wavelength  ranging  from  2()0nm  to  SOOnm. 
The  optical  bandgaps  were  then  determined  from  the  absorption  spectra. 

Results  and  discussion 

A  typical  RBS  of  a  AlxIni.xN  film  on  Si  substrate  is  shown  in  figure  1.  The  In  peak 
is  clearly  seen  with  the  leading  edge  at  l.SMev.  The  A1  and  N  peaks  which  overlapped 
with  the  Si  signal  can  be  seen  with  the  leading  edges  at  1.1  and  0.63Mev,  respectively. 
The  composition  and  thickness  of  the  AlxInj.xN  film  were  determined  by  simulating  the 
RBS  spectrum  with  rump  program.  The  result  is  shown  with  deposition  conditions  in 
Table  1. 


Energy  (MeVj 


Figure  1.  RBS  spectrum  of  Al.ssIn.isN.  The  solid  line  is  the  rump  fitting  of  the 
experimental  curve. 
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Tablel  Sputtering  condition  and  film  composition 


Lx)w  mass  impurities  in  the  film,  particularly  oxygen,  were  evaluated  using  SIMS 
profile.  From  the  SIMS  depth  profile,  we  observed  that  the  level  of  oxygen  concentration 
is  extremely  low,  below  10^^  atoms/cm^  throughout  the  film.  Other  impurities  like  H,  C  are 
hardly  detectable. 


Figure  2.  X-ray  diffraction  pattern  of  A1.25ln  75N 

The  crystal  structures  of  the  AlJni.xN  films  were  examined  by  the  X-ray  diffraction 
technique.  From  the  X-ray  diffraction  spectrum  of  alloy  2  shown  in  figure  2,  it  is  clear 
that  the  AlxIni.xN  film  deposited  at  room  temperature  has  wurtzite  crystalline  structure  and 
the  peaks  are  identified  in  the  above  spectrum  with  (002),  (102)  and  (103)  peaks  located 
at  20  =  31.95,  44.60,  58.75,  in  that  order.  The  diffraction  peaks  shift  towards  higher 
angles  with  increasing  A1  concentration  ( i.e.,  in  increasing  value  of  x.  This  is  because  InN 
has  larger  lattice  parameters  than  AIN  .  Lattice  constants  of  the  AlxIn^xN  alloys  are 
calculated  from  the  position  of  (002)  and  (103)  peaks  and  shown  in  Table  2. 

Optical  transmittance  and  reflectance  spectra  of  the  AlxIni.xN  film  were  measured 
with  a  dual  beam  spectrophotemeter  at  room  temperature  in  the  wavelength  range  from 
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Optical  transmittance  and  reflectance  spectra  of  the  AlxIni.xN  film  were  measured 
with  a  dual  beam  spectrophotemeter  at  room  temperature  in  the  wavelength  range  from 
200  nm  to  800  nm  and  the  optical  absorption  coefficient  was  calculated  from  these 
spectra. 


Table  2.  lattice  constants  of  AlxIn^xN 


Figure  3.  Variation  of  squared  absorption  coefficient  of  Mlni-xN  alloys 

In  figure  3  the  square  of  the  absorption  coefficient  versus  photo  energy  of 
varying  composition  is  plotted.  Near  the  absorption  edge  the  absorption  coefficient  is  of 
the  form  (hv-Eg)‘^,  where  hv  is  the  photon  energy  and  Eg  is  the  band  gap  when  direct 
transition  is  allowed.  Linear  dependence  of  versus  photo  energy  was  found  for  all  the 
AlxIni-xN  films.  The  AlxIni.xN  alloys  have  direct  band  gaps  as  shown  in  figure  3.  This  is 
expected  since  AIN  and  InN  are  both  direct  band  gap  materials.  Thus,  Eg  for  the  AlxIn^xN 
alloys  is  determined  by  the  extrapolation  of  the  linear  part  of  the  curves  to  the  horizontal 
axis  where  Eg  =  hv  since  a  =  0.  The  structure  of  group  Ill-nitrides  are  mostly  wurtzite 
and  the  heteroepitaxy  of  the  heterojunction  structure  therefore,  is  expected  along  the  c- 
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axis.  So,  the  relationship  between  the  lattice  constant  a  and  the  band  gap  energy,  Eg,  is 
very  crucial  and  is  shown  in  figure  4  for  the  AlxIni.xN  films.  The  curve  is  highly  non¬ 
linear,  agrees  with  the  results  of  Kubota  et  al[3].  However,  Guo  et  al[4]  found  a  linear 
relationship  between  band  gap  energy  and  molar  fraction  of  AlxIni.xN  in  the  In  rich  region, 
with  x<0.14.  The  energy  gap  against  composition  curves  of  the  alloy  AxBi-x  are 
conventionally  fitted  to  a  quadratic  equation  of  the  form[5] 

E(x)  =  EA+(EB-EA-b)x  +  bx^ 
b,  the  bowing  parameter  is  given  by 

b  =  4[E(x  =  0.5)-(EA+EB)/2] 

Two  theoretical  models  were  proposed  for  the  calculation  of  b:  the  dielectric  two 
band  model  (DM)  introduced  by  Van  Vechten  and  Bergstresser[6],  and  the  empirical 
pseudopotential  method  (EPM)  by  Richardson[7].  In  the  EPM  theory, 
b  =  (Ar)^  au 

This  means  the  bowing  parameter  b  is  proportional  to  the  square  of  Ar,  which  is 
the  difference  of  the  covalence  radii  in  the  aUoy.  Ar  for  Ga-In  0. 18 A,  for  Ga-Al  is  0.005  A 
and  for  Al-In  is  0.165  A[8].  Among  the  other  two  ternary  nitrides  alloys,  InGaN  bows 
downwards  while  AlGaN  bows  upwards.  In  general  for  many  III-V  ternary  alloys  bowing 
is  downwards.  Therefore,  the  downward  bowing  of  the  AlxIni.xN  is  not  unexpected. 


Figure  4.  Band  gap  energy  versus  lattice  constant  curve  for  AlxIn^xN  alloys  compared 
with  GaN. 

It  can  be  estimated  from  figure  4  that  the  AlxIni-xN  alloy  with  x  =  0.78  has  the 
same  lattice  constant  as  GaN  has  the  band  gap  energy  slightly  larger  than  that  of  GaN. 
This  makes  AlxIni.xN  a  possible  candidate  for  a  barrier  material  in  the  AlxIn^xN  /  GaN 
heterojunction  system  although  the  band  gap  margin  is  not  so  large. 
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Conclusion 


AlxIni.xN  alloy  films  were  deposited  by  reactive  magnetron  sputtering  at  room 
temperature.  The  composition  of  the  alloys  were  analyzed  by  RBS  and  the  structures  were 
determined  to  be  crystalline  by  XRD.  Band  gap  energies  of  our  AlxIni.xN  alloys  varies 
from  1,9  ev  to  4.2  ev.  The  bandgap  energy  vs.  lattice  constant  curve  was  constructed  and 
confirmed  to  be  bowing  downwards. 

Reference 

1.  S.Strite  and  H.Morkoc,  J.Vac.Sci.Technol.,  B,.  10(1992), 1237 

2.  D.W.Jenkins  and  J.D.Dow,  Phys.Rev.,  B34(1989),  3317 

3.  K.Kubota,  Y.Kobayashi,  and  K.Fujimoto,  J.Appl.Phys.,  66(1989),  2984 

4.  Qixin  Guo,  Hiroshi  Ogawa,  and  Akira  Yoshida,  J.  Crystal  Growth,  146(1995),  462 

5.  R.HiU  and  D.Richardson,  J.Phys.,  C6(1973),  LI  15 

6.  J.A.Van  Vechten  and  T.K.Bergstresser,  Phys.Rev.  Bl(1970),  3351 

7.  D.Richardson  and  R.Hill,  J.Phys.,  C5(1972),  821 

8.  J.C. Phillips,  Bonds  and  Bands  in  semiconductors.  Academic  Press(1973),  22 


306 


LOW  PRESSURE  CVD  OF  GaN  FROM  GaClj  and  NH3 

M.  Topf^,  S.  Koynov**,  S.  Fischer,  I.  Dimstorfer,  W.  Kriegseis,  W.  Burkhardt,  and  B.K.  Meyer 
I.  Physics  Institute,  Justus-Liebig-University  Giessen,  D-35392  Giessen,  Germany 


Abstract 

We  report  on  the  heteroepitaxial  growth  of  GaN  from  GaClj  and  NH3  on  (0001)  AI2O3  and 
(0001)  6H-SiC  substrates.  In  order  to  enable  homogeneous  growth  within  the  entire  deposition 
zone  one  has  to  use  low  process  pressures  in  the  10  '  mbar  range,  where  still  a  growth  rate  of 
~  2  pm/h  can  be  achieved.  We  present  a  simple  model  to  describe  our  process  and  explain  our 
observations.  A  comparison  of  GaN  deposited  on  different  substrates  and  with  GaN  buffer  layers 
is  given  by  low  temperature  Photoluminescence  (PL).  Furthermore,  impurities  are  traced  by 
secondary  ion  mass  spectroscopy  (SIMS). 


Introduction 

Nowadays  GaN  is  commonly  grown  from  the  gas  phase  by  metalorganic  chemical  vapor 
deposition  (MOCVD).  No  doubt  MOCVD  is  the  method  of  choice  to  produce  GaN  films  of 
highest  quality,  like  the  previously  reported  CW  lasers  [1].  However  due  to  the  metal-organic 
(MO)  Ga  precursors  a  significant  carbon  and  organic  group  contamination  of  the  GaN  films  is 
observed.  The  Hydrogen  is  known  to  passivate  acceptors  in  GaN,  therefore  a  subsequent 
activation  step  is  needed  [2].  On  the  other  hand  the  role  of  carbon  in  GaN  is  still  an  open 
question.  There  is  some  evidence  for  a  shallow  acceptor  level  [3,4],  but  also  predictions  for  a 
self-compensating  mechanism  are  reported  [5]. 

Therefore  growth  of  GaN  with  C  free  precursors  and  intentional  C-doping  would  be  very 
fortunate  to  answer  such  questions.  One  gas  phase  technique  to  grow  without  C  is  the  hydride 
vapor  phase  epitaxy  (HVPE)  [6].  In  this  process  GaCl  is  used  as  Ga  precursor,  which  is 
synthesized  in  situ  from  HCl  and  Ga. 

To  overcome  this  additional  synthesis  we  use  directly  the  chemically  stable  GaC^  as  Ga 
precursor.  So  far,  only  a  few  efforts  have  been  reported  with  this  kind  of  Ga  source  [7-10].  To 
our  knowledge  this  is  first  time  where  a  low  pressure  CVD  process  using  GaCl3  is  taken  for  the 
synthesis  of  GaN.  Here  we  will  demonstrate  the  capability  to  grow  GaN  from  GaClj  and  NH3. 


Experimental 

Fig.  1  displays  a  schematic  of  the  LPCVD  setup  for  GaN  deposition.  The  substrates  are  placed 
on  a  quartz  tray  inside  a  horizontal  quartz  reactor.  The  reactor  is  resistive  heated  and  the 
temperature  is  controlled  by  a  thermocouple.  The  tray  has  an  entire  length  of  35  mm  which  is 
used  as  the  deposition  zone.  NH3  is  taken  as  N  source  and  solid  GaCl3  is  utilized  as  Ga  source. 
During  growth  the  GaCl3  is  transported  via  heated  Nj  into  the  reactor.  The  GaN  films  were 
deposited  either  on  1x1  cm^  specimens  of  (0001)  AI2O3  or  on  (0001)  6H-SiC  platelets  approx. 
1  cm  in  diameter.  The  substrates  were  degreased  in  organic  liquids  and  dipped  in  HF  prior 
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loading  them  into  the  reactor.  Depending  on  the  duration  of  growth,  the  appropiate  amount  of 
GaClj  was  destilled  form  the  store  vessel  into  the  process  ampoule. 


Prior  deposition  the  substrates  were  cleaned  in  situ  by  exposing  them  to  a  flow  of  150  seem  at 
1000°C  at  a  system  pressure  of  one  mbar  for  30  min.  First  the  growth  parameters  were  optimized 
for  GaN  deposition  on  AI2O3,  whereas  no  buffer  layer  was  used.  Also  a  comparative  study  of  the 
GaN  deposition  on  AljOj  and  6H-SiC  was  done  under  these  conditions.  The  optimized  growth 
parameters  are  summarized  in  Tablet.  Typical  film  thicknesses  range  from  1  to  3  pm. 
Preliminary  results  are  shown  for  films  grown  on  AI2O3  with  a  low  temperature  buffer  layer 
deposited  at  600°C  for  10  min  resulting  in  an  approx.  50  nm  thick  GaN  buffer. 


Table  1 :  Parameters  for  LPCVD  of  GaN 


Growth  pressure: 

P 

=  0.3  mbar 

Substrate  temperature: 

T 

=  970  °C 

GaCl3  flow 

FCGaCf) 

=  1.5  seem 

NH3  flow 

F(NH3) 

=  200  seem 

Carrier  gas  flow 

F(N3) 

=  50  seem 

Growth  rate 

r 

=  2  pm/h 

The  deposited  films  were  investigated  by  standard  x-ray  diffraction  measurements.  The  optical 
properties  of  these  films  were  probed  by  low  temperature  photoluminescence  (PL).  The  samples 
were  mounted  in  a  helium  flow  cryostat  and  excited  by  the  325  nm  line  of  a  HeCd  laser.  A 
comprehensive  study  of  the  structural  properties  of  LPCVD  grown  GaN  was  done  with 
transmission  electron  microscopy  (TEM)  and  scannning  tunneling  microcopy  (STM)  and  is 
reported  elsewhere  [11].  Impurities  were  traced  by  means  of  secondary  ion  mass  spectroscopy 
(SIMS)  using  a  Cameca/RIBER  MIQ  56A  system. 


308 


Results  and  Discussion 


The  first  part  of  this  section  refers  to  the  growth  of  GaN  films  and  the  investigation  of  the  growth 
parameters.  The  second  part  deals  with  more  detailed  characterization  of  the  GaN  films 
themselves. 


The  growth  parameters  listed  in  Table  1  were  found  to  enable  two  dimensional  GaN  film  growth 
and  homogeneous  deposition  over  the  entire  deposition  zone.  For  our  setup  the  most  significant 
parameter  is  the  growth  pressure.  Starting  from  atmospheric  pressure  the  growth  rate  decreased 
significantly  towards  lower  pressure,  resulting  in  2  pm/h  at  0.3  mbar.  However  above 
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0.6  o 


0.4  v 


0.2  I 


the  mbar  range  we  were  not  able  to 
achieve  homogeneous  film  growth  in  the 
entire  deposition  zone.  Also  the  structural 
and  optical  properties  of  the  GaN  films 
inproved  by  lowering  the  deposition 
pressure  as  shown  in  Fig.  2. 

The  deposition  process  was  found  to  be  Ga 
limited  by  variation  of  the  NH3  and  GaClj 
flow  rates.  An  almost  linear  dependence 
between  the  growth  rate  and  the  GaClj 
flow  is  observed.  In  contrast  the  growth 
rate  did  not  depend  on  the  NH3  flow  as 
long  as  a  certain  NH3  flow  was  established. 
Below  this  value  no  GaN  deposition  was 
observed. 

To  explain  these  results  we  propose  the 
following  growth  model.  The  first  step  in 
our  growth  model  is  the  successive  thermal 
decomposition  of  GaClj  via  the 
intermediate  products  GaCl2  and  GaCl  to 
Ga  and  CI2.  At  the  low  pressure  in  the 
mbar  range  diffusion  is  the  most  relevant  mechanism  for  the  transport  of  Ga  vapours  to  the 
substrates  and  the  reactor  walls.  Ga  has  a  rather  low  vapour  pressure  even  at  elevated 
temperatures.  Therefore  it  condenses  on  the  exposed  surfaces  in  the  reactor  and  especially  on  the 
substrates.  Together  with  gaseous  ammonia  (NH3)  the  adsorbed  Ga  atoms  react  on  the  substrate 
surface  and  subsequently  on  the  GaN  surface  to  GaN  as  described  by  the  following  netto 
reaction: 


pressure  [mbar] 


Fig.  2:  The  FWHM  values  of  the  (0002)  diffraction 
peak  and  the  nearband  gap  PL  at  T=2K  are  used 
to  monitor  the  structural  and  optical  properties  of 
the  GaN  in  dependence  of  the  growth  pressure. 


2NH3(g)+  2Ga(l)  ,, - ,  2  GaN  (s)  +  3  H2  (g) 

Therefore  the  limiting  factor  within  our  growth  model  is  the  condensation  rate  of  Ga  since  the 
partial  pressure  of  NH3  in  our  system  is  always  higher  than  the  corresponding  equilibrium 
pressure  of  the  reaction  above  [12].  In  the  frame  of  this  model  the  linear  dependency  of  the 
growth  rate  on  the  GaClj  is  obvious.  In  addition  the  benefit  of  lowering  the  growth  pressure 
resulting  in  a  higher  diffusion  coefficent  of  Ga  for  a  decreased  total  pressure  is  understood. 
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The  LPCVD  grown  GaN  films  appear  transparent  and  exhibit  a  mirror-like  surface.  However  so 
far  all  films  show  high  n-type  conduction  with  carrier  concentrations  in  the  10'*  to  10’^  cm‘* 
range.  SIMS  analysis  of  these  layers  revealed  a  contamination  predominantly  with  Si  and  0  in 
the  same  concentration  range.  Possible  sources  for  this  contamination  are  believed  to  be  the 
residual  moisture  of  the  NH3  and  the  use  of  a  quartz  substrate  holder. 

To  study  the  influence  of  the  substrate  materials  on  the  optical  properties  of  the  GaN  layers,  GaN 
was  deposited  simultaneously  on  AljOj  and  6H-SiC.  Low  temperature  PL  spectra  of  the  near 
bandgap  region  of  these  layers  are  displayed  in  Fig.  3.  All  GaN  films  are  clearly  dominated  by 

excitonic  recombination.  Films  grown  on  AI2O3 
Wavelength  (rnn)  exhibit  the  recombination  of  donor  bound 

excitons  (D''X)  at  3.480  eV  (Fig.  3  a)).  A 
contribution  of  an  additional  recombination  at 
about  3.456  eV  in  the  low  energy  shoulder  of 
the  D^X  can  be  observed.  At  lower  energies  the 
donor  acceptor  pair  recombination  (3.25  eV) 
followed  by  two  LO  phonon  replicas  appears. 
For  GaN  on  6H-SiC  only  a  broader  D°X 
emission  at  3.466  eV  (Fig.  3  b))  can  be 
observed.  The  energetic  difference  between  the 
D^'X  emission  in  GaN  on  AI2O3  and  6H-SiC 
can  be  well  explained  by  the  different  residual 
strain  in  these  films.  It  was  shovm  to  be 
compressive  for  GaN  on  AI2O3  and  tensile  for 
GaN  on  6H-SiC  leading  to  a  blue  and  red  shift, 
respectively,  in  respect  to  the  bulk  value  of 
3.472  eV  for  the  prominent  I2  D°X  line  [13]. 

3.00  3.25  3.50  Besides  the  significant  smaller  lattice  mismatch 

Energy  (eV)  between  GaN  and  6H-SiC  (3.5%)  in 

comparison  to  AI2O3  (16%)  the  optical 
Fig.  3:  PL  spectra  of  GaN  grown  on  AI2O3  properties  of  GaN  on  6H-SiC  are  only  equal  or 
and6H-SiC.  The  spectra  were  normalized  to  compared  to  GaN  on  AlA-  A 

the  highest  intensity  and  displaced  vertically  structural  properties 

for  clarity.  For  details  see  text.  revealed  a  rather  undulated  interface  between 

GaN  and  6H-SiC  in  contrast  to  an  almost  atomically  flat  one  between  GaN  and  AI2O3  which 
could  account  for  these  observations  [11] 

An  obvious  improvement  of  the  GaN  properties  can  be  achieved  by  the  use  of  a  low  temperature 
buffer  layer,  as  seen  in  Fig.  4  where  the  PL  of  a  GaN  film  deposited  without  (A)  and  with  GaN 
buffer  (B)  is  compared.  The  GaN  films  themselves  were  grown  under  the  same  conditions.  The 
GaN  film  grown  without  buffer  layer  is  dominated  by  the  same  broad  luminescence  as  discribed 
above,  having  its  maximum  at  3.483  eV.  This  changes  dramatically  for  the  film  grown  with  GaN 
buffer,  where  the  two  luminescence  lines  are  now  resolved  separately.  The  PL  is  dominated  by 
the  narrow  recombination  line  of  the  D'’X  at  3.470  eV.  The  different  peak  positions  can  be  again 
explained  within  the  picture  of  residual  stress  in  these  films  [13],  indicating  much  less  strain  in 
the  film  grown  with  buffer  layer,  as  one  would  expect. 
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The  second  line  appears  around  3.42  eV.  This  line  is  believed  to  be  related  to  O  in  GaN.  It  is 
only  reported  for  GaN  grown  on  AI2O3  and  might  be  connected  to  the  release  of  O  from  the 
AI2O3  substrate  [14,15].  Our  data  could  be  explained  within  this  szenario. 


Wavelength  [nm] 


650  600  550  500  450  400  350 


Fig.  4:  PI  spectra  of  GaN  films  grown  on  AI2OS  without  (A)  and  with  a  GaN  buffer  layer  (B). 


In  summary  we  established  a  low  pressure  CVD  process  to  grow  GaN  from  GaCl3  and  NH3.  By 
using  a  GaN  buffer  layer  we  were  able  to  grow  high  quality  GaN  on  (0001)  AI2O3  substrates  with 
growth  rates  of  2  pm/h. 
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ABSTRACT 


We  describe  the  development  of  a  new  deposition  method  for  thin  oriented  films  of  GaN  on 
basal  plane  sapphire  using  an  exclusively  inorganic  single-source  precursor  free  of  carbon  and 
hydrogen,  Cl2GaN3.  The  films  have  been  characterized  by  Rutherford  backscattering 
spectroscopy  (RBS)  and  cross  sectional  transmission  electron  microscopy  (TEM)  for  composition 
morphology  and  structure.  RBS  analysis  confirmed  stoichiometric  GaN  and  TEM  observations  of 
the  highly  conformal  films  revealed  heteroepitaxial  columnar  growth  of  crystalline  wurrtzite 
material  on  sapphire.  Auger  and  RBS  oxygen  and  carbon  resonance  profiles  indicated  that  the 
films  were  pure  and  highly  homogeneous.  We  also  report  the  reactions  of  Cl2GaN3  with 
organometallic  nitriles  to  yield  a  crystalline,  novel  gallium  carbon  nitride  of  composition  GaC3N3. 
Quantitative  X-ray  powder  diffraction  has  been  used  to  refine  the  cubic  structure  of  this  material 
which  consists  of  Ga  atoms  octahedrally  surrounded  by  on  the  average  three  C  and  three  N 
atoms.  The  structurally  analogous  LiGaC4N4  phase  has  also  been  prepared  and  characterized. 


INTRODUCTION 


The  potential  microelectronic  and  optoelectronic  applications  of  wide  bandgap  nitride 
semiconductors  InN,  AIN  and  GaN  has  resulted  in  considerable  research  associated  with  their 
growth  and  development.  Gallium  nitride,  the  most  studied  of  the  group  III  nitrides  has  a  bandgap 
of  3.4  eV  and  forms  solid  solutions  with  InN  and  AIN  from  which  heterostructures  can  be 
fabricated.  1  GaN-based  heterostructures  and  quantum  well  light-emitting  diodes  have  been 
developed  and  are  commercially  available.  Recently  Nakamura  and  co-workers  have  successfully 
demonstrated  an  InGaN-based  multi-quantum-well  laser  diode.^  Electronic  devices  ranging  from 
field  effect  transistors  to  photodetectors  have  also  been  demonstrated.  3  The  further  development  of 
these  microelectronic  and  optoelectronic  devices  requires  improved  nitride  material  because  despite 
the  many  advances,  serious  problems  still  hinder  the  synthesis  of  high-  quality  thin  films.  These 
problems  include  large  background  n-type  carrier  concentration  due  to  nitrogen  deficiencies,  lack 
of  suitable  substrates,  crystalline  imperfections,  and  difficulties  in  p-doping.4.5 

Alternative  synthetic  methods  that  provide  stoichiometric  nitride  materials  involve  use  of 
single-source  precursors  that  incorporate  strong  Ga-N  bonds.  Particularly  promising  are  gallium 
nitride  precursors  that  contain  the  azide  (N3)  group  as  the  nitrogen  source.  Organometallic  gallium 
azides,  such  as  (R2GaN3)3  (R  =  CH3,  C2H5),  [(CH3)2N]2GaN3,  and  (N3)2Ga[(CH2)3N(CH3)2] 
have  been  used  to  deposit  stoichiometric  GaN  of  reasonable  crystd  quality  and  chemical  purity. 
These  methods  permitted  deposition  at  substantially  lower  temperatures  than  those  required  for 
traditional  metal-organic  chemical  vapor  deposition  (MOCVD)  processes.  They  also  have  the 
potential  of  providing  better  deposition  control  at  low  pressures  as  well  as  eliminating  the 
inefficient  use  of  ammonia,  thus  leading  to  more  effective  and  economical  deposition  processes. 

A  major  obstacle  to  the  realization  of  device-quality  nitride  material  is  the  difficulty  of 
achieving  p-type  doping  when  growth  techniques  such  as  (MOCVD)  are  used  because  the 
hydrogen  impurities  introduced  during  growth  form  complexes  with  Mg  acceptors  and  severely 
diminish  the  doping  efficiency  of  material.  10  Our  approach  to  GaN  involves  development  of 
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simple  inorganic  precursors  that  would  allow  growth  in  a  carbon-  and  hydrogen-free  deposition 
environment,  that  are  compatible  with  p-doping  processes,  and  that  eliminate  the  possibility  of 
carbon  contamination  in  the  films  and  use  of  NH3  during  growth. 


RESULTS  AND  DISCUSSION 


1.  GaN  growth  via  decomposition  of  Cl2GaN3 

We  have  succeeded  in  depositing  heteroepitaxial  GaN  at  very  low  pressures  in  an  ultrahigh- 
vacuum  chemical  vapor  deposition  (UHV-CVD)  chamber  using,  for  the  first  time,  an  exclusively 
inorganic  single-source  precursor,  ClzGaNa.  The  remarkably  stable  ChGaNs  compound  is 
prepared  in  nearly  quantitative  yields  from  a  convenient  synthetic  route  which  is  summarized 
below: 

GaCls  +  (CH3)3SiN3  ^  (CH3)3SiN3  •  GaCU  (CH3)3SiCl  +  CI2  GaN3 

This  route  eventually  gives  a  colorless  air-sensitive  solid  that  sublimes  readily  in  vacuum, 
melts  at  2100C,  and  it  is  not  sensitive  to  shock.  Electron  impact  mass  spectrometry  reveals 
(Cl2GaN3)3-Cl  as  the  highest  mass  peak  at  51 1  arau  and  a  fragmentation  pattern  consistent  with  a 
six-membered  Ga-N  ring  structure.  It  is  not  as  air-sensitive  as  the  trialkyl  gallium  precursors 
currently  used  in  GaN  CVD  processes  and  reacts  rapidly  but  mildly  with  liquid  water.  En  route  to 
Cl2GaN3  the  novel  monomeric  adduct  (CH3)3SiN3GaCl3  is  isolated  and  characterized  by  X-ray 
analysis  as  illustrated  below  in  Figure  1. 


a 


Figure  1.  Single  crystal  molecular  structure  of  (CH3)3SiN3*GaCl3. 

Deposition  studies  of  GaN  films  from  (CH3)3SiN3*GaCl3,  and  Cl2GaN3,  were  carried 
out  on  sapphire  and  Si  substrates  at  600-700  OC.  The  Cl2GaN3  compound  decomposes  in  the 
UHV  CVD  reactor  via  elimination  of  GaCl3  and  N2  to  produce  GaN  films  as  illustrated  in  the 
proposed  decomposition  reaction. 

Cl2GaN3 2GaCl3  +  4N2  +  GaN 

RBS  and  Auger  analysis  of  of  200  to  1500  nra  films  deposited  at  650  revealed  highly 
stoichiometric  GaN  free  of  C  or  O  impurities  and  with  Cl  contents  less  that  1  at.%  .  The  Cl 
impurity  content  is  lower  and  the  crystallinity  is  better  for  films  grown  at  higher  temperatures,  but 
the  Ga-N  composition  is  independent  of  deposition  temperature  and  growth  rate.  High  resolution 
cross  sectional  TEM  examinations  showed  highly  oriented  heteroepitaxial  growth  on  sapphire  as 
illustrated  in  Figure  2.  Our  initial  deposition  results  are  promising  and  this  material  represents  the 
first  example  of  a  potentially  practical,  totally  inorganic  precursor  to  grow  good  quality  GaN  by 
low-pressure  methods.  The  deposition  procedure  was  quite  simple.  It  basically  involves  direct 
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sublimation  of  the  precursor  at  70  °C  into  the  hot  zone  of  the  reactor  in  the  absence  of  any  carrier 
gas  or  toxic  ammonia.  Current  state-of  the-art  CVD  processes  of  device-quality  GaN  require  a 
large  excess  of  NH3  ranging  from  1000  to  5000  fold.  Our  method  and  other  similar  precursor- 
related  methods  have  the  potential  of  eliminating  the  need  of  NH3  for  GaN  growth.  Other  notable 
advantages  of  our  method  include  high  growth  rates  of  50-350  A  /min.,  low  deposition 
temperatures  of  650-700  highly  stoichiometric  GaN  material,  and  a  carbon-  and  hydrogen-free 
deposition  environment  that  could  be  beneficial  to  p-doping  processes. 


Figure  2.  High  resolution  TEM  image  and  corresponding  diffraction  pattern  of  wurtzite  GaN  on 
sapphire  showing  the  heteroepitaxial  growth 

A  potential  disadvantage  associated  with  the  use  of  Cl2GaN3  as  a  practical  source  of  GaN 
is  that  it  does  not  have  any  significant  vapor  pressure  at  room  temperature.  This  requires  heating 
of  the  precursor  container  to  70  ^  to  obtain  sufficient  vapor  pressure,  in  addition  to  turbo-pump 
processing  during  growth  in  order  to  achieve  the  low  pressures  necessary  to  transport  the  gaseous 
precursor.  Although  substantial  growth  rates  have  been  achieved  under  these  deposition 
conditions,  higher  volatility  of  the  molecule  is  nevertheless  desirable.  We  increased  the  volatility 
of  Cl2GaN3  by  reacting  the  polymeric  material  with  a  strong  Lewis  base  trimethyl  amine  N(CH3)3 
to  form  a  monomeric  adduct  of  composition  (Cl2GaN3)N(CH3)3.  The  trimethyl  amine  adduct  is  a 
good  GaN  precursor  and  is  readily  prepared  by  direct  interaction  of  N(CH3)3  and  Cl2GaN3  . 

N(CH3)3  -t-  Cl2GaN3  ^  (Cl2GaN3)N(CH3)3 

The  compound  is  a  low  melting  (35  ^C)  white  solid  that  sublimes  readily  at  room  temperature  and 
thus  easier  to  utilize  in  CVD  experiments. 

2.  GaN  growth  via  decomposition  of  (Cl2GaN3)N(CH3)3 

The  deposition  process  is  similar  to  that  developed  for  growth  of  GaN  from  Cl2GaN3.  The 
CVD  reactor  used  in  this  study  is  a  cold-wall,  inductively  heated  system  described  in  detail 
elsewhere.  The  precursor  is  kept  in  a  glass  container  equipped  with  a  high- vacuum  valve  and  it  is 
directly  attached  to  the  reactor,  which  is  constantly  maintained  at  2  x  lO'^  Torr  by  a  corrosion- 
resistant  turbo  pump.  In  a  typical  experiment,  the  source  container  valve  is  opened,  resulting  in  a 
rapid  rise  of  reactor  pressure  to  approximately  5  x  10-5  Torr.  Although  film  growth  has  been 
obtained  at  this  pressure,  we  heat  the  precursor  to  its  melting  point  in  order  to  achieve  reasonable 
growth  rates  of  about  50  A  /min.  at  2  x  10"^  Torr.  Films  ranging  in  thickness  from  100  to  250  nm 
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are  normally  deposited  at  700  °C  on  sapphire  and  Si  substrates  with  rates  of  150-200  A  per 
minute.  RBS  analysis  including  carbon  and  oxygen  resonance  of  these  films  reveals  stoichiometric 
GaN  with  chlorine  and  carbon  contamination  of  1-2  at  %  as  shown  in  Figure  3  (carbon  and  oxygen 
nuclear  resonance  reactions  allow  detection  as  low  as  0.5  at  %  C  and  1.5  at  %  O).  Films  grown  at 
a  slower  rate  of  50-80  A/min.  are  pure  as  shown  by  RBS,  and  they  display  higher  crystal  quality, 
as  revealed  by  TEM  examinations. 

Energy  (MeV) 


Figure  3.  RBS  spectrum  of  GaN  films  deposited  on  sapphire  using  (Cl2GaN3).N(CH3)3  at  650 
(160  A/min)  and  700  (30-45  A/min)  inset.  Films  with  composition  Ga0.95N1.05  that  contain  2- 

2.5  at  %  Cl  contamination  are  grown  at  650  as  visible  in  the  spectrum.  Stoichiometric  GaN 
with  Cl  contents  lower  than  the  detection  limit  (0.5  at.%)  is  deposited  at  750  ^C  (inset). 

3.  Reactions  of  Cl2GaN3  with  organometallic  nitriles.  Synthesis  of  GaC3N3  and 
LiGaC4N4 

The  novel  GaCsNs  compound  was  prepared  as  a  crystalline  colorless  solid  by  reaction  ot 
GaCl3  with  trimethylsilylcyanide. 

CliGaNs  +  3SiMe3CN  ^  2  MesSiCl  +  MesSiNa  +  GaCsNa 

The  composition  of  GaC3N3  is  confirmed  by  spectroscopic  and  elemental  analysis. 
Infrared  spectra  obtained  of  the  solid  are  simple  with  strong  absorptions  at  2215  cm*l  (v(CN)) 

and440  cm"l  v(M-CN).  The  absence  of  any  absorption  above  30{X)  cm"l  indicates  that  the  solid 
does  not  contain  N-H  or  0-H  groups.  Mass  spectra  were  obtained  at  a  source  temperature  of 
225'’C  and  revealed  the  molecular  Ga(CN)3  ion  at  147  and  149  (m/z)  corresponding  to  the  69  and 
71  a.m.u.  gallium  isotopes  of  the  compound.  Carbon,  hydrogen,  and  nitrogen  elemental  analysis 
confirmed  that  the  carbon  to  nitrogen  ratio  is  1:1;  expected  for  Ga(CN)3  :24.4%  C,  28.4%  N; 
found:  24.6%  C,  26.2%  N,  <1%  H.  The  slightly  low  N  content  found  is  due  to  incomplete 
combustion  with  formation  of  a  GaN  residue.  X-ray  powder  diffraction  data  were  collected  with  a 
Rigaku  diffractometer  using  Cu  Ka  radiation.  All  diffraction  peaks  could  be  indexed  using  a 
primitive  cubic  cell  with  a  =  5.295  A.  The  only  plausible  possibility  for  cubic  GaC3N3  is  a 
disordered  structure  with  Ga  at  the  cell  comers  and  octahedrally  coordinated  by  (C,N)  and  joined 
by  C-N  bonds  aligned  along  the  cell  edges  as  shown  in  Fig.  4.  The  structure  was  verified  by 
quantitative  Rietveld  analysis.  The  C-N  bond  length  is  found  to  be  1.15  A,  a  value  normal  for 
metal  cyanides,  and  the  Ga-(N,C)  distance  is  2.07  A.  Reactions  of  GaC3N3  with  LiCN  provided  a 
new  lithium-carbon-nitride  of  gallium  which  consists  of  LiN4  tetrahedra  and  GaC4  tetrahedra 
linked  together  at  the  comers  in  a  simple  cubic  structure  similar  to  that  of  Zn(CN)2  as  illustrated  in 
figure  4  (bottom).  The  identity  of  this  material  has  been  determined  by  spectroscopic  methods  and 
the  stmeture  was  checked  by  quantitative  Rietveld  analysis. 
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Figure  4.  Top:  the  structure  of  GaCsNs  sho' 
C-N  bonds.  Bottom:  the  structure  of  LiGaC 
GaC4  tetrahedra  (darker).  Heavy  lines  are  C-^ 


CONCLUSION 


A  new  low  temperature  route  to  heteroepitaxial  GaN  involving  a  new  inorganic  precursor, 
Cl2GaN3,  that  is  entirely  free  of  carbon  and  hydrogen,  is  described.  The  trimethylamine  adduct 
(Cl2GaN3)N(CH3)3,  is  a  convenient  precursor  to  GaN  because  it  is  substantially  more  volatile  than 
Cl2GaN3  and  therefore  easier  to  use  in  CVD  processes.  Good  quality  wurtzite  GaN  has  been 
deposited  by  the  thermal  decomposition  of  (Cl2GaN3)N{CH3)3  at  650-700OC.  Furthermore, 
reactions  of  Cl2GaN3  with  Si(CH3)3CN  yield  a  crystalline  gallium  carbon  nitride  of  composition 
GaC3N3.  Quantitative  X-ray  powder  diffraction  has  been  used  to  refine  the  cubic  structure  of  this 
material  which  consists  of  Ga  atoms  octahedrally  surrounded  by  on  the  average  three  C  and  three 
N  atoms.  The  related  LiGaC4N4  phase  consists  of  Ga  atoms  tetrahedrally  surrounded  by  four  C 
or  N  atoms. 
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ABSTRACT 

GaN  thin  films  were  grown  on  various  substrates  by  GSMBE  using  ECR  nitrogen  and 
ammonia.  The  growth  of  GaN  was  monitored  by  real  time  analysis,  time  of  flight  low  energy 
ion  scattering  (TOF-LEIS)  and  RHEED. 

Growth  of  GaN  on  GaAs,  ZnO,  Ge  and  AI2O3  was  investigated.  The  substrates’  surfaces 
were  analyzed  during  pre-growth  annealing  and  during  GaN  growth.  The  removal  of  surface 
contaminants  and  the  modification  of  the  surface  stoichiometry  from  these  surfaces  are 
presented. 

GaN  films  on  sapphire  (0001)  grown  under  different  conditions  were  examined  real  time 
by  low  energy  ion  scattering  mass  spectroscopy  of  recoiled  ion  (MSRI)  and  the  relationship 
between  the  in-situ  surface  composition  with  ex-situ  photoluminescence  measurement  results 
are  discussed. 

INTRODUCTION 

Time  of  flight  low  energy  ion  scattering  (TOF-LEIS)  is  a  powerful  technique  which 
allows  real  time  surface  analysis  during  thin  film  growth  without  detectable  damage  to  the 
epilayer  [1].  Substrate  annealing,  nitridation  and  GaN  growth  are  investigated  on  sapphire, 
silicon  and  gallium  arsenide  by  time  of  flight  direct  recoil  spectroscopy  (DRS)  and  mass 
spectroscopy  of  recoiled  ions  (MSRI)  [2,3].  In  MSRI,  only  atomic  ions  recoiled  or  scattered 
from  the  sample  surface  can  be  deflected  by  a  time  refocusing  analyzer  when  a  voltage  is 
applied  on  the  sector.  The  time  of  flight  of  a  given  ion  is 

TOF  =  To  +  ^(MsA)*''  (1) 

where  To  is  the  time  of  flight  of  the  primary  ion  traveling  from  the  ion  source  to  the  analyzing 
sample,  ^  is  a  constant  related  the  sector  voltage  to  the  recoiled  or  scattered  ion  energy  and 
MJe  is  the  corresponding  mass  per  unit  charge  so  that  elements  with  low  atomic  weight, 
such  as  carbon,  nitrogen  and  oxygen  can  be  clearly  separated  on  the  time  of  flight  scale 
which  can  be  represented  by  a  channel  number. 

For  MBE  nitride  growth,  electron  cyclotron  resonance  (ECR),  radio  frequency  (RF) 
plasma  and  reactive  ion  sources  for  nitrogen  have  been  used  by  many  research  groups  [4-6] 
in  the  growth  of  GaN  thin  films  and  alloys.  Only  recently  has  gas  source  MBE  (GSMBE), 
with  ammonia  as  the  nitrogen  precursor,  been  applied  to  these  materials  [7-9]. 

In  this  paper,  growth  of  GaN  on  various  substrates  are  examined  by  TOF-MSRI  and 
effects  of  nitridation  and  buffer  layer  for  GaN  growth  on  sapphire  using  a  combination  of 
ECR  and  ammonia  sources  are  discussed. 
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EXPERIMENTAL 


The  GaN  thin  film  deposition  system  is  equipped  with  TOF-LEIS  instrumentation, 
RHEED,  an  ASTeX  compact  ECR  source,  a  gas  source  injector  and  conventional  BCnudsen 
cells.  TOF-LEIS  consists  of  a  5keV  Ne^  ion  source  mounted  onto  a  series  of  optics  designed 
to  focus  and  pulse  the  ion  beam  for  time-of-flight  measurements. 

After  the  samples  were  chemically  cleaned  outside  of  chamber,  they  were  either  indium 
mounted  on  the  molybdenum  block  or  directly  mounted  on  the  sample  holder.  For  sapphire 
substrates,  one  micron  thick  titanium  was  evaporated  on  the  back  side  to  prevent  heat 
dissipation  and  for  the  precise  measurement  of  surface  temperature  with  a  pyrometer. 
Temperature  was  also  measured  by  a  thermocouple  placed  on  the  back  side  of  the  sample. 

Substrates  were  annealed  under  vacuum  prior  to  growth.  Nitridation  and  buffer  layer 
growth  were  performed  by  ECR  or  NH3  and  GaN  final  layer  was  grown  with  NH3.  The 
surface  composition  of  the  substrates  and  GaN  epilayers  were  monitored  by  MSRI  and 
RHEED.  A  25mW  He-Cd  laser  was  used  as  the  excitation  source  for  photoluminescence 
measurements.  PL  measurements  were  taken  at  lOK. 

RESULTS 

Sample  Annealing  and  Nitridation  Studies 

TOF-LEIS  in  conjunction  with  RHEED  has  been  used  to  follow  the  surface 
reconstruction  and  surface  composition  during  substrate  vacuum  annealing,  nitridation  and 
initial  growth  of  GaN.  We  have  used  TOF-LEIS  to  optimize  the  annealing  temperature  and 
follow  the  surface  nitridation  for  Sapphire,  GaAs,  ZnO,  and  Ge  substrates.  While  sapphire, 
ZnO,  and  GaAs  substrates  are  known  to  be  important  to  GaN  thin  film  growth,  Ge  was 
studied  in  the  hope  to  achieve  a  better  substitute  to  GaN/Si  heteroepitaxy. 

Detailed  results  for  sapphire  and  GaAs  have  been  published  previously  [2,3].  For 
sapphire  and  GaAs,  we  have  demonstrated  that  a  nitrogen  terminated  surface  is  easily 
achieved  upon  exposure  to  an  ECR  nitrogen  (>40W)  beam.  Our  recent  studies  using 
ammonia,  as  the  nitrogen  source,  suggest  that  the  nitridation  layer  is  thinner  and  more 
difficult  to  achieve  as  compared  to  ECR  experiments. 

Figure  1  shows  RHEED  diffraction  patterns  and  the  corresponding  MSRI  spectrum  for 
GaN/Sapphire  substrates  at  different  growth  stages.  It  is  clear  that  MSRI  is  a  very  sensitive 
tool  for  pre-growth  surface  treatment  optimization  and  is  uniquely  sensitive  to  surface 
nitrogen.  This  is  demonstrated  by  comparing  a-1  and  b-1  with  a-3  and  b-2  fi^om  figure  1. 
RHEED  from  an  annealed  Sapphire  substrate  and  that  from  one  exposed  to  ammonia  are 
identical  but  MSRI  shows  a  clear  N  shoulder.  RHEED  from  a  sapphire  substrate  exposed  to 
a  N-ECR  plasma  (b-1)  shows  faint  streaks  consistent  with  an  AIN  overlayer  only  after  many 
minutes  of  exposure.  In  contrast  the  MSRI  technique  allows  real  time  observation  of  the 
nitridation  process  from  onset  (a-3)  to  equilibrium  (b-2). 

In  the  GaAs  case  we  have  shown  that  depending  on  the  nitridation  procedure  one  can 
obtain  the  hexagonal  or  the  cubic  GaN  phase.  In  the  latter  case  the  GaAs  substrate  was 
annealed  in  vacuum  without  an  As  overpressure.  The  Carbon  impurity  (mainly  from 
hydrocarbons)  on  the  GaAs  (001)  surface  disappeared  at  about  480°C,  and  oxide  desorption 
coupled  with  arsenic  depletion  was  observed  starting  at  570°C.  Arsenic  was  completely 
depleted  from  the  surface  at  640°C;  at  that  point  only  Ga  is  detected  by  MSRI.  Such  a  Ga 
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c-1  Gallium  Nitride  grovm  on  sapphire 


Figure  1.  RJHEED  and  MSRI  data  of  GaN  thin  films  grown  on  sapphire  by  GSMBE. 

a)  a-1  shows  RHEED  from  clean  sapphire  and  the  corresponding  MSRI  spectra 
(a-2).  Fig.  a-3  shows  the  MSRI  spectrum  after  exposure  to  NH3  beam  where 
a  nitrogen  shoulder  is  apparent. 

b)  RHEED  from  a  sapphire  sample  exposed  to  nitrogen  ECR  showing  a 
superposition  of  AI2O3  and  AIM  diffraction  spots.  The  MSRI  spectrum 
shows  clearly  a  nitrogen  surface  peak  on  the  AI2O3. 

c)  RHEED  and  MSRI  from  GaN  thin  film  on  sapphire  grown  using  NH3  and 
Ga. 

terminated  GaAs  surface  (at  590°C)  when  exposed  to  an  ECR  N  beam,  becomes  nitridated  as 
demonstrated  by  a  surface  nitrogen  peak  observed  by  MSRI.  The  growth  of  an  ECR  GaN 
buffer  layer  at  the  same  temperature  (590°C)  followed  with  an  ammonia  grown  GaN  final 
layer,  at  710°C,  yields  surfaces  with  4  fold  cubic  symmetry  RHEED  patterns. 

For  ZnO  (0001)  substrates,  carbon  was  found  to  be  the  major  surface  contaminant.  The  C 
surface  composition  was  significantly  reduced  by  a  vacuum  anneal  at  550°C.  The  MSRI  zinc 
signal  was  very  weak  at  room  temperature  and  did  not  vary  until  the  surface  carbon 
contamination  was  reduced  (550®C).  The  MSRI  peak  intensity  of  O  and  Zn  was  seen  to 
increase  up  to  660°C.  Beyond  that  temperature  the  ZnO  surface  starts  decomposing  with 
surface  O  desorbtion.  At  this  temperature  the  RHEED  pattern  becomes  streaky.  After  the 
substrate  was  annealed,  the  sample  temperature  was  lowered  to  580°C.  The  ZnO  was 
nitridated  at  this  temperature  for  20min.  A  clear  nitrogen  peak  was  observed  in  MSRI  spectra 
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and  RHEED  showed  a  chevron  like  pattern.  First  a  buffer  layer  was  grown  at  535°C  with  an 
ECR  source  for  30min.  MSRI  detected  prominent  Ga  and  N  peaks  but  C  was  still  detectable 
on  the  surface.  RHEED  showed  a  poly  crystalline  GaN  structure  which  did  not  change  when 
the  sample  temperature  was  elevated  to  650°C.  After  a  thicker  ECR  grown  buffer  layer  was 
grown  (additional  30  minutes)  at  the  same  temperature  the  RHEED  pattern  remained  that 
from  a  polycrystalline  GaN  surface.  At  this  point  the  nitrogen  source  was  switched  to 
ammonia  and  a  GaN  layer  was  grown  at  the  same  temperature  for  another  30min.  The  MSRI 
Ga  to  nitrogen  ratio  increased  but  the  RHEED  showed  a  crystalline  GaN  structure  but  with  a 
clear  transmission  pattern  from  a  rough  surface.  Further  studies  are  needed  in  the  case  of 
GaN/ZnO  but  it  is  clear  from  these  preliminary  results  that  nitrogen  incorporation  and  surface 
kinetics  in  GSMBE  are  significantly  different  from  those  of  ECR  MBE  growth. 

In  the  Ge  case,  we  found  that  the  oxide  layer  desorption  occurred  at  about  500°C,  while 
the  signal  showed  a  decrease  at  around  300°C  but  remained  constant  up  to  a  700°C  anneal 
(figure.  2b).  This  is  consistent  with  previous  studies  that  showed  submolayer  C  coverage 
always  present  on  Ge  surfaces.  We  found  however  that  exposure  to  an  N-ECR  beam  very 
efficiently  removed  the  surface  carbon  and  resulted  in  nitrogen  incorporation.  The  resulting 
film  was  however  textured  polycrystalline  (from  RHEED),  thus  the  formation  of  a  GeN 
overlayer  could  not  be  directly  verified.  To  date  only  polycrystalline  GaN  thin  films  have 
been  grown  on  Ge  substrates. 


Figure  2.  MSRI  peak  intensity  change  of  surface  elements  during  substrate  pre-annealing, 
a.  zinc  oxide  b.  germanium. 

MSRI  as  a  Real  Time  Characterization  and  Control  Probe  for  GaN  Growth 

We  have  shown  that  MSRI  can  allow  real  time  surface  composition  measurement  for  all 
elements  including  hydrogen.  In  the  case  of  GaN,  both  the  surface  pretreatment  (step  one, 
annealing  and  nitridation),  the  buffer  layer  growth  conditions(step  two),  and  that  of  the  final 
layer  (step  three)  are  found  to  impact  the  electrical  and  optical  properties  of  the  epilayers.  In 
this  study  we  have  used  a  combination  of  N-ECR  and  ammonia  in  the  growth  of  GaN  thin 
films.  The  nitrogen  species  used  in  each  of  the  above  steps  was  found  to  be  also  important. 
As  an  example  we  show  in  figure  3  MSRI  spectra  and  the  corresponding  PL  FWHM  for  GaN 
films  grown  using  either  ECR  or  ammonia  in  step  one  and  two  and  ammonia  for  the  final 
GaN  layer.  We  clearly  see  that  for  these  conditions  the  use  of  ECR  for  all  three  steps  gives 
the  worst  PL  while  that  using  an  all  ammonia  process  gives  the  best.  Of  importance  the 
surface  Ga/N  ratio  from  the  MSRI  spectra,  taken  during  growth,  tracks  with  the  PL  FWHM. 
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Figure  3.  MSRI  from  GaN  films  grown  under  various  growth  conditions.  The  growth 
conditions  and  corresponding  PL  FWHM  (meV)  are  described  below.  PL  data  all  taken 
at  lOK. 

a.  ECR  nitridation,  ECR  buffer  and  NH3  layer  -  Ga/N  8 .35 ,  PL  FWHM  2 1 9meV 

b.  ECR  nitridation,  ECR  buffer  and  NH3  layer  -  Ga/N  3,  PL  FWHM  158meV 

c.  ECR  nitridation,  NH3  buffer  and  NH3  layer  -  Ga/N  5.5,  PL  FWHM  123meV 

d.  NH3  nitridation,  NH3  buffer  and  NH3  layer  -  Ga/N  3.02,  PL  FWHM  30meV 

The  closer  to  stoichiometry  the  surface  is  the  better  the  PL  result.  While  at  first,  spectrum  b 
(Ga/N  =3  but  FWHM=158  meV)  may  seem  not  to  follow  the  trend,  a  closer  analysis  of  its 
MSRI  spectrum  shows  a  surface  oxygen  shoulder  from  either  ammonia  contamination  or  bad 
initial  growth  conditions  (no  buffer  layer  was  used  for  this  sample). 

CONCLUSION 

We  have  shown  that  MSRI  is  a  unique  in-situ  technique  which  is  compatible  with 
epitaxial  growth  of  optoelectronic  thin  films.  Its  unique  sensitivity  to  nitrogen  species  makes 
it  specifically  adapted  to  nitride  thin  film  growth  optimization,  composition  control,  and 
surface  kinetics  studies.  We  have  also  shown  that  the  surface  Ga/N  ratio,  as  measured  in  real 
time  by  MSRI,  correlates  well  with  the  PL  characteristics  of  the  thin  films  and  thus  can  be 
used  to  optimize  the  optical  properties  of  GaN  materials. 
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ABSTRACT 

Gallium  Nitride  epitaxial  films  were  grown  by  migration  enhanced  epitaxy  directly 
on  sapphire  (0001)  without  using  any  pre-growth  substrate  nitridation  or  low 
temperature  buffer  layers.  In  comparison  with  our  material  grown  directly  on 
sapphire  by  conventional  molecular  beam  epitaxy,  a  significant  improvement  in  the 
surface  morphology  and  layer  properties,  measured  by  reflection  high  energy  electron 
diffraction.  X-ray  diffraction,  scanning  electron  microscopy,  room  temperature 
photoluminescence  and  the  Hall  effect,  was  observed  for  material  grown  by 

migration  enhanced  epitaxy. 

INTRODUCTION 

In  order  to  overcome  the  large  lattice  mismatch  and  chemical  dissimilarity  between 
GaN  and  sapphire  and  therefore  grow  high  quality  GaN  films,  the  majority  of 
workers  in  both  the  metal  organic  vapor  phase  epitaxy  (MOVPE)  and  molecular 
beam  epitaxy  (MBE)  fields  employ  a  combination  of  pre-growth  substrate  nitridation 
and  low  temperature  GaN  [1]  or  AIN  [2]  buffer  layers.  However,  the  suppression 

of  3-D  growth  using  nitridation  and  low  temperature  buffers  can  be  a  lengthy  and 
complicated  process,  particularly  in  MBE  growth  with  its  lower  growth  rates. 

One  way  in  which  uniform  2-D  nucleation  has  been  achieved  in  the  growth  of  III- 
V  compounds  such  as  GaAs  and  AlGaAs  has  been  to  employ  the  method  of 

migration  enhanced  epitaxy  (MEE).  First  reported  by  Horikoshi  et  al  [3-5],  MEE 
is  believed  to  precisely  control  the  stoichiometry  of  the  growing  crystal  by 

alternating  the  supply  of  group  III  and  V  molecular  beams  to  the  growth  surface. 
In  this  vein,  MEE  is  potentially  a  promising  technique  for  growing  high  quality 
GaN  films  directly  on  sapphire.  Consequently,  the  purpose  of  the  study  presented 
in  this  paper  was  to  investigate  whether  the  properties  of  GaN  Aims  grown  directly 
on  sapphire,  without  any  pre-growth  nitridation  or  low  temperature  buffer  layers, 
could  be  improved  by  applying  the  MEE  method. 
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EXPERIMENT 


GaN  film  growth 


Details  of  the  MBE  apparatus  are  presented  elsewhere  [6],  A  constant  active 
nitrogen  flux  was  supplied  by  a  commercial  rf  plasma  source  and  a  Ga  flux  of 
3x10’'*  atoms  cm'V'  was  used.  The  GaN  layers  were  grown  on  sapphire  (0001)  at 
a  temperature  of  750®C.  The  films  were  intentionally  doped  with  Si  and  were  0.2- 
0.4|im  thick.  No  substrate  nitridation  or  low  temperature  buffer  layers  were  used 
prior  to  GaN  growth. 

In  order  to  study  the  MEE  growth  of  GaN  on  sapphire,  four  independent  layers 
were  grown  using  various  Ga  and  N  beam  shutter  sequences.  Schematic  diagrams 
of  the  shutter  sequences  from  growth  onset  at  t=0  are  shown  in  figure  (1).  Sample 
(A)  was  grown  using  a  conventional  MBE  approach  where  both  the  Ga  and  N 
shutters  were  opened  simultaneously  at  t=0  and  remained  open  throughout  growth. 
For  sample  (B)  equal  amounts  of  Ga  and  N  were  supplied  alternatively  at  intervals 

of  2.0s,  with  growth  being  initiated  by  Ga.  Sample  (C)  was  initiated  by  3.0s  of 

Ga  followed  by  a  3.0s  anneal  where  no  atoms  were  directed  at  the  surface,  before 
opening  the  N  shutter  for  2.0s.  Similarly,  sample  (D)  had  4.0s  of  initial  Ga,  a  4.0s 
anneal  and  2.0s  of  N  as  its  repeated  growth  cycle.  Consequently,  the  effective  V/III 

ratios  of  the  four  layers  (A-D)  were  approximately  1.0,  1.0,  0,7,  and  0.5 

respectively.  The  Si  cell  shutter  was  open  except  during  the  anneal  stages. 


B 


D 

p-| 

m  Ga  on 
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Fig.  1.  Schematic  diagrams  of  the  shutter  sequences  used  in  the  growth  of  samples 
(A),  (B),  (C),  and  (D). 
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RESULTS 


Scanning  Electron  Microscoi 


Scanning  electron  microscopy  (SEM)  observations  of  the  cleaved  edges  of  the  four 
GaN  samples  (A-D),  are  shown  in  figure  (2).  Sample  (A),  grown  using  conventional 
MBE,  showed  the  GaN  layer  to  have  poor  lateral  continuity  and  consist  of  oriented 
columnar  grains.  This  columnar  nature  was  consistent  with  both  the  spotty  RHEED 
and  large  XRD  FWHM  exhibited  by  the  sample.  In  contrast,  SEM  showed  films 
(B),  (C)  and  (D)  to  be  more  continuous,  with  sample  (D)  having  a  relatively  flat 
surface  morphology  and  the  highest  degree  of  continuous  crystallinity. 


Fig  2.  Scanning  electron  micrographs  of  the  cleaved  edges  of  the  four  GaN  fil 


X-rav  Diffraction 


The  crystalline  integrity  of  the  GaN  films  was  measured  by  x-ray  diffraction  (XRD) 
using  a  powder  diffractometer  equipped  with  a  CuKa  radiation  source,  with  scans 
being  made  in  the  standard  0-20  and  co  modes.  Table  I  lists  the  measured  FWHM 
of  the  GaN(0002)  reflection  peak  for  each  sample.  A  large  reduction  in  the  FWHM 
occured  between  (A)  and  (D),  indicating  a  significant  improvement  in  the  crystal 
quality. 


Table  I;  XRD  measurements 


Sample 

GaN(0002)  0-20  FWHM 
(arcmins) 

GaN(0002)  co  FWHM 
(arcmins) 

A 

6.12 

60.00 

B 

6.96 

38.40 

C 

5.76 

30.48 

D 

4.32 

22.14 

Electrical  Measurements 


The  GaN  layer  resistivities  were  measured  by  a  four-point  probe  method  using 
pressed  indium  ohmic  contacts  at  each  comer  of  a  5mm  x  5mm  square  section  cut 
from  each  sample.  Room  temperature  Hall  measurements  were  also  made  on  these 
square  sections  using  a  0.7T  magnetic  field.  Table  (II)  lists  the  measured 
resistivities,  carrier  concentrations  and  electron  mobilities  for  samples  (A-D).  Films 
(A)  and  (B)  were  highly  resistive  and  no  reliable  Hall  measurements  were  possible, 
this  is  consistent  with  the  poor  lateral  crystallinity  of  these  layers.  Samples  (C)  and 
(D)  exhibited  n-type  conduction  with  (D)  having  the  highest  electron  mobility  and 
lowest  resistivity  values. 

Table  II:  Room  temperature  electrical  measurements 


Sample 

Resistivity  (Ocm) 

Carrier  concentration 
(cm-^) 

Electron  mobility 
(cmV’s’) 

A 

Insulating 

Unable  to  measure 

Unable  to  measure 

B 

3.2 

Unable  to  measure 

Unable  to  measure 

C 

6.7  X  10'^ 

7x  10’* 

13 

D 

5.0  X  10-^ 

9x  10” 

138 

Reflection  High  Energy  Electron  Diffraction 
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Reflection  high  energy  electron  diffraction  (RHEED)  was  used  to  monitor  the 
growing  surfaces  throughout  all  GaN  growth.  No  intensity  oscillations  of  the  RHEED 
specular  spot  could  be  detected  from  any  of  the  four  samples  (A-D)  during  epitaxy. 
A  (1x1)  RHEED  pattern  with  six-fold  symmetry  was  observed  from  all  samples 
during  growth,  with  a  significant  improvement  in  the  continuity  of  the  RHEED 
streaks  being  recorded  for  samples  (C)  and  (D)  indicative  of  2-D  nucleation,  faint 
Kikuchi  lines  were  also  visible  for  (C)  and  (D).  Sample  (A)  showed  highly  broken 
RHEED  streaks  consisting  of  sharp  spots  signifying  a  3-D  nucleation  process. 

Room  Temperature  Photoluminescence 

The  samples  (A-D)  were  optically  probed  by  room  temperature  photoluminescence 
(PL)  using  a  helium-cadmium  laser.  Figure  (3)  shows  the  PL  from  (A-D)  measured 
under  identical  excitation  conditions  over  the  energy  range  2.0  to  3.5eV.  The  MBE 
grown  GaN  layer  (A)  exhibited  only  broad,  impurity  related  deep  emission  centered 
around  2.5eV.  Conversely,  intense  band-edge  luminescence  at  3.4eV,  with  no  deep 
emission,  was  recorded  for  the  MEE  grown  film  (D),  characteristic  of  material  with 
a  high  optical  quality.  Films  (B)  and  (C)  showed  both  a  weak  band-edge  peak  and 
some  deep  luminescence. 


Emission  energy  (eV)  Emission  energy  feV') 


Fig.3.  Room  temperature  photoluminescence  spectra  of  the  four  GaN  samples. 
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CONCLUSIONS 


It  is  clear  from  the  results  presented  in  this  paper  that  in  comparison  with  our 
GaN  films  grown  by  MBE  directly  on  sapphire  without  using  any  low  temperature 
buffer  layers,  a  significant  improvement  in  the  crystalline,  electrical  and  optical 
properties  of  the  material  can  be  achieved  using  the  MEE  method  of  crystal 
growth. 

The  MEE  technique  has  allowed  highly  Ga-rich  growth  conditions  to  be  used 
(V/III~0.5)  without  the  accumulation  of  surface  Ga  droplets  which  occur  using 
conventional  MBE  under  a  similar  V/III  ratio  and  growth  temperature.  The  reason 
why  such  Ga-rich  conditions  results  in  the  best  films  is  unclear  at  present,  although 
it  is  well  known  that  the  MEE  technique  can  provide  precise  control  of  the 
stoichiometry  of  the  growing  crystal.  It  should  be  noted  that  the  best  film  presented 
in  this  limited  study  is  not  state-of-the-art  quality,  however,  the  MEE  shutter 
sequence  has  by  no  means  been  optimised,  and  so  more  work  is  necessary  to 
further  improve  the  material.  In  summary,  the  potential  of  the  MEE  technique  to 
grow  GaN  thin  films  directly  onto  sapphire  has  been  demonstrated  by  this  study. 
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ABSTRACT 

We  have  grown  gallium  nitride  (GaN),  aluminum  nitride  (AIN)  and  boron  nitride  (BN) 
thin  films  by  mass  separated  ion  beam  deposition.  All  deposited  films  were  found  to  be  almost 
stoichiometric.  AIN  and  GaN  films  are  crystalline  even  after  room  temperature  deposition 
whereas  for  the  formation  of  crystalline  boron  nitride  temperatures  above  150  °C  are  necessary. 
The  influence  on  the  phase  formation  and  the  film  structure  of  ion  energy  and  substrate  tem¬ 
perature  on  the  one  hand,  and  bond  ionicity  on  the  other  hand,  was  investigated  for  these  three 
systems. 

INTRODUCTION 

Direct  deposition  of  low  energy  ions  (20  -  1000  eV)  is  a  thin  film  growth  process  far  from 
thermodynamic  equilibrium  which  can  be  used  to  nucleate  and  grow  superhard  materials  like 
diamond-like  amorphous  carbon  (DLC)  [1],  amorphous  carbon  nitride  (CN)  [2]  or  cubic  boron 
nitride  (c-BN)  [3].  It  is  essential  to  use  ion  beam  deposition  or  ion  beam  assisted  deposition 
techniques  to  grow  c-BN  thin  films. 

Because  the  ion  species,  ion  flux,  ion  energy  and  substrate  temperature  can  be  controlled 
precisely  and  independently,  mass  separated  ion  beam  deposition  (MSIBD)  is  an  ideal  technique 
for  systematic  studies  of  thin  film  nucleation  and  growth  processes.  Compared  to  ion-assisted 
deposition  techmques  for  binary  compound  thin  films,  MSIBD  has  some  unique  features.  In  ion 
assisted  methods  (IBAD)  the  non-volatile  component  is  usually  deposited  with  thermal  energies 
and  the  initial  film  growth  starts  from  the  surface.  In  contrast,  with  MSIBD  both  components  are 
deposited  as  energetic  and  usually  singly  charged  ions.  No  additional  bombardment  of  the 
growing  film  with  other  ions,  like  Ar"^,  or  with  neutral  atoms  or  molecules  occurs.  The  nucleation 
and  growth  process  is  therefore  governed  by  bulk  rather  than  surface  processes. 

In  this  paper  we  compare  the  MSIBD  growth  of  thin  nitride  films  of  the  group  III 
elements  gallium,  aluminum  and  boron.  Because  of  the  high  bond  ionicity  of  group  III  nitrides  we 
expect  the  formation  of  crystalline  phases.  There  are  only  a  few  studies  on  GaN  [4]  and  InN  [5] 
growth  by  MSIBD  described  in  the  literature.  According  to  these  studies  only  a  fraction  of 
nitrogen  ions  were  incorporated  into  the  film  and  an  excess  of  nitrogen  was  necessary  to  grow 
stoichiometric  films.  The  structure  of  these  films  was  not  investigated  in  detail. 

EXPERIMENTAL 

AIN,  GaN  and  BN  thin  films  were  grown  by  mass  selected  ion  beam  deposition  using  a 
UHV  deposition  system  described  in  detail  elsewhere  [1].  Ga'',  Al"",  B^  and  N^  ions  were  produced 
in  a  Sidenius  type  ion  source  by  evaporation  of  liquid  Ga,  AICI3  and  B2O3  in  a  N2  gas  stream, 
respectively.  After  acceleration  to  30  keV  and  magnetic  mass  separation,  the  isotopically  pure  ion 
beam  is  guided  into  the  deposition  chamber,  where  the  ions  are  decelerated  down  to  energies  Eion 
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adjustable  between  20  eV  and  1  keV.  These  low  energy  ions  are  deposited  onto  Si  (100) 
substrates  at  temperatures  Ts  between  room  temperature  and  400  °C.  The  pressure  during 
deposition  was  below  3x1 0'”^  Pa.  Prior  to  deposition  the  substrates  were  sputter-cleaned  by  1  keV 
Ar"^  ions.  The  amount  of  deposited  ions  is  precicely  determined  by  an  ion  charge  measurement, 
which  is  also  used  to  switch  the  separation  magnet  periodically  between  the  respective  Group  III 
element  and  During  each  cycle,  10^^  ions  with  an  ion  ratio  of  Iir/bT  =  1  were  deposited. 
The  typical  ion  current  was  20-30  pA  on  an  area  of  1.8  cm^.  Films  were  characterized  in-situ  by 
Auger  electron  spectroscopy  (AES)  as  well  as  ex-situ  by  infrared  spectroscopy  (FTIR)  and 
Rutherford  backscattering  spectroscopy  (RBS).  Some  samples  were  prepared  for  transmission 
electron  microscopy  (TEM)  and  diffraction  (TED). 

RESULTS  AND  DISCUSSION 


Aluminum  nitride 


AIN  thin  films  were  grown  at  Ts  -  RT  for  Eion  between  50  -  500  eV  using  ^^Al""  and  ^‘^N2 
or  *^N^  ions  with  an  ion  ratio  of  2;1  or  1:1,  respectively.  The  AES-measurements  of  these  films 
show  stoichiometric  amounts  of  aluminum  and  nitrogen  as  well  as  the  typical  fine  structure  of  the 
A1(LW)  line  for  AIN  [6].  We  have  also  detected  a  contamination  with  boron  and  oxygen,  and  in 
some  samples  also  carbon.  The  boron  and  oxygen  contamination  is  due  to  a  contamination  of  the 
A1  ion  beam  at  27  amu  with  ions  originating  from  the  ion  source  insulators.  A  similar 

effect  is  responsible  for  the  carbon  contamination  in  films  which  were  grown  with  N2^  ions.  In  this 
case  the  ion  beam  at  28  amu  was  contaminated  with  .  Fig.l  shows  the  700  keV  '^He^  RBS 

spectrum  of  an  AIN  sample  together  with  three  RUMP  simulations  [7].  The  simulations  were 
done  for  different  assumptions  for  the  stoichiometry  of  the  80  nm  thick  AIN  film.  The  spectrum  is 
best  fitted  by  A1;N  =  1:1.  Therefore,  we  conclude  that  the  prepared  films  are  almost 
stoichiometric  AIN  with  a  few  percent  contaminations  of  B,  C  and  O. 

A  FTIR-spectrum  of  an  AIN  film  which  was  deposited  with  Eion  =  100  eV  at  Ts  =  RT  is 
plotted  in  fig.2b.  This  spectrum  is  typical  for  all  prepared  AIN  films,  i.e.  we  found  no 

dependencies  as  a  function  of  Eion.  The 
absorption  line  at  667  cm'^  can  be 
attributed  unambiguously  to  the  optical 
phonon  modes  of  crystalline  AIN,  but 
due  to  the  broadness  of  the  line  it  is  not 
possible  to  distinguish  between  the 
zincblende  and  wurtzite  structure  [8]. 
The  contamination  described  above  and 
the  presence  of  only  nm-size  crystallites 
might  be  responsible  for  the  broadness  of 
this  line  in  comparison  to  single 
crystalline  AIN  [9].  This  sample  was  also 
prepared  for  TEM  and  TED.  With  TEM 
we  found  AIN  nanocrystallites  (<  12  nm) 


Figure  1:  RBS-spectrum  of  an  AIN  film 
deposited  with  an  ion  energy  of  50  eV  at 
room  temperature  on  Si.  Lines:  RUMP- 
simulations  for  different  stoichiometries. 
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Figure  3:  TED  pattern  of  an  AIN  thin  film  de¬ 
posited  at  room  temperature.  The  arrows  indicate 
diffraction  spots  from  AIN  crystallites. 

embedded  in  an  amorphous  matrix.  In  the  TED 
pattern  shown  in  fig. 3,  bright  spots  originating 
from  the  single  crystalline  Si  substrate  as  well  as 
two  long  drawn-out  spots  from  the  AIN  crystallites 
(arrows)  and  bright  halos  of  the  amorphous  matrix 
are  clearly  visible.  The  existence  of  AlN-spots  in 
the  TED  picture  leads  to  the  conclusion  that  the 
crystallites  must  have  a  preferential  orientation. 

One  AIN  sample  was  armealed  under 
vacuum  up  to  temperatures  of  650  °C.  No  changes 
in  the  FTIR  spectrum  were  observed  as  a  function 
of  Ta.  For  higher  temperature  the  film  dis¬ 
integrated  and  evaporated  from  the  Si  substrates. 
This  indicates  that  the  crystalline  structure  of  the  films  remains  unchanged  until  they  disintegrate 
at  high  Ta. 


wave  number  [cm-i] 

Figure  2:  FTIR  spectra  of  (a)  GaN,  (b)  AIN 
and  (d)  BN  thin  films  grown  by  MSIBD 
using  Ei„„=100  eV  at  Ts=RT.  (c)  FTIR 
spectrum  of  a  BN  film  deposited  using 
Eio„=150  eV  at  Ts=350  °C. 


Gallium  nitride 

GaN  thin  films  were  grown  using  ®^Ga^  and  ^'‘iST  ions  with  an  ion  ratio  1:1  at  Ts  =  293  K 
for  different  ion  energies  between  50  -  200  eV.  In  situ  AES  reveals  only  Auger  electrons  from  Ga 
and  N.  We  are  therefore  sure  that  the  GaN  films  are  free  of  contaminations  like  carbon  and 
oxygen.  Furthermore,  the  films  should  not  contain  any  hydrogen.  The  AES  spectra  show  a  Ga:N 
ratio  of  60:40,  which  is  identical  to  ratios  obtained  by  AES  for  single  crystalline  GaN  layers 
grown  by  MOCVD  [10]. 

A  FTIR-spectrum  of  a  GaN  film  which  was  deposited  with  Ei„n  =  100  eV  at  Ts  =  RT  is 
plotted  in  fig.2a.  This  spectrum  is  typical  for  all  prepared  GaN  films,  i.e.  we  found  again  no 
dependencies  as  a  function  of  Eio„.  The  absorption  line  at  542  cm'^  is  due  to  crystalline  GaN  [8] 
which  is  much  narrower  in  comparison  to  the  line  of  AIN  (fig.2b).  We  attribute  this  to  a  better 
crystallinity  of  the  film.  To  support  this  statement  TEM  and  TED  measurements  are  under 
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preparation.  One  reason  for  a  better  crystallinity  is  of  course  the  better  purity  of  the  film.  Another 
reason  may  be  the  somewhat  higher  bond  ionicity  of  0.5  of  GaN  compared  to  0.45  of  AIN  [11]. 

Boron  nitride 


Boron  nitride  exists  similar  to  carbon  in  two  main  ciystalline  modifications,  a  hexagonal 
structure  (h-BN)  and  a  cubic  zincblende  structure  (c-BN).  The  crystal  structures  and  lattice 
parameters  of  h-BN  and  c-BN  are  almost  identical  to  those  of  graphite  and  diamond,  respectively. 
But  in  contrast  to  the  carbon  system,  it  was  found  in  recent  studies  that  the  diamond-like  c-BN 
phase  is  stable  and  h-BN  is  metastable  [12].  The  energy  difference  between  these  two  phases  is 
very  low,  but  separated  with  a  high  energy  barrier  resulting  in  a  high  stability  of  both  phases. 
Nevertheless,  attempts  to  grow  c-BN  by  chemical  processes  alone  failed  so  far  [13]  and  up  to 
now  the  formation  of  c-BN  thin  films  requires  ion  bombardment  during  growth.  Thus  the 
nucleation  and  growth  of  BN  [14]  is  much  more  complex  compared  to  AIN  and  GaN. 

BN  thin  films  were  grown  using  “B^  and  *'*N^  ions  with  an  ion  ratio  1:1  as  a  function  of 
Ts  and  Eion.  AES  measurements  indicate  contamination-free  and  almost  stoichiometric  BN  films. 
The  c-BN  and  h-BN  phases  were  identified  by  FTIR  measurements,  using  the  characteristic  c-BN 
reststrahlen  band  around  1080  cm'^  and  the  absorption  lines  at  1380  cm‘^  and  750  cm"'  due  to 
h-BN  stretching  and  bending  vibrations  (see  fig.2c,d).  The  c-BN  content  was  calculated  from  the 
ratio  of  areas  of  the  c-BN  and  h-BN  absorption  lines.  The  results  of  these  analyses  of  BN  films 
grown  for  different  values  of  Ehn  and  Ts  are  summarized  in  the  diagram  for  BN  phase  formation 
shown  in  fig.4.  We  observe  c-BN  formation  above  rather  sharp  threshold  values  of  Ts  >  150  °C 
and  Eion  ^  125  eV.  Except  for  Efon  >  500  eV,  these  threshold  values  seem  to  be  independent  of 
each  other.  In  the  following  we  will  discuss  the  details  of  the  observed  energy  and  temperature 
dependence. 

At  a  threshold  energy  of  125  eV  the  c-BN  content  rises  to  about  85  %  and  remains  nearly 
constant  for  higher  ion  energies.  The  observed  threshold  energy  is  much  lower  compared  to  pub¬ 
lished  data  for  IBAD  growth  [15,16].  The  sharp  energy  threshold  indicates  a  sub-surface  nu¬ 
cleation  process  requiring  a  certain  ion  range  and  a  certain  critical  deposited  energy  density.  Such 
a  process  is  qualitatively  described  by  the  subplantation  model  introduced  by  Lifshitz  et  al.  to 
explain  the  formation  of  tetrahedrally  bonded  amorphous  carbon  (ta-C)  [17].  A  quantitative 

description  on  an  atomic  scale  is  provided  by 
the  ‘thermal  spike’  model  of  ion  impact  and 
rapid  energy  dissipation  [18]. 

It  is  clearly  seen  that  the  temperature 
threshold  for  c-BN  formation  of  150  is  also 
rather  sharp.  A  similar  sharp  temperature 
threshold  around  150  °C  was  observed  for  ion- 
assisted  pulsed  laser  deposited  BN  films  [19]. 
In  contrast,  Kester  et  al.  reported  an  extended 

Figure  4:  Phase  diagram  for  ion  beam  deposited 
boron  nitride  films.  The  c-BN  content  is  plotted 
as  a  fimction  of  the  ion  energy  and  the  substrate 
temperature.  Filled  symbols  represent  samples 
with  c-BN  content  exceeding  75  %,  whereas 
open  symbols  represent  h-BN  or  disordered 
a-BN  samples. 


substrate  temperature  [°C] 
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temperature  regime  where  mixed  h-BN  and  c-BN  phases  were  formed  [16].  Another  transition 
temperature  lies  between  room  temperature  and  about  100  °C,  indicated  by  the  dashed  line  in 
fig.4.  Samples  deposited  at  room  temperature  have  an  IR  spectrum  similar  to  h-BN;  however,  the 
h-BN  peaks  are  broader  compared  to  bulk  h-BN  and  their  positions  are  shifted  to  lower  wave 
numbers  (fig.2d).  This  indicates  bond  disorder  and  weaker  bonding  but  not  necessarily  an 
amorphous  phase.  Nevertheless,  we  use  the  term  'a-BN'  for  these  disordered  h-BN  films  deposited 
at  low  temperatures.  Ts  «  100  is  sufficient  to  obtain  BN  films  exhibiting  an  IR  absorption 
spectrum  of  crystalline  h-BN.  The  fact  that  the  ciystalline  phase  is  formed  at  higher  temperatures 
can  be  attributed  to  the  lower  ionicity  of  0.26  of  the  BN  bond  in  comparison  to  AIN  and  GaN 
[11]. 

The  observed  temperature  thresholds,  indicated  as  dashed  lines  in  fig.4,  are  closely  related 
to  the  phase  formation  process  during  ion  deposition,  because  they  are  not  observed  in  annealing 
studies  of  BN  films  carried  out  for  both  c-BN  and  a-BN  films  [20].  In  these  studies,  c-BN  films 
were  found  to  be  stable  up  to  900  °C  for  annealing  in  air  and  up  to  1200  °C  in  vacuum.  a-BN 
films  are  stable  up  to  1100  °C  for  annealing  in  vacuum.  Above  these  temperatures  the  films  dis¬ 
integrate  and  evaporate  from  the  Si  substrates.  For  a-BN  films  a  gradual  shift  of  the  absorption 
peak  towards  the  bulk  h-BN  value  and  a  narrowing  of  the  absorption  line  was  observed.  No  phase 
transformation  of  the  films  from  c-BN  to  h-BN  or  vice  versa  takes  place. 

Some  samples  were  also  prepared  for  TEM  and  TED  analysis.  Starting  from  the  Si  sub¬ 
strate,  a  disordered  Si-B-N  mixed  layer  is  formed,  followed  by  a  textured  h-BN  layer  with  the 
c-axis  parallel  to  the  substrate  surface.  The  thickness  of  the  mixed  interface  layer  is  comparable  to 
the  ion  range  of  the  N^  and  B^  ions  used.  On  top  of  the  textured  h-BN  the  nanocrystalline  cubic 
phase  is  formed.  A  texture  of  the  c-BN  is  also  seen  in  TED  pictures,  as  they  exhibit  a  structure  in 
the  c-BN  diffraction  rings  [3].  The  observed  layered  film  structure  is  identical  to  the  one  obtained 
by  IB  AD  [21].  The  details  of  this  complicated  growth  sequence  are  not  well  understood. 

CONCLUSION 

AIN,  GaN  and  BN  thin  films  were  grown  under  identical  deposition  conditions  using 
MSIBD.  Therefore,  we  can  compare  the  nucleation  and  growth  processes  for  these  different 
materials.  AIN  and  GaN  films  deposited  at  room  temperature  are  always  crystalline,  whereas  BN 
films  are  disordered.  We  attribute  this  to  the  ionicity  of  the  respective  bonds.  If  the  involved 
bonds  have  a  sufficiently  high  ionicity,  then  crystallization  is  preferred  (AIN  and  GaN),  otherwise 
the  phase  will  be  amorphous  or  disordered  (BN,  C  and  CN)  [18].  Another  driving  force  for  the 
formation  of  a  crystalline  phase  is  the  substrate  temperature.  Whereas  room  temperature  is 
sufficient  to  get  crystalline  AIN  and  GaN,  temperatures  above  at  least  100  °C  are  necessary  to 
obtain  crystalline  c-BN  or  h-BN  films. 

All  deposited  films  were  grown  with  an  ion  ratio  of  nC/N^  =  1  and  were  found  to  be 
almost  stoichiometric.  Therefore,  no  excess  of  nitrogen  was  necessary  and  chemically-enhanced 
sputtering  of  nitrogen  is  negligible,  e  g.  compared  to  the  deposition  of  CN  [2].  In  addition,  the 
films  are  of  high  purity  with  the  exception  of  the  AIN  films. 

We  have  presented  a  phase  diagram  for  boron  nitride  film  growth.  It  is  based  on  studies 
of  the  influence  of  the  ion  energy  and  substrate  temperature  on  the  phase  formation.  Above  the 
temperature  threshold  of  150  °C  and  for  low  ion  energies  we  observed  the  formation  of  h-BN.  On 
the  other  hand,  for  ion  energies  above  125  eV  c-BN  is  formed.  The  nucleation  and  growth  of  c- 
BN  thin  films  is  therefore  a  volume  process  occurring  in  the  sub-surface  region  at  a  depth 
determined  by  the  ion  range.  We  interpret  the  energy  threshold  as  the  minimum  energy  needed  to 
create  a  sufficiently  high  energy  density  to  enable  complete  rearrangement  of  the  atoms  within  the 


335 


thermal  spike  volume  [14],  This  “molten”  thermal  spike  volume  recrystallizes  during  rapid 
dissipation  of  the  deposited  energy  and  the  phase  formation  process  is  then  triggered  by  the 
boundary  conditions  of  the  “solid”  surrounding. 
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GROWTH  OF  (0001)  ZnO  THIN  FILMS  ON  SAPPHIRE 


A  J.  DREHMAN  and  P.  W.  YIP 

Rome  Laboratory  ,USAF,  RL/ERX ,  80  Scott  Dr.,  Hanscora  AFB,  MA  01731 

ABSTRACT 

Using  reactive  jf  sputtering,  we  have  grown  (0001)  oriented  ZnO  films  in  situ  on  heated  c-axis 
sapphire  substrates,  that  are  promising,  particularly  in  terms  of  surface  roughness,  as  buffer  layers  for 
the  subsequent  epitaxial  growth  of  ni-V  nitride  films.  We  compare  the  effects  of  on-axis  and  off-axis 
sputter  geometries  on  the  film  epitaxy  and  smoothness.  We  also  examined  the  effect  of  substrate 
temperature  on  the  growth  and  smoothness  and  quality  of  the  film.  X-ray  diffraction  was  used  to 
verily  the  hexagonal  ZnO  phase,  its  c-axis  orientation  and,  qualitatively,  the  degree  of  its  epitaxy. 
Atomic  Force  Microscopy  (AFM)  was  used  to  determine  the  ZnO  growth  morphology  and  roughness. 
Our  best  films,  obtained  by  off-axis  sputter  deposition,  have  a  surface  roughness  of  less  than  1  nm. 

INTRODUCTION 

Thin  film  GaN,  as  well  as  the  mixed  Ga-Al-In  nitrides,  are  a  promising  new  family  of  ni-V 
semiconductors  for  large  band-gap  applications  such  as  blue  lasers  and  LED's.  The  growth  of  high 
quality  (low  defect  density)  GaN  films  requires  finding  a  suitable  substrate  material.  Due  to  having  a 
better  lattice  match  than  sapphire,  single  crystal  ZnO  may  be  a  good  candidate  [1-3],  especially  if  it 
were  available  in  large  sizes.  Currently,  ZnO  substrates  are  very  expensive  and  are  not  available  in 
large  size.  One  approach  to  overcoming  the  difficulty  of  growing  large  single  crystal  ZnO  substrates  is 
to  deposit  a  buffer  layer  of  epitaxial  ZnO  upon  another  substrate  material,  such  as  sapphire,  prior  to  the 
growth  of  the  nitride  film.  Such  a  buffer  layer  could  reduce  the  number  of  defects  in  the  GaN  film 
compared  to  growth  directly  on  sapphire.  To  be  of  any  value,  a  buffer  layer  must  be  both  well  oriented 
and  very  smooth  in  order  to  permit  subsequent  growth  of  high  quality  nitride  films.  A  number  of 
researchers  have  made  ZnO  films  by  sputter  deposition  on  various  substrates  [4-7],  but  little  attention 
was  given  to  obtaining  an  appropriate  surface  roughness  for  subsequent  epitaxial  growth. 

SPUTTER  DEPOSITION  OF  ZnO  FILMS 

Using  a  99.95%  purity  target,  ZnO  was  sputter  deposited  onto  heated  (0001)  sapphire  substrates  by 
two  different  methods.  The  first  method  was  conventional  on-axis  ^  diode  sputtering  using  a  7.6  cm 
diameter  sputter  target  which  is  located  approximately  4  cm  above  the  substrate.  The  sapphire 
substrate  was  mounted  on  a  plate  which  was  radiantly  heated  by  halogen  lamps  from  below.  Care  was 
taken  to  calibrate  the  actual  substrate  temperature  with  that  of  the  plate  (which  was  directly  measured 
by  an  imbedded  thermocouple).  Substrate  temperatures  of  400  to  650°C  were  used.  The  sputter  gas 
was  argon  containing  5  to  20%  oxygen  to  make  a  total  pressure  of  between  20  and  60  mTorr.  A 
relatively  low  sputter  power  was  used,  75  to  100  Watts,  with  a  corresponding  average  dc  target  bias  of 
1.2  to  1.4  kV.  The  resulting  deposition  rate  was  between  2  and  4  nm/min  and  the  film  thickness  was 
0.2  to  0.5  |j.m. 

The  second  deposition  method  employed  off-axis  tf  magnetron  sputtering  using  a  2”  sputter  source. 
The  sputter  geometry  is  similar  to  that  used  for  growing  high  temperature  superconductor  films  and  is 
shown  in  Figure  1,  The  substrate  was  heated  from  above  using  a  radiant  heater,  and  the  sapphire 
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substrate  was  blackened  on  its  backside  (using  YBa2Cu30x)  in  order  to  absorb  the  heat  [8].  Substrate 
temperatures  of  600  to  750®C  were  used,  and  again  care  was  taken  to  calibrate  the  actual  substrate 
temperature  with  that  of  the  radiant  heater  block.  A  total  pressure  of  between  80  and  120  mTorr  was 
used  with  10  to  20%  oxygen  in  argon.  A  sputter  power  of  40  to  70  Watts  resulted  in  an  average  dc 
target  bias  of  200  to  250  volts.  Under  these  conditions  we  obtained  deposition  rates  of  3  to  6  nm/min 
and  grew  films  of  0.2  to  0.8  fim  thickness. 

ON-AXIS  SPUTTERING  RESULTS 

For  the  on-axis  diode  sputtering  a  range  of  substrate  temperatures,  gas  pressures  and  gas  mixtures 
were  used.  It  was  found  that  below  roughly  450*^0  one  does  not  obtain  pure  (0001)  oriented  ZnO,  but 
that  other  orientations,  especially  (1011),  begin  to  be  present.  Although  an  exhaustive  study  was  not 
performed  of  various  sputter  conditions,  based  on  ten  deposition  runs,  we  found  that  the  surface 
roughness  is  not  strongly  dependent  on  the  sputter  conditions.  Typically  we  obtained  a  surface 
roughness  of  18  to  25  nm  (mis).  The  smoothest  (0001)  oriented  film  was  obtained  using  a  pressure  of 
35  mTorr  Ar  containing  6%  O2  ,  75  Watts  }f  power  and  a  substrate  temperature  of  600°C.  Under 
these  conditions  a  0.4  micron  thick  film  with  a  roughness  of  about  15  nm  was  obtained  (Fig.  2.). 
Roughness  on  this  scale  is  inappropriate  for  the  subsequent  growth  of  epitaxial  nitride  films. 

OFF-AXIS  SPUTTERING  RESULTS 

A  more  complete  study  of  the  effects  of  the  sputter  conditions  was  made  for  off-axis  deposited  films; 
over  two  dozen  deposition  runs  were  made  using  the  off-axis  geometry.  We  strove  to  maintain  the 
(0001)  orientation  while  minimizing  the  film  roughness.  We  found  that  in  order  to  obtain  the  (0001) 
orientation  with  off-axis  deposition  a  higher  substrate  temperature  is  required  than  for  on-axis 
deposition.  This  is  probably  due  to  the  extra  energy  imparted  to  the  growing  film  by  the  negative  ion 
bombardment  in  the  on-axis  geometry,  resulting  in  a  form  of  ion  assisted  deposition. 


2”  SUBSTRATE 
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Fig.  1.  Off-axis  sputter  geometry.  Negatively  charged  ions,  such  as  O',  are  accelerated  away  from  the  negatively 
biased  target,  but  in  a  direction  that  does  not  cause  them  to  impact  the  substrate.  Low  energy  atoms  and 
molecules  anive  at  the  substi  ate  by  diffusion  in  the  gas. 
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At,  and  below,  a  substrate  temperature  of  approximately  640°C  we  observed  that  the  (0002)  diffraction 
line  became  very  weak  (Fig.  4.),  indicating  a  major  change  in  the  ZnO  morphology;  this  is  discussed 
later.  Films  deposited  at  these  lower  temperatures  had  a  roughness  of  2.5  to  3.5  (tm.  At  temperatures 
above  700  to  750°C,  depending  on  the  oxygen  partial  pressure,  one  begins  to  see  the  (1011) 
orientation  in  addition  to  the  (0001).  The  smoothest  films  were  obtained  using  8  to  15%  O2  in  Ar,  a 
total  pressure  of  90  to  125  mTorr,  a  substrate  temperature  of  630  to  660°C  and  an  ^sputter  power  W 
40  to  60  Watts.  In  this  range  of  sputter  conditions  we  were  able  to  reproducibly  grow  0.3  to  0.5 
micron  thick  films  with  a  roughness  of  less  than  2  nm,  the  best  being  slightly  less  than  1  nm  (rms),  as 
seen  in  Fig.  2. 

ATOMIC  FORCE  MICROSCOPY 

The  film  morphology  was  examined  using  a  Digital  Instruments  Dimension  5000  AFM.  Figure  2 
compares  the  roughness  of  the  smoothest  on-axis  and  smoothest  off-axis  deposited  ZnO  films.  The 
software  calculated  the  surface  roughness  from  the  image  and  we  report  the  root-mean-square  (rms) 
roughness.  The  smoothest  on- axis  deposited  film  had  a  roughness  of  approximately  15  nm  while  the 
smoothest  off-axis  film  had  a  roughness  of  only  0.97  nm  (rms). 

Besides  being  significantly  smoother,  the  off-axis  deposited  ZnO  film  has  an  apparent  grain  size  of  50 
to  100  nm  compared  to  150  to  300  nm  for  the  on-axis  film,  despite  being  deposited  at  a  higher 
temperature.  Normally,  higher  temperature  deposition  results  in  a  larger  grain  size,  but  the  on-axis 
deposition  must  be  enhancing  grain  growth,  probably  due  to  the  bombardment  of  higher  energy  ions 
and  atoms. 


Fig.  2.  Atomic  force  Microscope  images  of  ZnO  films.  The  image  on  the  left  is  the  smoothest  on-axis 
sputter  deposited  film.  The  vertical  scale  is  100  nm  per  division,  and  the  roughness  is  15  nm.  The  right 
image  is  the  smoothest  off-axis  deposited  film,  displayed  with  a  vertical  scale  of  only  lOnm.  It  has  an  rms 
roughness  of  0.97  nm.  The  horizontal  scale  for  both  is  in  pm. 
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X-RAY  DIFFRACTION  ANALYSIS 


For  most  of  our  X-ray  analysis  we  used  a  powder  diffractometer  and  Cu  Ka  radiation.  Since  this 
instrument  performs  6-20  scans,  only  the  orientations  which  have  atomic  planes  that  are  parallel  to  the 
plane  of  the  substrate  are  detected.  For  ZnO  on  (0001)  oriented  sapphire  we  detected  only  the  (0002) 
and  (0004)  ZnO  reflections  and  the  (0006)  sapphire  reflection  (range  of  20  to  80“  ),  even  on  a 
logarithmic  plot  (Fig.  4.).  Several  films  were  sent  out  for  x-ray  pole  figure  analysis  to  ensure  that  the 
observed  (0001)  orientation  was  the  only  orientation  present  and  to  determine  how  the  ZnO  was 
oriented  in  the  plane  with  respect  to  the  sapphire  substrate.  Scans  were  performed  on  both  an  on-axis 
and  an  off-axis  ZnO  film  and  no  other  orientations  were  detected.  Then,  using  the  (1012)  reflection  of 
ZnO  in  comparison  with  the  (0112)  reflection  of  sapphire,  it  was  determined  that  there  is  a  30“  in  plane 
rotation  between  ZnO  and  sapphire  about  their  mutual  (0001)  axis. 

Figure  3.  shows  a  section  of  a  6-26  x-ray  diffraction  pattern  which  includes  the  (0002)  reflection  of 
(A)  the  smoothest  off-axis  ZnO  film,  and  (B)  the  smoothest  on-axis  ZnO  film.  The  patterns  are  typical 
of  all  of  the  (0001)  oriented  ZnO  films:  the  on-axis  films  have  a  sharper  peak,  resolving  the  Ka  split, 
than  the  off-axis  deposited  films.  Although  this  measurement  does  not  have  the  resolution  of  a  double 
crystal  rocking  curve,  it  does  clearly  show  that  the  on-axis  films  are  relaxed  and  well  oriented.  In 
contrast,  all  of  the  off-axis  deposited  films,  although  smoother,  have  a  more  complex  morphology, 
which  we  believe  to  be  due  to  strain. 

Figure  4.  shows  the  effects  of  lower  temperature  off-axis  deposition.  Only  the  (0002)  and  the  (0004) 
ZnO  reflections  can  be  seen.  All  three  films  are  of  nominally  the  same  thickness  (0.6  fim,  within  10%), 
but  the  intensity  of  the  (0002)  reflection  drops  by  over  a  factor  of  100  going  from  a  650“C  to  a  625“C 
deposition  temperature.  [In  the  600“C  film  there  is  a  small  peak  at  36“,  the  first  signs  of  a  second 
orientation.]  This  factor  of  100  decrease  cannot  be  explained  by  polycrystallinity  as  there  are  no  other 
reflections,  nor  by  the  film  being  partially  amorphous,  as  there  would  be  no  reason  for  the  fraction  that 
is  crystalline  to  be  aUgned  in  the  (0001)  direction.  The  most  likely  explanation  is  strain  [5],  as 
discussed  later. 


Fig.  3.  Composite  0-20  x-ray  diffraction  pattern  showing  the  (0002)  reflection  of  (A)  off-axis  deposited  ZnO  and 
(B)  on-axis  deposited  ZnO.  It  is  not  certain  that  the  peak  shift  is  significant. 
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Fig.  4.  Effect  of  substrate  temperature  on  the  (0002)  and  (0004)  ZnO  reflection  of  nominally  equal  thickness 
Aims.  The  scale  used  is  logarithmic  to  show  how  large  the  change  in  intensity  is  for  films  deposited  at  (A) 
650*^0,  (B)  625®C  and  (C)  fiOO^C.  The  peak  near  42°  is  the  sapphire  ((XX)6)  reflection.  For  the  600°C  film 
there  is  evidence  of  another  orientation  with  a  peak  near  36°. 


DISCUSSION  AND  CONCLUSIONS 

We  demonstrate  that  very  smooth  ZnO  films  of  (0001)  orientation  can  be  grown  on  c-sapphire.  These 
films  appear  to  be  good  candidates  for  a  buffer  layer  on  sapphire  for  the  subsequent  epitaxial  growth  of 
in-V  nitrides.  Although  both  on-axis  and  off-axis  sputter  deposition  yielded  (0001)  oriented  ZnO  on 
(0001)  sapphire  substrates,  the  off-axis  technique  appears  to  be  much  better  suited  to  obtaining  smooth 
films  for  subsequent  epitaxial  growth.  The  primary  difference  between  the  two  methods  is  that  during 
on-axis  deposition  high  kinetic  energy  atoms  or  ions  are  aimed  at  the  depositing  film,  but  in  off-axis 
deposition  these  high  energy  particles  are  aimed  away  from  the  growing  film  (Fig.  1.). 

In  on-axis  reactive  sputter  deposition  of  oxides,  negative  oxygen  ions  are  formed  near  the  target  both 
as  a  result  of  the  plasma  and  the  oxygen  being  sputtered  off  of  the  ZnO  target.  As  the  target  has  a 
large  negative  potential,  these  ions  are  accelerated  away  fi'om  the  target,  roughly  perpendicular  to  the 
target  surface.  Once  beyond  the  dark  space  (the  area  next  to  the  target  which  has  an  extremely  weak 
plasma)  these  ions  may  easily  become  neutrali2ed,  but  will  retain  their  kinetic  energy.  Even  multiple 
collisions  will  result  in  a  bombardment  of  particles  with  a  kinetic  energy  of  over  10  eV,  more  than 
enough  to  break  chemical  bonds  and  enhance  surface  mobility.  There  will  even  be  a  degree  of  sputter 
etching  due  to  these  particles. 

In  contrast,  during  off-axis  deposition,  the  high  energy  particles  are  directed  perpendicular  and  away 
from  the  substrate.  The  higher  sputter  gas  pressure  means  that  the  material  which  deposits  on  the 
substrate  arrives  by  diffiision  in  the  gas  and  therefore  has  a  very  low  energy  (possibly  less  than  0.1  eV). 
This  results  in  a  very  gentle  deposition,  more  like  MBE  than  conventional  sputtering.  For  example,  in 
1984  Nanto  et  al.  [9]  found  that  ZnO  films  made  by  ^magnetron  sputtering  onto  unheated  substrates 
had  a  much  lower  resistance  (by  several  orders  of  magnitude)  if  they  were  deposited  off-axis  rather 
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than  on-axis.  Although  their  goal  was  a  low  resistance  transparent  film  for  electro-optic  applications, 
rather  than  a  smooth  epitaxial  film,  they  found  that  the  much  more  gentle  off-axis  technique  allowed 
the  films  to  deposit  without  relaxation,  and  this  resulted  in  significantly  lower  resistance  films. 

The  broad  (0002)  ZnO  x-ray  peak  that  we  observe  in  the  off-axis  films  could  be  the  result  of  several 
different  structures.  The  film  might  be  only  highly  oriented  and  therefore  have  a  spread  of  (0002) 
orientations  within  a  degree  or  two  of  the  (0001)  sapphire  direction.  This  certainly  would  not  be  good 
for  subsequent  epitaxial  growth  of  III-V  nitrides.  A  grain  size  significantly  smaller  than  that  indicated 
by  the  AFM  images  could  also  account  for  a  broad  peak,  but  that  would  require  the  grains  to  be  much 
thinner  than  the  film  thickness.  Such  a  morphology  would  be  inconsistent  with  typical  epitaxial,  or 
even  columnar  growth.  The  most  likely  explanation  is  that  the  off-axis  deposited  ZnO  films  retain  a 
significant  amount  of  strain.  A  gradient  in  the  strain,  from  the  Al203-Zn0  interface  to  the  film  surface, 
would  cause  significant  broadening  of  the  (0002)  peak  as  there  would  be  a  continuous  change  in  the 
lattice  parameter  fi-om  the  bottom  to  the  top  of  the  film.  While  we  are  not  certain  of  the  significance  of 
the  peak  shift  (roughly  0.0,  it  is  consistent  with  expanded  ZnO  c-axis,  even  up  to  the  surface  of  the 
film,  resulting  from  compressive  strain  in  the  <1010>  directions  at  the  Al203-ZnO  interface. 

The  marked  decrease  in  the  intensity  of  the  ZnO  diffraction  peaks  for  films  deposited  below  640°C  is 
probably  due  to  strain.  A  very  large  decrease  (over  a  factor  of  10)  in  the  height  of  the  (0002)  ZnO 
peak  has  been  attributed  to  internal  stress  (strain)  in  ZnO  films  deposited  on  Si  versus  GaAs  substrates 
[5].  Similar  strain  may  be  the  cause  of  the  drastic  (over  a  factor  of  100)  weakening  of  the  (0002)  and 
(0004)  lines  we  observed  for  our  ZnO  films  deposited  at  625°C.  If  strain  is  the  cause,  then  the  off-axis 
deposition  must  truly  be  extremely  gentle  to  preclude  relaxation  to  such  a  large  degree.  There  is 
another  factor  of  100  decrease  for  the  film  depositied  at  600°C,  but  as  there  is  a  hint  of  another 
orientation  present  it  is  hard  to  draw  a  firm  conclusion,  but  it  certainly  suggests  that  there  is  a  further 
increase  in  the  strain.  Further  x-ray  analysis  of  the  strain,  both  in  the  plane  and  perpendicular,  will  be 
the  subject  of  a  later  report. 
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ABSTRACT 

We  investigated  the  possibilities  of  vapour  phase  epitaxy  in  an  open  tube  chloride  system  for 
thick  GaN  film  deposition  on  sapphire  substrates.  The  methodes  of  the  buffer  layer  deposition 
were  proposed  and  developed.  The  methods  of  fast  (  up  to  100  microns  /  hour  )  was  developed. 
Parameters  of  good  quality  gallium  nitride  epitaxy  were  obtained. 

To  determine  the  quality  of  fast  grown  epitaxial  layers  we  used  X-ray  diffraction  and  photo¬ 
luminescence  measurements.  The  halfwidth  of  the  rocking  curve  for  the  best  samples  was  equal  to 
4-6  minutes.  Luminescense  spectrum  (  T=77K  )  had  a  maximum  near  3.46  eV.  A  signal  in  the 
visible  wavelength  range  was  hardly  observed.  Polished  layers  were  transparent. 

A  special  initial  treatment  of  the  substrates  allowed  us  to  separate  thick  (  up  to  300  micron  ) 
epitaxial  gallium  nitride  layers  from  sapphire.  It  was  shown  that  it  is  possible  to  use  separated 
films  for  homoepitaxy  of  GaN. 

GALLIUM  NITRIDE  GROWTH 

The  main  aim  of  the  work  is  to  grow  thick  GaN  layers  of  good  quality,  which  could  be  used  as 
substrates  for  fabrication  of  device  structures. 

To  produce  galium  nitride  layers  from  the  gas  phase  in  the  open  tube  chloride  growing  system 
Ga-HCl-NHs-Hi  has  been  implemented  [1].  Liquid  gallium  of  purity  not  worse  than  5N  was 
employed  as  the  Ill-group  element  source.  Ga  was  transported  to  the  deposition  zone  with  the 
help  of  gaseous  HCl  of  5N  purity.  Ammonia  of  5N  purity  served  as  the  nitrogen  source.  The 
transporting  gas  was  hydrogen  which  was  purified  by  passing  through  a  doubled  palladium  filter. 
Sapphire  wafers  (  mainly  in  basal  plane  orientation  )  were  used  as  substrates  for  GaN  growth. 

Mechanical  stresses  which  arise  in  substrates  from  mechanical  treatment  can  affect  severely 
properties  of  grown  GaN  layers.  For  this  reason  it  is  important  to  minimise  mechanical  stresses  in 
them.  With  this  aim  in  view  the  sapphire  were  treated  thermally  in  a  ceramic  tube  in  air  at  1 800  '’C 
for  8  hours. 

Surface  defects  of  the  sapphire  substrates  were  initially  removed  by  chemical  etching.  A  layer  of 
3-4  jim  thickness  was  removed  from  the  (0001)  substrates.  The  etching  rate  of  the  (1012)  plane 
at  such  etching  was  extremely  low,  and  it  was  very  difficult  to  determine  accurately  the  thickness 
of  the  removed  layer. 

GaN  layers  were  grown  both  with  and  without  a  buffer  layer.  Gallium  nitride  buffer  layers  with 
thickness  20  nm  were  deposited  at  temperature  500-550  °C  and  were  annealed  at  900  “C.  Due  to 
variation  of  the  HCl  flow  rate  it  was  possible  to  change  the  gallium  nitride  growth  rate  in  the 
range  30-100  |im/hour. 

Initial  sapphire  substrate  treatment  by  GaCb  vapour  at  650  ”C  allowed  us  to  separate  GaN 
layers  from  the  substrates.  It  was  shown  that  separated  gallium  nitride  layers  could  be  successfully 
used  as  substrates  for  following  GaN  growth. 
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X-RAY  ANALYSIS 

X-ray  diffraction  analysis  of  the  grown  GaN  layers  was  carried  out  by  means  of  a  three-crystal 
spectrometer.  Two  types  of  measurements  were  performed;  first,  the  halfwidth  co©  of  the  rocking 
curve  (  also  denoted  as  FWHM  )  from  crystallographic  planes  different  for  different  directions  of 
the  layer  growth  was  determined;  second,  values  of  the  Bragg  diffraction  angle  were  determined 
with  high  accuracy  (2"-3").  It  follows  from  the  Bragg  equations  nX.=2dsin0  that  Ad/d=-A6/tg0. 
Knowing  the  measured  value  of  the  angle  0  and  having  calculated  its  value  for  GaN  one  can 
determine  the  relative  crystal  deformation  Ad/d. 


Table.  Results  of  X-ray  analysis 


N 

substrate 

buffer 

GaN  thick¬ 
ness,  fim 

growth  rate 
pm/h 

reflection 
hk'l,  GaN 

o© 

0  (measur.) 

1 

sapphire 

(10T2) 

no 

30 

30 

10T2 

50' 

28‘’59'45" 

2 

no 

30 

14' 

3 

sapphire 

(0001) 

no 

100 

30 

8' 

17“16'35" 

■ 

sapphire 

(0001) 

■ 

30 

0002 

4'20" 

■ 

sapphire 

(0001) 

25' 

■ 

sapphire 

(0001) 

■ 

100 

100 

These  experimental  results  (  see  Table )  allow  us  to  make  the  following  conclusions: 

-  best  results  on  the  values  of  the  rocking  curve  halfwidth  ©©  for  the  (0001)  plane  orientation 
indicate  that  these  layers  are  better  ordered,  and,  therefore,  growing  GaN  layers  on  such 
substrates  is  more  advantageous 

-  lowest  values  of  ro©  obtained  for  GaN  /  sapphire  layers  are  related  to  the  layers  of  about  100 
microns  thickness,  which  indicates  increasing  perfection  of  these  layers  with  thickness 

-  deposition  of  low-temperature  buffer  layers  leads  to  improvment  of  GaN  crystal  quality 

-  GaN  grown  on  sapphire  (0001)  has  (0001)  orientation  only,  depending  on  the  growth  conditions 
the  GaN  layers  /  sapphire  (1012)  can  be  deposited  with  different  orientation 

-  the  epitaxial  layer  grown  on  sapphire  with  the  orientation  (1012)  should  be  considerably  thicker 
than  that  on  sapphire  (0001)  to  get  the  same  crystal  quality. 

OPTICAL  ANALYSIS 

1.  Raman  spectra  obtained  from  a  bulk  specimen  (  Fig.  1,  curve  1  )  and  a  film  of  GaN  (0001) 
(Fig.  1,  curve  2  )  show  that  the  spectrum  of  a  film  specimen  repeats  mainly  the  spectrum  of  a 
polycrystal,  which  indicates  that  the  compound  produced  has  a  single  phase.  However  this  is  a 
well  pronounced  dominating  line  in  the  film  spectrum  near  frequency  570  cm 
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GaN,  T=300K,  excitation  L=488.0  nm 


In  correspondence  with  the  selection  rules  for  the  backscattering  geometry  in  the  parallel 
polarization  case,  when  the  direction  of  incident  and  scattering  light  coincides  with  the  hexagonal 
optical  axis,  only  one  line  with  frequency  near  569  cm‘^  must  be  observed.  It  is  known  that  shifts 
of  the  phonon  lines  with  respect  to  their  position  for  a  bulk  specimen  are  as  a  rule  connected  with 
the  presence  of  deformation  in  the  crystal,  the  low  frequency  shift  being  attributed  to  a  stretching 
deformation  and  the  high  frequency  shift  to  a  compressing  one.  Thus,  the  observed  shift  by  1  cm‘^ 
indicates  that  the  resulting  deformation  in  the  specimens  investigated  has  the  character  of 
compression. 

A  small  value  of  the  shift  allows  a  conclusion  that  the  hexagonal  axis  in  the  investigated  film 
specimens  is  directed  mainly  perpendicular  to  the  substrate  plane.  However  these  exist  a  small 
deviation  of  the  Ce  axis  from  the  perpendicular  direction.  This  is  indicated  by  the  fact  that  in  the 
Raman  spectra  one  can  see  at  frequency  533  cm’^  the  rest  of  the  TO  phonon  line. 

2.  To  estimate  the  quality  of  fabricated  epitaxial  layers  we  studied  also  their  photo-luminescence 
(  PL  ).  Investigations  of  the  PL  in  reflection  geometry  were  carried  out  at  T=77K.  Excitation  was 
by  the  nitrogen  laser  pulses  (  ^=3371 A  ).  Attention  was  paid  to  investigation  of  the  exciton  lines. 
Existence  of  the  exciton  lines  in  the  PL  spectrum  permits  to  estimate  qualitatively  the  merits  of  a 
crystal,  since  at  low  temperature  excitons  are  final  states  of  the  energy  relaxation  of  electron 
excitations  of  a  crystal. 

The  main  line  of  the  PL  spectra  is  at  the  energy  3.462  eV  which  in  correspondence  with  the 
data  of  many  authors  [2]  is  related  to  radiation  of  the  exciton  bound  on  shallow  donors  (  Si  ).  It 
should  be  noted  that  the  line,  which  we  attribute  to  a  bound  exciton,  has  a  fine  structure.  In  the 
majority  of  specimens  the  line  maximum  has  a  doublet  structure  and  has  well  pronounced  spectral 
peculiarities  at  both  short-  and  long-wavelength  sides  from  the  main  line.  This  indicates  the 
nonuniform  character  of  line  widening  and  makes  it  impossible  to  determine  correctly  the 
radiation  line  half  width.  However  taking  into  account  that  the  position  of  these  peculiarities  is  the 
same  for  the  majority  of  the  specimens  one  can  make  a  conclusion  about  fixed  positions  of 
impurities  in  a  crystalline  lattice.  Of  particular  value  in  the  well  pronounced  peculiarity  from  the 
short  wavelength  side  of  the  bound  exciton  line.  By  the  energy  position  and  by  the  similarity  with 
the  spectrum  shape  of  other  well  studied  A^B^  and  A^B®  materials  this  peculiarity  can  be  ascribed 
to  the  free  exciton  radiation. 

Besides,  a  band  related  to  the  donor-acceptor  ( DA )  recombination  (  3.278  eV )  and  its  LO- 
phonon  replica  (  3 . 1 87  eV  )  are  present  in  the  PL  spectra.  The  radiation  in  the  energy  range  below 
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2.3  eV  (  ‘yellow  band” )  corresponding  to  the  recombination  with  participation  of  deep  level 
impurities  either  is  absent  or  is  very  weak. 

It  is  necessary  to  note  that  after  polishing  the  layers  separated  from  sapphire  substrate  are 
transparent. 

CONCLUSIONS 

Based  on  the  X-ray,  PL  and  Raman  scattering  data  one  can  state  that  the  GaN/sapphire 
epitaxial  films  grown  and  studied  by  us  have  properties  typical  of  good  quality  gallium  nitride.  It 
is  possible  to  use  these  thick  separated  from  sapphire  layers  as  substrates  for  following  gallium 
nitride  deposition. 

ACKNOWLEDGMENTS 

We  gratefully  acknowledge  financial  support  from  AXT. 

REFERENCES 

1.  H.P.Maruska  and  J.J.Tietjen,  Appl.  Phys.  Lett.,  15,  p.327  (1969). 

2.  S.Stribe  and  H.Morkoc,  J.  Vac.  Sci.  Technol.  B,  10,  p.l237  (1992) 


346 


SURFACE  ENERGY  CONSTRAINTS  FOR  HETEROEPITAXIAL  GROWTH  ON 
COMPLIANT  SUBSTRATES:  MORPHOLOGY  OF  GaN  GROWN  ON  Sc  LAYERS 


D.D.  KOLESKE,  A.E.  WICKENDEN,  J.A.  FREITAS,  JR,  R.  KAPLAN*,  AND  S.M. 
PROKES,  Naval  Research  Laboratory,  Electronic  Science  and  Technology  Division,  Washington, 
D.C.  20375,  *Sachs/Freeman  Assoc.  Inc.,  1401  McCormick  Dr.,  Landover,  MD  20785 


ABSTRACT 

An  empirical  relationship  linking  surface  energy  to  bulk  modulus  is  presented  which  suggests  that 
the  thermodynamic  growth  mode  for  heteroepitaxy  on  compliant  substrates  should  be  3-D.  As  an 
example  of  this  behavior,  GaN  growth  on  Sc  is  shown  for  various  growth  conditions.  2-D  growth 
is  obtained  when  the  GaN  is  grown  on  top  of  a  low  temperature  GsN  nucleation  layer.  Our  results 
indicate  that  surface  and  interface  energies,  in  addition  to,  lattice  matching  and  thermal  matching 
play  an  important  role  in  determining  the  heteroexpitaxial  growth  morphology  of  GaN.  There 
appears  to  be  no  net  reduction  in  the  dislocation  density  for  GaN  films  grown  on  the  Sc  layers, 
because  the  GaN  film  has  to  be  grown  on  a  low  temperature  nucleation  layer. 

INTRODUCTION 

Recently,  GaN  has  shown  promise  as  a  material  for  blue  emitting  light  devices,  and  high 
power  and  high  temperature  device  applications  [1].  For  these  device  applications,  smooth  films  of 
GaN  are  necessary  and  can  be  achieved  on  sapphire  if  the  GaN  film  is  grown  on  top  of  a  thin  AIN 
or  GaN  nucleation  layer  deposited  at  low  temperature  [2].  Despite  3ie  advantage  that  the  low 
temperature  nucleation  layer  provides  in  obtaining  2D  morphology,  the  GaN  films  grown  this  way 
have  many  defects,  primarily  threading  dislocations  [1].  The  exact  role  that  these  defects  play  in 
limiting  device  performance  is  not  know  at  this  time,  however,  it  evident  that  their  reduction  should 
improve  the  material  quality,  ultimately  leading  to  better  device  performance. 

Since  lattice  matched  substrates  for  GaN  do  not  exist,  growth  on  compliant  substrates  [3-7] 
have  been  suggested  for  GaN  growth.  Ideally,  a  comphant  substrate  would  yield  and  adsorb  the 
defects  generated  at  the  heteroepitaxial  interface,  in  response  to  the  strain  at  the  interface.  However, 
the  merit  of  lattice  matching  between  film  and  substrate  has  been  questioned  [8].  Bauer  has 
suggested  that  the  growth  mode  can  be  viewed  thermodynamically,  in  terms  of  surface  and 
interfacial  energies  [9].  Recently,  interfacial  bonding  was  found  to  play  a  greater  role  than  lattice 
matching  in  determining  the  epitaxial  growth  [10]  and  crystal  quality  [11]  of  heteroepitaxial  GaN 
films.  Strain  can  also  be  generated  at  the  heteroepitaxial  interface  due  to  the  interfacial  bonding 
between  the  substrate  and  thin  film.  Ideal  heteroepitaxial  substrates,  therefore,  should  lattice  match, 
thermal  match,  and  bond  so  that  no  strain  is  generated  between  the  substrate  and  the  thin  film. 

BACKGROUND 

The  growth  criteria  based  on  surface  and  interfacial  energies  was  initially  used  by  Bauer  to 
explain  the  growth  morphology  of  metal  epitaxy  on  insulators  [9].  It  has  also  been  used  to  explain 
the  growth  modes  for  Si  on  Ge  and  Ge  on  Si  surfaces  [12],  and  Ag  on  MgO  [13].  The  growth 
morphology  can  be  predicted  by  calculating  the  surface  energy  difference,  Ay,  which  is  given  by, 

Ay  =  7F  +  y[-ys  (1). 

where  yp  is  the  surface  energy  of  the  film,  yi  is  the  interfacial  energy  and  ys  is  the  surface  energy  of 
the  substrate.  When  Ay  >  0,  3-D  growth  or  Volmer-Weber  (V^  type  growth  is  expected  and 
when  Ay  <  0,  2-D  growth  or  Frank- van  der  Merwe  (FM)  should  is  expected  [9].  This  growth 
critera  has  been  used  to  explain  heteroepitaxial  growth,  however  it  ignores  orientational  ordering  of 
the  thin  film  to  the  substrate  and  the  detailed  bonding  at  the  interface.  If  Ay  ~  0,  then  the  growth 
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may  initially  start  as  FM  type  growth  and 
then  transition  to  VW  type  growth,  which  is 
called  Stranski-Krastanov  (SK)  type  growth. 

At  an  atomic  level,  van  der  Veen  has 
suggested  that  FM  growth  is  favored  when 
strong  bonds  form  between  the  1st  layer  of 
the  film  and  the  substrate  surface  [14].  For 
the  subsequent  layers  the  bonding  between 
layers  will  ultimately  resemble  the  bulk  which 
according  to  van  der  Veen  will  lead  to  SK 
type  growth  [14].  According  to  the  Bauer 
criteria,  film  growth  can  be  3-D,  even  if  the 
film  and  substrate  are  perfectly  lattice 
matched. 

To  predict  the  growth  mode  by 
calculating  Ay,  the  values  of  ys,  yp,  yi,  and 
need  to  be  estimated.  The  surface  energy  and 
mechanical  compliance  of  any  materid  are 
directly  related  to  the  cohesive  energy  (i.e. 
bonding)  of  the  solid.  Here,  an  empirical 
relationship  between  the  mechanical  stiffness 
(i.e.  inverse  of  the  mechanical  compliance) 
and  surface  energy  for  various  elements  and 
compounds  is  developed.  In  Figure  1,  values 
for  the  surface  energy,  y,  (y-axis)  and  bulk 
modulus,  B,  (x-axis)  are  plotted.  Values  of  y 
and  B  for  sapphire,  Sc,  and  GaN  are  also  listed  in  Table  1.  The  values  of  y  are  given  for  each 
material  at  their  melting  temperature  [15],  while  the  values  of  B  are  given  for  die  materials  at  room 
temperature  [16,17].  Both  the  y  and  B  of  most  materials  have  a  negative  temperature  dependence, 
i.e.  as  T  increases  both  y  and  B  decrease  [16-18].  Therefore,  at  heteroepitaxy  growth  temperatures 
below  the  melting  point  of  the  substrate  and  the  thin  film,  y  will  be  larger  and  B  will  be  smaller 
than  shown  in  Figure  1  and  Table  1.  The  power  law  relationship  between  y  and  B  was  obtained  by 
noting  that  y  is  a  2-D  quantity  of  the  material  while  B  is  a  3-D  quantity  of  the  solid.  A  fit  to  the  data 
in  Figure  1  using  the  2/3  exponent  gives  a  prefactor  of  0.052  ±  0.01  Jm'^Pa'^.  The  rado  of  y/B^^^ 
to  the  prefactor  0.052  is  listed  in  Table  1  for  comparison.  Note  that  relationship  between  y  and  B 
presented  here  is  empirical  and  is  intended  for  predicting  to  first  order  the  thermodynamic  growth 
mode  for  heteroepitaxy  on  compliant  substrates  based  on  surface  energy. 

By  definition  a  more  compliant  material  should  have  a  bulk  modulus  less  than  the 
heteroepitaxial  film,  i.e.  Bs  <  Bp.  For  GaN  on  Sc  this  is  true  (see  Table  I),  therefore  according  to 
the  the  relationship  developed  in  Figure  1,  ys  <  yp,  should  also  be  true.  The  interfacial  energy,  y, 

TABLE  I.  Values  for  the  surface  energy,  y,  (column  2)  and  bulk  modulus,  B,  (column  3)  for  sapphire,  Sc  and  GaN 
are  given.  In  column  4  the  ratio  y/(B)^'^  /0,052  is  calculated.  In  column  5  the  value  of  the  interfacial  energy,  y„  is 
calculated  based  on  Ref  27,  assuming  y,  =  (Js  yo^y'^  and  ycaN  =  2.0  Jm In  column  6  the  surface  energy  difference. 
Ay,  is  calculated  from  Equation  1. 


Figure  1.  Surface  energy,  y,  plotted  vs.  bulk 
modulus,  B,  to  the  2/3  power  for  elements  and 
compounds  (open  circles).  The  values  for  AI2O3  and 
Sc  are  shown  as  filled  squares.  The  slope  of  the  line 
is  0.052  ±  0.01  Jm-'Pa-“. 


Substrate,  S 

/,  Jm'^ 

B' ,  GPa 

y/(B)^3  /0.052 

est.  Yj,  Jm'^^ 

> 

AI2O3  (0001) 

Al203  (ll_0) 

Sc 

GaN 

I.76^  2.03^ 
1.86  ^  2.50' 
1.22 

1.95“ 

252 

252 

56.7  ‘ 

245^  237“ 

0.85,  0.98 

0.90,  1.21 

1.59 

0.96,  0.98 

1.85,  1.98 
1.91,  2.21 

1.54 

0 

2.04,  1.90 
2.00,  1.66 
2.27 

0 

Trom  Ref.  15  unless  otherwise  noted  ‘‘see  Ref.  20  (2  atom  cell  for  (10_0))  ®see  Ref.  22. 

‘’see  Ref  19,  from  first  princples  ‘’From  Ref  16  and  17  ‘'see  Ref  23. 

'’see  Ref  19,  from  interaction  model  ^see  Ref  21. 
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between  the  thin  film  and  the  compliant  substrate  should  be  positive  and  lie  between  Ys  and  yp.  To 
first  order  ji  can  be  estimated  as  (ys  yp  [24],  except  for  homoepitaxy,  where  yi  =0  by 
definition,  ycaw  has  been  calculated  theoreticdly  to  be  1.95  Jm‘^  for  the  (10_0)  face  of  GaN  [20]. 
Values  for  y]  between  various  materials  and  GaN  using  yoaN  =  1-95  Jm'^  are  shown  in  the  si 
column  of  Table  1.  Also,  in  Table  1  are  estimates  of  Ay,  based  on  the  values  for  ys,  ycaN.  and  yj. 
Note  that  the  largest  Ay  occurs  for  Sc  which  has  the  lowest  ys-  Because  y  is  measured  at  the 
melting  temperature,  the  magnitudes  of  Ay  will  be  larger  than  listed  in  Table  1  at  the  growth 
temperature.  With  the  relationships  ys  <  Yp  and  >  0,  the  surface  energy  difference.  Ay,  should  be 
>  0,  therefore,  3-D  growth  is  expected.  While  this  prediction  is  valid  for  heteroepitaxy  on  clean 
substrates,  substrates  with  thin  surface  oxides  or  nitrides  should  have  surface  energies  even  lower 
than  those  shown  in  Figure  1  and  Table  1,  implying  an  even  stronger  tendency  for  3-D  growth. 

RESULTS 

GaN  was  grown  on  Sc  metal  surfaces  using  four  different  growth  conditions.  Sc  has  been 
proposed  as  a  compliant  substrate  for  GaN  deposition  [7]. The  GaN  growth  on  a-plane  sapphire 
[25]  and  the  Sc  surface  preparation  on  this  GaN  film  [7]  have  both  been  previously  reported. 
Briefly,  Sc  was  deposited  to  a  thickness  of  1000  A  on  MOVPE  grown  GaN(OOOl)  in  UHV.  The 
resulting  Sc  films  gave  sharp  LEED  diffraction  peaks  which  indicate  that  the  Sc  film  was  in 
registry  with  the  GaN  film  [7].  The  Sc  films  where  then  transferred  to  the  MOVPE  reactor  for  GaN 
growth.  The  Sc  surfaces  were  presumably  had  an  oxide  when  placed  in  the  MOVPE  chamber.High 

Figure  2.  Resulting  growth  morphologies  for  GaN  growth  on  Sc  surfaces.  A).  GaN  growth  at  1040  °C  without 
nucleation  layer,  B).  GaN  growth  at  1040  °C  with  at  300  A  GaN  nucleation  layer  grown  at  450  °C,  C).  thick 
nucleation  layer  growth  at  450  “C,  and  D).  GaN  growth  at  1040  °C  with  at  900  A  GaN  nucleation  layer  grown  at 
450  °C. 
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TABLE  II.  Run  conditions  that  were  changed  for  the  growth  runs  A-D.  In  column  2,  the  nucleation  layer  thickness 
is  listed  and  in  column  3,  the  growth  temperature  is  listed.  Column  4  lists  if  growth  occurred  during  the  temperature 
ramp  from  low  to  high  temperature.  The  morphology  is  reported  in  column  5  and  the  approximate  coverage  is 
reported  in  column  6. 


run 

nuc.  layer  d 

Tg(“C) 

G  during  ramp 

morphology 

coverage 

A 

none 

1040 

no 

3-D  hex.  pyramids 

50% 

B 

300  A 

1040 

no 

3-D  hex.  random 

70% 

C 

5000  A 

450 

no 

amorphous 

uniform 

D 

900  A 

1040 

yes 

smooth  crystalline 

uniform 

temperature  (1040  °C)  GaN  was  grown  on  the  Sc  at  reduced  pressure  (57  torr)  using  53  |Limole/min 
of  trimethlygallium  (TMG)  under  an  NH3  flow  of  2.25  slm.  For  three  of  the  films,  low 
temperature  (450  °C)  GaN  layers  were  used  to  nucleate  growth  on  the  Sc  films  using  13.3 
|Limole/min  TMG  and  a  2.5  slm  flow  of  NH3  before  growth  of  the  high  temperature  GaN  film.  All 
high  temperature  grown  films  were  uniformly  doped  using  dilute  Si2H6  in  H2  [26].  Four  growth 
runs  (A-D)  where  attempted  to  optimize  the  2--D  growth  of  GaN  on  Sc.  Important  growth 
conditions  and  results  are  listed  in  Table  2,  and  the  growth  morphologies  are  shown  in  Figure  2. 

For  run  A,  GaN  was  grown  on  the  Sc  by  first  heated  the  surface  to  1040  °C  followed  by 
the  introduction  of  NH3  and  1  minute  later  the  TMG.  Despite  the  close  lattice  match  between  the  Sc 
and  GaN  lattices,  the  GaN  grows  as  isolated  hexagonal  pyramids  with  the  c-axis  oriented  normal 
to  the  surface.  This  pyramidal  growth  is  also  observed  on  the  c-plane  sapphire  pieces  surrounding 
the  Sc  surface,  however  unlike  the  growth  on  Sc  the  GaN  fully  covered  the  sapphire  surface.  The 
GaN  coverage  on  the  Sc  was  estimated  to  be  50  %  from  SEM  images.  The  Sc  surface  is  easily 
nitrided  at  temperatures  above  700  °C  [7]  and  the  formation  of  ScN  evident  by  the  yellowish 
appearance  of  the  Sc  layer  after  growth.  This  growth  mode  for  GaN  on  Sc  occurs  because,  yscN  < 
YGaN  and  yscN/GaN  is  positive. 

For  film  B  shown  in  Figure  2B,  GaN  was  grown  at  1040  °C  on  a  300  A  thick  GaN 
nucleation  layer  grown  at  450  °C  on  the  Sc  surface.  For  GaN  growth  on  a-plane  sapphire,  this 
growth  sequence  produces  a  GaN  film  with  2-D  morphology,  low  carrier  concentration  and  high 
mobility  [24].  After  the  growth,  the  underlying  Sc  was  yellowish  in  appearance,  again  indicating 
formation  of  ScN.  In  this  growth  the  GaN  was  polycrystalline  with  a  smaller  crystallite  size  than 
the  film  A  and  a  70  %  surface  coverage.  Using  Raman  spectroscopy  the  GaN  crystallites  were 
found  to  be  wurtzite.  While  the  300  A  thick  nucleation  layer  produces  smooth  specular  films  for 
GaN  growth  on  sapphire,  it  does  not  appear  to  be  thick  enough  to  prevent  exposing  of  the  Sc 
surface  to  NH3  during  the  heating  from  low  to  high  temperature. 

Film  C  was  grown  on  Sc  at  a  temperature  of  450  °C  to  a  thickness  of  500  nm.  This  growth 
mn  was  conducted  to  verify  that  GaN  grown  at  low  temperature  completely  “wets”  the  Sc  surface. 
The  resulting  GaN  film  was  pale  yellow,  optically  smooth,  and  continuous  across  the  surface. 
SEM  images  of  the  surface  appeared  textured  as  shown  in  Figure  2C.  The  low  growth  temperature 
and  textured  morphology  suggest  that  the  GaN  is  a  mixture  of  amorphous  and  polycrystalline 
GaN.  The  underlying  Sc  film  appeared  shiny  and  metallic,  suggesting  that  the  Sc  metal  was  not 
significantly  nitrided  during  the  growth. 

Lastly,  for  film  D,  2-D  growth  of  GaN  was  achieved  on  Sc  metal  as  shown  in  Figure  2D, 
For  this  growth,  a  1000  A  thick  GaN  film  was  grown  at  450  °C,  growth  was  interrupted  for  1 
minute  while  the  TMG  flow  rate  was  increased  from  13.3  to  53  jumole/min.,  the  TMG  was  then 
turned  by  on  while  continuously  increasing  the  temperature  from  450  to  1040  °C.  This  growth 
procedure  was  chosen  to  prevent  exposing  the  Sc  surface  to  the  NH3.  The  resultant  GaN  film  was 
continuous  and  the  Sc  appeared  metallic,  signifying  that  the  Sc  was  not  substantially  nitrided.  A 
photoluminescence  (PL)  spectrum  of  this  film  is  shown  in  Figure  3  along  with  a  PL  spectrum  for 
an  optimal  Si  doped  GaN  on  a-sapphire  which  is  shown  in  the  inset  of  Figure  3,  For  the  GaN 
grown  on  the  Sc,  the  PL  spectra  show  donor/acceptor  pair  recombination  (near  3.2  eV)  which 
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Figure  3.  Photoluminescence  (PL)  spectrum  of  film 
D.  In  the  inset  a  PL  spectrum  is  shown  for  Si  doped 
GaN  on  a-plane  sapphire. 


Figure  4.  A  cross  section  TEM  of  film  D,  showing 
from  bottom  to  top  the  sapphire,  AIN  nucleation  layer, 
Sc  metal  layer  and  GaN  nucleation  layer,  and  top  GaN 
film  grown  at  1040  °C.  Note  that  the  dislocations  do 
not  propagate  through  the  lower  GaN  film  into  the  top 
GaN  film.  Instead  a  new  network  of  dislocations  is 
generated  at  the  Sc/GaN  nucleation  layer  interface. 


suggests  compensation  of  the  GaN  film. 
Because  the  probe  depth  of  the  laser  is  <  1000 
A,  the  states  are  due  to  the  way  the  GaN  was 
grown  on  top  of  the  Sc  and  not  due  to  Sc 
diffusion  through  the  material  during  growth. 
From  a  planview  TEM  of  film  D,  no  significant 
reduction  in  the  number  is  threading 
dislocations  was  found  compared  to  typicd 
growth  of  GaN  on  sapphire  (10®-10’“  cm'O.  A 
cross  section  TEM  of  the  GaN  film  on  Sc  is 
shown  in  Figure  4.  The  dislocations  which 
propagate  through  the  lower  GaN  film  do  not 
appear  to  propagate  through  the  Sc  layer  into 
the  top  GaN  film.  Instead,  a  new  network  of 
dislocations  is  formed  at  the  Sc/GaN  interface, 
which  then  propagate  up  through  the  GaN  film. 

DISCUSSION 

It  is  evident  from  the  growth  runs 
presented  in  the  previous  section  that  a 
nucleation  layer  is  necessary  to  obtain  2-D 
morphology  of  GaN  on  the  Sc  surface.  The 
nucleation  layer  thickness  needed  for  the 
growth  on  Sc  is  approximately  3.3  times  that 
for  GaN  growth  on  sapphire.  It  appears  that  if 
a  thinner  nucleation  layer  is  used  as  in  growth 
run  B  (see  Figure  2B),  the  Sc  surface  becomes 
uncovered  presumably  during  the  ramp  to 
growth  temperature.  During  this  annealing  step 
to  high  temperature,  increased  ordering  of  the 
nucleation  layer  has  been  observed  [27],  and 
increased  roughness  has  been  observed  in 
AFM  images  of  the  annealed  nucleation  layer 
[28],  suggesting  the  GaN  clusters  migrate  and 
coalesce  on  the  surface.  In  addition,  the 
interfacial  bonding  of  the  GaN  clusters  to  the 
Sc  metal  may  be  less  (1.56  Jm'^  see  Table  1) 
than  for  sapphire  (=  2  Jm'^,  see  Table  1), 
suggesting  that  the  clusters  on  Sc  may  be  more 
mobile  than  on  the  sapphire  surface.  If  the 
migration  and  coalescence  of  the  GaN  clusters 
is  too  large,  open  patches  on  the  surface  may 
occur  if  the  nucleation  layer  is  too  thin.  It  is 
also  known  the  GaN  deposited  in  the 
nucleation  layer  is  randomly  oriented  on  the 
surface  [29].  The  growth  morphology  for  film 
B  is  likely  a  result  of  having  the  G^  cluster 
density  too  low  and  the  subsequent  GaN 
growth  is  randomly  oriented. 

It  appears  from  growth  runs  B  and  D 
that  a  nucleation  layer  thickness  between  300 
and  1000  A  is  needed  to  growth  2-D 
morphology  GaN  films  on  Sc,  suggesting  that 
a  correlation  may  exist  between  the  nucleation 
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layer  thickness  and  the  interfacial  energy  between  the  substrate  and  the  GaN  film.  The  surface 
energy  for  Sc  from  Figure  1  is  1.22  Jm  ,  while  the  surface  energy  for  sapphire  is  1.95  Jm‘^.  From 
these  two  data  points,  it  appears  that  the  necessary  nucleation  layer  thickness  for  2-D  GaN 
morphology  decreases  as  the  surface  energy  (or  interfacial  energy)  increases.  This  suggests  that  the 
magnitude  of  Ay  may  be  useful  for  estimating  the  needed  nucleation  layer  thickness  for  GaN 
growth  on  other  substrates. 

CONCLUSIONS 

In  this  paper,  the  thermodynamic  growth  mode  for  heteroepitaxy  on  any  compliant 
substrate  was  demonstrated  to  be  3D  (Stranski-Krastinov).  For  this,  an  empirical  relationship 
between  the  bulk  modulus  and  surface  energy  is  developed  and  is  used  along  with  the  Bauer 
growth  criteria  to  predict  the  growth  mode.  An  example  of  heteroepitaxial  growth  on  a  compliant 
substrate,  namely  MOVPE  growth  of  GaN  on  Sc  layers  is  shown.  For  GaN  growth  directly  on  the 
Sc  surface  at  high  temperatures,  the  growth  morphology  is  discontinuous  and  3-D  as  predicted  by 
the  Bauer  criteria.  A  thicker  (1000  A)  low  temperature  GaN  nucleation  layer  is  needed  to  get  the 
GaN  to  completely  "wet"  the  Sc  surface  compared  to  the  thickness  (300  A)  needed  on  sapphire. 
Photoluminescence  spectra  of  the  2-D  morphology  GaN  film  with  a  thicker  nucleation  layer  on  Sc 
shows  a  substantial  number  of  mid  level  compensation,  which  is  a  direct  result  of  the  growth 
conditions  used  to  get  the  GaN  film  to  grow  2-D  on  the  Sc  surface.  From  a  TEM  planview  of  the 
film  no  net  reduction  of  the  number  of  dislocations  is  observed.  This  is  because  the  GaN  films  had 
to  be  grown  on  a  low  temperature  GaN  nucleation  layer,  which  generates  a  new  set  of  dislocations. 
Therefore,  because  of  the  constraints  on  the  growth  to  get  2-D  morphology,  the  compliant  Sc  layer 
does  not  apparently  reduce  the  number  of  defects  in  GaN  thin  films. 
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ABSTRACT 

A  new  apparatus  for  III-V  nitride  growth  by  selected  energy  epitaxy  (SEE)  is  described. 
The  multi-chamber  system  comprises  a  doubly  differentially  pumped  molecular  beam  source, 
UHV-compatible  growth  chamber,  x-ray  photoelectron  spectroscopy  (XPS)  chamber,  UHV 
transfer  line,  and  loadlock.  The  growth  chamber  is  equipped  for  in  situ  quadrupole  mass 
spectrometry  and  reflection  high-energy  electron  diffraction  (RHEED).  Preliminary  results  of  GaN 
SEE  using  hyperthermal  beams  of  trimethylgallium  (TMG)  and  ammonia  (NH3)  are  presented. 

INTRODUCTION 

State-of-the-art  monocrystalline  GaN  films  (<10^  defects/cm^)  have  been  used  in  the 
fabrication  of  blue  LEDs  and  laser  diodes.  GaN  forms  a  continuous  range  of  solid  solutions  with 
AIN  and  InN  allowing,  in  prospect,  the  fabrication  of  laser  diodes  with  emission  frequencies 
across  the  visible  and  ultraviolet  regions.  Heteroepitaxial  growth  of  high-quality  monocrystalline 
GaN  thin  films  has  proven  difficult  due  to  the  lack  of  suitable  lattice-matched  substrates  and  the 
thermodynamic  instability  of  GaN  at  typical  chemical  vapor  deposition  (CVD)  temperatures. 
Sapphire,  the  most  commonly  employed  substrate,  exhibits  a  16%  lattice  mismatch  at  the 
GaN(0001)/sapphire(0001)  interface;  moreover,  the  thermal  expansion  coefficient  of  sapphire  is 
25%  greater  that  that  of  GaN.  Only  by  employing  a  low-temperature  AIN  or  GaN  buffer  layer  can 
one  obtain  state-of-the-art  monocrystalline  GaN  films  on  sapphire.  In  conventional  CVD  and 
MOCVD,f2  substrate  temperatures  of  1000-1 100°C  are  required  to  achieve  single-crystal  growth; 
however,  growth  at  these  temperatures  can  lead  to  point  defects,  as  GaN  is  thermally  unstable 
above  600°C  in  vacuo?  Consequently,  very  large  (>1000)  V/in  precursor  feed  ratios  typically  are 
employed  in  CVD  growth.  Plasma-assisted  molecular  beam  epitaxy  (PAMBE)  has  been  utilized  to 
lower  the  monocrystalline  GaN  growth  temperature  to  600-700°C,  but  ion-induced  damage  and 
oxygen  contamination  are  often  incurred.  4, 5 

An  alternative  approach  to  GaN  heteroepitaxial  growth,  selected  energy  epitaxy 
(SEE),  employs  hyperthermal  molecular  beams  with  narrow  translational  energy  distributions  to 
achieve  single-crystal  growth  at  low  temperatures Heavy  precursor  molecules  (e.g., 
triethylgallium  (TEG)  and  NH3)  are  seeded  in  a  supersonic  free  jet  expansion  of  light  molecules 
across  an  orifice.  Ideally,  the  precursor  molecules  attain  the  terminal  velocity  of  the  light  molecules 
and  thereby  acquire  hyperthermal  kinetic  energies  (0.5-10  eV).  The  acquired  lanetic  energy 
depends  on  the  heavy-to-light  mass  ratio  and  the  nozzle  stagnation  enthalpy;  the  energy 
distribution  depends  on  the  stagnation  temperature,  stagnation  pressure  and  orifice  diameter. 
Increasing  the  surface  normal  component  of  kinetic  energy  is  expected  to  increase  the  sticking 
coefficient  for  precursors  that  undergo  direct  dissociative  chemisorption;  10,11  whereas,  increasing 
the  parallel  component  may  contribute  to  surface  adatom  diffusion.  Moreover,  SEE  is  better  suited 
than  MOCVD  or  PAMBE  for  fundamental  studies  of  GaN  growth  using  UHV  techniques  such  as 
low-energy  electron  microscopy  (LEEM)  and  photoemission  electron  microscopy  (PEEM). 

In  this  paper,  preliminary  GaN  SEE  results  using  hyperthermal  molecular  beams  of 
trimethlygallium  (TMG)  and  NH3  are  described.  The  GaN  films  were  characterized  by  in  situ 
RHEED,  on-line  x-ray  photoelectron  spectroscopy  (XPS)  and  scanning  electron  microscopy 
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(SEM).  In  situ  quadnipole  mass  spectrometry  (QMS)  was  used  to  identify  the  chemical  species 
reaching  the  growth  surface. 

EXPERIMENTAL  METHODS 

Apparatus 

The  multichamber  SEE  facility  (Figure  1)  comprises  a  doubly  differentially  pumped 
molecular  beam  source,  UHV-compatible  growth  chamber,  x-ray  photoelectron  spectroscopy 
(XPS)  chamber,  UHV  transfer  line,  and  loadlock.  The  first  differential  pumping  stage  (nozzle 
chamber)  is  equipped  with  an  8000  L/s  diffusion  pump  (Varian  VHS-400)  which  is  backed  by  a 
Roots  blower  (Tuthill  3206)  and  mechanical  pump  (Welch  1374)  in  series.  The  twin  stainless  steel 
nozzles  feature  replaceable  laser-drilled  apertures  and  240-W  cable  heaters  (Watlow)  that  allow 
heating  to  800°C.  Each  nozzle  is  equipped  with  a  xyz  translation  stage  which  is  used  for  nozzle- 
skimmer  alignment.  The  conical  skimmers  (Beam  Dynamics)  have  1-mm  apertures.  The  base 
pressure  of  the  nozzle  chamber  is  10'^  Torr. 


Diffusion  Pump  1  Diffusion  Pump  2  RHEED 

(VHS  400)  (VHS  6)  Gun 


Figure  1 .  Top-View  Schematic  Diagram  of  SEE  facility. 

The  second  differential  pumping  stage  (chopper  chamber)  is  equipped  with  a  2000  L/s 
diffusion  pump  (Varian  VHS-6)  which  is  fitted  with  a  fluid-cooled  baffle  and  backed  by  a 
mechanical  pump  (Varian  SD700);  the  base  pressure  is  10"^  Torr.  This  chamber  houses  two 
rotating-disc  choppers  for  time-of-flight  (TOF)  velocity  measurements  on  seeded  supersonic 
beams.  The  choppers  are  removed  during  film  growth  experiments.  The  chopper  chamber  is 
separated  from  the  growth  chamber  by  a  plate  containing  two  5x5  mm^  beam-defining  apertures. 

The  UHV-compatible  growth  chamber  is  equipped  with  a  hybrid  turbomolecular/drag 
pump  (Balzers  520M)  and  a  PHI  titanium  sublimation  pump  (TSP);  the  base  pressure  is  <10'9 
Torr.  The  growth  chamber  houses  a  triple-filter  quadnipole  mass  sensor  (Hiden  HAL/3F  301 
PIC)  mounted  on  a  rotatable  table  (MDC)  and  equipped  with  a  z-motion  stage  for  beam  alignment. 
In  situ  reflection  high-energy  electron  diffraction  (RHEED)  capability  is  provided  by  a  Fisons  LEG 
1 10  15-kV  electron  gun  and  100-mm  Al-coated  phosphor  screen.  The  substrate  heater  assembly  is 
fabricated  from  Mo  and  mounted  on  a  magnetically  coupled  transfer  rod.  The  heater,  which  is 
designed  for  temperatures  to  1200°C,  contains  a  PBN-coated  graphite  heating  element.  The  Mo 
housing  incorporates  rear  heat  shields  and  is  designed  to  absorb  torque-induced  stresses.  The 
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heating  element  is  connected  to  a  DC  power  supply  (HP  6269B)  via  copper  electrical  feedthroughs 
and  transfers  heat  via  radiation  to  a  solid  Mo  substrate  holder  (traveler).  Sample  introduction  is  via 
a  small  load-lock  chamber  that  is  evacuated  using  a  Drytel  3 1  molecular  drag/membrane  pump. 
Subsequently,  the  sample  is  transferred  to  either  the  growth  chamber  or  the  UHV  surface  analysis 
chamber  via  a  UHV  transfer  line;  the  transfer  line  base  pressure  (lO'^  Torr)  is  established  using  a 
cryopump  (APD  Cryogenics,  APD-4). 

The  surface  analysis  chamber  is  equipped  with  a  PHI  3057  XPS  system  comprising  a  10- 
360  spherical  capacitor  analyzer  (SC A),  Omni  Focus  III  fixed-aperture  lens,  16-element 
multichannel  detector,  and  257  DRll  PC  interface  card.  A  PHI  1248  x-ray  generator  with  dual¬ 
anode  (Al/Mg  source  is  used.  Non-destructive  depth  profiling  is  achieved  by  angle-resolved  XPS 
(ARXPS):  The  sample  is  mounted  on  a  tilt  stage  which  is  attached  to  a  precision  xyz-rotary 
manipulator  (Thermionics)  which  is  used  to  vary  the  photoelectron  take-off  angle.  The  analysis 
chamber  is  pumped  by  a  Perkin-Elmer  TNBX  ion  pump/TSP  combination  and  has  a  base  pressure 

of  2  xlO"*®  Torr.  The  XP  spectra  reported  herein  were  measured  using  A1  Ka  radiation  using  an 
input  power  of  300  W. 

Sample  Preparation  and  GaN  Growth 

Sapphire  (0001)  was  used  as  the  substrate  for  heteroepitaxial  growth  of  GaN.  Pieces  (give 
size)  from  a  X-in.  sapphire(OOOl)  wafer  (Crystal  Systems)  were  cleaned  using  the  following 
procedure  :  a  15-min  dip  in  an  80°C  bath  containing  a  50:50  mixture  of  85%  H3PO4  and 
concentrated  H2SO4,  a  2-min  DI  water  rinse  followed  by  a  5-min  dip  in  10%  HF  solution  and  a 
final  2-min  DI  water  rinse.  Samples  were  blown  dry  with  LN2  boil-off  before  mounting  on  Mo 
travellers.  Sapphire  samples  were  cleaned  in  situ  heating  at  600°C  in  vacuo  for  1  h  followed  by 
exposure  to  a  NHs/He  seeded  beam  for  30  min  at  600°C. 


Table  1. _ Source  Conditions  for  GaN  Growth  Experiments 


TMG  beam 

NH3  beam 

Orifice  Diameter  (p,m) 

50 

150 

Stagnation  Temperature  (°C) 

80 

600 

Stagnation  Pressure  (Torr) 

660 

515 

Bubbler  Temperature  (°C) 

-10 

- 

Total  He  Flow  Rate  (seem) 

40 

100 

Precursor  Flow  Rate  (seem) 

0.53 

14.5 

After  in  situ  cleaning,  deposition  was  initiated  by  lowering  the  substrate  temperature  to 
500°C  and  turning  on  the  TMG/He  seeded  beam.  Typical  TMG  and  NH3  source  conditions  are 
given  in  Table  1.  These  conditions  were  maintained  for  1  h  to  facilitate  nucleation  of  GaN  on 
sapphire.  Subsequently,  the  substrate  temperature  was  increased  to  600°C,  and  GaN  was  grown 
for  4  h.  Growth  was  terminated  by  turning  off  the  TMG/He  beam  and  cooling  the  sample  under 
the  NHs/He  beam  to  <300°C. 

RESULTS  AND  DISCUSSION 

The  RHEED  patterns  from  sapphire  (0001)  substrates  after  ex  situ  cleaning  and  heating  in 
vacuo  for  1  h  at  bOO^C  typically  showed  some  streaks  against  a  relatively  bright  background.  XPS 
confirmed  the  presence  of  residual  carbon  contamination.  In  contrast,  a  clear  RHEED  pattern  with 
sharp  streaks  was  observed  after  subsequent  in  situ  exposure  to  a  NH3/He  seeded  beam  for  30  min 
at  600°C.  Moreover,  XPS  confirmed  a  reduction  in  the  surface  carbon  concentration. 

The  XP  spectrum  of  a  GaN  film  deposited  on  sapphire  (0001)  using  hyperthermal 
molecular  beams  of  TMG  and  NH3  is  shown  in  Figure  2(a).  For  comparison,  the  XP  spectrum  of 
5-lim  thick  GaN  sample  deposited  on  sapphire  using  seeded  supersonic  free  jets  of  TEG  and  NH3 
is  shown  in  Figure  2(b). ^  The  spectra  have  been  normalized  with  respect  to  the  Ga(2p3/2)  XPS 


357 


peaks.  The  strong  0(ls)  and  C(ls)  peaks  in  the  reference  sample  are  explained  by  long-term 
exposure  to  the  atmosphere.  The  XP  spectra  are  closely  similar  which  indicates  that  the  film 
deposited  by  SEE  is  continuous  with  a  thickness  larger  than  the  escape  depth  for  substrate  Al(2p) 
photoelectrons  (==30  A).  Interference  between  the  Ga(LMM)  Auger  peaks  and  the  N(ls) 
photoelectron  peak  does  not  allow  us  to  determine  the  surface  Ga:N  stoichiometry;  however,  both 
films  appear  to  be  Ga-rich,  as  a  significant  N(ls)  shoulder  is  not  observed.  The  C(ls)  and  0(ls) 
peaks  for  the  SEE  film  indicate  significant  concentrations  of  these  impurities. 


Figure  2.  X-ray  photoelectron  spectra  of  GaN  films  grown  on  sapphire  (0001)  using  (a) 
hyperthermal  beams  of  TMG  and  NH3  (b)  using  seeded  supersonic  jets  of  TEG  and 
NH3. 


Figure  3.  Inclined- view  SEM  image  of  GaN  film  grown  using  hyperthermal  beams  of  TMG 

and  NH3. 
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An  inclined-view  SEM  image  of  the  GaN  film  deposited  using  hyperthermal  beams  of 
TMG  and  NH3  is  shown  in  Figure  3.  The  film  thickness  and  the  growth  rate  are  estimated  to  be 
300  nm  and  60  nm/h,  respectively.  The  film  surface  is  covered  by  3-dimensional  structures  that 
may  be  Ga  clusters.  In  cross-section,  the  film  appears  to  have  a  columnar  growth  morphology. 
The  RHEED  pattern  of  the  SEE  film  contained  streaks  which  were  broader  than  those  observed 
from  the  clean  sapphire(OOOl)  surface.  X-ray  diffraction  patterns  could  not  be  obtained  for  the 
film  due  to  its  small  thickness. 

The  quadruple  mass  spectrum  of  a  TMG-seeded  He  beam  emanating  from  a  35°C  nozzle 
contains  peaks  at  mass-to-charge  ratios  of  115,  100,  85  and  70,  which  are  consistent  with  the 
expected  fragmentation  pattern  of  TMG.  This  result  indicates  that  TMG  was  transported  to  the 
growth  surface  without  decomposition.  In  contrast,  when  the  NHs-seeded  He  beam  was  studied 

by  QMS,  significant  NH3  decomposition  was  observed  at  nozzle  temperatures  greater  than  350“C. 
Figure  4  illustrates  the  dependence  of  the  beam  composition  on  nozzle  temperature;  the  stagnation 
pressure  was  535  Torr,  and  the  NH3  and  He  flow  rates  were  5  and  100  seem,  respectively.  The 
QMS  signals  of  the  expected  NH3  decomposition  products,  N2  and  H2,  are  seen  to  increase  with 
temperature,  exhibiting  approximate  Arrhenius  relationships  above  350°C.  Conversely,  the  NH3 
and  NH2  signals  decrease  with  increasing  temperature  over  the  same  range.  The  NH  and  N  QMS 

signals  are  very  weak,  and  there  is  no  evidence  of  NH^  fragments  in  the  NH3/He  beam  under  any 
of  these  conditions. 


1000/ T(K) 

Figure  4.  Arrhenius  plot  of  QMS  signal  intensity  for  a  5%  NH3  in  He  nozzle  expansion;  the 
nozzle  stagnation  pressure  was  535  Torr. 

The  extent  of  NH3  decomposition  exhibits  saturation  behavior  with  respect  to  the  NH3 
mole  fraction  (Figure  5)  in  the  nozzle  feed  gas.  The  nozzle  temperature  and  stagnation  pressure 
were  410°C  and  550  Torr,  respectively,  in  this  series  of  experiments.  This  result  strongly  suggests 
that  NH3  decomposition  is  catalyzed  by  the  inner  surfaces  of  the  stainless  steel  nozzle.  NH3 
decomposition  in  the  nozzle  is  not  expected  to  significantly  impact  the  GaN  growth  chemistry, 
since  ground-state  molecular  nitrogen  is  much  less  reactive  than  NH3;  however,  NH3 
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decomposition  will  obviously  reduce  NH3  flux.  We  are  currently  seeking  alternative  materials  of 
construction  to  inhibit  surface-catalyzed  NH3  decomposition  and  examining  a  possible  role  of  NH3 
decomposition  in  our  previously  reported  GaN  deposition  results  using  seeded  supersonic  free 
jets.  7 


Figure  5.  Dependence  of  QMS  signal  intensities  on  NH3  mole  fraction  for  NH3/He  nozzle 
expansion.  The  nozzle  temperature  and  stagnation  pressure  were  410°C  and  550 
Torr,  respectively. 

ACKNOWLEDGMENTS 

The  authors  thank  the  Office  of  Naval  Research  for  support  under  contract  N00014-95-1- 
0319  and  NOOO 14-95 -1-0 122. 

REFERENCES 

1.  J.  I.  Pankove,  Mater.  Res.  Soc.  Proc.  162,  515  (1990). 

2.  S.  Nakamura,  Jpn.  J.  Appl.  Phys.  30,  L1705  (1991). 

3.  M.  R.  Lorenz  and  B.  B.  Binkowski,  J.  Electrochem.  Soc.  109,  24  (1962). 

4.  C.  R.  Eddy,  Jr.,  T.  D.  Moustakas  and  J.  Scanlon,  J.  Appl.  Phys.  73,  448  (1993). 

5.  C.  Wang  and  R.  F.  Davis,  Appl.  Phys.  Lett.  63,  990  (1993). 

6  K.  A.  Pacheco,  B.  A  .  Ferguson,  C.  Li,  S.  John,  S.  Banerjee  and  C.  B.  Mullins,  App. 

Phys.  Lett.  67,  2951  (1995). 

7.  H.  H.  Lamb,  K.  K.  Lai,  V.  Torres  and  R.  F.  Davis,  in  "Film  Synthesis  and  Growth  Using 
Energetic  Beams",  MRS  Symp.  Proc.  388, 265  (1995). 

8.  J.  J.  Sumakeris,  R.  K.  Chilukuri,  R.  F.  Davis  and  H.  H.  Lamb,  in  "Gallium  Nitride  and 
Related  Materials",  MRS  Symp.  Proc.  395  (1996). 

9.  K.  A.  Brown,  S.  A.  Ustin,  L.  Lauhon  and  W.  Ho,  J.  Appl.  Phys.  79,  7667  (1996). 

10.  S.  T.  Ceyer,  Science,  249,  133  (1990). 

11.  J.  R.  Engstrom,  D.  A.  Hansen,  M.  J.  Fuijanic  and  L.  Q.  Xia,  J.  Chem.  Phys,  99.  4051 
(1993). 


360 


MATERIAL  AND  DEVICE  CHARACTERISTICS  OF  MBE  GROWN  GaN 
USING  A  NEW  RF  PLASMA  SOURCE 

R.  BERESFORD*,  K.  S.  STEVENS*,  Q.  GUI*,  A.  SCHWARTZMAN*,  AND  H.  CHENG** 
*Di vision  of  Engineering  and  Center  for  Advanced  Material  Research,  Box  D,  Brown  University, 
Providence,  RI  02912 

**EPI  MBE  Products  Group,  1290  Hammond  Rd.,  St.  Paul,  MN  551 10 


ABSTRACT 

A  new  rf  plasma  nitrogen  source  has  been  characterized  for  growth  of  GaN  on  basal-plane 
sapphire  by  molecular  beam  epitaxy.  For  rf  power  of  500  W  and  N2  flow  rate  of  2  seem,  a 
maximum  GaN  growth  rate  of  0.80  pm/hr  is  obtained,  implying  a  source  efficiency  greater  than 
5%.  It  is  found  that  the  GaN  surface  roughness  is  extremely  sensitive  to  V:in  ratio  near  unity  and 
independent  of  growth  rate  in  the  range  0.3-0.8  pm/hr.  Roughness  as  small  as  1.0  nm  (rms)  is 
measured  by  atomic-force  microscopy.  Microstructure  of  the  high-growth-rate  films  is  similar  to 
other  GaN  films,  as  observed  in  cross-section  transmission  electron  microscope  images.  The 
electrolumine^ence  spectra  from  homojunction  light-emitting  diodes  exhibit  a  band  of  near¬ 
ultraviolet  emissions  corresponding  to  the  energy  separation  of  the  intentional  donor  and  acceptor 
levels  on  the  two  sides  of  the  junction.  The  intensity  of  these  emissions  relative  to  the  visible 
spectrum  increases  with  drive  current  density,  implying  saturation  of  deep  trap  levels  responsible 
for  the  visible  light  output. 

INTRODUCTION 

Epitaxial  growth  of  the  group  HI  nitrides  by  molecular  beam  epitaxy  (MBE)  has  been 
demonstrated  by  numerous  investigators.  However,  the  film  properties  as  judged  by  device 
demonstrations  [1, 2, 3]  are  generally  inferior  to  what  has  been  achieved  via  metalorganic  chemical 
vapor  deposition  (MOCVD)  methods  [4],  which  are  now  in  commercial  use  for  light-emitting 
diode  production  and  are  yielding  blue  laser  diodes  of  rapidly  improving  performance  [5].  (see  R. 
P.  Vaudo  et  al  [6]  for  a  recent  exception  to  this  trend.)  It  is  not  yet  clear  which  issues  are  most 
importtmt  in  understanding  this  discrepancy  between  MBE  and  MOCVD.  The  presence  of 
energetic  particle  species  from  plasma  nitrogen  sources  appears  to  interfere  in  the  growth  front  [7, 
8, 9],  On  the  other  hand,  MBE  growth  from  thermally  cracked  ammonia  is  not  dramatically 
improved  compared  to  plasma-source  growth  [10, 1 1],  except  in  that  a  high  growth  rate  can  be 
achieved.  Therefore  it  may  be  considered  that  the  growth  temperature  is  a  more  important  factor 
than  the  type  of  nitrogen  precursor. 

MOCVD  growth  is  conducted  at  higher  temperatures,  typically  1050  "C  versus  750  “C  for 
hffiE.  Because  of  the  sublimation  of  GaN  in  vacuum  above  800  °C,  large  overpressures  of  active 
nitrogen  would  be  required  to  conduct  MBE  growth  at  higher  temperatures.  For  purposes  of 
estimation,  we  will  assume  that  to  stabilize  GaN  against  sublimation  in  vacuum,  a  pressure  of 
active  nitrogen  at  least  equal  to  the  measured  vapor  pressure  is  needed.  Munir  and  Searcy  [12] 
found  the  N2  pressure  above  GaN  to  follow 


15  97'^ 

log  F(fltm)  =  5.699-^^^^. 

^  ^  T{K) 

For  growth  at  1050  “C,  this  pressure  is  3.5  x  lO"^  Torr.  The  available  active  nitrogen  pressure  in 
MBE  is  not  known  directly,  since  the  plasma  source  is  inefficient  and  most  of  the  measured 
pressure  is  due  to  background  N2.  However,  we  can  make  a  comparison  by  assuming  the  thermal 
average  velocity  of  N2  molecules  at  room  temperature,  4.75  x  10"^  cm/s.  Then  the  sublimation  rate 
corresponding  to  the  vapor  pressure  3.5  x  lO"^  Torr  works  out  to  be  1.3  x  10^^  cm“^  s'*.  Based  on 
the  known  GaN  lattice  parameters,  this  sublimation  rate  removes  the  film  at  1 10  [im/hr,  more  than 
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two  orders  of  magnitude  greater  than  the  growth  rates  that  are  achieved  with  existing  sources. 
Therefore,  we  can  estimate  that  growth  at  such  high  temperatures  using  existing  source  technology 
would  require  at  least  a  hundred-fold  increase  in  Ae  active  nitrogen  pressure  and  therefore  also  a 
hundred-fold  increase  in  the  background  N2  pressure,  into  the  milliTorr  range,  making  it 
impossible  to  use  thermal  beams.  This  approximate  analysis  shows  that  plasma-source  MBE  at 
present  may  be  inherently  limited  to  a  lower  growth  temperature. 

It  might  be  supposed  that  at  such  lower  temperatures,  the  growth  rate  must  be  reduced  in 
order  to  maintain  film  quality.  Such  reasoning  is  based  on  the  reduction  in  surface  diffusion 
currents  with  temperature.  In  this  report,  we  show  to  the  contrary  that  good  MBE  films  can  be 
grown  at  the  relatively  high  rate  of  0.8  pm/hr.  This  rate  appears  to  be  among  the  highest  attained 
yet  for  plasma-source  MBE  grown  films.  The  film  quality  is  confirmed  by  fabricating  pn  junction 
diodes  and  obtaining  the  room-temperature  electroluminescence  spectra  of  the  devices. 
Recombination  radiation  associated  with  the  intentional  donors  and  acceptors  is  observed.  In 
addition,  atomic-force  microscopy  and  transmission-electron  microscopy  observations  are 
presented  to  show  that  good  film  characteristics  can  be  achieved,  with  rms  surface  roughness  of 
1.0  nm,  and  threading  dislocation  density  of  6  X  10^  cm"^.  These  results  are  comparable  to  or 
better  than  other  MBE  grown  films  that  were  reported  to  require  much  slower  growth  rates.  The 
achievement  of  a  high  growth  rate  will  be  helpful  by  making  it  feasible  to  optimize  thick  GaN 
buffer  layers  for  improved  crystallinity  and  therefore  better  optoelectronic  device  performance. 

EXPERIMENT 

The  experiments  were  conducted  in  an  EPI 930  MBE  system  fitted  with  the  EPI  UNI-Bulb  rf 
nitrogen  source  in  one  of  the  effusion  cell  ports.  In  a  series  of  characterization  runs,  the  nitrogen 
plasma  emission  spectra  were  monitored  via  a  Si  mirror  mounted  on  the  transfer  arm  and  a 
viewport  on  the  source  flange.  The  spectra  exhibit  the  first  positive  series  lines  of  molecular 
nitrogen  and  intense  atomic  nitrogen  peaks,  consistent  with  results  from  other  rf  plasma  sources 
[13].  The  intensity  of  the  atomic  nitrogen  peaks  was  observed  as  a  function  of  the  rf  power  and 
the  gas  flow  rate.  For  an  rf  power  of  500  W,  which  is  the  maximum  available  in  our  present 
configuration,  the  N  mtensity  has  a  broad  maximum  between  1-2  seem  and  decreases  slightly  at 
higher  flows.  Above  3  seem,  the  plasma  cannot  be  maintained  reliably.  From  pyrometer 
measurements  of  the  pyrolytic  BN  (pBN)  plasma  bulb  immediately  after  switching  off  the  rf 
power,  the  temperature  of  the  gas  in  the  source  is  estimated  to  be  720  ±  30  "C.  At  this 
temperature,  the  viscosity  and  thermal  average  velocity  of  N2  are  taken  to  be  4.02  x  10  g/cm-s 
and  8.66  x  10"^  cm/s,  respectively.  Using  this  data  and  the  computed  conductance  of  the  exit 
apertures  of  the  pBN  plasma  bulb,  the  pressure  in  the  source  is  approximately  45  mTorr  per  seem 
of  inlet  flow. 

With  a  2  seem  flow  rate,  the  chamber  pressure  is  2.2  x  10“^  Torr.  For  the  maximum  GaN 
growth  rate  of  0.80  pm/hr,  the  incorporation  rate  of  nitrogen  atoms  is  9.7  x  10  cm“  s“  . 
Assuming  that  the  pressure  measurement  detects  room-temperature  nitrogen  molecules,  a  pressure 
of  1.27  X  10*^  Torr  accounts  for  the  incorporated  nitrogen.  The  remaining  (inactive)  nitrogen 
pressure  corresponds  to  an  impingement  rate  of  background  nitrogen  (normalized  to  atoms)  of 
1.58  X  10^^  cm”^  s~' .  Comparing  the  incorporation  rate  to  the  total  impingement  rate  (active  plus 
inactive)  is  a  measure  of  source  efficiency,  which  in  this  case  is  estimated  to  be  5.8%. 

GaN  growths  were  conducted  on  1-cm^  basal-plane  sapphire  substrates  cut  from  3-in 
diameter  wafers.  Before  slicing  the  samples,  the  backside  of  the  sapphire  wafer  is  coated  with 
approximately  A-6  pm  of  Mo  by  sputter  deposition  in  order  to  provide  an  infrared-absorbing 
surface.  The  samples  are  solvent  cleaned,  etched  in  H2S04:HP03  (3:1)  at  100  °C,  and  then 
outgassed  in  vacuum  at  850  “C  or  higher  prior  to  the  growth.  In  contrast  to  our  experience  with  an 
electron-cyclotron  resonance  plasma  source,  the  sapphire  substrate  is  not  nitridized  upon  exposure 
to  the  rf  plasma,  as  the  reflection  high-energy  electron  diffraction  (RHEED)  patterns  do  not 
change.  A  thin  buffer  layer  of  AIN  therefore  is  grown  first.  This  layer  is  nominally  100  A  thick 
grown  at  0.05  pm/hr  and  7{X)  ”C.  Then  the  temperature  is  reduced  to  600  “C  and  a  200-A  thick 
GaN  nucleation  layer  is  deposited.  After  the  temperature  is  ramped  up  to  750  “C  at  20  “C/min,  the 
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GaN  growth  is  restarted.  This  procedure  is  similar  to  other  nucleation  approaches  reported,  but  is 
not  necessarily  optimized. 

For  a  range  of  Ga  flux  values,  the  GaN  growth  rate  is  controlled  by  the  cation  arrival  rate  and 
is  simply  proportional  to  Ga  flux.  As  the  Ga  flux  is  increased  further,  the  film  growth  rate  does 
not  increase  and  excess  Ga  appears  condensed  in  droplets  on  the  surface,  indicating  that  the 
available  nitrogen  is  exhaust^.  Scanning  electron  microscope  (SEM)  observations  of  cleaved 
samples  from  several  growths  enable  determination  of  a  maximum  GaN  growth  rate,  which  occurs 
for  a  V:III  ratio  of  unity  (all  activated  nitrogen  is  consumed  and  no  excess  Ga  remains^  We 
assume  that  the  sticking  coefficient  of  activated  nitrogen  is  unity  in  the  presence  of  excess  Ga.  For 
500  W  rf  power,  the  maximum  rate  is  0.80  p.m/hr,  while  for  2(h  W  rf  power,  the  maximum  rate  is 
0.35  |im/hr. 

RESULTS 

After  carrying  out  the  types  of  calibrations  just  described,  growths  at  a  specified  rate  and 
V:in  ratio  can  be  conducted  by  scaling  the  Ga  beam  equivalent  pressure  and  adjusting  the  rf 
power.  Such  experiments  have  clearly  shown  that  the  surface  morphology  of  GaN  is  extremely 
sensitive  to  V:in  ratio  in  the  range  near  unity  but  essentially  independent  of  the  growth  rate  in  the 
range  0.30-0.80  pm/hr.  For  balanced  V:in  fluxes  or  slightly  Ga-rich  conditions,  the  GaN  surface 
is  very  smooth  and  featureless  (Figure  1).  The  measured  surface  roughness  (rms)  is  1.0  nm.  For 
N-rich  conditions,  surface  topography  of  a  varied  and  extreme  nature  may  develop  with 
appearances  that  could  be  described  as  orange-peel,  faceting,  crystallites,  domains,  or  sometimes 
whiskers.  The  typical  rms  surface  roughness  as  shown  in  Figure  lb  is  18  nm.  Although  we  refer 


Figure  1.  Atomic-force  microscope  observations  of  GaN  surface  morphology 
comparing  Ga-rich  (a)  and  N-rich  (b)  growth  conditions.  The  corresponding  V:in 
flux  ratios  are  approximately  1.0  and  1,2,  respectively.  Representative  line  scans 
are  given  in  (c)  and  (d).  Note  the  different  vertical  axis  scides.  The  rms  roughness 
in  (c)  is  1.0  nm  versus  18  nm  in  (d). 
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to  the  smooth  surfaces  as  arising  for  V:in  ratios  of  unity,  the  calibrations  used  are  not  very  precise 
and  the  exact  V:in  ratio  is  not  known.  What  is  clear  is  that  the  transition  in  surface  niorphology 
occurs  over  a  narrow  range  of  values  of  the  V:in  ratio  and  that  this  range  of  Ga  flux  is  ^so  where 
the  growth  rate  saturates.  Therefore  it  appears  that  a  high  surface  mobhity  of  Ga  is  responsible  for 
the  surface  smoothing. 

Carrier  type,  density,  and  mobility  were  determined  by  room-temperature  Hall  effect 
measurements  on  1-pm  thick  GaN  films.  The  as-grown  films  are  n  type,  with  electron 
concentration  that  depends  on  the  V:in  ratio  used  in  growth.  The  smooth  and  featureless  films 
produced  at  unity  flux  ratio  have  a  higher  carrier  density,  typically  1  x  lO’^  cm“^,  which  is 
consistent  with  excess  Ga  insofar  as  N  vacancies  are  donors.  For  slightly  larger  ViIII  ratio,  a 
background  electron  concentration  as  low  as  8  x  10^^  cm“^  has  been  observed.  The  measured 
mobility  was  90  cm^A^-s.  This  low  value  may  represent  the  effects  of  microstructural  disorder, 
which  is  especially  prevalent  in  the  initial  1  fJ.m  of  film  thickness.  This  residual  electron  density  is 
nonetheless  low  enough  to  enable  p  type  counter  doping  by  Mg.  Previous  analysis  of  GaN 
growths  identified  an  Mg  flux  that  yields  2x10^^  cm~^  atoms  incorporated,  as  determined  by 
secondary  ion  mass  spectroscopy.  Films  grown  with  this  Mg  flux  are  p  type  as  grown,  with  a 
hole  density  of  2  x  10^^  cm"^  and  a  mobility  of  1  cm^A^-s.  Intentional  doping  with  Si  has  produced 
electron  densities  as  high  as  2  x  10^*  cm~^.  Ti/Al  was  used  to  contact  the  n  -type  films;  Ni/Au  was 
used  on  the  p  -type  films. 

Large-area  (10"^  cm^)  junction  diodes  were  fabricated  from  these  layers  by  growing  0.5-pm 
of  p  -GaN:Mg  on  top  of  1.5  pm  of  n  -GaNiSi.  The  top  electrode  metalization  of  Ni/Au/Ti  w^ 
us^  as  a  mask  for  Ar  ion  milling  of  a  mesa  structure.  Then  a  second  shadow-mask  metalization 
was  completed  to  contact  the  exposed  n  -type  electrode.  The  structure  is  shown  in  the  inset  of 
Figure  2a,  which  gives  the  room-temperature  current-voltage  characteristics.  The  forward  voltage 
at  20  mA  current  is  4.0  V.  The  log-log  plot  also  shown  as  an  inset  in  Figure  2a  makes  it  clear  that 
the  forward  current  characteristic  is  not  exponential,  nor  is  it  a  simple  power  law.  There  is  no  hard 
breakdown  in  reverse  bias,  instead  the  reverse  current  increases  continuously.  These 
characteristics  are  different  from  reports  of  commercial  InGaN  diodes,  which  showed  an 
exponential  characteristic  with  a  large  nonideality  factor  [14]. 

The  room-temperature  electroluminescence  spectra  for  several  pulse-mode  drive  current 
levels  are  shown  in  Figure  2b.  For  the  highest  current  density  that  could  be  achieved  in  dc 
operation,  the  spectrum  was  similar  to  the  one  shown  for  300  mA  drive  current.  For  consistent 
comparisons,  all  of  the  spectra  are  given  for  pulsed  operating  conditions.  At  higher  current  levels 
the  device  fails  due  to  heating,  probably  at  the  contact  to  the  p  -type  layer.  Four  main  emission 
bands  are  found  near  2.1, 2.4,  2.6,  and  3.2  eV.  Room-temperature  observations  of  the  3.2-eV 
band  have  not  been  previously  published,  although  they  were  referred  to  by  Johnson  et  al.  [3]. 
These  earlier  results  involved  an  AlGaN/GaN  double  heterostructure,  MOCVD-grown  GaN  buffer 
layers  on  SiC  substrates,  and  a  growth  rate  of  0.2  pm/hr,  four  times  slower.  The  energy 
separation  of  the  intentional  Si  donor  and  Mg  acceptor  levels  accounts  for  the  390-nm  peak 
wavelength  of  this  band.  The  intensity  relative  to  the  other  emissions  increases  very  markedly  as 
the  drive  current  is  increased,  indicating  that  the  trap  levels  responsible  for  the  visible  emissions 
can  be  saturated.  The  near-ultraviolet  band  has  been  observed  in  photoluminescence  measurements 
previously,  and  is  clearly  associated  with  the  Mg  acceptor  level  in  that  context. 

For  a  further  point  of  comparison  with  other  growth  efforts,  cross-section  transmission- 
electron  microscope  observations  of  the  GaN  films  were  made  as  shown  in  Figure  3.  The 
microstructure  is  characterized  by  a  high  density  of  threading  dislocations  close  to  the  interface.  As 
has  been  noted  before,  during  the  first  pm  of  growth  many  of  the  line  defects  annihilate,  leaving 
the  film  with  a  network  of  vertical  domain  boundaries  that  represent  stacking  sequence  errors.  The 
higher  magnification  view  in  Figure  3b  from  a  region  of  the  better  crystal  also  reveals  a  group  of 
horizontal  stacking  faults  in  one  of  these  domains.  By  the  usual  estimation  methods,  the  line  defect 
areal  density  is  about  6  x  10^  cm“^,  similar  to  other  reported  GaN  device  layers. 
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Figure  2.  GaN  homojunction  diode  current-voltage  characteristic  (a),  with  insets 
showing  the  device  structure  and  the  forward  current  on  a  log-log  scale.  The 
forward  voltage  at  20  mA  is  4.0  V.  Room-temperature  electroluminescence  spectra 
for  several  pulse-mode  current  densities  are  given  in  (b),  labeled  by  the  pulse 
current,  voltage,  and  duty  cycle.  The  device  area  is  10"^  cm^  The  pulse  width  is 
400  ns.  The  emission  band  near  3.2  eV  is  ascribed  to  the  intentional  Si  donor  and 
Mg  acceptor  levels  on  either  side  of  the  junction. 


Figure  3.  Bright-field  cross-section  transmission  electron  microscope  image  of 
G^/sapphire  (a)  and  a  higher  magnification  view  (b)  showing  a  set  of  stacking 
faults.  A  “typical”  GaN  microstructure  is  evident,  with  a  high  density  of 
dislocation  lines  threading  normal  to  the  interface. 
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CONCLUSIONS 


We  find  that  a  high  growth  rate  of  0.80  jim/hr  yields  GaN  films  with  characteristics  similar  to 
those  achieved  by  other  investigators  at  much  lower  growth  rates.  Furthermore,  it  is  shown  that 
the  V:in  ratio  is  the  key  parameter  determining  surface  moiphology,  with  very  smooth  surfaces 
obtained  for  flux  ratios  at  or  just  below  unity.  The  conclusion  is  ^at  Ga  surface  diffusion  rates  are 
sufficient  at  750  “C  to  obtain  surface  smoothing.  Doping  of  both  polarities  can  be  achieved  at  the 
high  growth  rate  and  the  film  microstructure  as  observed  by  TEM  is  not  fundamentally  different 
from  the  slow-growth  case.  Because  the  GaN  layers  are  wanted  for  optoelectronic  devices,  the 
final  judgment  should  reasonably  be  based  on  the  resulting  device  characteristics.  In  this  regard, 
we  have  demonstrated  a  “precursor”  ultraviolet  light-emitting  diode,  for  the  first  time  clearly 
showing  room-temperature  electroluminescence  associated  with  the  intentional  dopant  levels,  rather 
than  unidentified  deep  levels.  Further  optimization  of  buffer  layers  and  device  structures  can 
address  the  problems  of  minimizing  these  traps  and  increasing  the  efficiency  of  the  ultraviolet 
emissions. 
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ABSTRACT 

The  growth  of  gallium  nitride  films  on  sapphire  substrates  has  not  been 
straightforward  because  of  the  large  lattice  mismatch  between  gallium  nitride  and 
sapphire.  Zinc  oxide  is  structurally  the  closest  material  to  gallium  nitride  and  therefore 
is  finding  use  as  the  substrate  for  gallium  nitride.  Single  crystal  wafers  of  zinc  oxide 
are  hard  to  obtain  and  very  expensive.  However,  a  thin  layer  of  zinc  oxide  on  a 
suitable  substrate  might  solve  this  problem.  In  this  work,  highly  c-axis  oriented  zinc 
oxide  buffer  layers  were  grown  on  Si(lll)  substrates  at  temperatures  410-540  °C  by 
chemical  vapor  deposition  of  bis(2,2,6,6-tetramethyl-3,5-heptanedionato)zinc,  Zn(tmhd)2, 
and  the  hexagonal  GaN  films  were  subsequently  deposited  on  them  at  500  “C  using  the 
single  precursor  tris(diethyl-n-amido-gallium),  [(C2H5)2GaNH2]3.  The  compound  Zn(tmhd)2 
was  found  to  require  oxygen  for  the  deposition  of  zinc  oxide.  In  the  case  of  gallium 
nitride,  low  pressure  chemical  vapor  deposition  of  tris(diethyl-|i-amido-gaHium)  worked 
reasonably  well  with  or  without  a  carrier  gas.  The  buffer  layers  and  the  GaN  films 
were  characterized  by  X-ray  photoelectron  spectroscopy  (XPS),  X-ray  diffraction  (XRD), 
scanning  electron  microscopy  (SEM),  and  reflection  high  energy  elctron  diffraction 
(RHEED). 

INTRODUCTION 

Since  the  successful  fabrication  of  gallium  nitride  blue  light-emitting  diode  was 
announced  [1],  numerous  studies  have  been  reported  on  the  deposition  of  gallium  nitride 
films  on  various  substrates  among  which  sapphire  was  the  most  popular  material. 
Nevertheless,  sapphire  has  many  drawbacks  as  a  substrate  for  gallium  nitride.  The 
lattice  mismatch  is  rather  large  and  therefore  various  buffer  layers  have  been  tested 
including  aluminum  nitride  and  gallium  nitride.  The  fact  that  sapphire  is  an  insulator 
makes  fabrication  of  gallium  nitride  devices  more  complicated  than  necessary.  Sapphire 
is  also  a  difficult  material  to  make  into  large  area  substrates.  In  this  regard  it  is  highly 
desirable  to  be  able  to  use  more  readily  available  substrates  that  are  not  insulators. 
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Recent  application  of  6H-SiC  substrate  for  the  deposition  of  gallium  nitride  [2]  is 
somewhat  successful  in  reducing  the  number  of  processes  in  the  fabrication  of 
light-emitting  diodes.  Silicon  carbide  substrate,  however,  is  rather  expensive.  On  the 
other  hand,  zinc  oxide  has  the  closest  lattice  parameters  to  gallium  nitride  [3]  and  is 
considered  the  most  suitable  substrate,  but  concerning  its  availability  and  price,  it  has  no 
advantage  over  either  sapphire  or  silicon  carbide.  If,  however,  zinc  oxide  films  of  good 
quality  can  be  deposited  on  silicon  wafers,  they  will  become  very  useful  substrates  for 
the  deposition  of  gallium  nitride  films.  Zinc  oxide  buffer  layers  formed  on  sapphire 
have  been  utilized  for  the  deposition  of  gallium  nitride  [4].  Since  aluminum  nitride  has 
been  shown  to  epitaxially  grow  on  Si(lll)  [5],  it  can  be  thought  that  zinc  oxide  will 
have  similar  properly.  This  research  is  the  first  attempt  to  grow  zinc  oxide  buffer  layer 
on  Si(lll)  and  deposit  gallium  nitride  on  this  buffer  layer.  The  single  precursor 
tris(diethyl-n-amido-gallium)  has  been  employed  for  the  deposition  of  gallium  nitride  for 
the  first  time. 

EXPERIMENT 

Syntheses  of  the  Source  Chemicals 

The  compound  Zn(tmhd)2  is  now  commercially  available  but  we  synthesized  it 
according  to  the  method  reported  by  Hammond  et  al.  [6]  starting  from  zinc  chloride  and 
2,2,6,6-tetramethyl-3,5-heptanedione  (Htmhd).  The  product,  white  crystalline  powders,  was 
purified  by  sublimation  and  identified  by  elemental  analysis  and  infrared  spectroscopy. 
Thermogravimetric  analysis  (TGA)  of  this  compound  showed  that  it  begins  to  evaporate 
around  110  *^C.  Tris(diethyl-ti-amido-gallium),  the  single  source  for  gallium  nitride,  was 
synthesized  using  triethylgallium  and  ammonia  similarly  to  the  method  reported  by 
Almond  et  al  [7]  for  the  synthesis  of  tris(dimethyl-[J-amido-gallium),  but  at  room 
temperature.  The  synthesis  of  this  compound  was  confirmed  by  NMR  spectroscopy 
and  mass  spectrometry.  It  is  a  liquid  at  ambient  temperature  and  has  a  reasonably  high 
vapor  pressure  for  chemical  vapor  deposition. 

Chemical  Vapor  Deposition 

CVD  was  carried  out  either  under  low  pressure  conditions  in  a  simple  apparatus  made 
of  quartz  and  Pyrex  tubings  or  under  high  vacuum  conditions  in  an  all  stainless  steel 
ultrahigh  vacuum  chamber  equipped  with  a  RHEED  apparatus  and  a  residual  gas 
analyzer.  For  the  deposition  of  zinc  oxide  on  Si(lll)  substrates,  oxygen  carrier  gas  was 
necessary  to  obtain  signficant  deposition  with  low  carbon  incorporation.  Zn(tmhd)2  were 
heated  at  100-120  °C.  The  flow  rate  of  the  carrier  gas  oxygen  was  adjusted  at  7-10 
seem  and  the  total  pressure  of  the  low  pressure  CVD  reactor  was  maintained  at  least 
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above  500  mToor  to  obtain  reasonable  deposition  rate.  To  avoid  difficulties  in 
distinguishing  the  most  intense  XRD  peaks  of  ZnO  and  GaN,  very  thin  ZnO  buffer 
layers  were  grown  only  until  the  interference  color  started  to  develop  when  it  was  to  be 
used  as  substrate  for  gallium  nitride.  Gallium  nitride  films  were  then  deposited  on  the 
zinc  oxide  buffer  layers  with  or  without  a  carrier  gas  (Ar).  Tris(diethyl-ii-amido-gallium) 
was  used  at  room  temperature  or  warmed  around  40  °C.  The  substrate  ZnO/Si(lll) 
was  kept  at  500  ”C. 

Characterization  of  the  Buffer  Lavers  and  the  GaN  Films 

Both  the  zinc  oxide  buffer  layers  and  the  gallium  nitride  overlayers  were  examined  by 
XPS,  XRD,  SEM,  and  RHEED.  In  the  case  of  gallium  nitride  films,  Auger  depth 
profiling  was  carried  out  to  ascertain  the  nature  of  carbon  present  in  the  films.  In  situ 
RHEED  examination  was  almost  impossible  because  of  the  extremely  slow  deposition 
rates  of  high  vacuum  chemical  vapor  deposition  in  this  work.  Therefore  most  of  the 
RHEED  studies  have  been  carried  out  after  the  films  were  prepared  by  low  pressure 
chemical  vapor  deposition. 

RESULTS 

Figure  1  is  the  X-ray  photoelectron  survey  spectrum  of  a  ZnO  film  prepared  using 
Zn(tmhd)2  and  oxygen  carrier  gas  at  the  substrate  temperature  of  450  ®C.  Deposition 
was  carried  out  for  3  h.  It  clearly  shows  all  the  features  of  zinc  oxide  and  is  almost 
identical  to  the  spectrum  of  a  zinc  oxide  single  crystal.  Although  not  shown  here,  high 
resolution  spectrum  of  Zn  2p  region  also  indicated  the  formation  of  the  oxide  phase. 
The  film  was  then  examined  by  X-ray  diffraction  (Figure  2).  The  XRD  pattern  of  the 
film  shows  only  two  peaks,  Zn(0002)  and  Zn(0004)  other  than  the  substrate  peak, 
Si(lll).  From  this  it  is  believed  that  the  film  is  a  highly  c-axis  oriented  ZnO. 
However,  the  SEM  image  of  the  film  (Figure  3)  shows  that  very  fine  grains  of  zinc 
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Fig.  3.  SEM  image  of  the  ZnO  film.  Fig.  4.  RHEED  pattern  of  the  ZnO  film. 

oxide  are  formed  on  the  surface.  This  indicates  that  the  film  is  predominantly  oriented 
in  c-axis  but  the  grains  are  not  veiy  well  aligned  in  the  plane  of  the  surface.  This  is 
also  manifested  in  the  RHEED  pattern  of  the  same  film  shown  in  Figure  4.  The 
RHEED  pattern  has  some  spotty  rings  that  are  similar  to  those  reported  previously  for  a 
highly  oriented  ZnO  films  [8]. 

On  the  zinc  oxide  buffer  layers  thus  produced,  gallium  nitride  films  were  then 
deposited  using  the  single  precursor  tris(diethyl-p-amido-gallium)  by  low  pressure 
chemical  vapor  deposition  with  the  substrate  kept  at  500  °C.  At  higher  temperatures, 
e.g.,  650  °C,  the  thin  zinc  oxide  buffer  layers  tend  to  sublime  in  a  short  time  interval. 
The  X-ray  photoelectron  survey  spectrum  of  the  film  obtained  from  tris(diethyl-p 
-amido-gallium)  is  shown  in  Figure  5.  In  this  survey  spectrum  Ga  2pi/2  and  Ga  2p3/2 
peaks  are  prominent  but  the  N  Is  peak  is  very  small.  This  is  due  to  the  fact  that  the 
atomic  sensitivity  factor  of  the  N  Is  orbital  is  much  smaller  than  that  of  the  Ga  2p 
orbital  [9],  Even  so,  the  film  was  found  to  contain  much  less  nitrogen  than  gallium. 
Therefore  the  gallium  nitride  film  is  not  stoichiometric.  Since  both  Zn  2pi/2  and  Zn 
2p3/2  peaks  do  not  appear  in  this  spectrum,  the  buffer  layer  ZnO  is  thought  to  be 
completely  covered  by  gallium  nitride  overlayer.  Contamination  due  to  carbon  from  the 
precursor  can  be  seen  in  the  spectrum.  This  is  somewhat  reduced  after  Ar^  ion 
bombardment  of  the  surface,  but  did  not  totally  disappear  in  the  Auger  depth  profiling 
analysis.  Therefore  carbon  incorporation  into  the  film  occurs  during  chemical  vapor 
deposition.  It  is  also  possible  that  the  precursor  decomposes  in  the  deposition  process 
and  releases  ammonia  thereby  reducing  the  nitrogen  content  in  the  film.  The  relative 
ratio  of  Ga:N  of  the  film  was  found  to  be  about  1:0.5.  Nevertheless,  the  XRD 
pattern  of  the  film  (Figure  6)  shows  that  the  GaN(0002)  peak  is  the  predominant  one 
with  much  smaller  GaN(lOlO)  and  GaN(lOTl)  peaks.  This  is  indicative  of  the 
possibility  that  hexagonal  gallium  nitride  films  can  be  formed  on  the  zinc  oxide  buffer 
layers  deposited  on  Si(lll)  substrates. 

The  SEM  image  of  the  gallium  nitride  film  (Figure  7)  shows  only  a  crude  surface 


Fig,  7.  SEM  image  of  the  GaN  film.  Fig.  8.  RHEED  pattern  of  an  in  situ  grown 

GaN  film. 


consisiting  of  small  grains  of  gallium  nitride  and  possibly  different  phases.  However, 
the  RHEED  pattern  (Figure  8)  of  the  film  obtained  by  in  situ  chemical  vapor  deposition 
in  a  UHV  chamber  (total  pressure  0.14  mTorr,  with  substrate  at  500  °C)  does  show  faint 
but  distinct  development  of  a  pattern  indicating  that  the  gallium  nitride  overlayer  is 
forming  an  ordered  structure.  This  phenomenon  should  be  investigated  more  thoroughly. 


CONCLUSIONS 


From  this  research  we  can  draw  the  following  conclusions.  Highly  c-axis  oriented 
zinc  oxide  films  can  be  prepared  by  chemical  vapor  deposition  of 
bis(2,2,6,6-tetramethyl-3,5-heptanedionato)zinc,  Zn(tmhd)2,  on  Si(lll)  substrates.  This  zinc 
oxide  buffer  layer  can  serve  as  the  substrate  for  the  deposition  of  hexagonal  gallium 
nitride.  The  single  precursor  tris(diethyl-ii-amido-gallium),  [(C2H5)2GaNH2]3,  has  been 
found  adequate  for  the  deposition  of  hexagonal  gallium  nitride.  However,  epitaxial 
growth  of  hexagonal  gallium  nitride  films  has  not  been  achieved  yet  probably  due  to 
unoptimized  reaction  parameters.  Better  controls  of  reaction  parameters  are  necessary. 


371 


ACKNOWLEDGMENTS 


The  authors  gratefully  acknowledge  the  financial  support  by  the  Ministry  of  Science  and 
Technology  of  Korea  for  their  research. 

REFERENCES 

1.  S.  Nakamura,  T.  Mukai,  and  M.  Senoh,  Jpn.  J.  Appl.  Phys.  30,  L1998  (1991). 

2.  J.  G.  Kim,  A.  C.  Frenkel,  H.  Liu,  and  R.  M.  Park,  Appl.  Phys.  Lett.  65,  91  (1994). 

3.  D.  Elwell  and  M.  M.  Elwell,  Prog.  Crystal  Growth  Charact.  17,  53  (1988). 

4.  T.  Detchprohm,  H.  Amano,  K.  Hiramatsu,  and  I.  Akasaki,  J.  Crystal  Growth  128,  384 
(1993). 

5.  H.  M,  Manasevit,  F.  M.  Erdmann,  and  W.  I.  Simpson,  J.  Electrochem.  Soc.  118, 

1864  (1971). 

6.  G.  S.  Hammond,  D.  C.  Nonhebel,  and  C.-H.  S.  Wu,  Inorg.  Chem.  2,  73  (1973). 

7.  M.  J.  Almond,  M.  G.  B.  Drew,  C.  E.  Jenkins,  and  D.  A.  Rice,  J.  Chem.  Soc.  Dalton 
Trans.  5  (1992). 

8.  S.  Oda,  H.  Tokunaga,  N.  Kitajima,  J.-i.  Hanna,  I.  Shimizu,  and  H.  Kokado,  Jpn.  J. 
Appl.  Phys.  24,  1607  (1985). 

9.  C.  D.  Wagner,  W.  M.  Riggs,  L.  E.  Davis,  and  J.  F.  Moulder,  "  Handbook  of  X-ray 
Photoelectron  Spectroscopy,"  G.  E.  Muilenberg  (editor);  Perkin-Elmer  Corporation, 
Physical  Electronics  Division;  Eden  Prairie  (1979). 


372 


ZnO  BUFFER  FORMED  ON  Si  AND  SAPPHIRE  SUBSTRATES  FOR 

GaN  MOVPE 


T.  SHIRASAWA,  T.  HONDA,  F.  KOYAMA  and  K.  IGA 
P  &  I  Lab.,  Tokyo  Institute  of  Technology,  4259  Nagatsuta  Midori-ku  Yokohama 
226,  Japan,  tshirasa@pi.titech.ac.jp 

ABSTRACT 

ZnO  layers  have  been  deposited  by  electron  beam  (EB)  evaporation  and 
laser  ablation  molecular  beam  epitaxy  (MBE)  as  buffer  layers  to  grow  GaN  by 
metal  organic  vapor  phase  epitaxy  (MOVPE).  The  photoluminescence  spectrum 
of  the  ZnO  layer  deposited  by  an  EB  evaporator  shows  an  emission  peaks  of 
367  nm.  GaN  was  grown  on  ZnO/Si,  Si  and  sapphire  substrates  under  the  same 
growth  condition  employing  low-temperature-grown  AIN  buffers  to  prevent  the 
dissociation  of  ZnO  during  the  high  GaN  growth.  The  GaN  on  ZnO/Si  shows 
sharp  photoluminescence  spectra  at  room  temperature  and  10  K.  These  results 
indicate  a  potential  use  of  ZnO/Si  substrates  for  GaN  based  blue-UV  optical 
devices  such  as  vertical -cavity  surface-emitting  lasers  (VCSELs). 

INTRODUCTION 

Although  the  GaN  system  is  very  attractive  for  blue-UV  light  emitting 
devices[l],  there  is  a  large  lattice  mismatch  (18%)between  GaN  and  sapphire 
[2].  Also  the  sapphire  is  an  insulator  and  hard  to  etch,  that  raises  a  problem  for 
the  fabrication  of  sophisticated  devices  such  as  VCSELs. 

On  the  other  hand.  Si  is  the  most  popular  semiconductor,  and  is 
advantageous  due  to  its  mature  process,  good  conductivity  and  low  cost.  It  also 
has  a  higher  melting  temperature  than  other  substrates  for  compound 
semiconductors,  so  it  can  endure  high  temperature  GaN  growth.  Therefore,  the 
epitaxial  growth  of  GaN  on  Si  substrate  is  believed  to  be  useful  for  various 
blue-UV  light  emitting  devices.  However,  the  direct  growth  of  GaN  on  Si  may 
form  insulating  SiN  between  GaN  and  Si  substrate. 

ZnO  has  a  wurtzite  structure  and  less  lattice  mismatch  to  GaN[3][4]  and 
it  is  easily  removable.  It  is  also  known  that  ZnO  is  an  n-type  semiconductor[4]. 
If  ZnO  is  pre-deposited  on  Si,  we  can  grow  the  GaN  without  SiN.  In  this  paper, 
we  report  on  the  deposition  of  ZnO  using  EB  evaporation  and  laser  ablation 
MBE[6].  Also,  the  GaN  growth  is  carried  out  on  the  ZnO/Si  using  MOVPE. 

EXPERIMENTS  AND  RESULTS 
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ZnO  Deposition 


At  first,  a  ZnO  layer  was  deposited  by  an  electron  beam  evaporator  on  Si 
(111)  and  sapphire  substrates  for  comparison.  The  substrate  temperature  was 
300  and  the  O2  was  introduced  into  chamber  with  a  gas  pressure  of  1x10  '' 
Torr  to  prevent  oxygen  dissociation  from  the  ZnO  layer  The  supply  of  02gas 
during  a  cooling  step  after  the  deposition  was  found  to  be  important  to  obtain  a 
high  quality  ZnO  layer,  which  was  confirmed  by  photoluminescence  describing 
in  the  following  part. 

Also,  we  used  a  laser  ablasion  MBE  to  deposit  ZnO  layers  because  of 
maintenance  of  EB  evaporator.  The  substrate  temperature  was  400  °C  and  the 
O2  was  introduced  into  chamber  with  a  gas  pressure  of  IxlCT^  Torr.  The  excimer 
laser  whose  frequency  was  10  Hz  was  used  to  ablaze  a  ZnO  target.  Pre -ablation 
time  and  deposition  time  was  2  min.  and  150  min.,  respectively.  After  the 
deposition,  the  temperature  was  kept  at  350  °C  for  35  min.  to  be  annealed. 

The  ZnO  layer  obtained  on  a  sapphire  substrate  by  an  EB  evaporator  has 
a  sharp  peak  at  356.8  nm  by  photoluminescence  measurement  at  10  K.  This 
result  shows  that  the  bandgap  energy  of  this  ZnO  layer  is  around  3.47  eV  and  it 
is  in  a  good  agreement  with  previous  data[5]. 

The  sample  obtained  on  Si  (1 1 1)  by  laser  ablation  MBE  shows  a  peak-to- 
peak  roughness  of  about  30  A,  measured  by  an  atomic  force  microscope  (AFM). 

The  X-ray  diffraction  was  measured  on  these  samples.  These  show  weak 
peaks  near  34.5  ®  originated  by  a  ZnO  layer  which  is  highly  oriented  to  the 
c-axis  of  substrates.  However,  a  full  width-at-half-maximum  (FWHM)  of  the 
rocking  curves  of  these  sample  are  as  wide  as  20-30  °.  They  may  be  oriented  to 
the  c-axis  with  various  rotation. 

To  grow  GaN  on  these  samples  by  MOVPE,  it  is  necessary  to  prevent  the 
evaporation  of  a  ZnO  layer  at  the  growth  temperature  of  GaN.  These  deposited 
ZnO  layers  disappeared  at  a  temperature  as  low  as  ~  500  This  indicates  that 
the  direct  GaN  epi-growth  on  ZnO  by  MOVPE  is  very  difficult. 

GaN  Growth  by  MOVPE 

GaN  layers  were  grown  on  Si,  Sapphire  and  ZnO/Si  by  MOVPE.  This 
ZnO  is  prepared  by  laser  ablation  MBE.  The  vertical  quartz  reactor  was  used  for 
MOVPE-growth  of  GaN  in  this  study.  The  main  gases  including  TMGa  and 
NH3  are  introduced  into  a  reactor  by  a  H2  carrier  gas  from  a  nozzle  located  at 
side  wall.  The  top  gases,  H2  and  N2,  are  introduced  in  order  to  press  the  main 
gas  flow  to  the  substrate.  The  growth  is  performed  under  atmospheric  pressure. 
Each  substrate  is  cleaned  in  organic  solutions  before  the  growth.  The  AIN 
layers  were  first  deposited  at  low  temperature  in  order  to  prevent  the  dissociation 
of  ZnO  at  high  temperature  during  GaN  growth.  The  growth  temperature  of 
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AIN  and  GaN  is  400  ®C  and  800  ®C,  respectively.  The  IIW  ratio  during  the 
growth  of  GaN  is  about  3000  and  the  growth  time  is  1 20  min. 

The  surface  morphologies  of  GaN  on  ZnO/Si  are  observed  in  detail  by 
scanning  electron  microscope.  It  seems  that  the  three  dimensional  GaN  exists 
on  very  thin  two  dimensional  GaN.  The  average  height  of  loafs  of  GaN  is  about 
3  pm.  However,  it  is  not  clear  that  two  dimensional  growth  occurred. 

The  results  of  X-ray  diffraction  measurements  are  shown  in  Fig.  1 .  It 

indicates  that  the  GaN  was  grown 
on  a  ZnO/Si  substrate  with  an  AIN 
layer.  The  peak  of  a  ZnO  layer 
disappeared  after  the  GaN  growth, 
however,  it  is  thought  that  the  ZnO 
layer  still  exists  because  of  its  clear 
difference  from  that  grown  directly 
on  a  Si  substrate.  The  diffraction 
peaks  from  GaN  grown  on  Si  and 
sapphire  without  a  ZnO  layer  were 
not  detected  under  the  same 
condition. 

We  have  also  carried  out 
photoluminescence  measurements 
at  room  temperature  and  low 
temperature  (10  K).  The  optical  source  for  photoluminescence  is  a  He-Cd  laser 
with  a  wavelength  of  325  nm.  The  pumping  power  is  7  mW  during  the 
measurement.  Figure  2  shows  the  room  temperature  photoluminescence  spectra 
of  GaN  layers  on  ZnO/Si,  sapphire  and  Si,  respectively. 

The  emission  from  GaN  on  ZnO/Si  near  the  bandedge  is  dominant  rather 
than  that  from  the  deep  level.  The  dominant  peak  has  about  five  times  stronger 
intensity  than  that  of  GaN  grown  on  sapphire.  As  we  mentioned  above,  an  AIN 
buffer  layer  was  not  used  as  a  nucleation  layer  but  was  employed  to  prevent  the 
dissociation  of  the  ZnO.  On  Si,  the  emission  from  GaN  is  very  weak.  The 
intensity  is  300  times  lower  than  the  others.  The  reason  of  its  low  PL  intensity  is 
due  to  a  large  lattice  mismatch  with  GaN  and  Si,  resulting  a  difficulty  of  the 
direct  GaN  growth  on  Si. 

The  clear  difference  in  low  temperarure  PL  spectra  between  ZnO  and 
GaN/ZnO/Si  shows  that  the  emission  in  Fig.  3.  is  originated  from  GaN.  However, 
the  GaN  on  ZnO/Si  sometimes  peels  off  the  Si  substrate.  Thus,  some  techniques 
to  conquer  this  problem  are  needed.  For  example  the  prior  supply  of  Zn  at  the 
deposition  of  ZnO  or  using  slightly  tilted  Si  substrates  to  orient  the  c-plane 
rotation  of  ZnO  on  Si. 
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Fig.l  The  X-ray  diffraction  of 
GaN/AlNyZnO/Si(ll  1).  The  srectrum  from 
ZnO  is  included  into  the  peak  of  GaN  layer. 
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Fig.3  This  is  the  ^ectra  of  photoluminescence 
measurements  at  10  K.  The  origin  of  the  GaN 
on  ZnO  is  different  from  that  one  from  ZnO. 


CONCLUSIONS 
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Fig.  2  The  photoluminescence  spectra  of  GaN  substrates, 
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Deposition  of  AIN  on  WS2  (0001)  substrate  by  Atomic  Layer  Growth  Process 

J-W.  Chung  and  F.S.  Ohuchi,  Department  of  Materials  Science  and  Engineering,  University 
of  Washington,  BOX  352120,  Seattle,  WA  98195. 

ABSTRACT 

Close  proximity  of  the  lattice  constant  for  tungsten  disulfide  and  aluminum  nitride  has  lead 
to  an  investigation  to  use  WS2  as  a  potential  substrate  for  the  growth  of  AIN.  Metal  organic 
chemical  vapor  deposition(MOCVD)  has  been  develop  to  fabricated  WS2  thin  films  on  Si(001) 
with  their  basal  planes  parallel  to  the  substrate.  AIN  thin  film  was  subsequently  grown  by 
atomic  layer  growth  (ALG)  process  using  dimethylamine-alane  (DMEAA)  and  ammonia 
(NH3).  Deposition  conditions  for  WS2  thin  films  by  MOCVD,  and  AIN  growth  on  WS2  by 
ALG  are  described. 


I.  INTRODUCTION 


A  need  for  electronic  devices  capable  of  operating  at  temperatures  exceeding  300’ C,  as  well  as 
at  short  wavelengths  for  injection  lasers,  has  recently  motivated  widespread  research  on  III-V 
nitrides,  including  GaN,  AIN,  InN  and  their  alloys[l~3].  Various  starting  substrate  materials 
have  been  investigated  for  epitaxial  growth  of  the  III-V  nitride  materials[4~6],  however,  most 
of  the  conventional  materials  are  poorly  matched  to  the  Ill-nitrides  due  different  lattice 
structures,  lattice  constants  and  thermal  expansion  coefficients;  hence  the  nitrides  are 
subjected  to  large  residual  strains  built  in  the  lattice,  leading  to  many  defects. 


Here  we  report  an  attempt  to  use  alternate  materials  as  the  substrates  for  subsequent  growth  of 
III-V  nitride  thin  films.  These  materials  are  tungsten  disulfide  (WS2)  and  molybdenum 
disulfide  (M0S2),  and  crystallize  into  layered  structures  as  shown  in  Fig.  1.  In  these  materials, 
bonding  within  the  layers  is  strongly  covalent  while  each  layer  is  held  via  weak  van  der  Waals 
(VDW)  interaction.  Particular  interest  is  that  the  lattice  constants  for  WS2  and  M0S2  (a  = 
I15  A  and  3.16  A,  respectively)  are  remarkably  close  to  those  of  AIN  (a  =  3.11  A)  and  GaN 
(a  =  3.18  A).  It  is  therefore  conceivable  that  a  properly  oriented  crystal  surface  of  these 
materials  may  be  used  for  the  growth  of  AIN  and/or  GaN.  To  be  considered  for  this 
application,  it  is  necessary  to  grow  highly  oriented  WS2  or  M0S2  thin  films  such  that  the  van 
der  Waals  layers  are  parallel  to  the  plane  of  the  substrate,  exposing  basal  planes  of  the  WS2  or 
M0S2  crystal  structure  in  order  to  serve  as  substrates  for  subsequent  growth  of  AIN  or  GaN, 
of  which  concept  is  illustrated  in  Fig.  2. 


Fig.  1  Crystal  structure  of  WS2  Fig  2.  Proposed  AlN/WS2/Si(100)  structure 


379 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


In  this  paper,  we  describe  our  preliminary  results  of  AIN  thin  film  growth  on  the  WS2  thin 
films  fabricated  on  Si(lOO)  substrate.  In  the  first  part  of  our  discussion,  we  present  the  results 
of  WS2  thin  films  fabricated  by  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD)  using 
tungsten  carbonyl  (W(CO)6)  and  hydrogen  sulfide  (H2S)  as  precursors.  Experimental 
conditions  leading  to  deposition  of  highly  oriented  WS2  thin  films  with  their  basal  planes 
parallel  to  the  substrate  have  been  investigated.  We  then  describe  the  growth  of  AIN  films  by 
a  process,  Atomic  Layer  Growth  (ALG),  using  the  novel  precursor  combination  of 
dimethylamine-alane  (DMEAA)  and  ammonia  (NH3). 


11.  WS2  THIN  FILM  GROWTH 
ILl  EXPERIMENTAL 

MOCVD  apparatus  schematically  illustrated  in  Fig.3  was  specifically  designed  and 
constracted  for  the  deposition  of  WS2.  Tungsten  hexacarbonyl  (W(CO)6»  Johnson  Matthey, 
99%)  and  hydrogen  sulfide  (H2S,  Matheson,  99.5%)  were  used  as  sources  for  tungsten  and 
sulfur  precursors,  respectively.  W(CO)6  is  evaporated  in  a  bubbler  immersed  in  a  constant 
heat  bath.  The  H2S  source  flows  to  a  gas  line  with  its  pressure  regulated  by  the  pressure 
gauge.  Both  sources  are  transported  with  dry  Ar  carrier  gas,  and  their  flow  rates,  Ar(H2S) 
and  Ar(W(CO)6),  are  independently  controlled  by  the  mass  flow  meters  so  as  to  maintain  the 
flow  rate  of  source  materials  and  the  reactor  pressure  constant.  Source  materials  are  mixed  just 
prior  to  being  fed  into  the  reactor.  Experimental  variables  that  determine  the  resultant  products 
include:  substrate  temperature  (Ts),  source  gas  flow  ratio  (Rs/w)  defined  as 
Ar(H2S)/Ar(W(CO)6),  and  reactor  pressure  (Pr),  all  of  which  must  be  optimized  in  order  to 
obtain  the  desired  thin  film  structure.  In  the  deposition  strategy,  each  parameter  has  been 
successively  varied  with  other  variables  fixed.  For  example,  the  reactor  pressure  and  the 
reactants  flow  ratio  were  fixed  first,  deposition  was  attempted  by  varying  the  substrate 
temperature. 


Fig.  3  MOCVD  apparatus  for 
WS2thin  film  deposition  using 
W(CO)6andH2S. 


11.2  RESULTS 

X-ray  diffraction  was  primarily  used  to  characterize  the  preferred  orientation  of  thin  films 
deposited  under  various  experimental  conditions.  Thin  films  obtained  exhibit  a  2H-polytype 
hexagonal  structure,  where  H  denotes  hexagonal  symmetry.  The  spectrum  of  the  2H-WS2  is 
characterized  by  a  series  of  peaks,  consisting  of  (00.2),  (00.4),  (00.6),  and  (00.8),  which 
correspond  to  the  reflections  from  the  basal  planes  of  WS2.  Appearance  of  these  peaks 
indicates  that  thin  films  are  grown  with  their  basal  planes  parallel  to  the  substrate.  Here,  we 
denote  this  crystal  texture  as  C(l).  This  nomenclature  was  adopted  as  originally  suggested  by 
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Galun  et.  al  [7].  There  are,  however,  a  set  of  peaks,  (10.0),(10.1)  and  (10.3),  which  originate 
from  the  crystallites  with  basal  planes  perpendicular  to  the  substrate.  This  type  of  texture  is 
denoted  by  C(ll).  In  thin  film  growth,  both  sets  of  peaks  can  co-exist,  and  their  relative 
orientations  are  strictly  determined  by  the  deposition  conditions. 

Shown  in  Fig.  4  is  a  series  of  x-ray  diffraction  patterns  for  depositions  made  at  the  reactor 
pressures  100  torr  with  the  substrate  temperature  varying  from  Ts  =  583  *K  to  723  “K.  The 
deposition  times  ranged  from  10  to  20  minutes,  where  the  growth  rates  of  45-80nm/min  were 
observed.  It  is  apparent  that  there  is  a  optimum  substrate  temperature  regime  where  the  most 
highly  oriented  C(l)-WS2  films  were  obtained  for  fixed  source  gas  flow  rate  (Rs/w)  and 
reactor  pressure  (Pr)  conditions,  although  crystallites  with  their  basal  planes  non-parallel  to 
the  substrate,  i.e.  C(II)-WS2,  are  still  present  in  the  film. 

Since  the  relative  presence  of  C(l)  and  C(ll)-WS2  is  strongly  influenced  by  the  deposition 
conditions,  relative  significance  of  three  deposition  parameters,  Ts,  Pr,  and  Rs/w,  in  relation 
to  the  preferred  orientation  for  the  growth  of  WS2  thin  films  was  studied.  In  x-ray  diffraction 
spectrum,  a  set  of  reflected  peaks  by  the  basal  planes  (((X).2),  ((X).4),  (00,6),  (00.8))  arising 
from  the  C(l),  and  a  set  of  peaks  consisting  of  the  (10.0)  and  (10.1)  reflections  arising  from 
the  C(ll),  are  present.  By  calculating  the  intensity  ratio  of  these  peaks  which  is  defined  as 
I((X).2U(00.4)+(00.6)+(00.8)^QO.O)+(10.1),  the  degree  of  preferred  orientation  for  C(l)  and  C(ll)  in 
the  film  can  be  evaluated.  Obviously,  if  all  the  basal  planes  are  grown  parallel  to  ^e  substrate, 
this  quantity  beconies  infinite.  A  plot  of  such  quantities  with  varying  deposition  conditions  is 
found  to  be  useful  in  evaluating  the  effects  of  the  experimental  conations  on  the  structure  of 
the  deposited  films. 


550  580  610  640  670  700  730  760 

Temperature!  K) 


Fig.  4  X-ray  diffraction  patterns  of  tungsten 
disulfide  thin  films  using  Cu-Ka  radiation 
Substrate  temperatures  varied  at  pressure 
100  torr,  at  583  “K,  623  *K,  673  "K  693  “K, 
and  723  *  K,  with  reactants  ratio  0.66  fixed. 


Fig.  5  The  degree  of  preferred 
orientation  of  basal  planes  parallel  to 
substrate  with  relation  to  substrate 
temperatures  at  100  torr  and  250  torr, 
respectively. 


Tfre  plot  of  the  intensity  ratios  described  above  as  functions  of  substrate  temperature  at  two 
different  source  gas  flow  ratios  is  shown  in  Fig.  5.  It  is  found  that  choice  of  the  reactor 
pressure  is  critical  and  strongly  influences  the  overall  quality  of  the  deposited  thin  films.  At  the 
reactor  pressure  of  250  torr,  a  change  in  the  substrate  temperature  does  not  significantly 
influence  the  overall  thin  film  orientation,  although  the  highly  oriented  C(X)  type  thin  films 
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are  hardly  obtained.  When  the  pressure  is  reduced  to  100  torr,  highly  oriented  C(l)-WS2  thin 
films  are  obtained  only  within  a  narrow  range  of  deposition  conditions.  Using  these 
deposition  conditions,  WS2  thin  film  substrates  for  the  subsequent  deposition  of  AIN  were 
fabricated  on  Si(lOO). 


III.  AIN  THIN  FILM  GROWTH 
III.  1  EXPERIMENTAL 

AIN  films  were  fabricated  by  Atomic  Layer  Growth  (ALG)  using  novel  precursor 
combination  of  dimethylamine-alane  (DMEAA)  and  ammonia  (NH3)  recently  developed  by 
Kidder  [8].  ALG  uses  self-limiting  heterogeneous  reactions  at  the  substrate  surface  to  form  a 
film  one  atomic  layer  at  a  time.  Using  this  technique,  Group  III  precursor,  DMEAA,  reacts 
with  the  surface  in  a  self-limiting  manner,  i.e.,  one  or  less  monolayers  of  the  adsorbate  is 
formed  per  deposition  cycle.  In  the  second  step.  Group  V  precursor,  NH3,  reacts  in  a  facile, 
site- selective  manner  with  the  adsorbate  of  the  first  preeursor  to  from  the  desired  film.  This 
process  leads  to  an  ordered  nucleation  and  growth  process  in  which  highly  ordered  crystalline 
or  epitaxial  films  can  be  grown.  By  utilizing  nucleation  and  growth  strategies  that  promote  an 
ordered,  site-selective  growth  mechanism,  high  temperatures  for  enhancing  surface  mobility 
are  not  required.  The  second  step  is  what  gives  ALG  its  larger  advantage  over  MBE 
techniques  which  lack  a  reactive  nitrogen  source  that  can  be  produced  efficiently  in  particular 
for  nitride  formation. 

Deposition  of  AUSf  thin  films  on  WS2  thin  film  substrate  fabricated  on  Si(lOO)  has  been  carried 
out  in  a  Crystal  Specialities  Inc.  425  MOCVD  reactor  equipped  with  a  ps  mixing  manifold 
and  three-say  flush  valves.  In  this  apparatus,  specially  designed  gas-mixing  manifold  enables 
for  abrupt  switching  of  the  gas  composition  which  is  essential  for  the  ALG  process. 


IIL2  RESULTS 

Development  of  the  ALG  process  for  AIN  deposition  was  accomplished  in  several  sets  of 
growth  experiments.  The  goals  of  these  studies  were  to  first  identify  a  p.arameter  space  where 
AIN  thin  films  would  be  deposited  and  to  improve  the  flow  conditions.  It  has  been 
demonstrated  the  AIN  growth  on  Si(lOO),  Si(lll)  and  Al203(00.1)  by  the  ALG  process  using 
identical  precursors,  where  a  temperature  regime  of  613±40°K  was  obtained  [8].  We  have 
adopted  similar  conditions  as  the  starting  parameters,  however,  it  is  found  that  the  process 
conditions  for  AIN  deposition  over  WS2  is  quite  different.  From  the  series  of  experiments, 
the  deposition  procedure  for  the  AIN  growth  on  WS2  was  established  as  a  4-5-4-5  sequenee, 
where  DMEAA  was  flown  for  4  seconds,  then  H2  flush  for  5  seconds,  NH3  flow  for  4 
seconds,  followed  by  5  seconds  of  H2  flush.  This  sequence  accomplishes  one  complete 
ALG  cycle  at  723*K  with  the  reactor  pressure  ranging  from  25  to  100  torr. 

Shown  in  Fig.  6  is  X-ray  diffraction  spectrum  obtained  from  ALG  grown  AIN  thin  film  on 
WS2/Si(100)  thin  film  substrate.  Thickness  of  the  AIN  layers  was  not  accurately  measured, 
however,  the  estimated  thickness  based  on  the  deposition  time  was  in  the  order  of  several 
hundred  A.  Appearance  of  a  series  of  WS2  peaks,  consisting  of  (00.2),  (00.4),  (00.6),  and 
(00.8),  indicates  that  the  WS2  thin  film  is  oriented  with  the  basal  plane  parallel  to  the 
substrate,  however,  a  small  fraction  of  non-parallel  component  exists.  An  A1N(00.2) 
diffraction  peak  was  detected  at  20=  36.053°  with  the  full-width-half-maximum  (FWHM)  of 
approximately  0.25°.  Subset  in  Fig.  6  is  the  region  corresponding  to  the  A1N(00.2) 
reflection  peak.  The  presence  of  only  one  AIN  diffraction  peak  in  data  indicated  that  AIN  thin 
film  has  grown  with  the  AIN  (00.1 }  planes  aligned  parallel  to  the  substrate  plane. 
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Fig,  6  X-ray  diffraction 
spectrum  obtained  from  ALG 
grown  AIN  thin  film  on 
WS2/Si(100)  thin  film  substrate. 


X-ray  photoelectron  spectroscopy  (XPS)  and  Auger  electron  spectroscopy  (AES)  were  used 
to  examined  the  chemical  composition  of  the  AIN  films.  While  both  spectra  obtained  from  the 
“as-received”  specimen  show  substantial  amount  of  oxygen,  indicating  surface  was  oxidized 
by  exposure  to  the  ambient  atmosphere,  corresponding  Ending  energies  for  N  and  A1  were 
consistent  to  AIN. 


IV.  DISCUSSION 

The  present  study  has  been  motivated  by  the  fact  that  the  lattice  constant  of  WS2  is 
remarkably  close  to  that  of  AIN,  so  that  properly  oriented  WS2  surface  may  be  used  as  a 
template  for  epitaxial  growth  of  AIN  ,  To  demonstrate  this,  we  have  developed  MOCVD  to 
fabricate  WS2  thin  films  with  their  basal  planes  oriented  parallel  to  the  substrate  surface,  on 
which  AIN  growth  was  attempted. 

AIN  can  be  produced  via  surface  reaction  using  ammonia  and  aluminum-containing  metal- 
organin  precursor  at  elevated  temperatures [9].  DMEAA  precursor  employed  in  the  present 
study  seems  to  be  promising  because  of  low  dissociation  energy  of  the  aluminum-amine  bond 
and  stability  of  amine  ligand,  allowing  the  reaction  to  be  carried  out  at  temperatures  much 
lower  than  those  typically  needed  for  AIN  thin  film  deposition.  For  the  atomic  layer  growth  of 
AIN,  the  first  step  of  the  reaction  involves  the  dissociation  of  DMEAA  molecules  by  breaking 
aluminum-amine  bonds,  leaving  AIH3  species  adsorbed  on  the  WS2  surface.  Although  the 
adsorption  sites,  nor  chemical  interaction  between  dissociated  species  with  the  substrate,  are 
not  Imown  at  present,  it  is  likely  to  form  two  dimensional  layer  of  DMEAA  dissociated 
species,  of  which  periodicity  is  determined  by  the  WS2  lattice  constant.  Subsequent 
exposure/reaction  to  NH3  will  form  Al-N  bonds,  constructing  AIN  lattice  structure.  Because 
of  close  proximity  of  the  lattice  constant  for  WS2  and  AIN,  the  lattice  constant  for  the  first 
AIN  layer  may  not  be  distorted,  making  subsequent  growth  of  AIN  unstrained.  These  steps 
are  schematic^ly  illustrated  in  Fig.  7. 

Relatively  high  deposition  rate  for  AIN  growth  was  found  for  sapphire  substrates[9];  this  is 
because  the  propensity  of  DMEAA  molecules  to  form  involatile  solid  with  oxygen  is  relatively 
high.  In  the  present  case,  however,  the  deposition  rate  was  found  to  be  a  several  factor 
slower  than  the  sapphire  case.  This  is  partly  understood  that  there  is  little  or  no  oxygen  on 
WS2  thin  film  in  our  case,  therefore  the  initial  reaction  that  is  necessary  to  initiate  the 
subsequent  reaction  with  NH3  is  not  efficient  as  the  sapphire  case.  Although  a  sulfur  is 
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among  the  family  including  an  oxygen,  the  chemistry  of  DMEAA  to  sulfur  may  be  different 
from  that  to  oxygen.  This  is  why  the  deposition  conditions  found  for  WS2  case  are  very 
different  from  what  was  found  for  the  sapphire  case.  At  the  present,  the  deposition 
conditions  are  not  yet  optimized  though,  the  details  must  be  worked  out  in  the  future. 


WS2(0001)  A1  first  layer 


N  layer  building  Completion  of 
on  top  of  A1  layer  AIN  lattice 


Fig.  7  Schematically  illustrated  model  for  AIN  lattice  growth  on  WS2(0001)  surface 


V.  CONCLUSION 

Tungsten  disulfide  has  been  used  as  a  substrate  for  the  growth  of  aluminum  nitride  by  atomic 
layer  growth  mode  using  the  novel  precursor  combination  of  dimethylamine-alane  (DMEAA) 
and  ammonia  (NH3)  has  been  demonstrated.  Close  proximity  of  the  lattice  constant  of  WS2 
to  those  of  AIN  may  lead  to  a  potential  application  of  this  materials  as  a  substrate  for 
subsequent  growth  of  AIN,  however,  the  details  chemistry  for  the  reaction  between  first 
DMEAA  molecular  layer  with  WS2  surface  must  be  worked  out  in  order  to  develop  this 
process. 
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ABSTRACT 

Heterostructures  involving  ZnS/GaN  show  promise  for  the  injection  of  holes  from  p-GaN 
into  n-ZnS.  This  combination  could  result  in  multi-color  electroluminescent  displays.  We 
have  grown  single  crystal  ZnS  on  GaN  and  sapphire  (0001)  by  MBE  using  elemental  sources. 
The  ZnS  was  grown  at  temperatures  from  150°C-400°G,  with  beam  flux  equivalent  pressures 
of  (0.3  —  2.0)  X  10“’’  torr.  Growth  rates  of  up  to  0.4  fim  per  hour  were  observed  for  the  lower 
growth  temperatures,  with  rapidly  diminishing  rates  for  temperatures  above  350  °G.  The 
GaN  substrate  consisted  of  a  3  jim  epilayer  grown  on  sapphire  by  MOCVD.  XPS  analysis 
revealed  the  presence  of  carbon  surface  contamination  on  the  GaN,  which  was  removed  by  in 
situ  exposure  to  an  RF  nitrogen  plasma.  RHBED  observations  indicate  that  the  zincblende 
ZnS  layers  commonly  contain  (111)  twins,  although  twin  free  films  may  be  grown  at  a  high 
substrate  temperature.  The  samples  were  characterized  using  photoluminescence  and  X-ray 
diffraction.  X-ray  peaks  typically  had  FWHM  of  400  arcsec  for  uj/2$  scans,  and  somewhat 
worse  for  co  scans.  Photoluminescence  spectra  of  the  ZnS  films  doped  with  Ag  and  A1 
demonstrated  the  well  known  blue  donor  acceptor  transition  at  440  nm. 

INTRODUCTION 

Zinc  sulfide,  with  its  wide  direct  bandgap,  has  long  been  known  as  a  versatile  and  efficient 
light  emitting  compound.  It  has  been  extensively  used  as  a  phosphor,  and  continues  to 
show  promise  in  semiconductor  light  emitting  devices,  such  as  ZnS  based  flat  panel  displays 
[1,  2,  3],  LEDs  [4],  and  semiconductor  lasers[5].  However,  difficulties  in  producing  high 
quality  doped  material,  particularly  p-type,  have  otherwise  reduced  the  utility  of  the  sulfide 
system. 

Recently,  high  conductivity  p-type  GaN  has  become  available  [6,  7,  8].  With  a  valence 
band  edge  below  that  of  ZnS  [9] ,  it  has  been  proposed  that  GaN  may  be  a  good  hole  injector 
into  ZnS  and  other  light  emitting  semiconductor  materials  [10].  To  this  end,  we  have  grown 
ZnS  on  GaN  (0001)  and  sapphire  (0001)  substrates  by  Molecular  Beam  Epitaxy  (MBE)  in 
an  attempt  to  characterize  this  potentially  interesting  system  as  well  as  gain  insight  into 
highly  lattice  mismatched  systems  in  general. 

While  there  have  been  many  reports  of  ZnS  grown  by  MBE  on  near  lattice  matched 
substrates  such  as  Si  [11,  12],  GaP  [13,  14,  15],  and  GaAs  [16,  17,  18],  little  has  been 
reported  of  epitaxial  growth  on  the  highly  mismatched  substrates  GaN  (~-f  20%  mismatch) 
or  AI2O3  (~-20%  mismatch).  These  interfaces  are  very  interesting  because  of  the  large 
mismatch  and  the  unusual  properties  of  the  constituents.  First,  it  is  not  expected  that 
the  ZnS  epilayer  will  grow  coherently  strained  for  more  than  one  monolayer.  More  likely 
relaxation  in  the  layers  closest  to  the  interface  will  result  in  dangling  bonds  and  dislocations 
other  than  the  traditional  misfit  dislocations.  In  fact  tilting  and  3D  relaxation  are  likely  the 
most  energetically  preferred  relaxation  mechanisms[19].  Second,  GaN  and  ZnS  are  known  to 
be  good  light  emitters  even  when  the  defect  density  is  high.  Hence,  this  interface  provides 
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Figure  1:  X-ray  photooinission  spectrum  of  GaN  before  and  after  exposure  to  in  situ  RF  nitrogen  plasnia. 

US  with  a  potentially  technologically  useful  interface  even  though  it  is  likely  to  be  heavily 
defected. 

EXPERIMENT 

ZnS  epilayers  were  grown  in  a  modified  Perkin-Elmer  430  Molecular  Beam  Epitaxy  sys¬ 
tem,  equipped  with  a  valved  cracking  source  for  sulfur  (6N  purity),  Knudsen  cell  sources 
for  elemental  Zn  (6N),  A1  (6N),  Ag  (6N),  and  an  RF  nitrogen  (5N5)  plasma  source  (Oxford 
Applied  Research).  Except  where  noted,  the  sulfur  cracking  zone  temperature  was  held  at 
700  °C.  The  growth  chamber  maintains  a  base  pressure  during  growth  of  3  x  10“^®  torr 
with  cryopaneling  fully  cooled.  Samples  were  either  bonded  with  In  to  molybdenum  holder 
blocks,  or  secured  to  similar  blocks  with  Mo  or  Si  clips.  We  found  that  In  bonding  provided 
better  temperature  uniformity  and  reproducibility  than  the  use  of  clips.  Temperatures  were 
measured  by  thermocouple,  and  reflection  high  energy  electron  diffraction  (RHEED)  oper¬ 
ating  at  10  keV  was  used  as  a  characterization  tool  during  growth.  Some  ZnS  films  were 
doped  with  Ag  and  Al. 

The  GaN  substrates  consisted  of  a  3  micron  thick  epilayer  grown  by  MOCVD  on  c-plane 
sapphire.  Sapphire  (0001)  substrates  were  sourced  from  Union  Carbide  Crystal  Products. 
Substrates  were  degreased  in  organic  solvents  and  loaded  into  the  vacuum  system.  Before 
epilayer  growth,  the  samples  were  transferred  in  situ  between  the  growth  chamber  and  an 
XPS  analysis  chamber.  XPS  analysis  on  the  GaN  layers  revealed  carbon  surface  contamina¬ 
tion  of  atmospheric  origin.  It  was  found  that  the  carbon  could  be  removed  by  exposing  the 
sample  to  an  RF  nitrogen  soak  at  a  substrate  temperature  of  500  °C  (Fig.  1).  The  plasma 
operated  at  a  chamber  pressure  of  1  x  10“®  torr  and  200  Watts  RF  power.  This  treatment 
also  visibly  improved  the  RHEED  pattern  of  the  GaN.  Contamination  could  be  reduced,  but 
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Figure  2:  lOkcV  RHEED  iinagos  of  ZuS  on  sapphire  (A)  grown  at  400  °C  and  showing  no  twins,  (B)  grown 
at  250 °C  with  sulfur  cracking  zone  temperature  of  700 °C  and  showing  (111)  twins,  (C)  grown  at  250 °C 
with  cracking  zone  at  300 °C  showing  (111)  twins,  and  (D)  ZnS:Al,Ag  grown  on  GaN  ((111)  twinned).  The 
smudge  common  to  all  pictures  is  due  to  a  defect  in  the  phosphor  screen  (x). 
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Figure  3:  Temperature  dependence  of  the  growth  rate  of  ZnS  on  sapphire  (0001).  The  line  is  meant  to 
guide  the  eye. 


not  eliminated,  by  thermal  cleaning  alone.  The  sapphire  substrates  were  thermally  treated 
at  500  °C  for  30  minutes  prior  to  growth,  after  which  sharp  RHEED  streaks  were  manifest. 
We  found  that  etching  of  substrates  made  no  noticeable  difference. 

RESULTS  AND  DISCUSSION 

Preceding  MBE  growth  the  GaN  and  sapphire  substrates  showed  sharp  RHEED  streaks. 
After  opening  the  source  shutters  the  RHEED  pattern  quickly  became  spotty  for  most  films, 
suggesting  that  growth  proceeds  in  the  3D  (Volmer- Weber)  mode.  The  spotty  pattern  per¬ 
sisted  throughout  the  growth  period,  and  indicates  that  the  ZnS  films  are  of  the  zincblende 
structure  with  (111)  orientation  and  are  single  crystalline  or  composed  of  mosaic  crystallites 
which  are  aligned  with  the  underlying  substrate  lattice.  Most  films  displayed  twinning  in 
the  basal  plane  (111)  (Fig.  2(B))  which  is  commonly  observed  for  growth  on  a  (111)  oriented 
substrate  [18,  13],  although  this  twinning  was  absent  and  replaced  by  (111)  twins  for  some 
films  grown  with  a  lower  sulfur  cracking  temperature  of  300  °C  (Fig.  2(C)).  Films  grown 
at  the  higher  temperature  of  400 °C  showed  no  visible  twinning  (Fig.  2(A))  [20]  and  show 
superior  surface  morphology,  although  they  suffer  from  extremely  low  growth  rates.  Anti¬ 
thetically,  ring-like  patters  were  observed  for  films  grown  at  very  low  temperatures  or  with 
poor  surface  preparation.  Streaky  patterns  were  not  observed  for  any  of  the  samples  grown  at 
temperatures  between  150°C-400°C  and  with  source  flux  beam  equivalent  pressures  (BEPs) 
of  (0.3  -  2.0)  X  10“^  torr. 

Film  thicknesses  were  measured  by  depth  profiler  and  by  spectroscopic  ellipsometery,  and 
growth  rates  were  calculated  assuming  a  constant  rate  throughout  the  growth  period.  Fig.  3 
shows  the  calculated  rates  as  a  function  of  growth  temperature.  Rates  of  up  to  0.4  fim  per 
hour  were  observed  for  the  lower  growth  temperatures,  with  rapidly  diminishing  rates  for 
temperatures  above  350  °C.  This  trend  is  in  agreement  with  other  work  [13,  11,  18). 

High  resolution  x-ray  diffraction  analysis  was  performed  using  a  four  crystal  (Ge  (220)) 
diffractometer  and  Cu  Ko:  xrays.  Results  indicated  that  the  films  are  composed  of  mosaic 
crystalline  domains  which  are  slightly  tilted  and  rotated  from  one  another.  Such  mosaic 
films  are  commonly  observed  in  other  materials  systems  where  large  lattice  mismatch  exists, 
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Figure  4;  (A)  X-ray  rocking  curves  for  ZnS  grown  on  sapphire  at  (i)  250  °C  and  (ii)  400  °C.  (B)  Photo¬ 
luminescence  spectra  of  ZnS  doped  with  silver  and  aluminum  on  unintentionally  doped  GaN  (solid),  and 
sapphire  (dashed). 


such  as  Si  on  AI2O3,  and  GaAs  on  Si.  The  FWHM  of  (111)  peaks  were  consistently  close 
to  400  arcsec  for  a;/2^  scans,  invariable  with  growth  conditions.  X-ray  rocking  curves  (w 
scans)  showed  peak  widths  of  up  to  several  degrees,  depending  on  growth  temperature,  film 
thickness,  and  doping  (Fig.  4(A)).  The  FWHM  of  u;  scans  provides  an  indication  of  the  degree 
of  mosaic  tilting  that  is  present  in  the  film.  Undoped  samples  grown  at  400  °C  showed  the 
best  as  grown  rocking  curve  FWHM  of  approximately  60  areminutes.  Further  improvement 
in  crystalline  quality  was  obtained  by  post-annealing  at  1000  in  a  high  pressure  (~  10 
atm)  sulfur  environment  [21]. 

Low  temperature  (5  K)  photoluminescence  measurements  were  made  using  the  325  nm 
wavelength  of  a  HeCd  laser.  The  samples  doped  with  Ag  and  A1  produced  a  bright  blue 
luminescence,  with  a  spectrum  as  shown  in  Fig.  4(B).  Visible  are  the  characteristic  silver 
high  (390  nm)  and  low  (440  nm)  energy  emission  bands  [22].  Also  present  in  the  spectrum 
is  the  near  band  edge  excitonic  structure  (350  nm  -  400  nm)  of  the  unintentionally  doped 
n-type  GaN  substrate.  The  ZnS  bandgap  is  too  wide  to  probe  near  band  edge  features  with 
this  laser. 

SUMMARY 

Zinc  sulfide  thin  films  were  grown  on  GaN  and  sapphire  substrates  by  MBE,  with  the 
GaN  surface  being  effectively  cleaned  prior  to  growth  by  exposure  to  an  RF  nitrogen  plasma. 
RHEED  patterns  indicated  that  monocrystalline  films  could  be  grown  on  both  substrates, 
but  most  contained  microtwins  in  the  (111)  or  (111)  planes.  No  twins  were  visible  in  the  films 
grown  at  400  °C.  Typical  growth  rates  were  measured  at  0.1-0. 2  yum/hour  for  temperatures 
below  350  °C  and  were  much  lower  for  higher  temperatures.  The  samples  were  characterized 
using  photoluminescence  and  X-ray  diffraction.  X-ray  peaks  typically  had  FWHM  of  400 
arcsec  for  a;/20  scans,  and  larger  widths  for  uj  scans,  indicating  a  degree  of  mosaic  tilts.  The 
PL  from  the  ZnS  films  doped  with  Ag  and  A1  displayed  bright  blue  luminescence. 
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ABSTRACT 

The  review  of  structural  and  optical  properties  of  homoepitaxial  layers  grown  by  MOVCD 
on  single  crystals  GaN  substrates  is  presented.  The  TEM  technique  is  used  to  characterise  the 
structural  properties  of  epi-layers.  It  is  found  that  the  structural  properties  of  GaN 
homoepitaxial  layers  are  determined  by  the  polarity  of  the  substrate  surface  on  which  the 
growth  takes  place.  It  is  shown  that  threading  dislocations  are  present  only  in  the  layers  grown 
on  the  [0001]  “smooth”  surface.  On  the  other  hand  the  layers  grown  on  the  [0001]  “rough” 
surface  are  free  from  vertical  defects.  The  characteristic  feature  of  the  growth  on  the  “rough” 
surface  are  pinholes.  The  optical  properties  of  homoepitaxial  layers  are  predominantly 
determined  by  the  growth  polarity  as  well.  It  is  shown  also  that  the  reflectivity  measurement  is 
the  most  precise  way  to  determine  the  exciton  energies  and  that  emissions  due  to  free  excitons 
are  strongly  affected  by  polariton  effects. 

INTRODUCTION 

Recent  advances  in  heteroepitaxial  growth  of  GaN  by  MOCVD  have  demonstrated  that  a 
high  quality  layers  can  be  grown  on  sapphire  substrates.  The  heteroepitaxial  layers  exhibit 
sufficiently  good  properties  for  production  light  emitting  diodes'  and  injection  diode  lasers 
operating  in  blue  wavelength  region'*.  There  is  a  lot  of  interest  in  understanding  the  growth 
mechanisms  and  defect  structure.  The  investigation  of  homoepitaxial  layers,  which  are  of  much 
higher  quality  than  the  heteroepitaxial  ones  can  be  very  helpful  to  understand  several  growth 
problems  and  defect  formation  mechanisms.  However,  in  contrary  to  many  papers  devoted  to 
heteroepitaxy  there  is  relatively  a  small  number  of  papers  about  growth  of  homoepitaxial  layers. 
This  is  because  single  crystals  of  GaN  are  rarely  available.  The  first  results  on  the 
homoepitaxial  growth  of  GaN  MOCVD  epitaxial  layers  have  been  already  reported.^'®  In  this 
paper  a  progress  of  structural  and  optical  investigation  of  homoepitaxial  layers  is  presented. 

STRUCTURAL  PROPERTIES  OF  HOMOEPITAXIAL  LAYERS 

Bulk  GaN  single  crystals  which  have  been  used  as  substrates  in  the  epitaxial  growth  have 
been  grown  from  diluted  solution  of  atomic  nitrogen  in  the  liquid  gallium  at  temperature  1600°C 
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and  at  nitrogen  pressure  of  about  15-20  kbar  by  the  method  described  previously’.  GaN  single 
crystals  grown  by  this  method  have  a  plate-like  shape  of  an  area  of  10  -  50  mm^  and  a  thickness 
of  about  100  -  200  p.m.  These  single  crystal  plates  have  the  hexagonal  [0001]  c-axis 
perpendicular  to  the  surface.  Crystals  grown  by  this  method  have  electron  concentration  close  to 
5x10'®  cm■^  In  spite  of  a  high  concentration  of  point  defects  the  structural  quality  of  GaN  single 
crystals  are  very  good  indeed.  The  X-ray  measurements  have  shown  that  the  width  of  rocking 
curve  for  00.4  Cu  reflection  ranges  between  30  and  50  arcsec.’  The  GaN  platelets  have 
relatively  flat  surfaces  which  may  be  used  for  the  MOCVD  growth.  However,  the  preliminary 
results  on  mechanically  polished  surfaces  will  be  presented  in  this  paper.  The  GaN  epitaxial 
layers  have  been  grown  in  a  horizontal  atmospheric  pressure  MOCVD  system  adapted  for 
nitrides  growth.  The  trimethylgallium  (TMG)  and  NHj  have  been  used  as  sources  of  Ga  and  N 
respectively,  in  addition  to  Hj  as  a  carrier  gas.  The  growth  took  place  at  temperatures  ranging 
from  SOO^C  to  1050°C  and  the  flow  of  gases  have  been  chosen  in  such  a  way  that  layers  of 
about  Ijxm  -  2pm  thickness  have  been  obtained.  The  growth  of  GaN  layers  was  realised  directly 
on  single  crystals  substrates  without  deposition  of  a  low  temperature  nucleation  layer.  It  is 
known  that  the  [0001]  direction  of  GaN  is  polar,  therefore,  one  surface  should  be  terminated 
with  Ga  atoms  and  the  other  one  with  N  atoms.  The  transmission  electron  microscopy  (TEM) 
revealed  that  one  of  the  surface  is  atomically  flat  with  steps  equal  to  2  -  3  monolayers,  and  the 
other  is  rough,  covered  with  pyramids  of  the  10-30  nm  hight.®’° 

Convergent  -  beam  electron  diffraction  (CBED)  was  applied  to  determine  polarity  of  the 
substrate  bulk  crystal  and  epilayers.  It  was  shown  earlier  for  bulk  GaN  samples  that  the  bond 
along  the  c-axis  between  N  and  Ga  atom  is  arranged  in  such  a  way  that  Ga  was  pointing 
towards  the  smooth  surface  and  N  towards  the  rough  one®  '®.  This  polarity  assignment  is 
opposite  to  the  one  obtained  for  polished  GaN  crystals.  ®  Because  the  reason  for  this 
disagreement  is  not  clear  yet,  a  “smooth”  and  a  “rough”  surface  will  be  used  in  this  work. 

TEM  studies  showed  that  the  MOCVD  epitaxy  retains  the  polarity  of  the  substrate. 
However,  it  has  been  found  that  two  [0001]  oriented  GaN  surfaces  are  not  equivalent  from 
point  of  view  of  properties  of  the  grown  homoepitaxial  layer.  In  particularly  the  layer  quality 
and  type  of  defects  present  in  the  layer  depend  on  the  substrate  polarity. 

In  epi-layer  grown  on  the  ‘smooth’  surface  threading  dislocations  (Fig.  la)  and  vertical 
defects  (inversion  domains)  could  be  found.  It  was  found  that  all  threading  defects  started 
from  the  dislocation  loops  formed  at  the  interface.  In  some  cases  threading  dislocations  were 
grouped  into  bunches.  The  estimated  concentration  of  these  threading  defects  was  close  to 
5x10®  cm'^.  As  far  as  inversion  domains  are  concerned,  which  are  present  at  density  5x10® cm"’, 
it  was  found  that  they  originate  from  dislocation  loops  at  the  interface  as  well.  In  additional  to 
these  defects  interstitial  type  dislocation  loops  and  pinholes  associated  with  inversion 
boundaries  could  be  occasionally  found  in  this  layer.  Beside  described  defects,  a  dark  contrast 
clearly  seen  in  Fig.  la  have  been  observed  along  the  interface.  Detailed  high  resolution  TEM 
studies  showed  that  this  contrast  is  not  related  to  any  structural  defect.  Bright  and  dark  field 
images  taken  with  different  diffraction  conditions  showed  that  some  inhomogenity  or 
segregation  takes  place  within  35  nm  thick  layer  at  the  interface.  It  should  be  pointed  out  that 
the  interface  between  substrate  and  layer  is  very  flat  and  relatively  sharp.  It  seems  that  interface 
inhomogenities  observed  by  TEM  can  be  related  with  a  some  deviation  from  the  stoichiometry 
which  results  from  the  decomposition  of  GaN  at  the  growth  temperature. 
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Fig.  1.  (a)  TEM  micrograph  of  cross-section  sample  of  the  epitaxial  GaN  layer  (L)  grown 
on  the  „smooth”  side  of  the  substrate  (S).  Note  formation  of  threading  dislocations 
originating  from  the  defect  at  the  interface  and  dark  contrast  line  at  the  interface. 
Detailed  study  of  the  interface  region  showed  that  this  dark  line  represents 
inhomogeneities  within  35  nm  thick  layer. 

(b)  Cross-section  through  the  bulk  GaN  substrate  (S).  Only  ,^ough”  side  of  the  bulk 
substrate  is  shown  (on  the  opposite  side  from  the  layer). 

Homoepitaxial  growth  has  been  done  without  buffer  layers.  Such  growth  requires  that 
TMG  is  introduced  into  the  MOCVD  system  at  the  temperature  growth  begins  -  close  to 
1050°C.  However,  at  this  temperature  in  the  presence  of  and  NH3  the  surface  of  the  substrate 
is  already  affected  by  the  decomposition  of  GaN.  It  has  been  found  that  the  „smooth”  surface 
of  the  substrate  is  more  sensitive  for  the  decomposition  process  of  GaN  than  the  j^'ough”  one. 
In  particular,  it  has  been  found  that  for  homoepitaxy  on  the  “smooth”  surface  the  initiation  of  the 
growth  have  to  be  done  at  lower  temperauire  than  in  the  case  of  growth  on  the  “rough”  surface. 

In  GaN  epi-layer  grown  on  the  „rough”  surface  no  threading  dislocations  were  observed. 
The  cross  section  through  the  epi-layer  grown  on  this  surface  is  shown  in  Fig.2.  No  dark 
contrast  at  the  interface  between  the  bulk  GaN  substrate  and  the  epi-layer  could  be  found.  The 
growth  on  this  polarity  of  the  surface  is  so  good  that  the  TEM  could  not  conclusively  determine 
the  exact  position  of  the  interface.  Only  interstitial  type  dislocation  loops  mostly  formed  on  c- 
planes  with  a  density  in  the  range  1x10’  cm"^  were  found.  However,  a  high  density  of  pinholes 
(in  the  range  of  10®  -  10’  cm'^)  was  found  in  the  investigated  epi-layer.  The  presence  of  pinholes 
of  the  hexagonal  shape  on  the  surface  is  a  characteristic  feature  of  the  growth  on  this  surface. 
There  are  not  dislocations  below  and  around  the  pinhole  region  as  it  is  seen  in  Fig.  2a.  It  may 
be  expected  that  some  of  pinholes  originate  from  the  interface.  Pinholes  seems  to  indicate 
places  on  the  surface  of  the  substrate  on  which  due  to  contamination  the  nucleation  of  GaN  is 
more  difficult.  The  concentration  of  pinholes  can  be  reduced  when  the  growth  on  mechanically 
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polish  surface  is  taking  place.  It  has  been  observed  that  the  pinholes  have  tendency  of  closing 
themselves  during  the  growth.  However,  a  possibility  that  some  of  them  are  formed  during  the 
growth  can  not  be  excluded.  A  detailed  discussion  of  the  formation  of  pinholes  can  be  found  in 
this  volume". 


Fig.  2  (a)  TEM  micrograph  of  cross  section  sample  of  the  epitaxial  GaN  layer  (L)  grown 
on  the  rough  side  of  the  substrate  (S).  Note  high  perfection  of  this  layer  and  lack 
of  any  mark  of  the  interface.  Several  pinholes  shown  in  (a)  were  found  in  this 
cross-section  sample. 

(b)  Cross-section  through  the  bulk  GaN  substrate  (S).  Only  opposite  side  from  the 
layer  (smooth  side)  is  shown.  White  marks  in  the  layer  and  in  the  substrate 
indicate  the  areas  used  for  the  particular  CBED  patterns. 


The  emission  spectra  are  sensitive  to  the  polarity  of  the  surface  on  which  growth  takes  place. 
This  is  shown  in  Fig.3  where  spectra  of  layers  grown  on  the  “smooth”  and  the  “rough”  surface 
of  the  mechanically  polished  [0001]  platelets  are  compared. 

In  spite  that  the  two  layers  have  been  grown  in  the  same  conditions  (with  exception  of  the 
growth  initiation  temperature  which  is  lower  for  the  growth  on  the  “smooth  surface)  they 
differ  in  relative  concentration  of  donors  and  acceptors.  The  strong  emission  lines  due  to 
neutral  acceptor  bound  excitons  are  only  present  in  the  layer  grown  on  the  “rough”  surface  of 
the  substrate,  on  which  the  interface  is  free  from  any  sign  of  deviation  from  stoichiometry.  On 
the  other  hand,  the  emission  spectrum  of  the  layer  grown  on  the  “smooth”  surface  is  dominated 
by  the  neutral  donor  bound  exciton.  That  indicates  that  in  layers  grown  on  the  “sooth”  surface 
predominant  defects  are  of  donor  character.  Deviation  from  stoichiometry  connected  for 
example  with  an  excess  of  gallium  could  be  consistent  with  this  result.  Excess  of  gallium  at 
the  interface,  created  in  the  first  stages  of  the  growth,  may  diffuse  into  the  layer  and  create 
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donors  due  to  nitrogen  vacancies  or  gallium  interstitial.  It  is  likely  that  deviation  from 
stoichiometry  leading  to  excess  of  Ga  is  visible  in  TEM  in  a  form  of  dark  contrast  line  at  the 
interface.  This  hypothesis  has  a  strong  confirmation  by  the  results  of  the  emission  spectra  of 
two  layers  grown  on  unpolished  surfaces  shown  in  Fig.4.  The  growth  and  growth  initiation 
temperature  (the  other  growth  conditions  as  well)  were  the  same  for  layers  of  both  polarity. 
The  spectrum  of  the  layer  grown  on  the  “smooth”  surface  is  very  broad  and  emission  of  light  of 
energy  above  the  energy  gap  of  GaN  is  observed.  This  is  the  most  likely  due  to  Bumstain 
effect  caused  by  a  laree  concentration  of  donors. 


Fig.3.  The  emission  spectra  of  two  homoepitaxial  GaN  layers  grown  at  fne  same 
temperature  close  to  1000°C  on  the  “smooth”  and  “rough”  surfaces  of  the  GaN 


Fig.  4.  The  emission  spectra  of  two  homoepitaxial  layers  grown  at  1000“C  on  the 
“smooth”  and  “rough”  surfaces  of  the  GaN  substrate  (without  a  low 
temperature  growth  initiation  done  at  the  “smooth”  side). 
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The  morphology  of  the  surface  of  the  epi-layer  depends  strongly  on  the  state  of  preparation 
of  the  surface.  This  is  in  particularly  important  in  the  case  of  the  growth  on  mechanically 
polished  samples.  It  has  been  found  that  in  the  case  of  a  well  prepared  surface  of  the  “rough” 
surface,  the  step  flow  of  steps  of  the  same  length  and  of  the  height  equal  to  double  atomic  layer 
have  been  observed.  A  discussion  of  the  surface  morphology  of  homoepitaxial  layers  grown  on 
polished  GaN  substrates  can  be  found  in  this  volume’ ^ 

OPTICAL  PROPERTIES  OF  HOMOEPITAXIAL  LAYERS. 

The  optical  properties  of  homoepitaxial  layers  are  improved  considerably  comparing  ones 
grown  on  sapphire.  Therefore  information  obtained  on  homoepitaxial  layers  can  be  used  to 
verify  important  parameters  of  GaN,  such  as  free  exciton  binding  energies  and  energies  of 
excitons  bound  to  acceptors  and  donors  and  photon  -  exciton  coupling  constants. 

The  luminescence  within  the  exciton  region  of  a  good  quality  GaN  homoepitaxial  layer  is 
shown  in  Fig.  5. 

One  can  distinguish  five  different  emission  processes  in  this  energy  region.  The  first  process 
is  connected,  with  free  exciton  (FE)  recombination  which  takes  place  in  the  range  3.475  - 
3.490  eV  and  will  be  described  later  on.  The  emission  line  at  3.474  eV  has  been  previously 
assigned  as  due  to  neutral  donor  bound  exciton  from  deeper  B  valence  band'’ .  However,  it  is 
possible  that  it  is  connected  with  bound  exciton  to  ionised  donor.  Very  similar  to  the  presented 
in  Fig.4  spectrum  has  been  observed  in  ZnO”  and  the  binding  energy  of  exciton  to  ionised 
donor  has  been  found  to  be  pronounce  smaller  than  the  one  to  the  neutral  donor.  This  is 
consider  as  the  second  process  and  the  binding  energy  of  3  meV  of  exciton  to  ionised  donor 
(D^X)  has  been  obtained. 

ENERGYfeV] 
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Fig.  5.  The  luminescence  spectrum  of  undoped  homoepitaxial  GaN  layer  in  the  exciton 
region  at4.2K. 

The  third  emission  process  is  the  well  known  recombination  due  to  the  exciton  bound  to  the 
neutral  donor  (DBE),  which  takes  place  at  about  3.472  eV.  This  process  has  been  recently 
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identify  in  Zeeman  experiment'^  The  fourth  process,  also  identify  in  Zeeman  experiment'^  is 
connected  with  emission  of  excitons  bound  to  neutral  acceptors  (ABE)  observed  close  to  3.466 
eV.  The  ABE  emission  line  has  a  characteristic  low  energy  shoulder,  which  is  most  likely  due 
to  coupling  of  this  transition  with  acoustic  phonons.  A  similar  coupling  of  acoustic  phonons 
with  acceptor  bound  exciton  emission  have  been  observed  in  and  CdS'^  The  fifth  emission 
process  responsible  for  the  3.45  eV  line  is  the  most  likely  connected  with  two  electron 
transition.  A  similar  process  in  which  exciton  bound  to  a  neutral  donor  recombines  leaving  the 
donor  in  the  first  excited  state  has  been  observed  in  ZnO'\  The  energy  difference  between  this 
line  and  the  neutral  donor  bound  exciton  line  is  22meV  which  corresponds  to  30meV 
hydrogenic  donor  ionisation  energy.  It  was  found  that  decay  kinetics  of  the  3.45eV  line  is  close 
to  the  decay  time  of  DBE  and  much  faster  than  the  decay  time  of  ABE'®  acoustic  phonon 
replica  on  which  tail  the  measured  3.45  eV  transition  is  superimposed. 

Result  of  reflectivity  on  a  good  quality  homoeptaxial  layer  grown  on  the  N  terminated 
unpolished  surface  is  shown  in  Fig.6.  The  fit  of  calculated  reflectivity  to  the  experimental  one  is 
shown  in  Fig.6  as  well.  Details  of  the  fit,  which  includes  the  polariton  effects,  are  described 
elsewhere*’. 


Fig.6.  The  experimental  reflectance  spectrum  (dashed  line)  of  homoepitaxial  GaN  layer 
and  fitted  theoretical  curve  (solid  line). 

The  best  fit  has  been  obtained  for  following  values  of  fi-ee  exciton  energies,  the  damping 
parameter  G  and  longitudinal-tranversal  splitting  Dlj  given  in  Table  I. 

Table  I.  The  values  of  fi-ee  exciton  A,  B  and  C  energies,  damping  parameters  G, 
longitudinal  -  transversal  splitting  D^t,  and  polariability  4pao  obtained  fi-om  the  fit 
to  the  reflectivity  data  presented  in  Fig.6. 


Exciton 

Energy  (eV) 

G  (meV) 

D„  (meV) 

4pao  1 

A 

3.4767 

0.5 

1.15 

B 

3.4815 

1.1 

0.0037 

C 

3.4987 

3.3 

0.55 

0.0018 
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A  measure  of  coupling  between  exciton  and  photon  given  by  Dl^  is  sometimes  expressed  by 
polarizability  a^  which  is  also  included  in  the  Table  1.  The  values  of  the  free  exciton  energies 
has  been  obtained  from  the  best  fit  to  reflectivity  observed  in  one  particular  sample.  However, 
one  should  remember  that  due  to  some  residual  strain  present  even  in  homoepitaxial  layers, 
parallel  shifts  of  excitonic  lines  even  up  to  1  meV  have  been  observed. 

The  value  of  Dlt=  0-64  meV  for  GaN  obtained  on  heteroepitaxial  layer  has  been  recently 
reported’®.  The  values  of  4pao  obtained  for  GaN  can  be  compared  to  1.2x10*^ ,  14.0x10’^  and 
7.7x10'^  obtained  for  GaAs’®,  CdS^°  and  ZnO^'  respectively.  The  longitudinal  -  transverse 
splitting  Dlit  for  these  materials  are  equal  0.07  meV,  2.2  meV  and  2.1  meV  respectively.  The 
exciton  -  photon  coupling  obtained  for  GaN  is  stronger  than  in  GaAs  but  definitely  weaker  than 
in  II-VI  compounds  and  it  seems  to  be  connected  with  polarity  of  this  material. 

In  addition  to  the  strongly  dispersed  reflectivity  lines  due  to  the  free  excitons,  there  is  also  a 
weak  structure  connected  with  the  neutral  donor  bound  exciton  at  3.472  eV.  The  DBE  structure 
has  been  observed  in  heteroepitaxial  GaN  layers  in  calorimetric  absorption  measurements’®.  The 
DBE  is  usually  not  observed  in  reflectivity  with  one  exceptional  case  for  CdS^^.  The 
observation  of  DBE  structure  in  reflectivity  in  GaN  is  an  indication  of  a  good  quality  of  the 
homoepitaxial  layer. 

Energies  of  free  excitons  obtained  from  reflectivity  are  more  precise  than  the  ones  obtained 
from  luminescence  measurements.  The  polariton  effects  which  are  usually  neglected  are  also 
important  in  the  interpretation  of  emission  spectra.  The  emission  and  reflectivity  spectra  in  the 
free  exciton  region  of  the  same  homoepitaxial  layer  are  shown  in  Fig.7. 


Energy  [eV] 

Fig.7.  Reflectivity  and  luminescence  within  the  free  A  and  B  exciton  region  of 
homoepitaxial  GaN  layer  with  a  relatively  high  concentration  of  donors. 


The  emission  spectrum  shown  in  Fig.7  has  clearly  two  peaks  in  the  free  exciton  A  region, 
and  the  reflectivity  spectrum  measured  at  the  same  sample  shows  the  minimum,  which  falls 
between  two  emission  peaks.  The  minimum  of  reflectivity  corresponds  to  longitudinal  exciton 
energy  El.  The  intensity  of  emission  connected  with  DBE  in  relation  to  the  free  exciton  one  is 
very  high  (ratio  equal  to  about  100),  what  indicates  a  relatively  large  concentration  of  donors 
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in  this  unintentionally  doped  sample.  Therefore  the  scattering  of  polaritons  by  neutral  donors 
may  be  expected  to  be  important  in  this  layer. 

The  emission  spectrum  of  a  relatively  more  pure  layer  is  shown  in  Fig.8.  In  this  layer  the 
ration  of  intensity  of  DBE  to  free  exciton  one  is  close  to  4  and  therefore,  a  smaller 
concentration  of  donors  is  expected.  It  is  also  seen  in  Fig.8  that  instead  of  the  double  peak  a 
single  one  is  connected  with  the  free  A  exciton.  Such  effect  has  been  also  observed  in  GaAs, 
where  depending  on  the  donor  concentration  a  single  or  double  free  exciton  peak  was 
obtained’^. 

It  is  known  that  in  a  direct  band  gap  semiconductors,  a  strong  coupling  of  free  excitons  with 
photons  of  the  same  energy  exists.  This  coupling  results  in  a  mixed  mode  excitation  called  an 
exciton  polariton  which  characterises  in  a  two  branch  polariton  dispersion  curve.  The  existence 
of  two  polariton  branches  complicates  description  of  interaction  of  light  with  a  crystal.  The 
Fresnel  equations  no  longer  provide  sufficient  boundary  conditions  and  addition  boundary 
conditions  (ABC)  have  to  be  introduced  containing  the  information  about  what  fraction  of  the 
energy  travels  on  which  polariton  branch.  The  polariton  effects  have  been  widely  studied  in 
GaAs’^  and  CdS^°.  Clear  reflectivity  spectra  obtained  on  homoepitaxial  layers  shown  in  Fig.6 
enable  us  to  study  polariton  structure  of  GaN. 


Fig.8.  Luminescence  connected  with  the  free  A  and  B  excitons  in  a  pure  homoepitaxial 
GaN  layer 

The  polariton  dispersion  curves  for  GaN  have  been  calculated  for  parameters  corresponding 
to  the  ones  obtained  from  the  reflectivity  analysis  and  for  ABC  proposed  by  Pekar^^  and  are 
shown  in  Fig.  9.  The  positive  values  of  real  part  of  k^  correspond  to  propagating  modes  and  the 
negative  ones  give  an  imaginary  values  of  the  wavevector  k  and  correspond  to  the  evanescent 
mode.  On  the  lower  polariton  branch  (LPB),  at  large  wavevectors,  the  polaritons  are 
predominantly  excitonlike.  On  the  upper  polariton  branches  (UPB)  above  the  resonances 
connected  with  the  A  and  B  exciton  energy  the  polaritons  are  photonlike  with  increasing  wave 
vector. 

It  was  found  that  in  the  GaN  case  a  damping  has  significant  influence  on  polariton  disperse 
curves.  The  important  difference  between  zero  damping  case  (often  use  in  the  interpretation  of 
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polariton  effects)  and  finite  damping  is,  that  polariton  branches  exist  for  all  values  of  energies. 
Below  the  longitudinal  exciton  El  energy  (for  polariton  originating  from  A  free  exciton)  there  is 
one  propagating  and  one  evanescent  mode. 


Real  part  of  [cm‘^] 


Fig.9.  The  calculated  polariton  energies  versus  real  part  of  (where  k  is  the 
wavevector  of  polariton)  for  GaN.  Polariton  branches  presented  in  Fig.  arise  from 
photon  coupling  with  A  and  B  free  excitons.  The  El  and  Ej  indicated  in  Fig. 
correspond  to  longitudinal  and  transverse  A  free  exciton  energy. 

The  polariton  dispersion  has  a  profound  effect  on  the  luminescence  mechanism  due  to 
polariton  scattering  process.  Excitonlike  polaritons  can  be  inelastically  scattered  to  the  lower 
energy  region  of  the  dispersion  curve  which  creates  a  "bottleneck"  to  further  inelastic  scattering 
due  to  a  lack  of  suitable  small  wave  vector  phonons.  In  addition  to  this,  the  scattering  from  the 
LPB  to  the  UPB  photonlike  region  of  the  dispersion  curve  may  takes  place  as  well.  Polariton 
luminescence  results  from  those  polaritons  which  upon  reaching  the  surface,  are  converted  into 
photons  leaving  the  crystal.  The  polaritons  from  the  UPB  have  more  photonlike  character  and 
provide  a  path  for  polaritons  to  escape  the  crystal.  Therefore  the  luminescence  from  the  energy 
region  above  the  El  is  primarily  from  the  UPB.  A  single  emission  peak  may  be  expected  as  it  is 
seen  in  Fig. 8.  However,  much  more  common,  not  only  in  GaN  but  also  in  other 
semiconductors,  it  is  a  doublet  structure  such  as  shown  in  Fig.  7.  Such  doublet  has  been 
observed  in  n-type  doped  GaAs  and  it  has  been  suggested  that  the  elastic  polariton  impurity 
scattering  is  responsible  for  this  effect'^.  It  has  been  found  also  that  neutral  donors  of  wave 
function  much  more  extended  in  space,  scatter  at  least  an  order  of  magnitude  stronger  than 
neutral  acceptors^®.  Therefore,  a  relatively  high  concentration  of  donors  may  create  a  path  for 
polaritons  to  be  efficiently  scattered  from  the  UPB  to  the  LPB  at  the  bottleneck  energy,  at 
which  they  finally  reach  the  surface  and  convert  themselves  into  photons.  These  explain 
qualitatively  the  results  of  luminescence  shown  in  Fig.7  corresponding  to  a  higher 
concentration  of  donors. 

The  polariton  effects  in  free  exciton  emission  are  difficult  to  interpret  quantitatively  because 
they  are  connected  with  scattering  of  polaritons  within  the  excited  by  light  layer  of  the  crystal. 


402 


It  is  relatively  easy  to  include  polariton  effects  in  the  analysis  of  reflectivity  data,  which  are  free 
from  the  scattering  problem. 

CONCLUSIONS 

It  has  been  shown  that  characteristic  feature  of  the  homoepitaxial  layers  grown  on  “smooth: 
surface  of  GaN  substrate  are  threading  dislocations  of  the  density  close  to  5  x  10®  cm-^  originating 
at  the  interface.  Inhomogeneities  observed  by  TEM  at  the  interface  in  layers  grown  on  the 
“smooth”  GaN  surface  are  the  most  likely  connected  with  decomposition  of  GaN  at  the  growth 
initiation  temperature.  The  growth  on  the  “rough”  GaN  surface  with  opposite  polarity  is  more 
stable.  Homoepitaxial  layers  grown  on  the  “rough”  side  are  of  the  best  quality  without  threading 
dislocations  and  of  very  good  interface  between  the  bulk  and  the  layer.  However,  growth  on  this 
side  results  in  the  formation  of  pinholes,  whose  origin  is  discussed  in  detail  by  Liliental-Weber  et 
al  in  this  volume. 

It  has  been  shown  that  the  reflectivity  analysis  gives  the  most  accurate  values  of  free 
exciton  energies  and  proves  the  important  role  of  polariton  effects  in  GaN.  It  has  been  shown  also 
that  the  impurity  scattering  of  polaritons  leads  to  emission  from  UPB  and  LPB  which  results  in 
double  peak  of  FEa  luminescence.  However,  in  more  pure  samples  in  which  apparently  the 
acoustic  phonon  scattering  of  polaritons  is  more  than  impurity  scattering  the  emission  is 
predominantly  from  the  photonlike  UPB. 
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ABSTRACT 

In  this  paper  we  report  that,  in  addition  to  dislocations,  two  other  types  of  defects  are 
observed  in  high  quality  GaN  thin  films.  These  defects  have  a  filamentary  nature,  are  oriented 
along  the  <000 1>  direction,  and  may  not  be  easily  distinguished  from  die  pure  dislocations. 
Using  a  combination  of  conventional  electron  microscopy  with  convergent  beam  electron 
diffraction  techniques  we  show  that  one  of  these  types  of  dislocations  consist  of  nanopipes, 
which  are  coreless  dislocations  with  Burgers  vectors  <000 1>.  The  other  type  of  observed  defects 
consist  of  inversion  domains  with  [OOOT]  orientation  within  the  [0001]  matrix.  The  origin  of 
the  inversion  domains  and  nanopipes  is  discussed. 

INTRODUCTION 

High  quality  GaN  thin  films  are  characterized  by  high  dislocation  densities  [1]. 
Dislocations  are  associated  with  a  columnar  array  characterized  by  an  angular  distribution  in  the 
orientation  of  the  columns  of  the  order  of  5  arcmin.  Dislocations  are  generated  at  the 
GaN/sapphire  interface  and  propagate  in  the  growth  direction;  they  are  found  typically  in  low 
angle  boundaries  [2].  The  polarity  of  the  lattice  (i.e.  whether  Ga-  or  N-atoms  are  on  the  top  of 
the  basal  planes)  has  been  determined  using  convergent  beam  electron  diffraction  (CBED), 
Optoelectronic  quality  GaN  films  grow  in  the  Ga-terminated  [0001]  direction  [3].  Dislocations 
have  been  characterized  by  conventional  transmission  electron  microscopy  and  by  large  angle 
convergent  beam  diffraction  techniques,  with  results  indicating  that  dislocations  have  Burgers 
vectors  c,  a,  and  c+a,  where  c  and  a  are  the  unit  cell  vectors  of  the  hexagonal  wurzite  structure 
[4,5]. 

While  investigating  the  microstructure  of  high  quality  GaN  films,  we  have  identified 
some  defects  that  tend  to  be  invisible  under  typical  observation  conditions  in  transmission 
electron  microscopy.  In  this  paper  we  report  the  observation  of  filamentary  defects  with 
diameters  of  the  order  of  nanometers,  which  occur  either  as  hollow  tubes  or  filled  with  GaN  with 
polarity  opposite  to  that  of  the  matrix. 

EXPERIMENT 

GaN  epitaxy  was  performed  by  the  two-flow  metalorganic  chemical  vapor  deposition 
technique  on  (0001)  sapphire  substrates,  following  methods  previous  reported  [6].  The  material 
was  not  intentionally  doped  and  exhibited  resistive  characteristics  typical  of  high  purity, 
undoped,  GaN.  Transmission  electron  microscopy  (TEM)  specimens  were  prepared  in  plan 
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view,  parallel  to  the  (0001)  basal  plane  of  the  sapphire  substrate  and  the  GaN  epilayer.  Electron 
transparency  was  obtained  by  Ar"^  ion  beam  milling  at  4kV. 

TEM  was  performed  at  250  kV  in  a  Philips  EM430  microscope.  Convergent  beam 
electron  diffraction  patterns  were  obtained  at  various  zone  axes  of  GaN  using  a  focused  probe  of 
70nm,  and  a  condenser  aperture  of  200  microns. 

NANOPIPES 

Fig.  1  shows  a  dark-field  TEM  image  taken  under  two-beam  diffraction  conditions.  The 
area  exhibits  three  types  of  defects  that  propagate  accurately  in  the  [0001]GaN  growth  direction. 
Dislocations  (D)  are  observed  in  the  expected  low-angle  grain  boundaries  of  the  material.  Other 
defects  propagating  in  the  same  direction  as  the  dislocations  are  observed.  They  are  labeled  as 
“T”  and  ‘T’.  It  is  not  easy  to  distinguish  these  defects  in  standard  TEM  cross  section  views. 
Closer  inspection  shows  that  the  “T”  defects  are  actually  empty  tubes  with  dimensions  of  the 
order  of  lOnm,  as  shown  in  Fig.  2.  These  hollow  tubes  have  generally  constant  cross-section  in 
the  range  5  to  25nm  in  diameter;  they  are  faceted  and  exhibit  an  irregular  hexagonal  shape  when 
viewed  end-on,  as  observed  in  Fig.  2. 


Fig.  1.  Plan  view  transmission  electron  micrograph  showing  region  with  a  large  density  of 
nanopipes  (T)  and  inversion  domains  (I).  Dislocations  (D)  belonging  to  low  angle  grain 
boundaries  are  also  observed.  This  dark  field  image  was  taken  under  two-beam  diffracting 
conditions  in  g  =  2202 . 
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Fig,  2.  Transmission  electron  micrograph  of  nanopipe  observed  along  its  axis.  It  presents  an 
irregular  hexagonal  cross  section. 

Conventional  TEM  diffraction  imaging  analysis  provides  information  for  the  direction  of 
the  Burgers  vector.  Large  angle  convergent  beam  electron  diffraction  (LACBED)  imaging  can 
accurately  determine  the  magmtude,  direction  and  sense  of  the  Burgers  vectors.  LACBED 
imaging  has  been  performed  on  the  nanopipes,  demonstrating  that  these  hollow  tubes  contain  a 
Burgers  vectors  in  the  [0001]  direction  with  magnitude  0.52nm  (equal  to  the  c  constant).  Thus, 
with  a  few  notable  exceptions,  nanopipes  can  be  described  as  coreless  dislocations  with 
elementary  Burgers  vectors  of  the  c  type  [7].  Frank  predicted  that  a  dislocation  whose  Burgers 
vector  exceeded  a  critical  value  should  have  a  hollow  tube  at  the  core,  and  predicted  an 
equilibrium  core  radius  of  req=pbV87t^Y,  where  y  is  the  surface  energy,  p  is  the  shear  modulus, 
and  b  is  the  Burgers  vector  [8].  Recent  reports  by  Qian  first  noted  that  the  contrast  in  two-beam 
bright  field  TEM  images  from  a  tilted  nanopipe  was  similar  to  dislocation  contrast,  but  no  proof 
was  advanced  [9,10].  The  difficulty  lies  in  being  able  to  measure  accurately  the  magnitude  of  the 
Burgers  vector,  since  the  actual  value  for  the  nanopipe  could  be  an  integral  fraction  of  the 
Burgers  vector  of  a  perfect  dislocation.  The  LACBED  technique  used  in  this  study  is  a  new 
technique  which  has  found  an  important  application  in  solving  this  problem. 

The  observed  tube  diameters  are  too  large  to  agree  with  the  simple  Frank  equation.  An 
upper  limit  using  existing  theoretical  data  gives  0.5nm  for  c-dislocations.  Thus,  coreless 
dislocations  are  not  in  an  equilibrium  state  but  may  arise  by  the  trapping  of  dislocations  at 
pinholes  at  the  early  stages  of  growth  as  shown  in  Fig.  3a.  Trapped  dislocations  arise  if  the 
displacement  of  the  islands  do  not  sum  to  zero.  A  mechanism  that  favors  the  generation  of  c- 
dislocations  is  presented  in  Fig.  3b,  where  it  is  shown  that  three-layer  steps  in  the  sapphire  can 
couple  to  a  two-layer  step  in  the  GaN  lattice,  thus  giving  rise  to  a  c-type  screw  dislocation. 
Those  dislocations  with  an  a-component  of  Burgers  vector  eventually  close  out,  and  only  the 
pure  c-type  dislocations  can  survive  to  generate  nanopipes  of  constant  cross-sections  [7]. 
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Fig.  3.  Proposed  mechanism  for  the  generation  of  nanopipes  in  epitaxial  GaN/Sapphire.  (a)  A 
dislocation  is  trapped  if  the  island  displacement  A  =  A12  +  A23  +A31  do  not  sum  to  zero,  (b)  Steps 
on  the  sapphire  surface  in  unit  of  Csapphm/6  can  join  to  trap  a  screw  dislocation,  (c)  Addition  of 
deposited  material  near  a  nanopipe  containing  a  screw  dislocation  preserves  the  helicoidal  nature 
of  the  defect  about  its  central  [0001]  axis. 

INVERSION  DOMAINS 

When  the  foil  is  tilted  to  excite  a  reflection  with  a  c-component,  a  new  set  of  defects 
appears  which  is  not  visible  in  reflections  of  type  hkiO  (i.e.  in  {1010}  or  {1120}  reflections). 
Such  case  is  shown  in  Fig.  1,  where  in  addition  to  dislocations  and  nanopipes,  a  large  density  of 
defects  labeled  as  ‘T’  is  noted.  The  regions  of  alternating  black-white  fringe  contrast  vary  in  size 
up  to  ~50nm  across.  The  nature  of  the  domains  was  clarified  by  comparing  CBED  patterns  taken 
from  the  matrix  and  from  regions  within  the  domains  which  do  not  overlap  the  matrix. 

Fig.  4  compares  CBED  patterns  taken  along  the  [1 1 02}  axis  from  the  matrix  (a)  and 
from  an  adjacent  domain  (b)  in  a  region  where  the  foil  thickness  was  approximately  constant.  In 
each  case,  the  patterns  show  an  asymmetry  between  ±g  which  is  due  to  the  GaN  polarity  [3}.  The 
reversal  of  the  asymmetry  between  matrix  and  domain  clearly  confirms  that  the  new  defects  are 
inversion  domains.  Using  the  same  orientation  as  with  the  CBED  patterns  shown  before,  dark 
field  images  can  be  obtained  by  using  the  asymmetric  reflections.  Fig.  4c  shows  a  bright  field 
image  of  the  domain,  taken  at  the  [1 1 02}  axis.  The  contrast  of  the  domain  is  the  same  as  that  of 
the  matrix,  as  expected  for  images  formed  using  the  central  (0000)  beam.  Fig.  4d  is  a  dark  field 
image,  using  the  (1 101)  disk  (top  central  disk  in  the  CBED  patterns),  and  gives  a  brighter 
contrast  for  the  domain  than  for  the  matrix.  Correspondingly,  Fig.  4e  is  a  dark  field  image  using 
the  (iTOl)  disk  (lower  central  disk),  giving  a  darker  contrast  for  the  domain  than  the  matrix. 
These  observations  provide  definitive  evidence  that  the  defects  are  inversion  domains. 

It  is  important  to  stress  that  the  inversion  domains  are  not  easily  seen  under  some 
commonly  used  conditions,  namely  with  strong  {1010}  or  {1120}  reflections  (see  e.g.  Ref.  11), 
and  that  there  is  no  evidence  of  significant  strain  associated  with  the  presence  of  these  defects. 
These  observations  indicate  that  einy  lattice  displacement  should  be  parallel  to  the  c-axis.  Further 
TEM  studies,  shows  that  the  Ga  sublattice  is  displaced  by  3c/8  or  7c/8  along  [0001}  between  the 
matrix  and  inversion  domains  [12}.  Two  possible  models  consistent  with  these  observations  are 
shown  in  Fig.  5.  Fig.  5b  is  an  inversion  boundary  involving  a  c/2  shift  of  the  lattice  in  addition  to 
a  pure  inversion.  The  shift  removes  like-atom  bonding  but  requires  distortion  of  the  bonds  at  the 
boundary  itself.  Theoretical  and  experimental  evidence  supports  this  model  [12,  13}. 
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Fig.  4.  CBED  patterns  taken  at  the  [11 02]  zone  axis  from  (a)  inside  an  inversion  domain,  and 
(b^the  surrounding  film  (matrix).  Bright  field  (BF)  and  dark  field  (DF)  TEM  images  taken  at  the 
[1 1 02]  zone  axis  of  the  same  inversion  domain:  (c)  BF  image  showing  same  contrast  as  the 
matrix,  (d)  DF  image  using  the  (1101)  disk  resulting  in  brighter  contrast,  and  (e)  DF  image 
using  the  (1101)  disk  producing  a  darker  contrast  for  the  domain  in  comparison  with  the  matrix. 

CONCLUSIONS 

In  addition  to  dislocations,  the  microstructure  of  high  quality  GaN  thin  films  exhibits  the 
presence  of  nanotubes  which  are  coreless  dislocations  with  Burgers  vector  c,  and  inversion 
domains  with  orientation  <  0001  >  within  the  <000 1>  matrix.  The  nature  of  these  faults  has 
been  unequivocally  determined  by  a  combination  of  conventional  transmission  electron 
microscopy  and  convergent  beam  electron  diffraction  techniques.  Models  for  the  generation  of 
coreless  dislocations  and  for  the  interface  of  the  inversion  domain  boundary  have  been  proposed. 
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I 

Fig,  5.  Possible  models  for  inversion  domain  boundaries  along  the  prismatic  plane 
of  GaN.  (a)  Pure  inversion  boundary,  (b)  pure  inversion  plus  c/2  shift  boundary. 
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Abstract 

Angle  resolved  near  edge  X-ray  absorption  measurements  (NEXAFS)  are  used  to 
access  the  existence  and  concentration  of  the  two  allotropic  phases,  cubic  (p-GaN) 
and  hexagonal  (a-GaN),  that  coexist  in  a  mixed-phase  GaN  sample  grown  by  ECR- 
MBE.  The  resonance  intensities  in  the  NEXAFS  spectra  from  a  pure  cubic  GaN 
sample  are  independent  of  the  angle  of  incidence  0,  while  they  have  a  characteristic 
angular  dependence  on  cos^d  for  the  hexagonal  material,  i.e.  I=A±Bcos^0.  From  the 
values  of  A  and  B  the  bond  orientations  with  respect  to  the  surface  normal  are 
calculated.  Furthermore,  the  NEXAFS  resonances  in  a  pure  a-  or  p-GaN  sample 
appear  at  characteristic  energies  which  are  independent  of  the  angle  of  incidence 
Contrary  to  that  the  NEXAFS  resonances  in  the  spectra  from  a  mixed-phase  GeiN 
show  a  characteristic  iJ-dependent  shift.  On  the  basis  of  this  finding,  a  method  is 
proposed  and  applied  for  the  determination  of  the  fractions  of  the  co-existing 
polytypes  in  a  mixed-phase  sample. 

I.  Introduction 

Gallium  nitride  (GaN)  has  been  a  subject  of  intensive  study  because  it  finds 
applications  in  visible-UV  light  emitters  and  detectors  as  well  as  high-frequency, 
temperature  and  power  devices[l  ,2  ].  GaN  exists  as  the  cubic  (Tj)  or  the  stable 
hexagonal  (Cg^,)  polytype  (hereafter  called  P-GaN  and  ot-GeiN,  respectively). 
Because  of  the  different  thermal  expansion  coefficients  and  the  lattice  mismatch 
between  GaN  and  the  available  substrates,  stabilization  of  the  p-GaN  is  difficult  and 
growth  often  results  in  mixed  phase  crystals[3  ,4  ]. 

In  crystalline  solids,  the  near  edge  X  ray  absorption  fine  structure  (NEXAFS) 
spectra  are  directly  proportional  to  the  partial  DOS  in  the  conduction  band[5  ].  The 
NEXAFS  electron  dipole  transitions  are  allowed  from  an  initial  s  state  to  a  final 
state  with  a  p-component  and  their  oscillator  strengths  depend  on  the  material 
and  the  group  symmetry [6  ].  The  transitions  to  the  continuum  give  rise  to  a  step¬ 
like  absorption  while  transitions  to  bound  states  give  peaks  (Gaussian-Iike 
absorption  in  the  case  of  high  experimental  broadening)  which  are  superimposed  to 
the  step-like  absorption.  Until  recently  NEXAFS  has  been  extensively  used  to 
determine  the  symmetry  of  adsorbed  molecules  on  surfaces[7].  However,  it  was 
recently  shown  that  N-K-edge  NEXAFS  spectra  from  GaN  can  be  used  as  a 
fingerprint  of  the  cubic  or  hexagonal  structure  while  from  the  angular  dependence 
of  the  NEXAFS  spectra  conclusions  can  be  drawn  on  the  fractions  of  the  a  and  p 
polytypes  present  in  mixed  phase  samples[8  ,9  ,10  ]. 
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Here  we  propose  a  new  method  for  the  application  of  NEXAFS  spectroscopy 
for  the  quantitative  assessment  of  the  percentages  of  the  different  polytypes  in  a 
mixed  GaN  crystal.  Furthermore,  the  bond  angles  are  calculated. 

II.  Experimental  Details 

The  samples  were  grown  at  600  C  on  Si  and  AI2O3  substrates  by  microwave 
plasma  electron  cyclotron  resonance-assisted  molecular  beam  epitaxy  (ECR-MBE). 
The  a-GciN  (GaN179)  was  grown  on  (0001)  plane  of  AI2O3  (film  thickness 
d=1.67|J.m),  the  p-GaN  (GaN57)  was  grown  on  p-Si  (100)  (d=l,60|J,m)  while  a 
mixed  phase  sample  (GciN67)  was  grown  on  n-Si  (111)  (d=0,80pm).  Details  on  the 
growth  conditions  and  structural  information  from  high  resolution  transmission 
electron  microscopy  (HRTEM)  and  X-ray  diffraction  (XRD)  measurements,  has  been 
reported  previously [11  ,12  ,13  ,14  ]. 

The  angular  resolved  NEXAFS  spectra  were  recorded  at  room  temperature, 
at  the  N-K-edge  (390-440eV),  using  the  SX-700-I  plane  grating  monochromator  at 
the  electron  storage  ring  BESSY  in  Berlin.  Due  to  the  high  absorption  cross  section 
of  the  radiation  in  the  soft  X-Ray  region  the  experiment  was  performed  in  a  UFIV 
chamber  with  base  pressure  <7xl0'^°  mbar.  The  spectra  were  recorded 
simultaneously  in  the  electron  (EY)  and  fluorescence  (FLY)  yield  modes  (using  a 
high  purity  Ge  detector),  for  different  angles  of  incidence  d.  Since  the  EY  spectra 
are  distorted  due  to  energy  dependent  charging  of  the  samples,  only  the  FL  spectra 
are  used  for  the  analysis.  At  the  two  limiting  cases  of  normal  (i^=90o)  and  grazing 
(^=50)  incidence  (the  angle  of  incidence  is  defined  by  the  incident  beam  and  the 
sample  surface),  the  electric  field  vector  of  the  light  is  parallel  and  normal  to  the 
surface,  respectively.  Therefore,  at  normal  and  grazing  incidence  information  from 
orbitals  in  the  surface  plane  or  normal  to  the  surface  is  maximized,  respectively. 

III.  Results  and  Discussion 

The  NEXAFS  spectra  were  normalized  to  the  flux  of  the  monochromatised 
synchrotron  radiation  using  the  photocurrent  from  a  gold  grid  with  high 
transmission  (90%).  They  were  fitted  using  a  step-function  to  simulate  the 
absorption  edge  and  a  number  of  gaussians  to  fit  the  individual  resonances.  Prior  to 
fitting  the  spectra  were  subjected  to  linear  background  subtraction  and  were 
normalized  to  the  atomic  limit  (i.e.  at  a  position  where  the  spectra  do  not  have  any 
structure  due  to  EXAFS  oscillations  or  NEXAFS  transitions).  The  energy  position 
AEj  of  the  NEXAFS  resonances  is  measured  relative  to  the  absorption  edge,  which 
is  defined  as  the  inflection  point  of  the  step  function,  and  the  AEj  values  for  the  a- 
and  p-GaN  are  listed  in  Table  I. 


Table  /  :  Energy  positions  AE,  of  the  NEXAFS  resonances  for  the  cubic  and  the 
hexagonal  samples.  The  errors  due  to  the  fitting  are  smaller  than  lOOmeV. 


h^b 

1.90 

mmm 
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The  spectra  from  the  a-,  p-  and  the  mixed-GaN  samples,  recorded  at  1^=80°  are 
shown  in  Fig.  la.  The  spectrum  from  the  a>GaN  is  fitted  and  the  gaussians  are 
indexed  following  the  notation  using  in  the  text.  Contrary  to  the  behavior  of  the  a- 
and  P-GaN,  in  the  mixed-GaN  the  resonances  shift  with  '&  as  shown  in  Fig.  lb.  The 
spectra  shown  in  Fig.l  are  normalized  to  the  atomic  limit  {as  described  above). 


Fig. la  :  Typical  NEXAFS  spectra  from  Fig. lb  :  The  i^-dependence  of  the 
the  a-,  p-  and  mixed-GaN  (ij=80‘’)  NEXAFS  spectra  from  the  mixed-GaN. 

Ill.l  Determination  of  bond  angles 

For  the  Cg^,  group  symmetry  the  allowed  transitions  are  laj-^ai*,  which  will 
be  strongest  when  the  electric  field  vector  E  is  parallel  to  the  (0001)  c-axis  (z-axis), 
i.e.  for  grazing  incidence,  and  the  laj-^ej*  which  will  be  strongest  when  the  E  is 
parallel  to  the  xy-plane  (normal  incidence).  Therefore,  from  the  angular  dependence 
of  the  NEXAFS  spectra  we  can  get  information  about  the  p^,  Py  or  p^  character  of  the 
orbitals.  Moreover  the  intensities  (1)  of  the  NEXAFS  resonances  will  depend  linearly 
on  cos^O,  i.e.  I=A±Bcos^0^,  and  from  the  values  of  A  and  B  the  bond  angles  can  be 
determined.  For  the  T^  group  symmetry  the  allowed  transitions  are  laj^t^,  which 
are  observed  with  the  same  intensity  for  all  angles  of  incidence  (Fig. 2a). 

As  reported  previously  the  energy  positions  of  the  NEXAFS  resonances  are 
characteristic  of  the  a  and  p  polytypes[8-10],  i.e.  the  NEXAFS  spectra  can  be  used  as 
a  fingerprint  of  the  polytype.  Furthermore,  in  a  pure  cubic  or  hexagonal  sample  the 
energy  position  and  FWHM  of  the  gaussians  used  for  the  fitting  of  the  resonances  are 
independent  of  the  angle  of  incidence.  The  areas  under  the  peaks  as  a  function  of 
and  cos  for  the  cubic  and  hexagonal  samples,  are  shown  in  Fig.2a  and  2b, 
respectively.  As  shown  in  Fig.2a  the  NEXAFS  spectra  from  P-GaN57  are  independent 
of  tJ.  In  Fig. 2b  the  areas  under  the  resonances  are  normalized  to  the  area 
corresponding  to  the  magic  angle  (54.7°),  i.e.  the  characteristic  angle  for  which  the 
NEXAFS  spectra  are  independent  of  the  angle  between  the  final  state  vector  or  plane 
molecular  orbital  and  the  normal  to  the  sample  surface,  for  linearly  polarized  light 
(polarization  plane  is  in  the  ring  plane).  The  lines  with  positive  slope  correspond  to 
transitions  to  final  states  resulting  from  mixing  of  s  and  p^  atomic  orbitals  and  are 
strongest  for  grazing  incidence  (vector-like  orbitals).  The  lines  with  the  negative  slope 
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(strongest  at  normal  incidence)  correspond  to  transitions  from  the  initial  Is  state  to  a 
resulting  from  mixing  of  and  Py  atomic  orbitals  (plane  like  orbitals).  The  error  in 
the  area  calculation  induced  by  the  pre-fitting  treatment  of  the  spectra  can  be 
estimated  using  the  Thomas-Reihe-Kuhn  sum  rule[15  ]  and  is  2.5%[10]. 


Fig.2a:  Area  under  the  NEXAFS 

resonances  versus  for  the  P-GaN. 


I _ _ _ I _ _ _ 1 - ^ - L— 
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Fig.2b:  Area  under  the  NEXAFS 
resonances  versus  cos^i3,  for  the  a-GaN. 


From  the  dependence  of  the  areas  under  the  peaks  on  ^  the  bond  orientations 
with  respect  to  the  surface  normal  can  be  found.  For  the  laj— >ej  transition  the 
reduced  intensity  I  (area  under  the  resonance  divided  by  the  area  at  the  magic  angle) 
of  the  transition  is  given  by  1  =  1.6  [l-O.Ssin^Y  -  (l-1.5sin27)cos2i3],  were  y  is  the  angle 
between  the  normal  to  the  plane  orbital  and  the  normal  to  the  surface.  For  laj^aj* 
the  reduced  intensity  V  is  given  by  I'=1.33sin2a+(2.67-4sin2a)cos2i3,  where  a  is  the 
angle  of  the  vector  orbital  with  the  sample  surface.  Using  the  above  equations  the 
angles  of  the  bonds  can  be  determined  with  an  error  of  about  ±  5°.  The  transitions 
labeled  G4,  G3,  G6  give  angles  which  are  in  agreement  with  the  expected  values 
from  the  crystal  structure.  Among  those,  the  transitions  G4  and  G6  correspond  to 
plane  orbitals  parallel  to  the  surface  (Y=0°)  and  vector  orbitals  normal  to  the  surface 
(a=0°),  respectively,  i.e.  bonds  normal  to  the  surface.  G3  corresponds  to  vector 
orbitals  (bonds)  which  are  at  an  angle  of  a=51.9o  the  c-cixis  (or  102.8°  with 
each  other).  The  transition  G1  is  independent  of  the  angle  of  incidence  and  therefore 
corresponds  to  the  magic  angle  (54.7°).  The  above  calculated  values  agree  well  with 
those  expected  from  the  crystal  structure!  16  ],  i.e.  bonds  at  an  angle  of  54.5°  with 
the  c-axis  or  normal  to  the  surface.  However,  the  gaussians  G2  and  G5  give  angles 
with  a  mean  average  of  7=39°.  These  correspond  to  bonds  which  have  smaller  than 
the  expected  angle  with  the  normal  to  the  surface  and  could  probably  be  related  with 
misoriented  regions  in  the  sample,  i.e.  regions  where  the  c-axis  deviates  from  the 
normal  to  the  surface,  or  distorted  tetrahedra. 

ni.2  Parametric  curves 

The  i3-dependent  shift  of  the  NEXAFS  resonances,  shown  in  Fig.  lb,  is  the 
signature  of  a  mixed-phase  sample.  To  quantify  this  result,  i.e.  in  order  to  estimate 
the  percentage  of  the  coexisting  a  and  p  polytypes  the  following  procedures  can  be 
followed  :  (1)  the  spectrum  from  the  mixed  sample  can  be  fitted  as  a  weighted 
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average  of  the  spectra  from  the  calibrated  pure  a  and  P  samples.  This  procedure 
yields  very  good  results  for  the  mixed  sample  GaN67  as  shown  in  Fig.Sa. 
Furthermore,  it  has  yielded  equally  good  results  when  applied  in  a  different, 
independent  set  of  calibrated  GaN  samples[9].  (2)  A  set  of  parametric  curves  can 
be  constructed,  which  show  the  variation  of  AEj  as  a  function  of  the  cubic  fraction, 
with  the  angle  of  incidence  as  parameter.  The  parametric  curves  can  be 
constructed  for  the  AEj  of  the  gaussians  G2,  G3  and  G4  (Gl  and  G6  cannot  be  used 
since  Gl  has  the  same  characteristics  for  either  polytype  while  G6  exists  only  in  a- 
GaN),  as  well  as  for  the  FWHM  or  the  resonance  intensity.  Here  we  shall  discuss 
only  the  parametric  curves  constructed  on  the  basis  of  the  values  AE2,  shown  in 
Fig.  3b. 


Energy  (eV)  %  cubic 


Fig.Sa:  Fitting  of  the  NEXAFS  spectrum  Fig.Sb:  The  parametric  curves, 
from  GaN67  as  a  weighted  average. 

This  diagram  is  constructed  using  spectra  of  mixed  GaN  with  various 
fractions  of  a-  and  p-polytypes,  calculated  as  weighted  averages.  The  gaussians 
Gj"’  for  the  mixed  sample  at  a  given  are  simulated  by  the  weighted  average  of  the 
corresponding  gaussians  G;'"  and  G-j',  where  i=2...5  and  the  superscripts  m,  c  and  h 
stand  for  mixed,  a-  and  p-GaN,  respectively.  The  analysis  presented  here  is  based 
on  G2  because  the  G2'^  and  G2^  have  comparable  FWHM  and  thus  their  average  can 
be  approximated  in  a  satisfactory  fashion  with  a  gaussian. 

The  cubic  fraction  can  be  measured  from  the  parametric  curves  when  one  or 
more  experimental  values  of  AE2  are  known  from  fitting  of  spectra  recorded  at  one 
of  more  values  of  The  error-bar  in  the  calculated  cubic  fraction  is  determined  by 
the  error  in  the  value  of  AE2,  which  can  be  calculated  as  described  in  Ref.  10.  Using 
the  parametric  curves  the  cubic  fraction  in  GaN67  was  found  equal  to  (25-l-_5)%. 
The  5%  error-bar  was  determined  from  the  values  of  AE2  for  i5=20,  50  and  80°  and 
the  corresponding  error-bars.  This  result  is  in  very  good  agreement  with  the  results 
from  the  procedure  based  on  the  simulation  of  the  whole  spectrum,  shown  in 
Fig.3a,  as  well  as  with  previously  reported  results  from  XRD  and  HRTEM[11-14]. 

IV.  Conclusions 

It  is  demonstrated  that  the  N-K-edge  NEXAFS  spectra  from  GaN  can  be  used 
for  the  identification  of  the  a-  or  p-GaN  polytype  as  well  as  for  the  detection  of  the 
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co-Gxistence  of  cubic  and  hexagonal  polytypes  in  a  mixed-phase  sample.  Following 
the  proposed  analysis,  quantitative  results  can  be  drawn  on  the  fractions  of  the  a- 
and  p-GaN  polytypes.  One  important  advantage  of  NEXAFS  is  that  it  is  non¬ 
destructive  and  it  does  not  require  any  sample  preparation  procedure  which  might 
induce  damage-related  artifacts.  From  the  angular  dependence  of  the  NEXAFS 
spectra  the  bond  angles  are  determined.  The  results  indicate  that,  besides  the 
expected  bond  angles,  some  distorted  bonds  also  exist.  These  distorted  bonds  form 
an  angle  of  40°  with  the  normal  to  the  surface  instead  of  the  expected  angle  of  54.5°. 
Possible  origins  of  this  distortion  could  be  misoriented  regions  or  the  thermal  stress 
which  is  not  completely  relaxed  in  thin  films[17  1.  The  identification  of  the  origin  of 
the  distorted  bond  angles  is  a  subject  of  further  investigation. 
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NANO-TUBES  IN  GaN 
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ABSTRACT 

Formation  of  vertical  hollow  nano-tubes  in  GaN  grown  on  different  substrates  using  different 
growth  methods  is  described.  These  defects  are  shown  to  be  of  several  different  types,  some 
related  to  threading  dislocations,  but  others  originating  at  tubular  inversion  domains,  or  crystal 
inhomogeneities.  Kinetic  mechanism  based  on  slow  growth  rate  on  polar{0Tll}  surfaces  is 
proposed  to  explain  the  origin  of  these  defects. 

I.  INTRODUCTION 

Gallium  nitride  is  one  of  the  promising  semiconductors  for  laser  diodes  for  the  blue  and  UV 
wavelength  regions  [1-6],  Even  though  recent  progress  has  greatly  improved  the  crystal  quality  of 
GaN  films  grown  on  various  substrates,  its  practical  application  is  still  hampered  by  the  high  defect 
density  [7-11].  One  defect  which  may  hamper  applications  of  this  material  is  the  nano-tube  formed 
in  this  material  during  growth  [12-14].  The  origin  of  these  defects  is  still  not  clear  despite  extensive 
research  in  this  area. 

Previous  studies  have  suggested  that  the  GaN  layer  surface  is  not  uniform,  and  grown-in 
hillocks  have  an  open-core  screw  dislocation  forming  a  nano-pipe  within  the  layer  [12-14].  Their 
density  was  estimated  in  the  range  of  lO^-lO^cm."^  The  radii  of  these  nano-pipes  are  in  the  range 
of  3-50  nm  and  they  appear  to  propagate  along  the  c-axis  of  the  film.  Formation  of  such  defects 
has  been  reported  in  a  number  of  other  crystals  including  SiC  [15-17].  The  micro-pipes  in  SiC 
have  received  great  attention  because  they  are  known  to  be  the  defects  that  limit  breakdown  voltage 
of  high  power  devices  [18]. 

In  this  paper  we  try  to  understand  the  nature  of  vertical  hollow  nano-defects  formed  in  GaN 
films  grown  on  different  substrates  using  different  growth  methods. 


n.  EXPERIMENTAL 

Five  different  types  of  materials  have  been  studied:  three  different  GaN  samples  grown  on 
AI2O3  with  different  methods-Molecular  Beam  Epitaxy  (MBE),  Metal-Organic  Chemical  Vapor 
Deposition  (MOCVD),  and  Chemical  Vapor  Deposition  (CVD),  GaN  grown  by  CVD  on  SiC,  and 
homoepitaxial  GaN  grown  by  MOCVD  on  bulk  GaN.  Optical  microscopy  was  used  to  give  a 
general  overview  of  the  sample  surface.  More  detailed  studies  of  the  surface  morphology  of  the 
GaN  epitaxial  films  grown  by  CVD  on  AI2O3  or  SiC  were  done  by  UHV  scanning  tunneling 
microscopy  and  the  details  of  these  studies  have  been  described  elsewhere  [19].  In  particular, 
depending  on  the  substrate  material  used,  the  dominant  growth  scenario  and  morphological 
manifestation  of  defects  terminating  at  the  surface  of  the  respective  GaN  layers  was  deduced. 
Conventional  and  high  resolution  transmission  electron  microscopy  (TEM)  was  then  applied  to 
plan-view  and  cross-section  samples  to  obtain  detailed  information  on  defect  distribution  near  the 
sample  surface  as  well  as  near  the  interface.  A  Topcon  002B  electron  microscope  at  an  acceleration 
voltage  of  200  keV  at  point-to-point  resolution  of  0.18  nm  was  used  for  these  studies. 

III.  RESULTS 

in.l.  Surface  morphology 

Optical  microscopy  suggests  that  the  GaN  films  grow  as  a  collection  of  hexagonal  islands.  This 
was  true  regardless  of  the  growth  method  used.  However,  the  island  type,  size  and  density  varied 

417 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


depending  on  the  particular  method  used  for 
growth  as  well  as  for  the  substrate  used. 
Usually  hexagonal  islands  are  formed  on 
GaN  layer  surfaces  grown  by  any  method 
(MOCVD,  MBE  or  CVD)  on  any  substrate 
used  for  growth.  For  the  growth  by  MOCVD 
on  the  smooth  side  of  bulk  GaN  crystals  the 
island  size  was  in  the  range  of  15-60  |i.m.  For 
the  GaN  grown  by  CVD  on  AI2O3  the 
diameters  of  islands  scattered  between  20-50 
p.m  and  for  the  samples  grown  on  SiC  was 
rather  uniform  in  size  (50  jim).  Three  types 
of  islands  were  observed  (Figs.  la,b,c):  a 
hillock  type  with  either  an  inversion  domain 
or  twinned  precipitate  in  the  center  (a),  flat 
islands  with  small  openings  seen  as  d^k  dots 
distributed  randomly  (bX  or  with  a  large 
opening  at  the  island  center  (c).  This  is  in 
contradiction  to  the  previous  observations 
that  all  nano-tubes  have  empty  cores  [14].  It 
is  not  easy  to  obtain  accurate  information 
about  the  nature  of  these  large  openings  in  the 
hillock  centers  based  on  plan-view  TEM 
studies,  since  the  thickness  at  the  center  of 
the  islands  is  much  greater  than  the 
surrounding  area.  Therefore  in  most  cases 
only  the  areas  between  the  islands  which  get 
thinned  earlier  to  electron  transparency  can  be 
observed.  In  this  paper  we  describe  hollow 
nanodefects  which  were  located  mostly  in  flat 
areas  between  islands  or  in  flat  hexagonal 
islands. 

Fig.  1.  AFM  micrographs  showing  different 
type  of  islands  formed  on  the  surface  of  GaN 
such  as  a  hillock  with  a  twin  type  precipitate 
in  the  island  center  (a),  a  large  flat  island  with 


many  small  islands  on  top  of  it  (b),  with  an  opening  in  the  island  center  (c).  Note  high  density  of 
small  dark  dots  on  each  island  representing  nano-tubes. 


III.2.  Hollow  nanodefects  in  GaN  layers  grown  on  AI2O3 


For  the  GaN  films  grown  on  AI2O3  hollow  vertical  nanodefects  were  found  for  all  three 
growth  methods  used.  TEM  in  plan-view  reveals  that  these  defects  had  hexagonal  shapes  (very 
often  elongated  hexagons). 

Some  of  these  defects  appeared  to  go  through  the  entire  epitaxial  layer  since  with  the  right 
defocus  the  sapphire  substrate  can  be  seen  (Fig.  2a).  In  these  cases  usually  foreign  particles  could 
be  seen  at  the  substrate,  which  probably  nucleated  the  vertical  defect.  About  70%  of  these  hollow 
vertical  defects  were  associated  with  a  dislocation  having  an  edge  component  (Fig.  2b).  There 
were  also  many  defects  for  which  no  edge  dislocation  displacement  was  found  (2c).  This  would 
mean  that  either  these  hollow  defects  were  associated  with  a  pure  screw  dislocation,  or  they  were 
not  associated  with  any  dislocation. 

Cross-section  electron  microscopy  shows  that  there  are  many  hollow  vertical  defects  which 
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start  in  the  subsurface  area  and  terminate  at 
the  surface  (Figs.  3a,b).  In  cross-section  they 
have  a  V-shape  with  clear  facets.  Very  often 
these  V-shaped  defects  are  filled  with  small 
crystalline  particles.  Energy-dispersive  x-ray 
spectrometry  (EDX)  did  not  reveal  any 
foreign  atoms  within  the  area,  only  Ga  could 
be  detected.  Similar  particles  were  seen  in 
plan-view  as  well  (Fig.  2b).  From  analysis  of 
the  lattice  image  and  moire’  fringes  one  can 
conclude  that  these  particles  are  GaN,  but 
they  are  not  a  part  of  the  continuous  layer. 
Such  V-shaped  defects  are  often  associated 
with  dislocations,  usually  more  than  one 
(Fig.  3).  The  dislocation  which  is  attached  to 
the  tip  of  such  a  defect  usually  had  a  mixed 
character.  There  were  also  hollow  vertical 
defects  which  are  formed  within  the  layer 
(Fig.4)  that  were  clearly  attached  to  screw 
dislocations.  At  the  point  where  the  hollow 
vertical  defect  starts  the  contrast  associated 
with  the  screw  dislocation  disappears  and 
two  walls  parallel  to  the  c-axis  start.  In  many 
cases  these  hollow  vertical  defects  terminate 
within  the  layer,  the  segment  length  parallel  to 
the  c-axis  varies  from  area  to  area  (Fig.  4 
a,b).  There  are  also  cases  where  one  does  not 
find  any  dislocation  at  the  origin  of  such  a 
defect,  but  a  dislocation  can  be  attracted  to  the 
vertical  defect  wall  (Fig.  4c).  All  these 
defects  start  with  the  same  V  shape,  they  are 
also  faceted  in  cross-section. 

Fig.  2.  Plan-view  TEM  micrographs 
showing  different  shapes  of  nanotubes 
formed  in  GaN  grown  on  AI2O3;  (a)  a 
nanotube  originated  from  a  particle  in  the 
substrate,  (b)  a  nanotube  with  an  edge 
component  of  type  of  dislocations,  (c)  a 
nanotube  for  which  no  edge  dislocation 
displacement  was  found. 


in.3.  Hollow  nanodefects  in  GaN  layers  grown  on  SiC 

For  layers  grown  on  SiC  no  substantial  difference  was  observed  in  plan-view.  However,  a 
much  higher  fraction  than  was  observed  for  the  layers  grown  on  sapphire  had  no  displacement  that 
would  indicate  a  dislocation  with  any  edge  character.  This  means  that  they  may  be  associated  with 
pure  screw  dislocations,  no  dislocation  at  all  or  with  tubular  inversion  domains.  The  density  of 
vertical  defects  with  an  inversion  domain  character  was  negligible  in  the  GaN  films  grown  on  SiC 
[7,19],  therefore,  association  of  vertical  defects  with  inversion  domains  is  unlikely  for  growth  on 
this  substrate. 

III.4.  Hollow  nanodefects  in  homo-epitaxial  GaN  layers  grown  on  bulk  GaN 

Homo-epitaxial  layers  were  grown  on  bulk  GaN  either  on  the  smooth  surface  or  on  the  rough 
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Fig.  3.  Cross-section  through  the 
nanotubes  formed  in  the  GaN 
samples  grown  on  AI2O3.  More 
than  one  dislocation  was 
connected  with  the  hollow-type 
defects.  At  least  one  of  them  had  a 
mixed  type  character.  All 
remaining  dislocations  bend 
toward  the  hole.  Note  growth  of 
GaN  within  the  hollow  in  the 
form  of  spherical  precipitates,  (a) 
cross-section  through  the  center 
of  the  faceted  hollow;  (b)  a 
section  closer  to  the  hollow  wall. 


surface  thereby  in  opposite  polar  directions.  Based  on  Convergent  Beam  Electron  Diffraction 
(CBED)  studies  we  had  previously  concluded  [8, 20-22]  that  the  bonds  parallel  to  the  c-axis,  in  the 
direction  N  to  Ga  point  toward  the  smooth  surface.  However,  we  are  in  the  process  of  checking 
the  possibility  that  this  polarity  arrangement  may  not  be  correct  due  to  180°  rotations  that  may  wcur 
in  the  particular  microscope  used  that  are  not  described  in  the  user  instructions.  A  much  higher 
hallow  defect  density  was  observed  for  growth  on  the  rough  surface  (IxlO^  cm-2  ),  All  of  them 
had  a  V-shape  in  cross-section.  Only  two  such  V-shaj^d  defects  were  found  in  the  two  cross- 
section  samples  grown  on  the  smooth  GaN  surface  (Fig.  5),  which  correspond  to  an  estimated 
density  of  about  5x10^  cm-2.  The  hollow  vertical  defects  formed  on  the  rough  surface  were  never 
attached  to  dislocations.  The  two  found  in  the  layer  grown  on  the  smooth  surface  both  started  at  the 
top  of  tubular  shaped  inversion  domains  originating  at  the  interface  with  the  substrate. 


IV.  DISCUSSION 


These  studies  provide  clear  information  that  vertical  defects  formed  in  epitaxial  GaN  are  of 
several  different  types.  Hollow  vertical  defects  are  formed  regardless  of  the  type  of  substrate  used 
or  the  growth  method  used.  The  explanation  given  by  Quian  et  all  [12-14]  related  these  hollow 
vertical  defects,  referred  to  as  nano-tubes,  with  open-core  screw  dislocations.  This  definitely 
applies  to  some  of  these  vertical  defects  ,  but  not  to  all.  The  original  explanation  for  the  formation 
of  nano-tubes  was  given  by  Frank  [24]  who  suggested  the  hollow-core  screw  dislocation.  The 
explanation  was  given  that  a  state  of  local  equilibrium  exists  in  which  a  dislocation  would  have 
lower  total  per  unit  length  energy  when  its  core  is  hollow  compared  to  the  core  filled  with  a  highly 
strained  lattice.  The  size  of  the  open-core,  therefore,  should  be  determined  by  a  balance  between 
the  extra  surface  free  energy  and  the.  decrease  in  strain  energy  near  the  dislocation  core.  This 
explanation  probably  would  apply  to  a  defect  such  as  that  shown  in  (Fig.  4  a,b). 

However,  the  simple  open-core  dislocation  model  does  not  appear  to  apply  to  all  hollow 
vertical  defects  observed.  In  many  cases  the  defects  appear  to  be  formed  in  areas  where  there  is  a 
group  of  dislocations  (Figs.  3a,b).  Other  vertical  defects  were  clearly  associated  with  tubular 
shaped  inversion  domains  (Fig.  5). 

One  common  feature  which  applies  to  all  hollow  vertical  defects  is  the  fact  that  they  are  faceted 
and  start  with  a  V-shape  with  a  constant  angle  about  60°  between  ‘^-arms.”  These  vertical  defects 
are  crystallographically  oriented.  For  the  nano-tubes  taken  in  [01 12]  projection  the  walls  of  the 
tube  are  on  (OT 1 1)  planes,  which  are  polar  planes.  From  the  measured  growth  rates  for  the  homo- 
epitaxial  films  as  well  from  the  growth  of  bulk  GaN  plate-like  crystals  [8, 20-22]  it  is  clear  that  the 
highest  growth  rates  observed  for  these  crystals  are  along  the  non-polar  directions  (about  100  times 
higher^  The  growth  rate  of  crystals  grown  along  [0001]  polar  direction  is  approximately  10-40% 
higher  in  one  polarity  (on  the  smooth  surface  of  the  bulk  GaN)  compared  to  the  opposite  [000 1  ] 
direction.  The  growth  on  (0 Til)  planes  is  the  slowest ,  however,  not  equal  for  Ga  polarity  and  N 
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Fig.  4.  (a,b)  Different  segments  of  nano-tubes  related  to  screw  dislocation,  (c)  bending  of 
dislocation  (D)  toward  the  tube  wall 

Fig.  5.  A  faceted  hollow  formed  in  the  subsurface  area  of  the  GaN  grown  on  the  smooth  side  of  a 
bulk  GaN.  This  nano-tube  was  associated  with  an  inversion  domain  (I)  and  two  dislocations  (D): 
upper  with  a  mixed  character  and  the  lower  with  a  screw  character.  A  partial  GaN  growth  was 
observed  within  the  hollow.  Note  [A]  and  [B]  inserts  showing  a  structure  of  GaN  in  high 
resolution. 

polarity.  The  nolaiity  which  applies  for  the  growth  on  the  rough  surface  would  have  even  slower 
growth  on  (Oil  1)  surfaces  compared  to  the  growth  on  planes  with  the  reverse  polarity.  Tlie  slow 
CTOwth  rate  on  (0111)  polar  planes  is  suggested  bv  this  study  as  the  origin  of  ‘^nano-tube” 
formation.  This  leads  to  faceting  on  these  planes  and  formation  or  open  tube  vertical  defects.  TTiis 
explains  the  observation  that  nano-tubes  were  formed  with  higner  density  for  one  polarity 
compared  to  the  other.  Since  all  these  GaN  crystals  are  not  homogeneous,  witn  a  high  density  of 
small  Ga  clusters,  they  can  locally  slow-down  growth.  Therefore,  especially  for  ciwstals  which  are 
growing  on  unfavorable  crystal  polarity  (such  one  as  for  growth  on  tiie  rough  GaN  surface)  higher 
pin-hole  density  was  observed.  Once  such  a  nano-tube  (pin-hole)  is  formed  dislocations  which  are 
not  necessary  at  their  nucleation  could  bend  toward  the  hole  to  shorten  their  length  and  therefore 
reduce  the  total  free  energy  of  the  system.  For  the  nano-tubes  with  large  diameter  a  large  Burgers 
vector  was  determined  in  plan-view  micrographs,  for  example  the  nano-tube  shown  in  (Fig.  2b), 
Such  a  Burgers  vector  would  be  the  total  resulting  Burgers  vector  for  all  the  dislocations  attracted 
to  the  hole. 

The  observation  that  during  growth  nano-tubes  could  close  is  interesting  (Figs.  4a-c).  The 
kinetic  mechanism  would  explain  this  fact  as  well.  Based  on  the  observation  of  bulk  plate-Uke 
ci^stals  which  grow  in  the  *‘empty  space”  [8]  from  the  cell- walls  along  [1100]  or  [01 12] 
directions  closing  of  these  tubes  might  be  possible,  by  enhancing  the  growth  in  non-polar 
directions,  since  in  this  way  islanding  with  facets  on  (0 1 1 1)  planes  can  be  avoided. 

CONCLUSIONS 

In  conclusion,  this  paper  describes  nano-tubes  which  are  formed  in  different  type  of  GaN 
crystals.  It  was  shown  that  the  formation  of  these  nano-tubes  is  independent  from  the  substrate 
used  or  the  growth  method.  Different  type  of  extended  defects  can  be  associated  with  these  nano¬ 
tubes  making  very  difficult  to  explain  the  origin  of  these  defects.  Kinetic  mechanism  t^ng  into 
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account  the  slowest  growth  rate  on  the  polar  (0111)  surfaces  was  proposed  to  explain  the  origin  of 
these  defects.  The  high  rate  of  growth  in  non-polar  direction  would  explain  how  it  is  possible  to 
close  such  nano-tubes  within  the  layer  and  recover  high  crystal  quality  above  the  empty  nano-tube. 
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ABSTRACT 

Inversion  domain  boundaries  (IDEs)  in  GaN  grown  on  sapphire  (0001)  were  studied 
by  a  combination  of  high  resolution  transmission  electron  microscopy,  multiple  dark  field 
imaging,  and  convergent  beam  diffraction.  Films  grown  by  molecular  beam  epitaxy  (MBE), 
metalorganic  vapor  deposition  (MOCVD),  and  hydride  vapor  phase  epitaxy  (HVPE)  were 
investigated  and  all  found  to  contain  IDEs.  Inversion  domains  (IDs)  that  extended  from  the 
surface  to  the  interface  were  found  to  be  columnar  with  facets  on  the  { 10-10}  and  {11-20} 
planes.  Other  domains  ended  within  the  film  that  fonned  IDEs  on  the  (0001)  and  {1-102} 
planes.  The  domains  were  found  to  grow  in  clusters  and  connect  at  points  along  the 
boundary. 

INTRODUCTION 

The  role  of  microstructural  defects  in  the  III-V  nitiides  on  device  perfonnance  remains 
unclear.  GaN  alloys  with  defect  densities  of  10*®  dislocations  cm'^  have  been  successfully 
fabricated  into  blue  laser  diodes  {!].  Identification  of  defects  in  these  materials  enables 
optimization  of  the  growth  processes  used  to  make  these  materials  and  to  understand  their  effect 
on  the  optoelecti'onic  properties. 

Threading  edge  dislocations  with  burgers  vector  b  =  a/3<l  l-20>  are  the  most  common 
line  defects  found  for  films  grown  on  sapphire(OOOl)  and  6H-SiC(0001).  Recently  planai' 
defects  that  extend  perpendicular  to  the  GaN/sapphire  interface  have  been  identified  as  inversion 
domain  boundaries  (IDEs)  [2-5].  In  this  paper  we  report  further  studies  of  IDEs  on  films  gi'own 
by  electron  cyclotron  resonance-molecular  beam  epitaxy  (ECR-MEE),  hydride  vapor  phase 
epitaxy  (HVPE),  and  metal  organic  vapor  deposition  (MOCVD). 


EXPERIMENT 

Details  of  films  grown  by  ECR-MEE  [6],  HVPE  [7],  and  MOCVD  [8]  have  been 
discussed  elsewhere.  All  GaN  films  were  grown  on  sapphire  (0001)  to  thicknesses  varying  from 
0.3pm  for  MEE  films,  2-4  pm  for  MOCVD  films,  and  15-40pm  films  gi'own  by  HVPE.  Films 
grown  by  MEE  and  MOCVD  had  a  nitridation  treatment  before  deposition  of  a  low  temperature 
GaN  buffer  layer.  Films  grown  by  HVPE  either  had  a  GaCl  preti-eatment  at  1050”C  or  were 
grown  on  a  sputter  deposited  ZnO  buffer  layer.  The  ZnO  buffer  layer  could  not  be  observed  by 
TEM  chemical  analysis  or  XRD  after  film  growth  as  discussed  previously  [8]. 

Plan  view  (PTEM)  and  cross  sectional  TEM  (XTEM)  samples  were  prepared  by  flat 
polishing  to  <  10  pm  and  Ar  ion  milling  to  electron  transparency  with  a  liquid  nitrogen  cold 
stage.  Samples  were  studied  in  a  JEOL  300  kV  microscope  using  convergent  beam  electron 
diffraction,  multiple  dai'k  field  imaging  (MDF),  and  conventional  imaging. 
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RESULTS  AND  DISCUSSION 

Columnar  inversion  domains  (IDs)  discussed  previously  [2,4]  were  single  domains  with 
facets  along  either  the  { 10-10}  (M)  or  (11-20)  (A)  planes  that  extended  from  the  interface  to  the 
film  surface.  PTEM  studies  of  films  grown  by  ECR-MBE  that  contain  a  high  density  of  IDs  (~ 
50%  of  the  film),  show  that  the  domains  can  be  interconnected  with  facets  on  both  the  (10-10) 
and  (1 1-20)  planes.  Figure  1  is  a  PTEM  dark  field  image  of  an  MBE  film  with  a  high  density  of 
IDs.  In  order  to  image  the  IDBs,  a  nonzero  reflection  along  the  inversion  axis  is  required  as 
demonstrated  previously  for  imaging  IDBs  in  AIN  [9],  Fringe  contrast  occurs  at  the  IDBs  that 
ai'e  not  visible  when  imaging  with  (hkil)  reflections  with  1  =  0.  The  image  in  Fig.  1  was  taken 
using  a  reflection  near  the  zone  axis  B  =  [1-216]  with  g  =  2-201 .  This  zone  axis  is  -  15  degrees 
from  the  [0001]  pole.  Therefore  the  hexagonal  domains  enclosed  by  the  IDBs  in  the  image 
appear  skewed..  Several  isolated  domains  (~  10-30nm  wide)  can  be  observed  in  the  image,  in 
addition  to  connected-domains.  The  connected-domain  labeled  T  in  the  image  ai‘e  two  veiy 
similar  size  domains  with  facets  along  the  M  planes.  The  domains  are  joined  at  the  intersection 
of  two  different  M  planes.  Domain  E  however,  is  an  ID  that  extends  along  both  the  ( 10-10}  and 
(11-20}  planes.  At  point  ‘e’,  the  domain  E  necks  down  and  joins  two  smaller  domains  with 
facets  along  the  M  planes,  which  are  connected  to  a  larger  domain  with  facets  on  both  the  M  and 
A  planes. 


Figure  1 .  PTEM  image  of  IDs  in  films  grown  by  MBE  taken  n  ear  the  [1-216]  zone  axis 
with  g  =  2-201 
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Columnar  domains  in  the  thick  films  grown  by  HVPE  were  found  to  end  within  the  film 
and  often  foim  in  clusters  along  the  interface.  Figure  2a  is  a  XTEM  low  magnification  image 
of  several  clusters  of  IDs  in  a  GaN  film  grown  by  HVPE  with  the  ZnO  buffer  layer.  The 
domains  visible  in  this  image  ranged  in  height  from  3-7|im.  A  higher  magnification  image  of 
the  tallest  domain  (indicated  by  the  pointer)  is  shown  in  Fig.  2b.  It  can  be  obseiwed  in  Fig.  2b, 
that  the  tallest  domain  temiinates  by  fomiing  an  IDB  on  the  (0001)  basal  plane.  Near  this 
domain  aie  several  smaller  domains  that  temiinate  either  on  the  basal  plane  or  the  {1-102} 
planes.  Given  that  these  domains  eventually  end  in  the  thicker  films,  indicate  that  the  film 
would  like  to  grow  with  one  ciystal  polarity.  The  thickness  of  film  that  this  occurs  is  probably 
dependent  on  the  growth  rate  of  the  two  ciystal  polarities  and  the  growth  conditions.  From 
PTEM  of  the  top  surface  of  15  pm  and  40pm  films,  no  IDs  were  observed. 


Figure  2a.  Low  magnification  image  of  IDs  in  a  film  grown  by  HVPE  with  a  ZnO  buffer  layer. 
The  image  is  taken  near  B  =  (10-10)  and  g  =  0002. 
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Figure  2b.  Higher  magnification  image  of  an  ID  in  Fig.  2a  (indicated  by  the 
pointer)  taken  neai'  B  =  [10-10]  and  g  =  0002. 

Several  smaller  “house”  shaped  domains  found  clustered  neai*  the  interface  of  the  same 
sample  in  Fig.2  ai*e  shown  in  Fig.  3.  The  domains  in  this  image  range  in  size  from  ~  100- 
SOOnm.  The  facets  of  the  smallest  domains  all  appear  to  tenninate  on  the  ( 1-102}  planes. 


Figure  3.  Dark  field  image  of  House  shaped  IDs  in  films  grown  by  HVPE  with  the  ZnO 
buffer  layer  taken  near  B  =  [10-10]  and  g  =  0002. 
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An  image  of  an  isolated  “house”  domain  of  the  same  HVPE  sample  discussed  above  is 
shown  in  Fig.  4.  Figure  4a  and  4b  are  taken  using  MDF  with  g  -  0002  along  the  [1 1-20]  zone 
axis.  A  contrast  reversal  is  obtained  between  the  matrix  and  the  domain  which  is  expected  for 
ID  contrast  as  discussed  previously  [2].  In  both  of  these  images,  the  IDEs  along  the  M-prism 
planes  and  the  (1-102)  plane  is  obseiwed.  However  by  imaging  along  either  g  =  10-10  shown  in 
Fig.  4c  or  g  =  11-20  (not  shown),  only  the  IDB  along  the  (1-102)  plane  is  visible.  This  indicates 
that  the  IDEs  associated  with  the  columnai’  portion  of  the  domain  has  no  basal  plane 
component,  which  is  similar  to  columnar  domains  discussed  previously  [2].  However  the 
“rooftop”  of  the  domain  has  a  component  pai*allel  and  peipendicular  to  the  basal  plane. 


Figure  4.  MDF  image  taken  at  E  =  [11-20]  for  a  film  grown  by  HVPE  with  a  ZnO  buffer  layer 
with  (a)  g  =  +0002  and  (b)  g  =  -0002 


Figure  4c.  Dai'k  field  image  of  the  same  region  in  Fig.  4a  and  4b  taken  nea*  E  = 
[11-20]  with  g=  10-10 
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CONCLUSIONS 

IDs  were  characterized  in  films  grown  by  ECR-MBE,  HVPE,  and  MOCVD.  Films  with 
a  high  density  of  columnar  domains  grown  by  MBE  were  found  to  be  connected  at  the 
boundaries  along  both  the  { 10-10}  (M)  and  {11-20}  (A)  planes.  The  IDs  in  the  thin  MBE  films 
all  temiinated  at  the  film  surface.  For  thicker  films,  IDs  were  found  to  teiTninate  and  fonn  IDBs 
on  the  (0001)  and  {1-102}  planes.  The  IDs  foimed  both  columnar  and  “house”  like 
moiphologies.  They  tended  to  cluster  in  the  HVPE  films  grown  with  a  ZnO  buffer  layer.  Some 
of  these  domains  grew  several  microns  before  teiininating  within  the  film.  For  MOCVD  films 
and  HVPE  films  grown  with  the  GaCl  pretreatment,  only  “house”  shaped  domains  were  found 
with  a  density  of  <  2%  of  the  film.  Therefore  these  domains  tended  to  be  isolated  and  grew  to  ~ 
100-300nm  high. 
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ABSTRACT 

We  have  investigated  Alo.12Gao.88N  layers  with  and  without  a  1  GaN  buffer,  grown 
on  the  c-face  of  a  —  AI2O3  substrate  with  an  intermediate  AIN  nucleation  layer  grown  by 
LP-MOVPE.  We  used  spatially  resolved  cathodoluminescence  spectroscopy  at  a  temperature 
of  8K  to  investigate  the  strain  and  the  homogeneity  of  composition  that  can  be  determined 
from  the  energy  of  the  luminescence  peak.  The  larger  thermal  expansion  coefficient  of  the 
sapphire  in  comparison  to  the  nitrides  leads  to  a  biaxial  compressive  strain  of  the  upper 
GaN  layer  when  cooling  down  from  growth  temperature.  For  AlGaN  layers  directly  grown 
on  the  nucleation  layer  this  cannot  be  confirmed.  The  layer  stays  relaxed  and  fluctuations 
in  the  aluminium  composition  of  0.4%  can  be  observed.  When  growing  an  intermediate 
GaN  buffer,  the  AlGaN  layer  gets  tensilely  strained.  This  strain  is  of  elastic  nature  and 
microcracks  can  be  observed  preferentially  at  the  edges  due  to  the  smaller  lattice  constant  of 
AlGaN  in  comparison  to  GaN.  Even  detaching  of  the  AlGaN  layers  grown  on  the  buffer  can 
be  observed.  In  the  regions  without  cracks  the  layers  are  quite  homogeneous.  A  deformation 
potential  of  (19±4)eV  was  estimated  for  Alo.12Gao.88N. 

INTRODUCTION 

In  addition  to  the  luminescence  wavelength  in  the  visible  and  near  UV  spectral  range  and 
the  direct  energy  gap,  attributes  like  mechanical  hardness  and  chemical  resistance  make  the 
material  system  of  the  group  III  nitrides  promising  for  realization  of  optical  devices.  Due 
to  the  lack  of  III-V  nitride  bulk  crystals  of  adequate  size,  substrate  materials  are  to  be  used 
that  do  not  match  in  lattice  constants  nor  in  thermal  expansion  coefficient.  Sapphire  and 
SiC  are  the  most  commonly  applied  substrates  at  this  time.  In  our  work,  we  investigated 
samples  grown  by  LP-MOVPE  on  sapphire  substrates.  Due  to  the  large  lattice  mismatch 
between  (Al)GaN  and  sapphire  it  is  energetically  favorable  for  the  hexagonal  (Al)GaN  unit 
cells  to  grow  30°  rotated  on  the  substrate  [1].  Nevertheless  the  lattice  mismatch  is  more  than 
16%  in  a  direction.  For  GaN  bulk  layers  the  build-up  of  strain  is  prevented  by  generation 
of  dislocations  during  the  growth  under  such  conditions.  The  layers  grow  unstrained  with  a 
large  resulting  dislocation  density  [2,  3].  When  cooling  down  from  the  growth  temperature 
of  about  1000°C,  the  larger  thermal  expansion  coefficient  of  the  sapphire  leads  to  a  biaxial 
compressive  strain  of  the  upper  GaN  layer,  This  can  be  observed  in  a  shift  of  the  luminescence 
energy  because  a  deformation  of  the  Brillouin  zone  alters  the  band  structure.  For  the  AlGaN 
layers  another  behavior  is  observed  that  was  investigated  in  this  work  by  spatially  resolved 
cathodoluminescence  spectroscopy.  Due  to  the  larger  energy  gap  of  AlGaN  in  comparison  to 
(In)GaN  this  alloy  is  of  interest  for  heterostructure  applications  like  quantum  well  structures. 
It  is  convenient  for  carrier  as  well  as  photon  confinement.  For  this  reason  we  focused  our 
investigations  on  the  influence  of  a  GaN  buffer  layer  on  the  AlGaN  with  the  aim  to  get 
information  about  the  homogeneity  and  the  local  dependencies  of  the  luminescence  energy 
and  consequently  of  the  strain.  The  origin  of  strain  and  especially  the  relaxation  mechanisms 
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as  well  as  fundamental  items  like  deformation  potentials  are  not  very  well  known  for  this 
material  system. 

EXPERIMENTAL 

We  investigated  samples  grown  by  low  pressure  metalorganic  vapor  phase  epitaxy  (LP- 
MOVPE)  on  the  c-face  of  sapphire.  The  source  materials  were  triethyl-gallium  (TEG), 
trimethyl- aluminium  (TMA)  and  ammonia  (NH3);  H2  and  N2  were  used  as  carrier  gases. 
The  pressure  in  the  reactor  was  in  all  cases  100  mbar.  A  nucleation  layer  of  about  10  nm 
AIN  grown  at  800° C  drastically  improves  the  quality  of  the  upper  nitride  layers  grown  at 
1000  °C.  Further  details  on  the  growth  parameters  are  presented  elsewhere  [4]. 

The  thickness  of  all  Alo.12Gao.88N  layers  was  1.3  yum.  In  the  first  case  a  1  ^m  GaN  buffer 
layer  is  grown  below  the  AlGaN,  in  the  second  case  there  is  no  buffer  layer.  To  compare 
the  layers  with  unstrained  GaN  and  AlGaN,  slivers  were  scraped  off  the  samples  using  a 
diamond  needle.  Obviously  at  some  slivers  the  AlGaN  and  the  GaN  are  separated  since 
no  GaN  luminescence  can  be  observed.  The  aluminium  content  of  the  AlGaN  layers  was 
determined  by  room  temperature  X-ray  diffractometry  using  Vergard’s  rule  that  is  quite 
well  observed  for  aluminium  contents  of  less  than  15%  and  by  the  luminescence  energy  of 
the  relaxed  slivers  [5].  The  layer  thickness  was  measured  by  a  scanning  electron  microscope 
(SEM).  For  our  investigations  we  used  low-temperature  cathodoluminescence  spectroscopy 
at  8  K  to  probe  the  local  dependencies  of  the  strain.  The  acceleration  voltage  of  the  primary 
electrons  was  3  kV...10  kV  according  to  the  penetration  depth  needed  for  excitation  of  the 
regions  of  interest.  For  detection  a  25  cm  spectrometer  was  used  followed  by  an  optical 
multichannel  analyzer  intensified  for  the  short  wavelength  region. 

RESULTS 

Let  us  first  discuss  our  results  for  the  case  of  the  AlGaN  layer  grown  on  a  buffer  layer, 
in  the  second  part  the  investigations  without  buffer  will  be  presented.  The  left  part  of 
Fig.  1  shows  the  luminescence  of  a  1.3/um  thick  Alo.i2Gao,88N  layer  grown  on  sapphire  with 
an  intermediate  1  yum  GaN  buffer  layer  and  that  of  unstrained  mateiial.  The  luminescence 
energy  of  the  AlGaN  layer  shifts  to  smaller  values  while  that  of  the  GaN  layer  shifts  to  larger 
values  in  comparison  to  the  unstrained  material.  The  origin  of  this  behavior  can  be  found 
in  the  strain  of  the  layers.  While  the  GaN  is  compressively  strained  due  to  the  difference  in 
thermal  expansion  coefficients  between  GaN  and  sapphire  [2,  3],  the  AlGaN  layer  is  tensilely 
strained.  The  lattice  mismatch  between  GaN  and  AlGaN  with  an  aluminium  content  of  12  % 
is  much  smaller  than  that  between  GaN  and  sapphire  in  a  direction.  The  lattice  constant  of 
AlxGai„xN  decreases  with  increasing  aluminium  content.  For  the  AlGaN  it  is  possible  in  this 
case  to  accommodate  the  lattice  constant  of  the  GaN  at  growth  and  is  respectively  tensile 
strained  on  the  top.  The  influence  of  the  difference  in  the  thermal  expansion  coefficients 
[6],  assuming  a  linear  progression  in  composition,  is  smaller  than  the  tensile  elastic  strain. 
So'the  resulting  strain  of  the  AlGaN  layer  is  of  elastic  type  induced  during  the  growth. 
The  right  part  of  Fig.  1  shows  the  energetic  position  of  the  GaN  and  AlGaN  luminescence 
lines  scanned  over  a  cleaved  edge  of  the  sample.  As  a  result  of  smaller  crystal  forces  at 
the  edges,  the  material  has  the  possibility  to  relax  in  this  region.  The  direction  of  the 
relaxation  indicates  the  type  of  strain.  We  observed  an  increase  of  the  luminescence  energy 
at  the  edge  due  to  tensile,  a  decrease  due  to  compressive  strain  for  the  AlGaN  and  the  GaN 
layers,  respectively.  The  tensile  nature  of  the  top  layer  can  be  observed  also  in  the  SEM 
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Figure  1;  Characterization  of  a  1.3/.im  Alo.12Gao.88N  layer  grown  on  a  1  /j,m  GaN.  The  left 
picture  shows  the  AlGaN  and  GaN  luminescence  lines  compared  with  unstrained  material, 
the  right  part  shows  the  relaxation  of  strain  at  a  cleaved  edge  of  the  sample. 


image  of  Fig.  2.  Cracks  and  even  a  lift  off  of  the  AlGaN  can  be  seen  in  a  few  regions  of 
the  surface.  The  left  part  of  Fig.  2  represents  the  energetic  position  of  the  luminescence 


Figure  2:  Position  of  the  luminescence  energy  and  SEM  image  of  Alo.12Gao.88N  grown  on  a  1 
fixn  GaN  buffer  layer.  Due  to  tensile  strain  of  the  top  layer  detaching  can  be  observed.  The 
luminescence  was  scanned  along  the  black  line  in  the  right  image. 

peak  corresponding  to  the  lateral  position  scanned  along  the  line  shown  in  the  SEM  image. 
Like  in  Fig.  1  it  can  be  observed  that  the  GaN  layer  is  also  strained,  but  in  a  compressive 
way.  At  22  fim  the  AlGaN  is  completely  lifted  off  the  GaN.  The  luminescence  energy  of 
3.735eV  represents  the  value  of  relaxed  material  as  it  is  shown  in  the  left  part  of  Fig.  1. 
The  GaN  layer  does  not  relax  totally,  the  contribution  of  the  difference  in  thermal  expansion 
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coefficient  to  sapphire  remains  as  it  was  observed  for  GaN  layers  without  AlGaN  on  top  [7]. 
The  energy  shift  between  the  fully  strained  region  and  the  region  of  totally  relaxed  elastic 
strain  is  16meV  and  lOmeV  for  AlGaN  and  GaN,  respectively. 

The  relation  between  strain  and  energy  shift  is  given  by  the  deformation  potential.  In  wurzite 
structure  there  are  four  deformation  potentials  that  can  be  combined  to  an  effective  single 
value  C.  For  the  A  exciton  and  in  good  approximation  for  the  bound  exciton  [8]  the  following 
relation  can  be  applied: 

^E  =  2[5i3(C'i  +  C3)  +  {S^,  +  5i2)(C'2  +  ^4)]  •  e  =  C  •  e  (1) 

Sij  represent  the  coefficients  of  elasticity  and  (7;  the  components  of  the  deformation  poten¬ 
tial.  Using  a  deformation  potential  of  12eV  for  GaN  [2,  7]  the  deformation  potential  for 
Alo.12Gao.88N  can  be  estimated  to  be  (19±4)eV.  Most  of  the  error  is  due  to  the  uncertainty 
of  the  exact  composition  and  the  intensity  fluctuation  of  the  optical  transitions.  For  the 
case  of  AlGaN  grown  directly  on  the  AIN  nucleation  layer  without  a  buffer  the  behavior 
totally  changes.  In  the  SEM  image  no  cracks  can  be  observed.  Scans  over  cleaved  edges  does 
not  show  the  typical  bearing  of  relaxation,  i.e.  a  shift  of  the  luminescence  energy  to  one 
direction.  The  luminescence  energy  changes  in  a  range  of  a  few  jim.  by  more  than  10  meV 
with  no  recognizable  tendency.  The  local  dependency  is  shown  in  Fig.  3.  In  the  cathodo- 
luminescence  image,  dark  regions  of  a  few  fim  expansion  can  be  seen  representing  areas  of 
higher  energy.  This  is  a  quite  amazing  behavior.  Growing  a  1.3  //m  GaN  layer  instead  of 
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Figure  3:  Luminescence  of  Alo.12Gao.88N  grown  directly  on  the  nucleation  layer.  The  left 
picture  shows  two  spectra  at  different  position  on  the  sample.  In  the  right  picture  the 
position  of  the  luminescence  was  observed  for  a  two  dimensional  area. 

AlGaN,  a  compressive  strain  of  more  than  0.12%  results.  That  can  be  definitely  detected 
looking  at  the  relaxation  at  an  edge  as  well  as  in  X-ray  diffractometry  [7].  Fig.  4  represents 
the  rocking  curves  of  the  different  samples.  It  can  be  observed  that  the  rocking  curve  of  the 
AlGaN  layer  without  buffer  is  obviously  broadened  in  comparison  to  the  one  with  a  GaN 
buffer  layer.  At  least  two  reasons  can  be  responsible  for  this  behavior:  a.)  different  layer 
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Figure  4:  Rocking  curve  of  Alo.12Gao.88N  grown  with  and  without  1  fim  GaN  buffer  layer. 
Angles  are  not  corrected  for  misorientation. 

qualities,  i.e.  dislocation  densities,  b.)  fluctuations  in  composition.  In  cathodoluminescence 
spectra  no  strain  of  the  layer  could  be  observed.  Investigations  on  GaN  layers  show  that 
large  dislocation  densities  broaden  the  luminescence  line  and  shift  some  intensity  to  impurity 
related  transitions  but  do  not  move  the  position  of  the  main  transition.  This  behavior  can 
be  found  also  for  AlGaN  as  it  is  shown  in  Fig.  5.  The  luminescence  is  scanned  perpendicular 
to  an  edge  of  the  sample.  At  the  interface  to  the  sapphire,  where  most  dislocations  are 
expected,  a  low  energy  peak  can  be  seen  up  to  a  height  of  about  500nm  that  suppresses 
the  luminescence  of  the  AlGaN.  No  influence  on  the  energetic  position  of  the  AlGaN  lumi¬ 
nescence  can  be  recognized.  So  the  origin  of  the  luminescence  shift  is  due  to  fluctuation  of 
the  aluminium  content  depending  on  the  position.  Using  the  composition  dependence  of  the 
energy  [5],  a  fluctuation  of  the  aluminium  content  of  0.4%  can  be  calculated.  The  ultimate 
reason  for  this  total  different  behavior  of  the  AlGaN  in  comparison  to  GaN  layers  is  not 
completely  clear.  An  explanation  might  be  a  difference  in  adhesion  between  AlGaN  and  the 
nucleation  layer  and  between  GaN  and  the  nucleation  layer. 

SUMMARY 

We  investigated  the  difference  in  strain  and  homogeneity  of  AlGaN  layers  grown  by  LP- 
MOVPE  on  the  c-face  of  sapphire  with  regard  to  the  influence  of  an  intermediate  GaN  buffer 
layer.  An  AIN  nucleation  layer  directly  grown  on  the  a  — AI2O3  is  used  to  increase  the  quality 
of  the  upper  nitride  layers.  It  was  found  that  a  GaN  buffer  layer  of  Ifim  thickness  totally 
changes  the  behavior  of  the  Alo.12Gao.88N  layer.  With  a  buffer  layer  it  can  be  observed  that 
the  strain  of  the  AlGaN  is  tensile  due  to  elastic  stress  and  is  induced  during  the  growth.  The 
GaN  buffer  layer  on  the  other  hand  is,  additionally  to  the  stain  induced  by  the  mismatch 
in  thermal  expansion  coefficients  to  the  sapphire,  compressively  strained.  Relaxation  can  be 
observed  at  the  edges.  Cracks  are  preferentially  observed  in  regions  close  to  the  edges  of 
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Figure  5:  Luminescence  of  Alo.12Gao.88N  without  buffer  layer  scanned  along  the  growth 
direction.  The  right  part  is  the  continuation  of  the  left  one  in  direction  to  the  top  of  the 
sample.  The  low  energetical  peak  has  no  influence  on  the  energetical  position  of  the  AlGaN 
luminescence. 

the  sample  but  otherwise  the  top  layer  is  quite  homogeneous.  From  the  energy  shift  in  case 
of  relaxation  an  effective  deformation  potential  of  (19  ±  4)eV  can  be  estimated.  Growing 
the  AlGaN  directly  on  the  nucleation  layer  leads  to  a  rough  surface  and  broadened  rocking 
curves.  Spatially  resolved  cathodoluminescence  spectroscopy  indicates  an  absence  of  strain, 
but  considerable  composition  fluctuations  of  0.4%.  At  the  interface  to  the  substrate,  where 
the  most  dislocations  are  expected,  the  luminescence  of  the  AlGaN  is  suppressed. 
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ABSTRACT 

By  monitoring  RHEED  reconstruction  patterns  during  gas  source  molecular  beam  epitaxy 
growth,  the  optimization  of  the  growth  for  cubic  GaN  was  carried  out  successfully.  Cubic  GaN 
epilayer  having  a  X-ray  diffraction  width  of  16min  and  a  low  temperature  photoluminescence 
emission  width  of  19meV  was  obtained  on  a  3C-SiC  substrate  by  adjusting  the  effective  IIW 
ratio  in-situ  during  the  growth,  which  can  be  inferred  from  the  surface  reconstruction  transitions. 
It  was  found  that  the  surface  reconstructions  of  cubic  GaN  surfaces  are  good  indices  for  the 
optimization  of  growth  parameters. 


INTRODUCTION 

Recently,  much  more  interest  has  been  aroused  in  III-V  nitride  material  system  owing  to 
the  achievements  of  blue  or  ultraviolet  stimulated  emission  by  current  injection  from  semicon¬ 
ductor  laser  structures  [1,2]  as  well  as  the  commercialization  of  blue  light  emitting  diodes  (LED) 
[3,4]  which  are  fabricated  with  GaN-based  alloys  and  heterostructures.  These  GaN-based  mate¬ 
rials  are  heteroepitaxial  layers  having  hexagonal  (wurtzite)  crystal  structure  grown  on  sapphire 
substrates  by  metalorganic  chemical  vapor  deposition  (MOCVD)  technique. 

On  the  other  hand,  it  has  been  recently  found  that  GaN  can  be  grown  in  another  crystal 
structure,  i.e.,  cubic  (zincblende)  structure  [5,  6],  which  is  usual  for  arsenides,  phosphides  and 
antimonides  of  III-V  compound  semiconductors.  Energetically,  cubic  nitrides  are  less  stable 
compared  with  corresponding  hexagonal  nitrides.  Because  cubic  crystals  have  higher  crystallo¬ 
graphic  symmetry  than  hexagonal  ones,  it  is  expected  that  cubic  GaN  would  show  lower  phonon 
scattering,  better  doping  characteristics,  and  so  on.  Moreover,  large-area  and  conductive  sub¬ 
strates,  such  as  Si  and  GaAs,  are  available  for  the  growth  of  cubic  GaN.  However,  the  number  of 
studies  on  cubic  GaN  has  been  sparse  compared  with  hexagonal  GaN,  and  quality  of  cubic 
epilayers  is  still  poor.  One  reason  is  the  lack  of  an  appropriate  cubic  substrate  which  is  stable  at 
the  high  growth  temperatures  and  has  a  close  lattice  constant  to  GaN.  The  most  commonly  used 
substrates  for  GaN  is  sapphire,  and  the  hexagonal  structure  of  sapphire  substrates  results  in  the 
growth  of  hexagonal  G^.  Another  reason  is  the  metastable  nature  of  the  cubic  phase.  Growth 
of  the  metastable  cubic  phase  is  unfavorable  under  the  equilibrium  growth  condition  such  as  that 
in  MOCVD  process.  On  the  other  hand,  using  molecular  beam  epitaxy  (MBE)  technique,  which 
is  well-known  as  a  non-equilibrium  growth  method,  it  has  been  believed  to  be  difficult  to  grow 
GaN  with  good  crystalline  quality  due  to  the  lack  of  sufficiently  effective  N  sources,  until  re¬ 
cently.  However,  owing  to  the  recent  development  of  N  radical  sources,  studies  on  cubic  GaN 
have  been  increasing  in  number,  and  the  interest  in  cubic-phase  nitride  has  also  been  greatly 
increased. 

MBE  technique  has  a  large  advantage  compared  with  MOCVD  technique.  It  is  the  capabil¬ 
ity  of  in-situ  monitoring  using  reflection  high  energy  electron  diffraction  (RHEED)  etc.  Regard¬ 
ing  the  surface  reconstruction  of  GaN  surfaces,  there  have  been  several  reports  investigating  the 
transition  of  reconstruction.  Brandt  et  al.  reported  the  reconstruction  transition  for  cubic  GaN 
(001)  surface  grown  on  GaAs  (001)  substrates  [7].  They  observed  the  transitions  among  (1x1), 
(2x2)  and  c(2x2)  reconstructions,  and  attributed  these  transitions  to  the  difference  of  surface 
coverage  of  Ga.  For  hexagonal  GaN  (0001)  surface,  transition  of  reconstruction  between  (2x2) 
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and  (1x1)  has  been  also  reported  by  Iwata  et  al. 

[8]  and  our  group  [9].  We  also  investigated  the 
phase  diagram  of  surface  reconstructions  as  a 
function  of  substrate  temperature  and  Ga  flux 
intensity  for  the  both  types  of  GaN  epilayers  [9- 

11] .  For  the  growth  of  III-V  nitrides,  it  is  well 
known  that  the  accurate  elucidation  of  the  flux 
intensity  of  effective  nitrogen  species  is  difficult. 
The  MBE  growth  of  GaN  has  been  so  far  carried 
out  without  any  monitoring  tools  for  II W  ratio. 
However,  it  was  found  that  the  conditions  on  the 
reconstruction  transition  curve  in  the  surface 
phase  diagram  correspond  to  some  effective  IIW 
ratio  [9,  10].  By  monitoring  the  surface  recon¬ 
struction  transition,  we  can  adjust  the  stoichio¬ 
metric  balance  of  reaction  species  on  the  surface 
in-situ  for  the  growth  of  GaN. 

We  have  grown  cubic  GaN  epilayers  by  gas 
source  MBE  technique  using  a  plasma  source  [11, 

12] .  The  optimization  of  growth  parameters  using 
RHEED  in-situ  monitoring  of  the  surface  recon- 
stmctions  enabled  us  to  obtain  high-quality  cubic 
GaN  epilayers  on  GaAs  and  3C-SiC  substrates. 
Also,  flat  surface  morphology  of  3C-SiC  sub¬ 
strates  much  improved  the  structural  quality  of 
cubic  GaN  epilayers.  In  this  paper,  we  report  the 
structural  and  optical  characterization  of  these 
cubic  epilayers  in  relation  to  the  growth  condi¬ 
tions. 


EXPERIMENTS 

Cubic  GaN  epilayers  were  grown  on 
GaAs(OOl)  and  3C-SiC(001)  substrates  by  gas 
source  MBE.  3C-SiC  substrates  were  grown  on 
Si(OOl)  surfaces  by  atmosphere  chemical  vapor 
deposition  (APCVD)  or  low  pressure  chemical 
vapor  deposition  (LPCVD)  technique.  Ga  was 
evaporated  from  a  Knudsen-type  effusion  cell. 

As  a  nitrogen  source,  N^  beam  activated  with  an 
electron  cyclotron  resonance  (ECR)  plasma  cell 
was  used.  After  thermal  cleaning  of  the  sub¬ 
strates,  followed  by  GaAs  buffer  layer  growth  in 
the  case  of  GaAs  substrates,  streak  RHEED 
patterns  were  obtained  for  the  both  types  of 
substrates.  On  these  substrate  surfaces,  at  first, 

Ga  was  deposited  under  the  activated  N^  beam  at 
around  400°C.  By  the  annealing  of  the  substrates, 
spotty  RHEED  patterns  of  cubic  GaN  were 
obtained,  and  the  epitaxial  growth  of  cubic  GaN 
was  carried  out  subsequently.  RHEED  patterns  in 
this  sequence  are  shown  in  Fig.l  for  the  case  of 
3C-SiC  substrates.  The  microwave  power  used 
for  the  ECR  cell  was  40-100W,  the  flow  rate  of 
N^  was  1-8  seem,  and  the  growth  temperature  was 


Fig.l  RHEED  patterns  in  the  sequence  of  cubic  GaN 
growth  on  a  3C-SiC  substrate,  (a)  initial  3C-SiC  sur¬ 
face,  (b)  after  the  buffer  layer  deposition  at  400°C,  (c) 
after  the  subsequent  annealing,  (d)  during  GaN  growth, 
and  (e)  after  the  subsequent  annealing  without  Ga  flux. 
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600-800°C.  The  obtained  growth  rate  was  200- 
600A/h.  During  the  growth,  RHEED  patterns, 
/.e.,  (2x2)/c(2x2)  for  GaAs  and  (4xl)/(lxl)  for 
3C-SiC  substrates  [10,  11,  13],  were  observed, 
and  the  Ga  flux  intensity  and  the  substrate 
temperature  were  adjusted  by  monitoring  the 
RHEED  reconstruction  transition. 

PL  measurements  were  carried  out  at  4.2K 
using  a  325nm  line  from  a  He-Cd  laser  for 
excitation.  In  the  XRD  measurements,  recipro¬ 
cal  lattice  mapping  and  pole  figure  generation 
techniques  were  used  in  addition  to  the  conven¬ 
tional  M  -  20  scanning  mode. 


RESULTS  and  DISCUSSION 

Compared  with  hexagonal  GaN  epilayers 
on  sapphire,  the  structural  quality  of  cubic 
epilayers  is  still  inferior.  XRD  peak  full  widths 
at  half-maximum  (FWHM)  for  (0002)  diffrac¬ 
tion  of  hexagonal  layers  are  usually  several  min 
and  the  best  one  reported  so  far  is  around  30sec 

[14] .  On  the  other  hand,  XRD  peak  widths  of 
(002)  diffraction  for  cubic  layers  are  several  tens 
of  min.  One  of  the  causes  of  these  large  widths 
is  the  existence  of  many  stacking  faults  in  the 
cubic  layers.  From  the  cross-sectional  transmis¬ 
sion  electron  microscope  observation,  it  was 
found  that  the  region  farther  form  the  interface 
contains  less  stacking  faults  compared  with  the 
region  near  the  interface,  and  that  stacking  faults 
originate  from  rough  portion  at  the  interface 

[15] .  Figure  2  shows  the  thickness  dependence 
of  (002)  diffraction  FWHM  of  cubic  layers 
grown  on  3C-SiC.  There  is  a  tendency  for  the 
XRD  width  to  decrease  as  the  layer  thickness 
increases,  which  is  consistent  with  this  TEM 
observation. 

Considering  the  generation  of  stacking 
faults  at  the  interface,  it  is  well  expected  that 
smoother  surfaces  may  results  in  the  structural 
improvement  of  epilayers.  Usually,  3C-SiC 
substrates  are  obtained  by  APCVD  technique  on 
Si  (001)  substrates,  and  the  surface  morphology 
of  such  SiC  layers  is  not  so  good.  However, 
LPCVD  grown  3C-SiC  layers  exhibit  quite  flat 
and  featureless  morphology  [16].  By  using 
these  3C-SiC  substrates,  we  have  succeeded  in 
achieving  the  XRD  A2e  width  as  small  as  16min 
in  a  (0-20  scan  for  (002)  diffraction  spot.  This 
result  indicates  that  the  initial  surface  morphol¬ 
ogy  just  before  the  nitride  growth  affects  the 
structural  quality  of  GaN  epilayers. 

In  Fig.  3,  the  phase  diagram  of  (lxl)/(4xl) 
surface  reeonstruction  is  shown  as  a  function  of 
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Fig.2  Thickness  dependence  of  XRD  (002)  diffraction 
peak  width  of  cubic  GaN  grown  on  3C-SiC  substrates. 
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Fig.3  Phase  diagram  of  cubic  GaN(OOl)  (lxl)/(4xl)  sur¬ 
face  on  3C-SiC  substrates  under  the  constant  flow  rate. 
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Fig.4  Low  temperature  PL  spectra  of  cubic  GaN  epilayers 
grown  under  3  types  of  growth  conditions  in  Fig.3.  Sample 
A  was  grown  in  (4x1)  region,  B  on  the  transition  curve, 
and  C  in  (1x1)  region. 
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substrate  temperature  and  Ga  flux  inten¬ 
sity  for  several  constant  nitrogen  flow 
rates.  Phase  boundary  curves  between 
(1x1)  and  (4x1)  regions,  where  surface 
phase  transitions  occur,  are  expressed  by 
the  formula  -  A  exp(-£'  /  kT), 

where  0^  is  the  flux  Intensity  of  effective 
excited  nitrogen  species,  0^^  the  Ga  flux 
intensity,  E  the  activation  energy  of  Ga 
re-evaporation,  k  Boltzman  constant,  T 
the  substrate  temperature,  respectively 
[9,  10],  For  the  growth  on  GaAs  sub¬ 
strates  showing  (2x2)/c(2x2)  transitions, 
similar  phase  diagram  was  obtained. 

Based  on  this  phase  diagram,  we 
have  grown  3  kinds  of  cubic  samples  at  3 
different  regions,  i.e.,  (1x1)  region,  on 
the  transition  curve,  and  (1x4)  region. 


Fig.5  (002)  XRD  widths  and  PL  exciton  emission  widths  of  cu¬ 
bic  GaN  epilayers  grown  under  3  types  of  conditions  in  Fig. 3. 
ECR  power  during  the  growth  was  40W. 


Low  temperature  PL  spectra  for  the  3  samples  are  shown  in  Fig.  4.  The  width  of  the  exciton 
emission  at  3.27eV  is  the  narrowest  for  sample  B  grown  just  at  the  transition  curve.  Both 
samples  A  and  C,  grown  in  (1x1)  and  (4x1)  regions  apart  from  the  transition  curve  respectively, 
exhibited  wider  widths.  Moreover,  samples  A  and  C  show  emission  attributed  to  impurity/ 
defect-related  levels  at  the  lower  energy  region  or  that  from  mixed  hexagonal  phase  at  the  higher 
energy  side.  The  similar  result  was  obtained  for  co-2e  XRD  measurement.  Sample  B  also 
showed  the  narrowest  XRD  width  among  the  3  samples.  In  Fig.5,  obtained  widths  of  PL  and 
XRD  measurements  are  plotted  against  Ga  flux  intensity  relative  to  N2  flow  rate.  As  far  as  the 
characterization  by  PL  and  XRD  widths  is  concerned,,  samples  grown  at  the  condition  on  the 
transition  curves  have  the  best  quality,  as  demonstrated  for  hexagonal  GaN[9]. 

Under  the  consideration  of  III/V  stoichiometric  bal¬ 
ance  during  the  growth  [9,  10],  transition  curves  in  the 
surface  phase  diagram  correspond  to  some  constant  effec¬ 
tive  III/V  ratio,  as  proposed  by  Daweritz  and  Hey  for  GaAs 
[17].  Thus,  the  dependence  of  the  quality  of  obtained  layers 
on  surface  reconstruction  during  the  growth  is  related  to  the 
effective  III/V  ratio  on  the  surface.  In  the  MBE  growth 
using  a  plasma  source,  it  is  actually  impossible  to  precisely 
measure  N-related  species  (N^*,  N*  etc.)  which  contrib¬ 
ute  to  nitride  growth  on  the  growing  surfaces.  Moreover, 

III/V  ratio  should 
depend  on  the  growth  ^ 
temperature  strongly. 

The  present  results  s 
mean  that  the  optimi- 
zation  of  the  effective 
III/V  ratio  for  the 
growth  of  cubic  GaN  g 
is  carried  out  success-  a 
fully  by  means  of  g 
monitoring  the  sur-  -g 
face  reconstructions  ^ 
including  the  effect  of 
growth  temperature. 

So  far,  GaN  epilayers 
have  been  grown 
under  N-rich  condi¬ 
tion  to  avoid  the 
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Fig. 6  XRD  pattern  of  a  cubic  GaN 
epilayer  grown  under  the  growth  con¬ 
dition  on  the  transition  curve  in  Fig. 3 


Energy  (eV) 

Fig.7  PL  spectra  of  a  cubic  GaN  epilayer 
grown  under  the  growth  condition  on  the 
transition  curve  in  Fig.  3. 
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Fig.8  Reciprocal  Lattice  mapping  of  a  cubic  GaN 
epilayer  grown  on  a  3C-SiC  (001)  substrate. 
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Fig. 9  Low  temperature  PL  spectrum  of  a  cubic  GaN  epilayer 
grown  on  a  GaAs  substrate  under  the  condition  on  the  transi¬ 
tion  curve. 


formation  of  Ga  droplets.  However,  excess  N-rich  condition  was  found  to  result  in  the  deteriora¬ 
tion  of  the  quality. 

In  Figs.  6  and  7,  XRD  patterns  and  PL  spectra  of  the  sample  exhibiting  the  narrowest 
widths  so  far  are  shown,  Le.,  16min  for  XRD  and  19meV  for  low  temperature  PL.  This  sample 
showed  a  pronounced  emission  band  even  at  room  temperature.  In  the  lower  energy  region, 
there  was  no  appreciable  emission  band.  These  results  are  the  evidence  of  high  quality  of  the 
sample. 

The  result  of  reciprocal  space  mapping  of  cubic  GaN  epilayers  on  a  3C-SiC  substrate  is 
shown  in  Fig.8.  Compared  with  usual  h-GaN  epilayers,  the  shape  of  the  reciprocal  lattice  point 
is  isotropic.  The  value  of  Aco  is  estimated  to  be  29min.  Near  this  diffraction  spot,  there  was  no 
trace  of  other  spots  attributed  either  to  cubic  or  to  hexagonal  GaN.  Any  streak  lines  caused  by 
hexagonal  stacking  in  cubic  phase  [18]  are  not  observed  either.  The  pole  figure  technique  [11], 
which  can  detect  any  lattice  planes  inclined  against  the  epilayer  surfaces,  also  revealed  the  supe¬ 
rior  single  phase  feature  of  this  cubic  sample. 

For  the  growth  on  GaAs(OOl)  substrates,  the  effective  IIW  ratio  was  adjusted  by  observ¬ 
ing  (2x2)/c(2x2)  surface  reconstruction  transitions.  Compared  with  the  case  of  3C-SiC  case,  the 
streak  feature  of  RHEED  patterns  and  the  reconstruction  transition  was  not  so  obvious.  The 
dependence  of  epilayer  quality  on  the  reconstruction  region  was  not  clear,  also.  However,  the 
sample  grown  under  the  condition  on  the  transition  curve  exhibited  quite  strong  emission  at  the 
band  edge  region,  as  shown  in  Fig.  9. 

In  Fig.  10,  the  results  of  XRI)  pole  figure  measurements  for  cubic  GaN  layers  grown  on 
GaAs  (001)  substrates  are  shown.  Figs.  10(a)  and  10(b)  were  obtained  under  the  detection  con- 


Fig.lO  XRD  pole  figure  measurements  for  a  cubic  GaN  sample  grown  on  a  GaAs  (001)  substrate.  Detecter  angle  29 
was  set  for  (a)  cubic  (002)  and  (b)  hexagonal  (0002)  diffraction  spots,  respectively.  Every  10  degrees  of  azimuthal 
angle  \{r  are  shown  by  solid  lines. 
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figuration  for  cubic  GaN(002)  and  hexagonal  (0002)  diffraction  spots,  respectively.  In  Fig.  10(a). 
diffraction  is  observed  only  at  the  center.  This  result  shows  that  any  misoriented  cubic  grain  is 
not  included  in  the  epilayer.  However,  Fig.  10(b)  indicates  that  the  sample  contains  hexagonal 
grains  16°  inclined  for  4  equivalent  directions.  From  diffraction  intensity,  the  hexagonal  content 
IS  estimated  to  be  several  %.  It  is  noted  that  this  sample  shows  no  detectable  PL  emission  attrib¬ 
uted  to  hexagonal  phase,  and  any  hexagonal  XRD  diffraction  spots  were  not  observed  by  con¬ 
ventional  (0-20  scan  mode.  In  this  sense,  pole  figure  technique  is  a  very  useful  tool  for  the  char¬ 
acterization  of  phase  mixing. 


CONCLUSION 

We  have  successfully  grown  high  quality  cubic  GaN  epilayers  on  LPCVD-grown  3C-SiC 
substrates  by  in-situ  growth  optimization  using  RHEED  reconstruction  monitoring.  It  was 
found  that  the  growth  condition  on  the  reconstruction  transition  curves  results  in  better  structural 
and  optical  quality.  The  optimization  by  RHEED  observation  was  a  very  useful  tool  especially 
for  the  improvement  of  the  quality  of  cubic  GaN  epilayers. 
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ABSTRACT 

We  have  investigated  lattice  structures  of  GaN  and  InGaN/GaN  single-heterostructures  (SH) 
and  double-hetero  structures  (DH)  by  the  reciprocal  space  mapping  using  X-ray  diffraction 
tecMque  from  (0002)  plane.  For  a  single  GaN  layers,  the  transition  of  the  film  structure  from 
grains  with  relatively  independent  orientation  at  about  0.3  pm  followed  by  the  coalescence  at 
about  1  pm,  to  a  uniform  film  with  mosaic  structure  at  1.4  pm  was  clearly  observed.  For  DH 
structure,  o-mode  FWHMs  both  from  InGaN  (In  composition  approximately  7  %)  and  capping- 
GaN  layers  increased  with  increasing  film  thickness  from  20  nm  to  110  nm  indicating  the 
increased  mosaic  structure  in  the  thick  InGaN.  We  also  observed  the  dislocation  related  to  this 
increasing  mosaic  structure. 

INTRODUCTION 

The  III-V  nitrides,  such  ^  GaN,  InN  and  their  tematy  alloys,  have  been  widely  investigated 
by  numerous  researchers  with  the  purpose  of  constructing  short  wavelength  optical  devices  as 
well  as  high  temperature  devices.  That  is  because  those  materials  posses  peculiar  characteristics: 
they  have  wider  band-gap  energy  and  are  more  stable  than  other  materials  even  at  the  high 
temperatures.  Nakamura  has  already  demonstrated  the  blue-to-green  light  emitting  diodes 
(LEDs)  with  high  efiSciency  and  the  InGaN  multi-quantum- well-structure  laser  diodes  (LDs). 
[1,2]  Ho  wever,  because  of  the  lattice  misfit  between  the  nitride  alloys  and  the  sapphire  substrate, 
the  density  of  the  dislocation  in  the  III-V  nitride  layers  in  those  devices  remains  to  be  as  high  as 
10  cm  .  [3]  In  our  research,  we  have  investigated  the  structural  properties  of  the  III-V  nitride 
layers,  which  we  consider  the  most  important  elements  to  influence  the  effective  device 
performance. 

The  reciprocal  space  mapping  is  a  useful  technique  to  investigate  the  mosaicity  and  the  lattice 
coherence  in  the  crystals.  Several  research  groups  have  reported  the  structural  analyses  of  the 
GaN  films  grown  on  the  sapphire  substrate  using  these  techniques.  [4,5]  However,  neither  the 
results  on  GaN  film  thickness  dependence  nor  the  InGaN/GaN  single-heterostructures  (SH)  and 
the  double  heterostructures  (DH)  have  been  investigated. 

We  have  carried  out  the  detailed  investigation  on  the  crystal  structure  of  the  nitride  materials 
grown  using  the  MOCVD  technique.  This  paper  presents  the  results  of  GaN  single  layers  with 
different  thickness  of  0.35-1 .4  pm  and  those  of  SH  and  DH  structures. 

EXPERIMENT 

The  samples  used  in  our  experiments  were  grown  on  the  sapphire  (0001)  substrate,  using  the 
atrnospheric  MOCVD  tecMque  and  also  employing  the  two  step  growth  method.  TMG 
(trimethylgaUium),  TMI  (trimethylindium)  and  1^3  were  used  as  source  gases.  A  thin  AlGaN 
buffer  layer  was  grown  at  500  “C,  and  then,  the  GaN  epitaxial  layers  with  thickness  0.35  pm, 
1.05  pm  and  1.4  pm  were  grown  at  1050  °C. 

For  SH  structure,  the  110  nm-thick  InGaN  layer  were  grown  at  800  °C  on  the  0.4  pm-thick 
GaN.  Assuming  Vegard's  law  and  neglecting  strain  effects,  the  In  composition  was  determined 
by  adopting  the  x-ray  diffraction  technique.  The  0.1  pm-thick  GaN  layer  was  grown  at  1050  ”C 
on  the  SH  structure  to  febricate  DH  structure.  The  thickness  of  the  InGaN  layer  in  the  DH  was 
20  to  110  nm. 

The  reciprocal  space  mapping  diagrams  from  (0002)  plane  of  the  GaN  and  the  InGaN  were 
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measured  by  the  high  resolution  X-ray  diffractometer  (Philips  XTert-MRD). 
RESULTS  AND  DISCUSSION 


GaN  grown  on  sapphire 


Figure  1  shows  the  reciprocal  space  - 

mapping  diagrams  of  the  GaN  (0002)  peak  0.35fim 

with  the  three  different  thickness.  The 

vertical  and  horizontal  axes  correspond  to  (o  _  ° ^ 

and  00-20  scan,  respectively.  The  contour  S 

lines  indicate  100,  10,  1  and  0.1%  of  the  ^  ^ 

GaN  (0002)  peak  intensity.  The  peak  e 

broadening  in  co  and  o)-20  axes  show  the  .  w 

crystal  mosaicity  and  the  crystal  coherency  _o.i.  ? 

in  c-axis  (lattice  coherent  length), 

respectively. 

The  peak  broadening  along  oo  axis  with  - Tosilm 

increasing  film  thickness  is  clearly  observed. 

The  co-scan  full  width  at  half  maximum  ; 

(FWHM)  of  the  0.35,  1.05  and  1.4  pm-  _  /I 

thick  films  are  24,  36  and  51  arcsec,  S  U 

respectively.  However,  the  co-20  scan  o 

FWHM,  about  30  arcsec  in  all  cases,  does  e  yf 

not  change  with  increasing  film  thickness.  ^  y 

This  means  that  the  crystal  mosaicity  -oi  c 

increases  with  increasing  Gc^  thickness.  _  •“ 

In  the  case  of  the  0.35  pm-thick  GaN,  its  _ _ ^ 

reciprocal  space  mapping  has  a  cross  shape, 

and  its  diffraction  pe^  along  -with  the  co-20  Z  V 

axis  at  Aco  =  0  is  particularly  broadened  o  , 

while  the  diffraction  peak  at  Aco  0  is  ._  ‘iAV 

narrow.  The  co-20  scan  FWHMs  at  Aco=0  £ 

and  Aco— 0.03  degree  are  34  and  25  arcsec,  I.  o  . .  (■))>•'•  *  ■ 

respectively.  These  results  show  the  e 

followings:  The  crystal  with  the  c-axis  AV/.- 

perpendicular  to  the  surface  has  shorter  AfC 

coherence  length  than  those  that  have  the  :  i  ^ 

inclined  c-axis.  Applying  the  Scherrer  |  ,  y _ _  ,  — 

formula,  the  coherence  length  is  estimated  -o  >  «  o ' 

from  the  FWHM  of  20-co  mode  rocking  Affl-20  [dcgreei 

curves.  [6]  The  calculated  coherence  length  .  ^ 

of  the  0.35,  1.05  and  1.4  pm-thick  GaN  Fig.  1.  The  reciprocal  space  mappmg  from  GaN 

along  the  c-axis  at  Aa)= 0  are  0.355,  0.368  (0002)  diffraction  with  different  thickness  of 

and  0.254  pm,  respectively.  The  eoherence  0.35  pm  (a),  1.05  pm  (b)  and  1.4  pm  (c). 

length  of  the  0.35  pm-thick  film  is  the  same 

as  the  thickness  of  GaN,  while  those  of  the 

1.05  and  1.4  pm-thick  film  are  smaller  than  their  film  thickness.  These  results  indicate  the 
formation  of  microscopic  grain. 

As  for  the  thick  fihA  the  shape  of  the  reciprocal  space  mapping  is  nearly  oval,  and  a>-20  scan 
FWHMs  at  A(o=0  degree  (29  arcsec)  and  Aco=0.03  degree  (31  arcsec)  are  almost  the  same. 
This  is  interpreted  as  the  results  of  coalescence  of  grains  formed  at  the  beginning.  SnM  graiiK 
with  the  different  tilting  angles  of  the  c-plane  combine  together  to  form  a  macroscopic  mosaic 
structure  in  the  thick  film. 
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InGaN/GaN  single-hetero  structures  and  GaN/InGaN/GaN  double-hetero  structures 


Figure  2  shows  x-ray  FWHM  from  InGaN/GaN  single-heterostructures  grown  on  sapphire 
substrates  as  a  function  of  In  solid  composition.  The  thickness  of  the  InGaN  layer  is 
approximately  0.1  pm  for  all  samples.  Both  co-mode  and  (o-20  mode  FWHMs  of  the  InGaN 
layer  rapidly  increase  when  the  solid  composition  exceeds  0.1  pm  indicating  the  degradation  in 
crystal  perfection  at  high  indium  composition. 

Figure  3  is  the  reciprocal  space  mapping  of  the  SH  and  the  DH  structures.  InGaN  layers  in 
both  structures  are  grown  under  the  same  conditions.  It  is  clear  from  Fig.3  (a)  that  both  co-mode 
and  00-20  mode  FWHMs  from  InGaN  are  broaden  compared  to  those  from  GaN  meaning  that 
the  mosaicity  and  lattice  coherency  in  InGaN  are  inferior  to  those  in  the  GaN. 

Two  things  are  clear  by  the  comparison  of  Fig.  3  (a)  and  (b).  First  is  the  difference  in  indium 
solid  composition  in  SH  (indium  composition  is  0.09)  and  DH  (0.07),  although  InGaN  layers  m 
both  structures  are  grown  under  the  same  condition.  Evaporation  of  InN  from  InGaN  may  be 
responsible  to  this  phenomena,  since  InGaN  layer  is  heated  up  from  InGaN  growth  temperature 
of  800  °C  to  that  of  GaN  (1050  °C)  in  nitrogen  atmosphere. 

The  second  is  the  broadening  in  co-mode  FWHM  from  the  GaN  in  the  DH  (Fig.  3  (b)).  This 
indicates  that  the  mosaicity  in  GaN  capping  layer  in  the  DH  is  larger  than  that  of  the  underlying 
GaN.  Since  the  mosaicity  in  the  InGaN  is  larger  than  that  of  the  GaN,  the  mosaicity  of  the  GaN 
grown  on  the  InGaN  should  also  be  large. 

Figure  4  shows  the  reciprocal  space  mapping  from  the  (0002)  plane  of  the  DH  structure 
which  contains  the  40  nm  and  the  110  nm-thick-InGaN  layer.  In  the  case  of  Fig.  4  (b),  the  co 
scan-FWHM  of  the  InGaN  (358  arcsec)  and  that  of  the  GaN  (357  arcsec)  are  almost  the  same, 
but  the  (0-20  scan-FWHM  of  the  InG^  (275  arcsec)  is  much  larger  than  that  of  the  GaN  (60 
arcsec).  These  results  indicate  that  the  coherence  length  in  the  InGaN  layer  is  shorter  than  that  in 
the  GaN  layer,  co  scan-FWHM  from  the  InGaN  is  very  narrow  when  the  InGaN  is  40  nm 
(Fig.4(a)),  but  it  increases  at  1 10  nm  (Fig.  4(b)).  This  indicates  that  the  c-plane  of  the  InGaN  is 
parallel  to  the  substrate  at  40  nm,  but  it  becomes  tilted  at  110  nm.  This  consideration  is 
consistent  with  the  TEM  data  shown  in  Fig.  6(b)  in  which  tilted  dislocation  is  observed  in  the 
110  nm-thick  InGaN  layer. 


Fig.  2  FWHM  as  a  function  of  the  indium  solid  composition. 
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Fig,  3  Comparison  of  the  reciprocal  space  Fig.  4.  The  reciprocal  space  mapping  from 

mapping  of  the  SH  and  the  DH.  GaN  (0002)  and  InGaN  (0002) 

diffraction  for  DH  structure  with 
different  thickness  of  InGaN  layer; 

(a)  40  nm,  (b)  110  nm. 

Figure  5  shows  the  FWHM  along  both  the  to  and  the  (0—20  axes  of  (0002)  diffraction  in  the 
DH  structures  with  different  InGaN  layer  thickness.  The  FWHMs  of  the  co  mode  both  from  GaN 
and  InGaN  increase  rapidly  as  the  InGaN  layer  thickness  increases  over  40  ran.  These  fedings 
show  that  the  mosaicity  in  the  InGaN  and  the  capping-GaN  layers  increase  with  increasing  the 
thickness  of  the  InGaN  layer.  There  are  two  reasons  for  this.  First,  the  X-ray  signal  from  the 
O.lpm-thick  capping-GaN  layer  is  expected  to  be  stronger  than  that  from  the  underlying-GaN 
layer.  Second,  this  phenomenon  is  not  observed  in  the  case  of  the  single  GaN  layer.  When  the 
InGaN  thickness  is  20  nm,  the  FWHM  of  the  co-29  mode  shows  some  increase,  but  at  the  same 
time  the  co  mode  FWHM  (35  arcsec)  and  that  from  the  40  nm-thick  InGaN  (36  arcsec)  remains 
the  same.  Since  co  mode  broadening  is  not  observed,  it  can  be  assiuned  that  this  FWHM 
broadening  is  not  the  result  of  the  geometrical  effect,  which  is  observed  in  the  case  of  the  thin 
layer.  The  increase  in  the  FWHM  at  the  20  ran  indicates  the  short  coherence  length  in  InGaN, 
and  which  is  possibly  due  to  either  In  diffiision  into  GaN  or  to  an  inhomogeneous  lattice  strain  in 
the  InGaN  layer. 

Figure  6(a)  and  (b)  show  the  cross-sectional  transmission  electron  micrograph  of  the  DH 
structures.  Fig.  6(a),  with  the  40  nm-thick  InGaN  layer,  shows  only  linear  dislocations  parallel  to 
the  c-axis  in  GaN  and  InGaN  layers.  However,  Fig.  6(b),  with  the  110  nm-thick  InGaN  layer, 
tilted  dislocations  from  the  c-axis  are  clearly  observed  in  the  110  nm-thick  InGaN  and  the 
capping-GaN  layers.  These  observation  are  consistent  with  XRD  results  of  Figs.  4  and  5.  The 
inclined  dislocations  are  formed  by  the  increased  mosaicity  in  the  InGaN,  and  they  are  inherited 
into  the  capping-GaN.  Therefore,  the  dislocations  shown  in  Fig.  6(b)  are  originated  from  the 
increased  mosaicity  in  InGaN  and  capping-GaN  layers. 
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Fig.  6.  Cross-sectional  TEM  micrographs  of  DH  structure  with  different  thickness  of  InGaN 
layers;  (a)  40  nm,  (b)  1 10  nm. 


CONCLUSIONS 

The  structural  properties  for  the  GaN  and  the  InGaN/GaN  SH  and  DH  structures  grown  on 
the  sapphire  (0001)  substrate  using  the  MOCVD  method  were  investigated  adopting  the 
reciprocal  space  mapping  from  (0002)  plane.  For  the  single  GaN  layers,  the  transition  of  the  to 
structure  from  grains  with  relatively  independent  orientation  at  0.35  pm  to  a  uniform  film  with 
mosaic  structure  at  1 .4  pm  was  clearly  observed.  For  the  DH  structure,  the  mosaic  structure  in 
both  InGaN  and  capping-GaN  layer  was  increased  as  the  increase  in  the  InGaN  film  thickness 
from  20  to  110  nm.  The  dislocations  related  to  this  increased  mosaic  structure  in  the  InGaN  and 
in  the  GaN  grown  on  it  were  also  observed. 
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ABSTRACT 

To  investigate  of  the  initial  stage  of  GaN  growth  on  Si,  0.2  Ga  monolayers  (ML)  on  Si  (1 1 1) 
was  nitrided  and  then  the  nitrided  surfaces  were  observed  by  scanning  tunneling  microscopy 
(STM).  An  aggregation  of  islands  whose  longest  edges  had  a  direction  rotated  15  °  from  Si  [iTO] 
direction  was  observed.  The  shape  of  islands  looked  like  a  pentagon.  Surface  roughness  was 
estimated  for  several  nitrided  conditions.  It  was  found  that  surface  roughness  becomes  larger  as 
the  nitridation  process  proceeds. 

INTRODUCTION 

Recently,  much  attention  has  been  paid  to  GaN,  which  has  a  large  bandgap  energy  compared 
with  other  semiconductor  materials,  from  the  viewpoint  of  realizing  blue  light  emitting  diodes  (1) 
and  blue  lasers  (2,3).  However,  many  problems  still  remain  on  the  growth  of  GaN  single  crystals 
and  the  epitaxitial  growth  of  GaN  thin  films.  For  example,  bulk  crystals  of  GaN  obtained  so  far 
are  too  small  to  be  used  as  substrates  for  homoepitaxial  growth,  and  there  are  no  lattice-matched 
substrates  for  heteroepitaxial  growth  of  GaN(4).  Therefore,  the  large  differences  in  lattice  constant, 
crystal  structure,  and  thermal-expansion  coefficient  between  GaN  and  substrates  result. 
Consequently,  the  control  of  nucleation  and  growth  in  order  to  form  atomically  smooth  surface  and 
interface  is  difficult.  Sapphire  is  the  most  frequently  used  substrate  material  for  GaN  heteroepitaxial 
growth,  but  the  lattice  mismatch  between  sapphire  and  GaN  is  as  large  as  12%.  Therefore,  many 
defects,  e.  g.,  dislocations,  are  included  in  G^  epitaxial  films  on  sapphire  (5).  On  the  other  hand, 
the  lattice  mismatch  between  Si  and  GaN  is  as  large  as  20%.  The  lattice  mismatch  between  Si  and 
GaN  is  larger  than  that  between  sapphire  and  GaN.  However,  both  cases  are  the  same  considering 
the  larger  lattice  mismatch.  The  heteroepitaxitial  growths  of  GaN  on  Si  have  the  same  problems  as 
the  heteroepitaxitial  growth  of  GaN  on  sapphire,  but  Si  would  be  used  as  a  substrate  for  GaN  as 
follows.  Si  is  the  most  developed  semiconductor  material  from  the  standpoint  of  cost,  size, 
cleavage  and  electric  conductivity  and  the  realization  of  optoelectronic  devices  is  well  expected  for 
nitride  epilayers  on  Si  wafers.  Thus,  the  study  of  GaN  heteroepitaxial  growth  on  Si  is  desired. 
However,  only  a  few  studies  of  heteroepitaxial  growth  of  GaN  on  Si  have  been  reported(6).  The 
investigation  of  the  initial  stage  of  GaN  formation  on  Si  is  important,  as  the  quality  of 
heteroepitaxial  films  strongly  depends  on  the  initial  stage  of  the  growth. 

The  purpose  of  this  study  is  to  investigate  the  initial  stage  of  the  formation  of  GaN  layers  on  Si 
substrates  by  STM. 

EXPERIMENT 

The  apparatus  used  for  this  study  is  shown  in  Fig.  1,  It  consists  of  three  chambers;  a  STM  pre¬ 
chamber,  a  pre-chamber  and  a  lord  lock.  The  pre-chamber  is  equipped  with  a  knudsen-cell,  a  gas 
cracking  cell  and  specimen  stages  with  direct  and  radiation  heating. 

P-type  Si  (1 1 1)  substrate  samples  with  a  conductivity  of  0.02  i2-cm,  whose  size  was  9  mm  x  1 
mm ,  were  prepared  from  commercial  wafers  .  Before  loading  into  vacuum,  they  were  cleaned  in 
ultra-pure  acetone  in  an  ultra-sonic  bath.  After  loading  into  vacuum,  the  samples  were  degassed  at 
773  K  for  40  hours  using  the  heating  stage  in  the  pre-chamber.  Subsequently,  they  were  cleaned  by 
flashing  several  times  approximately  at  1523  K.  The  pressure  did  not  exceed  2.5  x  10-8  during 
the  flashing  cycle.  The  samples  were  then  slowly  cooled  down  to  room  temperature  (1  K-s'i). 
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Ultra  pure  Ga  (7  N)  was 
evaporated  onto  the  Si  substrates  held 
at  673  K  from  a  knudsen-cell.  0.2 
ML  of  Ga  was  deposited  on  the 
substrates.  The  Ga  deposited  Si 
substrates  were  subsequently 
annealed  at  823  K  for  5  min  and  then 
they  were  cooled  down.  Deposited 
Ga  layers  on  Si  substrates  were 
nitrided  for  40  min  by  excited  N2 
through  a  gas-cracking  cell.  The  gas¬ 
cracking  cell  used  in  this  experiment 
consists  of  a  pipe  for  injecting  N2  gas 
and  a  tungsten  filament.  The  cracking 
conditions  of  nitrogen  gas  were  as 
follows.  The  temperature  of  the 
filament  was  2373  K,  measured  by 
an  optical  pyrometer.  The  chamber  pressure  was  kept  at  4  x  10-^  Pa  during  the  nitridation. 
The  purity  of  nitrogen  gas  used  was  6  N.  During  the  nitridation,  the  samples  were  held  at 
673  K.  Then  the  nitrided  Ga  on  Si  was  annealed  at  933  K  or  993  K  for  10  min  under  the 
exposure  to  the  excited  N2  beam. 

All  STM  imaging  was  done  at  room  temperature.  The  STM  measurements  were  not 
always  on  the  same  point  accurately  but  the  orientation  of  the  samples  was  held  for  all  the 
STM  measurements  before  and  after  the  nitridation  of  Ga  layers  in  each  sample. 


Fig.  1  Schematic  diagram  of  used  apparatus. 


RESULTS  AND  DISCUSSION 
1.  Islands  of  GaN 

Fig.  2  shows  a  Si  (1 1 1)  -  (7x7)  reconstmction  image  taken  at  the  sample  voltage  -1.5V  and  the 
tunneling  current  0.3  nA.  Fig.  3  shows  a  STM  image  of  0.2  ML  Ga  deposited  on  Si  taken  at  the 
sample  voltage  +  1  V  and  the  tunneling  current  0.3  nA. 
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Fig.  2  A  STM  image  of  Si  ( 1 1 1 )  - 
(7x7)  reconstruction  image  taken  at 
the  sample  voltage  -  1 .5  V  and  the 
tunneling  current  0.3  nA. 
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Fig.  3  A  STM  image  of  0.2  ML  Ga 
deposited  on  Si  taken  at  the  sample 
voltage  -t-  1  V  and  the  tunneling 
current  0.3  nA. 
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Fig.  4a,  4b  and  4c  STM  images  of 
nitridation  of  o.2  ML  Ga  deposited 
samples.  The  sample  was  nitrided 
for  40  min.  by  excited  nitrogen 
through  a  gas-cracking  cell.  During 
the  nitridation  the  samples  were  held 
at  673  K.  Then  the  nitrided  Ga  on  Si 
was  annealed  at  993  K  for  10  min. 
irradiating  the  excited  N2.  (4a)  The 
sample  voltage  was  -  3  V  and  the 
tunnel  current  was  3  nA.  (4b)  The 
sample  voltage  was  - 1.5  V  and  the 
tunnel  current  was  0.3  nA.  (4c)  The 
sample  voltage  was  -1.5  V  and  the 
tunnel  current  was  0.3  nA. 


Fig,  4a,  4b  and  4c  show  nitrided  images  of  0.2  ML  Ga  on  Si  after  nitridation  process  taken  at 
the  sample  voltage  -  2  V,  - 1.5  V  and  -1.5  V  and  the  tunneling  current  1  nA,  0.3  nA  and  0.3  nA, 
respectively.  In  Fig.  4a,  an  aggregation  of  islands  whose  longest  edges  had  a  direction  rotated  15  ° 
from  Si  [1 10]  direction  was  observed.  One  of  the  reasons  for  this  is  thought  as  follows.  At  first, 
two  cases  are  thought  to  the  overlapping  of  lattice  points  of  GaN  (0001)  lattice  and  Si  (1 1  l)_lattice. 
First  case,  the  GaN  (0001)  lattice  is  placed  on  the  Si  (1 1 1)  lattice  rotated  14°  toward  the  [21 10] 
direction  from  the  [1 10] jJirection.  Second  case,  the  GaN  (0001)  lattice  is  placed  on  the  Si  (111) 
lattice  overlapped  the  [2110]  direction  and  the  [110]  direction.  The  density  of  overlapping  of  lattice 
points  of  the  first  case  is  higher  that  that  of  the  second  case.  These  relationships  are  schematically 
shown  in  Fig.  5a  and  5b.  In  these  figures,  circles  reveal  the  overlapped  lattice  points  of  two 
crystals.  The  shape  of  islands  looks  like  a  pentagon.  Fig.  4b  is  a  magnified  image  of  Fig.  4a.  In 
Fig.  4b,  the  length  and  the  width  of  this  island  are  52  nm  and  27  nm,  respectively. 


(Ill)  Clio] 
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Fig.  5a  and  5b  Schematic  diagrams  on  the  lattice  between  the  lattice  of  GaN 
(0001)  and  Si  (1 1 1).  (5a)  The  GaNJOOOl)  lattice  is  placed  on  the  Si  (1 1 1) 
lattice  rotated  14°  toward  the  [2110]  direction  from  the  [1 10]  direction.  (5b) 

The  GaN  (0001)  lattice  is  placed  on  the  Si  (111)  lattice  overlapped  the  [2lT0] 
direction  and  the  [110]  direction.  .The  density  of  overlapping  of  lattice  points 
of  the  first  case  is  higher  that  that  of  the  second  case.  In  these  figures,  circles 
reveal  the  overlapped  lattice  points  of  two  crystals. 

From  a  line  profile  on  the  straight  line  in  the  image  in  Fig.  4b,  it  was  found  that  the  surface  in  the 
nitrided  region  exhibits  the  features  of  plateau  with  a  few  separated  peaks.  The  height  of  plateau  is  1 
nm  and  the  peak  is  1.5  nm  from  the  substrate  surface.  Fig.  6a  shows  the  vertical  section^  view  of 
stacking  of  (0001)  basal  plane  of  a  lattice  structure  of  wurtzite  GaN  from  seen  [1210]  direction  . 
Fig.  6b  shows  the  vertical_sectional  view  of  stacking  of  (1 1 1)  plane  of  a  lattice  stmcture  of  zinc- 
blende  GaN  from  seen  [110]  direction.  From  Figs.  6a  and  6b,  it  is  found  that  lattice  constant  of  c- 
axis  of  wurtzite  GaN  and  that  of  zinc-blende  GaN  corresponding  to  the  c-axis  wurtzite  GaN  is 
almost  the  same  and  it  is  about  0.52  nm.  It  is  not  apparent  whether  the  crystal  structure  of  these 
islands  is  wurtzite  or  zinc-blende  structure.  However,  the  height  of  plateau  and  the  peak  is  presumed 
to  correspond  to  2  ML  and  3  ML  of  GaN  regardless  of  crystal  structure  of  GaN.  The  amount  of  Ga 
is  apparently  insufficient  for  the  growth  of  2  ML  thick  GaN  film  in  this  experiment  because  the 
amount  of  Ga  deposited  on  Si  was  0.2  ML.  Therefore,  Ga  must  segregate  by  surface  diffusion  for 
forming  these  islands.  As  one  of  the  evidence  of  segregation  of  Ga,  the  Si  surface  of  this  area  is  not 
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completely  covered  by  the  islands  and  there  are  areas  where  Si  surface  is  exposed  here  and  there 
among  the  islands. 

The  typical  periodical  spots  are  shown  by  arrows  in  the  figure.  In  Fig.  4b,  the  periodical  spots  for 
the  vertical  direction  in  the  images  were  observed_and  the  average  of  intervals  between  the  spots  was 
1  nm.  That  direction  well  agrees  with  Si  (11 1)  [1 10]  direction.  In  Fig.  4c,  the  periodical  spots  for 
the  direction  rotated  15  °  from  Si  (1 1 1)  [1 10]  direction  were  observed  and  the  average  of  these 
intervals  was  0.9  nm.  These  intervals  correspond  to  3  times  a-axis  of  wurtzite  GaN  or  lattice  point 
in  interval  the  close-packed  planes  of  zinc-blende  GaN. 


[0001]  I  I 


Fig.  6a  and  6b  (6a)  Vertical  sectional  view  of  stacking  of  (0001)  basal  plane  of  a 
lattice  structure  of  wurtzite  GaN  from  seen  [T2f0]  direction  .  (6b)  Vertical 
sectional  view  of  stacking  of  (1 1 1)  plane  of  a  lattice  structure  of  zinc-blende  GaN 
from  seen  [110]  direction  . 


2.  Surface  roughness  of  nitrided  Ga 

Surface  roughness  of  nitrided  Ga  layer  was  evaluated  by  using  the  value  of  root  mean  square 
(rms)  within  the  observed  STM  images.  A  square  of  50  nm  x  50  nm  was  used  as  an  area  of  the 
evaluation  of  surface  roughness  because  STM  images  of  this  size  could  be  observed  without 
containing  steps  on  Si  (1 1 1).  Nitridation  of  Ga  layer  was  done  under  two  different  conditions.  Ga 
coverage  and  annealing  temperature  during  the  nitridation  was  0.2  ML  and  933  K  (a)  and  0.2  ML 
and  993  K  (b),  respectively.  Figs.  7a  and  7b  show  typieal  STM  images  after  nitridation  of  the  Ga 
layer.  Before  nitridation,  the  roughness  of  Si  (1 1  l)-(7x7)  and  the  0.2  ML  Ga-deposited  surface  on 
Si  (1 1 1)  were  estimated  to  be  0.02  nm  and  0.06  nm,  respectively.  After  nitridation  of  the  Ga  layer, 
surface  roughness  was  observed  to  be  increased  strongly.  Surface  roughness  of  nitrided  0.2  ML  Ga 
annealed  at  933  K  and  that  of  nitrided  0.2  ML  Ga  annealed  at  993  K  were  estimated  to  be  0.09  and 
0.17  nm,  respectively.  It  was  found  that  the  surface  roughness  of  nitrided  Ga  layers  become  larger 
as  the  annealing  temperature  after  nitridation  of  deposited  Ga  on  Si  is  raised. 

From  above  results,  it  is  concluded  as  follows.  As  the  lattice  mismatch  is  large  between  them,  a 
perfect  epitaxitial  relationship  between  GaN  and  Si  was  not  obtained.  For  example,  the  observed 
islands  look  like  a  pentagon  and  the  surface  roughening  of  nitrided  Ga  layers  on  Si  occurs. 
However,  the  height  of  plateau  and  peak  of  the  island  are  2  and  3  ML  and  these  values  equal  an 
integral  multiple  of  the  lattice  constant  of  GaN.  In  addition,  the  intervals  of  periodical  spots  equal  an 
integral  multiple  of  the  lattice  constant  of  GaN.  From  these  results,  the  close-packed  layer  of  GaN  is 
suggested  to  grow  on  Si  (1 1 1)  surface  keeping  the  coherency  to  a  certain  extent  between  the 
epitaxitial  film  and  the  substrate  at  the  initial  stage  of  GaN  growth  on  Si. 
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Fig.  7a  and  7b  STM  image.s  after  nitridation  of  Ga  deposited  samples.  Ga  coverage  and 
annealing  temperature  during  the  nitridation  were  0.2  ML  and  933  K  (7a)  amd  0.2  ML 
and  993  K  (7b).  (7a)  Surface  roughness  is  0.09  nm.  The  sample  voltage  was  3.5  V  and 
the  tunnel  current  was  0.3  nA.  (7b)  Surface  roughness  is  0.17  nm.  The  sample  voltage 
was  5  V  and  the  tunnel  current  was  0.3  nA. 


CONCLUSIONS 

The  initial  stage  of  the  nitridation  of  Ga  layer  deposited  on  Si  (11 1)  surface  was  observed  by 
using  STM.  It  was  found  that  the  close-packed  layers  of  GaN  grow  on  Si  (1 1 1)  keeping  the 
coherency  to  a  certain  extent  between  the  epitaxitial  film  and  the  substrate.  It  is  thought  that  the 
growth  of  crystalline  layers  of  GaN  on  Si  is  possible. 

ACKNOWLEDGMENTS 

This  work  is  supported  by  the  New  Energy  and  Industrial  Technology  Development 
Organization(NEDO). 

REFERENCES 

l.S.  Nakamura,  T.Mukai  and  M.  Senoh,  Appl.  Phy.  Lett.  64, 1687  (1994) 

2. 1.  Akasaki,  H.  Amano,  S.  Sota,  H.  Sakai,  T.  Tanaka  and  M.  Koike,  Jpn.  J.  Appl.  Phy.  34, 
L1517(1995) 

3.  S.  Nakamura,  M.  Senoh,  S.  Nagahara,  N.  Iwase,  T.  Yamada,  T.  Matsushita,  H.  Kiyoku  and 
Y.  Sugiraoto,  Jpn.  J.  Appl.  Phys.  35,  L74  (1996) 

4.  T.  Sasaki, J.  Cryst.  Growth,  129,  81(1993) 

5.  R.  C.  Powell  et  al.,  Appl.  Phys.  Lett.,  63,  973(1993) 

6.  T.  Lei,  T.  D.  Moustakas,  R.  J.  Graham,  Y.  He  and  S.  J.  Berkowitz,  J.appl.  Phys.  71,  4993 
(1992) 


452 


COMPARISON  OF  THE  MICROSTRUCTURE  OF  AIN  FILMS  GROWN  BY  MOCVD  AND 
BY  PLD  ON  SAPPHIRE  SUBSTRATES 


Yun-Xin  Li*,  Lourdes  Salamanca-Riba*,  V.  Talyan**,  T.  Venkatesan**, 

C.  Wongchigul***,  P.  Zhou***,  X.  Tarig***,  and  M.G.  Spencer*** 

*Materials  and  Nuclear  Engineering  Department,  University  of  Maryland,  College  Park,  MD 
20742 

**Center  for  Superconductivity  Research,  Department  of  Physics,  University  of  Maryland, 
College  Park,  MD  20742 

***Materials  Science  Research  Center  of  Excellence,  Howard  University,  Washington,  DC 
20059 


ABSTRACT 


(0001)  aluminium  nitride  thin  films  were  grown  epitaxially  on  (0001)  Sapphire  substrates  by 
MOCVD  at  1200°  C  and  PLD  at  800°  C.  Both  films  have  the  same  epitaxial  growth  relationship: 
(0001)AiN//(0001JiSapj_and  the  same  in-plane  relationship  which  shows  a  30°  rotation  between  AIN 
and  Sapphire:  [  12  10]ain//[0  llOJsapand  [10  IOJain  //[  21 10]sap.  The  full  width  at  half  maxi¬ 
mum  (FWHM)  of  x-ray  rocking  curve  of  the  MOCVD  AIN  film  was  0.16°  and  PLD  AIN  film 
was  0.2°.  Films  grown  by  both  MOCVD  and  PLD  showed  high  crystalline  quality.  HRTEM 
images  showed  that  these  films  are  single  crystalline  with  very  low  density  of  defects. 
Dislocations  in  the  film  parallel  to  the  film  /  substrate  interface  were  observed  in  both  AIN  films. 
Atomic  force  microscopy  images  showed  that  the  MOCVD  films  have  flatter  and  larger  terraces 
than  the  PLD  films.  The  PLD  technique  for  AIN  growth  needs  to  be  improved  further.  But  both 
films  have  a  surface  roughness  of  approximately  lOOnm. 

INTRODUCTION 

AIN,  together  with  GaN  and  InN,  are  wide  bandgap  semiconductors  and  are  being  considered 
as  promising  materials  for  optical  devices  and  high  temperature  electronic  devices.  MOCVD  has 
been  the  most  common  technique  for  high  quality  AIN  growth  and  continues  to  be  very  successful 
[1,2,3].  With  the  development  of  pulsed  laser  deposition  and  its  production  of  high  quality  oxides 
and  superconducting  films,  some  researchers  have  turned  to  grown  AIN  on  sapphire  by  PLD  for 
its  important  advantages  in  purity.  Recently,  high  quality  crystalline  AIN  films  were  obtained  by 
PLD  [4,5].  Both  MOCVD  and  PLD  techniques  have  their  own  characteristic  advantages  and 
drawbacks[6,7],  hence  the  microstructure  of  films  will  naturally  be  affected  by  the  different 
growth  techniques.  The  main  differences  which  might  affect  the  microstructure  of  films  grown  by 
MOCVD  and  PLD  are:  (1)  the  growth  temperature  (for  MOCVD,  the  temperature  range  is 
1050°C  -  1250°C;  for  PLD,  750°C  or  lower).  (2)  the  purity  (  gases  used  in  MOCVD  reactors  can 
introduce  contaminants  in  the  semiconductor  films.  PLD  uses  AIN  as  target,  thus,  the  film  is 
more  likely  to  have  the  right  stoichiometry).  In  this  work,  we  compare  the  microstructure  of  AIN 
films  grown  on  sapphire  by  MOCVD  and  PLD. 
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EXPERIMENTAL 

AIN  thin  films  were  grown  on  sapphire  (0001)  by  MOCVD  and  PLD.  For  MOCVD,  the  growth 
temperature  was  1200°C,  the  pressure  was  10  Torr,  and  Trimethylauminum  (TMA),  ammonia 
(NHs)  and  hydrogen  (H2)  were  used  as  precursors.  For  PLD,  a  KrF  excimer  UV  laser  was  used 
to  ablate  a  nominally  stoichiometric  AIN  target  with  an  energy  density  of  3~4J/cm^.  The  base 
pressure  was  10'^~10'^  Tort.  The  films  were  characterized  by  x-ray  diffraction  (  0-20  scan,  v|/ 
scan  and  rocking  curve  scan ),  high  resolution  TEM  and  atomic  force  microscopy  (AFM). 

RESULTS  AND  DISCUSSION 

Figure  1  shows  a  XRD  0-20  spectrum  from  the  AIN/Sapphire  grown  by  MOCVD, 
d  002=2. 5068A.  The  spectra  from  the  films  grown  by  PLD  showed  very  similar  0-20  scans  with 
doo2=2.4983A.  Thus,  the  lattice  of  the  film  by  MOCVD  is  essentially  the  same  as  the  one  by  PLD. 
Both  films  are  single  crystalline.  The  growth  direction  of  the  films  is  (OOOI)ain  //(OOOl)sap.  The 
full  width  at  half  maximum  of  the  (002)  AIN  peak  by  MOCVD  is  0.16°  ,  and  the  one  by  PLD  is 
0.2°,  indicating  that  the  crystalline  quality  of  botl^films  is  good._Similar  \]/  scans  were  also 
obtained  from  both  films.  The  \\i  scan  for  the(l  1  22)ain  and  (1 1  23)sap  reflections  presented  in 
figure  2  for  the  film  grown  by  PLD  shows  that  the  film  has  very  good  crystal  symmetry  and 
registry  with  the  substrate.  The  \\f  scan  in  figure  2  also  shows  a  30°  rotation  in  the  basal  plane 
between  AIN  and  Sapphire. 

Figures  3  and  4  are  the  cross-sectional  HRTEM  images  of  AIN  films  grown  by  MOCVD  and 
PLD,  respectively.  They  both  have  the  same  growth  direction  (0001)AiN//(0001)sap.  The 
diffraction  patterns  indicate  that  the  in-plane  epitaxial  relationships  of  AIN  are 
[  12  T0]ain//[0  llOJsapand  [10  10]ain  //[  2110]sap.  indicating  a  30°  rotation  of  the  AIN  film 
with  respect  to  the  sapphire  substrate  in  the  basal  plane  ,  as  it  has  previously  observed[3,  4]. 


Figure  1  0-20  scan  of  AIN/Sapphire  grown  by  MOCVD 
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Fig.2  \j/  scan  for  the  ( 1 1  22)ain  and  (11  23)sap  reflections  of  the  AIN  film  grown  on  Sapphire  by  PLD 
Table  I  Structural  information  of  AIN  and  Sapphire  and  lattice  misfit 


AIN 

Sapphire 

Structure 

Wurtzite 

Corundum 

Crystal  system 

Hexagonal 

Trigonal 

Space  group 

P63mc  (No.  186) 

R3c(No.  167) 

Lattice  parameter 

a=3.112A,  c=4.982A 

a=4.758A,  c=12.991A 

Atom  and  coordinate 

N^‘  ( 0,0,0.375) 

Al^""  (0,0,0) 

0^'  (0.306,0,0.25) 

Al^""  (0,0,0.352) 

Lattice  misfit 

d(io  To)  ( A1  atoms)=3.1 12A 

d(io  To)  (0  atoms)=4.758A 

( Al-O  bonding) 

d(io  To)  ( A1  atoms)=3.1 12A 

d(  21 10)  (0  atoms)=2.73  A 

This  rotation  is  due  to  the  big  mismatch  between ^IN  and  Sapphire.  Table  I  lists  the 
crystallographic  data  for  Sapphire  and  AIN.  [10  IOJain  has  a  very  large  mismatch  of  34.6%  with 
[10_10]sap.  However,  after  a  30°  rotation  about  the  [0001]  c  axis  ,  we  have  [10  T0]ain 
//[  2110]sap.Inthiscase,  the  lattice  mismatch  is  reduced  to  13.99%.  The  HRTEM  images  shown 
in  Figures  3  and  4  show  that  the  interfaces  in  both  films  are  very  sharp,  and  also  demonstrate 
contrast  modulations  associated  with  strains  in  the  films  near  the  interface.  The  films  have  low 
density  of  dislocation.  Some  dislocations  parallel  to  the  interface  are  marked  by  arrows.  Figure  5 
shows  that  AFM  images  from  the  surface  of  the  AIN  films  grown  by  MOCVD  and  PLD.  These 
images  show  that  the  MOCVD  films  have  hexagonal  facets  which  are  very  flat  and  large 
compared  to  the  PLD  films,  thus,  the  PLD  technique  for  AIN  growth  needs  to  be  improved 
further.  But  both  films  have  a  surface  roughness  of  approximately  lOOnm.  The  films  have  good 
crystalline  quality  all  through  the  thickness  of  the  film. 
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Figure  4  Cross-sectional  HRTEM  image  from  AIN/Sapphire  by  PLD.  The  ii^et  is  the  ^ 

corresponding  SAD  pattern  with  [  12  10]ain//[0  110]sapand  [10  10]ain  //[  2110]sap 


CONCLUSIONS 

High  quality  AIN  films  were  obtained  by  both  MOCVD  and  PLD  on  (000 1  )_sapphire  substrates. 
Both  filing  have  the  same  epitaxial  relationships:(0001)AiN//(0001)sap,  [  12  10]ain//[0  110]  sap 
and  [10  lOjAiN  //[  2110]sap.TheFWHMof  AlNbyMOCVDis  0.16°,  that  by  PLD  is  0.2°.  The 
interfaces  in  the  films  are  very  sharp.  Contrast  modulation  caused  by  strains  due  to  the  big  misfit 
and  dislocations  parallel  to  the  interface  were  observed  in  AIN  films.  Both  MOCVD  films  and 
PLD  films  have  a  surface  roughness  of  approximately  lOOnm.  The  surface  of  the  MOCVD  films 
presented  clear  hexagonal  facets.  The  PLD  technique  for  AIN  growth  needs  to  be  improved 
further. 
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Abstract 

X-ray  absorption  measurements  at  the  N  and  O-K-edges  are  used  to  study  the 
local  microstructure  in  cubic  and  hexagonal  GeiN  films  grown  by  ECR-MBE  and  HVPE. 
A  distortion  in  the  local  microstructure  is  identified  in  the  1®^  nearest  neighbor  (nn) 
shell,  consisting  of  Ga  atoms,  in  both  the  cubic  and  hexagonal  samples.  Two  N-Ga 
distances  are  identified,  Rj  and  Rg,  where  Rj  is  the  expected  distance  of  1.95A  while 
R2=Ri+0.25A.  The  same  distortion  is  detected  in  the  next  nn  shell  containing  Ga 
atoms,  where  the  two  distances  are  3.7A  and  4.1A.  All  the  reported  distance  variations 
are  larger  than  the  error-bar.  The  nitrogen  2"^  nn  neighbor  is  found  at  the  expected 
distance  of  3.12A  while  N  deficiency  is  not  detected.  Finally,  the  O-Ga  distance  is 
found  equal  to  1.60A  and  therefore  it  can  be  proposed  that  the  oxygen  atom  occupies 
interstitial  positions. 

I.  Introduction 

Gallium  nitride  (GaN)  has  been  a  subject  of  intensive  study  because  it  finds 
applications  in  visible-UV  light  emitters  and  detectors  as  well  as  high-frequency, 
temperature  and  power  devices  [1  ,2  ].  GaN  exists  as  the  cubic  or  the  stable 
hexagonal  polytype.  Device  applications  require  epitaxial  layers  of  high  crystalline 
quality  and  good  control  of  their  electrical  conductivity.  However,  because  of  the 
different  thermal  expansion  coefficients  and  the  lattice  mismatch  between  GaN  and  the 
available  substrates,  phase  stabilization  can  be  difficult  (growth  of  mixed  phase  GaN 
crystals)  while  crack  generation  and  difficulties  in  conductivity  control  often 
occur[3  ,4  ,5  ].  Even  though  the  problems  related  to  the  mismatch  can  be  surpassed 
by  the  use  of  buffer  layers  [5],  the  problems  arising  due  to  the  different  thermal 
expansion  coefficients  (bending  and  cracking)  still  remain  unsolved  . 

The  lattice  parameters  in  GaN  can  be  affected  by  a  number  of  factors  such  as 
free  electrons,  point  (Ga^,  V^)  and  extended  defects[6].  Furthermore,  the  lattice 
constants  can  be  deformed  by  the  thermal  strain.  GaN  films  grown  on  Si  or  AI2O3  are 
subjected  to  tensile  or  compressive  stress  upon  cooling  from  the  growth 
tempcrature[7  ,8].  The  biaxial  stress  causes  a  volume  conserving  distortion  of  the 
unit  cell  and  can  be  relaxed  via  formation  of  microcracks[9  ]. 

Here  we  present  for  the  first  time  extended  x-ray  absorption  fine  structure 
(EXAFS)  characterization  results  at  the  N  and  O-K-edges.  EXAFS  spectroscopy 
measures  the  X-ray  absorption  coefficient  as  a  function  of  the  photon  energy  above  the 
threshold  of  an  absorption  edge.  EXAFS  has  been  established  as  a  powerful  structural 
probc[10  ,11  ]  because  it  can  determine  the  short  range  order  (bond  lengths,  bond 
angles  and  coordination  numbers)  in  both  the  amorphous  and  crystalline  states  of  the 
matter.  One  of  the  attractive  features  of  EXAFS  is  its  atom-specific  character,  i.e.  in 
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multicomponent  systems,  it  can  determine  the  local  structure  around  each  specific  atom 
independently.  Previously  reported  Ga-K-edge  EXAFS  data  were  recorded  over  a  short 
energy  range  (400eV  above  the  edge)  and  had  a  limited  precision  in  the  determination 
of  the  of  the  nearest  neighbor  Ga-N  shell.  Therefore,  the  authors  reported  only  on  the 
2'*'’  nearest  neighbohr  (nn)  shell  (Ga-Ga  distances)  [12  ]. 

II.  Experimental  Details 

The  samples  used  for  this  study  are  named  GaN57,  GaN67,  GaN179  and  GaN- 
A4.  Their  growth  conditions  are  listed  in  Table  I  while  details  on  growth  and  their 
properties  have  been  reported  previously  [5,13  ,14 , 15  ,16  ]. 

The  EXAFS  spectra  were  recorded  at  room  temperature  and  at  160  K,  at  the  N 
and  O-K-edges  (370-1100eV),  using  the  SX-700-1  plane  grating  monochromator  at  the 
electron  storage  ring  BESSY  in  Berlin.  The  spectra  were  recorded  in  the  fluorescence 
yield  (FLY)  mode  using  a  high  purity  Ge  detector  positioned  along  the  electric  field 
vector.  Due  to  the  high  absorption  cross  section  of  the  radiation  in  the  soft  x-ray  region, 
the  experiment  was  performed  in  an  ultrahigh  vacuum  chamber  (UHV)  with  a  base 
pressure  <7x10'^^  mbar.  In  order  to  improve  the  signal-to-noise  ratio  more  than  20 
spectra  were  collected  for  each  sample  (data  acquisition  time  1  s/point).  The  EXAFS 
spectra  were  normalized  to  the  primary  photon  flux  by  division  with  the  total  electron 
yield  spectra  from  a  clean  (non-absorbing)  Si  wafer  which  yields  a  good  measure  of  the 
monochromator  transmission  function  over  the  range  of  interest  (370-1  lOOeV). 

Table  /  :  Growth  conditions.  The  sample  GaN-A4  was  grown  using  Ga  solid  source, 
HCl  and  ammonia  (NH3). 


sample 

name 

growth 

technique 

Tqrowth 

(°C) 

substrate 

symmetry 

thickness 

()im) 

GaN57 

ECR-MBE 

600 

p-Si(OOl) 

cubic 

1.60 

GaN67 

ECR-MBE 

600 

n-Si(lll) 

mixed 

0.80 

GaN179 

ECR-MBE 

600 

Al.Os  (0001) 

hexagonal 

1.67 

GaN-A4 

HVPE 

1030 

AI9O3  (0001) 

hexagonal 

10.0 

III.  Results  and  Discussion 

The  EXAFS  spectra  were  recorded  at  an  angle  of  incidence  i^=55°  (0  is  defined 
between  the  sample  surface  and  the  incident  beam),  while  the  angle  of  detection  was 
35°.  The  information  depth  in  the  used  geometry  is  0.6|lm.  The  EXAFS  spectra, 
weighted  by  k^,  were  fitted  using  the  FEFFIT  3.23  code.  The  models  used  for  the  fitting 
and  the  single  scattering  paths  were  constructed  using  the  programs  ATOM  and 
FEFF6[17],  respectively.  The  backscattering  amplitudes  and  phase  shifts  were 
calculated  within  the  FEFF6  program.  The  initial  values  of  the  Debye-Waller  (DW) 
factors  Aj  were  calculated  using  the  correlated  Debye  model[18  ]  and  iterations  were 
done  for  R;,  Nj  and  Aj. 

The  EXAFS  spectra  from  hexagonal  samples  depend  on  the  angle  of  incidence 
because  the  contribution  of  each  bond  depends  on  the  angle  between  the  bond  and  the 
electric  field  vector  of  the  incident  beam.  To  elevate  this  dependence  the 

measurements  were  done  at  0=55°  which  is  equal  to  the  "magic  angle"  ,  i.e.  the 
characteristic  0  for  which  the  EXAFS  spectra  are  independent  of  the  bond  orientation, 
for  linearly  polarized  light.  Therefore,  the  results  from  the  hexagonal  samples  can  be 
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compared  to  those  from  the  cubic  samples.  The  EXAFS  spectra  do  not  suffer  from  self¬ 
absorption  effects  as  shown  by  the  analysis  of  the  angular  dependence  of  the  NEXAFS 
spectra  presented  previously  [19  ]. 

The  %(k)  versus  k  and  the  corresponding  Fourier  transforms  (FT)  of  the  under 
study  samples  are  shown  in  Fig.l  (right  and  left  panels,  respectively).  The  experimental 
curves  and  the  fitting  are  shown  in  thick  and  thin  lines  respectively.  As  shown  in  the 
figure  in  the  FT  of  the  experimental  spectrum  the  1st  nn  peak  splits  in  two,  at  distances 
Ri  =  1.95A  and  R2=Ri+0.25A.  This  splitting  is  not  predicted  by  the  FEFF  model  for 
either  the  cubic  or  the  hexagonal  structures.  Fourier  filtering  of  the  FT  transformed 
data  shows  that  the  envelope  functions  of  both  peaks,  at  Rj  and  R2,  correspond  to  Ga 
atoms  that  are  displaced  with  respect  to  each  other. 
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Fig.  1  :  The  ^(k)  versus  k  and  the  FT  of  the  EXAFS  spectra  at  300K  and  160K 
(indicated  as  RT  and  LT,  respectively). 


The  results  of  the  EXAFS  analysis  in  the  3  nn  shells  are  listed  in  Table  II.  A 
similar  distortion  is  observed  in  the  4*^  nn  shell  where  the  Ga  atoms  are  found  at 
distances  3.7  and  4.lA.  Using  the  published  value  of  a=4.50A  for  the  cubic  sample 
GaN57[14],  the  theoretically  predicted  value  of  Rj  is  1.95A,  i.e.  in  good  agreement  with 
the  EXAFS  results. 

The  central  N  atom  is  4-fold  coordinated  (Ni+N2=4),  however,  the  ratio  N^/Ng  of 
the  Ga  atoms  at  the  distances  Rj  and  R2  is  equal  to  1  for  GaN57  and  GaN-A4,  while  it 
takes  the  value  3  for  GaN67  and  GaN179.  Furthermore,  the  samples  with  Ni/N2=3 
have  smaller  values  of  Rj  and  R2  than  those  with  Ni/N2=  1. 

The  3  nn  shell  consisting  on  N  atoms  is  found  at  the  expected  distance  of 
3.12±0.05A  with  the  expected  coordination  of  12. 5  ±1.4  atoms.  Therefore,  N 
deficiency  is  not  detected,  at  least  within  the  ±15%  accuracy  of  EXAFS  in  the 
determination  of  the  coordination  in  the  N  shell. 

As  shown  in  Table  11  the  ECR-MBE  samples  were  fitted  with  similar  values  of  the 
DW  factors  in  the  3  nn  shells.  However,  those  used  for  the  fitting  of  the  G£iN-A4  sample 
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are  slightly  smaller  at  300K.  This  difference  in  the  values  of  the  DW  factors  could  be 
related  to  the  significant  O-contamination  in  GaN-A4,  as  discussed  in  the  following. 

Among  the  examined  samples,  GaN-A4  contains  significant  amount  of  O- 
contamination,  the  concentration  of  which,  taking  into  account  the  relative  height  of  the 
N  and  O  edge  jumps  and  the  differences  in  the  FL  yield,  is  estimated  to  be  about  6%  at. 
In  this  sample,  the  N-  and  O-K-edge  EXAFS  spectra  were  recorded  simultaneously  in 
two  different  energy  windows  and  the  O-signal  was  isolated  by  subtraction  of  the  two 
channels  using  appropriate  weight  factors[20  ].  The  samples  grown  with  ECR-MBE 
contained  detectable  traces  of  O-contamination  however  the  edge  jump  at  the  O-K-edge 
is  very  small  and  thus  the  O-signal  could  be  easily  eliminated  from  the  N  spectra  by  a 
reduction  of  the  width  of  the  detection  window. 


Table  I!  :  Results  of  EXAFS  analysis.  The  1**  and  2"'^  nn  shells  consist  of  Ga  atoms 
while  the  3  consists  of  N  atoms.  Nj,  Rj  and  A;  stand  for  coordination  number,  neighbor 
distance  and  Debye-Waller  factor,  respectively.  The  amplitude  reduction  factor  is  0.93. 


GaN57 

GaN-A4 

(300K) 

GaN-A4 

(160K) 

GaN67 

GaN179 

Ni±10% 

2.05 

2.09 

2.36 

2.83 

2.90 

Ri±0.0lA 

1.95 

1.96 

1.94 

1.91 

1.91 

Ai  (A^^) 

4.9x10'' 

3.9x10" 

7.9x10" 

4.9  xlO" 

5.0  xlO" 

N2±10% 

1.94 

1.91 

1.64 

1.66 

1.10 

R2  tO.OlA 

2.20 

2.19 

2.20 

2.15 

2.13 

(A^) 

5.2  xlO " 

4.1x10" 

8.3  xlO" 

5.3  xlO" 

5.3x10" 

N,±15% 

14.15 

11.42 

12.14 

9.19 

10.37 

R3(A) 

3.11 

3.07 

3.07 

3.14 

3.14 

A3  (A^) 

1.0  xlO'"" 

6.7x10" 

8.5  xlO" 

1.1  xlO" 

1.1x10" 

The  analysis  of  the  O-K-edge  spectra  was  done  at  the  1**  nn  shell  of  the  Fourier 
filtered  data  following  the  same  procedure  used  at  the  N-K-edge.  The  O-Ga  distance  is 
found  equal  to  1.60A  at  300K  and  1.56A  at  160K.  This  low  value  of  the  O-Ga  distance 
indicates  that  O  cannot  be  a  substitutional  impurity  but  it  rather  occupies  interstitial 
positions.  The  interstitial  position  is  further  supported  by  the  fact  that  the 
backscattering  amplitude  has  a  peak  at  k=6A^  while  that  of  Ga  and  N  peak  at  8A'^  and 
2.5a  ,  respectively.  Therefore,  the  nn  shell  of  the  oxygen  atom  consists  of  both  Ga  and 
N  atoms,  i.c.  as  it  would  be  expected  in  an  interstitial  position.  However,  since  Ga  has 
a  much  higher  backscattering  amplitude  than  N,  the  fitting  was  done  assuming  only  Ga 
atoms  as  nn.  This  approximation  will  affect  the  calculated  coordination  number  and  the 
value  of  the  DW  factor,  which  were  found  equal  to  6  and  0.0  ISA^,  respectively,  but  it 
will  not  introduce  any  significant  error  in  the  calculated  Ga-O  distance.  At  this  point  it 
should  be  pointed  out  that  the  behavior  of  O  in  GaN  is  different  than  in  AIN  where  O 
was  found  to  occupy  substitutional  sites  in  the  N  sublattice[21  ]. 

The  vibrational  part  (due  to  thermal  disorder)  of  the  DW  factor  which  affects  the 
EXAFS  signal  is  given  by  r=<[Ur-Uo)R]^>,  where  and  Ur  are  the  displacement 
vectors  of  the  central  atom  and  the  atom  at  the  lattice  point  R.  Therefore,  the  DW 
factor  depends  on  the  maximum  amplitudes  of  the  thermal  vibrations  of  the  central  and 
neighboring  atoms.  Since  the  calculated  value  of  the  O-Ga  distance  is  very  small,  the 
large  value  of  the  corresponding  DW  factor  at  300K  indicates  a  large  difference  in  the 
thermal  vibration  amplitudes  of  the  O  and  Ga  atoms,  i.e,  is  consistent  with  the 
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hypothesis  that  O  is  interstitial.  The  O  atom  can  be  accommodated  in  the  hexagonal 
structure  which  contains  big  enough  voids  as  shown  in  Fig. 2.  In  this  figure  the  radii  of 
the  N  and  Ga  atoms  are  analogous  to  their  ionic  radii  and  the  radius  of  the  void  is 
nearly  equal  to  that  of  the  O  ion.  Contrary  to  the  expected  behavior,  the  DW  factors  in 
GciN-A4  further  increase  at  low  temperatures  {160K).  Given  that  the  vibrational  part  of 
the  DW  factor  decreases  at  lower  temperatures,  the  observed  increase  could  be 
attributed  to  increased  static  disorder  due  to  the  thermal  strain  [22  ]. 


Fig.  2  :  Projection  of  the  hexagonal 
structure  along  the  c-axis.  The  oxygen 
atom  can  be  accommodated  in  the  voids 
present  in  the  structure. 

IV.  Conclusions 

The  EXAFS  measurements  at  the  N-K-edge  reveal  that  the  local  microstructure 
around  the  N  atom  is  distorted  due  to  the  existence  of  two  different  N-Ga  distances, 
and  R2,  where  R2=Ri+0.25A.  This  distortion  appears  to  be  universal  in  all  the 
examined  samples,  despite  the  differences  in  the  growth  method,  chemical 
stoichiometry  and  structural  perfection.  This  distortion  could  originate  from  a  tendency 
of  the  N  atom  to  be  3-fold  coordinated  (sp^  hybridization),  with  the  remaining  2 
electrons  occupying  a  lone  pair  orbital,  instead  of  the  sp^  occurring  in  GaN.  Such  a 
distortion  was  reported  in  the  past  for  the  incorporation  of  N  in  the  diamond 
lattice[23  ].  However,  a  distortion  due  to  the  inhomogeneous  strain,  induced  by  the 
extended  defects,  and  the  thermal  strain  cannot  be  excluded. 

A  direct  comparison  of  the  numerical  results  (absolute  values  of  Rj,  R2  and  the 
N1/N2  ratio)  is  not  possible  since  the  film  properties  might  vary  significantly  due  to  the 
differences  in  the  film  thickness,  thermal  expansion  coefficient  of  the  substrate,  growth 
method  and  structural  perfection.  For  example  GaN57  is  reported  to  be  highly 
faulted!  15]  with  an  average  grain  size  of  the  order  of  500A,  while  the  grain  size  in 
GaN179  and  GaN67  is  «1500A.  The  differences  in  the  grain  size  could  modify  the 
strain  and  the  (N1/N2)  ratio.  The  information  depth  in  the  used  geometry  is  0.6|im. 
Therefore  in  GeiN67  we  probe  the  bulk  of  the  film  while  in  the  other  ECR-MBE  samples 
we  probe  30%  of  the  film  thickness  and  in  the  MOVPE  film  we  probe  only  2%  of  the 
film  thickness.  Another  significant  difference  between  the  ECR-MBE  and  the  MOVPE 
samples  might  arise  from  the  the  different  film  thicknesses.  According  to  Hiramatsu  et 
al  [9] ,  in  GaN  grown  on  AI2O3  partial  strain  relaxation  occurs  via  microcrack  formation 
in  films  with  a  thickness  in  the  range  4-20|xm  (G€iN-A4)  while  in  thinner  films  (ECR-MBE 
films)  the  main  relaxation  mechanism  is  via  a  distortion  of  the  unit  cell. 

Analysis  at  the  O-K-edge  shows  that  at  an  oxygen  concentration  of  about  6%  a.t. 
the  oxygen  atom  is  found  in  interstitial  positions.  The  interstitial  oxygen  could  act  as  a 
donor  and  thus  can  contribute  to  the  "native"  n-type  conductivity  in  GaN  films,  as 
observed  experimentally [24  ].  Finally,  within  the  experimental  error  of  EXAFS  (±15%  in 
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the  2"'*  nn  shell  consisting  of  N  atoms),  we  do  not  detect  N  deficiency,  at  least  in  the 
local  microstructurc  probed  by  EXAFS.  Due  to  the  large  difference  in  the 
backscattering  amplitudes  of  the  Ga  and  N  atoms  and  the  differences  in  their  FL  yields, 
a  more  accurate  identification  of  a  possible  N  deficiency  (in  stoichiometric  films  as 
those  studied  here)  using  EXAFS  will  be  difficult. 
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Abstract 

The  growth  of  Group  Si-Nitrides  on  Si  substrates  offers  the  possibility  of  combining 
optoelectronics  with  Si  technology.  We  have  been  studying  the  growth  of  Group  III-Nltrides  on  clean 
and  oxidised  Si  surfaces  with  a  view  to  local  area  epitaxy.  X-ray  data  indicates  that  alloys  of  (AlGa)N 
and  (InGa)N  of  controlled  composition  can  be  grown  on  Si  using  a  plasma  enhanced  Molecular  Beam 
Epitaxy  method  over  the  entire  composition  range  from  InN  to  AIN.  Films  grown  on  uncleaned, 
oxidised  surfaces  of  Si  are  polycrystalline/amorphous  in  contrast  to  growth  on  chemically  cleaned  Si 
substrates  which  show  the  usual  columnar  structure  common  in  Group  El-Nitrides.  XPS  studies 
indicate  that  there  is  little  tendency  for  spinodal  decomposition,  but  the  In  peaks  in  (InGa)N  alloys 
show  that  more  than  one  chemical  environment  is  present.  The  composition  of  the  alloys  deduced 
from  electron  probe  microanalysis  studies  agree  well  with  those  from  X-ray  measurements,  assuming 
Vegard's  law  is  valid  for  both  alloy  systems. 

Introduction 

The  Group  El-Nitrides  show  great  promise  for  both  electronic  and  optoelectronic  applicationsV 
Nitride-based  blue  light-emitting  diodes  (LEDs)  are  now  commercially  available  from  several 
companies  and  Nitride-based  blue  laser  diodes  (LDs)  have  just  been  reported^. 

One  of  the  possible  applications  for  Group  lE-Nitrides  is  for  inter-chip  communication  in  Si  VLSI 
circuits.  For  this  purpose  it  will  be  necessary  to  develop  LEDs  or  LDs  which  can  be  grown  locally  on 
already  processed  Si  wafers.  As  an  initial  step  towards  this  long-term  goal  we  have  been  studymg  the 
growth  of  (AlGaIn)N  alloys  on  oxidised  and  clean  Si  surfaces,  with  the  intention  that  the  material 
grown  on  the  oxidised  surface  can  then  be  removed  by  differential  wet  chemical  techniques. 

(AlGa)N  films  have  been  grown  previously  on  Si(l  1 1)  by  both  MBE^  and  MOVPE'*,  but  so  far 
there  have  been  no  reports  of  (InGa)N  films  grown  on  Si  by  either  technique.  In  the  films  grown  by 
MOVPE  the  authors  report  cracking  of  the  epitaxial  layers  due  to  differential  strain,  but  no  similar 
observation  is  reported  for  the  MBE  films. 

The  purpose  of  this  present  work  is  to  study  the  feasibility  of  the  growth  of  alloys  over  the  whole 
composition  range  from  InN  to  AIN.  We  report  on  the  properties  of  the  films  using  X-ray  diffraction, 
electron  probe  microanalysis  (EPMA)  and  X-ray  photoelectron  spectroscopy  (XPS). 

Experimental  Technique 

The  samples  used  in  this  study  were  grown  using  a  modified  MBE  technique  in  a  Varian  MOD-E 
system,  equipped  with  an  Oxford  Applied  Research  CARS25  RF  activated  plasma  source  to  provide 
the  active  source  of  nitrogen.  Conventional  elemental  sources  of  Al,  Ga  and  In  were  used  for  other 
species.  Details  of  the  experimental  arrangement  have  been  published  elsewhere^^.  The  growth  rate  of 
GaN  films  used  in  this  study  (O.Spm/hour),  was  determined  by  the  Group  El  arrival  rate,  since  excess 
atomic  nitrogen  was  provided.  For  the  alloy  films  the  composition  was  set  using  the  in-situ  beam 
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monitoring  ion  gauge  assuming  the  relative  sensitivities  for  A1  and  In  relative  to  Gra  were  0.5  and  1 .4 
respectively.  Growth  temperatures  were  in  the  range  from  400  to  TSOT. 

For  growth  on  oxidised  surfaces  the  Si  wafers  were  thermally  cleaned  in-situ,  but  growth  was 
initiated  at  low  temperature  to  avoid  any  possible  oxide  desorption. 

For  growth  on  clean  surfaces  the  Si  wafer  was  first  dipped  in  48%  aqueous  HF  for  20  secs  and 
washed  with  high  purity  de-ionised  water  and  dried  using  filtered  dry  nitrogen.  This  process  is  know  to 
result  in  a  H-terminated  surface®'^®  which  is  stable  for  several  minutes  in  air.  Samples  were  therefore 
introduced  into  the  vacuum  system  immediately  following  the  chemical  cleaning.  They  were  then 
heated  to  200‘’C,  at  which  temperature  we  observed  desorption  of  H  with  the  in-situ  mass  spectrometer 
and  at  the  same  time  the  appearence  of  a  RHEED  pattern  indicative  of  an  oxide-free  surface.  The 
temperature  was  then  raised  to  750°C  for  the  growth  of  GaN. 

X-ray  studies  were  carried  out  using  a  Philips  Xpert  powder  diffractometer  and  both  0-29  and  co 
scans  were  performed  for  all  samples.  Quantitative  chemical  analysis  of  the  composition  of  the  films 
was  obtained  using  Electron  Probe  Micro-analysis  (EPMA).  Because  all  the  samples  are  thin  it  was 
necessaiy  to  employ  the  thin-film  EPMA-method*^  to  calculate  the  thickness  and  composition  of  the 
layers.  The  samples  were  investigated  at  10  kV  primary  beam  voltages.  The  depths  of  EPMA  analysis 
are  estimated  to  be  about  0.32  |,im  for  N  and  0.50  jam  for  Ga  at  10  keV.  XPS  studies  were  carried  out 
in  a  ESC  A  LAB  5  MKII  using  standard  methods  and  Mg  k„  X-rays. 

Results 

Figure  1  shows  the  0-20  data  for  the  whole  range  of  alloys  grown  on  an  oxidised  Si  substrate.  This 
shows,  as  expected,  a  progressive  variation  in  peak  position  from  InN  to  AIN.  The  general  trend  is  for 
the  material  to  be  more  amorphous  as  we  go  from  pure  InN  to  AIN.  In  all  cases,  for  the  alloys,  only  a 
single  peak  is  observed  indicating  that  only  one  composition  is  obtained  for  the  crystalline  fraction  of 
the  material.  The  (o  scans  for  this  material  are  very  broad  indicating  that  growth  is  highly  disordered. 


FIGURE  1  :  X-ray  Peak  Positions  of  the  (Al/In)xGa<i.x)N  Alloys  Grown  on  Oxidised  Si  (100). 
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Figure  2  shows  the  X-ray  data  from  GaN  grown  on  oxidised  Si  (100)  and  cleaned  Si  (1 1 1). 

Gallium  Nitride  grown  on  oxidised  Si  (100)  appears  to  be  amorphous  with  only  a  small  number  of 
crystallites,  while  growth  on  cleaned  Si  (1 1 1)  shows  highly  ordered  growth  with  the  [0001]  direction  in 
the  wurtzite  GaN  parallel  to  the  Si  [1 1 1]  of  the  substrate.  In  this  case  we  have  epitaxial  GaN  on  the  Si 
substrate  in  contrast  to  the  situation  for  growth  on  the  oxidised  Si. 
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FIGURE  2  :  X-ray  Spectra  of  GaN  Grown  on  Oxidised  Si  (100)  and  on  Cleaned  Si  (1 1 1)  Substrates. 

Figure  3  shows  the  XPS  data  for  the  (InGa)N  alloys  in  this  series.  In  all  cases  we  see  double  peaks 
for  the  In  3d^  and  the  3d^^  spectra.  We  see  a  progressive  change  in  both  the  ratio  of  the  peak  areas 
and  peak  separation  as  a  function  of  In  content.  This  indicates  that  for  the  alloy  samples  two  distinct 
binding  states  exist  for  the  In  with  the  difference  in  energy  being  larger  as  the  In  content  increases.  A 
similar  doublet  is  observed  for  the  N  Is  peak  in  the  same  series  of  alloys,  but  the  peak  shapes  of  the  Ga 
peaks  are  very  broad  and  cannot  at  this  stage  be  deconvoluted.  Studies  of  InN  and  In203  are  underway 
to  help  ascertain  the  nature  of  this  effect.  A  key  point,  however,  is  that  this  data  again  suggests  that 
alloy  films  of  a  single  composition  are  being  prepared  under  all  conditions.  This  is  contrary  to  recent 
suggestions^  that  phase  separation  occurs  in  the  InGaN  alloy  system  with  >20%  In.  Our  films, 
however,  are  grown  by  MBE  at  a  much  lower  temperature  and  this  may  kinetically  hinder  any  such 
process.  Further  experiments  are  being  undertaken  to  elucidate  this. 


467 


FIGURE  3  :  XPS  Spectra  of  In  3d“  and  in  the  InxGa<,.,)N  Alloys  (Dotted  peaks  are 

deconvoluted). 


Table  (i)  shows  a  comparison  between  the  nominal  composition,  calculated  from  the  in-situ  ion 
gauge  readings,  the  mole  faction  deduced  from  X-ray  measurements,  assuming  Vegard's  Law,  and  the 
EPMA  results  for  the  samples  grown  on  an  oxidised  Si  surface.  Within  the  experimental  eiror  there  is 
very  good  agreement  for  dl  the  samples  which  implies  that  the  crystalline  and  amorphous  fractions  of 
the  material  have  similar  composition  and  also  that  there  is  no  evidence  for  spinodal  decomposition. 
The  X-ray  peak  positions  for  AIN  and  GaN  are  very  close  to  the  theoretical  values,  but  the  InN  sample 
shows  a  considerable  discrepancy  which  might  indicate  a  significantly  strained  material  has  been 
obtained. 


Table  (i) :  A  Comparison  of  the  Target  Composition  ,the  Mole  Fraction  Deduced  from  X-ray 
Measurements  and  the  EPMA  Results  for  the  Samples  Grown  on  an  Oxidised  Si  Surface. 


(a)  Peak  profiles  fitted  to  give  the  peak  position.  (b)  Calculated  assuming  Vegard’s  Law. 
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Conclusions 


We  have  demonstrated  that  we  can  grow  (AlGaIn)N  samples  ranging  from  InN  to  AIN  of 
controlled  composition,  using  a  modified  MBE  method,  on  oxidised  Si  substrates.  Using  the  in-situ  ion 
gauge  readings  the  nominal  and  actual  composition  agree  to  within  +  3%. 

We  see  considerable  differences  in  the  structural  quality  of  the  material  grown  by  MBE  on  oxidised 
and  clean  Si  surfaces.  This  in  turn  suggests  that  there  is  the  possibility  of  achieving  local  area  growth 
on  Si  samples  and  that  differential  etching  techniques  may  selectively  remove  material  deposited  on  the 
oxide.  Analysis  of  our  data  suggests  that  for  alloy  samples  more  than  one  binding  energy  exists  for  the 
In  and  N  atoms  in  the  surface.  At  present  the  situation  for  Ga  is  not  resolved.  Ho  and  Stringfellow‘^ 
have  recently  suggested  that  there  is  a  solid  phase  immiscibility  in  (InGa)N  alloys  for  which  we  find  no 
evidence  in  this  study. 
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ABSTRACT 


We  describe  a  study  of  the  hexagonal  growth  hillocks  commonly  present  in  gaUium  nitride 
films.  The  MOVPE-grown  epilayers  of  the  present  work  exhibit  a  predominantly  smooth 
morphology  but  small  groups  of  hexagonal  hillocks  were  found  to  populate  the  surface, 
particularly  at  the  sample  edges. 

Scanning  electron  (SE)  micrographs  were  taken  of  several  groups  of  hillocks.  At  the 
maximum  beam  energy  of  25  keV,  two  types  of  hexagonal  hillock  are  visible.  HiQocks  in  the  first 
group  are  terminated  by  an  apex  (ie.  they  are  pyramidal  in  form),  while  the  other,  flat-topped, 
hillocks  terminate  on  (0001) -facets.  As  one  lowers  the  electron  beam  energy,  thereby  reducing 
beam  penetration,  some  of  the  flat-topped  hillocks  disappear  from  the  image.  From  this  we 
tentatively  deduce  that  these  hillocks  are  buried.  The  result  of  further  investigations,  using  an 
atomic  force  microscope,  are  consistent  with  the  presence  of  sub-surface  features. 

The  relationship  between  the  luminescence  and  morphological  properties  of  a  pyramidal 
hillock  is  studied  via  cathodoluminescence  imaging.  The  band-edge  emission  originates  from  the 
fiiU  hexagonal  structure,  except  for  the  central  region,  where  only  the  defect- related  yellow 
luminescence  is  apparent.  We  suggest  this  might  be  explained  by  defects  associated  with  inversion 
domain  boundaries  at  the  hillock  centre. 


INTRODUCTION 


Considerable  progress  has  been  made  over  the  last  few  years  in  the  development  of  optical 
devices  based  on  GaN  and  its  alloys.  Such  devices  are  extremely  attractive  due  to  their  suitability 
for  true-colour  displays,  underwater  communication,  and  high-density  optical  data  storage 
applications.  Blue  light  emitting  diodes  based  on  Zn-doped  InGaN  double  hetero structures^  have 
been  on  the  market  for  some  time,  while  LEDs  based  on  single  quantum  wells  -  exhibiting  greatly 
improved  performance^  -  have  recently  become  commercially  available.  Meanwhile,  the 
demonstration  of  a  working  prototype  by  Nichia  Chemical  Industries  has  established  gallium 
nitride  as  the  best  candidate  for  commercial  laser  diodes  emitting  in  the  blue  spectral  region  and 
beyond.^ 

Sapphire  has  remained  the  favoured  substrate  for  the  majority  of  GaN  epilayer  growth, 
despite  its  poor  structural  and  thermal  match  to  both  GaN  and  InN.  Many  studies  of  the  possible 
alternatives  have  been  made.'*’^  The  introduction  of  a  two-step  process,  in  which  a  low- 
temperature  AIN  or  GaN  nucleation  layer  is  deposited  prior  to  the  main  growth  sequence,  has 
allowed  layers  of  reasonable  quality  to  be  produced.^  However,  much  remains  to  be  understood 
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regarding  the  mechanisms  responsible  for  growth,  the  nature  of  the  defects  in  the  resulting 
material,  and  their  relationship  to  the  optical  properties  of  layers  (particularly  the  “yellow  band” 
luminescence). 

In  this  paper  we  report  optical,  atomic  force  and  electron-beam  microscopy  studies  of  the 
hexagonal  hillocks  commonly  observed  in  gallium  nitride  epilayers,  and  discuss  their  structure  and 
contribution  to  the  luminescence  bands  of  GaN. 


EXPERIMENT 


GaN  films  were  grown  by  metalorganic  chemical  vapour  deposition  on  sapphire  (0001) 
substrates,  in  a  vertical  rotating  disk  reactor.  The  epilayers  discussed  in  this  work  comprise  a  low- 
temperature  GaN  buffer  layer  of  thickness  20  nm  deposited  at  475°C,  followed  by  an  epilayer  of  1 
pm  at  1050®C.  A  full  account  of  the  growth  procedure  has  been  presented  elsewhere.^ 

Optical  micrographs  of  the  epilayers  were  taken  using  an  Olympus  microscope  equipped 
with  video  camera.  Photoluminescence  measurements  were  carried  out  using  a  He-Cd  laser 
providing  several  milliwatts  of  excitation  at  325  nm.  A  Cambridge  Instruments  scanning  electron 
microscope  (SEM)  and  a  Burleigh  Personal  atomic  force  microscope  were  used  to  examine  the 
surface  morphology.  A  modification  of  the  SEM  system  permits  light  (i.e.  cathodoluminescence) 
to  be  detected  as  the  electron  beam  is  scanned  over  the  surface  of  a  sample.  Comparison  of  SE 
and  CL  micrographs  of  a  given  sample  area  allow  relationships  between  the  optical  and  physical 
morphologies  of  the  sample  to  be  identified. 


RESULTS 

Optical  Microscopy  and  Photoluminescence 


Figure  1.  Optical 
micrograph  of 

a)  a  typical  epilayer 
surface, 

b)  the  stepped 
structure  of  a 
hexagonal  pyramid. 


The  GaN  epilayers  exhibit  a  predominantly  smooth  morphology.  However,  small  groups 
of  hexagonal  hillocks  (Figure  la)  are  found  to  populate  the  surface.  These  range  from  truncated 
and  plate-like  formations  to  complete  hexagonal  pyramids.  Diameters  of  around  50  pm  are 
typical.  Closer  inspection  reveals  that  the  sides  of  the  pyramids  are  not  smooth  facets,  but  instead 
consist  of  a  series  of  steps,  rising  to  an  apex  (Figure  lb). 
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Figure  2  shows  a  typical 
photoluminescence  spectrum  of  the 
epilayer,  taken  at  room  temperature. 
A  laser  spot  diameter  of  1  mm  was 
used,  exciting  both  smooth  and 
pyramidal  surface  regions 
simultaneously.  A  strong  band  edge 
peak  is  apparent,  along  with  two 
broad  defect-related  bands  at  450 
nm  and  550  nm  respectively. 

Figure  2.  Photoluminescence  spectrum 
of  a  GaN  epilayer  with  hexagonal 
350  400  450  500  550  600  650  700  hUlocks. 

Wavelength  (nm) 


SEM  and  AFM  of  Hexagonal  Pyramids 

A  series  of  SEM  micrographs  were  taken  of  a  particular  group  of  hexagons  at  various  electron 
beam  energies.  The  sample  was  normal  to  the  incident 
beam.  An  optical  micrograph  at  the  same  orientation  is 
provided  for  reference  (Figure  3).  As  the  beam  energy  is 
raised,  the  depth  of  penetration  of  the  incident  electrons 
increases.  Table  1  lists  the  depth  of  maximum  energy 
deposition,  and  the  maximum  ranges  (Bethe  ranges) 
corresponding  to  each  of  the  beam  energies  used.  At  an 
energy  of  1.5  kV,  most  of  the  electrons  penetrate  only 
the  first  few  nanometers  of  material,  and  surface 
features  dominate  the  image  (see  Figure  4).  Pyramidal 
features  A  and  B  are  visible  in  these  low-energy  images. 

However,  several  neighbouring  features  (C  and  D)  do 
not  become  apparent  until  energies  of  15  or  25  kV 
(maximum  energy  depositions  at  270  and  650  nm 
respectively).  At  this  point  the  beam  penetrates  the  full 
depth  of  the  sample.  The  blurring  of  the  perimeters  of  features  C  and  D  results  from  the  enhanced 
diffusion  of  the  high  energy  primary  electrons  at  higher  beam  energies. 


Energy  (keV) 

Depth  of  Maximum  Energy 
Deposition  (nm) 

Bethe  Range  (nm) 

1.5 

5.5 

29 

7.5 

84 

370 

15 

270 

1300 

25 

650 

3000 

Table  1.  Energy  deposition  depths  for  various  electron  beam  energies. 
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Figure  4.  SEM  images  taken  at  different  electron  beam  energies. 


Hexagon  C  was  mapped  using  an  atomic  force  microscope,  in  a  series  of  70  ^im  x  70  pm 
scans.  An  approximately  hexagonal  outline  can  be  discerned  in  these  images,  in  the  form  of  a 
depression  some  100  nm  in  depth.  The  only  other  feature  is  a  slightly  raised  area  at  one  corner  of 
the  hexagon  (see  figure  5).  However,  none  of  the  internal  structure  visible  in  the  optical 
micrograph  is  detectable. 


Figure  5.  AFM  images  showing  the  perimeter 
trough  and  elevated  region  at  one  comer  of 
hexagon  C. _ 

The  combination  of  SEM  and  AFM  data  suggests  that  some  of  the  hexagons  observed  in  GaN 
epilayers  may  in  fact  be  sub-surface  features,  with  an  additional  layer  of  several  nanometers 
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deposited  on  top.  However,  further  investigation  is  necessary  before  any  definite  conclusions  can 
be  drawn. 

CL  of  Hexagonal  Pyramids 

Finally,  we  investigated  the  relationship  between  the  luminescence  and  morphological  properties 
of  a  single  hexagonal  pyramid.  By  inserting  a  monochromator  into  the  luminescence  exit  beam  of 
the  SEM,  individual  bands  of  the  epilayer  cathodoluminescence  emission  can  be  selected,  and  the 
luminescence  spatially  resolved.  An  electron  beam  energy  of  25  keV  was  employed  throughout. 
The  wavelengths  373  nm,  450  nm  and  550  nm  were  imaged,  corresponding  to  the  UV  band-edge, 
the  blue  defect  band  and  the  yellow  band  respectively  (Figure  6). 


Figure  6.  SEM  and  cathodoluminescence  micrographs  of  a  full  hexagonal  pyramid. 

UV  luminescence  is  found  to  originate  from  the  full  hexagon  structure,  except  for  a  central 
region  of  the  image  approximately  5  p.m  across  where  no  significant  band-edge  emission  is 
detected.  The  450  nm  band  also  appears  to  be  associated  with  the  main  structure.  In  contrast,  the 
yellow  band  emission  is  found  primarily  at  the  centre  of  the  hexagonal  pyramid.  The  additional 
luminescence  centres  in  the  upper  right  of  Figure  6  (550  nm)  belong  to  neighbouring  crystallites 
not  clearly  resolved  in  this  image.  Of  particular  interest  is  the  apparent  spatial  banding  of  the 
luminescence  observed  when  the  defect-related  wavelengths  are  selected.  This  spatial  localisation 
of  the  luminescence  bands  suggests  that  different  areas  of  the  hexagon  consist  of  material  of  quite 
different  character.  Rouviere  et  al,  in  their  study  of  the  polarity  of  gallium  nitride  films,  report 
features  within  hexagonal  pyramids  structures  which  may  offer  an  explanation.®'^”  Using 
convergent  beam  electron  diffraction  techniques,  films  showing  pyramidal  morphology  were 
found  to  exhibit  both  Ga-  and  N-polarity.  The  material  is  predominantly  N-polar  -  however,  tiny 
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Ga-polar  domains,  which  grow  more  rapidly  than  the  surrounding  N-polarity  material,  dictate  the 
final  surface  morphology.  The  resultant  hexagonal  pyramids  are  found  to  contain  numerous  tiny 
Ga-polar  inversion  domains.  Importantly,  an  inversion  domain  is  always  found  at  the  apex  of  the 
hexagonal  pyramids.  We  suggest  that  the  yellow  luminescence  observed  at  the  centre  of  our 
pyramids  originates  from  defects  associated  with  such  an  inversion  domain  boundary. 


CONCLUSIONS 

In  summary,  the  properties  of  hexagonal  hillocks  on  MOVPE-grown  GaN  epilayers  have  been 
investigated.  SEM  and  AFM  studies  suggest  the  presence  of  sub-surface  hexagonal  structures  in 
these  epilayers.  The  luminescence  associated  with  hexagonal  hillocks  is  strongly  spatially 
dependent:  band-edge  luminescence  is  emitted  across  the  whole  hillock,  except  at  the  hillock 
centre,  whereas  the  yellow  band  emission  is  is  found  almost  exclusively  in  the  central  region.  The 
latter  may  be  a  result  of  defects  associated  with  inversion  domain  boundaries  in  the  hillocks. 
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ABSTRACT 

X-ray  rocking  curves  are  frequently  used  to  assess  the  structural  quality  of  GaN  thin 
films.  In  order  to  understand  the  information  given  by  the  line  shape,  we  need  to  know  the 
primary  mechanism  by  which  the  curves  are  broadened.  The  GaN  films  used  in  this  study  were 
grown  by  low  pressure  metalorganic  chemical  vapor  deposition  (MOCVD)  on  (00*1)  sapphire 
substrates.  GaN  films  with  both  broad  and  very  narrow  (open  detector  linewidth  of  40 
arcseconds  for  the  (00«2)  GaN  reflection)  rocking  curves  are  examined  in  this  work.  Reciprocal 
space  maps  of  both  symmetric  and  asymmetric  reciprocal  lattice  points  are  used  to  determine  that 
the  cause  of  the  broadening  of  GaN  rocking  curves  is  a  limited  in-plane  coherence  length. 

INTRODUCTION 

GaN  based  material  is  ideal  for  the  fabrication  of  short  wavelength  optoelectronic 
devices.  The  wide  direct  bandgap  of  GaN  (3.4  eV)  combined  with  its  strong  bond  strength  make 
it  an  excellent  candidate  for  short  wavelength  lasers.  A  major  problem  with  the  growth  of  GaN 
has  been  the  absence  of  a  high  quality  lattice  matched  substrate.  Most  GaN  growth  has  been 
performed  on  basal  plane  sapphire  substrates  resulting  in  films  with  many  defects  in  the  crystal 
lattice.  Nucleation  layers  of  AIN  or  low  temperature  GaN  are  used  to  promote  quasi-two 
dimensional  growth,  dramatically  improving  the  properties  of  the  GaN  epilayers  [1],  The  full 
width  at  half  maximum  (FWHM)  of  the  x-ray  rocking  curve  is  often  used  to  assess  the  crystalline 
quality  of  GaN  epilayers  because  of  the  relatively  simple  nature  of  this  technique.  Recently,  very 
narrow  x-ray  rocking  curves  of  epitaxial  GaN  grown  on  (00*1)  sapphire  with  a  FWHM  of  under 
40  arcseconds  have  been  obtained  by  several  researchers  [2-5].  A  full  understanding  of  the 
rocking  curves  is  needed  if  they  are  to  be  used  as  a  reliable  indicator  of  epitaxial  quality.  A 
better  understanding  of  the  defects  in  GaN  has  recently  been  established  through  x-ray  diffraction 
and  transmission  electron  microscopy  (TEM)  studies  [5,6].  The  primary  defects  are  threading 
dislocations  running  along  the  c  axis,  with  the  majority  being  edge  type  with  a  Burger’s  vector  of 
1/3<1 1  •0>  although  screw  and  mixed  type  dislocations  have  also  been  seen.  In  highly  dislocated 
materials,  low  angle  grain  boundaries  form.  In  this  paper,  we  report  the  analysis  of  symmetrical 
and  asymmetrical  reciprocal  space  maps  to  determine  what  types  of  imperfections  are  responsible 
for  the  broadening  of  x-ray  rocking  curves  in  GaN. 

EXPERIMENT 

The  GaN  samples  used  in  this  study  were  grown  on  sapphire  substrates  with  a  thin  AIN 
buffer  by  low  pressure  MOCVD.  The  sources  used  were  ammonia,  trimethylgallium,  and 
trimethylaluminum  in  a  hydrogen  carrier  gas.  The  growth  conditions  for  similar  samples  were 
discussed  in  more  detail  previously  [2].  Samples  with  a  wide  range  of  growth  conditions  were 
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chosen  to  establish  the  generality  of  the  type  of  broadening  of  x-ray  rocking  curves  in  GaN.  The 
growth  conditions  are  presented  in  Table  I. 

The  x-ray  diffraction  experiments  were  performed  using  a  Philips  (MRD)  high-resolution 
triple  axis  diffractometer  [7,8]. 

TEM  samples  were  examined  using  a  Hitachi  HF-2000  with  a  field  emission  gun 
operated  at  200  keV. 


Sample 

Buffer  layer, 
thickness  (nm), 
and  growth  T(C) 

Growth 

Temperature 

(C) 

AIN,  16,  850  C 

100 

1.2 

B(114) 

(00.1) 

AIN,  34,  1000  C 

10 

1.1 

1000 

C(23) 

(01.2) 

GaN,  23,  600  C 

10 

1.1 

1000 

Table  I.  Growth  conditions  for  the  GaN  films  used  in  this  study. 


RESULTS  AND  DISCUSSION 

In  order  to  determine  the  nature  of  the  x-ray  broadening  in  epitaxial  GaN,  several 
reciprocal  lattice  points  were  mapped.  Figure  1(a)  shows  a  reciprocal  space  map  of  the  (00*2) 
GaN  peak.  The  most  significant  broadening  is  in  the  ©  direction,  but  from  this  symmetric  peak, 
we  cannot  distinguish  between  broadening  due  to  random  tilt  or  curvature  and  a  finite  in-plane 
coherence  length.  Pendelldsung  fringes  are  clearly  visible  in  the  ©/20  direction  due  to  the  finite 
thickness  and  high  structural  quality  of  the  epilayer.  The  spacing  corresponds  to  a  thickness  of 
1.2  pm,  in  good  agreement  with  the  thickness  measured  by  ball  polishing  and  optical 
transmission  interference  fringes. 


FIG.  1.  (a)  Reciprocal  space  map  of  the  (00«2)  GaN  peak  of  Sample  A.  Interference  fringes  due 
to  the  finite  film  thickness  are  clearly  visible  in  the  ©/20  direction.  Isointensity  contours  are 
logarithmically  spaced  by  a  factor  of  10*^  ^  (b)  Open  detector  rocking  curve,  triple  axis  ©  scan, 
and  triple  axis  ©/20  scan  of  the  (00*2)  GaN  peak  of  Sample  A. 


A  conventional  rocking  curve  of  the  (00*2)  GaN  peak  yielded  a  FWHM  of  40  arcseconds 
as  illustrated  in  Figure  1(b).  For  comparison,  the  normalized  cross  sections  of  the  reciprocal 


478 


space  map  are  also  shown  in  Figure  1(b).  (The  co  curve  and  the  co/20  curve  are  the  traces  through 
the  peak  in  Figure  1(a)  along  the  co  and  co/20  directions  respectively.)  The  co  curve  has  a  FWHM 
of  29  arcseconds,  while  the  co/20  curve  has  a  FWHM  of  16  arcseconds.  The  co  curve  makes  the 
dominant  contribution  to  the  broadening  of  the  conventional  rocking  curve,  especially  in  its 
broad  tails,  which  obscure  the  fringes.  From  this  information,  we  can  determine  that  the 
broadening  is  primarily  due  to  either  a  limited  coherence  length  parallel  to  the  film  surface  or 
from  random  tilt  or  curvature  of  the  film. 


(a) 


8  0  (degrees) 


FIG.  2.  Reciprocal  space  map  of  the  (11*4)  GaN  peak  of  Sample  A  plotted  in  degrees  (a)  and 
reciprocal  lattice  units  (b).  This  shows  that  the  primary  cause  of  broadening  is  due  to  a  limited 
in-plane  coherence  length  rather  than  tilt  or  curvature. 


FIG.  3.  Reciprocal  space  maps  of  the  (a)  (  20*4)  and  (b)  (20*4)  GaN  peaks  of  Sample  A 
showing  that  there  is  a  small  curvature  or  tilt  component  rather  than  dislocations  slightly  off 
normal  to  the  surface. 

Investigation  of  a  reciprocal  space  map  of  an  asymmetrical  peak  can  indicate  if  the  broadening  is 
due  to  random  tilt  or  curvature  or  if  it  is  due  to  a  limited  in  plane  coherence  length.  The  (1 1*4) 
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GaN  peak  of  Sample  A  is  shown  in  Figure  2.  The  (11*4)  planes  are  approximately  39  degrees 
from  the  (00«1)  planes,  allowing  the  different  types  of  broadening  to  be  easily  distinguished. 
From  Figure  2(a),  the  peak  is  clearly  not  oriented  along  ©,  which  would  be  expected  if  curvature 
or  random  tilt  caused  the  broadening.  When  the  same  peak  is  plotted  in  reciprocal  space  in 
Figure  2(b),  the  broadening  is  nearly  entirely  along  X,  indicative  of  a  limited  in-plane  coherence 
length.  A  small  tilt  from  the  horizontal  may  be  due  to  a  contribution  of  broadening  in  co.  Two 
peaks  on  opposite  sides  of  the  origin  in  reciprocal  space  were  used  to  determine  whether  the 
small  tilt  from  the  horizontal  is  due  to  broadening  in  co  or  due  to  the  discontinuities  not  being 
normal  to  the  surface.  The  tilts  are  in  opposite  directions  (Figure  3),  consistent  with  a  small 
contribution  of  co  broadening.  A  separate  measurement  of  the  peak  position  as  a  function  of  the 
wafer  position  indicated  a  small  curvature  of  20  m,  which  contributes  to  the  co  broadening  in 
addition  to  any  random  tilts. 

The  TEM  results  show  that  edge  threading  dislocations  dominate  with  a  density  of 
approximately  5x10  cm'  .  In  a  plan  view  image  with  a  g  vector  of  1 1*0  the  dislocations  appear 
to  be  randomly  distributed  rather  than  aligned  to  form  low  angle  grain  boundaries.  Both  edge 
and  screw  dislocations  are  present  in  the  sample  as  seen  by  cross  sectional  images  taken  using 
different  g  vectors.  The  role  of  these  dislocations  in  the  x-ray  line  broadening  is  to  disrupt  the  in¬ 
plane  coherence  length  in  the  GaN  film. 


FIG.  4.  (a)  Symmetrical  reciprocal  space  map  of  the  (00»2)  GaN  peak  of  Sample  B.  (b)  Open 
detector  rocking  curve,  triple  axis  co  scan,  and  triple  axis  co/20  scan  of  the  (00«2)  GaN  peak  of 
Sample  B.  (c)  Asymmetrical  reciprocal  space  map  of  the  (11*4)  GaN  peak  of  Sample  B. 

The  rocking  curve  linewidth  was  much  broader  for  the  second  sample  of  GaN  grown  on 
(00.1)  sapphire,  however,  the  primary  cause  for  broadening  was  the  same.  The  symmetrical 
reciprocal  space  map  is  shown  in  Figure  4(a)  and  traces  through  the  map  are  plotted  along  with 
the  open  detector  rocking  curve  in  Figure  4(b).  Only  a  small  fraction  of  the  broadening  is  in  the 
co/20  direction.  Figure  4(c)  shows  an  asymmetrical  reciprocal  lattice  point  which  is  oriented 
along  X  in  reciprocal  space,  again  indicating  a  limited  in-plane  coherence  length. 

The  GaN  grown  on  a  (01*2)  sapphire  substrate  was  also  studied.  Figures  5(a)  and  5(b) 
show  the  symmetrical  reciprocal  lattice  point  which  again  is  primarily  broadened  along  co.  The 
asymmetrical  reciprocal  lattice  point  is  shown  in  Figure  5(c).  The  alignment  along  X  is  once 
again  indicative  of  a  limited  in-plane  coherence  length. 
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FIG.  5.  (a)  Syinmetrical  reciprocal  space  map  of  the  (11*0)  GaN  peak  of  Sample  C.  (b)  Open 
detector  rocking  curve,  triple  axis  oo  scan,  and  triple  axis  co/20  scan  of  the  (11*0)  GaN  peak  of 
Sample  C.  (c)  Asymmetrical  reciprocal  space  map  of  the  (1 1  *2)  GaN  peak  of  Sample  C. 

The  full  widths  at  half  maxima  for  the  samples  are  shown  in  Table  H.  The  primary 
broadening  for  all  of  the  samples  studied  is  along  X,  rather  than  Y,  co,  or  co/20.  This  is  indicative 
of  a  limited  in-plane  coherence  length.  The  in-plane  coherence  length  can  be  estimated  by  a 
simple  equation  for  symmetric  reflections;  d  =  0.89  A.  /  2  Aco  sin0,  X  where  is  the  x-ray 
wavelength,  Aco  is  the  FWHM  of  the  rocking  curve,  and  0  is  the  Bragg  angle.  However,  for 
randomly  sized  domains,  the  coherence  length  obtained  will  reflect  the  longer  coherence  lengths 
present  in  the  sample.  This  type  of  broadening  is  consistent  with  the  wide  tails  commonly 
present  in  rocking  curves  of  GaN. 


CD  (arcsec) 

co/20  (arcsec) 

29 

16 

56 

21 

1.05 

(00-6) 

62 

51 

3.5 

1.5 

(11-4) 

72 

56 

7.1 

2.1 

(20-4) 

50 

58 

9.5 

2.2 

(  20-4) 

64 

76 

10 

3.0 

Sample  B  (114) 

(00*2) 

667 

32 

12.5 

1.8 

(00*4) 

684 

41 

25.5 

2.1 

(lh4) 

220 

140 

10 

5 

(10*4) 

220 

130 

20 

4 

Sample  C  (23) 

(11-0) 

1620 

61 

49 

3.6 

(lh2) 

430 

110 

47 

8.4 

(02*0) 

360 

270 

50 

7.5 

Table  II.  FWHM  of  various  GaN  reflections. 


481 


CONCLUSIONS 


In  summary,  reciprocal  space  mapping  of  both  symmetric  and  asymmetric  reflections  was 
used  to  determine  the  primary  cause  for  broadening  of  the  epitaxial  GaN  x-ray  rocking  curves. 
The  broadening  was  shown  to  be  due  to  a  limited  in-plane  coherence  length.  This  is  consistent 
with  TEM  studies  that  show  threading  dislocations  originating  at  the  interface,  presumably 
during  the  initial  stages  of  growth  and  island  coalescence.  These  dislocations  disrupt  the 
coherence  length,  resulting  in  broadening  of  the  x-ray  rocking  curve. 
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ABSTRACT 

The  width  of  double  axis  X-ray  rocking  curves  of  epitaxial  GaN  layers  is  shown  to  be  critically 
dependent  on  the  width  of  the  detector  aperture.  We  show  that  triple  axis  diffraction 
measurements  using  a  crystal  analyser  before  the  detector  enables  the  instrument  function  to  be 
defined  and  the  tilt  and  dilation  distributions  separated.  All  GaN  samples  examined  showed  a 
mosaic  structure  of  misoriented  sub-grains  with  little  dilation  within  the  mosaic  blocks.  In 
reciprocal  space  maps  this  was  revealed  as  a  wide  distribution  of  intensity  in  a  direction 
perpendicular  to  the  reciprocal  lattice  vector. 

INTRODUCTION 

High  resolution  X-ray  diffraction  [1]  is  extensively  used  for  the  characterisation  of  epitaxial 
compound  semiconductor  films  used  for  opto-electronic  devices.  The  excitement  caused  by  the 
announcement  of  a  room  temperature  blue  laser  based  on  GaN  grown  on  sapphire  [2]  has  led  to 
much  work  on  such  materials.  As  part  of  attempts  to  improve  epitaxial  layer  quality,  to  grow  on 
other  substrates  and  to  understand  why  device  lifetimes  are  relatively  high  despite  extremely  high 
numbers  of  misfit  dislocations,  a  number  of  high  resolution  diffraction  studies  have  been  reported 
[3-6].  However,  as  with  the  low  band  gap  II- VI  materials  such  as  HgCdTe,  there  is  considerable 
confusion  in  the  community  over  the  interpretation  of  the  diffraction  peak  widths  in  double  axis 
X-ray  rocking  curves.  In  this  paper,  we  show  that  triple  axis  diffraction  provides  a  much  more 
reliable  tool  for  characterisation  of  GaN,  because  of  an  unambiguous  instrument  function  and  the 
ability  to  separate  tilts  and  dilations. 

X-RAY  DOUBLE  AXIS  DIFFRACTION 

Double  axis  diffraction  has  a  major  advantage  in  simplicity,  which  has  led  to  it  becoming  a 
standard  quality  control  tool  on  many  III-V  compound  semiconductor  production  lines.  In  such 
quality  control  instruments,  [7,8]  there  is  a  single  reflection  from  the  beam  conditioner  which 
results  in  a  beam  of  low  angular  divergence  but  relatively  high  wavelength  dispersion  reaching  the 
specimen.  Provided  that  the  specimen  and  beam  conditioner  crystals  have  almost  the  same  Bragg 
plane  spacing,  the  spread  in  wavelengths  does  not  affect  the  rocking  curve,  which  is  narrow  and 
the  mathematical  correlation  of  the  plane  wave  reflecting  curves  of  the  specimen  and  beam 
conditioner.  In  current  research  instruments,  the  X-ray  beam  is  conditioned  by  several  Bragg 
reflections  in  both  a  beam  conditioner  and  monochromator  resulting  in  an  beam  of  low  angular 
divergence  and  low  wavelength  dispersion  striking  the  specimen.  The  design  of  monochromating 
beam  conditioners  to  satisfy  different  applications  is  well  documented  in  the  literature  [9-11].  It  is 
important  in  the  context  of  this  paper  to  note  that  although  there  may  be  many  reflections  from 
several  crystals  in  the  monochromating  beam  conditioner,  there  are  effectively  still  only  two  axes. 
In  both  geometries  the  X-ray  beam  scattered  from  the  specimen  is  received  by  an  open  area 
detector. 
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Although  a  scan  of  the  specimen  gives  a  direct  measure  of  the  difference  in  Bragg  angle  between 
epitaxial  layer  and  substrate,  the  width  of  the  Bragg  peaks  is  a  function  of  both  the  distribution  of 
tilts  and  the  distribution  of  dilations  in  the  sample.  Thus  in  a  double  axis  experiment  with  an  open 
detector,  it  is  not  possible  to  distinguish  between  broadening  due  to  lattice  tilts  and  variations  in 
stoichiometry.  An  example  of  the  effect  of  restricting  the  detector  aperture  is  given  in  Fig  1 .  This 
shows  a  pair  of  rocking  curves  taken  from  a  GaN  epitaxial  layer  grown  on  a  (111)  GaAs 
substrate  with  and  without  a  0.5  mm  slit  in  front  of  the  detector. 


Fig  1  Double  axis  0-20  rocking  curves  from  a  GaN  epitaxial  layer  on  (1 1 1)  orientation  GaAs 

While  the  diffraction  peaks  are,  except  in  the  tails  of  the  profiles,  almost  identical  for  the  GaAs 
substrate,  the  widths  and  shapes  of  the  Bragg  peak  from  the  GaN  are  dramatically  different.  With 
an  open  detector,  the  full  width  at  half  height  maximum  (FWHM)  is  2500  arc  seconds,  while  with 
the  0.5  mm  slit  in  front  the  FWHM  is  reduced  to  300  arc  seconds.  Thus  it  is  meaningless  to 
report  FWHM  values  of  double  axis  rocking  curves  unless  the  detector  geometry  is  precisely 
specified.  The  FWHM  depends  critically  on  the  detector  aperture. 

X-RAY  TRIPLE  AXIS  DIFFRACTION 

Triple  axis  X-ray  diffraction  [1]  involves  the  use  of  a  crystal  analyser  on  a  third  axis  to  select  X- 
ray  beams  that  are  scattered  from  the  sample  within  a  limited  angular  range.  Despite  the 
implication  that  the  technique  is  only  applicable  to  very  high  perfection  material,  we  show  in  this 
paper  that  it  is  highly  appropriate  to  relatively  poor  epitaxy  materials  such  as  GaN.  The 
importance  is  that  the  analyser  removes  the  ambiguity  about  the  detector  aperture  and  enables  the 
contributions  of  tilts  and  dilations  to  be  separated.  Fig  2  shows  a  diagram  of  the  triple  axis 
arrangement.  Scanning  the  sample  only  maps  out  the  distribution  of  tilts,  as  only  regions  of  the 
crystal  with  the  same  Bragg  plane  spacing  reach  the  detector  for  any  one  setting  of  beam 
conditioner  and  analyser.  Scanning  the  specimen  and  analyser  in  a  one-to-two  ratio  maps  out  the 
lattice  dilations.  From  a  combination  of  the  two  types  of  scan  the  intensity  of  the  X-rays  scattered 
around  the  reciprocal  lattice  point  can  be  mapped,  the  so-called  reciprocal  space  map. 
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Fig  2  Diagram  of  the  triple  axis  diffraction  arrangement 

We  show  in  Fig  3(a)  double  and  triple  axis  rocking  curves  for  a  thicker  sample  of  GaN  grown  on 
sapphire.  Note  that  both  of  these  scans  are  of  the  specimen  only,  the  double  axis  having  an  open 
detector,  while  the  triple  axis  scan  has  a  fixed  analyser  in  place.  In  both  cases  the  beam 
conditioners  were  a  monochromating  duMond  pair  of  Si  crystals  cut  at  17.650  to  the  (022) 
planes  [11].  Except  for  an  intensity  scaling  factor,  these  curves  are  almost  identical,  indicating 
that  the  rocking  curve  width  (FWHM  608  ±  5  arc  seconds)  is  totally  dominated  by  the  tilt 
distribution.  As  with  low  band-gap  II- VI  compounds  [12],  the  tilt  distribution  approximates  quite 
well  to  a  Gaussian. 


specimen  angle  (arc  seconds) 


Fig  3  (a)  Double  and  triple  axis  rocking  curves  (specimen  scans)  of  a  GaN  epitaxial  layer. 
Substrate  (0001)  oriented  sapphire.  (0002)  reflection.  Cu  Kai  radiation.  FWHM  608  ±  5  arc 

seconds 
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Fig  3(b)  Triple  axis  coupled  specimen-analyser  scan  in  ratio  1:2.  GaN  (0002)  reflection.  (022) 
(with  17.65°  asymmetric  cut)  Si  duMond  beam  conditioners,  (111)  symmetric  Si  analyser 

The  triple  axis  coupled  specimen  and  analyser  scan  (the  so-called  0-29  scan)  in  Fig  3(b)  shows 
much  narrower  peaks,  indicating  that  the  strains  in  the  lattice  are  small,  although  two  sub-grains 
with  slightly  different  lattice  parameters  are  present.  The  principal  deformation  in  the  layer  is 
therefore  in  the  form  of  tilts,  and  the  crystal  is  a  mosaic  of  misoriented  sub-grains  with  little  strain 
or  non-stoichiometry  within  each  sub-grain. 

RECIPROCAL  SPACE  MAPPING 

The  full  map  of  the  scattered  intensity  around  the  reciprocal  lattice  point  is  known  as  a  reciprocal 
space  map  and  this  is  achieved  by  straightforward  transformation  of  the  angular  co-ordinates  into 
reciprocal  lattice  units  via  the  X-ray  wavelength.  The  full  reciprocal  space  map  of  the  sample 
shown  in  Fig  3  is  given  in  Fig  4. 

This  map  shows  how  the  isointensity  contours  of  the  layer  peaks  are  extended  in  reciprocal  space 
in  the  direction  normal  to  the  reciprocal  lattice  vector.  This  supports  the  assertion  that  the  layer 
has  a  mosaic  structure  with  little  strain  within  the  sub-grains.  The  two  layer  peaks  do  not  lie 
exactly  above  one  another.  Such  a  feature  can  be  interpreted  as  arising  from  two  grains, 
misoriented  with  respect  to  one  another.  It  also  shows  that  the  single  coupled  0-20  scan  in  Fig 
3(b)  does  not  give  a  true  representation  of  the  relative  intensities  of  the  peaks.  This  scan, 
although  correctly  representing  the  peak  from  one  grain,  cuts  only  the  shoulder  of  the  peak  from 
the  other  grain,  giving  a  false  measure  of  the  full  width  at  half  height  maximum  and  integrated 
intensity.  The  importance  of  a  full  reciprocal  space  map  in  such  a  context  is  apparent. 

All  GaN  layers  which  we  have  examined  have  shown  the  same  characteristic  of  a  relatively  high 
mosaic  spread  but  small  amounts  of  strain  within  individual  sub-grains.  Fig  5  shows  another  GaN 
layer,  again  grown  on  sapphire,  this  time  showing  a  much  larger  mosaic  spread  but  with  a 
comparable  strain  distribution  to  the  sample  from  which  the  data  of  Fig  4  were  taken. 
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Fig  4  Reciprocal  space  map  of  the  (0002)  reflection  from  the  GaN  epitaxial  film  shown  in  Fig  3. 
Logarithmic  scale  contours.  The  two  features  indicate  misoriented  sub-grains,  strained  relative  to 
one  another.  Step  size  20"  in  0-20,  specimen  (0)  step  size  40",  counting  4s  per  point,  run 
overnight.  Asymmetric  (022)  channel  cut  analyser  with  17.65®  between  Bragg  planes  and 

surface. 


Fig  5  Reciprocal  space  map  around  the  (0002)  reciprocal  lattice  point  of  a  GaN  layer.  The  GaN 
was  grown  on  (0001)  sapphire.  Cu  Kai  radiation.  Logarithmic  contours.  Step  size  of  10"  in  0-20, 
specimen  (0)  step  size  of  40"  and  count  time  5s  per  point. 
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CONCLUSION 


High  resolution  double  and  triple  axis  X-ray  diffraction  and  reciprocal  space  mapping  have  been 
successfully  applied  to  the  study  of  GaN  films.  The  GaN  layers  we  have  studied  have  shown  quite 
high  mosaic  spread  but  little  strain  within  sub-grains.  To  establish  the  cause  of  rocking  curve 
broadening,  it  is  important  to  define  the  scattering  angle,  and  full  reciprocal  space  mapping  can 
give  important  information  not  available  from  double  axis  measurements. 
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ABSTRACT 

We  demonstrate  the  use  of  triple  axis  diffraction  measurements,  including  O  scans  (in  which  the 
sample  is  rotated  about  an  axis  perpendicular  to  its  surface)  to  assess  the  crystal  perfection  of 
wurtzite  GaN  layers  on  sapphire  grown  using  different  pre-nitridation  growth  treatments  by  or- 
ganometallic  vapor  phase  epitaxy.  The  O  scans  determine  the  in-plane  misorientation  angles 
between  the  crystallites  and  hence  provide  information  on  the  edge  dislocation  density.  Using 
glancing  incidence  (1014)  and  (1015)  reflections,  we  determined  that  the  misorientation  among 
the  GaN  crystallites  decreases  with  increasing  layer  thickness  and  that  the  pre-nitridation  condi¬ 
tions  control  the  initial  level  of  misorientation.  Triple  axis  (D  and  co-26  scans  around  the  (0002) 
reflection  did  not  show  a  systematic  trend  with  increasing  layer  thickness.  However,  layers 
grown  without  a  pre-nitridation  step  tended  to  exhibit  higher  values  of  both  mosaic  spread  and 
strain.  The  appropriate  asymmetric  reflections  for  GaN-based  <I>  scan  measurements  are  deter¬ 
mined  using  structure  factor  calculations,  which  are  presented  here. 

INTRODUCTION 

The  characterization  of  GaN  epitaxial  layers  is  an  extremely  important  component  of  un¬ 
derstanding  the  roles  which  different  growth  steps  play  in  controlling  the  presence  of  and  types  of 
defects  in  the  layers.  The  lack  of  a  lattice-matched  substrate  for  GaN-based  materials  (including 
alloys  with  InN  and  AIN)  results  in  high  defect  densities  in  GaN,  AlGaN,  and  InGaN  heterostruc¬ 
tures  grown  on  typical  substrates  such  as  sapphire  or  silicon  carbide.  Several  growth  optimiza¬ 
tion  steps  are  typically  employed  to  foster  higher  quality  growth  of  GaN  on  these  highly  mis¬ 
matched  substrates.  One  standard  procedure  is  to  initiate  growth  using  a  low  temperature  GaN  or 
AIN  buffer  layer  [1,2]  (typically  deposited  around  500  °C)  which  forms  islands.  Upon  ramping 
to  high  temperatures  (==  1100  ‘^C),  the  islands  coarsen  and  act  as  nucleation  sites  for  subsequent 
two-dimensional  growth. [3]  In  addition,  exposing  the  sapphire  substrate  to  ammonia  prior  to 
growth  can  strongly  affect  the  types  of  dislocations  that  develop  in  subsequently  grown  mate¬ 
rial.  [4]  In  nearly  all  cases,  the  GaN  tends  to  grow  in  columnar  structures  of  relatively  high  per¬ 
fection  material  bounded  by  dislocation  arrays.  These  sub-grains  are  typically  on  the  order  of  50- 
500  nm  in  diameter  with  an  in-plane  misorientation  among  the  subgrains  on  the  order  of  a  few 
degrees.  [5] 

Triple  axis  diffraction  techniques  have  proven  to  be  very  valuable  in  understanding  the 
relationship  between  crystal  growth  and  defect  nucleation  in  GaN-based  epitaxial  films.  For  ex¬ 
ample,  initial  reports  [6,7]  showed  that  GaN  layers  exhibited  a  double  axis  rocking  curve  full 
width  at  half  maximum  (FWHM)  of  37  or  30  arcsec,  respectively,  for  the  (0002)  reflection,  while 
others  exhibited  FWHM  of  greater  than  200  arcsec  in  GaN  used  for  device  structures.[l]  How¬ 
ever,  the  dislocation  densities  were  greater  than  10^  cm'^  in  all  cases.  Heying,  et  al.,  [8]  ex¬ 
plained  this  discrepancy  by  showing  that  layers  with  narrow  (0002)  FWHM  contain  perfect  edge 
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dislocations  (  1/3<1 120>)  which  lie  along  the  (0001)  growth  direction.  These  dislocations  do  not 
introduce  a  tilt  component  that  would  cause  mosaic  broadening  in  a  symmetric  (0002)  reflection. 
By  using  asymmetric  reflections  ((1012)  in  that  case)  which  are  broadened  by  the  edge  disloca¬ 
tions,  they  demonstrated  that  the  nature  of  the  dislocation  network  present  in  the  GaN  layers 
(pure  edge  vs.  mixed  edge  and  screw)  can  be  determined. 

In  this  paper,  we  demonstrate  that  other  useful  parameters  can  be  gathered  from  triple 
axis  diffraction  measurements.  First,  we  briefly  examine  the  use  of  a  few  different  asymmetric 
reflections  for  GaN  characterization.  Next,  we  address  the  issue  of  in  plane  sub-grain  misorien- 
tation.  Although  misorientation  has  been  measured  using  electron  microscopy  [5],  we  show  that 
triple  axis  diffraction  0  scans  -  which  employ  asymmetric  reflections  -  to  non-destructively  de¬ 
termine  the  range  of  in-plane  misorientation  among  the  GaN  subgrains.  Using  these  O  scans,  we 
assess  the  evolution  of  sub-grain  misorientation  as  a  function  of  GaN  layer  thickness  and  sap¬ 
phire  pre-nitridation  time. 

EXPERIMENT 

The  analysis  of  different  asymmetric  reflections  for  GaN  grown  on  (0001)  sapphire  em¬ 
ployed  data  from  the  International  Tables  for  X-Ray  Crystallography.!  10]  The  GaN  epitaxial 
layers  on  (0001)  sapphire  substrates  were  grown  in  a  horizontal  two-inlet  OMVPE  system  at  76 
torr,  with  TMGa,  TMAl  and  ammonia  as  precursors  and  hydrogen  as  a  carrier  gas.  GaN  buffers 
were  grown  at  500  °C  either  without  prior  high  temperature  (1050  °C)  nitridation  of  sapphire 
substrates  or  with  10  min.  nitridation.  After  buffer  growth,  the  substrate  was  ramped  up  to  1025 
°C  where  the  GaN  layers  of  1,  2,  and  4  pm  were  grown  with  a  growth  rate  of  2  pm/h.  The  triple 
axis  diffraction  measurements  used  a  Bede  D3  diffractometer  with  a  four  bounce  (1 1 1)  Si  ana¬ 
lyzer  (third)  crystal.  Three  distinct  measurements  were  performed  in  the  triple  axis  configuration 
(i.e.,  with  the  analyzer  or  third  crystal  rediffracting  the  x-ray  beam  diffracted  from  the  sample). 

CO  scans  measure  the  variations  in  lattice  tilt  (step  size  =  20  arcsec)  by  rotating  around  the  sample 
axis;  0/20  scans  provide  a  measurement  of  the  presence  of  strain  in  the  crystal  (step  size  =  2 
arcsec);  and  O  scans  were  performed  by  rotating  the  sample  about  an  axis  perpendicular  to  the 
sample  surface  (step  size  =  0.02°).  In  the  triple  axis  configuration,  rotating  the  sample  around  an 
axis  which  is  perpendicular  to  the  sample  surface  (O  scan)  while  diffracting  from  an  asymmetric 
reflection  provides  a  measurement  of  sub-grains  with  a  common  mosaic  tilt  direction  but  differ¬ 
ent  in-plane  orientation.  The  instrumental  broadening  of  a  triple  axis  diffraction  O  scan  due  to 
vertical  beam  divergence  was  measured  using  the  (115)  reflection  from  an  n"^  GaAs  substrate 
with  an  etch  pit  density  of  <  100  cm’^. 

RESULTS 

Asymmetric  reflections  for  hexagonal  GaN 

A  compilation  of  possible  asymmetric  reflections  for  hexagonal  (0001)  GaN  epitaxial 
layers  is  generated  to  complement  the  much  more  well  established  database  for  cubic  semicon¬ 
ductor  crystals.  Keying,  et  al.,[8]  employed  the  (1012)  reflection  to  determine  the  presence  of  the 
1/3<1 1-20>  edge  dislocations  and  we  tabulate  the  relevant  parameters  for  this  reflection  as  well 
as  two  other  reflections  [(1014)  and  (1015)]  with  the  same  zone  axis.  Table  I  lists  the  re¬ 
flection  (with  the  (0002)  reflection  for  comparison),  the  Bragg  angle  for  the  reflection  using  Cu 
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ka  radiation,  the  angle  between  the  plane  and  the  basal  plane,  the  structure  factor,  and  whether 
one  can  access  the  reflection  with  the  plane  of  diffraction  perpendicular  to  the  zone  axis  for  these 
reflections  with  either  a  glancing  incidence  (g.i.)  or  a  glancing  exit  (g.e.)  geometry  or  with  the 
zone  axis  parallel  to  the  plane  of  diffraction  and  with  the  sample  rotated  along  the  zone  axis  by 
the  magnitude  of  the  interplanar  angle  between  the  plane  in  question  and  the  basal  plane  (skew). 


Table  I.  Parameters  for  asymmetric  reflections 


Reflection 

0B  (Cu  Ka) 

Interplanar  angle  w/  basal  plane 

F  (structure  factor) 

skew/g.eig.i 

(0002) 

17.278“ 

- 

47.98 

- 

(1012) 

24.044° 

39,12° 

21.02 

skew 

(1014) 

41.013° 

22,13° 

13.71 

all 

(1015) 

52.482° 

18,02° 

27.01 

all 

Note  that  the  (0002)  reflection  possesses  the  strongest  intensity  (related  to  magnitude  of  the 
structure  factor).  Of  the  asymmetric  reflections,  the  (1015)  is  the  strongest.  The  (1012)  reflec¬ 
tion  [8]  represents  the  planes  with  the  greatest  interplanar  angle  with  the  basal  plane.  The  (1012) 
possesses  the  greatest  “a”-axis  component  of  these  reflections  and  thus  the  greatest  sensitivity  to 
tilts  introduced  by  the  pure  edge  dislocations.  However,  the  use  of  this  reflection  is  limited  by 
the  fact  that  the  interplanar  angle  is  greater  than  the  Bragg  angle.  This  limits  the  measurement  of 
this  reflection  compared  to  the  others  listed  here  which  can  be  accessed  from  any  direction  by  a 
combination  of  skew  and  glancing  incident  /  exit  geometries.  The  (1012)  reflection,  on  the  other 
hand,  can  only  be  accessed  by  rotating  the  sample  around  an  axis  that  is  parallel  to  the  plane  of 
diffraction  by  ~  40°.  This  rotation  is  beyond  the  range  of  many  diffractometers,  but  the  reflection 
can  he  accessed  if  the  sample  is  placed  on  a  40°  wedge  prior  to  mounting  on  the  diffractometer. 

The  data  in  Table  I  suggest  that  the  (1015)  is  the  most  convenient  for  measuring  the  in¬ 
plane  misorientation  among  the  GaN  subgrains  given  its  high  intensity  and  accessibility  from 
both  glancing  and  skew  diffraction  geometries.  In  this  case,  we  accessed  this  reflection  using  the 
glancing  incidence  geometry  (with  the  angle  between  the  x-ray  beam  and  the  sample  (0001)  sur¬ 
face  set  to  52.48°- 18.02°  =  34.46°). 

One  possible  limitation  to  measuring  the  in-plane  misorientation  with  a  high  resolution 
diffractometer  is  that  the  x-ray  beam  is  typically  only  collimated  in  one  direction.  For  most  dif¬ 
fractometers  with  the  sample  mounted  vertically,  there  is  much  greater  vertical  divergence  (on 
the  order  of  a  degree)  than  horizontal  divergence  (on  the  order  of  several  arcsecs).  To  assess  the 
broadening  in  the  O  scan  due  to  the  vertical  divergence,  we  performed  a  O  scan  with  the  GaAs 
wafer.  The  (115)  glancing  incidence  asymmetric  reflection  was  chosen  as  the  angle  between  the 
x-ray  beam  and  the  sample  surface  (29.28°)  and  detector  position  (90.1°)  were  similar  to  those 
values  for  the  (1015)  GaN  reflection  (34.45°  and  105.0°,  respectively).  The  O  FWHM  of  the 
GaAs  (115)  reflection  was  0.12°. 

Triple  Axis  Diffraction  Measurements  of  GaN  Epitaxial  Lavers 

Figure  1  shows  the  FWHM  of  the  co  scan  measurements  from  the  (0002)  reflection  for  the 
two  series  of  samples  described  in  the  experiment  section.  The  samples  that  did  not  undergo  a 
pre-nitridation  step  possessed  a  significantly  more  narrow  peak  than  the  samples  which  had  un¬ 
dergone  the  pre-nitridation  step.  These  results  agree  with  the  results  of  Keller,  et  al.,  [4]  who 
demonstrated  that  longer  nitridation  times  produce  layers  with  more  narrow  co  FWHM  which  was 
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attributed  to  an  increase  in  the  pure  edge  dislocation  density  and  a  decrease  in  the  mixed 
edge/screw  dislocations.  For  comparable  GaN  layer  thicknesses,  their  FWHM  is  about  a  factor 
of  three  more  narrow,  however.  In  these  samples,  there  is  not  a  systematic  FWHM  reduction 
with  increasing  layer  thickness  as  had  been  observed  in  previous  studies.  [10] 


GaN  thickness  (nm) 

Figure  1 .  (0002)  to  scan  FWHM  as  a  function  of  layer  thickness. 

Figure  2  includes  the  0/20  FWHM  from  the  GaN  samples.  In  this  case,  there  is  a  pronounced 
decrease  in  the  FWHM  for  the  4  [im  sample.  Except  for  the  thinnest  (1  fim)  layers,  the  FWHM 
are  comparable  for  the  different  pre-nitridation  treatment.  The  overall  decrease  in  FWHM  most 
likely  stems  from  the  thickness  of  the  sub-grains  that  act  to  coherently  diffract  the  x-rays.  Based 
on  dynamical  diffraction  theory,  a  FWHM  of  25  arcsec  represents  a  layer  thickness  of  about  0.7 
)am  and  a  FWHM  of  14  arcsec  represents  a  layer  thickness  of  2-3  |im.  The  thickness  range  for 
the  latter  value  stems  from  the  nearly  intrinsic  FWHM  (~  12  arcsec  for  (1 1 1)  Si  which  is  at  a 
similar  Bragg  angle)  for  the  thickest  samples  and  demonstrates  that  there  is  negligible  strain- 
induced  broadening  in  the  thickest  of  these  samples.  The  similar  FWHM  for  a  given  thickness 
suggests  that  the  average  thickness  of  the  diffracting  subgrains  is  similar  in  both  cases.  We  are 
investigating  the  anomalous  increase  in  FWHM  for  the  samples  without  nitridation  as  the  layer 
thickness  increases  from  1  to  2  pm. 

Figure  3  shows  the  O  scan  FWHM  around  the  (1015)  reflection  for  the  same  samples.  In 
this  case,  there  is  a  clear  trend  of  decreasing  FWHM  as  the  layer  thickness  increases  for  both  sets 
of  samples.  The  layers  that  were  exposed  to  the  pre-nitridation  step  exhibit  a  much  greater  in¬ 
plane  sub-grain  misorientation  than  the  layers  that  were  not  subjected  to  a  pre-growth  nitridation 
step.  The  decrease  in  misorientation  with  increased  thickness  most  likely  stems  from  the  growth 
of  grains  which  are  aligned  with  each  other  at  the  expense  of  those  which  show  a  greater  mis¬ 
alignment  with  respect  to  the  average  value.  The  TAD  <I>  scan  results  are  supported  by  atomic 
force  microscopy  (AFM)  measurements  of  the  GaN  layers.  AFM  shows  that  the  layers  grown 
without  a  pre-nitridation  step  display  a  step-flow  growth  mode,  whereas  on  pre-nitrided  samples. 
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Figure  2.  (0002)  0/20  FWHM  as  a  function  of  layer  thickness. 

a  high  concentration  of  relatively  large  "holes"  of  0.1-1  |.im  characteristic  dimensions  exists.[il] 
These  features  in  the  pre-nitrided  samples  may  be  evidence  of  highly  misoriented  isolated  islands 
which  do  not  coalesce  significantly  during  growth  and  hence  exhibit  a  high  degree  of  in-plane 
misorientation. 
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Figure  3.  (1015)  TAD  O  scans  as  a  function  of  layer  thickness. 
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CONCLUSIONS 


We  have  shown  that  triple  axis  x-ray  diffraction  measurements,  in  particular  <1)  scans 
around  an  asymmetric  reflection,  provides  useful  information  about  the  evolution  of  microstruc¬ 
ture  in  GaN  films.  In  combination  with  co  and  0/20  symmetric  scans,  the  scans  can  be  used  to 
provide  useful  non-destructive  evaluation  of  GaN-based  heterostructures.  The  relative  merits  of 
different  asymmetric  reflections  are  described  and  the  high  intensity  and  relatively  easy  access  to 
the  (1015)  reflection  suggests  that  it  may  be  very  useful  for  high  resolution  x-ray  diffraction 
measurements  of  GaN. 
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ABSTRACT 

We  report  on  photoluminescence  experiments  on  hexagonal  GaN  epitaxial  films  grown  on  6H- 
SiC  and  sapphire  substrates  by  organo-metallic  and  hydide  vapor  phase  epitaxy.  At  low 
temperatures  we  observe  free  and  neutral  donor  bound  exciton  transitions  which  allow  to 
establish  properties  of  the  fi-ee  excitons  and  localisation  energies  of  the  bound  excitons 
involving  different  shallow  donors.  From  temperature  dependent  luminescence  experiments 
thermal  activation  energies  are  determined  which  measure  the  exciton  localization  and  donor 
binding  energies.  The  localization  energies  of  the  excitons  scale  with  the  respective  donor 
binding  energies  (Haynes  rule).  The  inter-impurity  transitions  of  neutral  donors  are  observed  in 
fourier  transform  infra-red  absorption.  Three  shallow  donors  with  binding  energies  of  34.7 
meV,  55  meV  and  58  meV  can  be  seen.  We  present  evidence  for  the  chemical  nature  of  the 
shallow  impurities. 


INTRODUCTION 

The  technological  importance  of  a  semiconductor  depends  on  its  ability  of  controlled,  bipolar 
doping.  It  is  therefore  not  astonishing  that  the  III-V  semiconductor  GaN  has  gained  increased 
interest  in  the  recent  years  when  a  major  breakthrough  was  obtained  by  achieving  p-type 
conduction  using  Mg  as  a  shallow  acceptor  dopant  [1].  GlaN  based  light  emitting  devices  have 
been  realized  and  are  now  commercially  available.  Despite  this  tremendous  technological 
success  there  are  still  fundamental  and  important  materials  parameters  which  have  to  be 
addressed;  /)  the  strain  modification  of  the  valence  bands,  ii)  the  Kohn-Luttinger  parameters  of 
the  valence  bands  (i.e.  the  hole  masses  and  g-values)  and  Hi)  determination  of  the  binding 
energies  of  shallow  n-type  dopants  only  to  mention  some.  Undoped  GaN  films  are  commonly 
n-type  conductive.  The  fi-ee  carrier  concentrations  can  vary  over  a  wide  range  from  IQf'^  up  to 
cm-3  [1],  There  is  an  ongoing  discussion  which  defects  either  of  intrinsic  or  extrinsic 
origin  are  the  source  of  the  high  free  carrier  concentrations.  Some  theoretical  calculations 
favor  intrinsic  defects  [2]  whereas  others  [3]  present  evidence  for  extrinsic  impurites  being  the 
source  of  n-type  conductivity.  Silicon  (Si)  and  oxygen  (O)  could  be  prime  candidates,  and 
indeed  intentional  doping  of  GaN  can  easily  be  realized  by  incorporating  Si  on  Gallium  sites. 
However  conclusive  data  on  the  binding  energies  of  the  extrinsic  shallow  donors  are  still  not 
available.  Gotz  et  al  [4]  and  Wickenden  et  al  [5]  reported  on  Hall  effect  measurements  on  Si 
doped  GaN  films.  Two  donor  electron  activation  energies  are  found  ranging  from  12  to  17 
meV  and  32  to  37  meV.  Gotz  et  al  [4]  attribute  the  donor  with  the  lower  activation  energy  to 
Si  and  results  from  secondary  ion  mass  spectroscopy  seem  to  support  this  conclusion. 

In  high  quality  undoped  epitaxial  films  the  free  carrier  concentrations  are  well  below  lO^'^  cm'^ 
and  with  the  help  of  optical  spectroscopy  (photoluminescence  (PL),  reflectance  etc)  fi-ee  and 
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defect  bound  excitons  could  be  separated.  In  the  wurtzite  crystal  structure  we  deal  with  three 
valence  bands.  The  free  exciton  binding  energy  with  the  A-valence  band  has  been  determined 
with  high  precision  [6-1 1],  but  there  is  still  no  general  consensus  what  the  respective  values  for 
the  B-  and  C-excitons  are.  The  analysis  is  complicated  due  to  the  fact  that  the  energetic 
positions  of  the  PL  lines  are  severely  influenced  by  residual  strain  in  the  layers.  By  temperature 
and  time  resolved  PL  experiments  free  and  bound  exciton  recombinations  are  distinguishable 
and  precise  values  for  the  localisation  energies  of  bound  excitons  were  obtained  [6,11].  The 
localisation  energy  is  measured  with  respect  to  the  free  exciton  line  position  and  in  many 
semiconductors  there  is  a  constant  ratio  between  the  localisation  energy  at  a  donor  or 
accceptor  and  the  respective  binding  energies  of  the  donor  or  acceptor  (Haynes  rule)  [12],  At 
present  it  is  not  established  whether  Haynes  rule  for  neutral  donor  bound  excitons  is  valid  in 
GaN.  It  holds  for  neutral  acceptor  bound  excitons  and  Kaufmann  et  al  reported  that  the 
proportionality  constant  is  close  to  0.1  [7]. 

In  the  following  report  we  use  high  resolution  photoluminescence  (PL)  to  distinguish  between 
different  free  and  neutral  donor  bound  exciton  lines.  From  the  luminescence  intensity  as  a 
function  of  temperature  we  obtain  activation  energies  which  measure  free  exciton  binding 
energies,  exciton  localisation  as  well  as  donor  binding  energies.  We  compare  the  PL  results 
with  more  FTIR  absorption  measurements  on  a  400  |im  thick  substrate  free  GaN  film,  where 
the  interimpurity  transitions  of  the  shallow  donors  are  seen.  A  tentative  assignement  as  to  the 
chemical  nature  of  the  donors  is  given. 

EXPERIMENTAL  DETAILS 

The  samples  used  were  grown  by  Hydride  Vapor  Phase  Epitxy  (HVPE)  (film  thickness  400 
pm  without  buffer  layer)  and  by  Organo-Metallic  VPE  (OMVPE)  (thickness  3  pm,  on  a  35  nm 
AIN  buffer)  on  sapphire  or  6H-SiC  substrates.  For  the  HVPE  film  the  substrate  was  removed. 
The  luminescence  was  excited  with  the  325  nm  line  of  the  HeCd  laser,  the  sample  was  placed 
in  a  temperature  variable  cryostat.  The  temperature  could  be  varied  in  the  range  from  1.5  K  to 
room  temperature.  A  high  resolution  monochromator  connected  to  an  especially  selected 
photocounting  photomultiplier  served  for  spectral  resolution  better  than  1  meV  at  3.52  eV. 
The  FTIR  experiments  employed  a  BRUKER  IFS  1 13v  spectrometer  at  variable  temperatures 
between  10  and  150  K.  A  liquid  He  cooled  bolometer  served  for  enhanced  signal  to  noise 

ratios  in  the  far  infrared  range  (180  to  700  cm“l). 

EXPERIMENTAL  RESULTS 

In  Fig.  1  we  show  the  luminescence  of  a  3  pm  thick  GaN  film  grown  on  6H-SiC  at  different 
temperatures.  At  7  K  the  luminescence  is  dominated  by  the  neutral  donor  bound  exciton  line  at 
3.460  eV.  At  higher  energies  free  exciton  transitions  involving  the  A-valence  band  (3.467  eV) 
and  the  C-valence  band  (3.4865  eV)  are  seen  (see  also  below).  However,  excited  states  of  the 
A-exciton  are  also  likely  to  occur  in  the  same  energy  range  which  make  the  analysis  not 
straightforward.  The  B-exciton  is  seen  only  at  higher  temperatures  in  the  high  energy  flank  of 
the  A-exciton.  The  transition  at  3.4827  eV  arises  from  the  A-exciton  n=2  excited  state.  The 
donor  bound  exciton  is  6.2  meV  below  the  A-exciton.  The  transition  at  3.4378  eV  is  attributed 
to  a  neutral  acceptor  bound  exciton.  Its  localisation  energy  is  30±1  meV  which  is  in  the  range 
reported  for  excitons  bound  to  the  neutral  acceptor  Zinc  [7].  Note  that  the  positions  are  red- 
shifted  compared  to  the  homoepitaxial  GaN  (see  Fig.  2)  which  is  attributed  to  the  tensile 
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component  of  the  strain  in  the  layer  (blue  shift  for  GaN  on  sapphire,  see  Fig.2).  The  free  A- 
exciton  and  D®X  transitions  are  repeated  at  92  meV  lower  in  energy  (LO  phonon  replica).  The 
electron  phonon  coupling  for  both  recombinations  is  obviously  different  since  for  the  one  LO- 
replica  the  intensity  ratio  has  reversed  (for  details  see  ref  [11]). 


Fig.l:  Luminescence  spectrum  of  GaN  grown  by  OMVPE  on  6H-SiC  measured  at  different 
temperatures.  Free  and  bound  exciton  transitons  are  observed. 

The  assignment  of  the  lines  becomes  clear  when  comparing  with  a  measurement  at  elevated 
temperatures.  The  free  exciton  binding  energy  is  of  the  order  of  25  meV,  hence  free  exciton 
luminescence  can  be  observed  up  to  room  temperature.  Bound  excitons  have  only  small 
localisation  energies  and  rapidly  loose  intensity  with  increasing  temperatures.  This  effect  is 
most  pronounced  for  the  acceptor  bound  exciton  at  3.4378  eV.  The  free  exciton  as  well  as  its 
phonon  replicas  shows  considerable  broadening  on  the  high  energy  site  of  the  line  with  a 
Maxwellian  distribution  [11].  Note  that  donor  bound  excitons  show  a  symmetrical  broadening 
of  the  line  with  increasing  temperature.  A  detailed  analysis  of  the  free  exciton  line  shape  can  be 
found  in  ref  [11]. 

In  order  to  clarify  the  assignment  of  the  free  exciton  transitions  we  plot  the  transition  energies 
of  the  B-  and  C-excitons  versus  the  transition  energy  of  the  free  A-exciton  (Fig.2).  For 
completeness  we  also  include  the  data  from  refs. [7, 10],  One  notes  that  the  B-exciton 
approaches  the  A-exciton  for  films  on  6H-SiC  which  are  under  tensile  stress.  Data  point  drawn 
with  full  circles  correspond  to  the  n=2  excited  state  of  the  free  A-exciton.  From  its  energetic 
distance  which  is  3/4  of  the  effective  Rydberg  its  binding  energy  can  be  calculated.  It  is  26 
meV  for  compressively  strained  films,  but  decreases  to  21  meV  for  films  under  tensile  strain. 
We  think  this  is  related  to  the  strain  modification  of  the  valence  bands.  More  details  will  be 
given  elsewhere  [13]. 
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Fig.2:  Transition  energies  of  the  A,B  and  A(n=^2)  excitons  as  a  function  of  the  A-exciton 
transition  energy. 

The  HVPE  grown  film  on  sapphire  had  a  layer  thickness  of  400  urn  and  hence  corresponds  to 
the  strain  free  case.  The  exciton  line  width  was  as  narrow  as  0.8  meV  at  1.5  K  and  made  it 
possible  to  resolve  even  more  details  on  the  free  exciton  recombinations.  Based  on  a 
comparison  with  calorimetric  absorption  and  reflection  measurements  the  transitions  of  the  A-, 
B-  and  C-excitons  were  attributed  (for  details  see  refs.  [14]).  However,  the  origin  of  the  some 
of  the  lines  remained  unclear.  Under  high  resolution  and  using  polarisation  spectroscopy 
additonal  features  become  visible  (see  Fig.3).  In  the  folloAving  we  will  only  address  the 
localisation  energies  of  the  neutral  donor  bound  excitons.  As  seen  in  Fig.3  the  dominant 
transition  occurs  at  7-8  meV  below  the  free  A-exciton.  It  is  a  doublet  with  an  energy 
separation  of  0.8  meV.  We  think  that  this  splitting  originates  from  the  remaining  strain  in  the 
film  otherwise  it  would  indicate  the  presence  of  two  shallow  donors.  There  is  an  additional 
transition  more  pronounced  for  the  polarisation  vector  parallel  to  the  c-axis  (Fig.3, b).  It  is  3.5- 
4.5  meV  below  the  free  A-exciton  and  mentioned  also  in  a  report  of  Merz  et  al  [15].  From  its 
behaviour  upon  temperature  and  electrical  field  we  presented  strong  evidence  that  it  is  a  donor 
bound  exciton  [6].  With  respect  to  the  B-exciton  at  3.484  eV  it  has  the  same  localisation 
energy  i.e.  between  7  and  8  meV.  We  therefore  share  the  conclusion  reached  in  ref  [10]  that  it 
is  the  same  donor  bound  exciton  but  bound  to  the  B-valence  band.  A  third  transition  appears  at 
3.4673  eV  and  has  an  energy  separation  with  respect  to  the  A-exciton  of  12.1  ±0.2  meV.  It  is 
assigned  by  others  to  an  acceptor  bound  exciton  [6].  We  believe  however  as  outlined  below  it 
also  due  to  a  neutral  donor  bound  exciton. 
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The  bound  exciton  lines  rapidly  decrease  in  intensity  whereas  the  free  exciton  emission  is 
observable  up  to  room  temperature.  This  behaviour  reflects  that  the  bound  exciton  lines  have 
small  localisation  energies.  It  was  possible  to  follow  the  intensity  decrease  of  the  principal  D^X 
line  in  a  selected  sample  over  six  decades  (see  Fig.4).  We  analysed  the  data  using  the  following 
expression: 

I(0)/I(K)=  l/(l+Ciexp(-AEi/kT)  +  C2exp(-AE2/kT))  (1) 

where  Cj  and  C2  are  prefactors  and  AEj  and  AE2  are  the  activation  energies,  respectively. 


Energy  (eV) 

Fig.  3:  Luminescence  spectrum  of  a  400  \m  thick  HVPE  GaN  film  on  scq)phire  showing  free 
exciton  recombinations  with  the  A-  and  B-valence  bands.  Additional  fine  structure  is  ^e  to 
donor  bound  exciton  states. 

The  thermally  activated  dissociation  of  bound  excitons  should  involve  two  activation  energies. 
By  above  band  gap  excitation  we  create  free  excitons.  They  try  to  localize  at  the  neutral 
donors  (localisation  energy).  At  elevated  temperatures  we  have  an  interplay  between  the 
localisation  at  and  ionization  of  the  neutral  donor,  reducing  the  number  of  available  neutral 
donors  therefore  also  the  donor  binding  energy  should  be  involved. 

The  two  activation  energies  which  govern  the  thermal  decay  of  the  bound  exciton  were:  4.5±1 
meV  and  32±:2  meV  using  equ.l.  For  a  precise  evaluation  of  the  activation  energy  in  the  high 
temperature  range  it  was  essential  that  the  intensity  decease  was  over  six  orders  of  magnitude 
in  a  rather  narrow  temperature  range.  Within  this  narrow  temperature  interval  the  density  of 
states  in  the  conduction  band  does  not  vary  significantly  and  hence  allows  for  a  precise 
estimate  of  the  donor  binding  energy.  For  the  deeper  bound  exciton  which  at  low  temperatures 
was  in  intensity  lower  by  a  factor  of  fifty  only  a  measure  of  the  localisation  energy  was 
possible.  We  obtained  7.5  ±1  meV. 
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The  shallow  defects  also  give  rise  to  Rydberg  excited  states  cominonly  seen  in  far-infrared 
conductivity  or  absorption  experiments.  From  the  transition  series  the  ground  state  binding 
energy  can  be  calculated  within  the  effective  mass  theory  (EMT)  provided  the  electron 
effective  mass  m*  is  small,  the  dielectric  constant  is  large  and  we  are  dealing  with  a  direct  band 
gap  semiconductor.  We  have  recently  reported  on  fourier  transform  irdfra-red  (FTIR) 
absorption  [16]  on  GaN  thick  films  where  a  single  absorption  line  of  one  residual  donor  was 
observed.  We  assigned  it  to  the  Is  to  2p  transition  and  derived  a  binding  energy  of  35.6  meV. 
There  is  an  additional  report  that  residual  donors  have  binding  energies  of  54  and  57  meV 
based  on  the  analysis  of  distant  donor  acceptor  pair  recombination  lines  [7]. 


Fig.  4:  Arrhenius  plot  for  the  intensity  decrease  of  the  donor  bound  exciton  of  an  OMVPE 
grown  film  GaN  on  sapphire  and  a  fit  with  two  activation  energies.  The  inset  shows  a  similar 
analysis  for  a  deeper  bound  exciton  (for  details  see  text). 

On  a  substrate-free  HVPE  GaN  film  on  which  also  the  PL  results  have  been  obtained  we 
performed  FTIR  absorption  experiments  in  the  temperature  range  between  10  and  90  K.  We 
identify  five  temperature  dependent  and  hence  electronic  absorption  bands  at  209  cm'^, 
between  240  and  280  cm’l,  at  333  and  351  cm‘^  and  a  hot  line  at  422  cm'^  (see  Fig.5).  The 
line  at  209  cm'^  has  been  reported  before  [16]  in  experiments  on  similar  films  however  with 
the  sapphire  substrate  on.  This  prominent  line  is  now  at  slightly  lower  energies,  the  shift  of  6 
wavenumbers  might  be  caused  by  the  release  of  strain  due  to  the  removal  of  the  substrate.  The 
second  broader  band  around  250  cm"^  is  lower  in  intensity,  the  small  modulations  on  top  of  it 
are  due  to  interference  fringes.  From  an  analysis  of  the  data  using  the  effective  mass  approach 
and  attributing  the  line  at  209  cm’l  with  the  Is  ground  state  to  2p  excited  state  transition  of  a 
shallow  donor  we  obtained  from  the  series  limit  an  binding  energy  of  34.7  meV.  Hence  the  Is 
to  3p  transition  should  be  at  8/9  *  34.7  meV  (247.7  crn'l)  and  the  Is  to  4p  is  expected  to  show 
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up  at  261  cm'l.  This  range  of  transition  energies  is  marked  in  Fig.5  with  an  arrow.  The 
transitions  to  higher  excited  states  are  expected  to  be  considerably  lower  in  intensity  and  the 
broad  absorption  band  between  240  and  280  cm'l  can  be  understood  as  the  overlap  of  these 
transitions. 


wavenumbers  (cm'^) 


Fig.5:  Fourier  transform  infrared  absorption  spectrum  of  a  free  standing  GaN film  grown  by 
HVPE  at  two  different  temperatures.  Transition  energies  and  assignments  are  given.  Note  the 
hot  line  at  422  cm~l. 

We  observe  two  additional  lines  at  333  cm'^  and  351  cm-l  which  are  also  of  electronic  origin 
as  demonstrated  by  temperature  dependent  measurements.  Using  the  same  approach,  i.e. 
attribute  them  to  Is  to  2p  transitions  the  corresponding  binding  energies  come  out  with  55  and 
58  meV.  This  is  in  remarkable  agreement  with  the  binding  energies  deduced  from  luminescence 
experiments  by  Kaufrnann  et  al.  [7]  (54  and  57  meV)  and  also  serves  for  an  independent 
support  of  the  analysis.  Comparing  the  integrated  areas  of  the  absorption  bands  and  assuming 
equal  oscillator  strength  the  concentrations  of  the  deeper  donors  are  lower  by  one  (58  meV) 
and  two  (55  meV)  orders  of  magnitude.  These  are  however  only  rough  estimates  since  the 
oscillator  strengths  for  hydogenic-like  transitions  of  a  EMT  donor  in  GraN  are  not  known.  The 
concentration  of  neutral  donors  also  depends  on  temperature.  At  low  temperatures  the 
electrons  are  frozen  in.  With  increasing  temperatures  due  to  ionisation  the  concentration  of 
neutral  donors  is  reduced  and  hence  also  the  corresponding  absorption  bands  decrease.  This 
process  is  thermally  activated,  the  activation  energy  is  a  measure  of  the  binding  energy.  In 
Fig.6  we  show  the  change  in  absorbance  of  the  209  cm’^  line  as  a  function  of  the  reciprocal 
temperature  (Arrhenius  plot).  It  was  possible  to  follow  the  signal  decrease  over  two  orders  of 
magnitude.  In  the  high  temperature  range  a  single  activation  energy  of  33±1  meV  gave  the  best 
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fit  (see  Fig. 6)  and  this  value  is  in  very  good  agreement  with  the  results  from 
photoluminescence.  The  transitions  at  333  and  351  cm‘1  were  too  weak  to  allow  for  such  an 
analysis,  also  transitions  to  higher  excited  states  could  not  be  observed. 


Fig.  6:  Arrhenius  plot  of  the  integrated  absorbance  of  the  209  cnr^  line  as  obtained  from 
fourier  transform  infrared  measurements. 

An  estimate  of  the  shallow  donor  binding  energy  Ej)  can  also  be  made  by  using  the  effective 
mass  theory  provided  the  electron  effective  mass  is  known  with  high  precision.  We  have 
performed  cyclotron  resonance  experiments  [17]  on  a  high  quality  GaN  epitaxial  film  and 
obtained  a  precision  value  for  the  electron  effective  mass  (polaron  mass),  m*=0.22±0.005  m^. 

Using  9.7  for  the  dielectric  constant  we  calculate  for  Ed=13.58  (eV)  =  31.7  meV. 

Unexpected  was  the  behavior  of  the  transition  at  422  cm"^  (see  Fig.  5).  It  is  obviously  a  hot 
line,  since  it  is  absent  a  low  temperatures  and  gains  in  intensity  with  increasing  temperature.  A 
model  to  explain  this  behavior  could  be  a  split  ground  state  known  to  occur  for  shallow  donors 
in  the  indirect  semiconductors  Si  and  SiC  (valley-orbit  splitting).  In  such  cases  in  addition  to 
the  transitions  from  the  lowest  ground  state  (cold  line)  hot  lines  appear  at  higher  temperatures 
when  the  first  excited  state  of  the  ground  state  manifold  is  thermally  populated.  The  activation 
energy  involved  is  the  valley-orbit  splitting.  We  analysed  the  data  within  a  two  level  system  for 
the  ground  state  in  order  to  get  an  estimate  for  the  activation  energy.  It  turned  out  to  be  100±5 
meV  (=806  cm‘f).  Thus  the  corresponding  cold  line  should  appear  at  around  1230  cm’^  but  no 
transition  in  this  energy  range  could  be  detected.  At  present  no  explanation  can  be  offered  nor 
are  there  any  further  hints  as  to  the  origin  of  this  line. 
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DISCUSSION 


Although  Si  is  used  as  an  efficient  n-type  dopant  its  binding  energy  is  still  not  established.  In 
undoped  und  Si  doped  GaN  films  Hall  effect  measurments  derived  with  the  conclusions  that 
two  donors  are  electrically  active:  the  one  with  a  binding  energy  around  17  meV  is  attributed 
to  Si  whereas  for  the  second  one  with  a  binding  energy  around  32  meV  no  identification  was 
possible.  The  conclusions  fi-om  Gotz  et  al  [4]  and  Wickenden  et  al  [5]  are,  however,  in  conflict 
with  recent  magneto-optical  studies  on  Si  doped  GaN  [18],  Wang  et  al  [18]  monitored  the 
behavior  of  the  Is  to  2p+  transition  in  the  magnetic  field  range  fi-om  15  to  27  T.  From  a  linear 
fit  they  deduced  a  transition  energy  at  zero  magnetic  field  of  21.7  meV  (3/4  of  Ep)  and  hence 
calculated  for  the  binding  energy  of  Si  a  value  of  29  meV.  This  experiment  certainly  gives  at 
present  the  best  value  for  the  Si  donor  binding  energy.  It  remains  to  be  investigated  why  the 
Hall  data  are  not  consistent  with  the  magneto-optical  data. 

Merz  et  al  [7]  reported  on  the  neutral  acceptor  bound  exciton  lines  in  Mg  and  Zn  doped  GaN. 
They  concluded  that  there  is  a  proportionality  between  the  localisation  energy  and  the 
respective  binding  energy  (Haynes  rule).  The  proportionality  constant  is  close  to  0.1. 
Dependent  on  the  film  investigated  the  localisation  energy  of  the  dominant  donor  bound 
excitons  is  between  6-7  meV.  On  one  sample  fi-om  the  infrared  measurements  a  binding  energy 
of  34.7  meV  was  obtained,  whereas  fi-om  the  temperature  dependent  luminescence 
measurements  an  activation  energy  of  32  meV  resulted.  Thus  the  proportionality  constant 
between  the  localisation  and  the  binding  energy  is  0.2±0.01  (see  Fig.7). 


Fig.  7:  Localisation  energy  as  a  function  of  binding  energy  for  acceptor  and  donor  bound 
excitons  (Haynes  rule). 

The  exciton  line  at  12.1  meV  below  the  fi-ee  exciton  line  is  according  to  ref  [10]  an  acceptor 
bound  exciton.  Additional  experimental  facts  to  support  this  identification  were  not  presented. 
Using  Haynes  rule  for  the  acceptors  the  acceptor  binding  energy  would  be  120±10  meV.  Such 
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a  shallow  acceptor  would  certainly  be  of  great  benefit  for  GaN  and  an  hopefully  an  efficient  p- 
type  dopant.  There  is  currently  no  experimental  evidence  for  such  a  shallow  acceptor  level.  In 
terms  of  an  donor  bound  exciton  from  Haynes  rule  one  obtains  59±1  meV  which  compares 
very  well  with  the  value  from  the  FTIR  experiments  of  58  meV. 

To  summarize,  the  PL  and  FTIR  experiments  show  consistency,  and  give  strong  evidence  for 
the  following  facts;  /)  Haynes  rule  is  certainly  valid  for  donors  in  GaN  //)  the  dominant 
shallow  effective  mass  type  donors  range  between  32  and  35  meV  and  ///)  deeper  donors  are 
also  present  in  the  films. 

It  is  difficult  to  make  a  decisive  identification  as  to  the  chemical  nature  of  the  donors.  However 
we  try  on  the  knowledge  we  have  from  other  III-V  semiconductors  to  make  reasonable 
guesses.  Substituting  for  Gallium  sites  and  being  donors  are  possibly  the  elements  from  the 
fourth  group  of  the  periodic  table,  i.e.  C,  Si,  Ge  etc.  Carbon  is  believed  to  act  as  an  acceptor, 
and  some  experiments  indeed  provide  evidence  for  p-type  conduction  due  to  Carbon  [19].  Si  is 
a  very  effective  n-type  dopant  in  GaN  so  a  prime  candidate.  On  Nitrogen  sites  the  group  VII 
elements  can  act  as  donors  i.e.  0,  S,  Se,  Te  etc.  GaN  films  have  high  oxygen  concentrations 
but  the  role  of  oxygen  in  other  III-V  semiconductors  such  as  GaAs  and  GaP  is  instead  of 
introducing  a  shallow  level  oxygen  acts  as  a  deep  recombination  center.  Due  to  the  more  ionic 
bond  this  might  not  be  true  in  GaN.  Oxygen  doping  experiments  concluded  that  O  in  GaN 
introduces  a  deeper  donor  state  with  a  binding  energy  of  around  80  meV.  HVPE  uses  quartz 
reactors  and  the  reactivity  of  NH3  and  H-radicals  can  easily  introduce  Si  into  the  films.  In 
OMVPE  films  using  AIN  buffer  layers  O  and  Si  (the  high  affinity  of  oxygen  to  A1  is  known  and 
Si  is  a  contaminant  of  Al-related  metal-organica)  are  most  likely  to  be  incorporated.  In  the 
absence  of  controlled  doping  experiments  and  without  having  a  clear  fingerprint  of  the  residual 
donors  (e.g.  local  modes  and  isotope  effects)  a  decisive  identification  can  not  be  offered,  but 
still  the  best  guess  for  the  34  meV  donor  is  Si(3a- 


CONCLUSIONS 

We  reported  on  temperature  dependent  photoluminescence  and  fourier  transform  infrared 
absorption  experiments  which  allowed  to  identify  free  and  bound  exciton  recombinations  and 
the  interimpurity  transitions  of  residual  shallow  donors.  From  the  thermally  activated  decay  we 
obtain  activation  energies  which  are  in  very  close  agreement  with  the  localization  energies  of 
the  excitons  and  are  a  measure  the  donor  binding  energies.  Haynes  rule  for  donor  bound 
excitons  is  valid  in  GaN  and  gives  for  the  proportionality  constant  between  localization  and 
binding  energy  of  the  respective  donor  a=0,20±0.01.  The  data  show  a  convergent  trend 
towards  established  properities  of  bound  excitons  in  other  III-V  semiconductors,  but  are  still 
not  conclusive  as  to  the  chemical  nature  of  the  residual  donors  in  GaN. 
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ABSTRACT 

We  report  on  the  OMVPE  growth  and  characterization  of  AIGaInN  and  its 
heterostructures,  including  measurements  of  electrical  properties  (Hall),  optical  properties 
(photo-  and  cathodo-  luminescence),  structural  characteristics  (x-ray  diffraction  and  TEM); 
and  also  the  emission  of  InGaN/AlGaN  heterostructures  subject  to  optical  and  electrical 
pumping. 

INTRODUCTION 

Gallium  nitride  and  its  alloys  AIGaInN  are  being  developed  for  visible  and  UV  light 
emitters,  detectors,  and  high-temperature  electronic  devices.  High  quality  GaN  films  and 
AIGaInN  heterostnictures  have  been  obtained  by  epitaxial  deposition  on  sapphire  (AI2O3) 
substrates,  leading  to  efficient  blue  and  green  light  emitting  diodes;  and  more  recently  they 
have  been  incorporated  into  heterojunction  laser  diodes  (1-8).  Here  we  describe  our  efforts 
toward  the  OMVPE  growth  and  characterization  of  AIGaInN  and  its  heterostnictures, 
including  measurements  of  electrical  properties  (Hall),  optical  properties  (photo-  andcathodo- 
luminescence),  and  structural  characteristics  (x-ray  diffraction  and  TEM);  and  we  have  also 
examined  the  emission  of  InGaN/AlGaN  heterostnictures  subject  to  optical  and  electrical 
pumping. 

EXPERIMENT 

OMVPE  Growth  and  Properties  of  GaN 

Samples  were  prepared  by  OMVPE,  in  a  manner  similar  to  that  described  in  the 
literature  (1,2).  Our  best  undoped  GaN  films,  of  thickness  ~  4  p,m,  had  an  n-type  background 
of  mid-  10^®  cm'^,  and  a  room  temperature  electron  mobility  of  626  cm?/V-sec.  This  is 
shown  in  Figure  1,  along  with  the  temperature  dependence  of  the  electron  mobility.  The  peak 
mobility  is  1473  cm^/V-sec,  at  a  temperature  of  130  K. 

The  angular  spread  of  the  x-ray  diffraction  (XRD)  peak  of  such  films  was  typically  4  - 
6  arc-minutes  (FWHM).  However,  both  the  XRD  width  and  the  electron  mobility  were 
inferior  in  thinner  films  (<  1  p,m),  which  is  most  likely  a  consequence  of  the  highly  dislocated 
“faulted  zone”  at  the  sapphire/GaN  interface.  The  defect  structure  of  GaN  films  has  also  been 
investigated  by  transmission  electron  microscopy  (TEM).  These  examinations  indicate  a 
dislocation  density  of  10^  -  10‘®  cm'^. 
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P-tvpe  Doping  with  Magnesium 

The  difficulties  presented  by  magnesium  p-type  doping  ofGaN  and  AlGaN  are  well 
documented,  and  largely  arise  from  the  high  activation  energy  (~  170  me V)  of  the  magnesium 
acceptor  (1,2,9).  We  have  grown  p-type  GaN  films  with  room-temperature  hole  concentration 
as  high  as  5  X  10^^  cm'^,  which  is  marginally  sufficient,  but  suboptimal,  for  LEDs  and  laser 
diodes.  Nevertheless,  the  activation  kinetics  of  the  Mg-acceptor  dictate  that  an  active 
magnesium  concentration  of  mid- 10*^  cm‘^  is  necessary  to  achieve  this  hole  concentration. 
Achieving  higher  hole  concentrations  is  especially  important  for  laser  diodes,  to  permit  the 
formation  of  a  low-resistanee  ohmic  p-contact. 

Under  our  growth  conditions,  a  magnesium  concentration  of  ~  mid  10^^  cm'^  appears 
to  represent  a  solid-solubility  limit.  This  is  illustrated  in  Figure  2,  the  hole  concentration’s 
dependence  upon  the  magnesium  concentration  (measured  by  secondary  ion  mass 
spectroscopy)  in  GaN.  The  hole  concentration  reaches  a  maximum  value  when  the 
magnesium  concentration  is  approximately  mid- 10*^  cm‘^. 


510 


1.00E+18 


Mg  concentration  (cm"^) 


Figure  2:  room-temperature  hole  concentration  (pgoo):  dependence  upon  magnesium 
concentration  in  GaN:Mg  film 


Nitride  Device  Structures 


Typical  high-efficiency  AlGaInN  light  emitting  diodes  incorporate  an  active  region  of 
a  single,  thin  (<  100  A)  layer  of  InGaN,  surrounded  by  higher-bandgap  GaN  or  AlGaN  for  the 
confinement  of  injected  carriers  (2).  This  is  in  contrast  to  early  devices,  where  blue  or  green 
emission  was  achieved  from  an  optical  transition  involving  a  deep  acceptor  (zinc)  in  a  thicker 
(-lOOO  A)  but  higher-bandgap  InGaN  active  region  (containing  less  indium)  (3).  In  these 
cases  of  a  thick,  low  [In]  active  region,  the  emission  spectra  were  relatively  broad,  and 
therefore  not  ideally  suited  for  display  applications.  On  the  other  hand,  the  band-edge  or  near¬ 
band-edge  emission  of  the  more  recent  QW  emitters  is  much  more  spectrally  narrow  than  the 
deep-state  recombination  characteristic  of  the  earlier  DHLEDs.  This  makes  them  more 
suitable  for  full  color  displays,  since  purer  primary  colors  (red,  green,  blue)  may  be  mixed  to 
form  a  greater  pallette  of  intermediate  colors. 

From  our  materials,  we  have  fabricated  the  two  types  of  device  structures  illustrated  in 
Figure  3.  Single  quantum  well  (QW)  InGaN/GaN  heterostructures,  with  a  thin  InGaN  QW  at 
the  center  of  a  p-n  junction  in  GaN,  form  efficient  LEDs,  where  the  wavelength  depends  upon 
the  InGaN  alloy  composition  and  QW  thickness.  Likewise,  more  sophisticated  InGaN/AlGaN 
multiple  quantum  well  structures  are  also  being  developed,  for  laser  diodes.  These 
heterostructures  include  multiple  QWs  and  AlGaN  cladding  layers,  for  creating  sufficient 
optical  gain  and  transverse  waveguiding. 
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Figure  3:  examples  of  device  structures: 

(left)  single  quantum  well  (SQW)  LED;  (right)  multiple  quantum  well  InGaN/AIGaN  heterostructure 


Single  OW  LEDs 

The  emission  wavelength  of  InGaN  SQW  LEDs  is  determined  by  the  InGaN  QW 
composition  and  thickness.  This  is  indicated  by  the  emission  spectra  of  two  single  QW 
InGaN/GaN  LEDs  with  different  QW  parameters,  which  are  shown  in  Figure  4.  These  spectra 
are  measured  on  unpackaged  devices,  through  the  sapphire  substrate.  The  diodes  are  simple 
round  dots  defined  by  Ar-ion  milling,  approximately  500  pm  in  diameter;  and  the  injection 
current  is  100  mA  (corresponding  to  a  current  density  of  ~  50  A/cm^). 


Figure  4;  emission  spectra  of  single  QW  InGaN/GaN  LEDs: 

(a)  75  A  lno.15Gao.85N  (X=408  nm);  (b)  25  A  lno.3Gao.7N  (^460  nm) 


512 


For  one  device,  a  violet  LED  with  a  75  A  IiV).i5Gao.85N  active  region,  the  spectrum  is 
centered  at  408  nm.  For  the  other  emitter,  a  blue  LED  containing  a  30  A  IHjjGaojN  active 
region,  the  spectrum  is  centered  at  460  nm.  Generally,  the  spectral  width  is  also  greater  for 
longer-wavelength  LEDs,  increasing  from  12-15  nm  for  violet  and  blue  LEDs,  to  25  nm  for 
green  LEDs.  The  spectral  broadening  may  be  a  consequence  of  segregation  of  theInGaN 
alloy  active  region,  whereby  the  alloy  composition  becomes  nonuniform  in  the  QW  plane. 
Segregation  is  especially  problematic  with  high  indium  alloy  content  films,  limiting  their 
thickness  and  composition  uniformity. 


Figure  5:  emission  spectra  of  25  A  InogGao  yN  single  QW  at  three  currents 

For  the  460  nm  device,  the  spectra  are  also  shown  for  3  different  injection  currents  in 
Figure  5.  Even  at  1  mA  (~  0.5  A/cm^),  the  emission  is  a  pure  blue,  with  no  indication  of  any 
yellow  or  other  deep,  defect-related  emission.  Likewise,  Figure  6  shows  the  emission  power 
as  a  function  of  drive  current,  for  a  450  nm  blue  InGaN  SQW  LED.  The  overall  quantum 
efficiency  is  2.6%  at  20  mA,  while  the  slope  efficiency  reaches  3.2  %,  corresponding  to  about 
4  mW  output  at  50  mA  current.  The  spectral  width  of  this  device’s  emission  was  20  nm. 

Multiple  Quantum  Well  InGaN/AlGaN  Structures 

Although  simple,  single  QW  InGaN/(AlXjaN  structures  can  be  used  to  realize  efficient 
blue  and  green  LEDs,  laser  diodes  require  somewhat  more  sophisticated  heterostructures. 

This  is  so  because  they  must  provide  for  optical  waveguiding  and  the  generation  of  sufficient 
optical  gain.  Indeed,  the  heterostructure  design  may  be  especially  critical,  since  the  threshold 
current  density  is  expected  to  be  relatively  high  in  nitride  lasers.  This  is  a  direct  consequence 
of  the  high  carrier  effective  masses,  which  translate  into  a  high 
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Figure  6:  power-current  characteristic  of  450  nm  InGaN/GaN  SOW  LED. 

density  of  carrier  states.  As  a  result,  the  carrier  density  at  threshold  is  expected  to  be  quite 
high,  ~  10*^  cm'^  (corresponding  to  a  current  density  of  several  IcA/cm^)  compared  low  lO’* 
cm'^  for  red  or  IR  devices  (10). 

In  order  to  produce  sufficient  optical  gain,  multiple  InGaN  QWs  are  typically  required 
in  the  active  region.  Accordingly,  the  first  AlGalnN  laser  diode  of  Nakamura  et  al.  contained 
an  unusually  large  number  of  very  thin  InGaN  QWs  (4).  Presumably,  a  single  QW  produced 
insufficient  optical  gain  or  optical  confinement.  Since  then,  Nakamura  has  continued  using 
multiple  QWs,  athough  their  number  has  decreased  significantly  from  26  (4),  to  3-7  (6-8). 

Optical  confinement  is  likewise  important  for  maximizing  modal  gain  in  laser  diodes. 
Consequently,  it  is  evident  that  the  incorporation  of  AlGaN  cladding  layers  would  be  very 
beneficial,  as  they  serve  to  create  a  stronger  waveguide,  to  increase  the  spatial  overlap 
between  the  optical  mode  and  QW  gain 

Even  without  AlGaN  cladding  layers,  however,  a  large  number  of  QWs  in  the  active 
region  can  be  used  to  create  waveguide.  On  the  other  hand,  with  a  large  number  of  QWs,  it 
may  become  difficult  to  achieve  good  spatial  overlap  between  the  injected  electron  and  hole 
distributions,  since  they  are  injected  from  opposite  sides  of  the  QW  stack. 

Overall,  optimal  laser  diode  heterostructures  differ  from  LED  structures  in  their 
requirement  for  multiple  InGaN  QWs  in  the  active  region,  and  the  additional  benefits  derived 
from  AlGaN  cladding  layers.  Figure  7  shows  the  x-ray  diffraction  spectrum  of  such  a  multiple 
QW  active  region,  incorporated  in  an  InGaN/GaN  LED  structure  containing  ten  25  A 
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Ino.zGao.gN  QWs,  separated  by  50  A  GaN  barriers.  Evidence  of  the  layer  uniformity  is 
indicated  by  coherent  reflections  from  the  periodic  multilayers  comprising  the  active  region, 
which  give  rise  to  visible  (-)1'‘-  and  (±)2" -order  satellite  peaks  in  the  XRD  spectrum  (the  +1- 
order  peak  lies  within  the  GaN  peak).  The  spacing  of  the  satellite  peaks  indicates  the  period 
of  the  superlattice  active  region  to  be  72  A.  Likewise,  the  absolute  position  of  the  C^-order 
peak  indicates  the  average  InGaN  composition  to  be  ~  Ino.uGao.ggN. 


omega  /  2*theta  (degrees) 


Figure  7:  x-ray  diffraction  spectra  of  ten-QW  InGaN/GaN  LED,  showing  satellite  reflections 
from  MOW  active  region. 

The  spontaneous  emission  of  an  LED  with  a  similar  active  region  (ten  25  A 
Ino.2Gao.8N  QWs),  but  also  incorporating  Alo.1Gao.9N  cladding  layers,  is  shown  in  Figure  8,  for 
3  different  injection  currents.  Again,  the  LEDs  are  simple  ~  500  |im  dots  operated  under  DC 
bias,  probed  while  lying  on  a  quartz  wafer,  so  that  the  emission  may  be  detected  through  the 
substrate.  The  spectrum  is  centered  at  422  nm,  and  the  full  width  at  half-maximum  (FWHM) 
of  the  spectrum  is  ~  12  nm,  corresponding  to  ~  85  meV. 
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Figure  8:  emission  spectra  of  ten-QW  Ino^Ga^gN  (25  A)/AIGaN  LED,  at  three  currents 

Optical  Pumping 

Finally,  we  have  observed  stimulated  emission  from  optically  pumped  InGaN/AlGaN 
multiple  QW  heterostructures.  The  sample  structure  was  similar  to  that  shown  in  Figure  (3b), 
although  with  a  thinner  (only  50  nm)  AlGaN  upper  cladding  layer,  and  no  GaN  p-cap  layer. 
Optical  pumping  was  accomplished  by  focussing  a  pulsed,  high-power  nitrogen  laser  (A^337 
nm)  as  a  stripe  (width  of  a  few  hundred  |im)  onto  a  bar  whose  facets  were  sawed.  The 
excitation  power  was  subsequently  adjusted  by  introducing  a  stack  of  glass  slides  into  the 
pump  beam.  The  intensity  and  linewidth  of  the  edge-emission  is  recorded  in  Figure  9,  as  a 
function  of  the  pump  power.  Evident  in  the  emission  intensity  is  a  threshold,  which  is 
coincident  with  a  reduction  in  the  emission’s  spectral  linewidth,  thus  suggesting  laser 
oscillation.  The  linewidth  reaches  a  value  of  ~25  A,  compared  to  an  1 1  A  resolution  limit  of 
the  spectrometer  (individual  Fabry-Perot  modes  could  not  be  resolved).  Furthermore,  Figure 
10  shows  the  emission  of  these  structures  to  be  predominantly  TE-polarized,  as  would  be 
expected  of  a  nitride  laser.  Structures  with  either  2,  5,  or  10  QWs  in  the  active  regions,  and 
Alo.1Gao.9N  cladding  layers  were  operated  in  this  manner,  and  exhibited  similar  behavior. 
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ture  9:  pump-power  dependence  of  edge-emission  intensity  and  spectrai  width, 
for  optical  pumping  of  a  5-QW  Ino^GaoeN/Alo  iGao  sN  structure  (^  =  412  nm) 
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Figure  10:  polarization-resolved  spectra  of  optically-pumped  InGaN/AIGaN  5-QW  heterostructure. 


517 


ACKNOWLEDGEMENTS 


For  support,  the  authors  thank  the  United  States  Department  of  Commerce  (DoC 
contract  no.  ATP-70NANB2H1241),  and  the  Defense  Advanced  Research  Projects  Agency 
(DARPA).  In  addition,  we  are  grateful  for  technical  assistance  from  Jack  Walker,  Fred 
Endicott,  Steve  Ready,  David  Treat,  and  Greg  Anderson. 

REFERENCES 

1.  1.  Akasaki  and  H.  Amano,  Jour.  Electrochemical  Soc.,  141,  2266  (1994). 

2.  S.  Nakamura,  M.  Senoh,  N.  Iwasa,  and  S.  Nagahama,  Jpn.  Jour.  Applied  Physics,  34, 
L797  (1995). 

3.  S.  Nakamura,  T.  Mukai,  and  M.  Senoh,  Jour.  Applied  Physics,  76,  8189  (1994). 

4.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita,  H. 
Kiyoku,  and  Y.  Sugimoto,  Jpn.  Jour.  Applied  Physics,  35,  L74  (1996). 

5.  1.  Akasaki,  H.  Amano,  S.  Sota,  H.  Sakai,  T.  Tanaka,  and  M.  Koike,  Jpn.  Jour.  Applied 
Physics,  34,  L1517  (1995). 

6.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T,  Yamada,  T.  Matsushita,  Y. 
Sugimoto,  and  H.  Kiyoku,  Applied  Physics  Letters  69,  1477  (1996). 

7.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita,  Y. 
Sugimoto,  and  H.  Kiyoku,  Applied  Physics  Letters  69,  1568  (1996). 

8.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita,  Y. 
Sugimoto,  and  H.  Kiyoku,  to  be  published  in  Applied  Physics  Letters  69  (1996). 

9.  W.  Gotz,  N.  M.  Johnson,  J.  Walker,  D.  P.  Bour,  and  R.  A.  Street,  Applied  Physics  Letts., 
68,  667  (1996). 

10.  P.  Rees,  C.  Cooper,  P.  M.  Smowton,  P.  Blood,  and  J.  Hegarty,  IEEE  Photonics 
Technology  Letters,  8, 197  (1996). 


Spatial  distribution  of  electron  concentration  and  strain  in  bulk 
GaN  single  crystals  -  relation  to  growth  mechanism 

Piotr  Perlin  ,Tadeusz  Suski  Alain  Polian^,  Jean  Claude  Chervin  Elzbieta  Litwin- 
Staszewska^,  Izabella  Grzegory  Sylwester  Porowski  ^ ,  J.W.  Erickson 

1.  Center  for  High  Technology  Materials,  University  of  New  Mexico, 

Albuquerque,  New  Mexico  87131-6081 

2.  High  Pressure  Research  Center,  Polish  Academy  of  Sciences,  Sokolowska  29,01-142 
Warszawa,  Poland 

3.  Physique  des  Milieux  Condenses,  Universite  Pierre  et  Marie  Curie,  F-75251  Paris,  France 

4.  Charles  Evans  and  Assoc.,  Redwood  City,  CA  USA 

ABSTRACT 

Micro-infrared  reflectivity  and  micro-Raman  scattering  have  been  used  to  determine 
free  electron  density  and  residual  strain  distribution  in  bulk  GaN  crystals.  As-grown  samples 
exhibit  significant  variation  of  electron  concentration  and  strain  along  their  surfaces.  Increase  of 
electron  concentration  correlates  with  the  growth  direction.  The  observed  inhomogeneities  in 
the  properties  of  bulk  GaN  crystals  can  be  eliminated  by  mechanical  polishing  of  the  crystal 
and  removing  the  surface  layer  or  growth  figures  formed  during  the  sample  cooling,  which 
follows  its  high-pressure,  high-temperature  growth.  Properties  of  that  surface  layer  can  differ 
from  the  bulk  due  to  different  growth  mechanisms  and  impurity  distribution.  We  suggest  that 
oxygen  is  a  likely  candidate  for  the  donor  impurity  supplying  high  amount  of  electrons  to  the 
conduction  band  of  GaN. 


mTRODUCTION 

It  is  well  known  that  heteroepitaxial  films  of  GaN,  used  as  active  region  material  in 
optoelectronics  and  electronic  devices,  are  characterized  by  high  density  of  dislocations  (10^- 
10  cm'  )  [1].  This  value  exceeds  by  many  orders  of  magnitude  a  typical  concentration  of 
dislocations  in  state  of  art  GeiAs  material.  This  problem  is  related  to  the  lack  of  a  substrate 
lattice  matched  to  GaN.  The  lattice  mismatch  between  the  commonly  used  sapphire  and  GaN  is 
as  large  as  14%.  Surprisingly,  GaN  based  optical  devices  seem  to  be  highly  tolerant  to  the  large 
concentration  of  extended  defects  and  they  show  outstanding  performance  [1].  Recent 
development  of  blue  and  green  light  emitting  diodes  (LEDs)  by  Nichia  Chemical  Industries  [2] 
represents  a  convincing  argument  that  epitaxial  layers  of  GaN,  InGaN,  and  AlGaN  grown  on 
sapphire  can  be  successfully  used  in  the  optoelectronic  technology.  However,  the  main 
technological  challenge  consists  in  the  fabrication  of  laser  diode,  and  this  requires  much  better 
material.  Indeed,  recent  demonstration  of  a  pulsed  laser  diode  based  on  InGaN  shows  that 
although  it  is  already  possible  to  fabricate  this  kind  of  device  using  standard  epilayers  on 
sapphire  [3],  still  there  is  an  urgent  need  for  improvement  of  material  quality.  An  important 
problem  related  to  development  of  continuous  wave  GaN  laser  is  the  reduction  of  still  large 
threshold  current.  This  can  be  achieved  by  improving  the  contact  resistance,  decreasing  the 
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internal  losses,  and  improving  the  cavity-mirror  quality.  Two  latter  goals  can  be  achieved  using 
homoepitaxy  of  GaN  on  GaN.  Homoepitaxial  material  should  be  characterized  by  a  much  lower 
density  of  dislocations  (decrease  of  scattering  losses  in  the  crystal)  and  good  cleaving  (mirror 
quality  improvement).  The  homoepitaxy  of  GaN  was  rarely  used  in  the  past  because  of  the  lack 
of  suitable  single  crystals  of  GaN.  However,  progress  in  high-pressure,  high-temperature 
growth  of  GaN  [4]  makes  it  possible  to  obtain  single  crystals  with  lateral  dimension  of  1  cm, 
which  are  large  enough  to  be  used  in  homoepitaxy.  Indeed,  it  was  recently  demonstrated  that 
both  crystallographic  quality  [5]  and  optical  properties  [6]  of  homoepitaxial  layers  are  by  far 
superior  compared  to  standard  epilayers  on  sapphire. 


In  the 
present  paper,  we 
study  physical 
properties  and 
homogeneity  of 
bulk  single  crystals 
of  GaN  obtained  by 
the  high-pressure, 
high-temperature 
method  [4],  Crystals 
were  grown  in  the 
temperature 
gradient  from  the 
solution  of  nitrogen 
in  gallium,  at 
T«1500K  and 
p«1.5GPa.  As 
grown, 

nonintentionally 

Figure  1  Reflectivity  spectra  measured  for  the  sample  E2ELF  in  three  doped  bulk  crystals 

different  spots.  Calculated  electron  concentration  are  shown  on  the  of  GaN  are 

picture.  Dotted  line  show  best  fit  of  Eq.  2  to  the  experimental  data.  characterized  by  n- 

type  conductivity 

and  high  free  electron  concentration  of  the  order  of  S-lO'^cm^.  The  high  free  carrier 
concentration  was  attributed  previously  to  the  large  concentration  of  nitrogen  vacancies  which 
should  form  a  resonant  donor  state  in  the  conduction  band  of  GaN  [7].  However,  very  recent 
state  of  the  art  SIMS  measurements  indicate  that  surface  and  subsurface  regions  of  as-grown 
bulk  GaN  crystals  contain  high  concentrations  of  oxygen  and  carbon.  SIMS  measurements 
indicate  the  following  concentration  of  impurities;  hydrogen  <  4-10'^  atoms/cm’^,  carbon  3T0 
atoms/cm■^  oxygen  2-10^°  atoms/cm'^  silicon  <M0'’  atoms/cm’l  Both  carbon  [8]  and  oxygen 
[9]  can  form  donor  states  in  GaN.  Also,  very  recent  experiments  [10]  suggest  that  oxygen  is 
responsible  for  carriers  freeze-out  observed  at  high  pressure  [7]  and  hence  it  is  more  likely  the 
main  donor  in  bulk  GaN.  In  this  work  we  show  that  the  donor  distribution  in  bulk  GaN  crystals 
can  be  related  to  the  growth  mechanism  of  this  compound. 
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SAMPLES 


In  this  paper  we  present  the  results  obtained  from  the  set  of  three  samples.  M2ELF  and  E2ELF 
are  samples  of  dimensions  approximately  4x5  mm,  and  the  sample  Klara  is  the  newest 
generation  8x6  mm  sample.  Sample  Klara  was  mechanically  polished  from  one  side. 


Figure  2.  Spatial  distribution  of  the  electron  concentration  in  the  non-polished  bulk 
GaN  sample.  Arrow  shows  the  growth  direction 


EXPERIMENT  AND  APPLIED  MODEL 


In  order  to  determine  the  local  concentration  of  electrons  at  various  points  on  the  GaN  bulk 
crystals  we  used  micro-reflectivity  setup  consisting  of  Perkin-Elmer  Series  1600  Fourier 
spectrometer  equipped  with  infrared  microscope.  The  Raman  scattering  experiments  were 
performed  with  the  use  of  triple  Dilor  XY  spectrometer,  with  custom-made  micro  Raman 
system.  This  system  can  collect  the  light  reflected  from  a  spot  of  diameter  around  50  pm. 
Assuming  the  dielectric  constant  in  the  form: 


E  (co  )  =  8 


0)  (to  +  ); 


(1) 


where  cOp  is  the  plasma  frequency  and  y  is  the  electron  damping  constant,  we  can  calculate  the 
reflectivity  of  the  medium  using  the  following  equation: 
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(2) 


{n  +  \f 

where  n  is  the  real  part  of  the  refractive  index  and  k  is  the  extinction  coefficient.  Using 
equations  1  and  2  we  can  obtain  from  the  experimental  spectra  the  value  of  plasma  frequency 
(Op.  The  free  electron  concentration  N  can  be  related  to  the  plasma  frequency  by  the  relation 
below: 


Ne^ 


m  GE 


(3) 


00 


We  take  the  effective  mass  of  electrons  as  0.22  mo  [1 1]  and  we  assume  the  electronic  dielectric 
constant  to  be  equal  to  5.2  [12]. 


RESULTS 

Fig.  1  shows  three  reflectivity  spectra  measured  at  three  different  points.  It  is  clear  that  there  are 
large  differences  in  plasma  edge  position  depending  on  the  position  on  the  sample.  The  values 
of  electron  concentration  obtained  from  equations  1-3  are  shown  on  Fig.  2.  It  is  clear  that  the 


Sample  Klara 


Figure  3.  Spatial  distribution  of  electrons  for  polished  and  non-polished  faces  of 
the  sample. 

concentration  of  electrons  strongly  increases  along  the  direction  of  growth  from  around  6-10^^ 
cm'^  up  to  1.2-lO^^cm*^.  It  means  that  there  are  almost  macroscopic  fluctuations  of  the 
conduction  band  minimum  across  the  sample.  The  growth  of  the  crystal  initiates  on  the 
polycrystalline  GaN  crust  formed  on  the  surface  of  liquid  gallium,  and  then  the  direction  of 
grovd:h  is  mostly  perpendicular  to  the  gallium  surface.  The  same  kind  of  experiment  was 
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performed  on  a  sample  in  which  one  side  was  mechanically  polished.  During  polishing,  about 
20  pm  of  GaN  was  removed  from  the  surface.  Fig.  3  shows  that  while  the  unpolished  face  of 
this  surface  suffers  from  large  inhomogeneity  of  electron  concentration,  the  polished  face  has 
much  lower  concentration  and  is  practically  homogeneous.  This  result  shows  that  close  to  the 
crystal  surface,  concentration  of  dopant  is  high  and  not  uniform. 

To  evaluate  the  influence  of  the  donor  concentration  on  the  strain  in  the  crystal  we 
performed  a  Raman  scattering  measurement  in  the  same  spots  on  the  sample  where  the  infrared 
reflectivity  spectra  were  measured.  In  Fig  4  we  show  the  comparison  between  the  E2  mode  peak 
position  for  sample  with  polished  and  non-polished  surfaces.  It  is  clear  again  that  while 
polished  sample  does  not  have  any  measurable  stress  at  all,  the  unpolished  one  has  the  build  in 
stress  as  high  as  0.3  GPa.  It  is  worthwhile  to  notice  that  the  phonon  frequencies  for  the  non- 
polished  sample  lie  consistently  lower  indicating  lack  of  stress. 


DISCUSSION 

Results  of  very  recent  experiments  [13,14]  indicate  that  oxygen  is  the  likely  source  of  electrons 
in  GaN  semiconductor.  Concerning  bulk  GaN  crystals,  even  small  amount  of  oxygen  present  in 
nitrogen  gas  (used  for  crystallization)  can  become  quite  active  due  to  the  compression  of  the 


Distance  across  the  sample  (in  fraction  of  whole  distance) 


Figure  4.  E2  phonon  mode  frequency  measured  across  polished  and  non- 
polished  sample. 

gas  mixture  up  to  very  high  pressures.  In  this  case,  oxygen  can  dissolve  in  liquid  gallium  and 
subsequently  incorporate  into  the  GaN  crystal  as  an  impurity.  Results  of  the  present  work 
demonstrate  that  the  donor  concentration  is  the  highest  near  surfaces  of  the  GaN  crystals. 
Moreover  the  surface  is  usually  covered  by  a  thin  layer  of  slightly  different  morphology  or  by 
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separate  crystallites  which  grow  during  the  cooling  of  the  system  after  the  high  pressure 
growth.  Concentration  of  oxygen  in  these  regions  (surface  and  subsurface)  can  be  significantly 
higher  than  in  the  interior  of  the  crystals.  For  example,  different  solubilities  and  segregation 
coefficient  at  temperatures  lower  than  the  temperature  of  GaN  growth  can  lead  to  the  described 
phenomena. 

Crystal  polishing  turns  out  to  be  a  necessary  part  of  the  procedure  leading  to  preparation 
of  highly  homogeneous  epi-ready  GaN  substrates.  It  helps  to  remove  regions  of  higher  (and 
usually  fluctuating)  concentration  of  donors  as  well  as  residual  strain  present  sometimes  in  the 
surface  layer  of  the  bulk  crystals.  One  of  the  possible  ways  to  reduce  free  electron  concentration 
can  be  an  additional  purification  of  the  system  and  gettering  oxygen  generated  during  high 
pressure  growth  of  GaN  crystals. 
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ABSTRACT 

The  electronic  properties  of  heteroepitaxial  GaN  were  investigated  for  unintentionally  doped, 
n-type  films  grown  by  hydride  vapor  phase  epitaxy  on  sapphire  substrates.  The  GaN  layers  were 
characterized  by  variable  temperature  Hall-effect  measurement,  capacitance-voltage  (C-V) 
measurements,  and  deep  level  transient  spectroscopy  (DLTS).  The  measurements  were 
performed  on  as-grown,  13  jim  thick  films  and  repeated  after  thinning  by  mechanical  polishing 
to  7  |j.m  and  1.2  ^m.  The  room  temperature  electron  concentrations  as  determined  by  the  Hall- 
effect  measurements  were  found  to  increase  from  ~10^^  cm'^  (13  p,m)  to  -10^*^  cm  ^  (1.2  pm) 
with  decreasing  film  thickness.  However,  the  C-V  and  DLTS  measurements  revealed  that  the 
ionized,  effective  donor  and  deep  level  concentrations,  respectively,  remained  unchanged  in 
regions  close  to  the  top  surface  of  the  films.  These  findings  are  consistent  with  the  presence  of  a 
thin,  highly  conductive  near  interface  layer  which  acts  as  a  parasitic,  parallel  conduction  path. 
Possible  sources  of  such  a  shunt  near  the  GaN/sapphire  interface  include  oxygen  contamination 
from  the  sapphire  substrate  or  a  structurally  highly  defective,  300  nm  thick  interface  layer. 

INTRODUCTION 

Hydride  vapor  phase  epitaxy  (HVPE)  has  been  revitalized  as  a  promising  GaN  growth 
technique  to  overcome  the  apparent  lack  of  GaN  substrates  for  the  growth  of  electronic  and  light 
emitting  ni-V  nitride  devices  by  metalorganic  chemical  vapor  deposition  (MOCVD)  or 
molecular  beam  epitaxy  (MBE)  [1,2].  It  has  been  demonstrated  that  HVPE  is  capable  of  growing 
thick  GaN  films  on  sapphire  substrates  with  greatly  improved  structural  and  electronic  properties 
as  compared  to  heteroepitaxial  GaN  films  grown  by  MOCVD  or  MBE  [3,4].  Dislocation 
densities  as  low  as  -5x10^  cm‘^  [5]  and  room  temperature  electron  mobilities  of -900  cm^fVs  [6] 
have  been  accomplished  for  -74  pm  thick,  unintentionally  doped  GaN  films  with  an  electron 
background  concentration  of  -8x10^^  cm'^  (300  K).  Characterization  of  Schottky  diodes  formed 
on  HVPE-grown  GaN  films  by  deep  level  transient  spectroscopy  (DLTS)  revealed  deep  level 
concentrations  below  lo’^  cm'^  [6],  However,  in  the  same  films  the  presence  of  deep  levels  with 
thermal  ionization  energies  in  the  range  from  -100  to  -200  meV  and  concentrations  as  high  as 
-5x10^*  cm'^  were  derived  from  the  temperature  dependence  of  the  electron  concentration  by 
.Hall-effect  measurements  [5]. 

The  above  contradictory  results  motivated  the  present  study.  For  the  analysis  of  the  Hall- 
effect  data,  uniformity  of  the  electronic  properties  throughout  the  film  thickness  is  assumed.  To 
investigate  the  electronic  properties  as  a  function  of  film  thickness  (d)  a  13  pm  thick  HVPE- 
grown  GaN  layer  was  characterized  by  variable-T  Hall  effect,  C-V  measurements  and  DLTS. 
Subsequently,  the  film  thickness  was  reduced  to  7  and  to  1.2  pm  by  mechanical  polishing  and 
characterized  by  the  same  techniques  at  each  of  the  thickness  steps.  Characterization  of  the 
HVPE  film  was  complemented  by  secondary  ion  mass  spectrometry  (SIMS). 

*Permanent  address;  Hewlett-Packard  Coiiq)any,  370  West  Trimble  Road,  San  Jose,  CA  95131,  USA 
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EXPERIMENTAL 


The  GaN  material  used  in  this  study  was  grown  in  a  vertical  HVPE  reactor  which  is  described 
in  Ref.  [7],  The  nucleation  of  the  GaN  on  c-plane  sapphire  substrates  was  enhanced  by  a  GaCl 
pretreatment  [6,7],  The  film  was  grown  at  1050°C  to  a  thickness  of  13  pm  with  a  growth  rate  of 
13  pm/h.  X-ray  diffractometry  of  the  as-grown  film  revealed  a  FWHM  of  the  (002)  rocking 
curves  of  ^^5  min.  The  tilt  component  of  the  film  was  measured  by  the  (002)  reflection  to  be  4.5 
arcmin  and  the  twist  component  was  measured  by  the  (112)  asymmetric  reflection  to  be  11.5 
arcmin  [5]. 

The  Hall-effect  measurements  were  conducted  in  the  temperature  range  between  80  and  500 
K  with  a  magnetic  field  of  17.4  kG.  For  the  measurements,  samples  of  5  x  5  mm^  size  were  cut 
from  the  wafers  and  Ohmic  metal  contacts  were  deposited  in  the  Van  der  Pauw  geometry.  For 
the  analysis  a  temperature  independent  Hall  scattering  factor  of  unity  value  was  assumed. 

Conventional  capacitance-voltage  (C-V)  measurements  were  conducted  to  investigate  the 
depth  profile  of  the  dopants  below  the  surface  of  the  GaN  films.  Schottky  diodes  were  fabricated 
by  evaporating  Au  through  a  shadow  mask  onto  the  surface  of  the  GaN  samples.  Large  area 
Ohmic  contacts  were  also  deposited  on  the  surface.  The  measurements  were  conducted  with  a 
1  MHz,  10  mV  test  signal  up  to  a  reverse  bias  of  ~20  V. 
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Fig.  1.  Electron  concentration  vs  reciprocal  teirperature  (a)  and  electron  mobility  vs  temperature  (b)  for  three 
different  film  thicknesses  as  determined  from  variable-T  Hall-effect  measurements. 

The  solid  line  in  Fig.  la  results  from  a  fit  of  the  charge  neutrality  condition  to  the  high  temperature  branch  of  the 
experimental  Hall  data.  The  fit  yields  parameters  for  two  independent  donors  which  are  given  in  the  text. 
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The  Schottky  diodes  were  also  utilized  to  perform  DLTS  measurements  in  the  temperature 
range  between  75  and  475  K.  The  DLTS  system  employed  in  this  study  is  described  in  Ref.  [8]. 

The  film  thinning  was  accomplished  by  mechanical  polishing.  The  final  polish  achieved  an 
rms  surface  roughness  of  <10  A. 

SIMS  depth  profiles  for  Si  and  O  were  measured  using  a  Cs^  primary  ion  beam  in  a 
CAMECA  IMS  4F  system  with  GaN  implantation  standards. 

HALL-EFFECT  RESULTS 

Results  from  variable-T  Hall-effect  measurements  are  shown  in  Fig.  1  (symbols).  Figure  la 
displays  electron  concentrations  as  a  function  of  temperature  for  the  as-grown  film  (d  =  13  pm) 
and  after  thinning  by  mechanical  polishing  to  thicknesses  of  7  pm  and  1.2  pm.  The  electron 
concentrations  significantly  increase  with  decreasing  film  thickness.  Figure  lb  shows  the 
electron  mobility  as  a  function  of  temperature  for  the  three  different  film  thicknesses.  The 
electron  mobility  decreases  with  decreasing  film  thickness. 

The  experimental  data  for  the  original  film  thickness  was  analyzed  using  the  charge  neutrality 
condition  [9]  assuming  two  independent  donors  and  acceptor  compensation  (solid  line  in  Fig. 
la).  The  analysis  yields  a  shallow  donor  with  an  activation  energy  (thermal  ionization  energy)  of 
~18  meV  and  a  concentration  of -2x10^^  cm‘^.  The  presence  of  a  second  donor  is  required  to 
explain  the  high-temperature  portion  of  the  experimental  Hall-effect  data.  The  parameters  for  the 
second  donor  are  -180  meV  and  -5x10^^  cm‘^  for  the  activation  energy  and  concentration, 
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Fig.  2;  Net  donor  concentration  (Nd^^-Na)  for  HVPE-grown  GaN  as  determined  by  C-V 
measurements  on  Schottky  diodes  for  three  different  film  thicknesses.  The  inset  demonstrates  the  net 
donor  dqpth  profile  for  a  film  thickness  of  7  pm. 
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respectively.  The  analysis  assumes  that  these  donors  are  uniformly  distributed  throughout  the 
thickness  of  the  HVPE  film. 

C-V  MEASUREMENTS,  DLTS  AND  SIMS 

Results  from  C-V  measurements  as  a  function  of  film  thickness  are  shown  in  Fig.  2.  The 
effective  donor  (Nq^-Na)  concentrations  depicted  in  Fig.  2  are  average  concentrations  derived 
from  the  depth  profiles.  As  an  example,  the  depth  profile  of  Nq^-Na  determined  for  a  film 
thickness  of  7  )im  is  shown  in  the  inset  of  Fig.  2.  The  C-V  results  indicate  that  N^^-Na  stays 
approximately  constant  from  the  original  film  thickness  to  a  depth  of  --  1  tim  away  from  the 
GaN  /  sapphire  interface. 

Results  from  DLTS  are  shown  in  Fig.  3.  Displayed  is  a  DLTS  spectrum  measured  for  our 
HVPE-grown  GaN  material  at  the  original  film  thickness  (13  pm).  The  spectrum  which  was 
recorded  for  an  instrumental  emission  rate  of  46.2  s'*  reveals  the  presence  of  four  discrete  deep 
levels.  They  are  labeled  DLNj,  DLN2,  DLN3,  and  DLN4.  For  this  particular  sample,  the  deep 
level  DLN2  appears  only  as  a  shoulder  and,  therefore,  was  not  considered  for  analysis.  The 
measurement  was  repeated  after  each  polishing  step;  however,  the  spectra  are  not  shown  in 
Fig.  3.  The  DLTS  spectra  were  analyzed  assuming  a  temperature  independent  capture  cross 
section.  The  defect  parameters  for  DLNj,  DLN3,  and  DLN4  are  depicted  in  Fig.  3  as  functions  of 
film  thickness.  Activation  energies  for  electron  emission  to  the  conduction  band  for  DLN^, 
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Fig.  3;  DLTS  spectrum  for  HVPE-grown  GaN  (original  film  thickness).  Peaks  in  the  spectrum  indicate 
the  presaice  of  discrete  deep  levels.  Parameters  (concentration,  N,  and  activation  energy  for  electron 
emission  to  the  conduction  band,  AE)  for  three  deq)  levels  are  depicted  for  three  different  film 
thicknesses  (d). 
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Fig.  4:  Dq)th  profile  of  the  oxygen  concentration  near  the  GaN  /  Sc^phire  interface. 

The  oxygen  background  of  the  SIMS  measurement  is  also  indicated. 

DLN2,  and  DLN4  were  determined  to  range  from  0.23  to  0.25  eV,  0.59  to  0.63  eV  and  from  0.86 
to  0.91  eV,  respectively.  The  activation  energies  for  the  three  deep  levels  only  vary  within  the 
experimental  uncertainties  for  the  measurements  at  different  sample  thicknesses  indicating  that 
each  DLTS  measurement  detected  the  same  deep  levels.  The  concentrations  of  DLNj  and  DLN3 
also  vary  only  within  experimental  uncertainties  showing  that  these  deep  levels  are  almost 
uniformly  distributed  within  the  investigated  thickness  range.  An  exception  is  DLN4,  the 
concentration  of  which  is  about  three  times  higher  at  a  film  thickness  of  1.2  |a.m  than  at  the 
original  film  thickness. 

The  oxygen  concentration  profile  near  the  GaN  /  sapphire  interface  as  determined  by  SIMS  is 
shown  in  Fig.  4.  The  profile  from  the  sample  surface  to  a  depth  of  ~11.5  pm  is  almost  flat  at  an 
oxygen  level  of  -8x10^^  cm'^  (not  shown  in  Fig.  4).  At  a  depth  of  11.5  pm  the  oxygen 
concentration  slightly  increases  and  rises  between  12.5  pm  and  the  GaN/sapphire  interface  from 
~9xl0‘^  cm'^  to  -2x10^*  cm'^.  The  Si  concentration  was  also  monitored  but  found  not  to  exceed 
the  background  level  of  the  SIMS  measurement  (~lxlo‘^  cm'^)  throughout  the  film  thickness 
(not  shown). 
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CONCLUSIONS 

The  experimental  data  presented  in  this  study  demonstrate  that  shallow  as  well  as  deep  levels 
are  homogeneously  distributed  in  the  major  portion  of  the  13  pm  film.  This  is  evident  from  C-V 
(Fig.  2)  and  DLTS  measurements  (Fig.  3),  respectively,  which  were  conducted  for  three 
different  film  thicknesses.  The  DLTS  measurements  also  show  that  the  concentration  of  detected 
deep  levels  do  not  exceed  concentrations  of  cm‘^.  However,  Hall  measurements  indicate  a 
significant  increase  in  electron  concentration  with  decreasing  film  thickness  as  well  as  the 
presence  of  a  deep  donor  level  in  concentrations  above  cm'^.  This  behavior  may  be 

explained  by  the  presence  of  a  thin,  highly  conductive  GaN  layer  close  to  the  GaN/sapphire 
interface.  For  depth  inhomogeneities  the  Hall  effect  measurements  yield  an  effective  areal 
density  of  free  electrons  ng  g^-  and  an  effective  Hall  mobility  Pg^^  [10].  For  a  two-layer  model  the 
product  n^^gff  pg^  is  given  by 

ns,e£fMeff  =niHidi  +nn(d-di).  (1) 

where  d;  is  the  thickness  of  the  interface  layer  and  n,  p  and  nj,  pj  are  the  electron  concentrations, 
mobilities  of  the  GaN  film  (without  interface  layer)  and  the  interface  layer,  respectively.  The 
presence  of  a  -300  nm  thick,  highly  defective  interface  layer  was  detected  from  transmission 
electron  microscopy  for  the  HVPE  film  investigated  in  the  present  study  [5],  Under  the 
assumption  that  this  interface  layer  is  responsible  for  the  observed  electrical  phenomena  a  lower 
limit  (pi  =  p)  of  the  shallow  donor  and  the  deep  level  concentration  in  the  interface  layer  can  be 
estimated  with  Eq.  (1).  With  di  -  300  nm  the  shallow  donor  concentration  in  the  interface  layer 
becomes  >5x10*^  cm'^  and  the  deep  level  concentration  becomes  >2x10^°  cm'^.  The  atomic 
concentration  of  potential  donors  (O,  Si)  in  the  interface  layer  (Fig.  4)  cannot  account  for  the 
estimated  shallow  donor  concentration.  Thus  for  both  shallow  donors  and  deep  levels  the 
responsibility  of  native  defects  is  implied. 

Further  study  is  needed  to  decide  whether  a  two-layer  model  for  the  electrical  conductivity  in 
heteroepitaxialy-grown  GaN  films  is  generally  applicable. 
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ABSTRACT 

Persistent  photoconductivity  has  been  observed  in  n-type  Si-doped  GaN  grown  on 
sapphire  substrates  by  metalorganic  vapor  phase  epitaxy.  The  effect  has  been  seen  both  in  films 
which  are  of  electrically  high  quality,  based  on  low  temperature  photoluminescence  (PL)  and 
Hall  analysis,  and  in  films  which  either  appear  to  be  compensated  or  which  exhibit  strong  donor- 
acceptor  pair  recombination.  The  photoconductivity  has  been  observed  to  persist  for  several 
days  at  room  temperature  (300K).  Modeling  of  the  resistance  recovery  by  a  stretched 
exponential  treatment  may  suggest  a  distribution  of  deep  level  defect  centers  in  the  Si-doped 
GaN  films. 

INTRODUCTION 

Gallium  nitride  is  a  wide  bandgap  semiconductor  which  has  shown  promise  in  short 
wavelength  light  emitting  devices  and  in  high  power  and  high  temperature  electronic 
applications.  Due  to  the  constraint  of  heteroepitaxial  growth,  the  formation  of  defects  in  GaN 
films  is  well  known.  The  defects  include  threading  dislocations,  present  at  typical  concentrations 
of  10^  -  10‘®  cm'^,  grain  boundaries,  and  point  defects.  The  concentration  of  defects  may  be 
influenced  by  groTvth  parameters.  Their  true  origin  and  range  of  effects,  however,  are  still  not 
well  understood. 

Persistent  photoconductivity  (PPC)  is  a  physical  effect  which  is  associated  with  deep 
level  recombination  centers  in  semiconductor  materials.  The  metastable  states  indicated  by  PPC 
may  be  associated  with  local  configurational  changes  in  the  crystal  lattice  which  act  as  energy 
barriers  to  relaxation  for  carriers  excited  out  of  their  ground  state  by  light  [1].  PPC  may 
therefore  be  studied  in  an  attempt  to  understand  the  nature  of  some  of  the  defects  found  in 
heteroepitaxial  GaN  films,  as  has  recently  been  done  for  the  case  of  PPC  in  p-type  magnesium 
(Mg)-doped  GaN  films  [2,3].  PPC  has  also  been  observed  in  unintentionally  doped  n-type  GaN 
films.  [4]  Recent  reports  which  note  the  influence  of  Si  impurity  atoms  on  the  structure  of  the 
GaN  crystal  lattice  [5,6]  are  of  interest  as  they  may  serve  to  justify  the  interpretation  of  PPC  in 
Si-doped  GaN  films. 

EXPERIMENTAL 

High  quality  GaN  films  are  grown  in  a  vertical,  water-cooled,  RF -heated  metalorganic 
vapor  phase  epitaxy  (MOVPE)  reactor.  Triethylaluminum  (TEA)  and  ammonia  (NH3)  are  used 
in  a  V/III  ratio  of  74,000  for  the  deposition  of  an  AIN  nucleation  layer  (NL)  at  450°C. 
Trimethylgallium  (TMG)  and  NH3  are  used  for  GaN  growth,  in  a  V/III  ratio  of  1,900  at  a  growth 
temperature  of  1040°C.  Hydrogen  (H2)  is  used  as  carrier  gas,  and  a  dilute  mixture  of  disilane  in 
H2  is  used  to  effect  silicon  (Si)  doping  of  the  GaN  films.  The  reactor  pressure  during  growth  is 
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58  torr.  Growth  is  typically  undertaken  on  a-plane  (1 1 .0)  sapphire  substrates,  but  growth  on  c- 
plane  (00.1)  sapphire  is  also  performed.  Hall  electron  transport  measurements  are  made  at  room 
temperature  using  the  van  der  Pauw  geometry,  with  indium  contacts  and  a  magnetic  field 
intensity  of  0.2  T.  During  the  measurements,  the  sample  is  shielded  from  ambient  light. 
Photoluminescence  (PL)  spectra  of  the  films  have  been  taken  at  6K,  using  the  325  nm  HeCd 
laser  line  at  a  power  density  of  approximately  12  W/cm^. 

To  facilitate  the  optical  experiments  in  this  study,  ohmic  contact  strips  (Ti/Al)  are 
patterned  on  the  samples.  Each  sample  is  placed  in  a  light-tight  oven  with  pressure-contact 
electrical  connections  to  the  contact  pads,  and  a  thermocouple  probe  in  contact  with  the  brass 
sample  mounting  stage.  The  resistance  of  the  GaN  film  is  monitored  using  a  digital  multimeter. 
In  darkness,  the  sample  is  heated  to  100°C  for  2  hours  to  thermally  release  electrons  from  trap 
states,  then  cooled  to  room  temperature  and  a  baseline  dark  resistance  value,  Rsat,  is  measured. 
To  excite  metastable  trap  states,  the  sample  is  then  illuminated  with  broad  spectrum  light 
(unfocused  halogen  lamp)  through  a  window  in  the  side  of  the  oven  until  the  measured  resistance 
decreases  to  a  steady  state  level,  typically  within  a  five  minute  period.  The  light  is  then  turned 
off,  and  the  increase  in  resistance  is  monitored  until  it  approaches  the  dark  resistance  level. 

RESULTS  AND  DISCUSSION 


The  MOVPE  growth  process  which  we  have  developed  for  electronic-device  quality  GaN 
repeatably  yields  GaN  films  which  are  highly  resistive  (HR)  when  grown  without  added  dopant, 
and  which  under  the  same  growth  conditions  can  be  controllably  doped  with  Si  to  form 
uniformly-doped  GaN: Si  films  or  2000 A  thick  doped  channel  layers  on  a  thick  (typically  3  pm) 
HR  GaN  buffer  layer.  [7]  These  doped  GaN  films  typically  exhibit  mobilities  in  the  range  of 
400-600  cm^A^ -s  at  dopant  levels  of  2x10  cm'^,  and  have  dopant  activation  efficiency  between 

70-100%,  and  apparently  low  levels  of  compensation,  as  measured  by  PL  and  variable 
temperature  Hall.  [8,9]  The  low  temperature  photoluminescence  (PL)  spectrum  of  a  device 
quality  (p  =  400  cm^/V  s  at  n  =  2  x  10^^  cm‘^)  uniformly  Si-doped  GaN  film  which  was 
investigated  for  PPC  is  shown  in  Figure  la.  The  PL  spectrum  is  seen  to  have  strong  near 
bandedge  emission  due  to  recombination  of  an  exciton  bound  to  a  neutral  Si  donor,  D^X,  very 
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Energy  (oV) 


(a)  (b) 

Figure  1 .  Low  temperature  PL  spectra  taken  of  a)  a  device  quality  Si-doped  GaN  film  (2.2  eV 
emission  intensity  magnified  25X)  and  b)  a  Si-doped  GaN  film  grown  while  increasing  the 
growth  temperature  (D/A  recombination  emission  intensity  near  3.2  eV  magnified  20X). 
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weak  2.2  eV  emission,  and  no  visible  emission  attributable  to  donor/acceptor  pair  recombination 
(D/A)  or  other  near  bandedge  radiative  emission.  [10]  The  magnified  peaks  seen  in  the  PL 
spectrum  at  energies  just  below  the  bandedge  emission  are  phonon  replicas  of  the  D^X  emission 
peak.  This  spectrum  is  typical  of  Si-doped  GaN  films,  both  uniformly  doped  as  well  as  channel 
layers  on  HR-GaN  buffer  layers,  grown  on  a-plane  sapphire  in  our  laboratory. 

On  occasion,  e.g.  due  to  equipment  modifications,  the  growth  process  must  be 
reoptimized.  During  such  periods  of  non-optimized  growth,  films  are  sometimes  produced 
which  exhibit  low  electron  mobility  and  lower  than  expected  electron  concentrations  in  Hall 
effect  measurements.  Since  it  appeared  that  compensation  centers  may  exist  in  these  films,  they 
were  among  the  first  samples  considered  as  candidates  for  PPG  studies.  The  PL  spectra  of  these 
films  is  identical  to  that  of  the  high  quality  film  shown  in  Figure  la,  possibly  suggesting  a  non- 
radiative  compensating  center.  Both  uniformly  doped  and  channel  layer  structures  of  this  type 
were  investigated  for  PPG.  Uniformly  Si-doped  GaN  films  grown  on  both  a-  and  c-axis 
sapphire,  having  a  lOOOC  thick  GaN  NL  and  grown  while  varying  the  growth  temperature  from 
450°G  to  1040°C,  [11]  were  also  studied.  These  films  generally  exhibited  the  expected  electron 
concentrations  but  very  low  Hall  mobilities.  Figure  lb  illustrates  the  PL  spectrum  of  such  a  film 
grown  on  a-axis  sapphire.  The  film  shown  exhibits  a  much  more  intense  2.2  eV  band  emission 
relative  to  the  near  bandedge  (NBE)  emission,  and  weak  donor/acceptor  (D/A)  pair 
recombination  emission  not  typically  seen  in  our  device  quality  GaN  films.  The  PL  spectrum  of 
a  film  grown  simultaneously  on  c-axis  sapphire  exhibits  much  stronger  D/A  emission.  Excess 
carbon  impurities  or  structural  defects  may  be  incorporated  in  these  films  while  growing  at  low 
temperatures,  providing  acceptor  sites  for  Si  donor  recombination.  These  films  were  grown  as 
candidates  for  PPG  studies  because  of  the  presence  of  similar  PL  features  seen  in  earlier  samples 
grown  under  these  non-optimum  conditions. 


Figure  2.  Resistance  recovery  in  a  2000A  GaNiSi  channel  layer  on  a  3fim  HR-GaN  buffer  layer. 
The  data  was  taken  at  room  temperature,  and  the  persistent  photoconductivity  effect  is  seen  to 
last  for  several  days. 
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In  addition  to  the  GaN:Si  films  outlined  above,  a  device  quality  2000  A  channel  layer  on 
a  3  [im  HR-GaN  buffer  layer,  which  exhibited  a  Hall  mobility  of  410  cm^A^  s  at  n  =  2  x  lO’^ 
cm'^,  was  investigated  for  PPG.  In  all  of  the  films  studied,  the  target  Si  doping  concentration 
was  2x10*’^  cm’^  Persistent  photoconductivity  was  seen  in  all  samples  with  the  exception  of  the 
uniformly  doped  device  quality  GaN:Si  film.  A  typical  profile  of  resistance  recovery  is 
illustrated  in  Figure  2,  where  the  PPG  was  seen  to  exist  for  several  days.  The  PPG  is  seen  to  be  a 
small  effect  (approximately  10%)  in  the  GaN:Si  films,  similar  to  PPG  results  seen  at  3 OK  in 
MOVPE-grown  p-type  GaN:Mg  films.  [2]  It  is  worth  noting,  however,  that  results  shown  here 
are  for  room  temperature  experiments.  One  experiment  done  at  increased  temperature  showed  a 
substantially  reduced  PPG  response,  presumably  due  to  thermal  release  of  trapped  electrons,  and 
which  suggests  that  low  temperature  experiments  may  show  a  stronger  PPG  response.  Further 
experiments  are  planned  to  study  PPG  at  varying  temperatures.  The  fact  that  the  effect  is  seen  in 
films  with  engineered  defects  is  not  too  surprising.  Of  more  interest  is  the  fact  that  PPG  is  not 
seen  in  a  high-mobility  uniformly  doped  GaN:Si  film,  but  is  seen  in  films  which  have  an 
interface  between  a  high  mobility  GaN:Si  channel  layer  and  a  HR-GaN  layer.  As  the  experiment 
investigates  the  bulk  of  the  GaN  epitaxial  film,  these  results  may  suggest  that  the  PPG  effect  is 
simply  masked  by  an  increased  donor  population  in  the  uniformly  doped  film.  Alternatively,  the 
results  may  suggest  that  trap  states  exist  in  the  HR-GaN  film  into  which  electrons  from  the  Si- 
doped  channel  layer  may  drift,  or  that  localized  configurational  defects  exist  at  the  interface 
between  Si-doped  and  HR-GaN  films  caused  by  the  addition  of  the  Si  impurity  to  the  GaN 
lattice.  [5,6]  An  impurity-associated  lattice  relaxation  mechanism  has  been  suggested  for  PPG 
seen  in  p-type  GaN: Mg  films  grown  by  reactive  MBE,  [3]  and  is  consistent  with  our 
experimental  results.  Experiments  are  ongoing  to  determine  the  character  of  the  metastable  state 
resulting  in  PPG. 

In  light  of  the  nonexponential  recovery  of  our  samples,  the  data  was  analyzed  using  a 
stretched-exponential  model.  Persistent  photoconductivity  has  been  observed  to  follow  this  type 
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Figure  3.  Stretched  exponential  curve  fit  (solid  line)  applied  to  the  resistance  data  of  a  uniformly 
doped  GaNiSi  film  grown  at  varying  temperature  (open  circles).  The  fitting  parameters  were 
constrained  to  Ro  =  3017Q,  AR/AT  =  8.1  Q/°C,  and  ATmax^  5  G. 
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of  recovery  in  Mg-doped  GaN  films  just  mentioned  as  well  as  in  other  systems,  [12,13,14] 
consistent  with  the  view  that  the  carriers  behave  according  to: 

^  (0  =  Nsat  -  {Nsat  -  Nq  )  exp  [-  (f  /t  )/^  ], 

where  Nsa/  is  the  dark  value  of  the  carrier  density.  No  is  the  carrier  density  value  after 
photoexcitation,  ris  a  constant  which  sets  the  time  scale  of  the  process,  and  p  (between  0  and  1) 
is  the  "stretch"  exponent,  which  determines  the  deviation  from  exponential  recovery.  In  the  limit 
that  p  equals  1,  the  decay  is  exponential,  while  in  the  limit  that  P  equals  0,  the  population 
remains  a  constant.  Microscopic  models  which  predict  this  functional  form  have  been  proposed, 
but  as  they  are  very  composition-dependent  and  not  universally  accepted,  such  models  will  not 
be  addressed  here.  The  resistance  data,  assumed  to  be  proportional  to  1/A^,  was  fitted  according 
to: 

^  [1 -a  exp(-?/c/)], 

where  N  (t)  is  given  above,  and  with  fitting  parameters  Rq  ,  No  ,Nsat  ,  'T  ,  P,  a  = 
(AR/AT)(Tmax/Ro)  and  d,  a  thermal  decay  constant.  The  use  of  the  exponential  term  in  the 
resistance  equation  was  found  to  be  necessary  to  model  the  initial  heating  of  the  sample  by  the 
light  source,  which  was  assumed  to  follow  an  exponential  decay.  Figure  3  illustrates  the  fit  of  the 
above  model  to  the  PPG  data  for  a  uniformly  doped  GaN: Si  film  grown  at  varying  temperature. 
In  this  fit  Rq,  AR/AT,  and  AT^ax  were  constrained  to  3017Q,  8.1  Q/°  C,  and  5  °  C,  respectively, 
and  the  fit  was  obtained  with  Nsat  /  No  =  0.65,  3.8  sec,  P  =  0.12,  and  =  4.4  sec.  The 

stretched-exponential  fit  models  the  data  well  for  t  >  2  seconds.  The  stretched-exponential  form 
may  suggest  a  distribution  of  energy  levels  for  the  defect  associated  with  the  PPG.  Further 
investigation  at  varying  temperatures  may  serve  to  determine  energy  levels  or  distributions 
associated  with  the  PPG  effect..  The  fact  that  PL  data  taken  over  the  range  of  1.8  eV  to  3.5  eV 
does  not  show  emission  associated  with  defects  responsible  for  PPG  may  suggest  either  that  the 
process  is  a  non-radiative  one  (e.g.,  a  multi-phonon  process),  or  a  radiative  process  with  lower 
energy.  Infrared  PL  experiments  are  planned  to  investigate  this  question  further. 

GONGLUSIONS 

Metastable  behavior  evidenced  as  persistent  photoconductivity  has  been  observed  at 
room  temperature  in  Si-doped  GaN  films  grown  by  MOVPE  on  sapphire  substrates  Resistance 
recovery  to  a  dark  level  was  incomplete  even  after  several  days.  This  study  may  suggest  that  the 
PPG  effect  in  the  films  which  we  have  studied  is  due  to  localized  lattice  distortion  at  the  interface 
of  the  Si-doped  and  HR-GaN  layers,  or  that  trap  states  (possibly  nonradiative  in  nature)  exist  in 
our  unintentionally  doped  GaN  films  which  cause  the  highly  resistive  behavior.  The  PPG  data 
has  be^n  modeled  using  a  stretched-exponential  function,  which  has  previously  been  applied  to 
decay  kinetics  of  DX  centers  in  AlGaAs. 
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ABSTRACT 

Persistent  photoconductivity  (PPC)  effect  has  been  observed  in  p-type  GaN  epilayers 
grown  both  by  metal-organic  chemical  vapor  deposition  (MOCVD)  and  reactive  molecular  beam 
epitaxy  (MBE)  as  well  as  in  a  two-dimensional  electron  gas  (2DEG)  system  formed  by  an 
AlGaN/GaN  heterostructure  grown  by  MOCVD.  Its  properties  have  been  investigated  at 
different  conditions. 

INTRODUCTION 

GaN  based  devices  offer  great  potential  for  applications  such  as  high  power  electronics, 
UV-blue  lasers,  and  solar-blind  UV  detectors.  Researchers  in  this  field  have  made  extremely 
rapid  progress  toward  materials  growth  as  well  as  device  fabrication. ^  An  important  aspect 
remains  to  be  understood  and  improved  is  the  p-type  doping  of  GaN.  Understanding  and  control 
of  impurity  properties  and  p-type  conduction  in  these  materials  remain  one  of  the  foremost 
obstacles  hindering  device  efforts. 

High  electron  mobility  transistors  (HEMT)  and  field  effect  transistors  (FET),  based  on 
AlGaN/GaN  heterostructures,  hold  promise  for  high  frequency  microwave  as  well  as  for  high- 
power  and  high-temperature  electronic  device  applications  and  offer  the  advantage  of  high  carrier 
mobilities  due  to  the  formation  of  two-dimensional  electron  gas  (2DEG)  by  a  heterojunction.^-^ 
However,  practical  operation  of  these  devices  still  requires  detailed  material  and  device 
characterization  and  optimization.  In  this  paper,  we  report  the  observation  of  persistent 
photoconductivity  (PPC)  effect  in  p-type  GaN  epilayers  grown  both  by  MOCVD  and  MBE  as 
well  as  in  a  2DEG  system  formed  by  an  AlGaN/GaN  heterostructure  grown  by  MOCVD.  Its 
behavior  has  been  studied  at  different  conditions. 
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SAMPLES 


Samples  used  here  were  grown  either  by  MOCVD  or  reactive  MBE.  For  p-type  GaN 
epilayers  grown  by  MOCVD,  triethylgallium,  trimethylindium,  and  ammonia  were  used  as  the 
precursor.  Prior  to  deposition  of  the  GaN  epilayer  a  thin  50  nm  AIN  buffer  layer  was  grown 
on  the  sapphire  (AI2O3)  substrate.  The  thickness  of  GaN  epitaxial  layer  was  about  0.2  /xm.  Mg 
doping  was  provided  by  transporting  bismethylcyclopentadienyl  magnesium  (MCp2Mg)  into  the 
growth  chamber  with  ammonia  during  the  growth.  Post-growth  annealing  at  750  ”C  in  nitrogen 
gas  ambient  at  76  torr  for  about  20  minutes  resulted  in  p-type  conduction.  MBE  grown  p-type 
GaN  epilayers  were  deposited  on  sapphire  substrates  and  doped  with  Mg.  Prior  to  the  GaN 
growth  a  AIN  buffer  layer  with  a  thickness  of  about  65  nm  was  used. 

The  2DEG  of  AlGaN/GaN  heterostrucmre  sample  consisted  of  a  2  jum  highly  insulating 
GaN  epilayer  followed  by  a  25  nm  thick  n-type  GaN  conducting  channel,  again  followed  by  a 
25  nm  thick  n-type  Alo.iGao.gN  epilayer.  The  structure  was  deposited  over  a  basal  plane  sapphire 
substrate  using  MOCVD.  The  typical  room  temperature  carrier  concentrations  were  respectively 
1  X  10^'^  cm'^  and  5  x  10"  cm'^  for  n-GaN  and  n-AlojGao.gN  epilayers  grown  under  similar 
conditions.^  The  formation  of  2DEG  at  the  AlGaN/GaN  interface  has  been  confirmed 
previously 

MEASUREMENTS 

Ohmic  contacts  for  p-type  GaN  epilayers  samples  were  formed  by  depositing  four  Au  and 
followed  by  In  spots  with  diameters  of  about  1  mm.  For  n-type  2DEG  AlGaN/GaN 
heterostrucmre  sample,  four  gold  wires  were  soldered  directly  onto  the  sample  using  In.  The 
carrier  concentrations  and  mobilities  were  measured  by  the  variable-ternperamre  Hall-effect 
technique.  For  the  PPC  measurements,  illumination  of  the  sample  was  achieved  using  a  mercury 
lamp  (hj^  >  Eg  of  GaN)  or  a  neon  lamp  (hz^  <  Eg  of  GaN). 

Low  ternperamre  photoluminescenee  (PL)  spectra  were  measured  by  using  a  picosecond 
laser  spectroscopy  system  with  an  average  power  of  about  20  mW,  a  mnable  photon  energy  up 
to  4.5  eV,  and  a  spectral  width  of  about  0.2  meV.'* 

RESULTS  AND  DISCUSSIONS 

Fig.  1  shows  persistent  photoconductivity  (PPC)  behavior  in  a  p-type  GaN  epilayer  grown 
by  MOCVD  measured  at  two  representative  temperamres  (a)  T==200  K  and  (b)  T=240  K.  It 
can  be  seen  that  the  light-enhanced  conductivity  persists  for  a  very  long  period  of  time  and  that 
the  PPC  relaxation  time,  Tj,  increases  with  a  decrease  of  ternperamre.  Since  the  hole  mobility, 
fjL^,  does  not  change  with  time  at  a  fixed  ternperamre,  the  decay  of  PPC  reflects  the  capmre  of 
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Fig.  1.  PPC  build-up  and  decay  characteristics  in  p-type  GaN  epilayers  grown  by  MOCVD 
measured  at  (a)  T=200  K  and  (b)  T=240  K  and  by  MBE  measured  at  (c)  T=10  K  and  (d) 
T=250  K. 

photoexcited  free  holes  by  the  ionized  Mg  impurities.  A  typical  PPC  behavior  in  a  p-type  GaN 
epilayer  grown  by  MBE  is  illustrated  in  Fig.  1  (c)  T=10  K  and  (d)  T=250  K,  which  show  that 
the  conductivity  increases  by  more  than  one  order  of  magnitude  after  exposure  to  light  and  that 
the  PPC  effect  seen  in  MBE  grown  layers  is  much  more  pronounced  than  that  in  the  MOCVD 
grown  p-type  GaN  epilayers. 

We  have  measured  the  PPC  decay  time  constants,  in  both  p-type  samples  at  different 
temperatures.  Fig.  2  shows  the  Arrhenius  plot  of  (In  vj  1/T)  for  (a)  MOCVD  and  (b)  MBE 
grown  p-type  GaN  epilayers.  Although  the  magnitudes  of  PPC  in  MOCVD  and  MBE  p-type 
GaN  epilayers  are  quite  different,  measured  in  both  MOCVD  and  MBE  epilayers  shows  a 
thermally  activated  behavior  as  indicated  by  the  solid  lines  in  Fig.  2,  which  gives  an  energy 
barrier  for  the  hole  capture  E,.  to  be  about  55  meV  in  MOCVD  and  129  meV  in  MBE  grown 
p-type  epilayers,  respectively.^’^ 

PPC  effect  has  also  been  observed  in  a  2DEG  system  formed  by  an  AlGaN/GaN 
heterostructure.  This  is  illustrated  in  Fig.  3,  where  the  PPC  build-up  and  decay  kinetics  are 
shown  for  two  representative  temperatures,  (a)  T=40  K  and  (b)  T=300  K.  The  decay  kinetics 
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Fig.  2.  The  Arrhenius  plots  of  the  PPC  decay  time  constant  (In  vs  1/T),  from  which  we 
obtain  an  energy  barrier  for  the  hole  capture  to  be  about  (a)  55  meV  in  MOCVD  and  (b)  129 
meV  in  MBE  grown  p-type  GaN  epilayers. 


of  PPC  seen  in  AlGaN/GaN  heterostructures  follow  stretched-exponential  functions,  Ippc(t)  = 
lppc(0)exp[-(t/r)^],  W<i).  Ippc(O)  is  defined  as  the  PPC  buildup  level  at  the  moment  of  light 
excitation  being  removed,  r  is  the  PPC  decay  time  constant,  and  ^  is  the  decay  exponent.  We 
have  performed  a  comparison  experiment  on  mtype  GaN  epilayers  grown  under  similar 
conditions  and  found  that  PPC  effect  is  absent  in  n-type  GaN  epilayers.  Furthermore,  we  also 
found  that  illumination  by  both  mercury  lamp  (ht-  >  Eg  of  GaN)  and  neon  lamp  (hj^  <  Eg  of 
GaN)  give  similar  PPC  results  in  the  AlGaN/GaN  heterostructure  investigated  here.  It  has  been 
demonstrated  previously  that  PPC,’  caused  by  spatial  separation  of  photogenerated  electrons  and 
holes  by  electric  field  from  macroscopic  barrier  due  to  band  bending,  decays  logarithmically  in 
time.  In  fact,  the  observed  PPC  decay  kinetics  shown  in  Fig.  3(a)  and  (b)  are  identical  to  those 
seen  in  Si  doped  Alo.gGaojAs  materials,^  in  which  the  deep  level  impurities  (or  DX  centers)  are 
a  well  known  cause  of  PPC.  Thus  we  feel  that  the  PPC  effect  seen  in  2DEG  system  here  is 
most  likely  associated  with  the  transfer  of  photoexcited  electrons  from  deep  level  impurities  in 
the  AlGaN  barrier  material.  The  PPC  decay  time  constants,  r,  are  very  long,  especially  at  low 
temperatures.  At  temperatures  T  >  200  K,  r  is  thermally  activated,  from  which  we  obtain  an 
energy  barrier  for  the  electron  capture  to  be  about  230  meV  for  the  heterojunction  investigated 
here. 

PL  properties  of  the  AlGaN/GaN  heterostructure  have  also  been  studied.  Fig.  3(c)  shows 
an  emission  spectrum  measured  at  T=10  K,  in  which  three  emission  lines  are  clearly  resolved. 
The  emission  lines  can  be  fit  quite  well  by  Lorentzian  functions, 
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Fig.  3.  PPC  build-up  and  decay  characteristics  in  a  2D  EG  system  formed  by  an  AlGaN/GaN 
heterostructure  measured  at  (a)  T=40  K  and  (b)  T=300  K;  (c)  PL  spectrum  measured  at  T=10 
K.  The  solid  curve  in  (c)  is  the  least  square  fit  of  data  with  Eq.  (1), 


as  shown  as  the  solid  curve  in  Fig.  3(c).  The  dotted  lines  are  the  fitted  three  individual  peaks 
of  the  emission  lines.  In  Eq.  (1),  Aj,  Fj,  and  E;  (i  =  l,  2  and  3)  denote  the  total  luminescence 
intensities,  the  full  widths  at  half  maximum  (FWHM),  and  the  peak  positions  of  the  observed 
three  transition  lines,  respectively.  The  fitted  values  are  Ei=3.470  eV,  E2=3.476  eV, 
E3=3.483  eV,  r,=5.1  meV,  r2=5.7  meV,  and  r3=3.5  meV  from  the  T=10  K  PL  spectrum. 

We  have  attempted  to  measured  the  recombination  lifetimes  of  these  emission  lines. 
However,  we  found  that  these  transitions  decay  faster  than  our  system  response  (20  ps).  This 
seems  to  indicate  that  non-radiative  recombination  may  be  a  dominant  process  in  the  2DEG 
sample  investigated  here. 
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CONCLUSION 


PPC  effect  has  been  observed  in  p-type  GaN  epilayers  grown  by  MOCVD  and  reactive 
MBE  as  well  as  in  a  2D  electron  gas  systems  formed  by  an  AlGaN/GaN  heterostructure  and  has 
been  systematically  investigated.  Our  studies  seem  to  indicate  that  PPC  is  a  rather  common 
property  associated  with  impurities  in  wide  bandgap  semiconductors. 
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ABSTRACT 

We  have  made  an  attempt  to  obtain  electronic  and  atomic  structure  information  on  the 
residual  defects  that  exist  in  high-resitivity  GaN  epitaxial  layers  from  optically-detected  magnetic 
resonance  (ODMR)  experiments  performed  on  the  broad  3.0  and  2.2  eV  photoluminescence  (PL) 
bands  observed  from  these  films.  The  first  observation  of  magnetic  resonance  on  this  3.0  eV 
band  reveals  two  ODMR  signals.  The  first  resonance  is  sharp  (FWHM  ~  3.5  mT)  with  g  ~  1.950 
and  is  assigned  to  effective-mass  (EM)  donors  based  on  previous  studies.  The  second  feature  is 
much  broader  (FWHM  ~  18  mT)  with  a  donor-like  g- value  of  ~  1.977.  This  new  resonance  may 
be  associated  with  partially  EM-like  donor  states  located  -  54  -  57  meV  below  the  conduction 
band  edge  proposed  recently  to  be  involved  in  this  3.0  eV  PL  band. 

INTRODUCTION 

There  has  been  much  progress  recently  in  the  growth  of  high-resistivity  (HR)  GaN  layers  for 
which  the  numbers  of  residual  donors  and  acceptors  is  much  lower  than  those  typically  found  for 
as-grown,  undoped  films.  There  have  now  been  reports  of  HR  GaN  films  grown  by  both  organo- 
metallic  chemical  vapor  deposition  (OMCVD)  [1]  and  molecular  beam  epitaxy  (MBE)  [2] 
techniques.  Most  noteworthy,  these  HR  GaN  films  are  important  building  blocks  for  high-power 
microwave  and  millimeter  wave  electronic  devices  fabricated  from  this  material  system,  such  as 
heterojunction  field-effect  transistors  (HFETs)  [3,4].  However,  the  identity  of  the  defect(s) 
responsible  for  the  high-resistivity  character  is  still  not  known. 

Recent  low-temperature  PL  studies  [5]  of  HR  GaN  films  grown  at  NRL  have  revealed 
strong,  free  excitonic  recombination  at  3.487  eV  and  a  weak,  broad  emission  band  with  peak 
energy  at  2.2  eV  (the  so-called  “yellow”  emission  band).  In  addition,  these  films  exhibit  a 
second  weak  and  broad  PL  band  with  peak  energy  at  3.0  eV,  not  typically  observed  from 
undoped,  n-type  GaN  layers.  Two  other  groups  [6,7]  have  also  observed  the  broad  3.0  eV  band 
from  OMCVD-grown  GaN  layers  that  exhibit  both  donor-bound  and  free  excitonic 
recombination  at  low  temperatures. 

In  this  work  we  have  made  a  preliminary  attempt  to  obtain  electronic  and  atomic  structure 
information  on  the  residual  defects  that  exist  in  the  HR  GaN  films  grown  at  NRL  from  optically- 
detected  magnetic  resonance  (ODMR)  experiments  performed  on  these  emission  bands.  ODMR 
and  related  opticaEmagnetic  resonance  techniques  will  be  particularly  useful  if  the  defects  that 
lead  to  the  high-resistivity  electrical  behavior  also  participate  (either  directly  or  indirectly)  in  the 
recombination  processes  observed  from  these  layers.  Previous  ODMR  work  by  our  group  [8,9] 
and  several  others  [6,10,11]  on  emission  bands  from  undoped  (n-type).  Mg-,  and  Zn-doped  GaN 
epitaxial  layers  has  revealed  evidence  for  shallow,  effective-mass  like  and  deep  states  of  donor  or 
acceptor  character. 

We  will  discuss  in  this  paper  the  first  ODMR  results  obtained  on  the  broad  3.0  eV  PL  band. 
The  ODMR  is  compared  with  that  obtained  on  the  2.2  eV  band  found  from  the  same  layer.  Two 
luminescence-increasing  signals  are  found  on  the  3.0  eV  emission.  The  first  resonance  has  g  - 
1.950  and  is  assigned  to  effective-mass  (EM)  donors  based  on  previous  studies  [6,8-11].  The 
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second  feature  also  has  a  donor-like  g-value  of  ~  1.977.  This  feature  may  be  associated  with 
partially  EM-like  donor  states  located  ~  55  meV  below  the  GaN  conduction  band  edge  proposed 
recently  by  the  Freiburg  group  [6]  to  be  involved  in  the  3.0  eV  emission  band.  Within  this 
model,  residual  acceptors  with  binding  energy  of  ~  116  meV  (not  observed  in  these  ODMR 
experiments)  are  the  recombination  partners  in  this  emission  and  may  play  an  important  role  as 
compensation  centers  and,  hence,  with  the  high-resistivity  character  of  these  GaN  films. 

EXPERIMENTAL  BACKGROUND 

The  PL  and  ODMR  experiments  reported  in  this  work  were  performed  on  a  2.5  pm  -  thick, 
HR  GaN  film  grown  on  a-plane  (1120)  sapphire  by  OMCVD.  Similar  PL  results  as  discussed 
below  were  obtained  on  a  second  HR  GaN  film  grown  in  the  same  reactor  -  14  months  apart 
from  the  sample  that  is  the  focus  of  this  paper.  The  growth  of  these  HR  GaN  layers  was  achieved 
through  an  optimum  combination  of  nucleation  layer  temperature,  nucleation  layer  thickness, 
NH3/TMG  ratio,  and  GaN  growth  temperature  [1].  The  resistivity  of  the  layer  at  300  K  was 
estimated  to  be  -  10'°  Q-cm  from  I-V  measurements  made  with  large  area  In  contacts  on  samples 
from  the  same  wafer. 

The  PL  from  the  HR  GaN  layers  was  excited  with  above-band-gap  radiation  provided  by  the 
325  nm  line  of  a  HeCd  laser  at  a  power  density  of  ~  40  W/cm^.  The  emission  from  1.8  -  3.6  eV 
was  analyzed  by  a  0.85-m  double-grating  (1800  lines/mm)  spectrometer  and  detected  with  a  UV- 
enhanced  GaAs  photomultiplier  tube. 

The  ODMR  was  detected  as  the  change  in  the  total  intensity  of  PL  which  was  coherent  with 
the  on/off  amplitude  modulation  (35  Hz  -  10  kHz)  of  50  mW  of  microwave  power.  The  GaN 
film  was  studied  in  a  K-band  (24  GHz)  spectrometer.  For  the  ODMR,  the  PL  was  continuously 
generated  by  the  351.1  nm  line  from  an  Ar^-ion  laser  with  typical  power  densities  near  1  W/cm^. 
The  emission  was  detected  by  a  room-temperature,  UV-enhanced  Si  photodiode.  A  combination 
of  visible  cut-off  and  bandpass  filters  were  placed  in  front  of  the  detector  to  separately  study  the 
emission  bands  observed  from  the  HR  GaN  layer.  In  addition,  the  PL  below  3.4  eV  was 
analyzed  at  1.6  K  for  these  excitation  conditions  by  a  0.25-m  double-grating  (1200  lines/mm) 
spectrometer  and  detected  by  the  same  Si  photodiode  employed  for  the  ODMR  studies. 

RESULTS  AND  DISCUSSION 

The  photoluminescence  obtained  between  1.8  and  3.6  eV  at  6K  from  the  HR  GaN  film 
reported  in  this  work  is  shown  in  Fig.  1.  Three  recombination  bands  are  revealed. 

The  dominant  emission  observed  from  this  layer  is  a  sharp  peak  (FWHM  ~  5  meV)  at  3.487 
eV  (labeled  FX).  This  band  has  been  assigned  to  free  excitonic  recombination  (associated  with 
the  n=l  ground  state  of  the  r9  valence  band)  from  temperature  dependent  PL  studies  [5].  The 
strongest  near  band-edge  PL  emission  typically  observed  from  undoped  GaN  layers  with  residual 
room  temperature  electron  concentrations  >  3  X  10^^  cm'^  studied  at  NRL  and  reported  by  many 
other  groups  is  attributed  to  excitons  bound  to  neutral  donors.  This  suggests  that  the  residual 
numbers  of  shallow  donors  and  acceptors  in  this  HR  GaN  film  are  less  than  10^^  cm‘^.  Also,  the 
reduced  numbers  of  both  residual  donors  with  Ed  ^  35  meV  and  acceptors  with  Ea  ~  200  meV  in 
this  layer  is  supported  by  the  absence  of  a  significant  shallow  donor  -  shallow  acceptor 
recombination  band  with  zero-phonon  line  (ZPL)  at  ~  3.27  eV  [12]. 

Two  broad  emission  bands  with  similar  Gaussian  lineshapes  and  linewidths  (~  400  meV)  are 
also  found  from  this  HR  GaN  film  with  peak  energies  at  ~  2.2  and  3.0  eV,  respectively.  These 
bands  are  much  weaker  in  amplitude  than  the  FX  recombination  observed  from  this  film.  In  ad- 
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dition,  the  intensity  of  the  2.2  eV  emission 
band  is  about  six  times  as  strong  compared  to 
the  3.0  eV  PL  band  under  the  excitation  power 
conditions  employed  for  the  ODMR  studies  to 
be  discussed  below.  We  note  that  the 
Gaussian  lineshapes  and  broad  linewidths 
suggest  strong  electron  (or  hole)  -  lattice 
coupling  interactions  for  these  bands,  as  is 
typically  observed  for  deep  emission  bands 
from  a  variety  of  semiconductors  involving  a 
center  with  a  very  localized  wavefunction. 

The  2.2  eV  PL  band  observed  from  this 
HR  film  has  been  invariably  found  to  some 
degree  of  strength  from  most  undoped,  n-type 
GaN  layers  grown  at  NRL  and  from  many 
other  laboratories.  The  microscopic  origin  of 
this  band  is  still  under  discussion.  We  have 
not  found  evidence  for  the  3.0  eV  band  from 
n-type  GaN  films  grown  at  NRL  with  carrier 
concentrations  >  3  x  10^^  cm‘^. 

The  ODMR  spectra  obtained  at  24  GHz 
on  the  2.2  and  3.0  eV  emission  bands  from 
this  HR  GaN  film  with  B  _L  c  are  shown  in 
Fig.  2.  The  combination  of  a  385  nm  long- 
pass  filter  and  a  400  nm  band-pass  filter  was 
ideal  to  spectrally  isolate  the  3.0  eV  band  from  all  other  emission  bands  (see  dashed  curve  in  Fig. 
1).  Three  distinct  resonances  are  revealed  in  these  spectra.  A  summary  of  the  magnetic 
resonance  parameters  for  the  three  defect  states  observed  on  these  emission  bands  is  given  in 
Table  I. 

The  g-tensors  and  linewidths  obtained  for  the  resonances  (labeled  EM  and  (DD)2)  detected 
on  the  2.2  eV  band  (bottom  half  of  Fig.  2)  are  identical  within  experimental  error  with  those 
found  for  the  two  features  observed  on  similar  emission  from  undoped,  n-type  GaN  layers 
reported  previously  by  our  group  [8,9]  and  by  several  other  workers  [6,10,1 1].  We  have  assigned 
these  features  to  effective-mass  (EM)  and  deep  donor  (DD)  states,  respectively,  based  on  these 
magnetic  resonance  parameters  [8]. 

Two  luminescence-increasing  ODMR  signals  are  also  found  on  the  3.0  eV  PL  band  (top  half 
of  Fig.  2).  The  first  ODMR  feature  has  nearly  the  same  magnetic  resonance  parameters  as  the 
line  assigned  to  EM  donors  observed  on  the  2.2  eV  PL  band.  Thus,  we  also  assign  this  sharp 
resonance  to  electrons  bound  at  effective-mass  donors. 

The  second  ODMR  signal  (labeled  (DD)i)  obtained  on  this  band  is  a  broad  resonance  with  g 
-  1.977(2).  The  full-width  at  half-maximum  amplitude  of  this  new  feature  is  ~  18  mT. 
Preliminary  angular  rotation  studies  at  24  GHz  indicate  that  the  resonance,  within  experimental 
error,  is  isotropic.  In  addition  to  the  different  g-tensors  found  for  the  two  broad  ODMR  features 
((DD)i  and  (DD)2)  observed  from  this  HR  GaN  layer,  it  is  also  seen  that  the  resonance  labeled 
(DD)i  can  be  fitted  with  a  Lorentzian  lineshape  (dashed  curve  in  Fig.  2)  in  contrast  to  the 
Gaussian  lineshape  (dotted  curve  in  Fig.  2)  typically  observed  for  the  ODMR  signal  labeled 
(DD)2  detected  on  the  2.2  eV  emission  band  from  this  HR  GaN  layer  and  on  similar  emission 
from  the  usual  undoped,  n-type  GaN  films.  The  linewidths  determined  from  these  fits  are  given 
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Fig.  1.  PL  spectra  obtained  from  the  high- 
resistivity  GaN  film  at  ~  6K.  The  curves 
displaced  vertically  show  the  PL  <  3.4  eV 
under  the  same  excitation  conditions  as 
employed  for  the  ODMR  studies  (see  text). 
The  periodic  structure  on  the  2.2  and  3.0  eV 
bands  is  due  to  Fabry-Perot  interference. 
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in  Table  1.  We  also  note  that  no  evidence  was 
found  from  wider  magnetic  field  scans  for  a 
resonance  that  could  be  associated  with 
acceptors  of  shallow  or  deep  character  in  this 
film. 

Following  the  arguments  [8]  made  for  the 
assignments  of  the  resonances  labeled  EM  and 
(DD)2,  the  negative  g-shift  with  respect  to  the 
free  electron  g-value  of  2.0023  found  for  this 
new  resonance  ((DD)i  with  g  ~  1.977  suggests 
an  assignment  of  this  line  to  a  third  donor-like 
state  in  this  HR  GaN  film.  Based  on  the 
decreasing  shift  of  the  g-values  from  the  free 
electron  g-value  of  2.0023  expected  for  donors 
with  more  localized  wavefunctions,  we 
tentatively  assign  the  new  resonance  ((DD)i)  to 
an  intermediate  donor  state  located  below  the 
conduction  band  (CB)  edge  between  the  EM 
shallow  donors  with  g  ~  1.950  and  the  deeper 
donors  ((DD)2)  with  g  ~  1.993. 

High-resolution,  temperature-dependent 
PL  studies  suggest  that  the  broad  3.0  eV 
emission  band  is  due  to  strongly  phonon- 
coupled  distant  DAP  recombination  (with  very 
weak  ZPLs  observed  near  3.37  eV)  involving  three  residual  donor  states  (with  Ed  ~  34,  54,  and 
57  meV,  respectively)  and  residual  acceptor  centers  (with  Eg  ~  116  meV)  [6].  Thus,  it  is 
plausible  that  the  new  ODMR  feature  with  g  -1.977  may  be  associated  with  the  deeper  donor 
states  (partially  EM-like)  located  -  54  -  57  meV  below  the  CB  edge  proposed  to  be  involved  in 
this  broad  3.0  eV  PL  band.  Within  this  model,  the  residual  acceptors  with  binding  energy  of  - 
116  meV  (not  found  in  these  ODMR  experiments)  participating  in  this  emission  may  play  an 
important  role  as  compensation  centers  of  residual  shallow  donors  and,  hence,  with  the  high- 
resistivity  character  of  these  GaN  films. 


Fig.  2.  ODMR  spectra  found  at  24  GHz  on 
the  3.0  and  2.2  eV  emission  bands  from  the 
HR  GaN  layer  with  B  _L  c.  The  dashed  and 
dotted  curves  are  lineshape  fits  (see  text)  of 
the  broad  resonances  labeled  (DD)i  and 
(DD)2,  respectively. 


Table  I.  Magnetic  resonance  parameters  of  the  three  defect  states  found  from  the  high-resistivity 
GaN  film  discussed  in  this  work  and,  for  comparison,  of  the  acceptor-related  states  from  heavily 
Mg-  and  Zn-doped  GaN  layers  reported  previously. 


Sample 

Defect 

PL  Band 

g-values 

FWHM 

Ref. 

HR  GaN 

EM-Donor 

{g  I,  =  1.9525(5), 
gj_=  1.9485(5)} 

3.5  mT, 

4.8  mT 

(DD), 

g  =  1.977(2);  ~  isotropic 

16.6  mT 

(DD)2 

g„=  1.992(2),  g  1=  1.995(2) 

17.7  mT 

GaN:Mg 

GaN:Zn 

Zn-related  acceptor 

-  2.9  eV 

g„=  1.997(2),  gi=l. 992(2) 

7mT 

[6] 
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In  addition  to  the  3.0  eV  PL  band,  the  Freiburg  group  [6]  observed  a  free-to-bound  transition 
involving  the  same  residual  acceptors  with  Ea  ~  116  meV.  This  band  is  characterized  by  a  ZPL 
at  ~  3.41  eV  and  a  series  of  weaker  LO-phonon  replicas  (Elo  ~  92  meV)  at  lower  energies.  This 
suggests  effective-mass  character  for  these  residual  acceptors.  Thus,  the  deeper  donors  with  E^  ~ 
55  meV  described  above  may  be  the  source  of  the  strong  electron-phonon  coupling  interaction 
that  give  rise  to  the  3.0  eV  band.  This  is  supported  by  the  larger  degree  of  wavefunction 
localization  inferred  from  the  g- value  (~  1 .977)  associated  with  the  new  resonance  detected  on 
this  band  compared  to  the  g- value  (~  1.950)  found  for  the  effective-mass  donors  with  Ed  ~  34 
meV.  We  note  that  the  origin  of  the  Lorenztian  lineshape  and  the  broad  linewidth  found  for  this 
new  feature  (see  Fig.  2)  are  not  understood  at  this  time. 

The  results  of  microwave  modulation  frequency  studies  of  the  ODMR  found  on  the  2.2  and 
3.0  eV  PL  bands  from  this  HR  GaN  layer  reveal  evidence  for  different  lifetimes  and/or 
recombination  processes  associated  with  these  emission  bands.  In  particular,  the  ODMR  features 
on  the  3.0  eV  band  were  only  strongly  observed  for  a  very  limited  range  of  microwave 
modulation  frequencies  (v  ~  3  -  5  kHz).  However,  the  ODMR  on  the  2.2  eV  PL  band  was  found 
for  V  between  35  Hz  and  10  kHz.  More  details  of  these  frequency  studies  will  be  discussed  in  a 
future  publication. 

Finally,  an  interesting  comparison  can  be  made  between  the  ODMR  found  on  the  3.0  eV 
band  from  this  HR  GaN  film  and  the  ODMR  previously  reported  [6,8]  on  PL  bands  with  similar 
peak  energies  (~  2.9  -  3.1  eV)  and  linewidths  from  GaN  layers  doped  heavily  with  either  Mg  or 
Zn.  One  common  feature  is  the  EM  donor  resonance  that  is  found  on  this  emission  for  all  three 
cases.  However,  the  g-  tensor  of  the  broad  ODMR  feature  ((DD)i)  observed  on  the  3.0  eV  band 
from  the  present  HR  GaN  film  is  quite  different  compared  to  the  g-tensors  (see  Table  I)  found  for 
the  perturbed,  optically-active  Mg  and  Zn  acceptor  states  involved  (along  with  the  EM  donors)  in 
the  ~  3.0  eV  DAP  recombination  bands  from  these  heavily-doped  GaN  layers  [6,8]. 

SUMMARY 

Optically-detected  magnetic  resonance  experiments  have  been  performed  on  the  broad  3.0 
and  2.2  eV  PL  bands  from  high-resistivity  GaN  layers  grown  on  a-plane  sapphire  substrates  by 
OMCVD.  The  ODMR  on  the  2.2  eV  band  revealed  two  resonances  with  g  ~  1 .950  and  g  ~  1.993 
that  were  observed  previously  on  sinndlar  emission  from  undoped,  n-type  GaN  layers  [6,8-11]. 
These  features  are  attributed  to  effective-mass  (EM)  and  deep  donor  (DD)  states,  respectively 
[8].  The  first  ODMR  results  reported  for  this  3.0  eV  band  revealed  the  same  EM  donor  state  and 
a  new  donor-like  resonance  with  g  ~  1.977.  The  new  feature  may  be  associated  with  partially 
EM-like  donor  states  located  -54-57  meV  below  the  GaN  conduction  band  edge  proposed  to  be 
involved  in  this  3.0  eV  emission  band  [6].  Within  this  model  for  the  broad  3.0  eV  PL  band,  the 
residual  acceptors  with  Ea  -  116  meV  (not  observed  in  these  ODMR  experiments)  may  play  an 
important  role  as  compensation  centers  and,  hence,  with  the  high-resistivity  character  of  these 
GaN  films. 

Further  experiments  are  planned  to  provide  more  detailed  information  on  the  atomic  and 
electronic  structure  of  the  residual  defects  revealed  from  these  ODMR  studies.  These  include 
ODMR  experiments  at  35  GHz  in  order  to  better  resolve  the  degree  and  sense  of  g-anisotropy 
associated  with  the  new  broad  ODMR  signal  detected  on  the  3.0  eV  band  from  this  HR  GaN 
layer.  In  addition,  optically-detected  electron-nuclear  double  resonance  (ODENDOR) 
experiments  will  be  performed  on  the  2.2  and  3.0  eV  bands  which  can,  in  principle,  provide 
chemical  information  towards  the  identity  of  the  residual  point  defects  in  these  layers  through 
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electron-nuclear  hyperfme  interactions.  The  first  ODENDOR  study  of  undoped,  n-type  GaN 
films  has  been  recently  reported  [13]. 
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ABSTRACT 

Optical-isothermal  capacitance  transient  spectroscopy  (O-ICTS)  was  used  to  distinguish  the 
deep  levels  which  occur  in  unintentionally  doped  n-type  GaN  by  means  of  their  characteristic  optical 
cross  section.  GaN  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  and  hydride  vapor  phase 
epitaxy  (HVPE)  were  compared.  Correspondence  between  optical  and  thermal  emission 
characteristics  of  previously  discovered  levels,  E2  (~Ec-4).55  eV)  and  E4  (~Ec-1.0  eV),  were  clearly 
determined  by  observing  their  sequential  appearance  in  the  ICTS  spectra.  Whether  by  thermal  or 
optical  stimulation,  the  emission  from  E4  was  found  to  be  broad  in  nature;  it  is  consequently  believed 
to  involve  a  defect.  The  total  measured  concentration  of  deep  levels,  including  a  prominent  level 
which  photoionizes  in  the  range  2.5  to  3.0  eV  below  the  conduction  band,  is  greater  in  the  GaN 
grown  by  MOVPE  than  by  HVPE  that  was  tested. 

INTRODUCTION 

GaN  has  been  shown  to  be  a  good  material  for  the  fabrication  of  light  emitting  diodes  and  laser 
diodes  operating  in  the  blue  to  UV  region  and  transistors;  however,  carrier  traps  existing  within  the 
band  gap  of  a  semiconductor  can  alter  luminescent  recombinations,  act  as  non-radiative 
recombination  sites,  and  compensate  carriers.  For  high  efficiency  devices,  it  is  desirable  to 
characterize  the  deep  levels  for  the  ultimate  goal  of  controlling  their  concentration. 

In  unintentionally  doped  n-type  GaN,  a  series  of  deep  levels  below  the  conduction  band  have 
already  been  characterized  by  deep  level  transient  spectroscopy  (DLTS).  El  (Ec-0.2  eV)  exists  in 
GaN  grown  by  MOVPEl  as  well  as  HVPE2  in  concentrations  of  ~1  x  1014  cm-3  or  below  and  may 
originate  from  some  impurity  existing  in  low  concentration.  E2  (Ec-0.55  eV)  usually  exists  in  GaN 
grown  by  both  MOVPEi  and  HVPE2  with  concentration  in  the  mid  1014  cm-3  range.  It  has  been 
shown  that  the  concentrations  of  both  El  and  E2  can  be  minimized  so  that  they  are 
inconsequential. 3, 4  Level  E3  has  been  found  in  HVPE-GaN  with  energy  (Ec-0.66  eV)  and 
concentration  in  the  mid  1014  cm-3  range  or  lower.  2  A  level  near  this  energy  has  been  found  in  N 
implanted  MOVPE-GaN;  it  was  therefore  suggested  that  it  could  be  an  energy  state  caused  by  the  N 
interstitial. 5  Levels  E2  and  E3  were  previously  characterized  by  isothermal  capacitance  transient 
spectroscopy  (ICTS)  showing  that  the  thermal  emission  from  these  traps  are  purely  exponential  in 
nature  with  a  unique  time  constant  and  energy .2  Deeper  levels  have  been  observed  with  energies 
between  0.8  eV6  and  1.6  eV4  by  DLTS  and  1.0  eV7  by  ICTS;  however,  high  temperature  required 
for  the  thermal  stimulation  of  carriers  from  these  deeper  levels  involves  greater  measurement 
uncertainty. 

For  the  characterization  of  mid  gap  states  below  1 .0  eV  from  the  conduction  band  edge,  it  is 
useful  to  use  optical  stimulation.  Steady  state  photocapacitance  results  indicated  the  existence  of  a 
deep  level  with  threshold  energy  0.87  eV  followed  by  a  series  of  somewhat  less  resolvable  levels 
which  begin  to  photoionize  at  about  0.97,  1.25  and  1.45  eV.8  With  higher  energy  excitation, 
photoemission  capacitance  revealed  a  strong  peak  with  full  ionization  at  2.5  eV  and  a  relationship 
between  this  signal  and  the  intensity  of  the  yellow  band  photoluminescence  emission  was  shown.9 

The  yellow  band  emission  has  been  attributed  to  a  number  of  causes.  A  model  involving  a 
deep  donor  to  shallow  acceptor  recombination  was  proposed  by  Glaser,  Kennedy  and  coworkers.  10 
On  the  other  hand,  numerous  studies  indicate  a  transition  from  near  the  conduction  band  to  a  deep 
level  in  the  lower  region  of  the  band  gap.9, 11-13  Proposed  origins  of  this  deep  state  include  the 
gallium  vacancyi4,  impurities  (such  as  C)-Ga  vacancy  complex. H  ,  and  the  nitrogen  antisite. 15  Other 
studies  have  found  that  the  yellow  emission  is  stronger  with  defects  from  ion-implantation  16  or  at 
dislocations!  2. 

Capacitance  transient  methods  using  photonic  stimulation  to  detect  trapped  carriers  in  GaN 
exist  as  described  above;  however,  the  above  work  typically  involves  measurement  of  only  the  change 
in  capacitance  some  period  after  a  trap  filling  voltage  pulse  while  the  Schottky  capacitor  is  under 
illumination.  With  these  methods,  information  about  the  optical  cross-section  of  the  traps  which 
controls  the  rate  at  which  carriers  are  stimulated  is  discarded.  In  this  work,  we  use  optical-isothermal 
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capacitance  transient  spectroscopy  to  simultaneously  observe  thermal  and  optical  emission  processes 
from  deep  levels  in  n-type  GaN  in  a  spectroscopic  manner  so  that  the  deep  levels  can  be 
distinguished  by  their  characteristic  thermal  or  optical  emission  time  constant.  This  spectroscopic 
method  yields  information  about  the  correspondence  of  the  levels  observed  by  optical  and  thermal 
stimulation  means,  and  the  various  mid  gap-states  can  be  more  clearly  characterized  by  the  signature 
of  their  optical  cross-section. 

Secondly,  we  compare  the  O-ICTS  spectrum  of  GaN  fabricated  by  MOVPE  and  HVPE. 
Crystals  grown  by  these  two  methods  are  different  in  two  ways.  First,  the  HVPE  film  is  ~  0.1  mm 
thick  whereas  the  MOVPE  film  is  ~  6  |xm  thick.  The  HVPE-GaN  is  believed  to  have  a  relaxed 
lattice;  18  the  thermal  mismatch  is  accommodated  in  part  by  cracks  which  originate  at  the  sapphire 
interface  -  sometimes  up  to  the  surfaces.  19  Dislocations  have  been  observed  to  extend  to  the 
surface;  19,20  however,  the  concentration  is  lower  than  in  MOVPE-grown  GaN  films  grown  on 
sapphire,  which  exhibit  a  rotated  cell  structure  with  numerous  dislocations  to  accommodate  the 
thermal  mismatch. 2 1  Secondly,  the  HVPE  growth  uses  inorganic  precursors  and  growth  is  carried 
out  at  high  temperature  (1090°C)  which  is  found  to  yield  good  quality  GaN.22 

EXPERIMENT 

The  MOVPE-grown  GaN  sample  was  deposited  on  sapphire  using  an  AIN  buffer  layer.23  The 
24°C  Hall  carrier  concentration  and  mobility  are  respectively  7.8  x  1016  cm-3  and  500  cm2/V-s.  C-V 
measurements  yielded  Nd-Na=5.9  x  1016  cm-3  at  -130°C  (at  which  temperature  most  of  this  O-ICTS 
work  was  done).  The  HVPE  sample  displays  bulk  Hall  carrier  concentration  4.8  x  1016  cm-3  and 
mobility  200  cm2/V  s  at  room  temperature;  however,  it  must  be  noted  that  the  quality  is  likely  to  be 
higher  near  the  crystal  surface  than  the  bulk  and  sapphire  interface  region.  19  C-V  measurements 
yielded  a  net  donor  concentration  Ad-Aa=1-2  x  1016  cm-3  at  -130  °C. 

Capacitance  measurements  were  done  using  Au  Schottky  contacts  of  area  A  =  0.0769  mm2 
with  larger  area  Ga  ohmic  contacts  on  the  crystal  face.  A  100  W  quartz  tungsten  halogen  lamp  and  a 
675  pm  grating  monochromator  with  appropriate  filters  was  used  to  provide  photons  in  a  narrow 
band  centered  at  energy  E  in  the  range  0.83  to  3.26  eV  for  photoionization  of  trapped  charges  in  the 
depletion  region.  The  monochromator  output  was  focused  onto  the  Schottky  contact  region  with  a 
quartz  lens.  The  Schottky  barrier  was  placed  in  reverse  bias  V  =  ^  V  with  100  ms  trap  filling  pulses. 
The  reverse  bias  leak  current  was  less  than  0.1  pA  at  -10  V. 

Details  of  the  ICTS  method  using  thermal  and  optical  excitation  of  carriers  from  deep  levels 
have  been  previously  published. 23-25  The  characteristic  time  constant  for  the  capacitance  transient 
due  to  stimulation  of  trapped  carriers  from  a  level  i  in  the  depletion  region  after  a  trap  filling  pulse  is 
given  by 


=  (e‘  +  e'^  +  e°  + 

^  ni  pi  ni  p/^ 


(1) 


Here,  e  is  the  emission  rate  (s-1)  of  carriers  from  the  trap;  the  process  may  be  controlled  by  thermal 
or  optical  stimulation  as  denoted  by  the  superscripts  t  and  o,  respectively.  The  subscripts  n  and  p 
respectively  denote  the  rates  for  majority  and  minority  carriers  for  this  n-type  material.  The  thermal 
emission  rate  follows  the  well  known  Arrhenius  function,  while  the  optical  emission  rates  are  given  by 
e°,  =  a".0  and  where  O  is  the  flux  of  the  incident  photons  and  and  (f.  are  the 

photoionization  cross  sections  of  electrons  and  holes,  respectively.  The  photoionization  cross  section 
is  dependent  on  the  incident  photon  energy  and  temperature.  Trapped  carriers  will  ionize  faster  with 
higher  photon  flux.  In  the  following  analysis,  we  neglect  interaction  of  carriers  from  the  valence 
band;  however,  it  is  noted  that  with  optical  excitation  £:>£:gap/2,  filling  of  the  deep  levels  by  excited 
valence  band  electrons  during  capacitance  transient  measurements  can  cause  the  trap  concentration  to 
be  underestimated. 

The  general  relation  between  capacitance  C(t)  and  the  change  in  net  ionized  impurity 
concentration  Vj  (t)  at  time  t  after  the  application  of  a  gap  state-filling  pulse  is  given  by 

C(02  =  ^e£oA2Ai(t)/2(Vo- V).  (2) 

Where  Vo  is  the  contact  potential.  From  ICTS  theory,  the  ICTS  signal  5(t)  is  given  by 
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Fig.  1 .  The  120°C  dark  ICTS  spectrum  of  the  HVPE  and 
MOVPE  samples.  E4  is  found  not  to  be  well  fitted  by  the 
ICTS  theory  curve.  The  curves  have  been  smoothed  to 
show  significant  features. 


Fig.  2.  0-ICTS  spectrum  of  MOVPE  sample  under 
0.82eV  illumination  is  shown  deconvoluted  by  sub¬ 
tracting  a  calculated  signal  corresponding  to  level  E2. 


where  Coo  is  the  capacitance  of  the  junction  under  quiescent  reverse  bias  V  and  is  the  concentration 
of  trapped  carriers  at  t=0  in  the  /th  level.  The  capacitance  transients  were  transformed  into  the  ICTS 
signal  S(t)  using  the  left  side  of  Eq.  3,  whereas  deconvolutions  of  S(t)  for  each  level  t  were 
accomplished,  where  possible,  using  the  formula  on  the  right.  The  total  ionized  concentration  was 
also  determined  using  Eq.  2.  It  should  be  noted  that  it  is  convenient  to  use  the  magnitude  of  an  ICTS 
peak  as  an  indicator  of  the  photoionized  charge  since  is  proportional  to  the  ICTS  signal  ^(t). 

RESULTS 

Fig.  1  shows  the  120°C  dark  (thermoionization)  ICTS  signal  for  both  the  HVPE  and  the 
MOVPE  sample.  Within  the  observation  window,  we  can  see  the  later  part  of  the  peak  corresponding 
to  E2,  E3  (in  the  case  of  the  HVPE  sample  only),  and  a  portion  of  E4.  It  is  seen  that  E4  is  very  broad 
in  comparison  to  the  ICTS  peak  of  level  El  (discussed  below),  E2  and  E3.2  Unlike  these  shallower 
levels,  E4  is  not  well  fit  by  an  ICTS  theory  curve  as  demonstrated  in  Fig.  1 .  In  fact,  the  level  is  not 
completely  ionized  within  the  time  frame  of  the  transient  capture;  this  is  more  true  for  the  MOVPE 
sample.  Using  the  peaks  of  the  ICTS  curves  which  can  be  distinguished  in  the  case  of  the  HVPE 
sample,  we  previously  estimated  the  thermal  activation  energy  of  this  peak  to  be  about  1.0  eV.7 
Broad  ICTS  spectra  of  this  nature  are  characteristic  of  continuously  distributed  gap  states  observed  in 
polycrystalline  diamond,26  and  amorphous  Si:H,  in  which  case  they  have  been  attributed  to  dangling 
bond  states. 25 

A  series  of  O-ICTS  tests  were  done  at  -130°C  using  various  excitation  energies  with  some 
representative  results  shown  in  Figs.  2-6.  The  spectrum  for  the  MOVPE  sample  under  0.82  eV 
illumination  is  shown  in  Fig.  2.  The  main  peak  of  emission  from  E2  develops  over  a  low  base  line 
signal  due  to  other  minor  deep  levels  and  possibly  some  carriers  in  the  low  energy  tail  of  E4.  A 
calculated  curve  corresponding  to  E2,  the  concentration  V  =  2.0  x  10^4  obtained  from  standard  room 
temperature  ICTS  testing  (not  shown),  was  fitted  under  the  peak  and  the  difference  was  calculated. 
These  results  (and  those  that  follow)  clearly  show  how  the  level  E2,  well  known  to  have  thermal 
activation  energy  -0.55  eV,  is  photoionized.  These  results  are  in  good  accord  with  the  level  OLl 
described  by  Gotz  and  coworkers  in  MOVPE-grown  GaN,8  and  supports  their  conclusion  that  OLl  is 
the  same  as  the  DL2  level  observed  in  AlGaN,27  The  measured  photoionization  "threshold  energy" 
will  vary  with  measurement  temperature,  transient  observation  time  window,  photon  flux,  and  will  be 
sensitive  to  illumination  bandwidth. 

Figs.  3  and  4  respectively  show  the  1.24  and  1.55  eV  spectra  for  the  HVPE  sample.  El  is 
excited  thermally,  thus  the  emission  time  constant  is  independent  of  the  illumination;  it  is  controlled 
by  e‘j.  The  good  fit  to  ICTS  theory  indicates  ionization  from  a  discrete  energy  state.  For  1.24  eV 
illumination  of  the  HVPE  sample  in  Fig.  3,  E2  is  fully  photoionized.  Deconvolution  of  the  spectram 
is  demonstrated  by  subtracting  calculated  curves  for  E2  and  E3,  known  by  thermal  excitation  ICTS  to 
have  concentration  6.0  x  1014  and  9.0  x  1013  cm-3,  respectively.  It  is  seen  that  E4  is  only  partially 
photoionized.  Deconvolution  of  the  1.55  eV  curve  is  done  similarly  (neglecting  the  relatively  minor 
E3  level).  The  remaining  broad  curve,  characteristic  of  excitation  from  an  extended  state,  is  E4.  The 
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Fig.  3.  Spectrum  of  the  HVPE  sample  under  1.24 
eV  illumination.  El  is  thermally  ionized  and  E2 
is  photoionized-the  curve  is  shown  as  components 
of  levels  E2,  E3,  and  a  portion  of  E4. 


Fig.  5.  Spectrum  of  the  MOVPE  sample  under 
1.24  eV  illumination.  El  is  of  negligible 
concentration  (not  seen).  E2  is  fully  photoionized. 
E4  is  partially  photoionized,  yet  of  higher 
concentration  than  the  HVPE  sample  at  this  point. 


Fig.  4.  Spectrum  of  the  HVPE  sample  under  1.55  Fig.  6.  Spectrum  of  the  MOVPE  sample  under 

eV  illumination.  El,  as  in  Fig.  3  is  unchanged.  1.55  eV  illumination.  E2  is  shown  deconvoluted; 

The  photoionized  portion  of  the  curve  is  shown  as  however,  the  pronounced  form  of  the  ICTS  curve 

components  of  E2  and  E4,  which  is  seen  to  be  a  suggests  the  photoionization  of  a  deeper  level,  E5. 

very  broad  level.  E3  is  weak  and  therefore 
neglected  here. 


integrated  photoionized  charge  is  7.2  x  1014  cm-3.  Considering  the  tail  end  of  the  curve  beyond  103 
s,  the  concentration  is  estimated  to  be  8.0  x  1014  cm-3  by  assuming  a  symmetric  curve.  Subtracting 
the  concentration  of  level  E3,  the  net  concentration  of  carriers  from  E4  becomes  7.1  x  1014  cm-3  at 
1.55  eV  illumination. 

Results  for  the  MOVPE  sample  under  1.24  eV  illumination  in  Fig.  5  also  show  E2 
superimposed  on  a  partially  photoionized  broad  E4  curve.  After  subtracting  a  calculated  curve 
corresponding  to  the  E2  level,  known  to  have  concentration  2  x  1014  cm-3,  the  broad  curve 
representing  the  partially  photoionized  E4  is  seen.  With  1.24  eV  illumination,  the  integrated 
photoionized  charge  is  7.4  x  1014  cm-3.  Considering  the  tail  end  of  the  curve  beyond  103  s,  the  total 
concentration  is  estimated  to  be  1.1  x  1015  cm-3  by  assuming  a  symmetric  curve.  It  should  be  noted 
that  the  concentration  of  carriers  swept  out  of  the  broad  E4  level  is  already  higher  in  the  MOVPE 
sample  with  lower  energy  (1.24  eV)  illumination  than  in  the  HVPE  sample  at  higher  (1.55  eV) 
illumination;  thus,  E4  is  seen  to  be  of  significantly  higher  concentration  in  the  MOVPE  sample. 

At  1.55  eV  illumination,  the  volume  under  the  ICTS  curve  is  greatly  expanded  as  seen  in  Fig. 
6.  It  is  seen  that  the  form  of  the  curve  develops  into  a  shape  more  characteristic  of  emission  from  a 
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discrete  level.  Deconvolution  into  E2  and  E4 
alone  is  not  found  to  be  successful  as  in  Figs.  4 
and  5.  This  suggests  another  level  E5,  which  we 
can  begin  to  detect  around  1.38  eV,  becomes  a 
component  of  the  O-ICTS  curve.  It  is  possible 
that  this  level  corresponds  to  OL3  reported  by 
Gbtz  and  coworkers  and  a  level  at  -1.4  eV 
detected  by  Sanchez  and  coworkers. 

Interestingly,  E5  is  not  detected  in  the  HVPE 
sample  with  illumination  up  to  1.55  eV  as 
shown  in  Fig.  4. 

The  total  integrated  deep  level 
concentration  for  all  O-ICTS  curves  is  given  in 
Fig.  7.  It  is  seen  that  the  HVPE  sample,  because 
it  has  higher  E2  concentration  which  is  fully 
ionized  at  1 .0  eV,  yields  a  higher  detected  deep 
level  concentration  at  the  y  axis.  Total 
measured  deep  level  concentration  from  the 
MOVPE  sample,  because  of  the  much  higher 
concentration  of  levels  E4  and  E5,  quickly 
increases  as  the  photon  energy  is  increased  to 
-2  eV.  It  should  be  noted  that  the  very  broad  nature  of  E4  in  the  MOVPE  sample  makes  it  difficult 
to  obtain  complete  photoionization  at  lower  energies,  therefore  the  total  deep  level  concentration  is 
not  measured  in  this  area.  There  is  a  fair  amount  of  inconsistency  between  reports  of  deep  levels 
observed  by  DLTS ,4.6  photoemission  capacitance,6,8  and  photocapacitance  studies9.28  in  the  range 
around  1  eV  below  the  conduction  band.  The  characteristic  non-exponential  emission  of  carriers 
from  level  E4  may  be  partially  responsible  for  these  inconsistencies.  Further,  the  broad  nature  of  the 
peak  implies  that  it  occurs  from  a  trapping  center  with  a  non-unique  photoionization  cross  section  or 
broad  energy  band  as  can  be  observed  from  dangling  bonds  or  grain  boundaries,  and  is  less  likely  to 
be  from  an  impurity  or  a  discrete  point  defect.  Threading  dislocations,  which  are  found  to  exist  in 
high  concentrations  in  thin  GaN  films  grown  by  MOVPE  on  sapphire,  are  found  in  lower 
concentrations  in  thicker  HVPE  grown  sapphire.20  The  very  high  mobilities  of  0.3  mm  thick  HVPE- 
grown  GaN  using  a  ZnO  buffer  layer  are  certainly  consistent  with  this.22  The  relationship  between 
crystallographic  defects  and  E4  warrants  consideration. 

A  significant  rise  in  the  total  detected  concentration  is  observed  in  the  range  of  2.5  to  3.0  eV  in 
both  samples  (Fig.  7);  the  estimated  concentration  is  3  x  1014  cm-3  and  9  x  1014  cm-3  in  the  HVPE 
and  the  MOVPE  sample,  respectively.  Sanchez  and  coworkers^  as  well  as  Yi  and  Wessels28  detected  a 
level  having  relatively  high  concentration  which  photoionized  in  the  range  2.0  to  2.5  eV  using 
photocapacitance.  The  former  attributed  the  commonly  observed  yellow  luminescence  from  n-type 
GaN  to  this  level.  O-ICTS  uses  a  trap  filling  pulse  before  the  measurement  of  deep  levels  at  each 
photon  energy,  whereas  photocapacitance  uses  a  single  pulse  before  the  measurement  of  deep  levels 
from  the  entire  energy  spectrum  of  the  band  gap.  The  occupation  statistics  of  the  deep  levels  are 
therefore  likely  to  be  different,  especially  with  photoexcitation  energy  greater  than  Egap/2.  Because 
of  the  prominence  of  this  level  in  this  study  as  well  as  those  using  photocapitance,  it  is^possible  that 
they  are  the  same.  A  number  of  theoretical  studies  show  that  the  Ga  vacancy  can  produce  a  deep 
level  defect  in  this  regionl4,l5.  Indeed,  the  HVPE-grown  GaN  shows  weak  yellow  luminescence,20.2^ 
but  we  cannot  conclude  a  relationship  based  on  the  present  results.  The  HVPE  sample  displays  lower 
total  deep  level  concentration  than  the  MOVPE  sample  that  was  tested.  Possible  reasons  include  that 
the  HVPE  sample  is  thicker  with  a  lower  dislocation  concentration,  the  use  of  non-organic  precursors 
which  produces  a  purer  crystal,  and  a  relatively  high  growth  temperature  which  may  produce  fewer 
point  defects. 

CONCLUSIONS 

ICTS  was  used  to  characterize  levels  in  n-type  GaN  to  simultaneously  observe  carriers  ionized 
from  deep  levels  by  thermal  and  optical  excitation.  Clear  relationships  between  the  thermal  and 
optical  ionization  characteristics  of  levels  E2  and  E4  could  be  established.  While  carriers  trapped  in 
shallower  deep  levels  El,  E2,  and  E3  exist  with  discrete  ionization  energies,  E4  is  found  to  be  broad 
in  nature,  with  significantly  higher  concentration  in  the  MOVPE  sample  that  was  tested.  The  broad 
and  inconsistent  nature  of  E4  indicates  that  it  is  probably  not  from  an  impurity  or  a  discrete  point 
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defect;  therefore,  crystallographic  defects  such  as  dislocations  are  suspected.  The  total  concentration 

of  measured  deep  levels,  especially  E4,  E5  and  a  prominent  level  with  ~2.6  eV  photoionization 

energy  below  the  conduction  band  edge,  was  greater  in  the  MOVPE-grown  sample  that  was  tested. 
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ABSTRACT 


The  structural  characteristics  of  MOCVD  AIN  films  with  different  carbon  doping 
concentrations  grown  on  sapphire  were  investigated  by  XRD  (  0-20  scans,  cp  scans  and  rocking 
curves  ),  HRTEM  and  Auger  spectroscopy.  The  A1N:C  films  have  very  high  crystalline  quality 
and  low  resistivity.  The  epitaxial  relationship_between  AIN  and  Sapphire  is:  (0OO1)ain  //(OOOl)sap, 
[  12  10]ain//[0  1 10]  sapand  [10  IOJain //[  21  lOjsap.  With  increasing  carbon  concentration,  the 
AIN  films  have  higher  carrier  concentrations,  and  lower  resistivities  even  though  they  have 
higher  defect  density.  The  resistivity  decreases  by  8  orders  of  magnitude  with  C  doping.  When 
the  carbon  concentration  reaches  1 1%,  an  interfacial  layer  of  ~5nm  was  observed  in  HRTEM 
images.  This  layer  suggests  that  some  C  in  the  film  is  diffusing  into  the  sapphire  substrate. 
However,  optical  diffractograms  obtained  from  the  negatives  of  the  HRTEM  showed  no  apprecia¬ 
ble  change  in  the  structure  of  the  interfacial  layer  compared  to  the  pure  substrate. 

INTRODUCTION 


AIN  is  a  wide  band-gap  semiconductor  (  Eg=6.2eV  at  300K)  with  a  good  combination  of 
physical  properties  such  as  high  temperature  stability,  high  thermal  conductivity,  high  elastic 
stiffness,  varying  electrical  properties  from  semiconducting  to  insulating.  AIN,  along  with  other 
nitrides,  has  long  been  considered  as  a  futuristic  material  for  semiconductor  device  applications 
in  the  blue  and  UV  wavelengths  [1-3].  However,  because  of  its  insulating  properties  and  the  lack 
of  a  lattice  matched  substrate,  the  type  of  devices  fabricated  from  this  materials  system  is  very 
limited  at  the  present  time.  Sapphire  is  the  most  commonly  used  substrate  for  AIN,  it  gives  the 
best  AIN  crystalline  quality.  Very  low  resistivity  of  AIN  films  grown  on  sapphire  has  been 
recently  reported[4].  It  is  known  that  because  of  the  large  lattice  mismatch  between  AIN  and 
sapphire  the  films  usually  have  a  density  of  dislocations  of  10^°  cm'^  without  doping.  A  high 
concentration  of  carbon  dopants  must  affect  the  microstructure  of  this  material.  In  this  work,  we 
present  the  structural  characteristics  of  A1N:C  films  grown  on  sapphire  with  different  carbon 
concentrations. 

EXPERIMENTAL 


Aluminum  nitride  films  were  grown  in  a  low  pressure  metalorganic  chemical  vapor  deposition 
(MOCVD)  vertical  reactor  on  sapphire  (0001).  Trimethylaluminum  (TMA),  ammonia  (NH3)  and 
hydrogen  (H2)  were  used  as  precursors.  Propane  (C3H3)  was  utilized  as  an  independent  carbon  (C) 
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source.  The  propane  flow  rate  was  2-8  seem.  The  growth  temperature  and  pressure  were  1200  °C 
and  10  Torr,  respectively.  The  structure  of  the  AIN  films  with  different  carbon  concentrations  was 
characterized  by  X-ray  diffraction  (XRD)  and  high  resolution  TEM.  The  carbon  concentration 
was  measured  by  Auger  spectroscopy.  The  carrier  concentration  and  type  were  determined  by 
Van  der  Pauw  Hall  measurements. 


RESULTS  AND  DISCUSSION 


Table  I  lists  the  samples  investigated  in  this  work  along  with  their  carbon  concentrations, 
carrier  type  and  concentration,  the  AIN  (002)  interplanar  distance  obtained  from  the  0-20  scan, 
the  full  width  at  half  maximum  (FWHM)  of  the  rocking  curve  of  film  and  substrate,  and  their 
resistivities.  When  the  carbon  concentration  increases,  the  carrier  concentration  also  increases 
and  the  resistivity  decreases.  The  p-type  carrier  concentration  is  much  smaller  than  the  carbon 
concentration.  It  demonstrates  that  only  a  small  portion  of  the  carbon  atoms  contributes  to  the 
p-type  doping  and/or  that  a  large  portion  of  the  dopants  are  not  active  or  that  there  is  a  large 
compensation.  In  any  case  C  doping  gives  rise  to  a  decrease  in  the  resistivity  of  ~8  orders  of 
magnitude.  We  know  that  only  when  carbon  substitutes  N ,  it  is  an  acceptor.  Thus,  some  carbon 
atoms  must  be  replacing  A1  to  compensate  for  the  doping  or  sitting  at  interstitial  sites.  The  p-type 
doping  should  be  the  net  difference  between  the  number  of  C  on  N  and  A1  sites.  Thus,  a  large 
number  of  carbon  atoms  are  on  A1  sites.  Also,  the  strain  produced  by  C  atoms  sitting  on  N  sites 
can  be  reduced  if  some  C  atoms  sit  on  the  A1  sites.  When  the  C  concentration  increases,  the 
crystalline  quality  decreases  as  seen  by  the  increase  in  the  FWHM.  However,  even  in  the  sample 
withjthe  highest  C  concentration,  the  film  still  has  a  fairly  good  crystalline  quality.  Figure  1  is  the 
(10  11)  AIN  x-ray  (p  scan  from  the  sample  A5.  The  figure  shows  that  the  film  has  a  good 
symmetry  and  a  good  crystalline  quality  even  though  it  is  somewhat  worse  than  the  one  in  the 
undoped  sample.  The  d  of  AIN  also  shows  no  significant  difference  in  the  lattice  structure  among 
the  three  doped  samples.  There  is  also  a  small  difference  between  these  and  the  undoped  002 
interplanar  spacing.  This  is  probable  due  to  carbon  atoms  substituting  both  A1  and  N.  Thus,  part 
of  the  strain  and  distortion  in  the  lattice  is  relaxed. 

Table  I  Electrical  and  x-ray  data  for  AIN  films  doped  with  different  C  concentrations 


samples 

C  (at%) 

carrier  type 

carrier  concentration 
(Na-Nd) 

( X  10l®/cm3 ) 

FWHM(  ” ) 

AIN  Sap 

A1 

4.9 

P 

4.6 

0.38 

0.06 

<  1 

A3 

8.3 

P 

8.8 

<  1 

A5 

11.0 

P 

38 

0.67 

0.06 

2.5058 

<1 

unintentionally 

doped 

0.16 

0.06 

2.4983 

108 
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Figure  1  (p  scan  from  the  AIN  film  with  1 1%  carbon 


Figure  2  shows  an  XRD  0-20  scan  of  a  (0001)  AIN  film  grown  on  (0001)  Sapphire  (  sample 
Al).  This  spectrum  shows  a  single  orientation  of  the  film  with  a  (0001)  growth  direction.  All  the 
AIN  films  with  different  C  concentrations  showed  the  same  epitaxial  relationship.  Figures  3  and 
4  are  the  HRTEM  images  and  corresponding  selected-area  diffraction  patterns  from  the  undoped 
and  C  doped  samples,  respectwely.  In  the  direction  of  gro^h,  (0001XAiN//(0001)sap.  The  in-plane 
epitaxial  relationship  is  [  12  10]ain//[0  110]  sapand  [10  10]ain //[  21  lOJsap.  This  corresponds  to 
a  30°  in-plane  rotation  between  AIN  and  sapphire[5,6].  The  HRTEM  images  show  that  the  inter- 
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faces  are  clean  and  fairly  shaip  without  indication  of  second  phases  in  the  film.  These  results 
suggest  that  C  incorporates  fairly  well  into  the  AIN  lattice.  Figures  3  and  4  also  show  contrast 
modulations  due  to  the  strain  near  the  interface,  which  are  indicated  by  arrow  heads.  The  density 
of  dislocations  in  the  film  in  Figure  4  is  slightly  larger  than  that  in  Figure  3,  some  dislocations 
are  labeled.  This  is  because  the  dopants  cause  more  strain  in  the  film  with  higher  carbon  concen¬ 
tration  and  produce  more  defects.  The  low  magnification  image  shown  as  inset  in  Figure  4  also 
shows  an  interfacial  layer  of  ~5nm  ( labeled  I )  in  the  substrate.  The  interfacial  layer  is  also  seen 
in  the  HRTEM  image  shown  in  Fig.  4  which  does  not  show  any  appreciable  difference  (  other 
than  the  contrast)  with  the  image  of  the  substrate.  We  believe  that  at  the  growth  temperature  of 
1200°C,  and  for  the  high  doping  concentrations,  carbon  diffused  into  the  substrate.  A  few 
dislocations  are  also  observed  around  the  interfacial  layer  in  the  TEM  image  labeled.  Optical 
diffractograms  obtained  from  the  negative  of  the  image  at  the  interfacial  layer  and  at  the 
substrate  did  not  show  any  difference  in  the  interplanar  spacings  within  the  resolution  of  our 
measurement.  Thus,  the  interfacial  layer  still  has  the  same  lattice  structure  as  sapphire,  indicating 
that  carbon  did  not  cause  appreciable  distortion  of  the  lattice. 


Figure  3  Cross  sectional  HRTEM  image  from  AIN/Sapphire  without  carbon^oping,  th^ inset 
shows  the  corresponding  SAD  pattern  with  [  12  10]ain//[0  llOJsapand  [10  10]ain  //[  2110]sap 
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Figure  4  HRTEM  cross  sectional  image  from  AIN/Sapphire  with  11%  carbon.  The  insets  are  left: 
low  n^gnification  bright  field  image  and  right:  the  corresponding  SAD  pattern  with 
[  12  10]ain//[0  110]  Sap  and  [10  10]ain  //[  21  lOJsap.  The  interdiffusion  layer  is  labeled  I. 
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CONCLUSIONS 


Carbon  doped  AIN  films  with  low  resistivity  ( <1  Q-cm)  were  grown  by  MOCVD  on  sapphire 
substrates.  The  doping  concentrations  were  as  high  as  11%  with  a  net  charge  carrier  concentration 
as  high  as  S.SxlO^^m^.  The  films  show  high  crystalline  quality.  Our  TEM  and  x-ray  results 
show  that  even  for  the  higher  C  doping  concentration  of  1 1%  no  second  phase  or  carbon  precipi¬ 
tates  were  observed.  This  suggests  a  high  incorporation  of  C  in  the  AIN  lattice.  The  epitaxial 
relationship  is  :  (0001  )AiN//(0001)sap,[  12  10]ain//[0  1 10]  Sapand  [10  IOJain //[  21  lOJsap  which 
shows  a  30°  in-plane  rotation  between  film  and  substrate.  With  increasing  carbon 
concentration,  the  p-type  carrier  concentration  increases,  and  the  resistivity  decreased  even 
though  the  density  of  dislocations  increases.  When  the  carbon  concentration  reaches  1 1%,  an 
interfacial  layer  was  observed  in  the  substrate.  This  suggests  interdiffusion  of  carbon  into 
sapphire  during  growth  .  The  layer  still  has  the  same  structure  as  sapphire.  Our  results  clearly 
suggest  that  the  defects  introduced  by  the  dopant  C  do  not  act  as  effective  traps  and  recombina¬ 
tion  centers  for  carries. 
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ABSTRACT 

Modulation  Extrinsic  photoconductivity  spectra  between  1.44eV  and  1.75eV  of 
unintentionally  n-doped  high  resistance  GaN  film  grown  by  MOCVD  are  measured  at  room 
temperature  by  using  wavelength  adjustable  Ti:Sapphire  laser.  We  find  that  there  are  two  major 
deep  levels  in  the  GaN  material  in  the  used  photon  energy  range.  The  relaxation  time  of  excess 
carriers  controlled  by  those  levels  are  in  the  order  of  lO'^sec.  The  concentration  of  localized 
states  are  determined  as  1.8xl0^cm'^  and  2.5xl0^cm‘^,  respectively.  A  physical  model  is 
developed  to  explain  the  results  and  process  the  data.  Using  a  new  method  we  have  determined 
the  optical  absorption  cross  section  of  deep  levels  are  1.5xl0'^cm^  and  2.7xl0''®cm^, 
respectively. 

INTRODUCTION 

Recently  GaN-based  III-V  nitride  semiconductors  attract  extensive  attentions  for  their  device 
application[l,2].  The  direct  wide  bandgap  structure  makes  them  very  useful  for  fabricating  blue, 
green  and  UV  light-emitter  due  to  their  efficient  radiative  recombination.  The  attractive  physical 
properties,  together  with  the  outstanding  thermal  and  chemical  stability  of  those  materials  also 
make  it  ideally  suitable  for  developing  solar  blind  UV  detector,  high  power,  high  temperature 
transistors  and  other  novel  devices.  For  most  applications,  generally  speaking,  the  deep  levels  in 
the  material  is  the  key  factor  to  influence  the  features  of  devices.  Many  studies  have  been 
performed  on  the  deep  levels  in  the  GaN  by  using  PL[3-4],  DLTS[5],  TSC[6]  and  optical 
absorption[7]  techniques.  But  most  of  those  studies  were  focused  on  2.2eV  related  deep  traps  that 
is  called  "yellow  band"  [8]  now,  and  very  little  is  known  about  other  deep  levels  in  the  bandgap, 
especially  near  the  center  of  the  bandgap  which  should  have  significant  effects  on  recombination 
dynamics  of  excess  carriers.  The  photoconductivity  spectroscopy  is  a  versitile  sensitive  probe  to 
detect  electronic  structures  in  semiconductors.  It  holds  both  advantages  of  high  sensitivity  of 
electric  measurements  and  high  resolution  of  optical  measurements,  so  it  is  popularly  used  in 
weak  optical  absorption  measurements.  Both  intrinsic  and  extrinsic  photoconductivity  can  offer 
information  of  deep  traps.  But  compared  to  intrinsic  photoconductivity  (IPC),  by  analyzing  the 
transient  and  steady-state  or  modulation  photoconductivity  at  different  wavelength,  one  could 
directly  get  information  about  the  energy  position,  capture  cross  section,  density  of  deep  traps 
and  relaxation  time  of  excess  carriers  from  extrinsic  photoconductivity  (EPC).  Another 
advantage  of  EPC  is  a  long  penetrating  length  due  to  its  relatively  small  absorption  coefficient. 
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Because  absorption  through  the  sample  in  EPC  is  much  more  uniform  than  in  IPC,  the  effect  of 
surface  recombination  can  be  ignored  in  the  case  of  EPC.  Pankove  and  Berkeyheiser  [9]  were 
first  authors  employing  the  PC  spectroscopy  to  study  GaN  sample  which  were  Zn-doped  films 
grown  by  the  chloride  transport  method.  Recently  C.H.  Qiu  et  al[10]  reported  PC  measurement 
of  GaN  samples  of  unintentionally  heavily  n-type  doped  and  p-type  Mg  doped  films  grown  by 
metalorganic  chemical  vapor  deposition  (MOCVD).  Wide  deep  state  distributions  were 
observed,  and  no  discrete  deep  levels  was  found  in  their  results.  The  sensitivity  of  PC 
measurement  depends  on  resistance  of  the  sample.  The  higher  resistance  the  sample  has,  the 
higher  the  sensitivity  will  be.  In  this  letter  we  report  an  EPC  measurement  of  a  unintentionally 
high  resistance  n-type  GaN  film  in  the  energy  range  between  1.44  and  1.75  eV  through  a 
metal-semiconductor-metal  (M-S-M)  system.  Two  deep  levels  at  1.44  and  1.56  eV  are  found  and 
studied. 

EXPERIMENT  AND  RESULTS 

The  sample  used  in  this  study  was  a  coplanar  M-S-M  structure  of  unintentionally  n-doped 
high-resistance  GaN  on  (0001)  sapphire  substrate  grown  by  LP-MOCVD.  The  M-S-M 
finger-type  patterns  were  fabricated  using  a  lift-off  technique.  The  fingers  were  3p.m  wide  and 
5.2mm  long  and  the  spacings  between  the  fingers  were  8pm.  The  Ohmic  contacts  were  formed 
by  evaporating  Al/Au  on  the  GaN  front  surface,  and  alloying  at  450°C  for  5  min.  The  I-V  curve 
of  the  sample  measured  in  the  dark  was  linear,  indicating  a  good  Ohmic  contact. 

The  exciting  light  was  from  a  Coherent  3900S  CW  Ti:Sapphire  laser  pumped  by  a  5W  Ar"^ 
laser.  The  output  light  wavelength  of  the  Ti:Sapphire  laser  was  adjustable  between  710nm  and 
860nm.  The  output  laser  light  was  focused  on  the  surface  of  the  sample.  The  focused  light  spot 
totally  covered  the  measured  M-S-M  pattern.  The  steady-state  photoconductivity  spectrum  was 
measured  and  we  found  that  the  photoconductivity  is  much  lower  than  the  dark  conductivity,  i.e., 
the  concentration  of  excess  carrier  caused  by  illumination  is  much  lower  than  thermal 
equilibrium  carrier  concentration.  Then  the  modulation  photoconductivity  measurement  was 
performed.  A  DC  voltage  was  supplied  to  the  M-S-M  structure  through  a  series  sampling  resistor 
whose  resistance  was  much  smaller  than  the  measured  sample.  The  output  voltage  across  the 
sampling  resistor  was  then  detected  through  a  lock-in  amplifier.  All  measurements  were  operated 
at  room  temperature. 

Fig.  1  EPC  spectra  of  GaN  sample  under 
different  electrical  field  strength. 
Chopping  frequency:  39.4Hz. 
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Fig,  1  are  typical  EPC  spectra  of  the  measured  GaN  sample.  Prior  to  EPC  measurement,  the 
sample  was  kept  at  room  temperature  under  dark  for  a  long  time  to  let  it  arrive  thermal 
equilibrium.  During  EPC  measurement  the  chopper  frequency  was  set  at  39.4Hz,  and  the  DC 
electrical  field  strength  were  3.75,  The  spectra  have  been  normalized  to  equal  incident  photon 
density.  From  Fig.l,  we  see  clearly  two  absorption  band  as  marked  by  A  and  B  in  both  spectra. 
According  to  the  classical  method  for  determining  depth  of  the  trap  levels  from  EPC,  we  can 
obtain  the  ionization  energy  of  two  deep  states  from  the  long-wavelength  edge  of  the  bands  as 
1.44eV  and  1.56eV,  respectively.  Since  the  GaN  film  is  unintentionally  n-type  doped,  both  levels 
are  electron-occupied  under  thermal  equilibrium.  That  means  the  EPC  signal  comes  from  the 
transition  from  deep  levels  to  the  conduction  band.  We  can  conclude  that  there  are  two  levels 
with  energy  of  i.44eV  and  1.56eV  under  the  conduction  band.  As  seen,  we  also  find  that  the 
shapes  of  EPC  peaks  are  weakly  dependent  on  the  applied  electrical  field  strength,  which  will  be 
discussed  elsewhere[l  1]. 

The  relation  between  PC  signal  and  incident  photon  intensity  is  very  useful  to  analyze  the 
injection  condition.  Fig.  2  shows  the  relation  of  responsibility  to  incident  optical  power  intensity 
of  both  level  A  and  B.  The  curve  B  is  almost  linear,  while  the  curve  A  behaves  slight  nonlinearly. 
The  linearity  of  curve  B  indieates  that  the  stimulating  optical  power  intensity  we  use  is  due  to 
small-injection  and  the  relaxation  time  of  excess  carriers  is  independent  on  incident  optical 
power  intensity.  But  in  the  case  of  large  optical  power  we  use  the  nonlinearity  of  curve  A  shows 
deviation  from  small-injection  condition  and  the  relaxation  time  of  excess  carriers  weakly 
depends  on  incident  optical  power  intensity. 


Fig.  2  Relation  of  PC  signal  to 
incident  optical  power  density  at 
1.50eV  (A)  and  1.65eV  (B). 
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The  dependence  of  PC  signal  on  chopping  frequency  of  incident  light  stimulation  is 
informative  of  relaxation  time  of  excess  carriers.  Those  relations  for  level  A  and  B  are  displayed 
in  Fig.  3  and  Fig.  4,  respectively.  Both  curves  can  be  well  fitted  by [12] 


Act  =  A(T„  tanh  - — - 

0  4t/ 


(1) 


where  Aoo  is  the  steady-sate  photoconductivity,  t  is  the  relaxation  time  of  excess  carriers  and  f  is 
the  chopping  frequency.  From  the  equation  we  determine  the  relaxation  time  of  excess  carriers 
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stimulated  from  level  A  and  B  as  2.5xl0  Vc  and  LSKlO'^^sec,  respectively. 


Chopping  Frequency  (Hz) 


Fig.  3  Dependence  of  PC  signal 
on  chopping  frequency  of 
incident  lightwith  energy  of 
l.SOeV. 


Fig.  4  Dependence  of  PC  signal 
on  chopping  frequency  of 
incident  light  with  energy  of 
1.65eV. 
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DISCUSSION 

For  a  single  level  extrinsic  photoabsorption  in  an  n-type  semiconductor,  usually  one  has  the 
rate  equation  under  illumination  by  a  monochromatic  light  with  energy  larger  than  ionization 
energy  but  less  than  bandgap  as 

qJ(mo- i^)-C(An(no+ N  ] -mo+n' +  Isn)  (2) 

dt 

where  no  is  the  thermal  equlibrium  electron  concentration,  Ni  is  the  total  concentration  of  the 
localized  level  studied,  mo  of  which  are  occupied  by  electrons  in  the  dark,  a  is  the  electron 
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capture  coefficient  of  the  level  from  the  conduction  band,  q  is  the  cross  section  for  optical 
absorption  by  bound  electrons,  J  is  the  incident  photon  flux  density,  n’=Ncexp[-(Ec-Et)/kT] 
with  Ec,  the  bottom  energy  of  the  conduction  band  and  Et,  the  energy  level  of  the  localized  state. 
Here  we  assume  quantum  efficiency  for  photon  absorption  is  1.  Solving  the  Eqn  (2)  leads  to  an 
expression  for  the  steady-state  photoconductivity,  Aoo  under  small-injection  condition  as 

- - 

qj  +  a{nQ+N ,  -niQ+n') 

Here,  e  is  the  charge  of  electron  and  m  is  the  electron  mobility  of  the  GaN  sample.  From  Eqn  (3) 
we  can  calculate  the  optical  absorption  cross  section  of  bound  electrons,  q  and  densities  of 
electrons  of  electrons  occupying  on  both  levels.  All  parameters  of  level  A  and  B  are  summarized 
in  Table  I.  There  we  ignore  the  difference  between  Ni  and  mo  because  of  level  depth  as  large  as 
1.44  and  1.56eV,  and  use  100cm2A/'s  as  an  evaluated  value  for  electron  mobility  of  the  GaN 
sample. 


TABLE  I  Parameter  of  level  A  and  B 


Level 

Ec-ET(eV) 

relaxation  time(sec) 

Density(cm'^) 

optical  cross-section(cm^) 

A 

1.44 

2.5x10'^ 

1.8x10^ 

1.5x10'*^ 

B 

1.56 

1.8x10'^ 

2.5x10^ 

2.7x10'^^ 

SUMMARY 

We  have  measured  EPC  of  LP-MOCVD  grown  high-resistance  GaN  film.  The  results  indicate 
that  there  are  two  major  deep  levels  locate  at  1.44eV  and  1.56eV.  Two  principal 
phenomenological  parameters,  cross  section  for  optical  absorption  by  bound  electrons  and 
relaxation  time  corresponding  to  transitions  between  deep  levels  and  the  conduction  band  have 
been  obtained  together  with  the  densities  and  energy  positions  of  deep  levels. 
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ABSTRACT 

Phonon-plasmon  scattering  in  non-resonant  Raman  spectroscopy  is  used  to  determine  the 
free  electron  concentration  in  Si  doped  GaN  films.  For  various  doping  concentration  and  variable 
temperature  the  correlation  with  magneto-transport  data  is  established.  The  freeze-out  of  the 
carrier  concentration  at  low  temperature  is  thus  observed  in  a  purely  optical  detection  scheme. 
We  observe  a  very  long  transient  time  of  several  hours  for  the  carrier  concentration  as  a  reaction 
to  temperature  variation.  This  indicates  an  indirect  capture  and  emission  process  with  a  very  small 
cross  section.  The  value  of  the  Faust-Henry  coefficient  is  determined. 

INTRODUCTION 

Assessment  of  electronic  transport  properties  in  group-III  nitrides  are  a  basic  necessity  for 
both  revealing  the  fimdamental  physics  and  as  a  standard  characterization  of  process  parameters. 
Magneto-transport  measurements  are  typically  performed  to  derive  free  electron  concentration 
and  electron  mobilities  in  Van-de-Pauw  or  Hall  bar  electrical  contact  schemes  [1-3].  A  convenient 
purely  optical  method  is  to  study  the  interaction  of  the  free  electron  plasma  with  the  phonons  of 
the  lattice  in  Raman  spectroscopy  [4-6].  Within  a  wide  range  of  device  relevant  doping  levels,  i.e. 
free  electron  concentrations  this  technique  provides  a  fast  contactless  method  to  both  determine 
the  parameters  on  an  area  defined  only  by  the  focal  size  of  the  used  laser  beam  or  imaging  of 
wafer  size  areas.  Due  to  the  spectroscopic  character  of  the  technique  further  information  of  the 
system  under  investigation  is  obtained  simultaneously. 

Established  in  other  binary  compound  semiconductors,  i.e.  GaAs  the  method  has  been 
applied  to  GaN  to  derive  the  coupling  parameters  of  the  system  [5]  and  determine  the  carrier 
concentration  in  samples  under  large  hydrostatic  pressure  in  diamond  anvil  cells  [6].  In  this  paper 
we  provide  additional  information  on  the  sign  of  the  Faust-Henry  coefficient  and  compare  data 
obtained  in  Raman  spectroscopy  with  magneto-transport  results.  We  investigate  a  series  of  Si 
doped  samples  at  various  doping  levels  and  also  present  the  temperature  dependence. 

EXPERIMENTAL 

A  series  of  nominally  undoped  and  Si  doped  GaN  films  were  grown  by  metalorganic  vapor 
phase  epitaxy  (MOVPE)  on  (0001)  sapphire  in  two  different  reactors  [3].  Doping  and  magneto¬ 
transport  data  of  the  samples  are  presented  in  Table  1.  Raman  spectroscopy  was  performed  using 
120  mW  of  the  476.5  nm  line  of  an  Ar  ion  laser  and  matching  narrow  band  dielectric  band 
blocking  filters.  Spectra  at  variable  temperature  and  various  polarization  were  taken  in 
backscattering  geometry. 
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RESULTS 


The  coupling  of  the  lattice  phonon  and  the  free  electron  plasmon  is  described  in  an 
oscillator  model  of  the  dielectric  function  s(o}). 


g(«>)^li  tOL-t^T _ Op 

Eq  ©(©-iy) 


(1) 


where  ©  is  the  photon  frequency,  ©l  and  ©x  the  longitudinal  and  transverse  optical  phonon 
frequencies,  respectively.  F  is  the  phonon  damping  coefficient.  Op  =e^N/(EoErm*)  is  the 
square  of  the  plasma  frequency  connecting  to  the  free  electron  concentration  N.  The  carrier 
mobility  is  related  to  the  electron  scattering  frequency  y. 

Raman  scattering  in  two  distinct  configurations  z(x,x)z  and  x(z,z)x  (Cartesian 
coordinates)  geometry  is  shown  in  Fig.  1.  The  selection  rules  (Fig.  1)  [7]  are  well  obeyed  and 
allow  for  an  interpretation  of  the  relative  intensities  and  /x  of  the  Ai(LO)  and  Ai(TO)  modes. 
The  ratio  can  be  related  to  the  Faust-Henry  coefficient  C  by  [8,4]: 


+  ©l" 

.4 

(  2  2  ^ 

v© 

+  0)^/ 

©L 

) 

Fig.  1:  Non-resonant  Raman  scattering  in  backscattering 
geometry  of  a  low  doped  GaN/sapphire  film  in  two  different 
orientations  along  with  the  selection  rules.  In  this  sample  the 
sapphire  mode  is  very  weak. 


where  ©  j  is  the  laser  frequency. 
Solving  for  C  we  find  two  roots 
C  G  {0.4,-5.2} .  In  a  previous 
work  only  C=0.4  was  found  [5]. 

In  order  to  determine  the 
sign  of  C  we  compare  the 
measured  intensities  of  the 
Ai(LO)  with  the  calculated  ones 
[6,5]  for  samples  with  various 
electron  concentrations.  In  Fig. 
2  room  temperature  z(x,-)z 
spectra  scaled  to  the  intensity  of 
the  electron  concentration 
independent  E2  mode  are 
presented  along  with 
from  magneto-transport  [3].  We 
find  that  for  increasing 
concentration  the  LO  mode 
decreases  in  peak  height.  From 
a  simulation  of  the  lineshape  and 
the  absolute  intensity  compared 
to  the  unaffected  E2  mode  we 


568 


find  that  this  corresponds  to  the 
negative  value  of  C  =  -5.2. 

Values  ^Raman  from  the 
interpretation  of  the  lineshape  are  also 
collected  in  Table  I.  The  carrier 
mobility  was  assumed  to  be  identical  to 
the  value  fi’om  the  transport 
measurement  RHall-  We  find  good 
agreement  for  the  derived  carrier 
concentrations.  The  assumption  of  a 
constant  mobility  in  both  experiments  is 
typically  good  in  the  limit  of  high 
mobility  [5],  For  low  mobility  values 
typically  shows  higher  values 

than  optically  derived  mobilities. 

This  originates  in  the  different 
weighing  of  the  scattering  events. 

Similar  effects  have  been  described 
comparing  cyclotron  resonance, 
optically  detected  cyclotron  resonance, 

Shubnikov-de-Haas  effect  with  Hall- 
effect  in  GalnAs  quantum  well  systems 
[9],  In  principle  for  the  macroscopic 
property  only  the  projection  of  the 
scattering  event  along  the  drift  direction 
matters,  whereas  for  the  microscopic 
detection  any  scattering  direction 
destroys  the  particle  of  the  coupled 
mode.  A  detailed  analysis  is  currently 
under  way. 

In  the  next  step  we  correlate  the  phonon-plasmon  coupled  mode  with  transport  data  as  a 
function  of  temperature.  Fig.  3  gives  the  center  of  the  E2  mode  in  the  range  of  16  K  -  95  K.  A 
total  shift  of  1.72  cm"l  is  found.  The  linewidth  3.0  ±  0.4  cm“l  varies  very  little.  A  similar  shift  of 
the  Ai(LO)  mode  and  the  sapphire  mode  is  found  for  the  little  doped  sample  S.bxlO^^ 

cm"3.  The  self  energy  effects  will  be  considered  elsewhere. 

A  fiill  set  of  spectra  at  various  temperatures  were  taken  on  the  higher  Si  doped  sample 

Table  I:  Data  for  Si  doped  MOVPE  GaN/sapphire  films,  NjjqR  and  p}jall  refer  to  free  electron 
concentration  and  mobility  from  magneto-transport.  NRaf^an  ond  pRaman  data  from 

the  Raman  study.  All  data  represent  room  temperature  values. 


Sample 

A 

B 

C 

D 

E 

F 

G 

^Hall  (lO^^cm-^) 

'undoped' 

3.5 

8.6 

10 

17 

50 

300 

^Raman  (IO^^cm-3) 

<5 

7 

9 

4 

10 

35 

MHall  (cm^/Vs) 

- 

- 

410 

240 

190 

355 

230 

Wavenumber  (1/cm) 

Fig.  2:  Raman  spectra  of  GaN  films  with  various  Si 
doping  levels  scaled  to  the  intensity  of  the  E2  mode. 
The  lineshape  and  intensity  of  the  A  j(LO)  -plasmon 
coupled  mode  is  sensitive  to  the  free  electron 
concentration.  From  comparison  with  calculations  we 
find  C=^-5.2.  In  this  material  an  additional  sapphire 
mode  at  750  cm~^  is  seen. 
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NHair^  5x10^^  cm"^  (Fig.  4).  The 
whole  temperature  cycle  consists  of 
a  1.5  h  cool  down  phase,  a  17  h 
settling  time  and  a  3  h  warm  up 
phase.  The  spectra  at  the  various 
extreme  points  are  displayed  in 
Fig.  5.  Starting  at  room  temperature 
only  a  weak  contribution  of  the 
Ai(LO)  mode  is  found  on  the 
background  of  the  sapphire  mode. 
Lowering  the  temperature  a 
monotonically  growing  and 
narrowing  LO  mode  is  observed. 
From  a  fit  to  the  lineshape  of  the 
coupled  mode  we  derive  a  total 
decrease  in  the  free  electron 
concentration  from  S.SxlO^^  cm"^ 
to  ~lxl0l^  cm"3.  During  the 
subsequent  settling  time  without 
laser  irradiation  the  temperature 


0  50  100  150  200  250  300 


Temperature  (K) 

Fig.  3:  Center  of  the  E2  mode  as  a  junction  of 
temperature  for  N}JqII=5x10^^  cm'^.  The  absolute 
position  is  sample  dependent. 


varies  little  however,  there  is  a  considerable  change  observable  in  the  coupled  mode.  We  derive  an 


electron  concentration  as  low  as  <  SxlO^^  cm-3.  During  the  long  warm  up  phase  under  laser 


irradiation  a  similar  retardation  with  a  time  constant  of  2  —  3  h  in  the  change  in  the  LO  mode  is 


observed.  Reaching  a  temperature  of  265  K  the  mode  is  still  veiy  well  pronounced  superseding 


the  mode  right  after 
cool-down.  This 

indicates  that  the 
carrier  concentration 
has  not  yet  reached  its 
equilibrium  room 
temperature 
concentration.  During 
the  whole  temperature 
cycle  the  correct 
sample  temperature  is 
directly  monitored 
from  the  position  of 
the  E2  mode. 

DISCUSSION 


The  tempera-  Wavenumber  (1/cm) 

ture  induced  freeze-  pjg^  4-  phe  Al(LO)  phonon  range  at  various  temperatures.  A 
out  of  the  free  electron  significant  transient  time  for  the  carrier  concentration,  i.e.  lineshape 
concentration  is  observed.  The  sample  temperature  is  monitored  in  parallel  by  the 

E2  mode. 
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directly  observed  in  the  lineshape  and 
position  of  the  Al(LO)  mode.  The 
total  variation  of  the  derived  con¬ 
centration  is  equivalent  to  the  freeze- 
out  behavior  observed  in  the 
magneto-transport  experiment 
presented  before  (Sample  No  4  in 
Ref  [3]).  This  allows  for  a  direct 
correlation  of  the  two  methods  to 
derive  free  electron  concentration  in 
a  contactless  optical  method. 

The  strong  variation  of  the 
mode  shape  during  the  very  long 
settling  time  indicates  a  very  slow 
electron  capture  and  emission  rate 
from  the  donor  site.  Comparing  with 
the  settling  time  during  the 
temperature  variation  we  find  time 
constants  for  both  emission  and 
capture  in  the  order  of  2-3  h. 
Considering  the  small  binding  energy 
of  the  Si  donor  these  long  time  scales  indicate  the  participation  of  intermediate  steps  and  possibly 
reacting  partners.  Likely  candidates  are  participating  acceptors  or  mobile  compensating  defects. 
The  typically  highly  defective  crystal  structure  of  epitaxial  GaN  films  offers  a  high  density  of 
possible  impurity  and  complex  partners. 

These  findings  provide  important  hints  for  a  dynamical  compensation  mechanism  active  in 
GaN  thin  films  and  possibly  also  in  devices. 
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ABSTRACT 

We  present  the  results  of  a  theoretical  study  of  the  2D  electron  gas  mobility  at  a  Alj^Gaj. 
^N/GaN  heterointerface.  All  standard  mechanisms,  including  scattering  by  acoustic  and  optical 
phonons,  and  remote  and  background  (residual)  impurities  have  been  included  in  our  calculation 
of  theoretical  mobility  limits  in  a  Al^Gal.J^N/GaN  structure.  Comparison  of  calculations  with 
experimental  mobilities  obtained  from  high  quality  MCXUVD  grown  Al^  ijCa^  gjN/GaN 
heterostructures  shows  that  the  low  temperature  mobility  in  these  samples  is  dominat^  by 
scattering  from  ionized  impurities,  with  a  smaller  contribution  from  acoustic  phonons. 

INTRODUCTION 

Because  of  its  large  tunable  direct  bandgap,  ranging  from  3.4  to  6.2  eV,  and  high  saturation 
drift  velocities  for  electrons,  Al^Gaj.j^N  is  ideally  suited  for  high  power,  high  temperature 
electronic  devices.  Recent  research’’^’^'^  on  Al^Ga,.^N/GaN  heterostructures  has  confirmed  the 
possibility  of  creating  a  two-dimensional  electron  gas  (2DEG)  at  the  heterointerface,  with 
mobilities  greater  than  7000  cm^A^  s  and  sheet  carrier  concentrations  greater  than  6  x  10‘^  cm  ^  In 
addition,  the  fabrication  of  high  electron  mobility  transistors  (HEMTs)  and  heterostructure  field 
effect  transistors  (HFETs)  with  operation  frequencies  in  the  GHz  range  has  demonstrated  the 
potential  for  developing  devices  for  high  power  microwave  applications^’®.  In  the  future,  as  the 
quality  of  these  films  increases  and  a  better  control  over  the  doping  is  achieved,  improvements  in 
device  characteristics  and  in  the  electron  mobilities  in  these  films  can  be  expected.  However, 
despite  the  recent  experimental  work,  there  have  been  no  published  calculations  of  the  highest 
electron  mobilities  that  might  potentially  be  obtained  from  these  heterostructures,  taking  into 
account  the  two  dimensional  nature  of  the  election  gas.  Thus  far,  all  estimates  of  the  mobilities 
have  used  a  three  dimensional  approximation^  which,  though  accurate  at  room  temperature,  is  not 
suitable  for  low  temperatures  and  cannot  properly  describe  the  scattering  from  remote  impurities, 
which  is  the  most  important  characteristic  of  modulation  doped  structures. 

ELECTRONIC  STRUCTURE  OF  THE  CONFINED  ELECTRON  GAS 

The  physical  configuration  of  a  Al^^Ga^.^^N/GaN  heterostructure  is  shown  in  figure  1.  During 
growth,  which  occurs  by  metalorganic  vapor  phase  epitaxy  (MOVPE),  neither  film  is  intentionally 
doped.  However,  such  nominally  undoped  films  have  been  shown  to  have  carrier  concentrations 
ranging  from  10‘®  to  10‘*  cm’^.  Due  to  the  GaN’s  higher  affinity  for  electrons  than  Al^Gaj.^N, 
electrons  from  the  Al^Gaj.^^N  are  transferred  to  the  GaN,  where  they  accumulate  near  the 
interface*.  The  concentration  of  charges  in  that  vicinity  along  with  the  ionized  donors  remaining  in 
the  Alj^Gaj.jjN  produces  a  strong  electric  field  perpendicular  to  the  interface,  bending  the 
conduction  bands.  This  confines  tiie  electron  gas  and  leads  to  a  quantization  of  the  energy  band 
structure,  as  shown  in  the  figure  Calculating  the  energy  levels  and  wavefunctions  for  the  2DEG 
involves  solving  the  Poisson  and  Schrodinger  equations  self-consistently.  Previous  work*’’”  has 
shown  that 


Vo(^,y,2) = ^  “■’(“2^) 
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(1) 


provides  a  reasonably  good  approximation  to  the 
wavefunction  for  the  ground  state,  where  ^  is 
the  two-dimensional  plane  wave  and  b  is  a 
variational  parameter  which  depends  on  the 
electric  field  strength.  We  have  found  that  for  our 
system,  this  expression  gives  a  ground  state 
energy  which  is  only  a  few  percent  higher  than 
that  obtained  by  numerical  means.  Of  course,  this 
wavefunction  assumes  that  there  is  negligible 
penetration  of  the  electron  density  into  the  alloy 
region. 

Using  expression  (1)  for  the  wavefunction  of 
electrons  in  the  lowest  energy  band,  we  have 
calculated  the  energies  of  the  lowest  two  bands  as 
a  function  of  die  two-dimensional  electron 
concentration  for  an  aluminum  fraction  of  15%. 

The  results  are  shown  in  figure  2  and  indicate  that 
for  electron  concentrations  greater  than  2  x  10’^ 
cm‘^,  more  than  one  band  is  filled.  For  sheet 
electron  concentrations  greater  than  this  value,  the  mobility  is  lowered  by  interband  scattering.  In 
addition,  if  many  bands  are  filled,  the  gas  becomes  less  confined  and  loses  its  two-dimensional 
character  if  its  width  becomes  greater  than  either  the  DeBroglie  wavelength  or  the  mean  free  path 
of  the  electrons. 

One  of  the  advantages  of  intentionally  doped  modulation  heterostructures  is  the  ability  to 

separate  the  2  DEG  from  the  donors  by  a 
spacer,  which  in  this  case  would  consist  of  an 
undoped  Al^Gaj.^N  layer  grown  in  between  the 
doped  Alj^Gai.j^N  and  the  pure  GaN.  The 
additional  distance  between  the  two  layers 
reduces  the  effectiveness  of  the  Coulomb 
scattering  of  the  electrons  in  the  GaN  by  the 
remote  donors  in  the  doped  Al^Gaj.^N, 
increasing  the  mobility  of  the  2  DEG. 
However,  the  introduction  of  the  spacer  also 
has  the  detrimental  effect  of  reducing  the 
concentration  of  electrons  transferred  from 
those  remote  donors  to  the  GaN  well.  In  figure 
3,  the  sheet  electron  concentration  as  a  function 
of  the  concentration  of  donors  in  the  Al^Gaj.^N 
layer  is  shown  for  a  number  of  different  spacer 
widths.  To  facilitate  comparison  with  3D 
structures,  we  note  that  the  range  of  sheet 
carrier  concentrations  shown  in  the  figure 
corresponds  to  bulk  electron  concentrations 
from  5  X  10'^  cm’^  to  3  x  10'^  cm'^  within  the 
well. 


Figure  2.  Energy  of  lowest  two  quantized 
energy  levels  and  Fermi  level  as  a  function 
of  2D  carrier  concentration. 


Figure  1.  Schematic  representation  of  a 
Al^Ga^  ^N/GaN  heterostructure,  showing 

ionized  donors  (o),  neutral  donors  (•), 
lowest  two  quantized  energy  levels,  and 
Fermi  level. 


MOBILITY  CALCULATIONS 

Our  calculations  of  the  electron  mobility  in  Al^Gaj.^N/GaN  heterostructures  are  based  on  an 
approach  used  previously  to  calculate  mobilities  in  Al^Caj.^As/GaAs  heterostructures  [11].  We 
incorporate  all  of  the  standard  scattering  mechanisms,  including  contributions  from  acoustic 
phonons  (through  deformation  potential  and  piezoelectric  mode  scattering),  optical  phonons,  the 
remote  ionized  donors  found  in  the  Al^Ga^.^N  alloy,  and  any  residual  charged  centers  in  the  GaN. 
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Spacer 
Width  (A) 


In  our  calculations,  we  have 
assumed  an  aluminum  fraction  of 
15%  and  that  only  the  lowest 
band  is  occupied  by  electrons  so 
that  interband  scattering  can  be 
neglected  at  low  temperatures. 

The  contributions  from  all 
mechanisms  except  for  optical 
phonons  were  cdculated  using 
the  wavefunction  above.  Since 
optical  phonons  in  GaN  have 
such  a  high  energy  (90.5  meV) 
the  scattering  rate  due  to  this 
mechanism  will  be  the  sum  of 
many  highly  inelastic  interband 
and  intraband  scattering 
processes.  Such  scattering  ruins 
the  confinement  of  the  electron 
gas  by  smearing  out  the  electron 
density.  Because  many  bands 
over  a  wide  range  of  energies 
must  be  considered,  it  is 
justifiable  to  use  a  three 
dimensional  approach  to  calculate  the  optical  phonon  contribution  to  the  scattering.  One 
mechanism  that  has  been  neglected  in  our  calculations  is  alloy  disorder  scattering,  as  our 
wavefunction  assumes  that  there  is  no  carrier  density  in  the  AlJGal.3^N.  However,  in  the  case  of 
Al^Gaj.jjAs/GaAs,  it  has  been  shown  that  this  mechanism  is  important  only  in  very  high  purity, 
high  mobility  heterostructures. 


q  1000 


Remote  Donor  Concentration  (cm'^) 

Figure  3.  2D  electron  concentration  plotted  as  a  func¬ 
tion  of  concentration  of  donors  in  the  Al^  j^Ga^g^N  layer. 


Table  1 


Parameter 
density  (g/cm^) 

Eo 

LO  phonon  energy  (meV) 

m*/mo 

lattice  parameter  a^ 
acoustic  phonon  velocity  (cm/s) 
piezoelectric  constant  (hj^)  (V/cm) 
deformation  potential  (eV) 

The  materials  parameters  used  in  the  calculation  are  shown  in  table  1  above.  All  values  were 
taken  from  the  literature  except  for  the  deformation  potential.  In  order  to  estimate  this  parameter, 
we  took  advantage  of  the  fact  that  the  best  data  on  2DEG  in  the  Al^^Gai.^N/GaN  system  show 
mobilities  as  high  as  7500  cmVV  s  at  low  temperature,  as  well  as  a  clear  temperature  dependence. 
The  low  temperature  mobility  in  systems  with  high  electron  concentrations  (such  as  the  carrier 
concentration  of  6  x  10’^  cm‘^  found  in  this  sample)  is  dominated  by  ionized  impurity  scattering 
and  scattering  by  acoustic  phonons  through  the  deformation  potential.  Since  only  the  acoustic 
phonon  scattering  is  temperature  dependent,  we  were  able  to  estimate  the  deformation  potential  by 
matching  the  slope  of  calculated  mobilities  to  that  of  the  experimental  mobilities,  using  the 
deformation  potential  as  the  fitting  parameter.  As  the  carrier  concentration  of  the  sample  was  6  x 
10’^  cm'^,  indicating  that  many  energy  bands  were  filled,  we  used  a  3-D  approximation  to 


Value 

6.1 

9.9 

5.35 

90.5 
0.21 
4.52 
6.6  x  10® 

4.28  X  10"  [Ref.  1] 
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calculate  the  mobilities.  Though  the  exact  width  of  the  electron  gas  was  unknown,  we  obtained 
values  from  8.0  eV  to  9.5  eV,  with  most  between  8.0  eV  and  8.5  eV,  using  a  range  of  reasonable 
widths. 


RESULTS 


Mobilities  for  2D  and  3D  electron  gases 
do  not  differ  much  in  terms  of  their 
temperature  dependence.  In  both  cases,  in 
the  absence  of  ionized  scattering  centers,  the 
high  temperature  mobility  is  limited  by 
optical  phonon  scattering,  with  acoustic 
phonon  scattering  becoming  the  dominant 
mechanism  at  temperatures  below  roughly 
140  K.  Figure  4  shows  a  mobility  vs. 
temperature  curve  for  a  remote  donor 
concentration  of  5.6  x  10^^  cm’^  and  a  200  A 
spacer.  Depending  on  the  concentration  of 
ionized  impurities.  Coulomb  scattering  may 
be  dominant  at  only  very  low  temperatures 
(in  the  case  of  relatively  pure  samples),  or  at 
all  temperatures  (in  the  case  of  highly  doped 
samples). 

At  room  temperature,  the  electron 
mobility  in  GaN  is  dominated  by  optical 
phonon  scattering  and  thus  there  is  no 
advantage  of  a  2  DEG  over  bulk  GaN. 

However,  at  low  temperatures,  the  difference  is  dramatic,  as  can  be  seen  in  figures  5A  and  5B.  In 
both  cases,  the  total  mobility  is  almost  completely  determined  by  scattering  from  the  ionized 
donors  which  provide  the  carriers.  However,  in  the  heterostructure,  where  these  impurities  are 
some  distance  removed  from  the  carriers,  the  effect  of  Coulombic  scattering  is  much  less  and  the 
highest  achievable  mobilities  are  one  to  two  orders  of  magnitude  greater  than  in  the  bulk  case. 


Temperature  (K) 

Figure  4.  Plot  of  mobility  v.  temperature  for 
a  2  DEG  at  a  Aj^  j^Ga^^^N/GaN  interface. 


Bulk  carrier  concentration  (cm'^) 


Remote  Donor  Concentration  (cm'^) 


Figures  5A  and  5B.  Calculated  electron  mobilities  for  bulk  GaN  (A)  and  for  a  2  DEG  (B)  at 
a  Al- ,  .Ga_  ..N/GaN  heterointerface  at  4  K.  Contributions  from  acoustic  phonons  (Def,  Piezo) 
and  ionized  impurities  (Coul,  Remote  Imp)  are  shown,  as  well  as  the  total  mobilities.  The  ion¬ 
ized  impurity  curves  lie  within  the  linewidth  of  the  total  mobility  curves. 
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In  addition,  unlike  the  3D  case 
in  which  it  is  impossible  to 
remove  Coulombic  scattering 
centers  without  reducing  the 
electron  concentration  in  the  same 
proportion,  in  the  2  DEG  case, 
one  can  reduce  the  effect  of 
ionized  impurity  scattering  by 
simply  growing  a  spacer,  as 
discussed  above.  Figure  6  shows 
the  effect  on  the  low  temperature 
nwbility  of  growing  an  undoped 
AlojjGao.ssN  layer  of  various 
thicknesses  in  between  the  GaN 
and  doped  Alo  i5Gao85N  layers. 
As  the  spacer  width  increases,  the 
electron  mobility  increases  to  the 
point  where  scattering  from 
acoustic  phonons  rather  than 
remote  donors  becomes  the 
dominant  mechanism. 

Of  course,  as  the  spacer  width 
increases,  the  transfer  of  electrons 
from  the  Al^Gaj.jjN  to  the  GaN 
becomes  less  efficient  as  well. 


Spacer 

width  (A) 


Remote  Donor  Concentration  (cm'^) 


Figure  6.  Mobilities  as  a  function  of  remote  donor 
concentration  for  a  variety  of  spacer  widths.  The 
dotted  line  is  the  limit  set  by  acoustic  phonon 
scattering. 


For  many  device  applications,  such  as  transistors,  the  conductivity  of  the  material,  which  is 
proportional  to  the  product  of  the  carrier  concentration  and  the  mobility,  is  as  important  as  the 
mobility.  In  figure  7,  the  maximum  conductivity  that  can  be  achieved  by  adjusting  the  remote 
doping  level  in  the  range  10'^  cm'^  to  10^  cm'^  is  shown  for  three  different  temperatures  as  a 
function  of  spacer  width.  At  300K,  where  optical  phonons  are  the  limiting  factor  in  the  mobility, 
the  optimum  spacer  width  is  small,  as  it  is  more  important  to  transfer  as  many  electrons  as 
possible  to  the  GaN  to  give  a  large  sheet  carrier  concentration.  At  low  temperatures,  however,  a 
larger  spacer  width  is  desired,  since  this  decreases  the  scattering  due  to  remote  ionized  dopants, 

which  is  the  dominant  scattering  mechanism 
at  low  temperatures. 

Up  to  now,  we  have  assumed  the  GaN 
layer  to  be  completely  free  of  ionized 
impurities.  This  will  ^  tme  if  the  only 
defects  in  the  GaN  are  donor-like. 
However,  there  will  always  be  some 
residual  acceptor-like  impurities  which  will 
be  compensated  by  the  excess  of  electrons 
and  thus  contribute  to  ionized  impurity 
scattering  in  a  way  which  is  very  similar  to 
the  3D  case.  Figure  8  shows  the  mobilities 
at  4K  of  two  heterostructures  as  a  function 
of  remote  donor  concentration.  A 
background  charged  impurity  concentration 
of  10’^  cm'^  was  assumed  for  the  GaN 
layer.  In  order  to  obtain  the  maximum 
mobility,  the  Aloi5Gao85N  layer  of  the 
,  .  . .  stmcture  with  the  100  A  spacer  should  be 

Figure  7.  Maximum  2D  conductivities  for  doped  more  heavily  than  the  one  without  a 

remote  doping  concentrations  in  the  range  spacer.  Although  the  scattering  due  to 

10’^  cm'^  to  10^®  cm'^  at  three  temperatures.  remote  dopants  is  increased,  the  increased 

electron  concentration  reduces  the  scattering 
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due  to  the  residual  impurities  in  the  GaN, 
increasing  the  overall  mobility.  In  order 
to  approach  the  low  temperature  phonon 
mobility  limit,  the  residual  donor 
concentration  must  be  reduced  below  1 0’^ 
cm■^ 

CONCLUSIONS 

We  have  presented  the  results  of 
theoretical  calculations  of  the  electron 
mobility  for  a  2  DEG  at  a  Al^Ga^.^N/GaN 
heterointerface,  showing  that  with  the 
proper  structure  and  material  purity,  low 
temperature  mobilities  of  several  million 
should  be  attainable.  We  have  also 
determined  the  deformation  potential 
parameter  in  GaN  by  comparing 
theoretically  calculated  mobilities  with 
experimen^ly  measured  mobilities  from 
high  quality  Alg  j5GaQ  85N/GaN  hetero- 
structures. 
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Remote  Donor  Concentration  (cm'^) 

Figure  8.  Mobilities  in  an  Al^ 

heterostructure  as  a  function  of  remote  donor 
concentration  for  two  different  spacer  widths 
and  a  background  impurity  concentration  of 

10^^  cm'^.  The  thin  lines  show  contributions 
from  remote  and  residual  impurities  for  the 
100  A  spacer  case. 
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ABSTRACT 

Electron  Spin  Resonance  (ESR)  and  related  methods  have  been  used  to  study  defects 
in  GaN  and  in  Al^Gai.^^N  ternary  alloys.  In  particular.  Light-induced  ESR  of  a  thick 
MOCVD  grown  layer  of  GaN  shows  that  the  ESR  signature  of  the  deep  defect  appears  for 
excitation  energies  >  2.6  eV  and  saturates  above  2.7  eV.  This  information  provides  a  direct 
measure  of  the  energetic  level  position  of  the  diamagnetic  to  paramagnetic  transition  of 
this  center.  Furthermore,  standard  ESR  investigations  of  MBE-grown  layers  of  AUGai-^^N 
alloys  were  performed  with  emphasis  on  the  effective-mass  donor  resonance.  Composition 
and  temperature-dependent  measurements  of  the  resonance  position  are  presented. 

INTRODUCTION 

Two  major  centers  present  in  almost  all  GaN  samples  independent  of  fabrication  method 
are  of  special  interest:  the  effective-mass  donor  giving  rise  to  the  n-type  conductivity  of 
nominally  undoped  GaN  layers,  and  the  deep  defect  which  is  related  to  the  yellow  lumines¬ 
cence  band  at  2.2  eV  being  a  concurrent  recombination  path  to  the  excitonic  recombination. 
Electron  spin  resonance  (ESR)  in  combination  with  optical  excitation  (Light-induced  ESR) 
can  not  only  provide  information  about  defect  specific  quantities  such  as  number  of  spins 
but  furthermore  about  energetic  levels  of  diamagnetic  to  paramagnetic  transitions  of  centers 
located  in  the  bandgap  and  about  excitation  dynamics. 

EXPERIMENTAL 

In  this  paper  we  report  on  ESR  and  LESR  studies  on  MOCVD  GaN  and  MBE  AlGaN 
layers.  The  10  fim  thick  nominally  undoped  GaN  epitaxial  layer  was  grown  by  metal-organic 
chemical  vapor  deposition  (MOCVD)  on  a  sapphire  substrate  at  a  rather  high  growth  rate  of 
about  15  (j,m/h.  The  sample  exhibits  a  particularly  strong  2.2  eV  luminescence  band  at  4  K, 
as  shown  in  Fig.  1(a).  This  indicates  that  a  large  number  of  defects  is  present  in  the  sample, 
as  necessary  for  ESR  measurements.  The  AUGai_j;N  films  were  grown  by  plasma-induced 
MBE  (PIMBE)  on  sapphire  substrate  with  thicknesses  varying  between  .5  and  3  fim.  The 
A1  concentrations  were  determined  by  elastic  recoil  detection  analysis  (ERDA)  and/or  the 
Co  lattice  constant  from  X-ray  deflection  (XRD)  measurements.  For  samples  with  no  ERDA 
data  availlable  a  cross-calibration  was  used  to  correct  XRD  data  for  strain  and  additional 
shifts.  A1  mole  fractions  ranged  from  0  to  80%. 

The  ESR  measurements  were  performed  in  a  standard  X-band  spectrometer  with  mi¬ 
crowave  powers  of  the  order  of  20  to  430  mW.  With  an  Oxford  liquid  helium  cryostat, 
temperatures  in  the  range  from  4-70  K  were  achieved.  In  order  to  evaluate  the  g  tensor 
components  angle-dependent  measurements  were  made,  although  all  wavelength-resolved 
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Figure  1:  (a)  PL  spectrum  of  the  MOCVD  GaN  layer,  (b)  top:  ESR  spectra  of  the  sample  at  4  K  in  the 
dark  and  under  illumination;  bottom:  numerical  difference  (LESR)  spectrum.  The  line  shape  is  fitted  with 
two  lines:  a  95  G  broad  gaussian  at  =  1.997  and  a  narrow  lorentzian  at  5  =  1.949,  indicated  by  the  broken 
line. 


spectra  were  recorded  with  the  sample’s  c-axis  oriented  perpendicular  to  the  external  mag¬ 
netic  field  Hq.  Background  ESR  lines  due  to  the  sapphire  substrate  were  eliminated  by 
special  orientations  of  the  samples.  The  LESR  was  excited  with  either  single  Ar+  ion  laser¬ 
lines  or  the  light  of  a  200  W  Hg(Xe)  lamp,  where  different  wavelengths  from  360  nm  to 
2000  nm  were  selected  with  the  help  of  interference  filters.  The  absolute  photon  fluxes  onto 
the  sample  under  different  illumination  conditions  were  determined  using  a  UV-sensitive 
calibrated  silicon  photo-diode. 

LEVEL  POSITION  OF  THE  DEEP  DEFECT 

Typical  ESR  and  LESR  spectra  with  c  ±  Ho  are  shown  in  Fig.  1(b).  The  LESR  signal  is 
dominated  by  a  broad  resonance  g  =  2.00  and  a  smaller  signal  at  ^  =  1.95.  The  lines  are 
well  fitted  by  two  derivative-like  structures:  a  Aifpp  =  95  G  broad  Gaussian  at  ^  =  1.997  and 
a  narrow  Lorentzian  at  ^  =  1.949.  In  terms  of  resonance  parameters  the  broad  line  is  identical 
to  the  yet  unidentified  deep-defect  (DD)  resonance  observed  in  ODMR  investigations  [1,  2]. 
The  g  value  of  1.95  and  the  Lorentzian  lineshape  of  the  narrow  line  lead  to  the  assignment 
to  effective-mass  (EM)  donors  known  from  ESR  experiments  [3]. 

The  dependence  of  the  LESR  signal  intensity  of  the  DD  resonance  on  the  energy  of  the 
exciting  photons  is  shown  in  Fig.  2(a).  For  excitation  energies  >  2.6  eV  the  LESR  signal 
shown  in  Fig.  1(b)  is  observable,  with  the  signal  intensity  saturating  for  energies  >  2.7 
eV.  The  solid  line  in  Fig.  2(a)  represents  a  fit  of  the  LESR  signal  intensity  based  on  the 
assumption  of  a  Gaussian  density-of-states  distribution  centered  around  =  2.65  ±  0.05 
eV  and  having  a  full  width  at  half  maximum  of  AE  =  0.05  eV.  This  threshold  energy  is 
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Figure  2:  (a)  Excitation-energy  dependence  of  the  LESR  signal  amplitude  of  the  DD  resonance.  The 
data  is  well  described  by  an  excitation  from  a  level  2.65  eV  below  the  conduction  band  having  a  FWHM  of 
50  meV.  (b)  Time-dependence  of  the  same  signal  under  alternating  white-light  illumination.  Two  distinct 
processes  can  be  well  seperated;  a  fast  increase  due  to  instant  ionisation  of  defects,  and  a  slow  rise  due  to 
the  evolving  global  equilibrium. 


similar  to  the  onset  of  the  PLE  as  reported  by  Ref.  [4].  However,  the  LESR  saturates  at  2.7 
eV  while  the  PLE  continues  to  increase. 

The  straight-forward  interpretation  of  this  observation  is  the  optical  excitation  of  elec¬ 
trons  from  the  deep  defect  level  at  Eq  —  =  2.65  eV,  as  indicated  on  the  left  side  of 

Fig.  3.  Possible  transitions  are  an  intra-center  excitation  of  the  deep  defect  as  well  as  a 
transfer  of  an  electron  to  an  EM  donor  or  the  conduction  band.  An  intra-center  excitation 
would  lead  to  a  triplet  ESR  signal  which  is  not  observed.  The  change  in  the  intensity  of  the 
EM  resonance  indicates  that  only  about  10  %  of  the  electrons  are  transfered  from  the  DD 
to  this  state.  The  remainder  most  probably  is  conduction  band  electrons  which  cannot  be 
observed  in  conventional  ESR  due  to  short  spin  relaxation  times.  Due  to  a  large  electron 
phonon  coupling,  the  excited  electrons  partially  thermalize  to  a  lower  energy  level.  After 
radiative  recombination  giving  rise  to  the  yellow  luminescence,  the  defect  relaxes  back  to  its 
initial  ground  state. 

Time-dependent  measurements  of  the  LESR  signal  intensity  provide  further  quantitative 
information  about  the  excitation  process.  Fig.  2(b)  shows  the  time-dependence  of  the  DD 
signal  intensity  in  the  dark  and  under  illumination  with  white  light.  One  can  clearly  observe 
two  distinct  processes:  a  relatively  fast  exponential  increase  with  a  time  constant  of  about 
30  s  saturating  at  an  LESR  spin  density  of  1  x  10^®  cm”^,  and  a  superimposed  slow  rise  of 
the  LESR  spin  density  at  an  almost  constant  rate  of  4  x  10^^cm~®s“\  only  present  under 
UV  illumination.  Only  after  several  hours  of  illumination  saturation  of  the  slow  component 
was  observable,  allowing  an  estimate'of  the  saturation  spin  density  of  8  X  10^®  cm“^  for 
the  slow  process.  When  switching  off  the  light  source,  the  fast  component  relaxes  back 
to  its  initial  value  with  a  rate  faster  than  the  experimental  resolution  of  5  s,  whereas  the 
signal  intensity  gained  by  the  slow  process  remains  constant  at  low  temperatures.  Only 
warming  up  the  sample  to  above  room  temperature  restores  the  initial  ESR  signal.  Such 
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Figure  3:  Configuration  diagram  of  the  excitation  and  relaxation  process  leading  to  the  yellow  lumines¬ 
cence.  Optically  excited  carriers  quickly  thermalize  into  the  potential  minimum  of  the  excited  state  emitting 
phonons.  Concurrently,  they  recombine  radiatively  to  the  ground  state,  where  they  further  thermalize. 


a  fast  excitation  process  is  expected  for  electronic  transitions  from  the  strongly  localized 
deep  defect  to  a  state  with  an  extended  electronic  wave  function.  On  the  other  hand,  upon 
illumination,  electrons  have  to  be  transferred  across  grain  boundaries  for  a  global  steady 
state,  giving  rise  to  a  slow  component.  Accordingly,  when  the  exciting  source  is  removed,  a 
part  of  the  carriers  recombines  instantly,  whereas  in  inhomogeneous  material  in  regions  with 
a  low  concentration  of  defects  a  surplus  of  electrons  remains  mobile.  Their  back-diffusion  is 
prevented  by  potential  fluctuations,  traps  or  grain  boundaries,  so  that  a  total  equilibrium 
can  only  evolve  very  slowly. 

5- VALUE  SHIFT  OF  THE  EM  RESONANCE  FOR  VARYING  A1  CONTENT 

From  previous  ESR  investigations  it  is  known  that  all  n-type  GaN  layers  exhibit  a  strong, 
lorentzian-shaped  resonance  around  g  =  1.95  with  a  slight  anisotropy  of  0.003  [3].  This 
line  is  due  to  extended  effective-mass-like  states  of  a  donor  band  close  to  the  conduction 
band.  Therefore,  the  line  position  reflects  the  conduction  band-edge  g-value,  since  the  wave 
functions  of  these  states  are  dominated  by  band  edge  states.  A  simple  five-band  k  •  p 
perturbation  approach  accounts  for  the  observed  value  of  g  [3]. 

Recent  work  on  AUGai_j,N  alloys  with  Al  mole  fractions  of  up  to  .26  by  the  same  author 
show  similar  resonances  at  slightly  shifted  g  values  [5].  This  shift  is  due  to  composition 
dependent  contributions  of  the  relevant  phenomena,  especially  acting  on  the  fundamental 
bandgap  Eq  and  the  spin-orbit  coupling  term  of  the  second  conduction  band  Aq.  Carlos  used 
the  perturbation  approach  to  reasonably  explain  an  almost  linear  shift  for  lower  Al  content. 

Our  data  is  shown  in  Fig.  4(a).  Besides  a  good  agreement  with  the  data  of  Carlos  for 
lower  Al  concentrations,  the  experimentally  determined  g  values  for  higher  Al  fractions  seem 
to  be  lower  than  expected  from  the  linear  fit,  although  the  difference  being  smaller  than  the 
experimental  uncertainty.  It  has  to  be  noted  that  we  have  experimental  evidence  for  a  similar 
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Figure  4:  (a)  5-value  shift  of  the  EM  resonance.  The  circle  indicates  a  similar  defect  in  terms  of  resonance 
parameters,  (b)  Temperature-dependence  of  the  resonance  position  in  Al.arGa.esN.  A  more  pronounced 
Overhauser  shift  as  compared  to  the  data  of  Carlos  for  GaN  are  observed.  Additionally,  above  35  K  the 
depolarizing  effect  is  enhanced. 


resonance  in  terms  of  linewidth,  saturation  behaviour  and  relaxation  times  in  the  Al.64Ga.36N 
sample  at  a  value  of  1.974,  indicated  by  the  circle  mark  in  Fig.  4(a).  Unfortunately,  we  were 
not  able  to  detect  any  EM  resonance  signal  for  Al  concentrations  higher  than  that.  These 
findings  suggest  a  possible  non-linear  contribution  to  the  ^-value  shift.  These  could  result  in 
second-order  corrections  to  the  relevant  parameters  in  the  k  •  p  approach  and  a  non-zero  Aq 
in  AIN  which  Carlos  did  not  take  into  account.  Further  corrections  could  be  introduced  by 
a  change  in  the  EM-type  character  of  the  defect  for  higher  Al  content,  or  an  even  stronger 
effect  due  to  the  appearance  of  an  additional  defect  being  hidden  in  the  conduction  band 
for  low  Al  fractions.  This  is  supported  by  recent  calculations  of  defect  scattering  in  AlGaN 
alloys  [6]. 

Additional  changes  occur  at  higher  Al  concentrations  concerning  the  anisotropy  ■-  g^.. 
Our  measurements  indicate  a  decreasing  anisotropy  for  increasing  Al  fractions,  whereas  in  the 
Al.37Ga.63N  sample  no  anisotropy  could  be  resolved  experimentally.  This  could  be  explained 
by  a  reduced  spin-orbit  coupling  at  the  Al  atoms  consistent  with  the  reduced  g  shift,  although 
some  anisotropy  due  to  crystal  field  splitting  should  remain.  Furthermore,  the  admixture  of 
more  localized  contributions  from  an  additional  defect  could  reduce  the  amount  of  anisotropy. 

OVERHAUSER  SHIFT  IN  Al.37Ga.63N 

Further  phenomena  effect  the  magnetic-field  position  of  this  line.  Previous  investigations 
have  shown  the  existence  of  an  Overhauser  shift  for  this  resonance  in  GaN  [3,  7].  This 
S-field  shift  results  from  an  averaging  of  spatially  extended  electrons  over  the  nuclear  spin 
system  yielding  a  modified  hyp  erfine- interact  ion  term  AE  =  A-  (Z^),  where  A  is  the  hyperfine 
interaction  parameter  and 

(/4  =  /(/  +  i)^B  (1) 
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is  the  ensemble  average  of  the  nuclear  spin  polarization.  This  shift  in  energy  directly  trans¬ 
forms  into  a  magnetic  field  shift. 

The  experimental  findings  are  shown  in  Fig.  4(b)  in  comparison  with  the  data  of  [3]  for 
GaN  which  have  been  shifted  and  scaled  in  magnetic  field  to  account  for  the  different  reso¬ 
nance  position  in  GaN.  One  can  clearly  observe  a  much  stronger  effect  in  AlGaN  compared 
to  GaN.  This  is  probably  due  to  the  larger  A1  nuclear  spin  of  7  =  |  compared  to  |  for  Ga 
nuclei  and  a  larger  electronegativity.  Furthermore,  the  slope  drastically  changes  for  temper¬ 
atures  above  35  K.  Possible  explanations  concern  different  parameters  to  the  B  shift.  In 
case  of  different  nuclei  dominating  the  effect  above  35  K,  gn  and  7  are  affected.  Additionally, 
a  localization  effect  due  to  an  increase  in  the  electron  concentration  could  account  for  part 
of  the  change  in  slope.  Furthermore,  thermal  emission  or  detrapping  of  mobile  electrons 
with  faster  relaxation  times  (e.  g.  conduction-band  electrons)  would  result  in  an  accelerated 
nuclear  depolarization  and  thus  affect  (7^). 

CONCLUSIONS 

We  have  performed  electron  spin  resonance  investigations  on  GaN  and  AlGaN  layers 
with  A1  concentrations  of  up  to  80%.  LESR  measurements  on  MOCVD  grown  GaN  supply 
a  direct  measure  of  the  excitation  energy  of  the  DD  signature  and  lead  to  the  determination 
of  the  energetic  position  of  this  defect  as  Eg  —  E^d  =  2.65  ±  0.05  eV.  Time-dependent 
LESR  measurements  reveal  further  information  about  the  excitation  and  relaxation  processes 
involved.  Additional  ESR  studies  on  the  EM  donor  resonance  position  in  AlGaN  alloys 
including  A1  mole-fraction  dependent  and  temperature-dependent  measurements  exhibit  a 
strong  influence  of  the  A1  admixture  in  terms  of  cation  spin-orbit  splitting  and  nuclear  spin 
resulting  in  a  decrease  of  the  ^r- value  shift  and  a  more  pronounced  Overhauser  shift. 
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ABSTRACT 

As  part  of  the  feasibility  study  of  using  III-V  nitride  semiconductors  for  x-ray 
and  y-ray  detection,  the  irradiation  effects  on  GaN  were  investigated.  GaN  films  with 
very  different  electrical  resistivity  and  electron  concentration  were  used  in  the  study. 
The  electron  mobility,  photoconductivity  spectra,  and  photo-luminescence  spectra 
were  measured  before  and  after  irradiation.  An  enhanced  product  for  undoped 
GaN  films  and  an  enhanced  blue  luminescence  for  a  Zn-doped  sample  were  observed 
after  irradiation. 

INTRODUCTION 

The  ability  to  detect  x-rays  and  gamma  rays  is  of  great  importance  since  it 
makes  possible  a  variety  of  analysis  and  imaging  techniques.  However,  the  popular 
use  of  these  techniques  has  been  limited  by  the  need  to  operate  the  radiation 
detectors  at  cryogenic  temperatures.  Over  the  years,  many  semiconductor  materials, 
such  as  CdZnTe,  Hgl2,  and  diamond  have  been  developed  for  uncooled  x-ray 
detection[l,2].  CdZnTe  and  Hgl2  are  very  promising  materials,  however,  there  are 
problems  associated  with  the  intrinsic  softness  and  chemical  activity.  In  comparison, 
InGaN  materials  are  unique  in  that  they  exhibit  superior  hardness  and  chemical 
inertness  than  CdZnTe  and  Hgl2,  an  x-ray  absorption  coefficient  comparable  to  Ge, 
and  a  bandgap  energy  more  favorable  than  that  of  diamond.  Compared  to  other  III- 
V  semiconductors,  the  qiix  product  of  InGaN  might  be  much  larger  since  many 
defects  in  III-V  nitrides  (such  as  dislocations)  do  not  contribute  to  undesired 
recombination[3,4].  In  this  paper,  experimental  results  of  irradiation  effects  on  GaN 
thin  films  are  presented.  An  enhanced  ripx  product  was  found  after  irradiation, 
potentially  benefiting  x-ray  detection. 

EXPERIMENTAL  DETAILS 

Four  samples  were  irradiated  with  a  synchrotron  x-ray  beam  at  4  keV  for  48 
hours.  Three  samples  were  irradiated  with  a  Co-60  source  for  17  days.  Before  and 
after  the  irradiation,  each  sample  was  characterized  by  photoconductivity  and 
photoluminescence  (PL)  spectroscopy.  The  dosage  of  each  sample  is  listed  in  table  1. 

Film  GNZN  is  a  Zn-doped  GaN  grown  by  chloride  transport  method[5],  with  a 
resistivity  of  4.5x10^  Q-cm  at  room  temperature.  Other  samples  are  undoped  n-type. 
Sample  06203  and  67639,  also  grown  by  chloride  transport  method,  had  Hall  bars  and 
were  used  to  study  irradiation-induced  changes  in  electron  concentration  and 
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mobility.  The  other  four  samples  were  growr\  by  metalorganic  CVD,  and  the  electron 
mobility  at  room  temperature  was  in  the  range  of  73  to  360  cm^/V-sec. 


Table  I.  A  list  of  the  irradiation  dosage  and  radiation  energy  for  the  samples  studied. 
The  electron  concentration  of  the  undoped  n-type  samples  spans  over  two  orders  of 
magnitudes. 


Samole  # 

Thickness  fpm) 

Do.sage  IRadsl 

Radiation  Energv 

n  Ccm'^l 

- ijp - 

GNZN 

100 

1.8x10^ 

4keV 

— 

06203 

30 

6.1x10^ 

4keV 

1.1x10^^ 

67639 

4.0 

4.5x10^ 

1.2  MeV 

1.3x10^^ 

ML190 

0.9 

4.5x10^ 

1.2  MeV 

9.6x10^^ 

CQ1107 

1.0 

4.5x10^ 

1.2  MeV 

5.3x10^^ 

CQ511 

3.0 

3.1x10^° 

4keV 

1.4x10^^ 

CQ918 

1.5 

2.6x10^° 

4keV 

1.3x10^^ 

RESULTS  AND  DISCUSSIONS 

After  x-ray  irradiation,  the  conductivity  of  sample  06203  decreased  by  2.4%, 
while  the  electron  mobility  increased  from  114.5  cm^/V-sec  to  123  cm^/V-sec.  After  y- 
ray  irradiation,  the  conductivity  of  sample  67639  increased  by  6.4%,  while  the 
electron  mobility  decreased  from  80  to  79.1  cm^/V-sec.  Thus,  it  seems  that  the 
radiation-induced  changes  in  electron  mobility  and  concentration  are  very  small. 

The  photoconductivity  was  measured  using  lock-in  technique.  The  light 
intensity  at  3.4  eV  was  0.2  pW/cm^.  Other  measurement  details  were  the  same  as 
described  elsewhere[6].  To  ascertain  irradiation-induced  changes  in  the  ti|it  product, 
the  same  excitation  light  source,  a  Halogen  lamp  operated  at  the  same  voltage,  was 
used  for  photoconductivity  measurements  before  and  after  irradiation.  Furthermore, 
an  un-irradiated  GaN  sample  was  used  to  calibrate  the  light  spectrum  at  the  exit  slit 
of  the  monochromator.  The  ri|LiT  product  in  this  work  was  defined  as  {mix)e  + 
to  include  the  contribution  of  both  electrons  and  holes  to  photoconductivity,  and  was 
calculated  from  the  photoconductivity  data.  After  irradiation,  all  the  samples 
exhibited  higher  qiLiT  product,  as  illustrated  in  Fig.  1.  PC  data  were  not  collected  from 
sample  GNZN,  because  it  became  conducting  as  a  result  of  a  spark  (a  high  voltage  of 
>1500  V  due  to  power  supply  malfunction  was  accidentally  applied  across  the  0.9 
mm  gap  on  GNZN). 

The  T||J,T  product  in  Fig.  1  was  calculated  from  the  photoconductivity  response 
of  GaN  films  in  the  UV  wavelengths.  If  there  were  some  increase  in  the  density  of 
gap  states  which  acted  as  hole  traps,  the  electron  lifetime  would  become  longer.  The 
photoconductivity  spectra  were  normalized  at  3.6  eV  to  reveal  possible  changes  in 
the  subband  gap  wavelength  region.  Fig.  2  shows  typical  cases  of  normalized 
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♦  Before  Irradiation 
■  After  Irradiation 


n  (cm”^) 


Fig.  1.  Both  x-ray  irradiation  and  y-ray  irradiation  improve  the  Tjpx  product,  and  the 
radiation-induced  change  seems  to  be  smaller  for  more  resistive  samples.  The  sample 
number  can  be  looked  up  in  Table  I  using  the  electron  concentration  data. 


photoconductivity  spectra  before  and  after  irradiation.  For  sample  ML190,  the 
sample  with  the  least  ri|XT  increase  in  Fig.  1,  the  two  normalized  spectra  were  almost 
identical,  i.e.,  the  increase  in  photoconductivity  was  the  same  at  all  the  wavelengths. 
For  sample  CQ918,  the  sample  with  the  largest  ti|xt  increase  in  Fig.  1,  Fig.  2  indicates 
a  bigger  increase  in  photoconductivity  in  the  subband  gap  wavelength  region  than 
the  UV  region  after  irradiation.  Similar  changes  in  the  normalized  spectra  were 
observed  for  sample  CQ511.  In  the  subband  gap  region,  the  normalized 
photoconductivity  is  given  by [6]: 

Y(hv)  =  read  (1), 

where  a  is  the  optical  absorption  coefficient,  d  is  the  film  thickness,  and  re  is; 

re  =  I(TlpT)e]@hv/[(Tlll4  +  (TlpT)h]@3.6  eV  (2). 

Thus,  an  increase  in  Y  indicated  an  increase  in  re  and/or  a.  However,  film  CQ1107 
exhibited  a  different  behavior:  the  photoconductivity  in  the  subband  gap  wavelength 
region  is  increased  only  slightly  after  irradiation,  while  increased  much  more  in  the 
UV  region.  As  a  result,  the  normalized  spectra  exhibited  a  decrease  in  the  subband 
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optical  absorption,  is  increased  after  the  irradiation.  The  lifetime  t  may  depend  on 
the  photon  energy  [7],  and  exhibits  different  changes  upon  irradiation. 


Photon  Energy  (eV) 


Fig.  2.  Normalized  photoconductivity  spectra  before  and  after  irradiation  for  samples 
ML190,  CQ918,  and  CQ1107.  For  clarity,  the  data  for  different  sample  was  displaced 

by  a  factor  of  100. 


PL  spectra  of  the  samples  were  measured  before  and  after  irradiation  both  at 
room  temperature  and  at  3.4  K.  The  change  in  PL  spectra  due  to  irradiation  is  very 
small  as  shown  in  Fig.  3  for  several  samples.  In  both  PL  and  photoconductivity 
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PL  Intensity  (a.  u.) 


measurement,  the  biggest  change  was  observed  from  sample  CQ918,  the  sample  with 
the  highest  electron  concentration.  The  yellow  luminescence  peak  became  slightly 
weaker.  Slightly  stronger  yellow  luminescence  was  observed  for  sample  CQ1107  and 
ML190.  The  effect  of  x-ray  radiation  on  Zn-doped  sample  GNZN  seemed  to  be 
similar  to  the  effect  of  electron  beam  irradiation,  i.  e.,  the  blue  luminescence  is 
enhanced  by  irradiation  as  originally  observed  by  Akasaki's  group[8].  Sample  CQ511 
also  exhibited  a  slightly  enhanced  blue  luminescence  at  room  temperature.  Below 
160  K,  this  sample  had  strong  D-A  pair  emission,  indicating  the  presence  of  acceptor 
impurities. 


Fig.  3.  Photoluminescence  spectra  before  and  after  irradiation  measured  at  room 
temperature  under  identical  conditions. 
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SUMMARY 


Enhanced  run:  product  in  undoped  n-type  GaN  films  was  observed  after 
irradiation,  and  the  irradiation-induced  change  is  smaller  for  more  resistive  undoped 
materials.  This  effect  may  make  the  detector  more  sensitive  during  usage.  After 
irradiation,  the  yellow  luminescence  intensity  is  slightly  changed,  and  the  biggest 
change  was  observed  for  a  sample  with  the  biggest  change  in  photoconductivity. 
Enhanced  blue  luminescence  was  observed  in  a  Zn-doped  GaN  after  x-ray 
irradiation.  Since  x-ray  detectors  are  normally  made  of  resistive  materials,  the  latter 
effect  deserves  further  study. 
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ABSTRACT 

Deep  centers  were  studied  in  GaN  samples  grown  by  organometaUic  vapor  phase  epitaxy 
(OMVPE).  Electron  traps  0.2  eV  and  0.5  eV  below  conduction  band  edge  and  0.25  eV  and  0.5- 
0.85  eV  above  the  valence  band  edge  were  detected  by  means  of  deep  levels  transient  spectroscopy 
(DLTS),  photoelectron  relaxation  spectroscopy  (PERS)  and  thermally  stimulated  current 
spectroscopy  (TSC).  The  photoconductivity  at  low  temperature  is  shown  to  be  persistent  and  the 
magnitude  of  photosensitivity  is  dependent  on  the  way  the  samples  are  grown. 
Microcathodoluminescence  (MCL)  and  electron  beam  induced  current  (EBIC)  measurements 
indicate  that  the  density  of  deep  recombination  centers  near  the  dislocation  w^s  between  the 
misoriented  GaN  domains  is  lower  than  inside  the  domains.  Spatially  resolved  PERS 
measurements  show  that  the  concentration  of  the  0.85  eV  level  is  higher  in  the  low  angle  grain 
boundary  regions  that  produce  bright  contrast  in  EBIC  and  MCL. 

INTRODUCTION 

GaN  is  a  wide  band  gap  ni-V  material  with  potentially  important  applications  in  short  wave  length 
optoelectronics  and  in  high  power/  high  frequency/  high  temperature  electronics  [1].  For  most 
devices  now  under  development  for  such  applications  the  detailed  knowledge  of  deep  centers 
spectra  and  of  the  unifoimity  of  deep  centers  distribution  is  of  vital  importance.  Some  infonnation 
regarding  these  issues  can  be  found  in  the  literature  [2-5, 7, 8].  DLTS  [2,3]  and  photocapacitance 
spectroscopy  [4,5]  studies  have  been  reported  by  several  groups  and  revealed  the  presence  of 
several  electron  traps  with  energies  ranging  from  0.2  to  2.5  eV  and  with  concentrations  in  the  10^^- 
10^^  cm'^  range.  Admittance  spectroscopy  [6]  measurements  carried  out  on  p-GaN  samples 
allowed  to  determine  the  activation  energy  of  the  dominant  shallow  acceptors  in  ^is  material  [7]. 
MCL  [8]  studies  indicate  a  certain  correlation  between  surface  morphology  features  such  as 
hillocks  and  the  intensity  of  the  band  edge  and  yellow  luminescence  [9]  bands.  Still,  more  has  to 
be  done  in  applying  such  methods  to  GaN.  In  this  paper  we  present  the  results  of  capacitance- 
voltage  (C-V),  current-voltage  (I-V),  capacitance-frequency  (C-f),  DLTS  and  conductance  (at 
various  frequencies)  versus  temperature  (G-f-T)  measurements.  These  measurements  are 
complemented  by  photoelectron  relaxation  spectroscopy  (PERS)  [10])  measurements  with  electron 
beam  excitation  and  by  thermally  stimulated  current  (TSC)  measurements.  We  also  report 
preliminary  results  on  the  distribution  of  recombination-active  defects  using  MCL  at  100  K  and 
electron  beam  induced  current  (EBIC)  measurements  at  300  K. 

EXPERIMENTAL 

GaN  samples  studied  in  this  paper  were  grown  by  OMVPE  using  a  horizontal  two-inlet  reactor, 
with  trimethylgallium  and  ammonia  as  precursors.  Growth  was  done  on  sapphire  substrates,  with 
low  temperature  GaN  buffers  either  with  or  without  a  relatively  long  (3-10  min)  pre-nitridation  step 
at  1100  “C  during  the  substrate  cleaning.  The  GaN  layers  themselves  were  grown  at  1025  °C.  The 
growth  procedure  will  be  described  in  detail  elsewhere.  Resistivities,  carrier  concentrations  and 
mobilities  of  the  samples  were  measured  using  van  der  Pauw  method.  Capacitance  and  AC 
conductance  measurements  were  made  using  an  HP  41 92 A  impedance  analyzer.  These 
measurements  were  performed  in  the  frequency  range  of  5  Hz- 13  MHz,  in  the  temperature  range 
from  80K  to  400K.  Current  measurements  were  done  with  the  help  of  HP4140A  picoammeter. 
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For  DLTS  spectra  measurements  we  used  HP  4280A  C-V/C-t  meter  with  an  external  pulse  source. 
PERS  measurements  were  perforaed  with  electron  beam  excitation  in  our  scanning  electron 
microscope.  TSC  measurements  were  done  by  cooling  the  samples  down  in  the  dark  to  80  K , 
shining  light  from  an  ultraviolet  lamp  for  half  an  hour  and  heating  the  samples  up  at  heating  rates 
•varying  from  0.05  to  0.2  K/s.  The  dark  current  was  monitored  during  the  cooling  down  stage  and 
the  thermally  stimulated  current  was  measured  during  heating  up.  MCL  and  EBIC  measurements 
were  carried  out  with  electron  beam  accelerating  voltage  of  25  kV.  Capacitance,  admittance,  PERS 
and  EBIC  measurements  were  made  on  Au  Schottky  diodes  of  approximately  1  mm  in  (Hameter 
deposited  by  vacuum  evaporation.  TSC  measurements  were  carried  out  on  samples  with  ohmic 
contacts.  Details  of  experimental  set-ups  can  be  found  in  [10-12]. 

RESULTS  AND  DISCUSSION 


Most  of  the  measurements  discussed  in  this  paper  were  made  on  two  GaN  samples:  sample  #1 
with  electron  concentration  of  8 10^’  cm'^  and  sample  #2  with  electron  concentration  of  310“  cm‘^ 
at  room  temperature.  Room  temperature  mobilities  for  both  samples  were  about  300  cm VV  s.  Both 
samples  were  grown  on  pre-nitrided  (3  min)  sapphire  substrates. 

I-V  characteristics  of  corresponding  Schottky  diodes  are  shown  in  Fig.  1.  The  ideality  factor  for 
forward  I-V  curves  in  Fig.  1  is  1.2  for  sample  #1  and  1.1  for  sample  #2.  Understandably  the 
reverse  current  is  much  lower  and  the  series  resistance  much  higher  for  sample  #2.  This  is  reflected 
in  C-f  curves  in  Fig.2  which  show  that  the  measured  capacitance  starts  to  decrease  due  to  the  effect 
of  series  resistance  for  frequencies  higher  than  1  MHz  for  sample  #1  and  higher  than  3  kHz  for 
sample  #2.  If  the  measurements  frequency  is  chosen  well  below  these  threshold  frequencies  the 
1/C^ versus  voltage  plots  are  linear,  with  the  buOt-in  voltage  of  about  0.85  V  in  both  cases,  in  good 
agreement  with  the  reported  results  of  Au  Schottky  barrier  height  measurements  on  GaN  [13].  The 
donor  concentrations  yielded  by  these  plots  are  810^’  cm'^  for  sample  #1  and  about  10“  cm'^  for 
sample  #2,  in  reasonable  agreement  with  van  der  Pauw  measurements. 


Voltage  ( V ) 


Fig.l.  Current- voltage  characteristics 
for  samples  #1  and  #2. 


Fig.  2.  C-f  characteristics  for  samples  #1  and  #2, 


For  sample  #1  DLTS  measurements  were  marginally  possible  and  corresponding  spectrum  for 
reverse  bias  of  -1  V,  excitation  pulse  of  0  V  with  duration  of  200  ms,  and  for  time  windows  of  0.2 
ms  and  200  ms  is  shown  in  Fig.  3.  Two  electron  traps  with  levels  at  about  0.2  and  0.5  eV  below 
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the  conduction  band  and  concentration  of  about  10^^  cm'^  could  be  detected.  These  traps  are  similar 
to  the  ones  reported  previously  in  [2,3]- 

No  DLTS  measurements  could  be  done  on  sample  #2  because  of  the  high  series  resistance.  Hence 
we  tried  to  do  G-f-T,  PERS  and  TSC  measurements  to  derive  information  on  deep  traps  in  this 
sample.  In  G-f-T  measurements  (or  admittance  spectroscopy)  one  is  monitoring  the  temperature 
dependence  of  conductance  G  at  a  chosen  frequency  f  versus  temperature  or  of  capacitance  versus 

temperature.  When  the  condition  27cf=e„  (e„  being  the  electron  emission  rate  from  the  trap  in 
question)  is  satisfied  the  G  value  passes  through  a  maximum  and  a  step  is  observed  in  capacitance 
([6];  the  above  condition  corresponds  to  the  center  of  the  step,  to  be  precise).  If  such 
measurements  are  performed  for  several  frequencies  the  activation  energy  and  capture  cross-section 
of  the  traps  in  question  can  be  calculated.  Such  G-T  curves  for  frequencies  of  3  kHz,  1  kHz  and 
500  Hz  are  shown  in  Fig.  4.  From  several  such  curves  the  activation  energy  of  the  trap  was 
estimated  to  be  0.035  eV  with  the  electron  cross  section  of  10'^®  cm^ 


Temperature  ( K ) 
Fig,  3.  DLTS  spectiiim  for  sample  #1. 


Fig.4.  G-T  curves  for  sample  #2  measured  at  0  V 
for  frequencies  of  3  kHz,  1  kHz  and  500Hz 


Deeper  traps  were  studied  by  PERS  and  TSC.  In  PERS  a  reverse  biased  Schottky  diode  was 
excited  widi  a  pulse  of  high  energy  electrons  of  the  electron  beam  of  scanning  electron  microscope, 
and  the  current  transients  were  measured.  After  a  sharp  decrease  of  current  due  to  recombination, 
“tails”  in  cunent  transients  that  come  from  detrapping  of  electrons  or  holes  from  the  deep  centers 
recharged  during  the  excitation  pulse  were  observed.  If  the  transient  current  values  were  measured 
at  time  windows  t^  and  t^  (t2»ti)  and  the  difference  was  plotted  against  temperature  the  value  of 
this  current  difference  passed  through  a  maximum  each  time  the  condition  l/ti=e^  was  satisfied  for 
one  of  the  traps.  By  measuring  the  peak  position  for  different  time  windows  one  can  then 
calculate  the  activation  energy  and  capture  cross  section  for  the  traps.  It  was  also  argued  that  the 
amplitude  of  the  peak  is  proportional  to  the  concentration  of  the  traps  [10]  and  therefore  the 
uniformity  of  their  distribution  can  be  studied.  This  is  particularly  advantageous  if  the  excitation  is 
performed  by  the  electron  beam  of  a  scanning  electron  microscope  since  it  allows  to  study  the 
distribution  of  defects  on  a  microscopic  scale. 
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Fig.  5  presents  the  dominant  PERS  peak  in  sample  #2  measured  for  three  different  sets  of  t/tj  time 
windows  (coiTesponding  settings  are  indicated  near  each  curve).  From  these  measurements  the 
activation  energy  is  deduced  to  b^e  0.85  eV.  A  trap  similar  to  ours  and  giving  rise  to  a  PERS  peak  at 
about  350  K  was  observed  in  [5]  and  assigned  to  an  acceptor  center  ab^out  0.9  eV  above  the 
valence  band.  The  authors  argued  that  this  could  be  the  trap  responsible  for  the  yellow 
luminescence  band  in  GaN.  There  is  unfortunately  no  easy  way  to  find  out  whether  the  transition 
we  observe  in  PERS  is  related  to  the  conduction  band  or  the  valence  band.  If  we  assume  that  it  is 
the  same  trap  as  detected  by  PERS  and  photocapacitance  in  [5],  the  0.85  eV  activation  energy 
measured  above  should  correspond  to  hole  emission  into  the  valence  band  and  the  capture  cross 
section  for  this  trap  is  1.410'*''  cm^.  TSC  spectrum  of  sample  #2  is  shown  in  Fig,  6,  Two 
overlapping  peaks  from  traps  with  activation  energies  of  about  0.25  eV  and  0.5  eV,  as  deduced 
from  the  dependence  of  the  peak  position  on  the  heating  rate  [14],  can  be  seen.  Since  the 
measurements  were  done  on  n-type  samples  with  the  Fermi  level  only  slightly  below  the 
conduction  band  edge  only  hole  emission  from  the  recharged  traps  to  the  valence  band  should  be 
seen  under  normal  conditions.  The  temperature  of  the  second  pe^  in  TSC  somewhat  varies  from 
sample  to  sample  changing  from  about  130K  to  about  170K  probably  indicating  that  the  energy  of 
traps  responsible  for  the  peak  is  also  slightly  different.  One  very  interesting  feature  of  the  TSC 
results  is  that  photoconductivity  at  low  temperature  is  persistent:  at  temperatures  below  200  K  the 
photocurrent,  after  initial  decay  following  switching  off  the  light,  remains  at  the  same  level 
measurably  above  the  dark  current  for  many  hours.  There  are  several  possible  mechanisms  that 
could  account  for  such  persistent  photoconductivity  (PPC),  one  of  them  being  trapping  of  holes  at 
relatively  shallow  centers  that  do  not  participate  in  recombination.  Other  mechanisms  involve 
electrical  nonuniformity  of  the  samples  or  the  presence  of  traps  with  a  high  barrier  for  capture  of 
electrons. 


Temperature  { K ; 


Fig.  5.  PERS  spectra  for  sample  #2  for  three  sets  of  Fig.  6.  TSC  for  sample  #2, 
tl/t2  time  windows  settings. 

We  do  not  have  space  in  this  paper  to  discuss  in  detail  the  results  of  studies  of  persistent 
photoconductivity  (fcese  results  will  be  published  elsewhere;  it  seems  that  electrical  nonuniformity 
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of  the  samples  is  mainly  responsible  for  the  effect),  but  would  like  to  note  here  that  we  have  also 
observed  GaN  samples  without  PPG.  These  were  characterized  by  very  low  (orders  of  magnitude 
lower  than  for  sample  #2)  photosensitivity  in  the  above  band  gap  region  and  in  such  samples  only 
a  very  weak  270  K  trap  signal  was  observed  in  TSC.  The  difference  in  photosensitivity  could  be 
most  naturally  attributed  to  strong  trapping  of  holes  by  defects  giving  rise  to  TSC  peaks  at  170  K 
and  270  K.  At  the  same  time,  for  the  samples  without  PPG,  we  could  not  detect  any  measurable 
contrast  in  band  edge  MCL  or  EBIC  images,  as  opposed  to  samples  showing  strong  PPG  for 
which  the  contrast  was  very  pronounced  (see  below).  The  main  difference  between  the  two  types 
of  the  ^amples  is  the  absence  of  pre-nitridation  step  in  the  samples  with  low  photosensitivity  and 

It  should  also  be  said  that  the  TSC  cuiTent  continues  to  rise  and  remains  higher  than  the  dark 
current  for  the  highest  temperatures  used  in  these  experiments  (400K)  indicating  that  there  are  other 
deeper  centers  present  in  the  material. 

Finally  it  was  of  interest  to  see  how  uniform  is  the  disUibution  of  deep  traps  and  can  any  of  the 
u-aps  be  associated  with  certain  microdefects.  Fig.  7  shows  the  secondary  electron  image  of  the 
surface  of  sample  #2.  The  surface  is  generally  very  smooth,  but  displays  a  pattern  of  small  pits  or 
depressions  that  seem  to  define  a  cellular  structure  attributable  to  coalescence  of  slightly 
misoriented  GaN  islands  formed  during  growth  and  separated  by  low  angle  grain  boundaries. 
EBIC  image  in  Fig.  8  demonstrates  that  the  regions  around  pits  are  much  brighter  than  the  matrix 
and  reveals  the  presence  of  the  cellular  structure  with  low  angle  boundary  regions  being  again  more 
bright  than  the  matrix.  This  shows  that  the  photocurrent  is  higher  in  these  regions  and  hence  the 
density  of  recombination  centers  is  lower.  Similar  contrast  is  observed  in  band  edge  MCL,  the 
domain  walls  and  the  regions  around  the  pits  showing  substantially  higher  band  edge  MCL 
intensity.  Linear  PERS  scans  across  several  pits  and  across  domain  walls  whose  positions  were 
preliminarily  established  by  EBIC  imaging  show  that  the  density  of  0.85  eV  PERS  traps  is  about 
three  times  higher  in  the  vicinity  of  the  pits  or  the  walls  than  in  the  matrix. 


Fig.  7.  Secondary  electron  image  of  the  surface  of  Fig.  8.  EBIC  image  of  the  same  region  as  in 
sample  #2,  magnification  3000,  Fig.7. 

the  scale  is  3  jira/cm 

If  the  0.85  eV  traps  are  indeed  related  to  the  yellow  luminescence  band  their  increased 
concentration  in  the  regions  of  low  angle  boundaries  is  in  agreement  with  the  enhanced  intensity  of 
the  yellow  luminescence  band  near  the  low  angle  boundaries,  as  reported  in  [8].  At  the  same  time  it 
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shows  that  the  0.85  eV  traps  cannot  be  the  dominant  recombination  centers.  Otherwise  enhanced 
band  edge  luminescence  and  higher  electron  induced  current  would  not  be  observed  on  the  low 
angle  boundaries  in  our  samples. 

The  morphology  of  sample  #1  is  quite  different  from  that  of  sample  #2.  The  surface  is  very 
smooth,  with  occasion^  low  hillocks.  These  hillocks  give  a  much  higher  band  edge  MCL 
intensity  than  the  matrix  around  them  which  is  in  agreement  with  the  previously  published  results 
of  Ponce  et  al  [8].  The  hillocks  also  produce  a  much  higher  photocurrent  intensity  in  EBIC, 
showing,  in  agreement  with  MCL,  that  these  are  the  regions  with  lower  concentration  of  deep 
recombination-active  defects.  And  again,  as  for  sample  #2,  MCL  and  EBIC  measurements  on 
regions  free  of  hillocks  reveal  the  cellular  structure  with  the  density  of  recombination  active  defects 
much  reduced  in  the  vicinity  of  the  walls. 


CONCLUSIONS 

Our  measurements  show  that  traps  with  energies  about  0.2  eV  and  0.5  eV  from  conduction  band 
edge  and  0.25  eV  and  0.5-0.85  eV  from  the  valence  band  edge  exist  in  GaN.  The  presence  of  traps 
at  0.25  eV  and  0.5  eV  from  the  valence  band  edge  conelates  with  increased  above  band  gap 
photosensitivity  in  GaN  samples,  presumably  because  they  efficiently  trap  holes,  but  do  not 
participate  in  recombination.  T^e  results  described  above  also  strongly  suggest  that  the  regions 
adjacent  to  low  angle  boundaries  between  slightly  misoriented  GaN  domains  have  lower 
concentration  of  some  recombination  centers  but  higher  concentration  of  0.85  eV  traps  detected  in 
PERS.  That  means  that  these  traps  are  not  major  recombination  centers  in  GaN. 
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ABSTRACT 

GaN  and  Ali.^Ga^N  films  were  grovm  by  the  method  of  ECR-MBE.  Absorption 
constants  as  a  function  of  wavelength  were  determined  from  transmission  measurements. 
Photoconducting  detectors  were  fabricated  from  these  films  and  characterized  in  terms  of 
their  spectral  response  and  photoconductive  gain.  Mobility-lifetime  products  were 
determined  from  the  measurement  of  photoconductive  gain.  The  resistivity  and  mobility¬ 
lifetime  products  of  the  films  were  varied  from  lO-lO^ohm-cm  and  10'^  -10'®  cm^A^ 
respectively  by  changing  the  microwave  power  in  the  ECR  discharge  fi-om  20-60  watts. 
The  change  in  the  mobility-lifetime  product  is  attributed  to  change  in  the  lifetimes  of  the 
photogenerated  carriers.  This  assumption  is  supported  by  direct  measurement  of  detector 
response  times.  Finally,  we  report  for  the  first  time,  the  detection  of  alpha  particles  using 
GaN  detectors. 

INTRODUCTION 

Wide  bandgap  semiconductors,  predominantly  III-V  nitrides,  SiC  and  diamond, 
are  viewed  as  promising  candidates  for  production  of  blue-UV  detectors  because  the  large 
bandgap  energies  promise  low  noise  and  ‘visible-blind’  detection.  The  III-V  nitrides  are 
rapidly  becoming  the  materials  of  choice  because  they  form  a  continuous  alloy  system 
whose  direct  bandgaps  range  from  1.9eV  (InN)  to  3.4eV  (GaN)  to  6.2eV  (AIN).  Thus 
they  offer  the  potential  of  fabricating  optoelectronic  devices  which  are  sensitive  over  the 
entire  range  from  red  to  ultraviolet. 

The  two  techniques  that  have  emerged  most  successful  in  growing  good  quality 

GaN  thin  films  are  metal-organic  vapor  phase  epitaxy  (MOVPE)^’^  and  molecular  beam 
epitaxy  (MBE).^’"^  Advances  in  film  growth  techniques  have  resulted  in  the  fabrication  of 
several  devices.  Researchers  using  the  MOCVD  technique  have  reported  lasers^  LEDs^, 
detectors^  and  transistors*.  Similarly,  using  MBE  based  techniques,  researchers  have 
demonstrated  LEDs^, ultraviolet  (UV)  detectors^®  and  transistors 

In  this  paper,  we  report  on  the  performance  of  photoconducting  UV  detectors 
made  from  autodoped  n-type  GaN  and  Alj.^Ga^N  films  grown  by  electron  cyclotron 
resonance  molecular  beam  epitaxy  (ECR-MBE).  We  have  found  that  the  resistivity  and 
photoconductivity  of  the  material  can  be  varied  by  controlling  the  power  in  the 
microwave  discharge  during  film  growth.  In  addition,  we  have  investigated  the  potential 
for  the  use  of  these  devices  for  detection  of  higher  energy  radiation  and  as  single  photon 
counters.  We  report  for  the  first  time  the  detection  of  alpha  particles  using  GaN  detectors. 
Results  on  detection  of  x-rays  using  GaN  detectors  have  been  published  earlier. 
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EXPERIMENTAL  PROCEDURES 

The  GaN  films  used  in  this  study  were  grown  by  the  method  of  microwave 
plasma-assisted  electron-cyclotron  resonance  molecular  beam  epitaxy  (ECR-MBE). 
Details  of  the  gro'wth  apparatus  and  procedures  have  been  described  earlier.  Here,  we 
present -a  short  description  of  the  process.  The  deposition  system  consists  of  a  Varian 
Genii  MBE  unit  with  an  ASTeX  compact  ECR  source.  The  films  were  deposited  on 
(0001)  sapphire  substrates  whose  surface,  after  chemical  cleaning  and  thermal  outgassing, 
was  converted  to  AlN  by  exposing  it  to  an  ECR  nitrogen  plasma.  The  films  were 
deposited,  by  a  two-step  growth  process  in  which  a  buffer,  about  3 00 A  thick,  was 
deposited  at  550°C  and  the  GaN  or  Ali.^Ga^N  film  was  deposited  at  800°C.  The 
concentration  of  A1  in  the  Alj.^Ga^N  films  was  varied  by  controlling  the  Ga  to  A1  flux 
ratio  during  growth.  The  microwave  power  in  the  ECR  discharge  was  varied  from  20-60 
watts,  keeping  the  Ga,  A1  flux  constant,  for  growth  of  different  samples. 

Standard  photolithography  and  lift-off  techniques  were  used  to  pattern 
interdigitated  electrodes  on  the  films.  The  electrode  width  and  inter-electrode  spacing 
were  20  jim.  Ohmic  contacts  were  formed  by  depositing  a  thin  film  of  Ti  (200A  thick) 
followed  by  a  film  of  A1  (2000A  thick),  by  electron  beam  evaporation.  The  total  area  of 
the  device  was  estimated  to  be  0.27mm^. 

The  spectral  response  and  light  transmission  through  the  films  as  a  function  of 
wavelength  was  measured  using  a  monochromator,  illuminated  with  a  xenon  lamp.  Dark 
resistivity  of  the  films  was  calculated  by  measuring  the  dark  current  through  the  device  as 
a  function  of  bias  voltage.  Photoconductivity  measurements  consisted  of  measuring  the 
photocurrent  induced  in  the  detector  in  response  to  UV  radiation  from  a  He-Cd  laser 
emitting  at  325nm.  The  optical  power  of  the  laser  beam  was  determined  by  measuring  the 
photocurrent  from  a  calibrated  UV  enhanced  silicon  photodiode  illuminated  under 
identical  conditions  as  our  photodetector.  The  photon  flux  incident  on  the  detector  was 
estimated  to  be  about  5x10^^  photons/sec.  The  photoresponse  was  calculated  from 
measurements  of  photocurrent  produced  by  the  GaN  or  Alj.^Ga^N  detector  as  a  function 
of  wavelength  and  normalized  to  that  produced  by  the  calibrated  UV-enhanced  silicon 
photodiode  of  equal  active  area.  Timing  response  was  measured  by  recording  on  a  digital 
oscilloscope  the  response  of  the  detectors  to  Nj  laser  pulses  (337nm)  of  10ns  duration. 
Alpha  particle  detection  was  performed  by  exposing  the  detectors  to  5.5MeV  alpha 
particles  from  an  Am-241  source.  The  detector  output  was  amplified  prior  to  pulse 
shaping  and  analyzed  using  a  multi-channel  analyzer. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

The  dark  current-voltage  (I-V)  characteristics  of  the  devices  were  measured  and 
found  to  be  linear  for  bias  voltages  up  to  50V.  Beyond  this  value,  the  I-V  characteristics 
showed  some  non-linearity,  indicating  the  onset  of  space-charge  effects.  From  these 
measurements,  we  calculated  the  resistivities  of  the  GaN  films  at  room  temperature.  We 
found  that  the  resistivity  of  the  films  could  be  varied  from  10-10^  ohm-cm  by  controlling 
the  power  in  the  ECR  discharge  during  film  growth. 

From  transmission  measurements,  we  calculated  the  absorption  coefficients  as  a 
function  of  wavelength  for  the  Ali.^Ga^N  and  GaN  films. 
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Energy  (eV) 

Figure  1:  Absorption  constants  for  GaN  and  Ali.^Ga^N  films,  determined  from 
transmission  measurements. 

Figure  1  shows  the  change  in  the  bandgap  energy  as  the  A1  concentration  in  the 
films  is  increased  from  x=0  to  x=0.2. 

Spectral  response,  which  corresponds  to  the  gain-quantum  efficiency  product,  of 
the  GaN  and  AIq  o75Gao.925N  detectors  was  measured  and  the  results  are  shown  in  figure  2. 
For  each  film  the  photoresponse  drops  by  several  orders  of  magnitude  at  the  wavelength 
corresponding  to  its  bandgap  energy.  For  energies  less  than  the  bandgap,  the  quantum 
efficiency  is  dominated  by  the  absorption  constant,  and  at  energies  greater  than  the 
bandgap,  we  assume  it  remains  equal  to  one. 


Figure  2:  Spectral  response  of  GaN  and  Alo.075Gao.925N  films. 
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Similar  results  were  reported  by  Khan  and  co-workers  for  GaN  grown  by  MOVPE.^  This 
result  should  be  contrasted  with  the  spectral  dependence  of  semiconductors  such  as 
GaAs,  where  the  response  falls  abruptly  at  shorter  wavelengths,  due  to  recombination  in 
surface  states.  Thus,  the  results  of  figure  2  indicate  that  surface  states  and  surface 
recombination  are  not  significant  in  the  case  of  Ali.^Ga^N  and  GaN,  as  previously 
concluded  by  Foresi  and  Moustakas  'I  The  fact  that  the  gain  (and  therefore  the  spectral 
response)  remains  constant  for  short  wavelengths  is  important  for  detector  applications 
because  it  implies  that  detectors  with  high  responsivity  to  wavelengths  up  to  200nm  or 
less,  may  be  made  from  these  materials. 

Photoconductivity  measurements  were  made  in  order  to  determine  the  gain- 
quantum  efficiency  product  and  photoresponse  of  the  detectors  in  the  ultraviolet  region  of 
the  spectrum.  From  the  measurement  of  photoconductive  gain  (G),  we  estimated  the 
mobility-lifetime  (px)  products  by  using  the  relation 

G  =  pxV/d^, 

where  V  is  the  applied  bias  voltage  and  d  is  the  effective  width  of  the  device  .  Figure  3 
shows  the  relation  between  the  dark  resistivity  and  px-product,  as  observed  for  the 
detectors  from  these  measurements.  We  attribute  the  dramatic  change  in  the  px-product  to 
change  in  the  lifetimes  of  the  photo-generated  excess  carriers.  Direct  measurement  of 
response  time  supports  this  assumption.  Figure  4  shows  the  response  of  two  detectors  of 
different  resistivities  to  optical  pulses  from  a  N2  laser.  Response  times  of  both  detectors 
show  a  sharp  rise  time  of  about  2ns,  a  fast  component  with  a  decay  time  constant  of  20ns, 
followed  by  a  slow  component  whose  time  constant  varies  with  the  resistivity  of  the  film. 
The  detector  of  figure  4a  had  a  resistivity  of  3.3x1  O^ohm-cm  and  the  detector  of  figure  4b 
had  a  resistivity  of  2x10^  ohm-cm. 


Resistivity  (ohm-cm) 

Figure  3:  Variation  of  the  mobility-lifetime  product  with  film  resistivity,  as  determined 
from  measurements  of  photoconductive  gain. 
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Figure  4:  Response  to  N2  laser  pulses  of  GaN  detectors  of  resistivity  (a)  3.3xl0^ohm-cm 
and  (b)  2xl0^ohm-cm. 

Detection  of  alpha  particles  gives  an  estimate  of  the  performance  of  the  detector 
as  a  single  particle  radiation  detector.  In  the  case  of  GaN  detectors,  alpha  particle 
detection  was  complicated  by  the  fact  that  the  thickness  of  the  films  was  considerably 
smaller  than  the  range  of  alpha  particles  in  the  material. 


Figure  5:  Detection  of  alpha-particles  from  Am-241  source  using  a  2p.m  thick  GaN 
detector.  The  energy  deposited  in  the  detector  was  estimated  to  be  697.2keV. 
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Consequently,  the  alpha  particles  deposited  only  a  fraction  of  their  total  energy  in 
the  detector.  Figure  5  shows  the  response  of  a  2p.ni  GaN  photoconducting  detector  to 
5.5MeV  alpha  particles  from  an  Am-241  source.  The  fraction  of  energy  deposited  in  the 
film  was  estimated  to  be  697.2keV. 

CONCLUSIONS 

Ali.^Ga^N  films  with  A1  concentration  ranging  from  x=0  to  x=0.2  were  grown  by 
the  method  of  ECR-MBE  and  photoconducting  detectors  with  interdigitated  electrodes 
were  fabricated.  For  films  grown  by  the  MBE  method,  the  electrical  and  transport 
properties  of  the  films  like  resistivity  and  mobility-lifetime  products  can  be  varied  by 
controlling  the  power  in  the  ECR  discharge  during  growth.  The  detection  of  alpha- 
particles  using  GaN  detectors  has  been  reported  for  the  first  time. 
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ABSTRACT 

AIN  films  were  grown  by  plasma  source  Molecular  Beam  Epitaxy  (PSMBE)  on  n-type 
Si(lll)  substrates  under  various  growth  parameters.  I-V  and  C-V-f  dependencies  of  Al-AIN- 
Si(lll)  MIS  structures  were  measured.  Electrical  characterization  of  MIS  structures  with 
PSMBE  grown  textured  AIN  thin  films  as  insulator  shows  that  low  current  leakage  can  be 
achieved,  although  some  samples  have  rectifying  I-V  dependencies.  C-V-f  characteristics  reveal 
evidence  of  the  presence  of  different  types  of  traps.  Additional  investigations  are  needed  in  order 
to  determine  the  nature  of  these  traps. 

INTRODUCTION 

AIN  is  a  wide  bandgap  semiconductor  of  the  III-V  Nitrides  Group.  This  material  and  its 
solid  solutions  with  GaN  and  InN  are  of  current  interest  for  optoelectronics,  high  temperature 
and  high  power  device  applications,  and  for  Surface  Acoustic  Wave  sensors.  As  grown  high 
quality  AIN  is  highly  insulative,  and  possibly  can  be  used  to  fabricate  devices  such  as  MIS 
diodes  and  MISFET’s.  Of  particular  interest  is  the  growth  of  AIN  on  Si  substrates  which  are 
inexpensive  and  can  allow  for  future  integration  in  Si  technology. 

In  this  report  we  are  presenting  an  investigation  of  Al-AIN-Si  MIS  structures.  The  AIN 
layer  was  grown  on  n-type  Si(lll)  substrates  by  Plasma  Source  Molecular  Beam  Epitaxy 
(PSMBE).  This  new  technology  allows  deposition  of  high  quality  thin  films  under  ultra-high 
vacuum  conditions. 

EXPERIMENT 

AIN  was  deposited  by  PSMBE.  The  deposition  system  consists  of  a  UHV  chamber 
pumped  by  a  500  1/s  ion  pump  for  a  base  UHV  and  a  throttled  CTI  cryopump  for  use  under 
dynamic  gas  flow  conditions.  The  system  also  contains  effusion  cells  for  evaporation  and 
optical  ports  for  laser  plasma  studies  and  ellipsometry.  Ultra  high  purity  process  gases  are 
controlled  by  mass  flow  controllers  and  additional  gas  purification  is  performed  by  a  titanium  and 
copper  gettering  furnace  for  argon  and  nitrogen,  respectively.  Gas  compositions  are  monitored 
and  controlled  by  a  mass  spectrometer  connected  for  feedback  control  to  a  mass  flow  controller. 
A  differentially  pumped  35  keV  RHEED  system  is  used  for  in-situ  characterization.  This 
experimental  setup  enables  precise  control  of  deposition  parameters  (such  as  gas  flow  and  partial 
pressures,  substrate  temperatures,  plasma  densities,  r.f.  target  and  substrate  bias)  for  synthesis 
of  almost  any  thin  film  material. 

This  system  also  has  a  new  and  innovative  deposition  source-  a  hollow  cathode  plasma 
source.  This  deposition  technique  uses  a  magnetically  enhanced  hollow  cathode  lined  with  the 
target  material.  An  argon/nitrogen  plasma  is  formed  within  the  hollow  cathode.  A  low  energy 
flux  of  sputtered  atoms  stream  out  of  the  cathode  to  the  substrate.  This  method  allows  very 
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wide  ranging  parameter  control  such  as  the  flux  energy  of  the  depositing  species.  The  flux  rate  of 
each  material  can  be  independently  controlled,  allowing  precise  composition  control.  This 
deposition  technique  also  allows  very  high  target  utilization  efficiency  compared  to  other 
deposition  methods.  The  substrate  is  rotated  during  deposition  to  insure  very  uniform  thickness. 
Large  substrates  may  be  deposited  in  this  manner.  Detail  descriptions  of  this  technology  can  be 
found  in  references  [1,2]. 

For  the  present  investigation,  n-type,  phosphorus-doped  Si(lll)  substrates,  with 
resistivity  of  4-6  O-cm  were  used..  Before  deposition  the  substrates  were  cleaned  in  acetone, 
methanol,  and  then  etched  in  Hf  to  remove  oxides  and  hydrogen  terminate  the  Si  dangling  bonds. 
Different  concentrations  and  times  of  etching  were  tried.  In  some  of  the  deposition  runs.  Si 
substrates  were  annealed  inside  of  the  chamber  before  AIN  deposition  in  order  to  dissociate 
surface  hydrogen  and  reconstruct  the  Si  surface.  Surface  treatments  of  substrates  and  AIN 
growth  parameters  are  given  in  Table  I. 


Table  I.  Pre-deposition  treatments  of  Si  substrates  and  AIN  deposition  parameters. 


Sample 

number 

"Substrate 

treatment 

Substrate 
temperature,  C 

Dynamic 

pressure, 

mTorr 

Substrate 
bias,  V 

A1 

10%HF,  30  c 

450 

2 

-12 

A3 

10%HF,  30  c. 

First  200  A-400, 

1 

-1 

heating  at  850  1 

then  600. 

hour 

A4 

10%HF,  30  c, 

First  200  A-400, 

1 

-15 

heating  at  850  40 

then  600. 

min. 

A51 

15%HF,  30  c 

First  200  A-400, 

1 

-15 

A52 

15%HF,  60  c 

then  600. 

A53 

10%HF,  30  c 

A54 

10%HF,  60  c 

A55 

5%HF,  30  c 

A56 

5%HF,  60  c 

RF  power-250  W,  argon  flow  -  40  seem,  and  nitrogen  flow  -  20  seem. 


The  base  vacuum  prior  to  deposition  was  typically  in  the  10"^  -  10*’°  Torr  range.  The  thickness 
of  AIN  samples  presented  in  this  work  was  1000-1300  A.  The  crystal  properties  of  the  AIN 
thin  films  were  checked  by  RHEED,  performed  in-situ  after  growth,  and  by  conventional  0-20 
x-ray  Diffraction.  The  samples  were  shown  to  be  textured  with  a  C-axis  AIN  growth  direction. 

For  MIS  structures  A1  was  used  as  a  metal,  and  A1  circular  contacts  of  3  different  diameters 
were  made.  Different  techniques  of  contact  fabrication  were  used,  such  as  direct  deposition  of  A1 
dots  in  thermal  evaporation  chamber;  lift-off  photolithography  with  thermal  evaporated  A1 
deposition;  metal  deposition  directly  after  AIN  growth  in  PSMBE  high  vacuum  chamber  or 
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thermal  evaporation  of  A1  layer  with  subsequent  photolithography.  Current-voltage  and 
capacitance- voltage-frequency  measurements  of  MIS  structures  were  performed,  using  computer 
interfaced  HP4 140b  p A  meter/ DC  voltage  Source  and  HP4192  LF  Impedance  Analyzer  devices 
correspondingly. 

RESULTS  AND  DISCUSSION 

Most  of  the  samples  showed  similar  results.  No  dependence  of  electrical  characteristics  on 
contact  fabrication  technique  were  observed.  Typical  I-V  characteristics  of  the  low  leaking  MIS 
structures  are  shown  in  Fig.  1.  The  current  is  proportional  to  the  contact  area  and  corresponds 
to  an  AIN  resistivity  of  10^^  -  lO^'^  f2-cm.  It  was  impossible  to  approximate  these  I-V  plots  to 
any  specific  current  conduction  mechanism  (for  example  Frenkel-Poole  [3,4]).  This  an  indicator 
that  perhaps  mixture  of  different  mechanisms  were  involved.  MIS  structures  of  sample  Al,  as 
well  as  some  MIS  structures  of  other  samples,  showed  rectifying  characteristics  with  high 
forward  current  (Fig.2). 

C-V-f  plots  for  samples  A3,  and  A4  are  shown  on  Fig.  3  and  4,  respectively.  It  is  typical 
that  capacitance-voltage  characteristics  strongly  depend  on  frequency.  Here  we  see  that  there  is 
not  only  shifts  along  the  voltage  axis,  but  the  capacitance  value  increases  with  decreased 
frequency.  At  some  frequencies  a  hysteresis  is  also  noticeable.  The  direction  of  the  hysteresis 
loop  varies  from  sample  to  sample.  Saturation  values  of  capacitance  much  lower  than  ideal 
theoretical  ones  for  an  accumulation  regime  of  MIS  structure  (insulator  capacitance)  are  observed. 
C-V  characteristics  for  samples  A51-56  at  1  MHz  showed  capacitance  not  varying  with  voltage. 
Furthermore,  annealing  of  these  samples  at  250°C  failed  to  improve  the  C-V  characteristics.  The 
same  effects  were  observed  by  other  groups  on  AIN  grown  by  different  techniques  [3,5,6].  All 
these  observations  are  evidence  of  the  existence  of  different  kinds  of  states,  probably  varying 
from  sample  to  sample.  To  find  out  the  nature  of  these  states  from  the  present  results  is  difficult- 
they  can  be  connected  with  surface  states  of  Si,  deep  traps  in  AIN  itself  (including  those  which 
probably  exist  in  an  AIN  layer  near  the  interface  with  Si).  The  piezoelectric  properties  of  AIN 
and  its  large  lattice  mismatch  with  Si(lll),  which  causes  strain  and  dislocation  formation  in  the 
film,  makes  the  situation  even  more  complicated.  Additional  data  is  needed  to  determine  a 
corresponding  correlation  between  substrate  surface  preparation  and  growth  parameters  with 
AIN  electrical  properties. 
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Fig.  1  -  I-V  characteristics  of  MIS  structures  with  different  contact  diameters  (D) 
made  from  sample  A51  .  Current  leakage  is  low  and  proportional  to  contact  size. 


Fig.  2  -  I-V  characteristics  of  MIS  structures  with  different  contact  diameters  (D) 
made  from  sample  A1  showing  current  rectification. 
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Fig.  3-  Typical  C-V-f  plot  for  MIS  structures  made  from  the  sample  A3  with 
contact  diameter  0.3  mm.  Arrows  show  scan 
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Fig.  4-  Typical  C-V-f  plot  for  MIS  structures  made  from  the  sample  A4  with 
contact  diameter  1  mm.  Arrows  show  scan  direction. 


607 


CONCLUSIONS 


Electrical  characterization  of  MIS  structures  with  PSMBE  grown  textured  AIN  insulator 
thin  films  show  that  low  current  leakage  can  be  achieved,  although  some  samples  show  rectifying 
I-V  dependencies.  At  the  same  time,  C-V-f  characteristics  provides  evidence  for  different  types 
of  traps-  the  nature  of  which  needs  additional  investigation. 
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ABSTRACT 

We  derive  balance  transport  equations  for  the  electron  mobility  and  drift  velocity,  which  are 
applicable  at  any  degeneracy  of  the  electron  gas.  These  equations  account  for  the  polar  optical 
phonon  scattering  and  ionized  impurity  scattering  and  include  the  effects  of  screening.  These 
equations  are  valid  only  for  very  high  concentrations  (above  lO^^  cm"3  for  GaN).  However,  the 
comparison  with  the  results  of  Monte  Carlo  simulations  shows  that  they  fairly  accurately  reproduce 
the  field- velocity  curves  in  GaN  in  moderate  electric  fields  (up  to  100  kV/cm).  The  comparison 
with  the  electron  mobility  calculated  using  the  two-step  model  [1]  shows  a  much  larger  difference 
but  allows  us  to  illustrate  the  trends  in  mobility  dependencies  caused  by  electron-electron 
collisions.  We  also  derive  the  balance  transport  equations  accounting  for  the  polar  optical  phonon 
scattering  in  a  two-dimensional  electron  gas.  The  calculations  based  on  these  equations,  show  that 
the  unscreened  polar  optical  scattering  mobility  is  smaller  in  the  two-dimensional  gas  than  in  the 
bulk  intrinsic  semiconductor  and  that  the  mobility  decreases  with  the  decrease  of  the 
quantum  well  thickness. 

1.  INTRODUCTION. 

The  polar  optical  phonon  scattering  and  impurity  scattering  are  often  two  dominant  scattering 
mechanisms  in  polar  semiconductors,  and  the  theory  of  electron  transport  limited  by  these  two 
mechanisms  is  a  classical  problem  of  semiconductor  physics.  We  recently  developed  a  two-step 
model  [l]-[3],  which  describes  the  polar  optical  scattering  for  temperatures  smaller  than  the  polar 
optical  phonon  energy.  In  this  model,  the  polar  optical  phonon  scattering  event  is  treated  as  one 
combined  elastic  process  that  includes  two  successive  steps  -  the  absorption  and  almost  immediate 
emission  of  a  polar  optical  phonon.  We  also  proposed  a  new  interpolation  for  the  ionized  impurity 
scattering,  which  is  valid  for  an  arbitrary  degree  of  degeneracy  [2]. 

In  this  paper,  we  report  on  the  theory  based  on  the  balance  transport  equations,  which  account 
for  electron-electron  collisions  and  opticd  polar  phonon  screening,  and  apply  this  theory  to  GaN. 

A  large  direct  band  gap,  large  breakdown  field,  a  relatively  large  thermd  conductivity,  and 
large  electron  drift  velocity  make  GaN  suitable  for  high-power  and  high-speed  electronic  and 
optoelectronic  applications.  As  follows  from  the  Monte-Carlo  simulation  [1],  [4-6]  of  the  drift 
velocity-field  characteristics,  the  intervalley  transitions  in  GaN  become  essential  only  in  very  high 
electric  fields  (higher  than  100  kV/cm).  In  low  electric  fields,  polar  optical  phonon  scattering  and 
ionized  impurity  scattering  dominate  [2].  The  polar  optical  phonon  scattering  is  also  the  most 
important  mechanism  of  the  electron  energy  loss.  Hence,  such  an  approach  gives  a  fairly 
complete  idea  of  the  velocity-field  characteristics  in  GaN. 

The  mobility  of  GaN  was  analytically  calculated  in  [2]  where  we  demonstrated  that  the  two- 
step  approximation  for  the  polar  optical  phonon  scattering  yielded  a  good  agreement  with  the 
Monte-Carlo  simulations  [1]  and  experimental  data. 

However,  the  two-step  model  does  not  account  for  electron-electron  collisions  and  polar 
optical  phonon  screening.  Hence,  this  model  is  valid  for  relatively  low  electron  concentrations.  In 
the  opposite  limiting  case,  when  electron-electron  collisions  are  more  frequent  that  all  other 
scattering  events,  the  electron  distribution  function  for  a  non-degenerate  electron  gas  is  the  drifted 
Maxwellian  distribution  function  [  7,8].  In  this  case,  the  balance  transport  equations  can  be 
applied  for  the  calculation  of  the  electron  drift  velocity.  Such  an  approach  was  used  for  the 


609 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


calculation  of  the  electron  drift  velocity  in  GaN  [9].  However,  as  we  show  in  this  paper,  the 
balance  equations  are  valid  at  electron  concentrations  which  are  so  high  that  the  electron  gas 
becomes  degenerate,  and,  hence,  the  degeneracy  and  polar  optical  phonon  screening  effects  have  to 
be  accounted  for. 

In  Section  2,  we  derive  the  balance  equations  which  are  applicable  for  any  degree  of 
degeneracy  of  the  electron  gas  and  which  account  for  the  polar  optical  screening  and  for  the  ionized 
impurity  scattering.  We  also  estimate  the  low  bound  for  the  electron  concentrations  for  which  the 
balance  equation  approach  is  valid.  We  then  calculate  the  velocity-field  characteristics  for  GaN  and 
compare  with  the  results  of  the  Monte  Carlo  simulations  [10]. 

In  Section  3,  we  derive  the  balance  equations  for  the  two-dimensional  eleetron  gas  and 
discuss  the  predicted  trends  for  the  optical  polar  scattering  mobility  in  the  two  dimensional  electron 
gas. 

2.  THE  BALANCE  TRANSPORT  EQUATIONS 

The  integration  of  the  Boltzmann  equation  assuming  the  shifted  Fermi-Dirac  distribution 
function  with  an  effective  electron  temperature  Te  yields  the  following  balance  transport  equations 
for  the  electron  momentum  and  energy: 

enF  =  Rimp  +  Ropt  (la) 

enFvd=Popt  (lb) 

where  e  is  the  electronic  charge,  F  is  the  electric  field,  n  is  the  electron  concentration,  Ropt  is  the 
rate  of  the  momentum  loss  due  to  the  phonon  scattering,  Rimp  is  the  rate  of  the  momentum  loss  due 
to  the  impurity  scattering,  and  Popt  is  the  power  loss  due  to  the  polar  optical 
scattering. 


WB  kXnV.  J  d.exp(6t)  ^  ^  /(CO  ^ 

671^ K  h  •'^(exp(2t)  +  qo /kg) 

IN„(T) -  W„(r,)][(l  +  exp(-20)/(ffl„ftcosh^(/))  +  (1  - exp(-20)/((B<,nsinh^r)]),  (2) 

Rimp  =  jdx<l>(%x)exp(i);,-x)/[l  +  exp(%-x)f ,  (3) 

p  '^.EB,£Bn!fe[N„(T,)-N„(T)]T - in(i ^ 

“P'  _U“P(20  +  q^k?f  N,(T,) 


Here  ke  is  the  Boltzmann  constant,  T  is  the  lattice  temperature,  qo  is  the  screening  wave  vector, 
Efin  is  the  electron  Bohr  energy,  aBn  is  the  electron  Bohr  radius,  mn  is  the  electron  effective  mass, 

Ep  =kBTriF  is  the  Fermi  energy,  No  is  the  Planck  function,  Kq  is  the  static  dielectric  permittivity, 
Koo  is  the  high  frequency  dielectric  permittivity,  0)^  =  fikl  /  2mfi  is  the  phonon  frequency 
SkoT^mpi  ill  ,  ,  \  1  /I  \  ^ 

%=  ■ih  ’  ~  = - ’  0(77)  =  ln(l  +  77)-— 

qo^^  K  l+rj 


The  balance  equation  for  the  electron  momentum  accounts  for  the  two  most  important 
scattering  processes  responsible  for  the  momentum  loss;  phonon  and  impurity  scattering.  The 
balance  equation  for  the  electron  energy  accounts  for  the  energy  loss  caused  by  the  polar  optical 
phonon  scattering.  Both  equations  account  for  screening  of  the  polar  optical  phonon  scattering. 

At  small  concentrations,  electrons  are  non-degenerate,  and  these  balance  equations  can  be 
simplified: 


610 


(5) 


„  _)c„nm„x,  k„aiinEBnVj  „  f  dtexp(-3t-XeCosh(t)/2)„  , 

No(T)exp(y)(^  [1  + 

exp(x„  -  x.)]  +  texp(x„  -  x,)  - 1]  j  ‘ " 

L  (exp(-t)  +  q^/kor 

^3;  =  ^^|^^v^JdxO(77Tx)exp(-x)  , 


(6) 


eFv,  =  A)[N^(Te)  -  No(T)]  T  -  ’^eC”sh(t)  /  2) 

7t  K  2  (exp(-t)  +  q^/kjr 

where  Nc  is  the  effective  density  of  states, 

tico^  tiO)^ 

^  k^r  ^  keTe  • 

If,  in  addition,  we  neglect  screening  of  the  electron-phonon  interaction  eqs.  (5)-(7)  reduce  to  the 
balance  transport  equations  derived  in  [7,8], 

As  discussed  above,  strictly  speaking,  the  balance  transport  equations  are  valid  when  electron- 
electron  scattering  is  faster  than  the  rate  of  phonon  scattering.  An  approximate  low  bound  for  the 
electron  concentration  at  which  the  balance  equations  are  valid  can  be  obtained  by  equating  these 
two  scattering  rates  in  the  vicinity  of  the  phonon  energy  [11] 


2kK  0(7?xXe) 


(8) 


T  (K) 

Fig.  1.  Temperature  dependence  of  the 
critical  concentration  nc  determining 
the  validity  of  the  balance  transport 
equations.  The  balance  equations  are 
valid  for  n  >  nc- 


field  (kV/cm) 


Fig.  2.  Electron  drift  velocity  in  GaN  versus 
the  electric  field  for  electron  densities  10^7  cm-3 
(two  top  curves)  and  10 cm-3  (two  bottom 
(two  bottom  curves)  at  300  K.  Solid  lines  - 
analytical  theory,  dashed  lines  -  Monte  Carlo 
simulation  [10]. 
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The  dependence  of  nc  on  lattice  temperature,  T,  for  GaN  is  shown  in  Fig.  1.  (In  all  the 
calculations  performed  in  this  paper,  we  used  the  parameter  values  for  GaN  given  in  [2].)  As  seen 
from  Fig.  1,  the  value  of  nc  is  very  high.  This  confirms  that  we  must  account  for  the  degeneracy  of 
the  electron  gas  and  for  the  screening  effects  in  the  balance  transport  equations. 

Fig.  2  compares  the  velocity-field  characteristics  for  GaN  calculated  using  the  balance 
transport  equations  derived  above  with  the  results  of  the  recent  Monte-Carlo  simulation  [10]  at  300 
K  for  electron  concentrations  of  lO^^  cm"^  and  lO^^  cm"^.  We  chose  these  particular  Monte 
Carlo  results  for  comparison,  since  the  parameter  values  used  in  [10]  are  very  similar  to  the 
parameter  values  used  in  [2]  and  in  the  present  calculation.  The  agreement  in  high  electric  fields  is 
quite  good,  in  spite  of  the  fact  these  concentrations  are  much  smaller  than  nc-  However,  the 
differences  for  low  electric  fields  are  substantial.  This  is  illustrated  by  Fig.  3,  which  compares  the 
temperature  dependencies  of  the  electron  mobility  calculated  using  the  two-step  model  and  the 
balance  transport  equations.  The  two-step  model  predicts  a  larger  value  of  the  mobility. 

Moreover,  the  two-step  model  and  the  balance  transport  equation  model  predict  different 
temperature  dependencies  of  the  electron  mobility.  In  GaN,  the  two  step  approximation  is  valid  in 
wider  region  of  electron  concentrations  than  in  GaAs,  since  the  phonon  energy  is  much  larger  (92 
meV  compared  to  35  meV).  At  300  K,  nc  =4x10^^  cm"^  and  6x10^^  cm“^  for  GaN 
and  GaAs,  respectively  .  The  two-step  approximation  [1,2,3, 1 1]  should  be  used  for  n  <  nc- 

At  the  present  time,  the  two-step  model  has  been  only  developed  for  low  electric  fields. 
However,  the  energy  balance  can  be  incorporated  into  the  two-step  using  the  analytical 
approximation  developed  in  [12]. 

Fig.  4  shows  the  calculated  dependencies  of  the  electron  drift  velocity  in  GaN  on  the  electric 
field  for  the  electron  concentration  of  10^^  cm"3  at  300  K  with  and  without  accounting  for  the 
ionized  impurity  scattering.  As  seen,  the  contribution  of  the  ionized  impurity  scattering  is  less  than 
5  %  at  100  kV/cm.  This  shows  that  the’  electron  transport .  GaN  Field  Effect  Transistors  with  deep 
submicron  gates  (where  electric  fields  are  veiy  high)  should  not  be  affected  too  much  when  the 
channel  is  doped.  This  conclusion  is  in  agreement  with  very  high  cutoff  frequencies  and  maximum 
frequencies  of  oscillations  recently  measured  for  deep  submicron  doped  channel  GaN  FETs  [13] 


T(K) 

Fig.  3.  Temperature  dependencies  of  the 
electron  mobility  in  GaN  calculated 
using  the  two-step  model  (dashed  line) 
and  the  balance  transport  equations  (solid 
line). 


field  (kV/cm) 

Fig.  4.  Calculated  dependencies  of  the  electron 
drift  velocity  in  GaN  on  the  electric  field  for 
electron  density  10 cm'^  at  300  K  with 
(dashed  line)  and  without  (solid  line)  impurity 
scattering. 


612 


3.  BALANCE  EQUATIONS  FOR  TWO-DIMENSIONAL  ELECTRON  GAS. 


The  analytical  solution  for  the  two-dimensional  (2D)  electron  gas  is  more  difficult  to  obtain 
because  one  may  have  to  account  for  more  than  one  subband,  depending  on  the  2D  gas  density  and 
temperature.  Here  we  consider  only  the  limiting  case  when  the  difference  between  the  first 
excited  level  and  the  ground  state  level  is  larger  than  the  phonon  energy.  In  this  case,  only 
intrasubband  scattering  processes  between  the  states  of  the  lowest  subband  are  essential,  and  the 
balance  transport  equations  become 

^  [N^(T,)-N„(T)]sinh(^)J^(k„t)exp(-^^^^^L^).  (9) 

1C  ^  ^  t  4 


1/2  3/2  2  9 

eF  =  5  ^oEBnMBnXe  m^Vj  j dtG(k^t)exp(^ - 


(10) 


{t  sinh(-^^)  +  f  Vosh(^^^^)}^, 
where 

G(Q)  =  J  dzidz2  (zi )  (Z2  )exp(-QI Zj  -  Z2 1 ) 

is  the  form  factor,  \|/(z)  is  the  electron  wave  function.  For  a  quantum  well  of  width  a,  the  form 
factor  is  given  by  [14] 


(11) 


G  =  ~-t- 


2(4;r^)^ 


where  u=Qa. 

For  narrow  quantum  wells  where  koa  <1,  these  balance  equations  can  be  simplified 


eFvn  =  ■ 


-(N„(Te)  -  N„(T)]sinh(^)K„(^), 


2'^  1C  2  2  2 


.3/2, 


Ki(^)cosh(^^2_^)|. 


(12) 

(13) 

(14) 


The  above  equations  do  not  account  for  screening  and/or  impurity  scattering.  Also,  the 
assumption  of  a  large  subband  separation  may  not  be  valid  in  GaN.  Hence,  we  only  use  the  above 
equations  for  qualitative  comparison  with  the  electron  transport  in  bulk  GaN.  Our  calculations 
based  on  eqs.  (13)  -  (14)  show  that  the  polar  optical  phonon  mobility  and  the  drift  velocity  of  the 
two-dimensional  electron  gas  are  smaller  than  those  for  the  three-dimensional  gas.  The  heating 
effects  in  the  2D-gas  become  important  in  higher  electric  fields  than  in  a  bulk  semiconductor.  The 
mobility  decreases  with  a  decrease  in  the  quantum  well  thickness.  This  behavior  can  be  linked  to  the 
step-like  density  of  states  of  the  two-dimensional  electron  gas. 

Equations  (13)  -  (14)  have  been  derived  for  electron  interactions  with  bulk  phonons.  The 
Monte-Carlo  simulation  for  an  AlGaAs/GaAs  single  heterostructure  [15]  shows  that  the  results 
obtained  with  half-space  and  interface  phonons  do  not  differ  much,  since  the  sum  of  scattering 
rates  is  practically  the  same  as  the  scattering  rate  for  bulk  phonons.  For  the  low  field  transport,  the 
situation  is  likely  to  be  the  same  for  AlGaN/GaN  heterostructures.  However,  a  much  larger 
difference  of  phonon  frequencies  in  AIN  and  GaN  may  lead  to  new  features  in  the  shape  of  the 
velocity-field  characteristics  of  the  two-dimensional  electron  gas  in  high  electric  fields,  since  the 
polar  optical  phonons  in  AIN  and  GaN  will  correspond  to  two  distinct  thresholds  for  the  polar 
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optical  phonon  emission.  Hence,  for  this  materials  system,  this  problem  merits  further 
investigation. 

4.  CONCLUSIONS. 

The  analytical  theory  of  the  electron  transport  developed  in  this  paper  is  valid  for  high  carrier 
concentrations  (higher  than  approximately  nc  =4x10^9  and  nc  =6x10 cm“3  for  GaN  and 
GaAs,  respectively,  at  300K).  Hence,  this  theory  complements  the  two-step  model  valid  for  the 
electron  concentrations  less  than  nc.  Moreover,  our  calculations  show  that,  for  higher  electric 
fields,  the  balance  transport  equations  may  be  extrapolated  into  the  range  of  the  electron 
concentrations  substantially  smaller  than  nc  and  still  yield  a  reasonable  agreement  with  Monte  Carlo 
simulations. 

The  recent  results  for  doped  channel  AlGaN/GaN  heterostructures  showed  that,  in  these 
structures,  the  sheet  carrier  concentration  is  nearly  an  order  of  magnitude  higher  than  for  the 
AlGaAs/GaAs  materials  system.  [16]  Hence,  the  electron-electron  collisions  may  be  far  more 
important  in  the  2D  electron  gas  in  AlGaN/GaN,  and  the  approach  developed  in  this  paper 
will  be  very  useful  for  the  development  of  the  analytical  theory  of  the  high-field  electron  transport 
for  the  2D  electrons  in  AlGaN/GaN  heterostructures. 
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ABSTRACT 

Temperature  dependent  Hall-Effect-measurements  on  unintentionally  doped 
cubic  GaN  epilayers  grown  by  molecular  beam  epitaxy  (MBE)  are  reported.  The 
cubic  GaN  layers  have  been  deposited  on  semiinsulating  (001)  GaAs-substrates 
under  N-stabilized  growth  conditions  which  were  controlled  by  in-situ  reflection 
high  energy  electron  diffraction  (RHEED)  measurements.  GaN-layers,  which 
were  fabricated  under  N~stabilized  conditions  have  a  (2x2)  surface  reconstruction 
during  growth  and  show  p-type  conductivity.  At  room  temperature  the  measured 
hole  concentrations  and  mobilities  are  p  =  9.7*10^^  cm  ^  jiip  =  350  cmVVs, 
respectively.  Temperature  dependent  measurements  of  the  carrier  concentration 
yield  an  acceptor  activation  energy  of  E^  =  0.445  eV.  The  nature  of  these  defects 
will  be  discussed  in  view  of  intrinsic  defects  proposed  by  theoretical  calculations 
already  published  in  literature.  The  temperature  dependence  of  the  mobility  is 
dominated  by  polar  optical  phonon  scattering  in  the  investigated  temperature 
range. 

INTRODUCTION 

The  metastable  configuration  of  GaN  which  has  cubic  crystal  structure  has 
recently  attracted  some  interest,  since  epitaxially  grown  layers  of  c-GaN  lend 
themselves  to  the  production  of  cleaved  laser  cavities.  This  offers  an  interesting 
alternative  to  dry  etched  cavities  as  already  realized  with  hexagonal  GaN  based 
devices  [1].  For  this  application,  however,  not  only  the  optical  properties  but  also 
the  electrical  properties  of  the  layers  are  of  importance.  So  far,  only  scarce  data 
on  the  electrical  properties  of  MBE  grown  c-GaN  layers  have  been  published  [2- 
6].  One  major  challange  developing  suitable  blue  emitters  form  wide-band  gap 
semiconductor  is  the  reduction  of  the  high  residual  background  electron 
concentration  of  about  1*10^^  cm  ^  which  is  believed  to  be  due  to  the 
incorporation  of  large  amounts  of  nitrogen  vacancies.  This  high  residual 
background  doping  has  in  part  made  it  difficult  to  achieve  p-type  nitride  material. 

Recent  developments  in  heteroexpitaxy  resulted  in  significant  advances  of  the 
molecular  beam  epitaxy  (MBE)  growth  of  cubic  GaN  (c-GaN)  thin  films  on 
various  substrates  with  cubic  crystal  structure  [7-10].  The  use  of  the  surface 
reconstruction  phase  diagram  of  c-GaN  [8],  allows  to  adjust  the  stoichiometry 
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during  MBE  using  in-situ  RHEED  and  enables  growth  of  stoichiometric  cubic 
GaN  under  N-stabilized  and  Ga-stabilized  conditions.  In  this  contribution  we 
report  on  production  of  nearly  “intrinsic”  cubic  p-type  material  without 
intentional  doping  and  without  post  growth  treatments.  The  highest  room 
temperature  hole  mobilitiy  (  =  350  cmWs)  and  lowest  carrier  concentration 
(p  =  9.7*10*^  cm'^)  is  achieved  under  N-stabilized  growth  conditions. 

EXPERIMENTAL 

Cubic  GaN  films  are  grown  on  semi-insulating  GaAs  (001)  substrates  by 
plasma  assisted  molecular  beam  epitaxy  (MBE)  at  a  substrate  temperature  of 
720°C.  The  nucleation  process  and  the  layer  growth  is  controlled  by  RHEED. 
Details  of  crystal  growth  are  reported  in  Ref.  8.  The  thickness  of  all  layers 
investigated  variied  between  0.3  |im  and  1.4  |im.  The  phase  purity  of  our  zinc- 
blende  layers  has  been  checked  by  Raman  scattering  and  has  been  found  to  be 
better  than  98  %  [11].  Photoluminescence  measurements  at  2  K  show  intensive 
band-edge  luminescence  at  3.26  eV  and  3.15  eV  [12],  the  intensity  at  2.2  eV 
(yellow  luminescence)  is  weaker  by  more  than  a  factor  of  10^. 

Van  der  Pauw  geometry  is  used  for  temperature  dependent  Hall-effect 
measurements  with  Au  wire  soldered  In  contacts  on  the  GaN  layers.  The  ohmic 
characteristic  of  these  contacts  is  checked  by  measuring  current-voltage  curves, 
exhibiting  linear  behavior  over  the  whole  temperature  range  used.  The 
experimental  apparatus  is  equipped  with  a  high  impedance  current  source  and  a 
Keithley  7065  Hall-effect  card.  This  enables  measurements  up  to  an  input 
resistance  of  100  Tf>,  and  allows  the  investigation  of  high  resistivity  and  semi- 
insulating  samples.  The  measurements  at  variable  temperature  are  performed  in  a 
cryostate  between  240  K  to  380  K.  Beneath  240  K  the  resistivity  of  the  samples  is 
to  high  for  accurate  measurements  and  above  380  K  the  In-contacts  degradate. 
All  measurements  are  performed  at  a  magnetic  field  of  0.3  T  and  with  the  sample 
in  the  dark. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  carrier  concentration  as  a  function  of  the  inverse 
temperature  for  the  cubic  GaN  layers  GaN66  (open  squares)  and  GaN85  (open 
triangles),  which  have  been  grown  under  N-stabilized  conditions  ((2x2)  RHEED- 
pattern).  The  hole  concentration  p  is  obtained  from  the  experimental  HaU 
constant  R^  by  p  =  rj^/qRj^(q  =  electronic  charge);  the  Hall  scattering  factor  r^ 
is  assumed  to  be  isotropic,  temperature  independent,  and  one.  In  the  whole 
temperature  range  investigated  the  samples  are  p-type  with  a  hole  carrier 
concentration  between  2.2*10'^  cm‘^  and  2.8*  10‘^  cm  l  Under  the  assumption 
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Fig.l:  Hole  concentration  of  two  cubic  GaN  epilayers  (open  triangles  GaN85,  openl 
squares  GaN66)  as  a  function  of  1000/T,  layers  were  grown  under  N-stabilized 
conditions  ((2  x  2)  -  RHEED-pattem).  The  solid  line  is  a  least  square  fits  to 
experimental  data. 


of  compensation,  which  is  very  likely  at  such  low  carrier  concentrations,  the 
temperature  dependence  of  p  yields  an  acceptor  activiation  energy  of  E  = 
0.445±0.015  eV.  ^ 

The  hole  mobility  vs.  temperature  of  sample  GaN66  is  shown  in  Fig.2.  At 
room  temperature  a  mobility  of  350cmWs  is  measured,  which  is  comparable 
with  the  best  value  reported  for  h-GaN  by  Rubin  et  al  [4].  The  temperature 
dependence  of  the  hole  mobility  is  clearly  dominated  by  polar  optical  phonon 
scattering  and  can  well  be  fitted  by  an  expression  given  by  Look  [13]. 


^po 


9  I 

22.;r2 


1 
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•^0 


tLO 

T  -1 


(1) 


Tlo  is  the  LO  phonon  temperature  and  %  (T^q/T)  is  a  slowly  varying  function  of 
T.  The  LO-phonon  frequency  of  c-GaN  has  been  measured  by  Raman  scattering 
[11]  to  be  740  cm"*  corresponding  to  a  T^o  value  of  1065  K.  and  8o  are  5.35 
and  9.5  respectively  [2].  The  solid  line  in  Fig.2  is  a  least  square  fit  of  the 
experimental  data  by  Eq.(l).  From  this  fit  a  lowest  effective  hole  mass  of 
mj,  =  0.8*mo  can  be  estimated. 


617 


temperature  (K) 


Fig.2:  The  hole  mobility  in  cubic  GaN  epilayers  (sample  GaN66)  as  a  function  of 
temperature,  layers  were  grown  under  N-stabilized  conditions  ((2  x  2)  -  RHEED- 
pattem).  The  solid  line  is  a  least  square  fitof  experimental  mobility  data  by  Eq.  1 
by  polar  optical  phonon  scattering  . 

In  Table  I  the  room  temperature  values  of  the  hole  concentration  and  mobility  of 
three  samples  grown  under  N-stabilized  conditions  are  summarized.  All  samples 
are  p-type  with  hole  concentrations  between  5*10'^  cm'^  and  8*  10^^ cm ^  In 
agreement  with  standard  scattering  theory  the  mobility  decreases  with 
increasing  hole  concentration.  The  high  mobility  values  further  demonstrate  the 
excellent  quality  of  our  cubic  GaN  layers. 


Table  I:  Room  temperature  values  of  the  hole  concentrations  and  mobilities  of  three 
samples  grown  under  N-stabilized  growth  conditions  ((2x2)  surface 
reconstruction)) 


hole 

concentration 

(cm’) 

mobility 

(cmVVs) 

thickness 

(urn) 

sample 

number 

8.10'" 

50 

1.4 

GaN  96 

1.10’" 

150 

0.35 

GaN  85 

5.10’^ 

350 

0.3 

GaN  66 
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Fig.3:  Energy  levels  for  intrinsic  defects  calculated  for  hexagonal  GaN  after  Ref.  15 
(a),  Ref.  16  (b),  and  Ref.  17  (c).  The  solid  line  represents  the  observed  activation 
energy  of  our  p-type  cubic  GaN  epilayers. 

We  have  no  evidence  for  the  chemical  nature  of  the  acceptor  in  our  GaN- 
layers.  However,  it  is  likely  that  it  may  be  due  to  an  intrinsic  defect,  since  we  are 
able  to  grow  p-type  layers  by  just  decreasing  the  Ga/N  flux  ratio  within  the 
stoichiometric  growth  range.  In  agreement  with  Brandt  et  al.  [14]  a  transition  of 
the  surface  reconstruction  from  c(2x2)  for  Ga-stabilized  to  (2x2)  reconstruction 
for  N-stabilized  growth  is  observed.  Since  the  covalent  radius  of  Ga  is  much 
larger  than  that  of  N,  the  dimers  are  assumed  to  be  formed  by  Ga  atoms  only. 
Therefore,  the  (2x2)  reconstruction  is  due  to  Ga  dimer  rows  along  the  [110] 
direction  which  are  separated  by  missing  dimer  rows.  Increasing  the  Ga/N  ratio 
at  the  surface  results  in  filling  up  the  missing  dimer  rows.  At  full  monolayer 
coverage  the  pattern  corresponds  to  the  c(2x2)  reconstruction.  For  that  reason  we 
think  that  either  the  Ga  vacancy  V^a  or  the  nitrogen  antisite  may  be 
responsible  for  the  observed  defect  level.  This  interpretation  is  supported  by 
calculations  of  the  energy  levels  of  intrinsic  defects  by  the  ab-initio  [15,  16]  and 
tight  binding  method  [17].  In  Fig.3  the  theoretically  proposed  energy  levels  are 
depicted.  Due  to  the  lack  of  data  for  cubic  GaN,  data  for  hexagonal  GaN  are 
used.  Within  the  accuracy  of  calculations  and  experimental  errors  only  the  energy 
levels  of  the  or  the  are  in  agreement  with  the  measured  activation  energy 
E^=  0.445  eV. 


CONCLUSIONS 

We  have  shown  that  stoichiometric  cubic  GaN  with  a  low  carrier  concentration 
can  be  grown  by  plasma  assisted  MBE.  Using  in-situ  RHEED  to  control  the 
surface  reconstruction  it  is  possible  to  grow  N-stabilized  layers  resulting  in  p- 
type  GaN  epilayers.  At  room  temperature  hole  concentrations  and  mobilities  are 
about  p  =  1*10^^  cm  ^  jip=  350  cmWs,  respectively.  From  the  temperature 
dependence  of  the  hole  concentration  an  acceptor  activation  energy  of  Ea=  0.445 
eV  is  estimated.  Since  no  extrinsic  doping  is  used  and  the  cubic  GaN  layers  are 
grown  under  stoichiometric  conditions  we  suggest  that  these  activation  energy 
may  correspond  to  an  energy  level  of  an  intrinsic  defect  probably  either  or 
Nca- 
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ABSTRACT 

We  report  the  observation  of  UV  photoluminescence  (PL)  from  wurtzite  GaN  by 
multiphoton  excitation.  The  dependence  of  the  PL  intensity  on  excitation  intensity  as  well  as 
PL  excitation  measurements  with  sub-bandgap  photon  energies  indicate  the  existence  of  deep 
defect  states  centered  at  about  1.0  eV  above  the  top  of  the  valence  band.  This  result  was 
confirmed  by  a  sum-frequency  excitation  spectrum.  We  correlate  these  measurements  with  the 
omnipresent  yellow  luminescence  in  GaN.  Our  two-photon  PL  excitation  spectrum  yields  a 
two-photon  absorption  coefficient  that  agrees  very  well  with  theoretical  predictions. 


INTRODUCTION 

Although  much  progress  has  been  made  in  device-oriented  applications  with  the  wide 
bandgap  semiconductor  GaN,  very  little  information  on  their  nonlinear  optical  properties  has 
yet  been  obtained.  In  fact  the  optical  nonlinearity  of  those  materials  provides  a  source  for 
noninvasive  analytical  investigations  of  the  electronic  and  crystalline  structure.  From  the 
technological  viewpoint  there  are  numerous  nonlinear  optical  applications,  e.g.  optical 
communications  and  frequency  conversion,  that  rely  on  second  and  higher  order  optical 
nonlinearities. 

In  this  report  we  present  some  of  the  results  of  our  nonlinear  optical  studies  on 
wurtzite  GaN.  Besides  sub-bandgap  PLE  measurements  and  sum-frequency  excitation 

In  our  studies  of  the  nonlinear  properties  of  GaN  we  employed  samples  grown  by 
MOCVD  on  the  basal  plane  of  sapphire.  A  500  A  buffer  layer  of  AIN  was  first  grown  on  the 
sapphire  surface  heated  to  400  °C.  The  subsequent  growth  of  the  3.4  pm  GaN  layer  on  top  of 
the  AIN  buffer  layer  occurred  at  a  substrate  temperature  of  1 100  °C.  The  precursors  used  were 
trimethylaluminum  (TMA),  trimethylgallium  (TMG),  and  ammonia  (NHj).  The  flow  rates 
were  88  pmol/min  for  TMA,  44  pmoL/min  for  TMG,  and  10  1/min  for  NH3.  The  n-type 
conductive  samples  with  mobility  200  cm^fV s  were  shown  to  have  a  room-temperature  carrier 
concentration  of  10”  cm^  probably  due  to  N  vacancies  (V^),  or  clusters  of  V^,  and  possible  Si 
impurities. 

The  excitation  source  in  our  experiments  was  a  widely  tunable  picosecond  optical 
parametric  generator/amplifier  pumped  by  the  third  harmonic  of  a  picosecond  pulsed 
Nd:YAG  laser  [1].  The  18  ps  pulses  of  the  system  ranging  from  400  nm  to  9  pm  reached  a 
pulse  energy  of  up  to  300  pJ.  The  weakly  focused  laser  beam  reached  the  samples  along  their 
optical  (hexagonal  c)  axis  with  an  intensity  of  0.1  GW/cm^  to  prevent  laser  damage.  The  PL 
from  the  sample  was  detected  via  a  monochromator  by  a  photomultiplier  and  was  recorded 
with  a  gated  integrator. 
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Excitation  Intensity  (arb.  units) 

Fig.  1.  GaN  PL  intensity  vs.  excitation  intensity  for  different  excitation  photon 
energies. 


PL  INTENSITY  DEPENDENCE 

Ps-Excitation  of  the  sapphire-grovm  sample  with  different  below-bandgap  photon 
energies  provided  by  the  OPG/OPA  system  yields  the  well-known  GaN  PL  spectra  with  their 
peak  at  3.4  eV. 

The  recorded  spectra  show  the  same  behavior,  irrespective  of  the  applied  excitation 
photon  energy.  This  is  a  clear  indication  for  the  multiphoton  excitation. 

We  have  measured  the  dependence  of  the  3.4  eV  PL  on  the  excitation  intensity  at  300 
K.  The  results  are  given  in  Fig.  1. 

The  above-bandgap  excitation  is  strictly  linear  with  excitation  intensity.  Below  half 
bandgap  excitation  we  expect  to  see  a  change  from  1^,^,.^  to  I^,;/  at  Eg/2  =  1.7  eV;  we  actually 
detect  this  behavior  at  1.6  eV,  which  means  that  we  observe  a  red-shift  in  respect  to  the 
excitation  photon  energy.  A  similar  behavior  is  seen  at  1.1  eV,  where  still  an  intensity 
dependence  of  1^,^/  was  observed.  Therefore  we  deduce  from  the  intensity  dependence 
measurements  that  one  of  the  states  involved  in  the  absorption  process  of  the  photons  is 
saturated.  We  suggest  that  the  saturation  process  may  result  from  deep  defect  electronic  states 
in  our  sample,  resulting  in  a  nonvanishing  electronic  density  of  states  in  the  bandgap. 


PL  EXCITATION  SPECTRA 

In  Fig.  2  we  plot  the  PL  excitation  (PLE)  spectrum  of  our  sample  at  300  K,  which 
clearly  reveals  features  in  the  energy  region  shown. 
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Fig.  2.  Normalized  PLE  spectrum  of  a  wurtzite  GaN  sample. 


We  observe  a  drop  at  half  of  the  bandgap.  In  contrast  to  our  expectation  we  do  not 
observe  the  next  drop  in  PL  intensity  at  1.1  eV  (=  E/S),  but  at  0.8  eV.  This  indicates  resonant 
enhancement  of  the  three-photon  excitation  due  to  the  existence  of  real  defect  states  in  the 
bandgap.  We  take  a  closer  look  at  this  PLE  spectrum  later  on  in  this  paper  when  we  discuss 
two-photon  absorption  in  GaN. 


SUM-FREQUENCY  EXCITATION 

To  further  confirm  the  existence  of  deep-level  intermediate  states  around  1  eV  in  our  sample 
we  employed  a  two-color,  two-photon  excitation  scheme  instead  of  the  above  four-photon 
excitation  at  0.8  eV:  sum-frequency  excitation  (SFE).  The  optical  parametric 
generator/amplifier  (OPG/OPA)  works  by  splitting  the  pump  photon  into  two  less  energetic 
photons  whose  energy  sum  is  equal  to  the  pump  photon  energy.  The  more  energetic  one  is 
called  signal  photon  and  the  other  is  denoted  idler  photon.  Since  the  pump  photon  energy  (3.5 
eV,  355  nm)  lies  slightly  above  the  bandgap  of  GaN,  if  we  send  in  the  two  beams  from  the 
OPG/OPA  together  into  the  GaN  sample,  the  combined  action  of  signal  and  idler  photons 
should  cause  a  two-photon  above-bandgap  excitation.  In  case  the  energy  of  one  of  the  two 
beams  is  resonant  with  an  intermediate  real  electronic  state,  we  can  expect  to  see  resonant 
enhancement  of  the  PL  as  the  laser  is  tuned  to  that  level.  Fig.  3  is  the  SFE  spectrum  obtained 
by  tuning  the  laser  and  keeping  the  energetic  sum  of  the  signal  and  idler  beam  fixed  at  3.5  eV, 
which  lies  slightly  above  the  GaN  bandgap. 
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Fig.  3.  SFE  spectrum  of  GaN  with  two-photon  excitation.  The  energetic  sum  of  the 
two-photon  pulses  is  3.5  eV  (355  nm);  only  the  photon  energy  of  one  of  the  beams  is 
displayed  on  the  x-axis 

The  pump  intensity  was  about  0.5  GW/cm^  for  the  signal  beam  and  0.1  GW/cm^  for  the 
idler  beam.  If  the  beams  were  sent  separately,  the  PL  from  the  idler  beam  was  only  slightly 
above  noise-level  and  the  PL  from  the  signal  beam  was  less  than  1/3  of  the  PL  at  the  peak 
value,  without  any  peak  or  prominent  features  throughout  the  tuning  range.  When  they 
coincided  at  the  sample,  however,  a  pronounced  peak  was  seen  at  the  idler  photon  energy  of 
1.0  eV  (signal  photon  energy  of  2.5  eV)  with  a  FWHM  of  190  meV.  This  peak  at  1.0  eV 
matches  well  with  the  value  from  Fig.  3  or  the  proposed  deep-level  position  based  on  the 
yellow-luminescence  measurement.  Also  the  peak  width  of  190  meV  is  reasonable  by 
comparing  this  with  the  width  of  the  2.3  eV  yellow  luminescence. 

In  conclusion,  the  PLE  spectrum  around  1  eV  shows  a  peak  and  this  peak  in 
consideration  with  the  two-photon,  two-color  PLE  spectrum,  discussed  in  this  section,  can  be 
related  to  the  known  deep  level  in  the  bandgap  of  GaN. 

TWO-PHOTON  ABSORPTION 

A  very  powerful  method  to  study  the  optical  and  electronical  properties  of  GaN  is  two- 
photon  absorption  (TPA)  spectroscopy.  Because  TPA  follows  other  selection  rules,  TPA 
provides  complementary  information  to  one-photon  absorption  [2].  From  the  complete 
electronic  band  structure  it  is  possible  to  obtain  via  an  ab  initio  calculation  the  two-photon 
absorption  (TPA)  coefficient.  Murayama  et  al  derived  it  for  the  three  semiconductors  Si, 
ZnSe  and  GaAs  [3].  We  scaled  the  obtained  values  of  ZnSe  and  GaAs  by  the  refractive  index 
and  the  bandgap  for  wurtzite  GaN  according  to  a  parabolic  two-band  model  [4],  obtaining  the 
TPA  coefficient  shown  in  Fig.  4. 
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Photon  Energy  (eV) 

Fig.  4.  Two-photon  absorption  coefficient  of  wurtzite  GaN  calculated  with  a  parabolic 
two-band  model.  The  filled  circles  denote  the  values  obtained  by  PL  excitation  spectroscopy. 

For  the  Kane  momentum  parameter  P  [5]  we  used  the  value  IP^vaJf^  =  17.9  eV  [6], 
which  is  close  to  IP^vdf?  =  21  eV,  the  value  of  almost  all  studied  group  IV  semiconductors 
and  zincblende  as  well  as  wurtzite  III-V  and  II- VI  compound  semiconductors. 

Also  shown  in  Fig.  4  are  the  values  for  the  TPA  coefficient  we  obtained  by  PL 
excitation  spectroscopy,  using  the  same  experimental  setup  as  in  the  PLE  measurement  of 
these  samples.  The  fact  that  our  measured  lineshape  very  well  matches  with  the  theoretically 
derived  curve  verifies  both  the  validity  of  our  measuring  procedure  as  well  as  the  quality  of 
our  GaN  samples. 


CONCLUSION 

In  conclusion,  we  have  observed  UV  PL  from  wurtzite  GaN  with  multiphoton  excitation.  The 
PL  intensity  dependence  on  excitation  intensity  becomes  more  nonlinear  as  the  pump  photon 
energy  is  decreased.  The  sub-bandgap  PLE  spectrum  displays  a  resonant  enhancement  at  1 .0 
eV;  we  correlate  this  feature  to  the  presence  of  deep  defect  states  that  are  also  responsible  for 
the  yellow  luminescence.  The  peak  appears  in  a  sum-frequency  excitation  spectrum  as  well. 
With  a  two-photon  SFE  spectrum  we  were  able  to  confirm  the  theoretically  predicted 
lineshape  of  the  GaN  two-photon  absorption  coefficient. 
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Abstract 

GaN/AlgggGaogjN  heterostructure  has  been  grovm  on(OOOl)  6H-SiC  substrates  using  low 
pressure  metalorganic  chemical  vapor  deposition(LP-MOCVD).  Triethylgallium  (TEGa), 
trimethyl aluminum(TM A)  and  ammonia(1^3)  were  used  as  the  Ga,  A1  and  N  sources, 
respectively.  The  carrier  gas  is  hydrogen(H2)and  the  growth  pressure  is  kept  at  76  torr.  Five 
pairs  of  GaN/Aloog  Gao92N(100A/100A)were  used  as  buffer  layer,  then  follow  by  an  1.3  {im 
GaN  film.  The  500A  AlGaN  bulk  structure  was  grown  on  the  GaN  and  Finally  an  lOOA  GaN 
cap  layer  to  prevent  the  oxidation  of  AlGaN  layer.  The  full  width  half  maxima(FWHM)  of  x- 
ray  peak  is  1 15  arc  second  for  the  thick  layer  of  GaN  (1.3  /z  m),  this  value  is  smaller  than  we 
reported  for  the  GaN  on  sapphire  substrate  (It  was  about  300  arc  second).  The  Hall  mobility 
and  sheet  carrier  concentration  are  887  cm  Ns,  1.0  X  10‘®cm'^  at  300K  and  4661  cm^A^'s,  12 
X  lO’^cm'^  at  77K.  This  high  electron  mobility  is  an  indication  of  a  two-dimensional  electron 
gas(2DEG)  formed  at  the  GaN/AlGaN  interface. 

Introduction 

Gallium  nitride  is  a  wide  band  gap  semiconductor.  It  has  attracted  considerable  interests  in 
applications  for  blue,  green,  and  ultraviolet  light-emitting  diodes,  detectors  and  blue  lasers. 
Although  a  lattice-matched  substrate  is  difficult  to  obtain,  C-face  (0001)  sapphire  has  been 
successfully  used  as  the  substrate  to  grow  GaN  film  by  MOCVD  growth  method.  Because  of 
the  large  differences  in  lattice  constant  (lattice  mismatch  about  13.8%)  and  thermal  expansion 
coefficient  between  the  sapphire  substrate  and  GaN  film,  the  performance  of  GaN-based 
devices  depends  critically  on  the  initial  grown  layer  that  affects  the  growth  of  the  misfit 
dislocations  and  polarity  related  defects.  Substrates  that  have  smaller  mismatches  would  be 
desirable.  6H-silicon  carbide  (SiC)  has  a  lattice  constant  closer  to  the  GaN  and  the  lattice 
mismatch  as  small  as  3.4%.  This  substrate  is  considered  more  suitable  for  GaN  epitaxial  layer 
growth.  A  two-dimensional  electron  gas  (2DEG)  has  been  observed  at  the  AlGaN/GaN 
heterointerface  on  sapphire'”^’^  and  on  SiC\  Our  result  also  confirm  the  existence  of  2DEG  in 
AlGaN/GaN  heterostructures  deposited  on  6H-SiC  substrates.  This  paper  will  describe  the 
observed  2DEG  phenomenon. 


627 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


Experiments 


The  AlGaN/GaN  films  were  grown  by  LP-MOCVD  on  6H-SiC  substrates,  from 
sublimation-grown  boules^  The  wafers  were  cut  along  the  basal  plane  orientation.  We  chose 
the  (0001)  silicon  face,  for  which  each  Si  atom  has  a  single  dangling  bond  at  the  surface,  C 
dangling  bounds  will  occur  only  at  the  step  sites.  Sasaki’s  results  indicated  that  GaN  epitaxial 
layers  on  (000 and  (000 1),,  SiC  are  terminated  with  nitrogen  and  gallium  ‘‘respectively.  The 
(0001),i  Sic  were  degreased  in  sequential  ultrasonic  baths  of  acetone  for  30  min  and  rinsed  in 
deionized  water.  Then  cleaned  by  RCA  cleaning  procedure’.  Heavy  metals  were  removed 
using  a  heated  (80°C)  H^SO^iHNOj  solution.  Next,  a  surface  oxide  was  grown  in  a  60°C 
HC1:H202:H20  (5:3:3)  solution*  to  passivate  the  Si  dangling  bonds,  in  a  manner  analogous  to 
that  for  Si  substrates’.  This  grown  oxide  was  then  stripped  with  a  diluted  (10:1)  H20:HF 
solution.  After  final  HF  dip,  the  SiC  substrates  were  blown  dry  with  N2  prior  to  the  growth. 
During  the  growth  the  SiC  substrate  was  placed  on  a  graphite  susceptor  in  a  horizontal  type 
reactor  with  a  RF  heater.  Triethylgallium  (TEGa),  trimethylaluminum  (TMA)  and  ammonia 
(NH3)  were  used  as  the  Ga,  A1  and  N  sources  respectively.  The  carrier  gas  is  hydrogen  (Hj) 
and  the  growth  pressure  was  kept  at  76  torr.  Before  growing  GaN  Films,  the  SiC  substrates 
were  treated  by  thermal  baking  at  1 100°C,  to  clean  the  contamination  on  the  surface.  Then  the 
temperature  was  decreased  to  lOlS'C  to  grow  five  pairs  of  GaN/Aloj^Gag^jN  with  layer 
thickness  of  lOOA/lOOA.  These  buffer  layers  were  used  as  strain  relief  purpose  prior  to  the 
growth  of  an  1.3  (im  GaN  epitaxial  layer.  AlGaN  layer  (500A)  was  then  grown  on  top  of  the 
GaN  and  finally  an  100 A  GaN  cap  layer  to  prevent  the  oxidation  of  AlGaN  layer. 

Results  and  Discussions 

The  grown  material  structure  is  shown  in  Fig.l.  The  heterostnjcture,  as  illustrated  in  Fig  1, 
consists  of  GaN  (undoped  1.3  X  10”cm'\  1.3  /zm  thick),  grown  on  6H-SiC  substrate  substrate 
with  five  pairs  of  GaN/ AlGaN  strain  layer(total  thickness  upto  lOOOA),  undoped-Al^ogGag^jN 
layer  (9.0X  10”cm^  500A  thick),  and  lOOA  GaN  cap  layer  on  top  of  Aloo8Ga^92N  layer  to 
prevent  the  oxidation  of  Aloo5Gao52N  layer.  The  FWHM  of  x-ray  is  1.9  min  for  the  thick  layer 
of  GaN  (1.3 /zm).  This  value  is  smaller  than  we  previously  reported  for  GaN  (5.2  min) 
epitaxial  layer  grown  on  sapphire  substrate”.  The  x-ray  rocking  curves  for  both  samples  are 
shown  in  Fig  2.  We  also  study  various  buffer  layers  to  understand  the  influence  of  lattice 
mismatch  and  thermal  expansion  coefficient  between  GaN  and  SiC  substrates.  Different 
buffer  layer  such  as  500A  AIN,  120A  low-temperature  GaN  and  500A  Al^^Gaj.^N  were 
studied."  Finally,  we  found  that  a  5-period  of  GaN/Aloo8Gao52N  thin  superlattice  (lOOA/lOOA) 
will  produce  good  quality  GaN  epitaxial  layer.  The  mobility  and  carrier  concentration  are  612 
cmVVs  and  1.3  X  lO”  cm'^  (at  300K)  for  the  GaN  epitaxial  layer.  The  AlGaN  was  then  grown 
on  top  of  this  GaN  to  form  the  2DEG  structure. 
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Figure  1 .  The  schematic  diagram  of  the 
2DEG  structure  containing  GaN/ AlGaN 
heterostructure  on  (0001)5i-SiC  substrate 
grown  by  LP-MOCVD. 


Figure  2.  Double-Crystal  X-Ray  rocking  curve 
linewidths  for  GaN  on  SiC  and  on  AI2O3  substrates. 


The  sheet  carrier  density  and  the  electron  mobility  were  measured  at  300K  and  77K  using 
the  Van  der  pauw  technique  of  Hall  effect  masurement  at  0.5T.  Hall  measurement  results 
were  also  listed  in  Table  1.  Results  of  the  2DEG  samples  and  GaN/AljOj,  GaN/SiC  and 
AlGaN/SiC  epitaxial  layers  were  shown  for  comparison.  The  carrier  concentration  in 
AlGaN/SiC  is  9.0  X  lO'^cm'^  and  GaN/SiC  epitaxial  layer  is  1.3  X  lO’Vm'^  at  300K.  We  noted 
that  sheet  carrier  density  for  AlGaN  epitaxial  layer  is  higher  and  the  mobility  is  lower  than 
GaN  epitaxial  layer.  These  results  consistent  with  the  observation  that  the  total  carriers  in 
AlGaN  layers  varies  with  different  composition  of  A1  content.  In  general  the  mobility 
increases  and  concentration  decreases  when  the  content  of  A1  are  decrease  in  AlGaN  layer. 
Also,  if  the  carrier  density  decreases  in  the  2DEG  channel  the  mobility  in  2DEG  structures  is 
enhanced.  For  Al^  osGao^jN  2DEG-bulk  structure,  the  measured  Hall  mobilities  are  887  cm^/Vs 
and  4661  cni/Vs  at  300K  and  77K.  This  2DEG  structure  is  similar  to  the  structures  grown  on 
sapphire  substrate  reported  by  Asif  Khan  et  al.  (Hall  mobilities  are  834  cm'/Vs  and  2626 
cmWs  at  77K).  Fig,3  shows  the  temperature  dependence  of  mobility  and  sheet  carrier 
concentration  for  this  2DEG-bulk  structure. 
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Table 

Tablel.  Sheet  carrier  density  and  mobility  for  GaN/Al^O,,  GaN/SiC,  AlGaN/SiC  and  the 
2DEG  structures  measured  by  Hall  measurement  of  Van  der  Pauw  technique  at  300K  and 
77K. 


Sheet  carrier  density 
(cm'") 
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Figure  3.  Electron  mobility  and  sheet  carrier  concentration  as  a  function  of  temperature  from 
1.3K  to  lOOK  for  2DEG-bulk  structure. 
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Summary 

In  summary,  we  describe  the  growth  and  measurement  of  2DEG  mobility  in 
Alo  osGao  jjN/GaN  hetero structures  on  6H-SiC  substrates.  The  high  mobility  of  4661  cmVVs  at 
77K  is  an  indication  of  2DEG  phenomenon  at  the  Al^ogGao^jN/GaN  interface.  The  higher 
electi'on  mobility  is  attributed  to  its  lower  impurities  scattering  scenters  at  AlGaN/GaN 
interface  and  good  GaN  epitaxial  layer  quality  on  SiC  substrates.  This  study  may  suggest  a 
choice  of  heterostructures  for  field-effect  transistors  for  high-power  applications. 
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ABSTRACT 

In  this  paper  we  employed  the  TSC  method  to  investigate  the  traps  in  GaN.  The  measured 
sample  was  a  M-S-M  UV-detector  of  high-resistance  GaN  on  sapphire  grown  by  LP-MOCVD. 
The  relation  of  dark  conductance  to  temperature  clearly  showed  three  major  donor  levels  at 
0.019,  0.13  and  0.74eV  respectively.  TSC  measurements  from  60  to  380K  indicated  that  there 
were  at  least  11  traps  in  the  GaN  material.  The  active  energy  of  those  traps  were  0.15,  0.19, 
0.25,  0.28,  0.33,  0.39,  0.47,  0.55,  0.60,  0.63  and  0.67eV.  The  range  of  trap  density  is  from 
6xl0'''cm  ^  to  2xl0'*cm By  comparing  TSC  spectrum  to  dark  current,  we  consider  there  are  at 
least  4  hole  traps  in  the  measured  range  with  energy  of  0.25,  0.28,  0.33  and  0.39eV.  The 
illumination  time  effect  was  studied  and  discussed. 

INTRODUCTION 

GaN  ultraviolet  (UV)  photodetectors  have  received  more  attention  recently[l-3]  due  to  their 
important  applications  in  aerospace,  automotive,  petroleum,  engine  monitoring,  flame  detection, 
environment  monitoring,  and  solar  detection.  The  high  mobility,  sharp  cutoff  absorption  edge, 
wide  and  useful  response  wavelength  region,  excellent  response  linearity,  and  high  quantum 
efficiency  of  GaN  make  it  one  of  the  most  promising  materials  to  fabricate  UV  detectors  and 
other  novel  devices.  The  best  performance  of  photoconductive  UV  detectors  require  high- 
resistance  semiconductors.  In  those  materials  and  device  applications,  traps  play  an  important 
role  in  their  properties,  such  as  compensation  to  unintentionally  doped  impurities,  the  response 
time  for  incident  photons,  and  the  sensitivity  of  detectors.  In  some  cases,  traps  can  significantly 
degrade  the  device  performance.  The  image  of  traps  in  GaN  high-resistance  materials  have  not 
yet  been  clear  although  it  is  veiy  critical  for  further  development  of  GaN  UV  detectors.  Few 
results  of  traps  in  high-resistance  GaN  materials  have  been  reported  by  employing  measuring 
techniques  of  photoconductivity[4,5],  photoluminescence  (PL)[6],  Thermally  Stimulated 
Current  (TSC)[3,7].  Among  them  TSC  is  a  traditional  technique  to  characterize  traps  in  semi- 
insulating  materials  and  has  been  proved  to  be  very  suitable  for  trap  studies  in  GaN.  In  this 
paper,  we  use  TSC  to  investigate  traps  in  LP-MOCVD  grown  GaN  M-S-M  detector  structure. 
TSC  measurements  from  60  to  380K  indicated  that  there  were  at  least  11  traps  in  the  GaN 
material.  The  active  energy  of  those  traps  were  0.15,  0.19,  0.25,  0.28,  0.33,  0.39,  0.47,  0.55, 
0.60,  0.63  and  0.67eV.  By  comparing  those  levels  to  three  major  donors  found  in  dark  current. 
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we  consider  there  ai'e  at  least  4  hole  ti'aps  in  the  measured  range  with  energy  of  0.25,  0.28,  0.33 
and  0.39eV.  Illumination  time  effect  was  studied  and  discussed. 


EXPERIMENT 

The  sample  used  in  this  study  was  a  coplanar  M-S-M  structure  of  unintentionally  n-doped 
high-resistance  GaN  on  (0001)  sapphire  substrate  grown  by  low  pressure  MOCVD.  Fig.  1  is  a 
double  crystal  x-ray  rocking  curve  of  GaN  (0004)  diffraction  and  shows  a  good  crystal  quality. 
The  M-S-M  finger-type  patterns  were  fabricated  using  a  lift-off  technique.  The  fingers  were 
3|Ltm  wide  and  5.2mm  long  and  the  spacings  between  the  fingers  were  8pm.  The  Ohmic  contacts 
were  foiTned  by  evaporating  Al/Au  on  the  GaN  front  surface,  and  alloying  at  450°C  for  5  min. 
The  I-V  curve  of  the  sample  measured  in  the  dark  was  linear  even  at  low  temperature,  indicating 
a  good  Ohmic  contact. 


Fig.  1  The  double-crystal 
rocking  curve  of  the  GaN 
sample. 


Rocking  angle  (arcsec) 

After  the  sample  was  cooled  down  to  low  temperature,  a  lOW  white-light  neon  bulb  installed 
in  the  cryostat  was  turned  on  to  illuminate  the  sample.  The  typical  illumination  time  was  more 
than  10  minutes.  Then  the  sample  was  allowed  to  be  heated  up  slowly.  A  bias  was  applied  to  the 
sample  through  a  series  resistor  for  protecting  the  sample  from  burning  out.  The  thermally 
stimulated  current  was  collected  by  Keithley  Model  617  electrometer.  The  thermal  scan  was 
made  at  an  average  heating  rate  of  0.35K/s  in  the  measured  temperature  range. 

RESULTS  AND  DISCUSSION 

Fig.  2  shows  dark  current  of  the  sample  at  the  temperature  range  between  60K  to  380K  as  a 
solid  cui-ve.  The  x-axis  is  the  reciprocal  of  temperature.  The  y-axis  is  the  dai'k  cunent.  The  room 
temperature  (300K)  is  marked  at  the  top  of  the  figure.  The  measurement  was  operated  under 
dai’k  during  the  sample  was  cooled  down  from  380K  to  60K.  Before  measurement,  the  sample 
was  kept  at  380K  under  dark  for  a  long  time  to  let  it  arrive  thermal  equilibrium.  It  is  obvious 
that  there  aie  three  exponential-featured  donor  theimally  ionization  regions  between  60K  and 
380K.  All  three  ionization  regions  can  be  well  fitted  by  exponential  curve  shown  in  the  figure  as 
dash  lines.  Under  lOOK  the  first  ionization  region  has  an  active  energy  of  0.0095eV.  Between 
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130K  and  200K  the  second  ionization  region  holds  an  active  energy  of  0.063eV.  Above  280K, 
the  third  ionization  region  shows  an  active  energy  of  0.37eV.  Because  there  is  compensation  in 
the  sample,  energy  levels  locate  at  0.019eV,  0.13eV  and  0.74eV,  respectively.  A  plateau 
between  the  second  and  third  regions  comes  from  the  large  interval  between  those  two  levels  and 
exhaust  of  electrons  in  shallow  levels. 


Fig.  2  Dark  current  of  the  GaN 
sample  between  60K  to  380K. 


(1/K) 


Fig.  3  ai'e  TSC  spectra  of  the  used  sample  with  linear  and  logarithm  scale  of  y-axis.  The 
illumination  time  at  low  temperature  is  15  min  and  the  heating  rate  is  0.35K/sec.  The  bias  is 
80V.  As  seen  from  (a),  5  major  TSC  peaks  appeal'  in  the  temperature  range  between  60K  to 
360K.  The  shape  of  the  largest  peak  around  300K  indicates  that  there  are  more  than  two  peaks 
involved  in  the  peak.  In  order  to  find  all  minor  peaks,  we  change  the  scale  of  y-axis  from  linear 
to  logarithm  as  shown  in  (b).  It  is  obvious  that  there  are  totally  11  peaks  in  the  measured 
temperature  range.  Eveiy  peak  indicates  a  trap  level.  We  can  calculate  the  energy  position  of 
those  levels  in  the  bandgap,  E,  by 

ln(4/|3)  =  Et/kT„-ln(Nvok/E,)  (1) 

where  E,  is  the  trap  level;  Tm  is  the  peak  temperature,  P  is  the  heating  rate,  N  is  the  effective 
density  of  states  of  the  conduction  band,  v  is  the  thermal  velocity  of  carriers,  and  o  is  the 
thermal  capture  cross  section  of  the  trap.  Under  the  condition  of  Tm>I00K  and  cm^  Eqn 

(1)  can  be  simplified  to 


E,  =  kT„ln(T^,/p).  (2) 

All  parameters  of  1 1  peaks  are  listed  in  Table  I.  The  energy  level  are  calculated  by  Eqn  (2),  and 
the  densities  of  ti'aps  aie  detei*mined  approximately  from  the  charge  emitted,  given  by  the  ai'ea 
(cuiTent  X  time)  of  the  emission  hump  divided  by  the  effective  volume  of  the  crystal  that  is 
assumed  as  having  completely  filled  traps. 
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T3/T4,  T5/T6,  T8  and  TIO  have  been  obsei-ved  in  Ref[3].  Here  we  found  there  are  fine 
structures  in  those  traps.  TIO  is  the  largest  peak  in  the  temperature  range  and  controls  optical 
and  electiical  properties  of  the  material  at  room  temperature. 

Compared  to  dark  current  shown  in  Fig.  2,  we  find  the  TSC  background  is  much  larger  than 
the  former  as  shown  in  Fig.  4.  We  believe  that  comes  from  persistent  photocun*ent[7].  From  Fig. 
4,  we  can  also  get  information  about  the  type  of  traps.  Because  only  three  major  donors  shown 
in  the  dark  current,  we  consider  that  at  least  the  peak  groups  in  the  medium  temperature, 
including  T3,  T4,  T5  and  T6,  are  hole  traps. 
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Fig.  4  Comparison  of  the 
TSC  current  to  the  dark 
current  of  the  measured 
sample. 


We  also  measured  TSC  spectra  for  different  illumination  time.  Because  there  are  multi-trap 
and  reti-apping  effects  in  the  sample  and  we  use  a  white  light  source,  the  relation  of  the  TSC 
current  to  the  illumination  time  is  very  complicated.  Fig.  5  shows  two  TSC  spectra  with 
illumination  time  of  10  and  15  min,  respectively.  It  is  clear  that  the  shape  of  the  spectrum 
changes  significantly,  which  indicates  that  there  are  different  types  of  trap  (both  electron  and 
hole  ti-aps)  and  different  response  time  for  different  traps.  We  found  experimentally  that  after 
thermal  cycling  of  illumination  at  low  temperature,  heating  up  under  dark,  cooling  down  under 
dai'k,  the  net  photocurrent  showed  a  negative  value  at  the  beginning  of  reillumination.  Since  we 
use  neon  bulb  as  light  source,  the  major  output  photons  distribute  in  visible  range  with  energy 
less  than  the  bandgap  of  GaN.  On  the  other  side,  traps  deeper  than  0.75eV  do  not  emit  carriers 
in  the  thermal  cycle.  At  low  temperature  when  the  white  light  source  is  on,  holes  are  excited 
from  hole  traps  to  the  valence  band  and  recombine  with  electrons  in  the  conduction  band.  Thus 
a  negative  photocun-ent  is  observed.  We  can  conclude  from  that  phenomenon  that  there  are  hole 
ti*aps  located  ai'ound  the  center  of  the  gap  and  they  have  shorter  emission  time  than  electron 
traps. 

CONCLUSION 

Dark  current  and  TSC  spectra  of  high-resistance  GaN  M-S-M  structure  were  measured  in  the 
temperature  range  of  60  to  380K.  Daik  cunent  clearly  showed  three  major  donors  at  0.019,  0.13 
and  0.74eV,  respectively.  Totally  1 1  traps  were  found  in  the  measured  range.  The  traps  have 
energy  of  0.1 5eV,  0.1 9eV,  0.25eV,  0.28eV,  0.33eV,  0.39eV,  0.47eV,  0.55eV,  0.60eV,  0.63eV 
and  0.67 eV,  respectively.  The  range  of  trap  density  is  from  6xl0’'‘cm'^  to  2xl0‘*cm‘^.  By 
comparing  TSC  spectrum  to  dark  cunent,  we  consider  there  are  at  least  4  hole  traps  in  the 
measured  range  with  energy  of  0.25,  0.28,  0.33  and  0.39eV.  Illumination  time  experiment 
indicated  a  very  complicated  mechanism  of  retrapping  and  interaction  between  different  traps. 
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TSC  Current  (A) 


Fig.  5  Comparison  of  two 
TSC  spectra  with  different 
illumination  time  at  low 
temperature. 


Temperature  (K) 
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ABSTRACT 


Both  spontaneous  and  stimulated  emission  processes  are  essential  ingredients  for  con¬ 
structing  a  laser  from  the  nitrides.  Based  on  our  picosecond  time-resolved  photoluminescence 
studies  we  show  that  spontaneous  radiative  recombination  is  strongly  influenced  by  excitonic 
effects,  both  in  bulk  GaN  and  in  quantum  wells.  Particularly  in  quantum  wells,  localization 
of  excitons  plays  an  important  role.  We  have  studied  the  optical  gain  spectra  in  GaInN/GaN 
and  GaN/AlGaN  double  heterostructures  and  quantum  wells,  grown  by  LP-MOVPE,  using 
the  stripe  excitation  method.  Both  room  temperature  and  low  temperature  measurements 
were  performed.  Based  on  our  results,  we  discuss  the  physical  mechanism  of  optical  gain  in 
the  nitrides  as  well  as  consequences  for  laser  operation.  We  show  that  localization  or,  equiv¬ 
alently,  the  formation  of  quantum  dot  like  structures,  governs  the  optical  gain  mechanism  in 
the  nitrides. 


INTRODUCTION 


The  group-III  nitrides  GaN,  AIN,  and  InN  have  recently  attracted  much  interest  due  to 
their  application  for  blue  light  emitters.  Both  light  emitting  diodes  (LED’s)  covering  the 
blue,  green,  and  yellow  spectral  range  [1,  2,  3]  and  violet  injection  lasers  [4,  5,  6]  have  been 
demonstrated. 

Particularly  for  the  laser,  both  spontaneous  and  stimulated  recombination  of  injected 
charge  carriers  is  vitally  important.  Stimulated  emission  provides  the  laser  gain  process, 
whereas  spontaneous  recombination  is  responsible  for  carrier  losses.  For  conventional  III-V 
semiconductors  free-carrier  band-to-band  transitions  are  responsible  for  the  gain,  whereas 
for  Il-VI-based  quantum  wells  excitons  are  suspected  to  make  substantial  contributions  at 
least  at  low  temperatures.  Since  the  nitrides  are  wide-gap  semiconductors  as  well,  this  makes 
the  issue  of  the  gain  mechanism  particularly  interesting  for  the  nitrides. 

In  this  paper,  we  will  first  discuss  the  basic  mechanisms  of  spontaneous  and  stimulated 
recombination  in  semiconductors.  Based  on  our  experimental  data  on  recombination  in 
GaInN/GaN  quantum  wells,  we  will  then  show  that  localization  is  an  important  concept 
for  the  nitrides.  The  issue  of  stimulated  emission  and  optical  gain  will  then  be  elucidated, 
showing  that  the  experimentally  observed  optical  gain  is  due  to  localized  states.  We  will  then 
discuss  the  similarity  between  strong  localization  and  artificially  prepared  quantum  dots  and 
highlight  the  consequences  for  the  nitrides. 
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MECHANISMS  OF  SPONTANEOUS  AND  STIMULATED 
RECOMBINATION 

Spontaneous  processes 


Excess  charge  carriers  occupying  extended  band  states  in  a  semiconductor  (including  low¬ 
dimensional  structures)  can  recombine  either  radiatively  or  non-radiatively.  Radiative  band- 
to-band  recombination  of  free  carriers  is  governed  by  the  k  conservation  rule,  leading  to  the 
recombination  rate  being  proportional  to  the  electron  and  hole  densities.  The  temperature 
dependence  of  the  radiative  recombination  coefficient  follows  from  k  conservation  and  is 
determined  by  the  effective  combined  density  of  states  (i.e.  oc  for  bulk  semiconductors, 

oc  T~^  for  quantum  wells,  and  oc  for  quantum  wires).  For  free  excitons,  i.e.  bound 

electron-hole  pairs,  similar  considerations  apply.  In  general,  however,  a  mixed  system  of 
more  or  less  correlated  electrons  and  holes  has  to  be  considered  [7]. 

Nonradiative  recombination  can  be  either  intrinsic  or  due  to  defects.  Since  Auger  re¬ 
combination  [8]  as  an  intrinsic  mechanism  should  be  negligible  for  wide-gap  materials  like 
the  nitrides,  we  will  not  discuss  it  further.  More  importantly,  nonradiative  recombination 
via  defect  states  in  the  forbidden  gap  will  be  active  in  the  nitrides,  particularly  in  the  light 
of  the  large  defect  densities  in  todays  epitaxial  material.  Such  recombination  follows  the 
statistics  of  Shockley  and  Read  [9]  and  Hall  [10]  and  involves  the  emission  of  many  phonons 
during  the  capture  of  the  electron  or  the  hole  into  the  defect  state.  Due  to  the  nature  of  the 
capture  processes,  the  recombination  becomes  more  effective  at  higher  temperatures,  i.e.  is 
thermally  activated  [11]. 

Localized  states,  on  the  other  hand,  exhibit  fixed  radiative  or  nonradiative  recombina¬ 
tion  probabilities,  depending  on  their  electronic  structure.  As  long  as  no  excited  states 
are  populated,  the  radiative  lifetime  of  an  excitation  is  independent  of  temperature.  Only 
nonradiative  processes  introduce  a  strong  temperature  dependence. 

Stimulated  recombination 


Stimulated  recombination  of  excited  carriers  -  or  optical  gain  -  is  the  single  most  impor¬ 
tant  property  of  laser-active  materials.  In  a  free-carrier  two-band  picture  of  a  semiconductor, 
optical  gain  is  achieved  if  the  separation  of  the  electron  and  hole  quasi  Fermi  energies  exceeds 
the  bandgap  energy  [12].  Due  to  the  extended  nature  of  the  states  involved,  the  spectra  of 
the  optical  gain  tend  to  be  rather  broad.  Even  though  a  large  improvement  is  expected  for 
low-dimensional  structures  due  to  their  narrow  density  of  states,  inhomogeneous  broadening 
due  to  size  fluctuations  diminishes  the  potential  improvement. 

For  III-V  semiconductors  like  GalnAs/InP,  GaAs/AlGaAs,  or  GaInP/GaAs  and  quantum 
wells  from  these  materials,  the  optical  gain  is  well  understood  on  the  basis  of  pure  band-to- 
band  transitions.  Even  for  strained  quantum  wells,  model  calculations  of  the  gain  based  on 
6-band  k-p  valence  band  structures  yield  excellent  quantitative  agreement  between  measured 
and  calculated  gain  spectra  [13].  The  most  important  property  of  the  optical  gain  in  our 
context  is  the  shape  of  the  gain  spectra,  as  shown  in  Fig.  1.  In  case  of  inversion,  optical 
gain  is  expected  between  the  (renormalized)  band  edge  and  the  chemical  potential  (i.e.  the 
difference  of  the  quasi  Fermi  energies).  At  higher  energies,  a  steep  absorption  edge  with  up 
to  3  X  lO^crn”^  should  be  observed. 

On  the  other  hand,  for  II- VI  semiconductors,  there  has  been  a  lively  discussion  in  the 
literature  as  to  whether  the  optical  gain  in  such  structures  is  (partly)  due  to  excitonic 
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Figure  1:  Calculated  optical  gain  spectra  for  band-to-band  transitions  in  bulk  GaInN.  Due 
to  the  inversion,  there  is  gain  close  to  the  band  edge,  but  a  strong  absorption  at  photon 
energies  above  the  chemical  potential. 

processes  [14,  15,  16,  17].  This  idea  is  related  to  the  fact  that  the  excitonic  binding  is  rather 
strong  in  wide-gap  semiconductors,  due  to  the  large  effective  masses  of  electrons  and  holes. 
If  excitons  survive  at  sufficiently  high  carrier  densities  allowing  for  optical  gain,  an  excitonic 
enhancement  of  the  gain  or  even  purely  excitonic  gain  processes  might  show  up.  Recently, 
it  has  been  shown  that  at  low  temperatures  the  gain  in  ZnSe-based  quantum  wells  may  in 
fact  be  due  to  localized  biexcitons  [16]. 

As  this  will  become  important  later  on,  we  will  also  briefly  discuss  optical  gain  in  semi¬ 
conductor  quantum  dots.  For  quantum  dot  structures,  the  optical  gain  has  been  studied 
mostly  from  the  theoretical  point  of  view  up  to  now  [18,  19].  As  in  the  case  of  strained 
quantum  wells,  it  is  most  difficult  to  correctly  include  the  complicated  electronic  structure 
of  such  low-dimensional  structures  when  calculating  the  gain.  Since  most  existing  quantum 
dot  structures  exhibit  quite  a  number  of  excited  states,  the  resulting  spectra  are  rather  com¬ 
plex.  Experimentally,  only  very  few  studies  have  been  performed.  Due  to  the  inhomogeneous 
broadening  due  to  size  fluctuations,  the  gain  spectra  are  fairly  broad  and  the  excited-state 
structure  is  only  observed  at  low  temperature  [20,  21]. 

EXPERIMENTAL  DETAILS 

Samples 


Our  GaN  samples  were  grown  on  0001-oriented  sapphire  substrates  using  low  pressure 
metal-organic  vapor  phase  epitaxy  (LP-MOVPE)  and  employing  an  AIN  nucleation  layer. 
The  layer  thickness  was  in  the  range  1 ...  3  //m.  The  samples  exhibited  X-ray  diffraction 
linewidths  ((0002),  open  detector  mode)  of  50...  80  arcsecs  and  low-temperature  photo¬ 
luminescence  linewidths  of  around  2 ...  4  meV.  The  net  donor  concentration  of  nominally 
undoped  GaN  was  less  than  5  •  10^®cm“^. 

Both  GaInN/GaN  and  GaN/AlGaN  double  heterostructures  and  quantum  wells  were 
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grown  by  adding  either  In  or  A1  to  the  appropriate  layers.  Typically,  the  structures  consisted 
of  a  ~  0.5  /um  GaN  or  AlGaN  buffer  layer,  a  GaInN  or  GaN  active  layer,  and  a  100  nm 
GaN  or  AlGaN  top  confinement  layer.  The  maximum  In-content  in  the  GaInN  layers  was 
about  15  %.  The  AlGaN  barriers  had  an  Al-content  of  about  12  %. 

Measurement  techniques 

The  carrier  dynamics  were  investigated  using  a  picosecond  time-resolved  photolumi¬ 
nescence  setup,  where  the  samples  were  excited  with  5  ps  pulses  from  a  cavity-dumped 
frequency-doubled  synchronously  mode-locked  dye  laser.  The  luminescence  was  detected 
with  a  Hamamatsu  R3809-U  microchannel-plate  photomultiplier  and  processed  using  time- 
correlated  single-photon- counting  electronics.  By  employing  suitable  deconvolution  tech¬ 
niques,  an  overall  time  resolution  of  less  than  20  ps  was  reached.  The  samples  were  mounted 
in  a  variable-temperature  cryostat,  allowing  for  a  temperature  range  from  2  K  up  to  400  K. 

We  have  used  the  stripe  excitation  method  to  measure  the  optical  gain  in  our  samples 
[22].  The  samples  were  optically  excited  by  6  ...  15  ns  pulses  of  an  excimer  laser  (operating 
either  with  N2  (337  nm)  or  with  XeCl  (308  nm))  at  a  repetition  rate  of  100  Hz  and  the 
amplified  spontaneous  emission  (ASE)  emitted  from  the  sample  edge  was  dispersed  by  a 
0.5  m  monochromator  and  detected  by  a  cooled  intensified  silicon  diode  array  detector.  The 
length  of  the  excited  stripe  was  varied  between  0  and  typically  200  fim  by  a  computer- 
controlled  stepper  motor.  The  samples  were  kept  at  room  temperature  during  most  of  the 
measurements.  The  ASE  spectra  were  analyzed  by  fitting  the  relation 

Iase  =  -  1),  (1) 

where  g  is  the  optical  gain  coefficient  and  L  is  the  length  of  the  excited  stripe,  to  the  measured 
dependence  of  the  ASE  intensity  on  stripe  length  for  every  wavelength.  The  actual  power 
density  incident  on  our  samples  was  determined  from  a  careful  analysis  of  the  beam  profile. 

SPONTANEOUS  RECOMBINATION 

Bulk  GaN 


The  spontaneous  recombination  was  studied  both  in  bulk  GaN  and  in  GaInN / GaN  and 
GaN/ AlGaN  quantum  wells  using  picosecond  time- resolved  optical  spectroscopy.  For  the 
present  purpose,  we  concentrate  on  radiative  recombination.  Even  though  the  recombination 
is  mainly  nonradiative  for  all  structures  at  elevated  temperatures,  we  have  been  able  to 
conclude  on  radiative  lifetimes  from  our  measurements.  This  was  accomplished  by  combining 
the  measured  decay  times  and  the  corresponding  integrated  photoluminescence  intensities, 
both  as  a  function  of  temperature.  Since  the  integrated  intensity  of  the  band-edge  emission 
provides  at  least  a  relative  measure  of  the  quantum  efficiency  rj,  we  can  derive  the  radiative 


lifetime  Trad  using 


'^rad  — 


'[efl 

V 


(2) 


from  the  measured  decay  time  Tg//. 

For  bulk  GaN  we  find  (Fig.  2)  that  the  radiative  lifetime  initially  increases  proportional 
to  as  expected  for  a  bulk  semiconductor  [23],  due  to  the  dispersion  of  the  electrons 

and  holes  in  3  dimensions.  In  fact,  this  is  an  exciton  radiative  lifetime  (polariton  effects  are 
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Figure  2:  Temperature  depen¬ 
dence  of  the  radiative  free  ex- 
citon  lifetime  in  bulk  GaN,  de¬ 
rived  from  the  measured  decay 
time  and  the  quantum  efficien¬ 
cy. 


Figure  3:  Radiative  exciton 
lifetime  in  a  1  nm  GaInN / GaN 
quantum  well  as  a  function  of 
temperature.  The  fairly  con¬ 
stant  lifetime  at  temperatures 
below  100  K  indicates  a  strong 
influence  of  localization. 


negligible  as  long  as  the  layer  thicknesses  do  not  exceed  the  absorption  length),  since  excitons 
are  stable  at  these  temperatures.  At  higher  temperatures,  the  increase  of  the  radiative 
lifetime  becomes  more  pronounced.  This  is  due  to  dissociation  of  excitons  into  free  electrons 
and  holes,  with  an  activation  energy  of  about  40  meV.  The  full  line  in  Fig.  2  represents  a  fit 
based  on  these  considerations  [24]. 

GaInN/GaN  quantum  wells 


For  GaInN/GaN  quantum  wells  the  result  is  fairly  different,  as  shown  in  Fig.  3.  At  low 
temperatures,  below  about  100  K,  the  radiative  lifetime  remains  constant  and  increases  only 
at  higher  temperatures.  The  increase  of  the  lifetime  at  high  temperatures  is  readily  under¬ 
stood  on  the  basis  of  the  exciton  dispersion  and  exciton  dissociation.  At  low  temperature, 
however,  the  temperature  independent  radiative  lifetime  is  only  understood  if  we  assume  a 
strong  localization  of  the  excitons  [25].  Localization  in  this  context  means  binding  of  the 
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excitons  at  local  potential  fluctuations  due  to  alloy  fluctuations  or  due  to  well  width  fluctu¬ 
ations.  The  radiative  lifetime  of  these  localized  excitons  is  independent  of  temperature  since 
there  is  no  energy  dispersion  of  the  corresponding  states.  Moreover,  the  radiative  lifetime 
is  longer  than  that  of  free  excitons  at  the  same  temperature,  since  the  wavefunction  of  the 
localized  exciton  is  spread  in  k-space,  leading  to  a  reduced  probability  of  emitting  a.  k  ^  0 
photon. 

Qualitatively,  we  find  the  same  behavior  for  GaN/AlGaN  quantum  wells,  even  though 
one  would  expect  far  less  localization  for  quantum  wells  with  a  binary  active  layer. 

STIMULATED  RECOMBINATION  -  OPTICAL  GAIN 

We  have  studied  the  optical  gain  in  GaInN/GaN  and  GaN/AlGaN  double  heterostruc¬ 
tures  and  quantum  wells  using  the  stripe  excitation  method  described  earlier.  The  most 
important  advantage  of  this  method  is  that  it  is  far  more  sensitive  to  small  optical  gain 
amplitudes  (as  in  single  quantum  well  structures)  than  pump-probe  type  transmission  ex¬ 
periments.  On  the  other  hand,  this  method  works  only  for  spectral  regions,  where  the 
spontaneous  intensity  is  sufficiently  large.  However,  this  condition  is  satisfied  for  most  of  the 
structures  investigated  here. 

GaInN / GaN  double  heterostructures  and  quantum  wells 


One  of  the  most  basic  observations  regarding  the  optical  gain  in  the  nitrides  is  the  strong 
polarization  anisotropy  of  the  gain:  Due  to  the  band  structure  of  the  nitrides,  i.e.  the  crystal- 
field  splitting  of  the  valence  bands,  optical  gain  is  almost  exclusively  observed  for  the  TE 
mode  (polarization  in  c- plane),  but  not  for  the  TM  mode  [26]. 

When  studying  the  gain  spectra  in  detail,  a  surprising  behavior  is  found.  Fig.  4  shows  a  se¬ 
ries  of  room-temperature  gain  spectra  at  various  pump  power  levels  for  a  15  nm  GaInN/GaN 
DH  structure.  For  the  lowest  pump  power  level,  we  only  observe  absorption,  whereas  at 
higher  power  levels  positive  net  gain  is  obtained  in  the  low-energy  part  of  the  spectra.  It  is 
interesting  to  note  that  there  is  fairly  little  absorption  (<  20  cm“^)  below  the  band  edge, 
indicating  rather  small  waveguide  losses.  This  is  somewhat  surprising,  considering  the  large 
density  of  defects  present  in  the  epitaxial  material. 

These  data  have  been  analyzed  using  a  band-to-band  model  and  the  model  of  the  dis¬ 
cussion  section.  The  dashed  line  represents  a  fit  of  the  low-energy  part  of  the  spectrum  at 
the  highest  pump  power  based  on  the  band-to-band  model  discussed  earlier  [26].  We  note 
that  a  good  fit  is  obtained  for  the  low-energy  part,  but  the  model  is  unable  to  account  for 
decreasing  absorption  at  higher  energies.  The  full  line  fit  drawn  in  conjunction  with  the 
other  measured  data  is  based  on  the  model  described  in  “Discussion  and  Model” . 

Qualitatively  the  same  behavior  is  obtained  for  a  2.5  nm  GaInN/GaN  quantum  well 
(Fig.  5).  At  the  lowest  pump  power,  only  absorption  is  observed.  At  higher  power  levels, 
positive  gain  is  obtained  around  3.1  eV,  even  though  the  net  waveguide  gain  remains  negative. 
Again,  the  absorption  at  higher  energies  is  limited  to  the  spectral  range  between  about  3.25 
and  3.4  eV. 

GaN/AlGaN  structures 

In  order  to  elucidate  the  optical  gain  mechanism  in  the  nitrides  in  more  detail,  we  have 
also  studied  GaN / AlGaN  structures.  Fig.  6  shows  gain  spectra  for  GaN /  AlGaN  structures 
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Figure  4:  Optical  gain  spectra  of  a 
GaInN/GaN  DH  structure  [Lz  =  15  nm) 
at  various  pump  power  levels.  The  dashed 
and  the  full  line  are  fits  explained  in  the 
text.  The  spectra  are  vertically  displaced 
for  clarity. 
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with  active  layer  thicknesses  between  100  nm  and  2.5  nm.  The  spectra  were  obtained  us¬ 
ing  non-resonant  excitation  at  308  nm  (4.02  eV).  The  spectra  show  an  unexpectedly  rich 
structure  and  we  note  several  remarkable  features.  First  of  all,  we  note  the  steep  onset  of 
absorption  due  to  the  AlGaN  barriers  at  about  3.75  eV.  Moreover,  we  note  structures  in 
the  gain  spectra  at  energies  between  3.3  and  3.6  eV  similar  to  the  GaInN/GaN  structures. 
Most  importantly,  we  observe  no  absorption  in  the  energy  range  between  3.5  and  3.7  eV, 
i.e,  between  the  “quantum  well”  emission  and  the  AlGaN  barrier  energy.  For  a  “normal” 
quantum  well  structure,  an  absorption  of  a  few  hundred  up  to  a  few  thousand  inverse  cen¬ 
timeters,  depending  on  the  optical  confinement  factor  of  the  waveguide,  due  to  band-to-band 
transitions  would  be  expected. 

In  order  to  clarify  the  gain  mechanism  further,  we  performed  optical  gain  measurements 
at  low  temperature  (20  K).  In  addition  to  the  non-resonant  pumping  as  above,  experiments 
with  resonant  pumping  (337  nm  =  3.67  eV)  of  the  active  layer  were  carried  out.  The 
measurements  showed  a  strong  variation  of  the  results,  depending  on  the  position  of  the 
excited  stripe  on  the  sample.  A  typical  gain  spectrum,  together  with  an  ASE  spectrum,  is 
shown  in  Fig.  7.  The  ASE  spectrum  exhibits  a  considerable  number  of  relatively  narrow  lines, 
which  find  their  more  or  less  pronounced  counterpart  in  the  gain  spectrum.  The  individual 
structures  in  the  gain  spectrum  are  similar  to  those  known  from  the  GaInN/GaN  samples. 
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Figure  5:  Optical  gain  spectra  of  a 

GaInN/GaN  SQW  structure  {Lz  —  2.5  nm) 
at  various  pump  power  levels.  The  spectra 
are  vertically  displaced  for  clarity. 


Figure  6:  Optical  gain  spectra  for  GaN/- 
AlGaN  SQW  structures  of  various  widths  at 
room  temperature.  The  spectra  are  vertical¬ 
ly  displaced  for  clarity. 
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Figure  7:  Low-ternperature  spectra  for  a  GaN/AlGaN  structure  obtained  under  resonant 
excitation.  The  full  line  represents  an  ASE  spectrum,  whereas  the  dots  give  the  optical  gain. 
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DISCUSSION  AND  MODEL 


Before  drawing  further  conclusions  from  our  results,  let  us  reiterate  the  major  findings: 

•  The  optical  gain  spectra  both  for  GaInN/GaN  and  for  GaN/AlGaN  structures  exhibit 
a  consistent  lineshape  pattern  with  the  absorption  on  the  high  energy  side  decreasing 
towards  zero. 

•  Particularly  for  the  GaN/AlGaN  structures,  absolutely  no  absorption  is  observed  be¬ 
tween  the  “quantum  well”  emission  and  the  barrier  energy  level. 

•  Resonant  pumping  experiments  at  low  temperature  result  in  a  fairly  large  num.ber  of 
narrow  emission  lines  and  a  gain  spectrum  with  rich  structure. 

•  The  radiative  lifetime  of  excitons  in  GaInN/GaN  “quantum  wells”  is  constant  over  a 
fairly  large  range  of  temperatures,  indicating  a  strong  influence  of  localization. 

The  most  important  starting  point  for  further  considerations  is  the  absence  of  absorption 
above  the  “band  edge”  of  the  quantum  wells.  This  is  only  possible,  if  the  states  involved  in 
the  optical  transitions  and  in  the  optical  gain  are  neither  3-dimensional  nor  2-dimensional 
in  nature,  but  rather  0-dimensional,  i.e.  are  localized  states. 

Nakamura  recently  pointed  out  [27]  that  in  his  GaInN/GaN  multiple  quantum  well  struc¬ 
tures,  TEM  pictures  reveal  strong  local  fluctuations  of  the  In  content,  reminiscent  of  artificial 
“self-organized”  quantum  dot  structures.  In  fact,  similar  fluctuations  of  the  In  content  were 
observed  for  our  GaInN/GaN  structures  [28]. 

As  a  matter  of  fact,  the  physical  concepts  of  3-dimensional  size  quantization  and  of 
localization  are  strongly  interrelated.  The  term  localization  is  used  in  a  situation,  where 
carriers  may  be  trapped  in  shallow  local  potential  fluctuations.  On  the  other  hand,  one 
typically  thinks  of  quantum  dots  when  there  are  well  defined  energetically  deep  3- dimensional 
potential  wells. 

Actually,  it  is  well  known  for  quantum  dot  structures  that  the  radiative  lifetime  is  inde¬ 
pendent  of  temperature  [29],  as  observed  for  our  GaInN/GaN  structures.  Only  at  elevated 
temperatures,  excitons  may  get  thermally  excited  to  barrier  states,  leading  to  a  lifetime 
approaching  that  of  the  barrier  states. 

Now  let  us  consider  the  optical  gain  from  quantum  dot  structures.  The  models  proposed 
in  the  literature  are  either  too  simple  [18]  or  too  complex  [19]  to  provide  a  basis  for  our 
discussion.  In  the  following,  we  therefore  develop  a  model  adapted  to  the  complexity  of  our 
problem. 

Consider  a  single  quantum  dot  small  enough  to  allow  only  for  a  single  confined  electron 
state,  but  possibly  a  larger  number  of  hole  states.  Due  to  the  Pauli  exclusion  principle,  such 
a  dot  can  accommodate  at  most  two  electrons  and  two  holes  (as  long  as  charge  neutrality  is 
maintained),  or,  in  other  words,  two  excitons.  There  are  only  two  possible  optical  transitions 
in  this  system:  from  the  ground  state  to  the  one-exciton  state  and  from  the  one-exciton  state 
to  the  two-exciton  state.  These  transitions  may  be  assumed  to  be  approximately  degenerate. 
If  the  quantum  dot  is  in  the  ground  state,  the  only  allowed  transition  is  absorption  of  a  photon 
to  the  one-exciton  state.  If  the  quantum  dot  is  in  the  two-exciton  state,  only  stimulated  (or 
spontaneous)  emission  towards  the  one-exciton  state  is  possible.  Finally,  if  the  dot  is  in  the 
one-exciton  state,  both  absorption  and  stimulated  emission  are  possible,  with  approximately 
equal  probability. 
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Figure  8:  Simple  model  for  optical  gain 
from  quantum  dots.  Top:  Inhomoge- 
neously  broadened  spectral  distribution  of 
the  dipole  moment;  middle:  Fermi  distri¬ 
bution  of  state  filling;  bottom:  resulting 
gain  lineshapes.  There  is  no  absorption 
at  higher  energies. 


In  a  real  world  system,  the  quantum  dots  have  an  inhomogeneous  size  distribution  and 
therefore  an  inhomogeneous  broadening  on  the  energy  scale.  Assuming  the  existence  of  a 
mechanism  establishing  thermal  quasi-equilibrium  between  the  dots,  the  occupation  of  these 
states  is  governed  by  a  Fermi  distribution,  where  those  dots  at  the  lowest  energy  are  in  the 
two-exciton  state,  the  ones  around  the  chemical  potential  are  in  the  one-exciton  state,  and 
those  at  the  highest  energies  are  in  the  ground  state. 

The  consequences  for  the  optical  spectra  are  illustrated  in  Fig.  8.  The  upper  part  of  the 
figure  gives  the  inhomogeneous  distribution  of  the  dipole  moment,  i.e.  the  number  of  dots 
at  that  energy.  In  the  middle,  we  have  plotted  the  inversion  factor,  i.e.  2f{E)  -  1,  and  the 
bottom  part  shows  the  resulting  optical  spectra.  As  can  be  seen  from  the  figure,  there  is  only 
absorption  for  low  pumping  levels  (i.e.  chemical  potential),  but  this  absorption  occurs  in 
a  limited  spectral  range.  Optical  gain  develops  with  increasing  chemical  potential,  starting 
from  the  low-energy  side  of  the  spectrum.  Finally,  dots  of  all  sizes  are  inverted  so  that  only 
gain  is  observed,  but  no  absorption  anymore. 

The  line-shape  pattern  produced  by  this  model  is  quite  similar  to  that  observed  in  our 
experiments.  In  fact,  the  model  outlined  above  was  used  to  fit  the  gain  spectra  in  Fig.  4. 
We  find  excellent  agreement  between  the  model  and  the  experiments.  Moreover,  it  is  most 
important  that  this  model  naturally  accounts  more  the  absence  of  absorption  at  intermediate 
energies  in  Fig.  6.  Finally,  even  the  multitude  of  lines  in  Fig.  7  finds  its  natural  explanation 
by  a  resonant  selective  excitation  of  quantum  dots  of  some  particular  size. 

The  microscopic  origin  of  these  quantum-dot-like  structures  is  not  completely  clear  to 
date.  For  GaInN/GaN  structures,  there  are  two  obvious  mechanisms.  Firstly,  a  Stranski- 
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Krastanow-like  growth  [30]  may  take  place,  where  dots  are  formed  due  to  elastic  strain. 
Secondly,  there  is  some  evidence  for  a  miscibility  gap  in  the  ternary  GaInN  [31],  which 
might  promote  the  formation  of  In-rich  and  In-poor  regions  during  epitaxial  growth.  For 
GaN/AlGaN  structures,  the  microscopic  mechanism  is  less  obvious.  Since  the  active  layer  is 
a  binary  compound  in  this  case,  only  a  Stranski-Krastanow-like  growth  mode  might  explain 
the  observations. 

CONSEQUENCES  FOR  LASER  OPERATION 

The  nitride  based  laser  structures  presented  up  to  now  [4,  5,  6]  exhibit  room-temperature 
threshold  current  densities  in  excess  of  3  kA/cm^.  If  band-to-band  transitions  were  respon¬ 
sible  for  the  optical  gain,  this  might  already  be  close  to  the  theoretical  limit  in  this  material 
system  [32],  due  to  the  very  large  effective  masses.  However,  if  a  quantum  dot-like  behavior 
of  nitride  structures  is  involved  in  the  gain  mechanism,  it  is  essential  to  learn  to  optimize 
those  structures  and  to  reduce  size  fluctuations  in  order  to  optimize  the  laser  properties.  If 
so,  the  nitride  based  laser  might  become  the  first  quantum  dot  laser  to  be  commercialized. 
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ABSTRACT 

Spontaneous  emission  mechanisms  of  InGaN  single  quantum  well  (SQW)  blue  and  green  light  emitting 
diodes  (LEDs)  and  multiquantum  well  (MQW)  laser  diode  (LD)  structures  were  investigated.  Their  static 
electroluminescence  (EL)  peak  was  assigned  to  the  recombination  of  excitons  localized  at  certain  potential 
minima  in  the  quantum  well  (QW).  The  transmission  electron  micrographs  (TEM)  indicated  fluctuation  of  In 
molar  fraction  in  the  QWs.  The  blueshifl;  of  the  EL  peak  caused  by  the  inaease  of  the  driving  current  was 
explained  by  combined  effects  of  the  quantum-confinement  Stark  effect  and  band  filling  of  the  localized  states 
by  excitons. 

INTRODUCTION 

GaN-based  nitrides  [1]  are  attracting  much  attention  as  suitable  materials  for  optoelectronic  applications  in 
the  visible  and  ultraviolet  energy  regions.  The  recent  rapid  progress  of  the  research  on  nitrides  has  realized 
superbright  blue  and  green  InGaN  SQW  LEDs  [2]  and  room-temperature  (RT)  pulsed  [3-5]  and  cw  [6] 
oscillation  of  InGaN  MQW  [3,5,6]  and  SQW  [4]  LDs.  It  is  necessary  to  investigate  the  emission  mechanisms 
of  InGaN-based  QW  structures  for  further  improvement  of  the  device  performances.  Since  3D  wurzite  GaN 
exhibits  an  excitonic  photoluminescence  (PL)  peak  even  at  RT  [7],  it  is  also  important  to  investigate  the 
contribution  of  excitons  on  the  EL  from  InGaN  QW  structures. 

This  report  presents  the  experimental  results  on  optical  and  structural  propenies  of  the  InGaN  SQW  and 
MQW  devices.  We  investigated  mainly  their  spontaneous  emission  mech^sms  as  a  first  step  to  clarify  the 
lasing  mechanisms  of  InGaN  MQW  LDs.  The  RT  spontaneous  emission  from  them  are  assigned  to  the 
recombination  of  localized  excitons  in  the  QWs. 

EXPERIMENT 

Samples  used  in  this  study  were  grown  on  a  sapphire  (0001)  substrate  by  metalorganic  vapor  phase 
epitaxy  [8].  The  SQW  LEDs  have  a  3-nm-thick  undoped  InxGai.xN  QW,  where  x  is  0.45  and  0.3  for  green 
(510  nm)  and  blue  (450  nm)  LEDs,  respectively.  The  MQW  LD  structure  has  ten  periods  of  2,5-nm-thick 
Ino  2Gao.8N  wells  and  7.5-nm-thick  In0.05Ga0.95N  barriers.  Its  lasing  wavelength  is  410  nm ,  and  the  spontaneous 
EL  peaJc  is  399  nm  (3  .11  eV)  at  RT  We  ckl  this  device  heredler  the  MQW  LED.  The  sfructure  of  these 
de\dces  is  described  in  Refs,  [2,3,6].  EL  and  photovoltage  (PV)  spectra  were  measured  using  the  LED  devices 
PL  and  modulated-electroabsoiption  (EA)  spectra  were  measur^  using  the  device  wafers  between  10  K  and 
RT.  For  comparison,  we  also  characterize  GaN  epilayers  alone  by  the  photoreflectance  (PR)  measurements. 
Both  the  PR  and  EA  spectra  were  analyzed  using  the  Lorentzian  lineshape  functional  form  [9]. 

RESULTS  AND  DISCUSSION 

Excitonic  Stmctures  in  GaN 

As  a  background  of  this  work,  we  would  like  to  emphasize  here  that  GaN-based  widegap  nitrides  exhibit 
excitonic  features  in  optical  spectra  even  at  RT  In  Fig  1,  we  summarize  the  RT  optical  absorption  (OA),  PR, 
and  PL  spectra  of  GaN  epilayer.  For  the  PL  excitation  and  PR  modulation,  the  325.0  nm  line  of  a  cw  He-Cd 
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Fig.  1  Optical  spectra  of  h-GaN  at  RT 

laser  was  used.  It  is  shown  that  clear  excitonic 
resonance  is  found  in  both  OA  and  PR  spectra.  Indeed, 
the  structures  consist  of  free  excitonic  (fe)  resonances 
related  to  A  and  B  transitions  [FE(A)  and  FE(B), 
respectively].  The  PL  p^  is  also  a  convolution  of 
FE(A)  and  FE(B)  emissions  [7].  It  is  natural  for  3D 
GaN  to  exhibit  FE  emissions  even  at  RT  since  the 
binding  energy  of  excitons  (E«)  is  26  meV  [7,10],  the 
dielectric  constant  £  is  8.2  [10],  and  the  exdton  Bohr 
radius  (1^)  is  3  .4  nm  [10],  leading  to  the  charge  density 
to  screen  free  excitons  of  about  1  X  lO’*  cm'^  according 
to  Debye-Huckel  screening. 

F.T .  Property  of  friGaN  SOW  LED  and  Confined  Level 
Energy  in  friGaN  OWs 

The  EL  peak  of  the  green  SQW  LED  shifts  to 
higher  energy  by  110  meV  with  increasing  the  driving 
current  from  1  /i  A  to  80  mA,  as  shown  in  Fig.2.  A 
similar  blueshift  is  found  in  both  the  blue  SQW  and 
MQW  LEDs  The  emission  intensity  increases 
approximately  linearly  by  increasing  the  driving  current. 
SMar  results  are  observed  for  PL  spectra  of  all  the 
structures.  The  emission  intensity  is  nearly  constant 
from  10  K  to  RT.  Note  that  the  shoulder-l^e  distinct 
fringes  in  the  EL  spectra  are  due  to  internal  multiple 
reflections  at  the  surface  and  n-GaN/sapphire  interface. 

To  investigate  the  origins  of  these  characteristic 
emissions  from  InGaN  QWs,  we  first  study  the 
confined  energy  levels  in  the  QWs.  For  this  purpose  we 


Fig.2  EL  spectra  of  InGaN  green  SQW 
LED  as  a  funcrtion  of  curent 


Fig.3  PL  spectra  of  InGaN  QWs  at  10  K 
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prepared  a  series  of  undoped  IubcGai-xN  top  layers  with  various  x  and  thicknesses  on  a  n-GaN;Si  layer.  Figure 
3  shows  the  PL  spectra  at  10  K  of  Ino.o9G^.9iN  layers  with  various  thicknesses.  The  blueshift  of  the  confined 
level  becomes  significant  for  wells  smaller  than  4  nm,  which  ^ees  with  the  calculated  result;  in  the  calculation, 
Ae  confined  energy  level  of  GaN  wells  with  Alo.1Gao.9N  barriers  is  estimated.  Thus  the  emission  fi-om  the  QWs 
is  confirmed  to  originate  fi-om  the  confined  levels. 

In  Fig.3,  the  photoluminescence  excitation  (PLE)  spectrum  of  the  100-nm-thick  3D  Inoo9Gao.9iN  layer  is 
also  shown.  Comparison  of  PL  and  PLE  spectra  clearly  indicates  a  large  Stokes  shift  up  to  80  meV;  i.e.,  the 
PL  peak  is  located  in  the  lower  energy  tail  of  the  broadened  excitonic  absorption  band. 


Optical  Spectra  of  InGaN  QWs 


Figure  4  summarizes  the  spontaneous  EL,  PV,  and  EA  spectra  of  SQW  and  MQW  LEDs  at  RT.  In 
contrast  to  the  EL  and  PV  spectra,  the  EA  spectra  do  not  exhibit  reflection  fiinges  since  the  signal  was 
obtained  as  A  I/I,  where  I  is  the  dc  intensity  of  the  transmitted  light  and  A  I  is  the  change  in  I  due  to  external 
electromodulation.  The  EA  measurements  monitors  FE  resonance  rather  than  band-to-band  transition  even  at 
RT  provided  that  the  excitons  are  stable. 

Since  the  QWs  are  very  thin  (3  nm)  and  both  n-GaN  and  p-Alo.2Gao.8N  barriers  are  highly-doped,  a  strong 
electnc  field  exists  across  the  QW  plane.  The  field  strength  is  as  high  as  8.5  X 10^  V/cm,  which  is  estimated 
firom  the  values  of  electron  and  hole  concentrations  in  n-  and  p-type  barriers  (5  X 10**  cm'^  and  1  X 10**  cm'^, 
respectively).  The  field  strength  to  dissociate  excitons  m  3D  GaN  is  estimated  to  be  7.6  X  lO"*  V/cm  using  the 
values  of  E<^  and  £ .  It  is  known  that  excitons  can  suivive  up  to  RT  in  QWs  because  of  the  increase  of  E^ 
due  to  the  confinement  of  the  wavefunctions. 


We  have  calculated  Eex  in  3-nm-thick  GaN 
QWs  by  a  variational  approach  [11].  The 
value  obtained  is  about  1.8  times  larger  than 
that  in  3D  case.  Thus  the  electric  field  to 
dissociate  fi-ee  excitons  in  the  QWs  is 
estimated  to  be  as  high  as  6.0  x  10^  V/cm. 
The  EA  spectra  shown  in  Fig.4  were 
measured  using  a  rectanglar  modulation  bias 
of-2y  to  +1.95V  (the  field  strength  was  1.2 
XIO^  and  1.1X10^  V/ci^  respectively)  in 
order  not  to  exceed  the  critical  field  strength. 
Therefore  the  structures  observed  in  the  EA 
spectra  are  due  to  FE  resonances  in  the  QWs. 

PV  spectra  were  taken  using 
monochromated  light,  and  the  open-circuit 
voltage  was  measured  spectroscopically. 
Each  PV  peak  at  3.21,  2.91,  and  2.93  eV  for 
x=0.2,  0.3,  and  0.45,  respectively, 

corresponds  to  FE  abso^tion  in  the  QW 
since  the  energies  agree  with  those  in  the  EA 
spectra.  The  result  that  the  PV  spectra  exhibit 
a  peak-like  line  shape  also  supports  above 
assignment.  The  PV  peak  energy  decreases 
from  3.21  to  2.91  eV  with  increasing  x  fi-om 
0.2  to  0.3.  However,  the  peak  energy  is 
nearly  unchanged  for  x=0.3  and  x=0.45.  A 
remarkable  difference  between  the  two 
spectra  is  that  the  full  width  at  half  maximum 
(FWHM)  for  jc=0.45  is  laiger  than  that  for 
x=0.3.  This  result  implies  that  InGaN  does 
not  form  perfect  alloys,  but  has  a  potential 
fluctuation  due  to  the  compositional 
inhomogeneity  of  In.  Such  a  compositional 


PHOTON  ENERGY  (eV) 

Fig.4  EL,PV,  and  EA  spectra  of  InGaN  QWs 
measured  at  RT 
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tailing  in  the  QW  plane  can  produce  certain  two-dimensional  potential  minima. 

The  EL  peak  energy  is  smaller  by  100,  215,  and  570  meV  than  the  FE  energy  for  QWs  with  x=0.2,  0.3, 
and  0.45,  respectively,  as  shown  in  Fig.4.  This  behavior  was  observed  in  all  of  the  EL  measurements;  i.e.,  the 
EL  peak  always  appeared  in  the  lower  energy  tail  of  the  broad  excitonic  resonance.  The  decay  time,  T ,  of 
these  EL  emissions  is  typically  2A  ns.  This  may  come  from  the  fret  that  it  takes  a  longer  time  for  excitons  to 
localize  into  the  potential  minima  through  energy  and  spacial  relaxation,  since  the  peak  energy  shifted  to  lower 
energy  with  the  time  after  excitation.  Note  that  the  FE  emission  lifetime  in  GaN  is  report^  to  be  very  short 
(<100  ps)  [12].  From  these  considerations,  the  EL  emissions  observed  are  considered  to  be  the  result  of 
recombinations  of  localized  excitons  in  the  QWs.  The  carrier  density  in  the  SQW  for  dc  operation  is  estimated 
to  be  4.6  X  10‘^  cm'^  (1=80  mA,  r=3  ns).  This  value  is  larger  than  the  charge  density  to  screen  FEs  in  3D 
GaN.  Thus  the  observation  of  the  excitonic  emission  seems  to  be  possible  due  to  a  reduction  of  the  long-r^ge 
Coulomb  screening  efiect  in  the  potential  minima.  Here  we  should  mention  that  3D  InCfrN  also  exhibits 
localized  emissions,  as  shown  in  the  bottom  traces  of  Fig.  3.  The  improvement  of  the  emission  intensity  in 
QWs  compared  to  the  3D  case  [13]  may  be  attributable  to  the  increased  and  oscillator  strength  of  localized 
excitons  in  the  QWs. 


TEM  Observations 

A  cross-sectional  transmission 
electron  micrograph  (TEM)  of  the 
MQW  stmeture  (10  periods)  is 
shown  in  Fig.  5.  A  number  of  distinct 
dark  spots  is  found  especially  in  the 
Ino  iGao.sN  wells,  and  each  stmeture 
is  about  4~5  nm  in  lateral  size.  A 
remarkable  lattice  distortion  is  also 
recognized  around  each  dark  spot. 
The  stmeture  represents  a  potential 
fluctuation  of  the  compositional 
disorder  in  the  QWs,  which  can  act 
as  a  quantum  dot  or  a  quantum 
mesodot  if  the  potential  gap  is  large 
enough  to  confine  particles  laterally. 
Recently  Kisielowski  and  Liliental- 
Weber  [14]  have  observed  a  similar 
dot-like  nanoscale  compositional 
disorder  in  the  same  SQW  LED 
wafers  using  the  electron  scattering 
potential  mapping  method. 
Narukawa  et  al.  also  reported  a 
compositional  inhomogeneity  in  the  6 
periods  of  the  same  MQW  LD  wafer 
[15].  Therefore  the  stmetures 
observed  are  considered  to 
correspond  to  the  potential  minima 
where  excitons  localize. 

Quantum  Confinement  Stark  Effect 


Figure  6  shows  the  RT-PL  spectra 
of  an  InoAsGao.ssN  SQW  stmeture  as  a 
function  of  external  bias.  The  PL  was 
excited  by  the  457.9  nm  (2.71  eV)  line 
of  a  cw  Ar"^  laser  (50  mVQ,  which 


Fig.  5  Cross-sectional  TEM  of  the  ten  periods  of  InGaN/InGaN 
MQW  LD  wafer.  The  MQW  consists  of  2.5-nm-thick 
Ino,2Gao,8N  wells  and  7.5-nm-thick  Ino.05Gao.95N  barriers 
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excites  carriers  only  in  the  SQW  Though  the 
PL  spectra  involve  the  interfering  fringes,  the 
peak  intensity  decreases  with  increasing 
reverse  bias.  The  PL  spectrum  for  V=+1.991 
V  corresponds  to  that  taken  under  open- 
circuit  condition.  By  applying  -2  V  reverse 
bias,  the  PL  intensity  decreases  to  one-third 
of  that  for  the  +2  V  bias.  The  electric  field 
strength  is  5.7  X  lO'^  V/cm  and  1.2  X  10^ 
V/cm  for  +2  V  and  -2  V,  respectively.  The 
emission  vanishes  for  a  reverse  bias  of -10  V. 
The  corresponding  field  strength  (2.1X10® 
V/cm)  is  three  times  larger  than  the  critical 
field  strength  for  FEs  in  the  QW.  Therefore 
the  quenching  of  the  PL  peak  is  considered  to 
be  due  to  frie  quantum-confinement  Stark 
efiect.  Note  that  the  emission  is  due  to  the 
recombination  of  localized  excitons,  and  it 
still  can  be  observed  for  a  field  ('^1.2  X 10® 
V/cm)  higher  than  the  critical  value. 

Next  we  must  consider  effects  of 
piezoelectric  fields  in  the  (0001)-oriented 
strained  QWs  [16],  The  piezoelectric  field 
strength  is  4  X 10®  V/cm  for  the  case  of  strain 
induct  by  1%  mismatch  between  the  barrier 
and  the  well,  leading  to  the  Stark  shift  of  274 
meV  in  3-nm-thick  QW.  On  the  other  hand, 
the  Stark  shift  is  about  27  meV  for  the  field  of 
1  XIO®  V/cm  [17].  Neither  estimated  value 


Green  Ino^sGaoggN  SQW-LED 
PL  excitation:  Ar  457.9  nm  (2.71  eV)  RT 


3.8V(50mA>-EL 


I - . - ! - ^ - 1 _ ^ _ I _ ^ ^ ^ _ !_ 

2.0  2.1  2.2  2.3  2.4  2,5 


PHOTON  ENERGY  (eV) 

Fig  6  PL  spectra  of  a  3-nm-thick  Irio^sGaossN  SQW 
structure  as  a  function  of  external  bias  measured  at  RT 


can  explain  the  experimental  results.  Therefore  the  shift  in  the  PL  peak  enei^  shown  in  Fig.6  may  be  due  to 
combined  effects  of  the  quantum-confinement  Stark  shift,  screening  of  the  piezoelectric  field,  and  band-filling 
of  the  localized  states  by  excitons. 


CONCLUSION 


The  emission  mechanisms  of  InGaN  SQW  and  MQW  structures  were  investigated.  The  spontaneous  EL 
from  InGaN  QWs  was  assigned  to  the  recombination  of  excitons  localized  at  certain  potential  minima  in  the 
QW  plane.  The  InGaN  QWs  were  shown  to  have  large  Stokes  shift.  The  blueshift  of  the  EL  caused  by  an 
increase  of  the  driving  current  was  explained  by  combined  effects  of  the  quantum-confinement  Stark  effect, 
screening  of  the  piezoelectric  field,  and  band  filling  of  the  localized  states  by  excitons. 

It  has  been  argued  that  the  LD  was  lasing  with  the  electron-hole  plasma  mechanism  since  the  threshold 
carrier  density  for  the  cw  operation  was  as  hi^  as  2  X 10^  cm'^  [3,6].  The  difference  between  the  energy  gap 
of  the  Ino,o5Gao.95N  barriers  and  the  EL  peak  energy  in  the  Ino.2Gao.8N  QWs  was  as  large  as  190  meV 
Therefore,  there  is  a  possibility  of  the  localized  exciton  related  lasing  of  the  InGaN  LDs  if  we  could  produce 
appropriate  size  and  density  of  their  quantum  dots  [18]. 
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ABSTRACT 

We  measured  the  emission  of  (In,Al)  GaN  films  under  high  intensity  optical  pumping  both 
in  the  direction  parallel  and  perpendicular  to  the  film  growth.  In  the  edge  emission  geometry  we 
determine  the  gain  magnitude  from  the  variable  stripe  length  (VSL)  method.  We  use  the  sponta¬ 
neous  emission  collected  perpendicular  to  the  layer  plane  to  calculate  the  spectral  dependence  of 
the  gain.  Theoretical  calculations  are  in  good  agreement  with  those  experimentally  determined 
gain  spectra.  We  also  show  that  the  observation  of  a  stimulated  emission  peak  perpendicular  to 
the  film  is  predominantly  due  to  scattering  of  the  in-plane  stimulated  emission  but  without  ruling 
out  contributions  from  microstructures  in  the  films. 


INTRODUCTION 

GaN  and  related  alloys  have  drawn  a  lot  of  attention  for  their  possible  application  in  blue 
and  near  UV  light  emitting  devices.  Recent  progress  has  indeed  led  to  the  realization  of  a  semi¬ 
conductor  laser  structure.  [1]  High  optical  excitation  emission  measurements  are  widely  used  to 
test  the  quality  of  ni-Nitride  samples.  These  spectra  are  collected  either  from  the  edge  of  the 
sample  or  perpendicular  to  the  layer  plane  and  they  consist  of  a  broad  spontaneous  emission 
peak  and  a  second  narrow  peak  at  slightly  lower  energies.  The  narrow  peak  is  usually  observed 
after  a  certain  threshold  power  density  and  is  due  to  stimulated  emission  that  can  be  well- 
understood  as  single  pass  amplification  of  the  spontaneous  emission  for  the  edge  emission  ge¬ 
ometry.  [2]  On  the  other  hand,  several  mechanisms  have  been  proposed  in  order  to  explain  the 
surface  einitted  stimulated  emission. [3, 4]  In  this  paper  we  present  calibrated  gain  spectra  for  dif¬ 
ferent  nitride  alloy  films  and  show  that  the  observation  of  a  stimulated  emission  peak  in  the  ni¬ 
tride  films  in  a  direction  perpendicular  to  the  film  growth  is  predominantly  due  to  scattering  of 
the  in-plane  stimulated  emission  or  stimulated  emission  from  some  microstructure  in  the  films. 


EXPERIMENTAL 

An  MOCVD  system  was  used  to  grow  the  GaN,  Al^.^Gao^N  and  In^Ga,.^N  samples  on  basal 
plane  sapphire. [5,6]  The  GaN  and  the  iM^Ga,.^N  layers  have  a  thickness  of  ~1  jira  and  are  typi¬ 
cally  n-type  with  electron  concentrations  of  the  order  of  10 cm‘^  and  of  10'®  cm  ®,  respectively. 
The  In^Gai.^N  layers  (0.13<x<0.18)  are  a  few  tenths  of  a  micrometer  thick  and  have  higher  elec¬ 
tron  concentrations  than  the  other  samples.  We  also  grew  by  MBE  a  reference  sample  in  another 
ni-V  system,  namely  GaAs/AlGaAs.  A  stack  of  alternating  thin  GaAs  and  AlAs  layers  was 
grown  on  a  GaAs  substrate  forming  an  effective  AlGaAs  alloy  with  70%  Aluminum.  On  top  of 
the  0.44  lira  thick  stack  an  8  p.m  thick  GaAs  layer  was  deposited.  This  sample  was  used  to  check 
the  different  hypothesis  for  vertical  cavity  stimulated  emission  in  a  known  system  with  excellent 
interface  quality.  This  sample  was  chosen  to  mimic  the  environment  of  the  nitride  layers  used  in 
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these  experiments,  namely,  a  thin  active  layer  grown  on  a  lower  refractive  index  substrate  but 
much  less  scattering  due  to  interface  quality  or  dislocations. 

The  high  excitation  density  measurements  were  performed  at  room  temperature  with  a 
pulsed  Nitrogen  laser  with  an  emission  wavelength  of  337  nm  and  a  pulse  width  of  2.5  ns.  The 
maximum  achievable  power  density  was  about  10  MW/cm^  The  exciting  light  was  either  fo¬ 
cused  to  a  0.4  mm^  spot  for  collecting  the  front  emission  or  into  a  narrow  stripe  with  varaible 
length  for  the  edge  emission  experiments.  The  emitted  light  was  dispersed  by  a  0.27  m  spec¬ 
trometer  and  detected  with  a  UV-enhanced  CCD  array.  We  take  advantage  of  the  imaging  capa¬ 
bilities  of  this  detector  in  the  edge  emission  experiments  in  order  to  position  the  sample  perpen¬ 
dicular  to  the  collection  optics  and  reject  any  scattering  light  from  o^er  areas  of  the  sample. 


RESULTS  AND  DISCUSSION 


We  first  present  the  results  for  the  edge  emission  measurements  where  we  used  the  VSL 
method  of  Shaklee  [2]  to  determine  the  gain.  Fig.  l(a)-(c)  show  the  dependence  of  the  stimulated 
emission  peak  intensity  on  the  excitation  stripe  length  for  a  single  detection  wavelength  and  an 
excitation  power  density  of  0.8  MW/cm^  For  small  excitation  lengths  the  intensity  depends  ex¬ 
ponentially  on  the  stripe  length.  For  longer  excitation  lengths  the  increase  in  intensity  saturates 
strongly.  The  critical  length  at  which  the  saturation  becomes  dominant  depends  both  on  the  sam¬ 
ple  and  on  the  wavelength  position.  This  saturation  is  shown  to  be  due  to  a  carrier  depopulation 
by  the  stimulated  emission.  The  resulting  dependence  of  the  chemical  potential  on  the  excitation 
stripe  length  is  also  the  reason  for  the  observed  red  shift  of  the  stimulated  emission  peak  with 
length.[7,8]  The  gain  is  determined  from  the  exponential  section  of  these  curves  and  similar  ones 
for  other  wavelengths  as  described  in  [2]. The  same  has  been  done  for  the  AlGaN  and  the  InGaN 
samples.  Panes  (d),  (e)  and  (f)  show  the  gain  as  a  function  of  wavelength. 


P  =0.8  MW/cm2;  T=300  K 

den 


:(a) 

'  '  V): 

■ 

■ 

103 

.  ,  InGaN 

■ 

■  X=402,8  nm 

- 

:  p  1  ^ _ 1 _ ^ _ 

■  InGaN  ■■  ■ 

.1.1.1. 

0.0  0.2  0.4 

402  403  404 

103 

r(b)  •  • 

1  '  1  '  1  'TT~ 

L  GaN  (e)  - 

•  GaN 

102 

_  ^  X=370.9  nm 

■  •  •: 

!• 

.  .  1  1.  _i _ 1 _ 

■  1  .  1  .  1  .  1 « 

0.0  0.2  0.4 

370  371  372  373 

: — 1  1  1  1  1 

n  '  i“]rn  '  r~. 

;«=)  *  * 

■  y 

.  ALGaN  ^  (f). 

A*  *  - 

102 

r  AlGaN 

aAA 

:  A  X=364.5  nm 

1 _ . _ 1 _ 1 _ 

’  . . 

0.0  0.2  0.4  0.6 

Length  (mm) 

363  364  365  366 
Wavelength  (nm) 

60 

55 

50 

45 


80 

70 

60 

50 


25 

20 

15 

10 


O 


Figure  1:  Results  of  the  variable  stripe 
length  measurements  (excitation  density 
0.8  MW/cm^  T=300K).  (a),  (b),  (c)  Stimu¬ 
lated  emission  intensity  as  a  function  of 
stripe  length  for  a  single  wavelength  for 
InGaN,  GaN,  and  AlGaN,  respectively 
(logarithmic  scale).  The  gain  is  determined 
from  the  exponentiell  section,  (d),  (e),  (f) 
Corresponding  gain  spectra  for  InGaN, 
GaN,  and  AlGaN. 
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Due  to  the  limited  signal  to  noise  (S/N)  ratio  we  can  obtain  the  gain  spectra  only  for  a  nar¬ 
row  spectral  span.  We  determined  gain  values  of  the  order  of  a  few  tens  cm  '.  From  all  three 
samples  AlGaN  shows  the  lowest  gain.  Based  on  the  gain  values  which  have  been  measured 
lately  in  (In,Al)  GaN  quantum  wells  [9,10]  and  taking  into  account  that  the  confinement  factor 
in  our  experiments  is  virtually  one  we  expected  to  find  higher  gain  values.  We  explain  the  dif¬ 
ference  by  the  higher  electron  hole  plasma  density  in  quantum  wells  and  the  worse  crystal  qual¬ 
ity  especially  close  to  the  sample  surface  of  our  samples.  [1 1] 

The  VSL  technique  cannot  yield  the  full  spectral  dependence  of  the  gain.  Also  nonlinear 
effects  like  the  gain  saturation  are  included  in  the  obtained  gain  curves  which  makes  compari¬ 
sons  with  theory  difficult.  We  can  determine  the  full  gain  curves  from  the  spontaneous  emission 
spectra  at  high  excitation  intensities,  provided  that  (a)  the  carriers  are  in  a  quasi  equilibrium  state 
and  that  the  spontaneous  emission  spectra  are  not  distorted  by  (b)  reabsorption  or  (c)  a  stimulated 
emission  peak.  Since  the  carriers  are  excited  by  a  2.5  ns  long  laser  pulse  the  created  eh  pairs  can 
be  considered  to  be  in  a  steady  state.  The  second  condition  is  fulfilled  best  when  collecting  the 
emission  perpendicular  to  the  layer  plane  because  then  the  light  has  traveled  the  shortest  path  in 
the  sample.  To  account  for  the  third  limitation  we  only  use  spectra  for  excitation  densities  not 
exceeding  1  MW/cm^  for  GaN  and  1.8  MW/cm^  for  AlGaN.  Those  spectra  are  shown  in  Fig.  2 
(a)  and  (b)  on  a  logarithmic  scale  for  GaN  and  AlGaN,  respectively.  The  absorption  coefficient 
a  and  the  gain  coefficient  g  are  related  to  the  intensity  of  spontaneous  emission  I  by  the  van- 
Roosbroeck-Shockley  relation  [12,13] 
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where  C  is  a  proportionality  constant  that  does  not  depend  on  hv  and  AE^  is  the  separation 
of  the  quasi  Fermi  levels  for  holes  and  electrons  which  depends  on  the  excitation  density. 
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3.6  3.4  3.2  3.6  3.4  3.2 
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Figure  2;  (a),  (b)  Spontaneous  emis¬ 
sion  spectra  collected  perpendicular  to 
the  layer  plane  for  excitation  densities 
that  preclude  the  observation  of  stimu¬ 
lated  emission  for  GaN  and  AlGaN, 
respectively.  The  excitation  densities 
are  1  MW/cm"  (A),  0.8  MW/cm"  (B), 
0.6  MW/cm"  (C),  0.4  MW/cm'  (D), 
0.3  MW/cm'  (E)  and  1.8  MW/cm'  (F), 
1.3  MW/cm"  (G),  l.lMW/cm^  (H), 
0.9  MW/cm'  (I),  0.8  MW/cm"  (K).  (c) 
,{d)  Corresponding  calculated  gain 
spectra  (solid  curves)  and  gain  spectra 
obtained  with  VSL  method  for 
0.8  MW/cm' (solid  dots). 
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For  the  determination  of  the  separation  of  quasi  Fermi  levels  we  note  that  the  gain  spec¬ 
trum  must  have  its  maximum  at  the  energy  of  the  stimulated  emission  peak.  We  therefore  fit  the 
maximum  of  the  gain  curve  calculated  from  one  spontaneous  emission  spectrum  for  a  single  ex¬ 
citation  density  to  the  peak  energy  of  the  stimulated  emission  by  varying  the  separation  of  the 
quasi  Fermi  levels.  Once  the  separation  of  quasi  Fermi  levels  for  one  excitation  density  is 

known,  AEp.  for  other  excitation  densities  i  can  be  determined  by 


l(h-v,AEp,)  AE^-A^ 

/(Ai/,A£„)  “”1  k-T  I 


(2) 


This  is  valid  for  sufficiently  high  emission  energies  where  the  absorption  does  not  depend 
on  the  excitation  density.  [13]  When  this  condition  is  fulfilled  the  spectra  differ  only  by  a  co  n- 
stant  factor  (high  energy  tails  of  measured  spectra  in  Fig.  2(a)  and  (b)).  Using  the  separation  of 
quasi  Fermi  levels  we  calculated  the  corresponding  gain  spectra  as  displayed  as  solid  lines  in 
Fig.  2(c)  and  (d)  for  GaN  and  AlGaN,  respectively.  This  procedure  cannot  be  applied  to  InGaN 
films  due  to  the  high  extrinsic  luminescence  even  at  room  temperature  and  high  excitation  den¬ 
sities. 


We  then  calibrated  these  qualitative  gain  spectra  with  the  magnitude  of  gain  we  got  from 
the  VSL  measurements  for  an  excitation  density  of  0.8  MW/cm^  (solid  dots  in  Fig.  2(c)  and  (d)). 
Whereas  the  gain  determined  with  the  VSL  method  is  the  effective  gain  (gain-losses)  the  gain 
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Figure  3;  High  excitation  emission  spectra 
(a)  for  GaN  collected  from  the  front  surface. 
The  excitation  densities  are  0.2MW/cm^ 
0.5MW/cm'.  1.0  MW/cm',  2.2  MW/cm', 
and  3.7  MW/cml  The  laser  spot  size  was 
0.4  mm^  (b)  for  GaN  collected  from  the 
edge,  the  excitation  densities  are  0.25 
MW/cm',  0.3  MW/cm',  0.35  MW/cm',  0.5 
MW/cm',  0.6  MW/cm',  and  0.7  MW/cm'. 
The  excitation  stripe  length  was  2  mm,  (c) 
for  GaAs  collected  from  the  surface,  excita¬ 
tion  densities  comparable  to  (a),  (d)  for 
GaAs  collected  from  the  edge,  excitation 
densities  comparable  to  (b). 


calculated  from  spontaneous  emission  includes  no 
loss.  We  assumed  the  losses  to  be  in  the  order  of  10 
cm  ‘.[10]  With  this  value  and  the  maximum  gain 
value  of  77  cra  ‘  and  27  cm  '  for  GaN  and  AlGaN, 
respectively,  we  calibrated  the  calculated  qualitative 
gain  spectra  for  the  same  excitation  density  of 
0.8  MW/cml  We  used  the  same  calibration  factor 
for  the  gain  spectra  according  to  other  excitation 
densities. 

For  sufficiently  high  power  densities 
(>0.8  MW/cm^  for  GaN),  the  gain  peak  shifts  to 
longer  wavelengths  which  is  in  agreement  with  the 
red  shift  of  the  stimulated  emission  peak  (see 
Fig.  3).  We  have  not  observed  this  shift  in  the  gain 
maxima  in  AlGaN. 

We  will  now  discuss  the  stimulated  emission 
peak  observed  in  all  nitride  films  perpendicular  to 
the  layer  plane.  Figs  3(a)  and  (b)  show  the  emission 
spectra  collected  from  the  front  and  the  edge  of  the 
sample  under  similar  excitation  conditions.  Both  sets 
of  spectra  show  the  same  sharp  peak  at  3.25  eV  at 
comparable  excitation  densities.  In  the  edge  emis¬ 
sion  geometry  this  stimulated  emission  peak  is  due 
to  the  single  pass  amplification  of  the  spontaneous 
emission.  There  is  also  single  pass  amplification  in 
the  vertical  direction  but  the  ratio  of  optical  paths  is 
~10^  If  vertical  pass  amplification  were  significant 
that  would  imply  a  vertical  gain  bigger  than  the  in¬ 
plane  gain  by  many  orders  of  magnitude.  Such  a 
phenomena  is  highly  improbable  and  in  fact  has  not 
been  observed  in  any  other  III-V  semiconductor.  In 
order  to  clarify  this  point  we  carried  out  the  same 
experiments  in  the  GaAs  sample.  The  results  are 
shown  in  Fig.  3(c)  and  (d):  the  spectra  detected  per- 


662 


pendicular  to  the  layer  consist  of  a  broad  spontaneous  emission  band,  whereas  the  edge  emission 
spectra  consist  mainly  of  a  sharp  stimulated  emission  peak  (FWHM  of  8  meV).  These  results 
agree  with  a  multitude  of  similar  measurements  carried  out  in  past  years  on  several  ni-V  sem  i- 
conductors  (see  for  instance  [8]).  We  therefore  conclude  that  the  stimulated  emission  peak  for 
the  nitride  layers  is  observable  in  the  vertical  direction  because  the  crystal  quality  of  the  nitride 
films  causes  a  high  degree  of  scattering.  The  difference  in  the  excitation  densities  for  the  spectra 
collected  from  the  front  and  the  edge  of  the  GaN  sample  can  be  explained  by  the  different  in¬ 
plane  amplification  length.  For  the  spectra  collected  from  the  front  the  amplification  length  is 
about  0.6  mm  (laser  spot  size)  whereas  it  is  in  the  order  of  2  mm  (stripe  length)  for  the  spectra 
collected  from  the  edge.  One  final  remark  is  that  our  results  do  not  rule  out  stimulated  emission 
from  some  microstructure  in  the  nitride  films  (grains  or  pillars).  Recent  results  show  that  the 
long  pillars  or  grains  found  in  many  nitride  films  show  a  high  degree  of  crystallinity  and  lum  i- 
nescence  efficiency.  [14] 


THEORY 


The  spontaneous  emission  spectra  were  calculated  theoretically  and  compared  with  the  ex¬ 
perimental  data  for  GaN.  Our  theoretical  model  is  based  on  [15].  The  model  has  been  used  to 
compare  the  gains  of  GaN  and  GaAs  [16].  Three  bands,  conduction,  heavy-hole  (HH),  and 
light-hole  (LH)  bands,  are  included.  The  two  valence  bands  are  assumed  to  have  parabolic 
shapes.  The  proper  symmetry  of  the  wurtize  crystal  is  taken  into  account  by  including  an  offset 
energy  between  bandedges  of  HH  and  LH  bands  and  the  optical  matrix  elements  [17].  The  band 

gap  renormalization  (BGR)  is  included 


3.6 


Energy  (eV) 
3.4 


3.2 


to  account  for  the  bandgap  shrinkage  due 
to  the  carrier  injection.  A  universal  for¬ 
mula  for  the  bulk  semiconductor  is  used 
to  model  the  BGR.  A  Lorentzian  line- 
shape  is  used  to  model  the  linewidth 
broadening.  The  calculated  spontaneous 
emission  spectra  are  then  used  to  obtain 
the  material  gain  spectra  based  on  the 
principle  of  detailed  balance  [15]. 

The  quasi-Fermi  level  seperation 
was  first  determined  from  the  peak 
wavelengths  of  both  the  experimental 
spontaneous  emission  and  gain  spectra. 
The  carrier  density  is  then  determined 
based  on  the  Fermi-Dirac  integral.  A 
good  agreement  to  the  experimental  data 
is  seen  in  Fig.  4  although  there  is  still  an 
ambiguity  in  the  determination  of  the 
exact  gain  magnitude. 


Figure  4:  Theoretical  fit  to  the  experimental 
data  of  Fig.  2  for  GaN.  See  text  for  details. 
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CONCLUSION 


We  have  determined  the  magnitude  of  the  gain  for  GaN,  InGaN,  and  AlGaN  for  an  excit  a- 
tion  density  of  0.8  MW/cm^  with  die  variable  stripe  length  method.  We  find  the  peak  gain  values 
to  be  in  the  order  of  a  few  tens  per  cm  and  lowest  for  AlGaN.  We  have  calculated  gain  spectra 
from  the  spontaneous  emission  we  collected  perpendicular  to  the  sample  plane  for  GaN  and  Al¬ 
GaN  at  high  excitation  densities.  We  calibrated  these  spectra  with  the  results  from  the  variable 
stripe  length  method  and  an  assumed  scattering  loss  value  of  10  cm  '.  Our  theoretical  calculations 
show  a  reasonable  agreement  with  the  experiment.  Finally  we  have  explained  the  high  excitation 
density  stimulated  emission  peak  detected  perpendicular  to  the  nitride  layer  plane  as  scattered  in¬ 
plane  stimulated  emission  but  without  ruling  out  contributions  from  microstructures  in  the  films. 
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ABSTRACT 

Dynamical  behavior  of  radiative  recombination  has  been  assessed  in  the  Ino.20Gao.g0N  (3nm)/ 
Ino.05Gao.95N  (6  nm)  multiple  quantum  well  (MQW)  structure  by  means  of  transmittance  (TR),  eleo- 
troreflectance  (ER),  photoluminescence  excitation  (PLE)  and  time-resolved  photoluminescence  (TRPL) 
spectroscopy.  The  PL  at  20  K  was  mainly  composed  of  two  emission  bands  whose  peaks  are  located  at 
2.920  eV  and  3.155  eV.  The  ER  and  PLE  revealed  that  the  transition  at  3.155  eV  is  due  to  the  excitons 
at  quantized  level  between  n=l  conduction  and  n=l  AfPo^)  valence  bands,  while  the  main  PL  peak  at 
2.920  eV  is  attributed  to  the  excitons  localized  at  the  trap  centers  within  the  well.  The  TRPL  features 
were  well  understood  as  the  effect  of  localization  where  photo-generated  excitons  are  transferred  from 
the  n=l  band  to  the  localized  centers,  and  then  are  localized  further  to  the  tail  state.  The  origin  of  the 
localized  centers  were  attributed  to  the  In-nch  region  in  the  wells  acting  as  quantum  dots  which  could  be 
observed  by  transrrassion  dectron  microscopy  (TEM)  and  energy-dispersive  X-ray  microanalysis  (EDX). 


INTRODUCTION 

GaN-based  semiconductors  are  attracting  much  interest  because  of  both  the  realization  of  incandescent 
blue,  green  and  yellow  light  emitting  diodes  (LEDs),[l]  and  the  operation  of  purplish  blue  laser  diodes 
(LDs)  at  room  temperature  (RT)  under  the  pulsed  mode.  [2,  3,  4,  5]  Although  the  achievement  of  the 
Wgh  quantum  efficiency  of  these  devices  is  owing  to  the  use  of  InGaN  ternary  alloys  as  the  active  layer, 
little  has  been  known  about  the  optical  properties  of  InGaN  quantum  wells  (QWs). 

^  An  important  feature  of  these  materials  is  the  role  of  excitons  on  the  emission  mechanism.  Since  the 
binding  energy  of  excitons  (Eex)  in  hexagonal  GaN  (h-GaN)  is  28  meV  which  is  larger  than  the  thermal 
energy  of  RT,  excitonic  emissions  have  been  observed  up  to  RT  in  high-quality  h-GaN  epilayers.[6] 
Recently,  it  has  b^n  reported  that  biexciton  (excitonic  molecule)  binding  energy  {Eh)  in  h-GaN  is  about 
6  meV.[10,  11]  It  is  expected  that  values  of  both  and  Eh  are  enhanced  in  quasi  two-dimensional  QW 
sj^tem. 

Preliminary  PL  measurements  at  low  temperature  of  the  InGaN  LD  structure  has  shown  that  the 
linewidth  of  the  emission  is  as  large  as  about  80  meY,  indicating  that  the  energy  levels  formed  in  the 
QWs  are  broadened  inhomogeneously  by  the  disorder  such  as  a  fluctuation  of  well  width  and  (or)  alloy 
composition.  This  is  interesting  because  Sugawara  has  predicted  theoretically  that  excitons  or  biexcitons 
localized  at  deep  potential  minima  (more  than  about  100  meV)  contribute  to  the  optical  gain  even  at 
RT.  [12]  In  f^t,  very  recently,  Chichibu  et  aL  has  proposed  such  a  model  for  the  lasing  mechanism  in  the 
InGaN  multiple  QW  (MQW)  structure.  [13,  14]  However,  the  detailed  nature  for  the  exciton  localization 
has  not  been  clearly  understood.  Therefore,  the  assessment  is  motivated  on  the  dynamical  behavior  of 
localized  excitons  in  InGaN  QWs. 

In  this  paper,  the  mechanism  of  radiative  recombination  has  been  studied  in  the  In©  2oGao  soN  / 
Ino.o6Gao.96N  MQW  structure  by  employing  transmittance  (TR),  electroreflectance  (ER),  photolumi¬ 
nescence  excitation  (PLE)  and  TRPL  spectroscopy [7]  and  the  microstructure  has  been  investigated  by 
means  of  cross  sectional  observation  using  transmission  electron  microscopy  (TEM)  and  enercv-disnersive 
X-ray  microanalysis  (EDX). [8] 
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EXPERIMENTAL  PROCEDURE 

The  sample  used  in  this  study  was  grown  on  a  (0001)  oriented  sapphire  (AI2O3)  substrate  by  a  two-flow 
metalorganic  chemical  vapor  deposition  (TF-MOCVD)  technique.  [9]  The  layer  consists  of  the  separate 
confinement  heterostructure  where  the  undoped  Ino.20Gao.80N  (3  nm)  /  Ino.osGao.gsN  (6  nm)  MQW  with 
6  periods  is  sandwiched  between  GaN  waveguiding  layers  (0.1  ^m  in  each)  and  Alo.isGao.ssN  cladding 
layers  (0.4  ixm  in  each).  The  top  of  the  Alo.isGao.ssN  clad  and  the  GaN  waveguide  are  Mg-doped  p-type 
layers,  while  the  bottom  of  the  clad  and  the  waveguide  are  Si-doped  jvtype  layers.  It  is  noted  that  the 
LD  has  been  operated  at  420  nm  from  this  sample  under  pulsed  mode  at  RT. 

In  order  to  make  assignment  of  emissions  under  low  excitation,  the  cw  PL  was  measured  by  the 
excitation  of  a  He-Cd  laser  (325  nm)  and  it  was  compared  with  TR,  ER  and  PLE  spectra.  PL  detections 
were  carried  out  using  a  cooled-charge  coupled  device  (CCD)  and  a  50  cm  monochromator  with  a  150 
lines/mm  grating.  The  light  source  used  for  TR,  ER  and  PLE  was  obtained  by  passing  the  Xe-l^p 
through  a  25  cm  monochromator.  The  TR  and  ER  signals  were  detected  by  a  Si-photodiode  and  amplified 
by  a  lockin  amplifier. 

The  TRPL  measurement  were  performed  with  a  fast  scan  streak  camera  in  conjunction  with  a  25  cm 
monochromator  using  a  100  lines/mm  grating.  Pulsed  excitation  was  provided  by  the  frequency  doubled 
beam  of  a  mode-locked  A^OsTi  laser  which  was  pumped  by  Ar+  laser.  In  order  to  avoid  the  multi¬ 
excitation,  repetition  rate  of  the  source  (80.0  MHz)  was  selected  to  4.0  MHz  by  the  acoustic  optic  (AO) 
modulator.  The  wavelength  and  the  pulse  width  were  357  nm  and  1.5  ps,  respectively.  The  spectral 
resolution  of  all  measurements  were  about  1  nm  which  is  well  below  the  linewidth  of  the  PL.  Whole 
measurement  have  been  done  at  20K. 

The  specimen  for  cross-sectional  micro-analysis  was  prepared  by  mechanical  thinning  and  ion-milling 
with  Ar"*".  Bright  field  images  were  observed  using  a  TEM  (JEM-2000GX)  operated  at  200  kV.  EDX 
measurements  were  performed  with  a  field-emission  scanning  TEM  (STEM)  (VG  Microscopes-HB501) 
operated  at  100  kV  with  a  probe  diameter  of  1  nm. 


RESULTS  AND  DISCUSSION 

Fig.l  (i)  shows  cw  PL  spectrum  obtained  under  a  He-Cd  laser  excitation.  The  PL  was  composed  of 
a  few  (or  several)  emission  bands.  Among  them,  two  bands  are  clearly  observed  as  peaks  where  the 
main  peak  was  located  at  2.920  eV,  while  another  peak  at  3.155  eV  was  weak  in  intensity.  If  the  alloy 
composition  of  InGaN  well  layers  is  randomly  distributed,  alloy  broadening  of  excitons  is  calculated  to 
be  about  10  meV.[15]  The  PL  linewidth  of  the  main  peak  was  about  80  meV  which  is  much  larger  than 
the  value  estimated  above.  Consequently,  it  follows  that  the  energy  levels  within  the  well  are  distributed 
by  the  disorder  such  as  the  fluctuation  of  well  width  and  (or)  the  separation  of  In  composition. 


Fig.l  (i)  Photoluminescence  taken  under  a  He-Cd 
laser  excitation  (4  W/cm^).  (ii)  transmittance  spec¬ 
trum.  Oscillations  below  about  3.25  eV  are  due  to 
the  interference  effect,  (iii)  Electroreflectance  spec¬ 
trum.  Energy  positions  labeled  a  -  g  are  theoretical 
ones  fitted,  (iv)  Photoluminescence  excitation  spec¬ 
tra  monitored  at  (a)  2.920  eV  and  (b)  3. 155  eV. 
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The  TR  spectrum  is  depicted  in  Fig.  1  (ii).  The  dips  were  observed  at  about  3.32  eV  and  about 
3.49  eV  which  can  be  ascribed  to  the  absorption  edge  of  Ino.05Gao.95N  barrier  and  GaN  waveguiding 
layers,  respectively.  Although  the  energy  levels  within  the  well  are  distributed  in  the  range  between  3.0 
eV  to  3.3  eV,  no  clear  structure  could  be  observed  due  to  the  periodic  oscillations  which  arise  from  the 
interference  multi-reflection. 

In  order  to  avoid  such  effects,  the  ER  spectrum  (Fig.  1  (iii))  was  measured  by  applying  the  reverse 
bias  to  the  pn  junction.  The  optimum  fitting  by  theoretical  equation  [16]  was  made  assuming  the  seven 
energy  levels  labeled  (a)  to  (g).  According  to  the  X-ray  diffraction  measurement,  it  was  found  that  GaN 
layers  are  under  compressive  stress  by  about  0.3  %  due  to  the  difference  of  thermal  expansion  coefficient 
between  epilayers  and  the  substrate.  Lattice  mismatch  between  GaN  and  Ino.20Gao.80N  well  is  2.2  %. 
Since  the  whole  layer  was  almost  coherently  grown,  the  well  layers  are  corhpressively  strained  by  about 
2.5  %.  Valence  bands  of  h-GaN  based  semiconductors  consist  of  three  bands  labeled  A(r9„),  B(r7,4v) 
and  C(r7tv)-[17]  The  transition  (g)  located  at  3.488  eV  is  attributed  to  A  exciton  in  the  G^  layers. 
This  energy  position  is  blue-shifted  by  about  10  meV  compared  to  that  in  bulk  GaN  due  to  strain.  [18] 
The  B  exciton,  which  should  be  observed  at  about  3.496  eV,  could  not  be  observed.  This  may  be  due 
to  the  limitation  of  spectral  resolution.  The  transition  (f),  whose  oscillator  strength  is  small,  is  located 
at  3.430  eV.  It  is  difficult  to  make  an  assignment  of  this  transition  at  the  moment.  The  transition  (e)  at 
3.326  eV  is  ascribed  to  the  A  exciton  in  the  Ino.06Gao.95N  barrier  layers. 

The  transitions  (a)  to  (d)  are  energy  levels  within  the  quantum  wells.  The  transitions  of  (c)  and  (d)  are 
strong  in  intensity,  while  those  of  (a)  and  (b)  are  much  weaker  and  broader.  If  the  deformation  potential 
of  InGaN  is  assumed  to  be  same  as  that  of  GaN,  [18]  blue-shift  energy  of  bandgaps  in  Ino.osGao.gsN 
barriers  and  Ino.20Gao.80N  wells  are  calculated  to  be  approximately  30  meV  and  80  meV,  respectively. 
Thus,  the  bandgap  energies  of  Ino.05Gao.95N  barriers  and  Ino.20Gao.80N  wells  are  estimated  to  be  about 
3.40  eV  and  3.09  eV,  respectively.  The  energy  difference  of  bandgaps  between  barriers  and  wells  are 
about  310  meV.  Even  if  this  energy  is  equal  to  the  conduction  band  offeet,  only  n=l  quantized  level  is 
formed  in  the  conduction  band  in  the  case  of  the  thin  well  layer  thickness  of  3  nm.  For  this  estimation, 
the  electron  effective  mass  in  the  Ino.2oGao,8oN  wells  is  approximated  to  be  0.18mo  which  is  obtained  by 
linear  extrapolation  of  effective  masses  between  GaN  (0.20mo)  and  InN  (O.llmo).  Therefore,  the  allowed 
transitions  in  the  well  are  between  n— 1  conduction  to  n=l  A,  B  and  C  valence  bancfe.  Among  them, 
the  excitonic  transitions  between  n=l  conduction  to  n=l  A  valence  band  (^^cxia),  and  n=l  conduction 
to  n=l  B  valence  band  (Eejcis)  would  be  major  transitions  considering  their  oscillator  strength. 


Photon  Energy  [eV] 


pjg 

■I 


Fig.2  Time-resolved  PL  spectra  monitored  at  vari¬ 
ous  time-interval  after  pulsed  excitation.  Excitation 
energy  density  is  210  nJ/cm^.  Each  spectra  are  nor¬ 
malized  in  intensity. 


Fig.3  Time-integrated  PL  taken  under  210  nJ/cm^ 
as  well  as  PL  decay  times  monitored  at  various  emis¬ 
sion  energies.  Dotted  curve  is  the  theoretical  one 
fitted  by  the  equation  (1). 
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Consequently,  the  transitions  of  (c)  at  3.203  eV  and  (d)  at  3.255  eV  are  most  probably  attributed  to  the 
EexiA  snd  EexiB,  respectively.  The  propriety  of  these  assignments  will  be  proved  if  unknown  parameters 
such  as  deformation  potentials,  band  offeets,  effective  masses  of  holes  are  clarified.  It  is  concluded  that 
the  PL  peak  at  3.155  eV  arises  from  the  lowest  quantized  energy  level  (jE'cxIa)  whose  absorption  band 
corresponds  to  the  transition  (c).  The  transitions  (a)  and  (b)  are  attributed  to  the  localized  trap  centers 
whose  density  of  states  are  lower  than  the  quantiz^  energy  levels  ((c)  and  (d))  because  they  are  located 
at  lower-energy  side  compared  to  the  estimated  bandgap  of  Ino.2oGao,8oN  wells  (3.09  eV).  The  transition 
(b)  at  3.071  eV  may  be  related  to  the  weak  emission  component  which  are  located  between  two  PL 
peaks.  The  transition  (a)  at  2.953  eV  is  located  at  higher  photon  energy  by  33  meV  compared  with  the 
main  PL  peak.  This  energy  difference  corresponds  to  the  Stokes  shift  of  the  PL. 

Fig.l  (iv)  shows  PLE  spectra  monitored  at  2.920  eV  ((a))  and  3.155  eV  ((b)).  PLE  spectrum  shown 
in  Fig.l  (iv)  (a)  is  composed  of  a  number  of  broad  bands  whose  shoulder  almost  corresponds  to  the 
transition  energies  ((a)  to  (g))  described  in  Fig.  1  (iii).  The  main  PL  peak  is  located  at  the  tail  of  the 
absorption  edge. 

D5Tiamics  of  radiative  recombinations  are  studied  by  the  TRPL  spectroscopy.  Fig.  2  shows  TRPL 
spectra  monitored  at  various  time  after  pulsed  excitation.  The  whole  spectra  ((i)  to  (vii))  are  integrated 
during  the  same  time-interval  (300  ps),  and  are  normalized  in  intensity.  Just  after  the  excitation  ((i)  0 
ns  -  0.3  ns),  the  spectrum  is  dominated  by  the  emission  band  at  3.16  eV.  The  rise  time  of  this  emission 
band  was  about  100  ps,  while  the  main  PL  band  reaches  maximum  at  about  300  ps.  Moreover,  emission 
bands  at  3.16  eV  quench  more  rapidly  than  the  main  emission  bands.  These  features  indicate  that 
photo-generated  excitons  are  transferred  from  the  n=l  quantized  level  (J^exiA)  to  the  localized  centers. 
The  main  PL  peak  shifts  towards  lower  photon  energy  with  increasing  time.  The  energy  difference  of 
the  peak  between  (i)  (0  ns  -  0.3  ns)  and  (vii)  (40  ns  -  40.3  ns)  is  about  30  meV.  This  behavior  suggests 
that  density  of  states  of  localized  centers  are  distributed  to  some  extent,  and  that  localized  excitons  are 
transferred  further  to  the  lower  lying  energy  levels. 

Fig.  3  shows  PL  decay  times  as  a  function  of  monitored  emission  energies  whose  range  is  selected  to 
two  major  emission  bands.  Time-integrated  PL  is  also  inserted  in  the  figure.  Decay  times  monitored  in 
the  vicinity  of  3.16  eV  are  almost  constant  at  about  600  ps.  Decay  times  in  the  main  PL  band  decreases 
with  increasing  monitored  photon  energy.  This  is  because  the  decay  of  localized  exciton  is  not  only  due 
to  radiative  recombination  but  also  due  to  the  transfer  process  to  the  tail  state.  If  the  density  of  tail 
state  is  approximated  as  exp(-£;/£'o),  and  if  the  radiative  recombination  lifetime  (tj)  does  not  change 
with  emission  energy,  observ^  lifetime  (r(J5))  can  be  expressed  by  the  following  equation,  [19,  20] 

l  +  exp{E~E^e)/Eo 

where  Eo  represents  the  degree  of  the  depth  in  the  tail  state  and  Em^  is  the  characteristic  energy  which 
is  analogous  to  the  mobility  edge.  The  best  fit  could  be  obtained  using  Tr=5.34  ns,  £^o=33.3  meV  and 
Enie=2.953  eV.  The  energy  position  of  Eme  is  same  as  the  transition  (a)  in  the  ER  spectrum. 

ER  and  TRPL  spectroscopy  have  revealed  that  the  main  PL  peak  is  located  below  the  lowest  n=l 
quantized  level  by  about  250  meV.  Moreover,  the  large  increase  in  recombination  time  as  the  energy 
decreases  across  the  PL  band  is  in  favor  of  the  localized  exciton  model,  whose  trap  centers  originate  from 
the  disorder  such  as  the  fluctuation  of  the  well  width  and/or  the  fluctuation  of  In  composition  within 
the  wells. 

In  order  to  assess  the  origin  of  the  localization,  the  structural  analysis  has  been  performed  by  means 
of  cross  sectional  TEM.  Fig.4  shows  the  0002  bright  field  image  of  the  LD  structure  taken  from  the 
[OilO]  crystal  axis.  Almost  flat  interfaces  are  observed  between  Alo.isGao.ssN  clads  and  GaN  waveg¬ 
uides  as  shown  in  Fig.4  (i).  The  Alo.20Gao.80N  layer  with  the  20  nm  thickness  is  formed  above  the 
Ino.20Gao.80N/Ino.05Gao.g5N  MQW  to  avoid  the  diffusion  of  In  atom  to  the  upper  layer.  FVom  this 
figure,  the  well  and  barrier  layer  thicknesses  are  estimated  to  be  about  3  nm  and  6  nm,  respectively. 
However,  if  the  detailed  structure  of  the  MQW  (Fig.4  (ii))  is  viewed,  a  lot  of  dark  spots  are  observed 
in  the  wells.  The  diameter  of  these  dark  spots  distributes  from  2  nm  to  5  nm  and  many  of  them  are 
observed  to  have  the  diameter  of  around  3  nm.  Although  TEM  images  have  been  observed  by  rotating 
the  specimen  in  the  plane  perpendicular  to  the  growth  direction  ((0002)  c-axis)  in  the  range  from  [0110] 
to  [1210]  [21],  no  remarkable  change  has  been  observed  in  the  shape  of  dark  spots.  Therefore,  it  is 
suggested  that  the  dark  spots  originate  from  the  isotropic  dot-like  structures  which  are  self-formed  in 
the  wells. 
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Fig.4  (i)  Cross  sectional  TEM  image  of  the  purple  LD  structure  consisting  of  Alo.15Gao.85N  clads,  GaN 
waveguides  and  the  Ino.2oGao.8oN/Ino,o5Gao.95N  MQW.  The  Alo.20Gao.80N  layer  above  the  MQW  is 
made  to  prevent  the  diffusion  of  In  to  the  upper  layer,  (ii)  Magnified  TEM  image  showing  the  MQW 
region.  Dark  contrast  which  looks  like  quantum  dots  is  observed  in  the  wells. 
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Fig.5  (i)  Cross  sectional  STEM  image  of  the  MQW.  Probed  positions  by  the  EDX  are  marked  by  (l)to 
(5).  The  Ina:Gai_j;N  quantum  dots  like  regions  correspond  to  (1)  and  (5).  (ii)  Indium  composition  at 
positions  (1)  to  (5)  determined  by  the  EDX  data. 


The  spatial  distribution  of  In  composition  in  the  MQW  was  evaluated  by  EDX  using  STEM 
apparatus. [22]  In  compositions  monitored  at  various  positions  (labeled  (1)  to  (5)  in  Fig.  5  (i))  are  shown 
in  Fig.5  (ii).  In  composition  in  the  r^ion  (1)  corresponding  to  the  InGaN  barrier  layer  was  estimated 
to  be  7.63  %  which  is  larger  than  the  design^  value  (5  %).  This  is  probably  because  the  X-ray  signal 
is  generated  also  from  the  upper  and  lower  wells  due  to  the  spread  of  incident  electron  beam  within 
the  specimen.  In  fact,  In  compositions  monitored  at  wells  are  smaller  than  the  designed  value  (20  %). 
Important  finding  is  that  In  compositions  monitored  at  quantum  dot  like  regions  are  always  larger  than 
those  at  neighboring  well  regions,  as  can  be  seen  by  the  comparison  of  the  data  between  (1)  and  (2), 
and  also  between  (4)  and  (5).  This  is  the  direct  evidence  of  the  formation  of  In-rich  quantum  dots  in 
the  InGaN  QWs.  Since  the  thickness  of  the  specimen  is  about  30  nm,  the  areal  density  of  the  dots  are 
estimated  to  be  approximately  5x  10^^  cm“^  assuming  no  overlapping  of  the  quantum  dots  observed  in 
the  TEM  image.  Consequently,  the  volume  ratio  of  the  quantum  dots  within  the  weUs  is  roughly  2  %. 
Therefore,  the  origin  of  localization  is  likely  attributed  to  the  region  of  In-rich  composition  which  act  as 
quantum  dot  centers.  Such  mechanism  may  result  from  the  intrinsic  nature  of  InGaN  alloys  [23]  because 
it  is  reported  that  randomly  mixing  of  alloy  composition  is  hardly  achieved  in  this  system.  [24] 


CONCLUSIONS 

It  has  been  found  by  means  of  PL,  TR,  ER,  PLE  and  TRPL  spectroscopy  that  PL  main  peak  observed 
in  the  Ino.20Gao.80N/Ino.05Gao.95N  MQW  structure  is  ascribed  to  excitons  localized  at  trap  centers  which 
are  located  below  the  lowest  n=l  quantized  level  by  about  250  meV.  The  origin  of  the  localization  center 
is  possibly  ascribed  to  self-formed  In-rich  region  which  may  act  as  a  quantum  dot.  It  is  interesting  to 
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note  that  the  depth  of  localization  was  so  large  that  localized  excitons  have  been  observed  even  at  RT. 
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DEFECT  TRANSITIONS  BV  GaN  BETWEEN  3.0  AND  3.4  eV 
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Walter  Schottky  Institute,  D-85748  Garching,  Germany 


ABSTRACT 

We  have  studied  optical  transitions  (absorption  and  luminescence)  in  nominally 
undoped  and  Mg-doped  GaN  deposited  by  MOCVD  and  MBE.  In  the  range  between  3.0  and 
3.4  eV,  a  variety  of  well  known  low-intensity  luminescence  lines  are  observed,  whose  origin  is 
discussed.  In  particular,  by  comparing  excitation  with  subgap  versus  above-gap  laser  lines  as 
well  as  by  combining  optical  subgap  absorption  with  spectrally  resolved  photoconductivity,  we 
identify  localized  optical  transitions  occuring  in  isolated  cubic  inclusions  in  the  otherwise 
hexagonal  GaN  epitaxial  layers.  Implications  of  these  strucural  defects  for  photocurrent 
transients  are  also  presented. 


INTRODUCTION 

The  usefulness  of  GaN  for  optoelectronic  and  other  devices  such  as  transistors  depends 
crucially  on  the  density  of  shallow  and  deep  defects  in  the  heteroepitaxial  layers  grown  on 
sapphire  or  SiC  substrates.  To  date,  mostly  photoluminescence  (PL)  and  related  techniques 
have  been  used  to  study  these  defects  and  to  correlate  them  with  structural  features  such  as 
impurities,  native  point  defects,  dislocations,  etc.  [1-3].  However,  a  definitive  and  generally 
accepted  assignment  of  the  various  radiative  transitions  has  not  emerged  yet.  In  particular,  a 
systematic  comparison  of  otherwise  well  characterized  samples  prepared  by  different  methods 
(and,  thus,  containing  different  concentrations  of  defects  and  impurities)  with  the  help  of 
additional  optical  defect  spectroscopy  methods  is  still  needed.  Here,  we  present  results  dealing 
with  cubic  inclusions  in  wurtzite  GaN  by  a  combination  of  PL  and  absorption  measurements. 


EXPERIMENT 

All  samples  investigated  in  this  study  were  deposited  on  c-plane  sapphire  either  by 
MOCVD  using  triethylgallium  and  ammonia,  or  by  plasma-enhanced  MBE  equipped  with  an  rf 
plasma  source  (Oxford  CARS25).  The  background  pressure  in  the  MBE  system  was  lO'^” 
mbar,  and  the  N2  gas  was  purified  prior  to  feeding  into  the  plasma  source.  During  deposition, 
the  pressure  in  the  MBE  system  was  4x10'^  mbar.  Luminescence  was  excited  with  an  Ar^  ion 
laser  and  measured  with  a  double  monochromator  and  a  photomultiplier.  Optical  subgap 
absorption  measurements  were  performed  with  photothermal  deflection  spectroscopy  (PDS) 
and  the  constant  photocurrent  method  (CPM).  Details  of  these  latter  two  techniques  are 
described  elsewhere  [4,  5] 


RESULTS  AND  DISCUSSION 

We  begin  our  discussion  by  presenting  PL  spectra  obtained  under  identical  conditions 
on  a  number  of  non-intentionally  doped  GaN  samples  prepared  with  different  deposition 
parameters  and  methods.  Fig.  1  shows  samples  prepared  in  the  same  MOCVD  reactor  at 
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950”C  with  different  buffer  layers  (low  temperature  GaN  or  AIN  grown  at  different 
temperatures.  It  can  be  seen  from  this  figure  that  the  type  of  buffer  has  a  large  influence 
especially  on  the  donor-acceptor-pair  recombination  (DAP)  at  3.26  eV  and  the  corresponding 
LO-phonon  replica. 


Fig.l:  Undoped  GaN  samples 
grown  by  MOCVD  on  different 
buffer  layers.  Type  and  growth 
temperature  of  the  buffers  are 
indicated  in  the  figure.  Note  the 
large  variations  in  the  energy  range 
between  3.0  and  3.4  eV.  The  sharp 
line  at  3.476  eV  is  the  donor  bound 
exciton  radiation. 


In  a  recent  publication  [3],  this  DAP  recombination  was  tentatively  ascribed  to  carbon  as  a 
likely  impurity  in  GaN,  forming  a  deep  acceptor  about  230  meV  above  the  valence  band  edge. 
This  assignment  is  somewhat  problematic  in  view  of  Fig.  1 ,  since  the  GaN  layers  grown  on 
different  buffers  have  a  similar  C  content  of  about  10^®  cm'^  as  determined  by  elastic  recoil 
detection  analysis,  whereas  the  DAP  transitions  essentially  disappear  for  the  GaN  grown  on  a 
700T  AIN  buffer. 

To  emphasize  this  point,  we  show  in  Fig.  2  the  PL  spectra  of  one  MOCVD  and  one 
MBE  sample  both  grown  on  a  low-temperature  GaN  buffer.  Although  the  impurity  content  in 
general  and  the  carbon  content  in  particular  should  be  significantly  lower  in  the  MBE  sample 
than  in  the  MOCVD  material,  the  PL  spectra  are  almost  identical,  except  for  a  much  lower 
deep  defect  luminescence  around  2.2  eV  in  the  MBE  sample.  It  rather  appears  that  the  DAP 
luminescence  is  connected  to  an  intrinsic  defect  whose  density  can  be  influenced  by  the  buffer, 
e.g.  by  the  dislocation  density  as  observed  in  TEM  investigations. 

An  intrinsic  point  defect  which  according  to  recent  theoretical  investigations  should 
have  a  rather  low  formation  enthalpy  in  n-type  GaN  is  the  Gallium  vacancy,  Vga  [6].  Under 
MBE  growth  conditions,  the  tendency  for  the  formation  of  Vga  can  be  influenced  via  a 
variation  of  the  Ga  flux  from  the  effusion  cell.  This  indeed  has  pronounced  effects  on  the  PL 
spectra  as  evidenced  by  Fig.  3.  With  a  balanced  N  and  Ga  flux  to  the  substrate,  MBE  samples 
show  very  little  PI  due  to  shallow  or  deep  defects.  The  main  spectral  feature  is  the  D*^  fine  at 
3.467  eV,  accompanied  by  two  LO-phonon  replica  at  3.375  and  3.285  eV.  There  is  very  little 
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Fig.2:  Comparison  of  the  PL  spectra 
of  GaN  deposited  by  MOCVD  and 
MBE  using  a  similar  low-tempera¬ 
ture  GaN  buffer.  The  only  signi¬ 
ficant  difference  between  the  two 
samples  occurs  in  the  region  of  the 
yellow  luminescence  band  around 
2.2  eV.  The  level  of  impurity 
contamination  in  the  two  samples  is 
expected  to  be  drastically  different. 


Photon  Energy  [eV] 


yellow  luminescence  and  only  a  weak  additional  feature  close  to  the  bandgap  of  cubic  GaN 
(3.31  eV  at  5  K.  A  more  detailed  discussion  of  cubic  inclusions  follows  below.)  A  sample 
grown  under  otherwise  identical  conditions  but  with  a  reduced  Ga-flux  exhibits  much  stronger 
luminescence  m  the  region  between  3.0  and  3.4  eV  as  well  as  around  2.2  eV.  Although  at 
present  we  have  no  microscopic  explanation  for  this  trend,  it  emphasizes  the  importance  of 
controlled  variations  of  deposition  conditions  for  a  better  understanding  of  radiative  centers  in 
GaN. 

We  now  discuss  in  more  detail  the  luminescence  properties  in  the  region  between  3.0 
and  3.4  eV  observed  for  a  rather  typical  undoped  MOCVD  sample  showing  a  strong  D°X 
transition  together  with  a  noticeable  DAP  recombination.  This  type  of  PL  spectra  has  also 
been  observed  in  a  number  of  cases  discussed  in  the  literature  [e.g.  6,7].  As  shown  on  the  left 
hand  side  of  Fig.4,  a  new  set  of  PL  lines  labelled  Li  and  L2  appears  upon  strong  illumination 
of  such  a  sample  at  3.369  and  3.313  eV,  respectively.  Again  the  assignment  of  these  lines  is 
still  uncertain,  so  that  a  general  description  in  terms  of  strongly  localized  excitons  has  been 
used  [8].  Characteristic  for  these  additional  lines  is  that  they  can  also  be  excited  with  subgap 
light  (3.41  eV  in  Fig.  4),  too  low  in  energy  for  band-to-band  transitions  in  wurtzite  GaN  at  5 
K.  Similar  results  have  been  reported  by  Dai  et  al.  [9].  As  shown  on  the  right  hand  side  of  Fig. 
4,  the  temperature  dependence  of  the  L2  peak  position  follows  closely  the  variation  of  the 
fundamental  gap  of  cubic  GaN  deduced  fi-om  photoreflectance  data  [10],  indicating  that  these 
additional  radiative  processes  are  connected  to  cubic  inclusions  in  hexagonal  GaN.  This  would 
explain  why  the  L  1,2  transitions  can  be  effectively  excited  by  a  laser  energy  below  the  bandgap 
of  hexagonal  GaN,  but  above  the  gap  of  cubic  GaN. 
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Fig. 3:  Luminescence  spectra  of 
GaN  samples  grown  by  MBE 
with  different  fluxes  of  Ga.  The 
peaks  labelled  3.375  and  3.285 
eV  are  phonon  replica  of  the 
donor  bound  exciton  at  3.467  eV 


Fig.  4:  (below) 

Left:  PL  spectra  of  a  MOCVD 
sample  at  different  excitation 
intensities  and  two  different 
excitation  energies. 

Right:  Temperature  dependence 
of  the  Li  and  L2  PL  peaks  in 
comparison  to  the  temperature 
°  dependence  of  the  fundamental 
gap  of  cubic  GaN  (  solid  dots). 
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Fig.  5:  left  hand  side:  comparison  between  subgap  absorption  spectra  of  the  sample  in  Fig.4 
obtained  by  PDS  versus  CPM.  The  inset  shows  the  mobility-lifetime  product  of  photo- 
generated  carriers  obtained  as  the  ratio  between  the  two  measurements.  On  the  right  hand  side, 
this  px-product  is  shown  together  with  the  L2  transition  and  the  band  edge  luminescence  of 
wurtzite  GaN  at  room  temperature. 


We  now  compare  the  radiative  transitions  in  Fig  4.  with  the  spectral  features  observed  in 
subgap  absorption  measurements.  To  this  end  we  compare  in  Fig.  5  PDS  and  CPM  spectra.  In 
PDS,  the  net  absorption  coefficient  at  a  given  photon  energy  is  determined,  whereas  in  a  CPM 
measurement  only  those  optical  transitions  giving  rise  to  mobile  majority  carriers  (i.e. 
electrons)  are  detected.  It  can  be  shown  [11]  that  the  ratio  of  the  CPM  and  PDS  spectra  is 
proportional  to  the  mobUity-lifetime  product  of  photogenerated  carriers  (inset  in  Fig.  5).  For 
the  purpose  of  the  present  discussion  we  note  that  a  local  minimum  of  the  px-product  appears 
at  3.28  eV,  coinciding  with  the  position  of  the  L2  PL  transition.  This  indicates  that  electrons 
excited  at  this  particular  energy  remain  localized,  not  contributing  to  a  macroscopic 
photocurrent  before  they  recombine  radiatively.  This  is  in  contrast  to  electrons  excited  across 
the  bandgap  of  wurtzite  GaN,  which  according  to  Fig.  5  have  a  much  higher  px -product. 

These  experimental  results  lead  us  to  the  following  model  concerning  the  influence  of 
cubic  inclusions  in  wurtzite  GaN  (Fig.  6).  It  is  known  from  TEM  investigations  that  Avurtzite 
GaN  contains  a  large  number  of  stacking  faults  which  can  serve  as  nucleation  centers  for  cubic 
regions.  Because  of  the  smaller  bandgap  of  cubic  GaN,  there  will  be  an  offset  of  about 
200meV  in  the  conduction  band,  sufficiently  large  to  cause  a  net  transfer  of  electrons  from  the 
surrounding  hexagonal  n-type  matrix.  This  gives  rise  to  a  local  band  bending  as  indicated  in 
Fig.  6.  Then,  optical  transitions  below  the  bandgap  of  wurtzite  GaN  occur  preferentially  in 
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hexagonal 


=  220  meV,  720  meV 


Fig.  6:  Schematic  model  for  the 
influence  of  cubic  inclusions  on  the 
optical  properties  of  hexagonal  GaN  in 
the  enrgy  range  3.0  to  3.4  eV.  See  text 
for  details. 


these  cubic  inclusions,  giving  rise  to  localized  electron  hole  pairs  with  a  high  radiative 
recombination  rate  (  L2  luminescence)  and  a  low  pr-product.  In  addition,  other  optical 
transitions  (bovmd  excitons,  DAP)  occur  in  the  same  energy  range. 


CONCLUSIONS 


A  combination  of  different  optical  defect  spectroscopies  together  with  a  systematic  variation  of 
sample  properties  will  be  necessary  to  fully  understand  the  complex  defect  structure  of  GaN 
and  the  influence  of  intrinsic  and  extrinsic  defects  on  carrier  recombination.  As  an  example,  we 
have  presented  experimental  evidence  for  the  influence  of  cubic  inclusions  on  the  PL  properties 
of  state-of-the-art  wurtzite  GaN. 
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ABSTRACT 

We  present  results  of  spatially-resolved  photoluminescence  and  Raman  measurements  on  a 
200  pm  thick  GaN  layer  grown  on  sapphire  by  hydride  vapor  phase  epitaxy.  Our  micro- 
photoluminescence  measurements  reveal  that  the  peak  position  of  the  excitonic  and  donor- 
acceptor-pair  transitions  strongly  depends  on  the  distance  to  the  substrate  interface.  We  observed 
a  strong  blue  shift  near  the  interface  and  discuss  the  influence  of  strain,  which  we  quantified  by 
micro-Raman  experiments. 

INTRODUCTION 

A  major  problem  in  growing  GaN  epitaxially  is  the  large  mismatch  of  lattice  constants  and 
thermal  expansion  coefficients  between  layer  and  common  substrates  as  e.g.  sapphire  or  GaAs 
[1].  Consequently  most  GaN  epilayers  are  highly  strained.  Another  problem  is  the 
inhomogeneous  distribution  of  the  photoluminescence  in  these  layers  [2,3].  In  order  to  handle 
thin-film  heterostructures  and  devices  based  on  GaN  a  knowledge  about  the  influence  of  strain 
on  the  optical  properties  as  well  as  a  control  of  the  homogeneity  is  necessary. 

We  performed  spatially-resolved  photoluminescence  measurements  at  low  temperatures  on 
GaN  grown  on  sapphire  in  order  to  map  the  luminescence  distribution  in  the  layer  on  a 
micrometer  scale.  Micro-Raman-scattering  of  the  Ei-mode  of  hexagonal  GaN  in  the  same  layer 
regions  provides  us  with  independent  information  about  the  internal  stress  in  the  layer  and 
allows  us  to  correlate  structural  and  optical  properties  [4]. 

After  presenting  the  experimental  details  we  first  discuss  the  main  features  of  the  near- 
bandgap  luminescence  of  the  layer.  We  then  describe  the  results  of  our  spatially-resolved 
measurements  and  discuss  the  observations. 

EXPERIMENT 

The  sample  under  study  was  an  undoped  200  pm  thick  hexagonal  GaN  layer  grown  on 
[0001]  sapphire  using  hydride  vapor  phase  epitaxy  (HVPE)  with  a  free  carrier  concentration 
below  T  10‘^  cm'^  as  determined  by  room-temperature  Hall  measurements. 

Micro-photoluminescence  measurements  were  performed  using  a  single-grating  Renishaw 
spectrometer  equipped  with  an  UV  notch  filter  and  an  UV-enhanced  CCD  detector.  The  sample 
was  excited  parallel  to  the  substrate  surface  using  the  325  nm  line  of  a  He-Cd  laser.  By  passing 
the  laser  through  a  microscope  objectice  (x40,  x27)  the  laser  beam  was  focused  to  a  point  spot 
with  a  diameter  of  about  2  pm.  With  this  micro-photoluminescence  setup  we  reached  a  spatial 
resolution  of  about  5  pm. 
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Energy  (eV) 

Fig.  1:  Low-temperature  micro-photo  luminescence  spectrum  taken 
near  the  surface.  Excitation  wavelength  was  at  325  nm. 


Micro-Raman  measurements  were  carried  out  with  a  triple-grating  Dilor  spectrometer  and 
the  514.5  nm  line  of  an  Ar^  laser  for  excitation.  The  spatial  resolution  was  better  than  1  pm,  and 
we  were  able  to  detect  Raman  shifts  smaller  than  0.1  cm''. 

Both,  photoluminescence  and  Raman  measurements  were  performed  at  low  temperatures 
(4.2  K)  using  a  microscope  cryostat. 

RESULTS  AND  DISCUSSION 

Photoluminescence  overview 


Figure  1  shows  as  an  overview  a  low-temperature  micro-photoluminescence  spectrum  taken 
near  the  surface  in  a  distance  d  =  200  pm  away  from  the  substrate  interface  where  we  assume 
bulk-like  conditions.  The  spectrum  is  dominated  by  the  free-exciton  emission  (FX(A))  located  at 
3.477  eV  and  the  neutral-donor-bound-exciton  emission  (I2)  at  3.471  eV.  The  weak  structure 
near  the  I2  at  3.450  eV  is  due  to  the  annihilation  of  excitons  at  neutral  shallow  acceptors  (I^)  [5]. 
The  low-energy  side  of  the  spectrum  exhibits  the  phonon  sidebands  of  these  excitons.  The 
strength  of  the  second  LO  replica  of  the  free  excitons  and  the  weakness  of  the  donor-acceptor- 
pair  luminescence  indicate  the  excellent  quality  of  the  layer  near  the  surface. 

Spatially-resolved  photoluminesence  measurements 

The  energetic  positions  of  all  photoluminescence  transitions  described  above  depend  on  the 
distance  to  the  substrate  surface  as  can  be  seen,  e.g.,  for  the  excitonic  transitions  from  the 
linescan  shown  in  Fig.  2.  In  this  linescan  which  was  taken  in  5  pm  steps  across  the  entire  GaN 
cross  section  we  normalized  the  spectra  to  their  maximum  intensity. 
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Fig.  2:  Depth-profile  of  the  near-bandgap  luminescence  in  a  200  pm 
thick  GaN  layer  grown  on  sapphire  taken  at  low  temperatures  (4.2K) 
after  excitation  at  325  nm. 


Starting  from  the  surface  of  the  layer  (distance  d  =  200pm)  and  proceeding  in  the  direction 
of  the  substrate  interface  (d  =  0  pm)  one  can  see  that  the  peak  position  of  the  excitonic 
photo  luminescence  remains  nearly  constant  during  the  first  100  pm.  From  d^lOOpm  to 
d  «  30  pm  the  spectra  exhibit  a  small  red  shift.  Proceeding  further  in  the  direction  of  the 
substrate  interface  the  red  shift  gives  way  to  a  significant  blue  shift.  The  corresponding  spectra 
are  shown  separately  in  Fig.  3.  For  clarity  the  peak  positions  of  the  I2  and  of  the  free-exciton 
emission  are  plotted  as  a  function  of  the  distance  to  the  substrate  (Fig.  3,  right).  For  the  I2 
emission  we  observed  a  red  shift  of  8  meV  in  total  and  a  blue  shift  near  the  substrate  interface  of 
about  5  meV.  The  free-exciton  emission  follows  the  I2  up  to  a  distance  of  d  «  50pm,  indicating  a 
constant  binding  energy  of  the  neutral-donor-bound  excitons.  For  distances  smaller  than  50  pm 
this  emission  shifts  strongly  to  higher  energy  reaching  a  maximum  blue  shift  of  21  meV. 
Consequently  the  energy  difference  between  both  near-bandgap  transitions  increases. 

Spatially-resolved  Raman  measurements 

In  order  to  scrutinize  wether  this  strong  blue  shift  is  caused  by  stress  in  the  GaN  layer  due  to 
the  mismatch  of  the  lattice  constants  and  the  thermal  expansion  coefficients  between  layer  and 
substrate,  we  performed  micro-Raman  measurements  of  the  same  spatial  region  in  the  layer 
investigated  by  photoluminescence  measurements.  Our  measurements  reveal  that  the  non-polar 
E2  Raman  mode  exhibits  a  shift  in  this  region  of  0.8  cm'*.  This  is  displayed  in  Fig,  4  where  we 
plotted  the  Raman  shift  of  this  mode  as  a  function  of  distance  to  the  substrate  interface.  We 
found  that  the  biaxial  compressive  stress  in  the  layer  reduces  exponentially  with  increasing 
distance  from  the  substrate.  The  layer  is  already  largely  relaxed  at  a  distance  d  «  30pm  away 
from  the  substrate.  For  distances  d>  100pm  the  layer  is  fully  relaxed.  This  observation  is  in 
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Fig.  3:  Low-temperature  photoluminescence  spectra  taken  at  different 
distances  from  the  substrate  interface  (left).  Energy  positions  of  the 
excitonic  transitions  as  a  function  of  distance  from  the  substrate  (right) 


good  agreement  with  X-ray  diffraction  measurements  on  a  series  of  GaN  layers  also  grown  on 


sapphire  with  varying  thicknesses  [6], 

The  observed  blue-shift  of  the  near- 
bandgap  luminescence  cannot  totally  be 
explained  by  a  strain-induced  change  of  the 
bandgap.  According  to  the  relation 
a=Ao/6.2cm'^  reported  by  Kozawa  et  al.  [7], 
where  ct  is  the  biaxial  compressive  stress  in 
GPa  and  A®  is  the  Raman  shift  in  cm'\  we 
can  quantify  the  strain  in  our  sample.  Rieger 
et  al.  [8]  investigated  the  luminescence  shift 
due  to  biaxial  compressive  stress  and 
determine  dEpi/do  to  be  between  21  and  27 
meV/GPa.  Using  both  relations  one  would 
expect  a  maximum  blue  shift  in  our  sample  of 
about  3.5  meV. 

In  fact  this  change  is  in  the  order  of  the 
shift  we  observed  for  the  neutral-donor-bound 
exciton  emission  (I2).  However  we  point  out 
that  the  free-exciton  emission  band  shift  with 
21  meV  is  much  too  strong  to  be  explained 
solely  by  stress  in  the  GaN  layer. 

This  emission  band  cannot  be  due  to  the 
recombination  of  free  excitons;  otherwise  the 


Fig.  4:  Shift  of  the  E2-Raman  mode  as  a 
function  of  the  distance  from  the  substrate 
interface. 
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binding  energy  of  the  donor-bound-excitons 
would  grow  extremely  near  the  interface. 

We  rather  think  that  from  the  distance  at 
which  both,  the  peak  positions  of  the  I2  and 
those  of  the  free-exciton  emission  diverge 
band-to-band  transitions  appear.  These 
transitions  appear  whith  increasing  doping 
level  and  they  are  known  from  doped  GaN 
layers  or  layers  of  poorer  quality  [5],  This 
can  be  confirmed  when  considering  the 
intensity  of  the  donor-acceptor-pair 
luminescence  in  this  layer.  As  can  be  seen 
from  Fig.  5  its  intensity  increases  strongly 
for  distances  smaller  than  d  <  100pm, 
indicating  that  with  decreasing  distance  to 
the  substrate  more  and  more  impurities  are 
built  in  which  yields  sufficient  concentration 
of  impurities  to  a  blue  shift  of  the  emissions. 

The  broadening  which  is  also  found  in  the 
spectra  is  an  additional  confirmation. 

SUMMARY 

We  have  shown  that  the  photoluminescence  of  GaN  depends  strongly  on  the  distance  to  the 
substrate  interface.  Near  the  substrate  we  observed  a  significant  blue  shift  of  the  near-bandgap 
emission.  Although  our  micro-Raman  measurements  reveal  that  in  the  same  spatial  region  the 
biaxial  compressive  stress  in  the  layer  reduces  exponentially  with  increasing  distance  from  the 
substrate,  the  blue  shift  of  the  photoluminescence  with  21  meV  is  much  too  strong  to  be 
explained  solely  by  stress.  We  found  that  with  decreasing  distance  from  the  substrate  the  free 
exciton  emission  gives  way  to  band-band-transitions,  which  appear  because  of  the  increasing 
impurity  concentration  near  the  substrate. 
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ABSTRACT 

The  364  nm  PL-system  in  GaN  is  attributed  to  the  formation  of  dislocation  excitons  and 
charged  dislocation  excitons  on  c-axis  screw  dislocations.  The  binding  energy  for  the 
dislocation  exciton,  charged  dislocation  exciton  and  a  hole  on  the  screw  dislocation  were 
determined  as  35  meV,  7  meV  and  65  meV  respectively,  in  accord  with  experiment. 

INTRODUCTION 

Dislocations  are  the  dominant  structural  defect  in  GaN.  It  has  been  shown  recently  that  the 
dislocation-related  photoluminescence  (PL)  in  Ge,  Si  and  ZnSe  crystals  can  be  explained  on  the 
basis  of  one-dimensional  dislocation  bands,  split  off  by  dislocation  deformation  fields  from  the 
edges  of  the  normal  energy  bands.  The  strong  confinement  of  the  electrons  and  holes  transverse 
to  the  dislocation  line  by  the  deformation  field  gives  rise  to  rather  deep  PL  lines,  hv  «  Eg  -  (0. 1  - 
0.3  eV  ),  whose  energy  depends  on  the  value  of  the  edge  component  of  the  Burgers  vector.  The 
carriers’  free  movement  along  the  dislocation  line  determines  their  weak  interaction  with  the 
lattice  and  small  value  of  the  Huang-Rhys  factor.  This  model  was  successfully  applied  for 
interpretation  of  the  low  temperature  PL  spectrum  of  dislocated  crystals  by  dislocation 
excitons  (DEX),  for  a  classification  of  the  dislocation-related  PL  lines  in  Si,  for  explanation  of 
the  line  splitting  in  Ge  and  Si  crystals  with  sets  of  differently  split  60^-dislocations,  for 
calculations  of  the  g-factor  for  the  electrons  on  the  60°-dislocations  and  for  a  symmetry  analysis 
of  the  EDSR  lines  in  Ge  and  Si  [1,2,3], 

Dislocation-related  PL  in  GaN  has  been  preliminarily  attributed  to  two  PL  systems:  the  so 
called  yellow  PL  (hv  «520  nm)  [4]  and  a  PL  line  at  364  nm  [5].  The  results  presented  here 
show  that  the  364  nm  PL  system  is  the  most  probable  candidate  for  dislocation-related  PL. 

EXPERIMENTAL  PROCEDURE 

Photoluminescence  and  TEM  investigations  were  carried  out  on  monocrystalline  wurtzite 
GaN  (0001)  thin  films,  »  0.6  pm  thick,  grown  at  1050^  C  on  high  temperature,  «100  nm 
thick,  monocrystalline  AlN(OOOl)  buffer  layers  predeposited  at  1100°  C  concurrently  on  off- 
and  on-axis  a(6H)-SiC(0001)si  substrates  via  OMVPE  [6].  Comparing  by  atomic  force 
microscopy  on-axis  with  off-axis-substrate-grown  films  shows  rougher  film  surfaces  on  the 
latter,  therefore  we  would  expect  a  higher  density  of  structural  defects  in  films  grown  on  off- 
axis  SiC.  The  density  of  threading  dislocations  was  estimated  by  TEM  as  ~10^  cm’^  and  ~10*° 
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cm‘^  in  the  samples  grown  on  on-  and  off-axis  substrates  respectively.  Inversion  domain 
boundary  concentration  was  much  higher  ~  10^  cm‘^  in  the  samples  grown  on  off-axis  SiC. 

A  second  set  of  scanning  PL  measurements  was  made  to  investigate  the  variation  of  the 
PL  intensity,  position  and  width  of  the  bound  exciton  line  (358  nm)  and  PL  intensity  of  the 
364  nm  tine  across  the  thickness  of  the  film.  For  this  purpose  “a  wedge”  was  prepared  by 
polishing  a  GaN  film  of  thickness  ~2.7  pm,  at  an  angle  of  0.5°  to  the  substrate,  grown  on  off- 
and  on-axis  SiC.  In  this  paper  we  will  present  PL  scanning  results  obtained  for  the  films 
grown  on  on-axis  SiC.  Photolumineseence  was  excited  by  a  He-Cd  (325  nm)  laser.  Renishaw 
Raman  and  PL  Imaging  Microscope  System  2000  was  used  for  PL  mapping  of  the  samples  at 
6K  and  300K.  The  spatial  resolution  of  the  system  was  ~2  pm. 

RESULTS  AND  DISCUSSION 


Thin  Films  of  GaN  Grown  on  On-  and  Off-Axis  SiC  Substrates. 


The  GaN  film  grown  on  a  SiC  substrate  vicinal  surface  shows  a  very  intense  bound 
exciton  line  (BE)  and  364.4  nm  line  with  TO-phonon  replica  at  372  nm,  Fig.l.  The  D-A 
systems  also  differ;  the  on-axis-grown  sample  has  additional  BE  lines  despite  identical  growth 
conditions.  Here  the  364  nm  line  is  considered,  because  of  its  similarity  to  dislocation-related 
lines  in  cubic  semiconductors.  This  line  shows  (a)  sublinear  dependence  of  intensity  as  a 
function  of  excitation,  (b)  very  rapid  disappearance  with  increase  in 


Fig.l. Photoluminescence  spectra  of  GaN 
grown  on  off-(l)  and  on-(2)  axis  SiC 
substrates,  T=4  K. 


Fig.2.  Temperature  dependence  of  the 
DEX  -  (1),  BE  -  (2)  and  (DEX)^  -  (3)  PL 
lines.  Level  of  excitation  ~1  W/cm^. 


temperature,  Fig.2,  and  (c)  a  fine  structure  of  the  line  that  develops,  in  the  range  15  -  40  K,  as  a 
new  line  with  energy  ~7  meV  higher.  Fig.  3.  This  structure  can  be  seen  at  low  temperature  and 
low  excitation  level,  Fig.4. 
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Fig.3.  PL  of  GaN  grown  on  off-axis  SiC. 
1-  4  K,  ~  1  W/crn  ;  2-  2  K,  ~  1  mW/cm^ . 


Fig.4.  Temperature  dependence  of  the  364 
nm  PL  system,  ~  1  W/crn. 


Thick_Film  of  GaN  Grown  on  Qn-Axis  SiC 

The  PL  map  of  the  BE  line  (Fig.5),  in  the  thick  sample  (~2.7  pm),  shows  a  large  fluctuation  in 
the  PL  intensity  near  the  surface  of  the  GaN  film.  With  decreasing  thickness  the  PL  intensity 
becomes  more  steady  and  rapidly  decreases  near  the  interface,  because  of  the  reduction  in  the 
excited  volume  of  the  GaN.  The  line  scan  in  Fig.6a  illustrates  the  variation  of  the  intensity  as  a 
function  of  the  position  of  the  laser  beam  on  the  wedge  of  the  GaN  film.  The  position  of  the 
BE  exciton  line  shows  a  small  variation  with  thickness  of  the  film,  shifting  to  higher  energies 
near  the  interface,  Fig. 6b.  There  is  a  more  marked  variation  in  the  half  width  half  meiximum 
(HWHM)  of  the  PL  emission  near  the  energy  gap,  across  the  film  ,  Fig. 6c.  Near  the  surface  of 
the  film  the  big  variation  of  the  HWHM  reflects  the  fact  that  there  are  at  least  three  BE  lines 
varying  in  intensity  independently  of  each  other.  In  the  middle  of  the  sample  only  one  BE  line 


Fig.5.  PL  map  of  BE  intensity 
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Fig.6  Line  scans  of  GaN  interface,  a;  intensity,  b;position,  c;  HWHM,  of 
BE  line  and  d;  intensity  of  364  nm  PL  band 


is  strong  with  a  FWHM  of  ~6  meV,  Fig. 7.  The  dislocation  related  line  (364nm)  intensity  is 
very  weak  in  this  sample  and  shows  a  very  low  intensity  near  the  surface  of  the  film.  There  is 
a  tendency  for  the  intensity  of  this  line  to  increase  towards  the  substrate.  The  sharp  reduction 
in  the  intensity  of  this  line  near  to  the  interface  is  due  to  the  reduction  in  the  excited  volume  of 
GaN,  Fig.6d. 

Our  evidence  confirms  that  the  364  nm  line  is  connected  with  structural  defects.  This  line 
is  very  intense  in  thin  GaN  films  grown  on  off-axis  SiC.  Also  in  the  thick  sample  the  intensity 
of  this  line  increases  towards  the  interface,  where  there  is  a  higher  density  of  extended  defects. 
But  what  type  of  structural  defects  could  be  responsible  for  this  PL  line?  Despite  this  high 
density  of  edge  dislocations  in  GaN  they  are  not  radiatively  active  owing  to  the  inherent 
charge,  which  destroys  the  captured  excitons  [3].  Only  stacking  faults,  inversion  domains  and 
screw  dislocations  are  neutral,  and  they  can  be,  in  principle,  responsible  for  this  line.  We 
attribute  the  364  nm  line  to  the  formation  of  the  DEX  on  c-axis  screw  dislocations,  because  of 
the  high  density  of  screw  dislocations  near  the  interface  seen  in  the  similar  system  -  GaN/ 
AI2O3  [7]. 


CO  fO  fO 

Energy;  (eV) 


Fig. 7.  Comparison  of  spectra  taken  at  different  points  along  the  line  scan.  Curve  1,  0  pm  from 
start  of  scan,  2,  16  pm,  3,  200  pm,  4,  300  pm,  5,  308  pm. 

Dislocation  Excitons  on  Screw  Dislocations  in  Direct-Gap  Semiconductors. 

The  main  peculiarity  of  direct  material  is  that  symmetry  of  the  conduction  band  minimum 
at  T-point  prevents  the  deformation-potential  interaction  of  electrons  at  this  valley  with  the 
strain  field  of  the  screw  dislocation.  We  have  two  possibilities  for  an  electron  to  be  bound  to 
the  dislocation  in  this  case.  One  possibility  is  that  electron  is  at  a  closely  higher  valley  with 
lower  symmetry  (for  GaN  candidates  are  U  and  M  valleys).  However,  estimations  have  shown 
that  this  possibility  should  be  ruled  out  for  GaN  since  the  topological  interaction  [8]  strongly 
reduces  the  electron  binding  energy  in  this  case.  Another  possibility  is  that  an  electron  is 
bound  by  Coulomb  field  to  a  hole  that  in  its  turn  is  trapped  by  the  strain  field  of  the  screw 
dislocation.  The  corresponding  dislocation  exciton  possesses  slightly  anisotropic  reduced  mass 
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since  the  electron  mass  m^=0.22  mg,  is  much  smaller  than  hole  mass,  W/,  =  0.82  rrig  Thus,  its 
binding  energy  can  be  estimated  using  perturbation  theory  giving 

+  rrii, ),  where  e  is  dielectric  constant.  For  £  =9.8  we  get 

35  meV. 

The  main  shift  of  the  DEX  line  from  the  band  edge  is  produced  by  the  hole  binding 
energy  E^,  in  the  strain  field  of  the  dislocation.  At  the  distances  that  mainly  contribute  to  the 
hole  binding  energy  the  deformation  field  decreases  as  Mr  and  the  corresponding  Shrodin^er 
equation  is  similar  to  one  for  2d-hydrogen  atom  with  an  effective  Rydberg  Ry  =  3  nif,  I 
yin^  ,  where  b  is  the  Burgers  vector  and  b  is  the  deformation  potential  constant  [9].  For 
2d-hydrogen  atom  the  binding  energy  is  4  R*  .  The  case  of  a  screw  dislocation  is  more 
complicated  since  the  corresponding  strain  field  as  well  as  kinetic  energy  operator  is  spin 
dependent.  This  needs  to  be  taken  into  account  by  the  Berry  topological  phase  related  to  the 
spin  rotation.  This  reduces  the  binding  energy  to  less  than  Ry  [9].  Thus,  we  can  estimate  < 
Ry  .  For  GaN,  R*  =100  meV  for  parameters  m^^  =0.82  ,  6  =  5.19  A,  6  =2  eV.  This  is  in 

good  agreement  with  E^  «  65  meV  found  from  the  DEX-line  position  3.40  eV  with  respect  to 
the  energy  gap  3.50  eV.  The  DEX-line  splitting  at  low  temperatures  and  excitations,  Fig.3,  can 
be  attributed  to  the  formation  of  the  DEX^  complex  consisting  of  two  holes  bound  to  the  screw 
dislocation  and  one  electron  bound  to  these  holes  by  the  Coulomb  field  (charged  DEX).  The 
corresponding  binding  energy  can  be  found  from  calculations  of  adiabatic  potential  curves  for 
the  molecular  hydrogen  ion  [10]  Eq^^x^  =  e"  w^lO  e  that  gives  Eq^x^  =  7  meV  in  agreement 
with  the  experimental  splitting  of  the  DEX  line. 

CONCLUSIONS 

PL  imaging  in  taper  sections  of  GaN  on  SiC  (0001)  substrates  has  been  used  to  relate 
364  nm  emission  to  extended  defects  in  the  GaN.  Additional  splitting  of  this  line  at  low 
temperatures  and  excitation  levels  has  been  interpreted  with  the  aid  of  a  recently  developed 
theory  of  dislocation  excitons. 
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ABSTRACT 

Character  of  the  metal-insulator  transition  which  occurs  at  about  23  GPa  in  bulk  GaN  crystals 
has  been  studied  by  means  of  high  pressure  Raman  spectroscopy.  The  related  freeze-out  of 
electrons  is  caused  by  the  localized  donor  state  formed  by  most  likely  oxygen  and  emerging  at 
high  pressures  to  the  band  gap  of  GaN.  As  a  result,  the  electron  concentration  drops  from  its 
initial  value  of  5-10^^  cm’^  to  about  3-10^*  cm‘^.  These  remaining  electrons  originate  likely  from 
another  donor  center  with  effective  mass  character,  probably  carbon.  The  obtained  results  raise  a 
question  whether  the  nitrogen  vacancy  is  abundant  enough  to  be  observed  in  bulk  GaN  crystals. 


INTRODUCTION 

One  of  the  oldest  problems  of  GaN  technology  is  related  to  the  n-type  conductivity  of  this 
material.  As  grown  GaN  crystals,  if  undoped,  are  always  characterized  by  a  high  background 
electron  concentration  of  the  order  10*^- 10^  cm'^  for  the  bulk  crystals  and  lO’^-lO^*  cm'^  for  the 
epitaxial  layers  grown  by  the  molecular  beam  epitaxy  (MBE)  or  organometallic  chemical  vapor 
deposition  (MOCVD)  method.  Maruska  and  Tietjen  [3]  and  Ilegems  and  Montgomery  [4] 
proposed  that  the  autodoping  is  due  to  native  defects,  since  the  concentration  of  contaminants  is 
lower  by  a  few  orders  of  magnitude  than  the  highest  observed  electron  concentration.  This 
residual  donor  was  tentatively  identified  as  a  nitrogen  vacancy  [3-6].  It  was  experimentally 
observed  that  Gai.^Al^N  undergoes  a  metal-insulator  transition  when  x  approaches  20-40  %  .[7] 
This  situation  is  similar  to  that  observed  in  GaAs  where  donor  impurities  like  S,  Si,  Sn,Ge  form 
both  shallow  and  localized  donor  states  [8].  These  localized  states  in  GaAs  are  resonant  with  the 
conduction  band  but  when  the  energy  gap  gets  larger  with  increasing  content  of  A1  in  GaAlAs 
alloys  they  appear  in  the  band  gap  and  can  trap  the  electrons.  This  similarity  suggests  that  the 
dominant  donor  in  GaN  can  have  similar  properties  i.e.  can  form  a  localized  state  degenerate 
with  the  conduction  band.  The  recent  theoretical  calculations  of  Boguslawski  et.  al  [9]  indicated 
that  the  nitrogen  vacancy  can  form  a  resonant  donor  level  as  high  as  800  meV  above  the 
conduction  band  minimum.  Moreover  an  interstitial  Ga  forms  a  resonant  donor  level  in  the  GaN 
conduction  band.  It  has  been  also  suggested  that  unintentionally  introduced  oxygen  or  silicon  can 
lead  to  a  highly  n-type  character  of  the  undoped  GaN  material  [10].  Only  very  recently,  high 
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resolutions  SIMS  measurements  were  performed  on  bulk  GaN  crystals.  They  revealed  high 
eontent  of  oxygen  and  carbon  approaching  10^®  cm'^  and  10^^  cm'^  respectively.  It  has  been 
shown  that  if  GaN  crystal  are  submitted  to  the  external  pressure  exceeding  20  GPa  the  sudden 
decrease  of  electron  concentration  can  be  observed.  [11]  This  effect  can  not  be  explained  by  the 
structural  phase  transition  which  occurs  much  higher  in  pressures  (47  GPa)  [12]  neither  by 
direct-indirect  band  gap  transition.  Fig  1.  shows  the  various  energy  gaps  of  GaN  [13]  as  a 
function  of  pressure.  It  is  clear  that  within  large  error  margin  the  GaN  remains  direct 
semiconductor  until  the  phase  transition  to  the  rocksalt  phase  oecurs.  In  that  situation  the  only 
likely  explanation  of  the  observed  decrease  of  electron  concentration  is  the  appearance  of  the 
localized  state  in  the  gap  which  traps  the  electron. 


Pressure  (GPa) 

Figure  1.  Different  energy  gaps  of  GaN  in  the  function  of 
hydrostatic  pressure  (from  Ref.  1 3).  The  lowest  curve  corresponds 
to  the  pressure  evolution  of  the  main  energy  gap,  i.e.  a  distance 
between  valence  and  conduction  band  maximum  and  minimum, 
respectively  (at  the  Tpoint  of  the  Brillouin  zone) 

notice  that  the  frequency  and  character  of  the  LPP'  mode  are  very 
these  of  LPF"^  to  the  plasmon.  The  frequencies  of  the  coupled 
simplified  form  [14]  by  the  equation: 


Although  this  experimental 
result  was  in  agreement  with 
the  theoretical  model  of  the 
nitrogen  vacancy  [9,11]  it 
did  not  exclude  such  a 
native  donors  like  nitrogen 
interstitial.  In  order  to  get 
more  quantitative 

information  about  the  high 
pressure  freeze-out  we 
decided  to  use  a  fact  that 
Raman  scattering  spectra  of 
GaN  are  sensitive  to  the 
electron  concentration  via 
efficient  LO  phonon  - 
plasmon  coupling.  It  was 
shovm  before  [14]  that  in 
bulk  GaN  sample  of  electron 
concentration  5  T  0  ^  ^cm'^ 
instead  of  LO  modes  two 
coupled  plasmon-phonon 
modes  denoted  LPP*  and 
LPP"^  can  be  observed  (Fig. 
2  and  Fig.  3).  One  should 
similar  to  the  TO  mode  and 
modes  can  be  expressed  in 


CO*  |  (1) 

where  ©l  and  coj  are  LO  and  TO  phonons  frequencies  and  cOp  is  a  plasmon  frequency. 
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Wave  number 


Figure  2.  LO  phonon  -  plasmon  coupled  modes  in  Raman  spectrum  of 
highly  conductive  GaN  bulk  sample.  Inset  shows  enlarged  spectrum 

around  E2  phonon  mode. 


It  is  demonstrated  on 
Fig.  3  that  frequencies 
of  both  coupled  modes 
depend  on  electron 
concentration  and  thus 
can  be  used  to  monitor 
this  concentration. 

EXPERIMENT 

The  experiment 
was  performed  in  a 
diamond  anvil  cell 
(membrane  cell  [15]  ). 
Argon  was  used  as  the 
pressure  transmitting 
medium.  The  pressure 
was  calibrated  by  the 
ruby  luminescence 
method  using  the 
power-five  relation 
[16].  The  signal  was 


analyzed  using  a  Jobin  Yvon  64000  spectrometer  equipped  with  a  nitrogen-cooled  charge  device 


(CCD)  camera  and  a  Notch  filter. 


RESULTS 


Although  it  is  clear  from  the  Fig.  3  that  at  high  electron  concentration  Uh,  the  position  of  LPP^ 
mode  is  more  sensitive  to  Hh  changes,  the  position  of  LPP'  mode  was  used  here  because  the  LPP"^ 
mode  was  covered  by  strong  two-phonon  Raman  scattering  of  diamonds  which  consist  of  the 

main  part  of  the  high-pressure  cell.  Fig.  4 
shows  the  pressure  evolution  of  the  Raman 
spectra  of  bulk  GaN.  As  the  pressure  is 
increased  two  effects  can  be  observed: 
modes  shift  to  higher  frequencies  and  a 
few  new  bands  appear  above  20  GPa.  This 
effect  has  been  interpreted  as  a  metal- 
insulator  transition  related  to  capture  of 
electrons  onto  the  localized  states  of  a 
dominant  donor.  These  states  emerge  to 
the  GaN  band  gap  at  p>20  GPa.  The  band 
which  appears  close  to  860  cm'^  at  23  GPa 
,o„  J,,  can  be  identified  as  a  LO  mode  or  more 

Electron  concentration  (cm-3)  Strictly  Speaking  as  a  high  frequency 

coupled  LO  phonon  -  plasmon  mode 
Figure  3.  Energy  of  LO  phonon  -  plasmon  coupled  (LO'+La).  If  one  looks  at  the  upper  curve 
modes  as  a  function  of  electron  concentration  ’with  pjg  3  jg  easy  to  notice  that  the 
sho’wn  process  of  freeze-out  of  electrons  described 
further  in  the  text. 
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appearance  of  this  mode  in  this  position  means  that  the  concentration  of  electrons  dropped  down 
from  the  initial  5-10  cm'  to  few  times  10  cm’  .  However,  the  flatness  of  the  LPP  curve  in  this 
concentration  region  (or  equivalently  the  applied  pressure  magnitude)  does  not  allow  for  the 
better  determination  of  electron  concentration.  Instead  one  can  use  an  evolution  of  the  position  of 
LPP'  peak.  At  lower  electron  concentration  the  LPP'  which  has  initially  very  close  frequency  to 
Ai(TO)  mode  should  move  to  lower  energies  (see  Fig.  3).  Figure  5  shows  the  distance  between 
the  E2  -  phonon  mode  of  wurtzite  GaN  the  lower  energy  neighbor,  which  at  higher  electron 
concentration  (lower  pressure)  is  LPP’  mode.  The  sudden  change  of  the  inter-peak  distance  can 
be  intei^reted  as  a  disappearance  of  the  LPP'  mode  and  appearance  of  the  transverse  optical 
Ai(TO)  mode  which  has  energy  about  30  cm'^  lower  than  the  E2  mode. 


Figure  4.  Raman  spectra  of  bulk  GaN  sample  measured  at  different  pressures 

Simultaneous  appearance  of  the  L400  mode  (see  Fig.  4)  suggests  that  actually  this  is  likely  LPP' 
mode  observed  in  a  new  position.  Using  the  Fig.  3  we  can  thus  evaluate  the  electron 
concentration  after  the  freeze-out  as  being  close  to  3-10^^  cm'^  which  is  still  quite  high  and 
indicates  presence  of  the  other  donor  center  ionized  even  at  high  pressures.  Gradual  evolution  of 
the  LO  line  can  be  related  to  the  slow  decrease  of  the  electron  concentration  caused  by  increase 
of  donor  binding  energy.  We  can  conclude  this  part  suggesting  that  there  are  two  different  donor 
centers  which  represent  active  dopant  in  bulk  GaN  crystals.  First  one  responsible  for  the  high 
pressure  freeze-out  and  the  second  one  which  preserves  its  shallow  character  even  at  the  highest 
pressures. 
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DISCUSSION 


In  order  to  explain  the  observed  phenomena  we  have  to  consider  at  first  the  donor  which  should 
have  localized  state  which  appears  in  the  gap  at  the  pressure  close  to  20  GPa  and  secondly  find  a 
candidate  for  shallow  donor  state  which  does  not  form  localized  levels.  The  candidates  for 
localized  donor  states  could  be  nitrogen  vacancy  [9],  gallium  interstitial  [9]  and  oxygen  [17]. 
Although  nitrogen  vacancy  is  an  attractive  candidates  for  a  donor  in  GaN  it  was  predicted  by  the 
theoretical  calculations  [10]  that  the  concentration  of  this  defect  is  too  small  to  explain  high 
carrier  concentration  of  bulk  GaN  crystals.  Even  less  likely  from  the  point  of  view  of  formation 
energy  is  the  presence  of  large  number  of  gallium  interstitial  [10].  Recent  theoretical  calculation 
of  oxygen  impurity  in  GaN  [17]  show  that  it  can  form  a  localized  states  in  the  gap  in  AlGaN 
alloys.  Also  similar  behavior  was  predicted  for  oxygen  in  GaN  subjected  to  hydrostatic  pressure 
[18].  Formation  energy  of  oxygen  in  GaN  is  much  lower  than  that  of  nitrogen  vacancy  [17]  Very 
recent  experiments  of  Wetzel  et  al.  [19]  showed  also  that  epitaxial  samples  highly  doped  with 
oxygen  undergo  similar  metal-insulator  transition  like  this  observed  in  bulk  GaN  crystals.  Thus 
taking  into  account  large  concentration  of  oxygen  measured  by  SIMS  in  bulk  GaN  crystals  we 
have  very  strong  indication  that  oxygen  in  GaN  is  responsible  for  the  high  free  electron 
concentration  in  this  material,  as  well  as  for  metal-insulator  transition  observed  at  20  GPa. 
However,  we  have  to  point  out  that  there  is  no  definite  experimental  proof  that  nitrogen  vacancy 
does  not  contribute  in  some  extent  to  the  high  electron  concentration. 
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Figure  5.  Pressure  dependence  of  the  energetic  distance  between  E2  mode  and  its  low  energy 
neighbor. 

One  can  speculate  on  a  possible  origin  of  the  second  donor  (hydrogenicTike)  responsible  for  the 
presence  of  electrons  in  the  conduction  band  of  bulk  GaN  at  pressures  higher  than  23  GPa. 
Carbon  represents  a  likely  candidate.  Large  concentration  of  this  dopant  has  been  found  in  bulk 
GaN  crystals.  Moreover,  first  principle  calculations  of  Boguslawski  et.  al  [20]  has  shown  that  in 
GaN  C  forms  a  shallow  donor  state. 
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ABSTRACT 

We  report  a  con:q)arative  study  by  luminescence  and  reflectivity  of  GaN  grown  on  sapphire  by 
MOVPE,  HVPE  and  GSMBE.  Whatever  the  growth  technique,  undoped  GaN  shows  well  resolved 
reflectivity  spectra,  allowing  hetero-^itaxial  strain  to  be  taken  into  account  in  the  interpretation  of 
luminescence  spectra.  MOVPE  provides  the  hipest  purity  samples  so  far.  From  the  luminescence  study  of 
n-  and  p-type  doped  samples,  activation  energies  of  265  ±  10  meV  and  34  +  2  meV  are  deduced  for  Mg 
acceptors  and  Si  donors  respectively.  From  the  liuninescence  spectra  of  HVPE  grown  samples,  the 
presence  of  a  perturbed  interfacial  n"^  layer  is  evidenced. 

INTRODUCTION 


This  paper  describes  the  results  of  an  optical  characterization  of  hetero-q)itaxial  GaN  layers  on  (0001) 
sapphire  grown  using  three  different  techniques:  metal-organics  vapor  phase  epitaxy  (MOVPE),  halide 
vapor  phase  epitaxy  (HVPE)  and  gas  source  molecular  beam  epitaxy  (GSMBE).  MOVPE  is  today  the 
most  widely  used  technique  for  GaN  growth,  illustrated  by  the  achievement  of  injection  laser  diodes  [1]. 
HVPE,  allowing  high  growth  rates  (~  30  pm/h)  is  a  promising  technique  for  the  obtenticm  of  pseudo¬ 
substrates  for  GaN  homo-epitaxy.  MBE  techniques  allow  low  growth  temperatures,  and  also  provide 
access  to  in  situ  characterizaticai  tools,  invaluable  for  the  understanding  of  some  basic  aspects  of  the 
hetero-epitaxial  growth  [2]. 


Figure  1:  Near  edge  reflectivity 
spectrum  of  undoped  MOVPE  grown 
GaN/AhOs  at  9  K,  and  corresponding 
calculated  spectrum. 


Figure  2:  A,  B  and  C  exciton  energies  in  GaN  at  9  K,  A 
being  aligned  to  the  (0001)  biaxial  strain  scale  of  [3]. 
Triangles,  squares  and  circles  correspond  to  MOVPE, 
HVPE  and  GSMBE  grown  samples  respectively. 
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RESULTS  AND  DISCUSSION 
Generalities 

For  the  three  growth  techniques  investigated,  undoped  GaN  displays  well  resolved  reflectivity  spectra  at 
low  temperature  (9  K).  As  an  example,  figure  1  shows  such  a  spectrum  together  with  the  corresponding 
calculated  one.  The  fitting  is  performed  by  adding  three  Lorentzian  oscillators,  corresponding  to  the  band 
edge  firee  excitons  (noted  A,  B  and  C)  of  die  wurtzite  band  structure  to  the  background  dielectric  constant, 
Such  a  fitting,  systematically  performed,  allows  to  obtain  the  positions  of  A,  B  and  C  excitons  with  a 
precision  better  than  1  meV.  Figure  2  illustrates  how  in^ortant  this  knowledge  is;  the  energies  of  the  free 
excitons  of  various  GaN/AliOa  samples  are  plotted,  the  A  energy  being  aligned  with  the  biaxial  strain  scale 
of  Gil  et  al.  [3],  Variations  in  the  ground  state  energies  exceeding  10  meV  are  recorded,  important  to  be 
known  for  the  interpretation  of  the  photoluminescence  (PL)  spectra. 

Some  additicHinal  remarks  have  to  be  done 

95 1 - ^ - 1 - 1 - 1 - 1  in  the  light  of  figure  2.  First,  vdiereas 

^  I  hv(LO)-kT  J  MOVPE  (triangles)  and  GSMBE  (circles) 

"  *  data  are  in  good  agreement  with  the  (0001) 

biaxial  strain  scale  of  reference  3,  it  is  not  the 
case  for  HVPE  (mes  (squares).  The  thickness 
of  HVPE  samples  ranges  from  20  to  100  pm, 
and  their  strain  state  is  differait  from  that  of 
thin  layers.  In  particular,  their  surface  is  often 
composed  of  large  (~  15  pm)  3-dimensionnal 
crystals,  which  can  be  supposed  not  to  be 
under  pure  biaxial  conqjressicxi.  Another 
remark  is  that  MOVPE  samples  grown  on  an 
AIN  buffer  layer  (dark  triangles)  are  in  the 
average  more  compressed  than  those  grown 
on  a  GaN  buffer  (c^en  triangles).  Actually, 
transmission  electron  microscopy  shows  that 
the  interfacial  density  of  stacking  feults  is 
lower  in  the  AIN  buffer  case  than  in  the  GaN 
buffer  one  [4],  leading  to  less  strain  release  in 
the  former  case  than  in  the  latter  one. 

It  is,  in  some  cases,  possible  to  resolve  a 
fourth  weak  transition  in  the  GaN  reflectance 
'^.25  3.30  3.35  3.40  3.45  3.50  3.55  spectrum.  Corresponding  also  to  weak  PL 

Energy  (eV)  features  [5].  It  is  separated  by  19  ±  1  meV 

fi-om  A,  and  its  oscillator  strength,  deduced 
Figure  3:  Temperature  dependence  of  the  near  edge  PL  fi-om  reflectance,  is  about  1/10  of  the  A  one, 
spectra  of  undoped,  MOWE-grown  GaN.  The  inset  /.e.  not  very  different  from  the  1/8  value 

shows  the  variation  with  temperature  of  the  splitting  expected  for  a  2s  state.  Such  an  assignment  of 

between  the  free  A  exciton  and  its  first  LO  repliqua.  this  fourth  transition  leads  to  a  Rydberg  of  « 

25  meV.  This  is  in  rather  good  agreement 
with  both  early  and  recent  reports  [6-8],  though  controversies  still  exist  [9].  Finally,  we  would  like  to  point 
that  the  data  of  figure  2  correspond  to  nominally  undoped  samples.  When  doping  n  or  p-type,  the 
reflectivity  spectra  broaden  and  become  eventually  unresolved.  They  are  anyhow  still  useful  by  providing  a 
check  of  the  approximate  band  gap,  through  the  damping  of  interference  oscillations  (see  for  instance 
figure  5 
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Undoped  MOYPE-grown  GaN 


Figure  3  displays  some  PL  spectra  of  a  nominally  undoped  MOVPE>grown  GaN  layer  as  a  functicMi  of 
temperature.  The  residual  doping  lies  in  the  low  10*®  cm'^  range.  The  spectra  are  dominated  at  low 
temperatures  by  two  transitions  coresponding  to  the  recombination  of  free  A  excitons  and  to  residual  donor 
bound  excitons  (I2)  [6,8,9],  The  low  tenq)erature  PL  ajergy  of  A  is  generally  1-2  meV  higher  from  that 
deduced  from  reflectance  fitting  [5],  This  can  be  due  to  the  high  electrraiic  temperature  CTe)  of  40  K 
induced  by  using  HeCd  laser  excitation.  At  lower  energies  are  observed  the  1  and  2  LO  phonon  r^liqua  of 
A.  As  the  inset  of  figure  3  shows,  the  A-(A-LO)  splitting  is  the  LO  phonon  energy  minus  kT*,  since  the 
Frohlich  interaction  is  forbidden  at  k  =  0  for  excitons  [10],  Note  also  the  absOTce  of  accq)tor-related  PL  in 
the  3.27  eV  range.  Combination  of  PL  and  reflectivity  shows  that  GaN  luminescence  is  dominated  by  free 
A  excitons  at  room  ten^erature  (RT)  [9, 1 1]. 


Si-doped  MOVPE-grown  GaN 

The  low  residual  doping  of  the  layers, 
and  the  purity  of  the  PL  spectra  as  those 
shown  on  figure  3,  allows  to  study  the 
optical  properties  of  doped  samples,  n-type 
doping  can  be  achieved  up  to  ~  10^°  cm'^ 
using  silane. 

Figure  4  displays  the  PL  spectra  at  9  K 
of  four  Si  doped  GaN  samples,  with  RT 
electrcMi  daisities  ranging  from  4x10*^  cm‘^ 
to  6x10*®  cm"^.  The  spectrum  of  the  lower 
doped  sample  is  dominated  by  a  transition 
at  3.461  eV,  whose  energy  is  ind^endent  of 
the  excitation  intensity.  With  increasing 
temperature,  this  band  is  progressively 
replaced  by  a  seccaid  oae,  9  meV  higher  in 
energy,  corresponding  to  A  exciton 
recombination  (this  is  confirmed  by 
reflectivity).  We  assign  the  3.461  eV  band 
to  free  hole-neutral  donor  (D®h) 
recombinations.  Actually,  we  can  discard  its 
assignm^t  to  the  I2  transiticsi,  since  I2  is 
only  6  meV  lower  in  energy  than  A  [5,  7, 

9],  and  is  thermally  quenched  at  50  K, 
whereas  the  D®h  band  is  dominant  up  to  90 
K.  previously  quoted  value  of  Ihe  spectra  (9  K)  of  Si-doped  MOVPE  grown 

ivt  ^  ^  ~  me  IS  various  RT  electron  concentrations  nn.  The  inset 

obtamed  for  Si  donors.  ^  shows  the  high  energy  cutoff  of  the  PL  band  of  highly  n- 

It  should  be  jessed  that  this  is  u.  the  joped  GaN  as  a  fo^lian  of  nf Mangles:  MOVPE. 
range  quoted  for  the  activation  energy  of  the  .  m/pin 

residual  donor  in  GaN  [5,  12,  13],  It  ^ 

corresponds  also  rather  well  to  the  depth  of  an  hydrogenic  donor,  using  an  electrcMi  mass  of  0.22  mo  and  a 
static  dielectric  constant  of  ~  9. 

Figure  4  shows  that  the  spectra  of  the  highly  doped  (n  >  10**  cm'^)  san^les  are  asymetric,  with  a  broad 
low  energy  tail  and  a  rather  shaip  high  energy  cutoff.  In  particular,  the  PL  cutoff  of  san^>le  #G307,  dq)ed 
to  6x10*®  cm'^,  is  higher  than  the  GaN  band  gap.  Such  spectra  are  typical  of  direct  gap  n-type 
semiconductors  well  above  degeneracy.  Actually,  we  have  determined  the  donor  Mott  transition  to  occur  in 
GaN  for  n,;  =  10**  cm'^,  in  agreement  with  theory,  and  it  becomes  meaningless  to  talk  of  donor  states  above 
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this  value.  The  inset  of  figure  4  compares  the  energy  of  the  high  energy  cutoff  of  the  PL  spectra  (Eua, 
defined  chi  figure  4)  to  that  calculated  by  a  semi-empirical  formula  approximately  valid  for  highly  n-doped 
GaAs  [14],  Though  the  agreement  is  not  excellent,  the  overall  trends  are  well  accounted  for,  and  we  assign 
the  broad  PL  band  recorded  in  highly  n-doped  GaN  to  indirect  (in  k  space)  transitions  between  free 
electrons  up  to  the  Fermi  level  Ef  and  holes  in  acceptor-like  tail  states  of  average  energy  Ex  (hence  the 
labeling  as  eAx  of  the  PL  bands  in  figure  4). 


Mg-doped  MOVPE-grown  GaN 


p-type  deling  up  to  a  RT  hole 
concentration  of  several  lO”  cm'^ 
(corresponding  to  ~10^“  Mg  atoms  cm'^) 
using  bis-methylcyclopentadienyl 

magnesium  can  be  achieved  [15],  The 
evolution  of  the  low  temperature  PL  spectra 
with  increasing  Mg  doping  can  be  found  in 
[5,13],  For  weak  Mg  doping,  i.e.  n-type 
compensated  samples  or  p  ~  10^®  cm’^,  the 
spectra  become  dominated  by  ‘shallow’ 
donor-acceptor  pair  (DAP)  bands.  The 
analysis  of  the  evolution  of  the  DAP  peak 
energy  with  excitation  intensity  gives 
acceptor  depths  of  220  ±  5  meV  for  the 
residual  acceptor  (observable  without  Mg 
doping)  and  265  ±10  meV  for  a  deeper 
acceptor,  involved  in  a  PL  band  appearing 
with  Mg  doping,  and  that  we  assign  to  Mg 
acc^tors  [5,13],  However,  with  increasing 
doping,  the  PL  bands  broaden  and  deepen, 
being  dominated  by  a  ‘blue  band’  in  the  2.7- 
Energy  (eV)  2.9  eV  range,  depending  on  doping  and 

Figure  5:  Excitation  intensity  dependence  of  the  PL  excitation  intensity.  The  occurrence  of  this 

spectra  at  9  K  of  highly  Mg-doped  MOVPE-grown  GaN  (p  Mg  blue  band  is  very  often  reported  in  the 
IV  Kf^  cm'^  at  BOOK).  litterature  [13,  16,  17]  and  is  independent  of 

the  GaN  growth  technique. 

Figure  5  shows  a  typical  low  ten^erature  PL  (and  reflectivity)  spectrum  of  highly  Mg-doped  GaN,  and 
its  dependence  with  excitation  intensity  Lxc.  Besides  the  blue  band,  structures  at  3.22  and  3,27  eV  can  be 
seen  on  the  high  excitation  spectra.  They  correspond  to  DAP  bands  involving  shallow  acceptors  and 
donors  [13],  The  blue  band  shows  structures  separated  by  95  meV  in  the  average,  that  may  correspond  to 
LO  phonons.  Its  maximum  shifts  of  90  meV  for  two  decades  of  lexc  variation,  much  higher  than  what  is 
ejq)ected  for  classical  DAP  recombinations.  Actually,  a  possible  interpretation  of  the  spectra  shown  on 
figure  5  is  that  they  involve  two  overlapping  bands,  one  peaking  near  2,7  eV,  saturating  rapidly  with  lexc, 
and  a  second  one  peaking  near  2,9  eV,  observable  under  high  excitation.  Remembering  that  PL  involves 
minority  electrons,  and  noticing  that  the  ‘shallow’  DAP  bands  are  also  observable  under  high  excitation 
intensity  (figure  5)  suggests  that  the  occurrence  of  this  deep  Mg  blue  band  is  related  to  the  formation  of 
deep  electron  levels  rather  than  deep  hole  ones,  in  agreement  with  Smith  et  al.  [17],  This  hypothesis  agrees 
with  the  general  observation  that  the  Hall  depth  of  Mg  acceptors  is  roughly  independent  of  the  doping  level 
(though  Hall  and  optical  dq)tfas  desagree).  Also  to  be  remembered  is  that  large  DAP  shifts  can  be  recorded 
in  GaAs,  but  only  in  the  case  of  stremg  con:q)ensation  [18],  In  the  GaAs  case,  this  strong  shifts  are 
interpreted  by  band  structure  distorsions  by  inversely  charged  impurity  atoms  and  concentration 
fluctuations  [18],  On  another  hand,  the  reflectivity  spectrum  displayed  in  figure  5  shows  that  the 
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absorption  edge  of  our  sample  is  in  the  3.46-3.47  eV  range,  suggesting  that  band  tailing  is  not  strong.  As  a 
support  for  our  hypothesis,  we  mention  that  the  formation  of  deq)  donor  levels  induced  by  Mg  doping  has 
been  theoretically  predicted  [19].  Clearly,  a  definite  understanding  of  the  exact  nature  of  PL  in  highly  Mg 
dq)ed  GaN  needs  further  experiments. 


HVPE  and  GSMBE-grown  GaN. 

HVPE  grown  samples  are  much  thicker 
than  MOVPE  ones,  and  as  mentionned 
previously,  their  strain  state  is  different  from 
that  of  Ain  layers.  Well  defined  PL  and 
reflectivity  spectra  are  obtained  from  HVPE 
sanqjles  [5, 13].  A  residual  deling  in  Ae  lO’* 
cm‘^  range  is  measured,  Aough  well  resolved 
bound  and  free  excitcai  transitions  are 
recorded.  A  possible  e;q)lanation  of  Ais  fact 
can  be  Ae  presence  of  a  perturbed  n+ 
interfacial  layer,  deduced  from  Ae 
comparison  of  front  and  substrate  side  PL 
spectra  [13],  Aat  could  influence  Hall 
measurements.  To  get  a  better  insist  on  Ais 
layer,  caAodoluminescence  (CL)  have  been 
performed  on  Ae  cleaved  edge  of  a  100  ^im 
Aick  HVPE  sample. 

The  results  are  shown  in  figure  6, 
Asplaying  CL  spectra  at  120  K  recorded  as  a 
fimetion  of  depA  in  Ae  sample.  The  spectra 
correspond  to  points  s^arated  by  about  10 
Jim  from  each  oAer,  As  figure  6  shows,  Ae 
perturbed  regicxi,  Aat  we  identify  fi-om  a 
spectrum  broadened  towards  boA  high  and 
low  energies,  extends  up  to  about  50  jim 


Figure  6:  CL  spectra  at  120  K  of  the  cleaved  face  of  a 
nominally  undoped  HVPE-grown  GaN  sample  (100  pm 
thick)  as  a  function  of  depth.  The  CL  spectrum  of  a 
MOVPE-grown  sample  is  also  shown  for  comparison. 


fi-om  Ae  interface,  The  existence  of  a 

perturbed  interAcial  region  extaiding  a  few  tenAs  of  [im  has  already  been  reported  by  Siegle  et  al.  [20] 
from  Raman  stuAes,  and  ascribed  to  a  Asoriented  layer.  Finally,  figure  6  shows  also  for  comparison  Ae 
CL  spectrum  of  a  MOVPE-grown  sample,  emphazising  Ae  absence  of  Ae  'yellow  band'  in  HWE  grown 
GaN. 

GSMBE  allows  to  grow  at  temperatures  as  low  as  800  °C  GaN  wiA  good  optoelectronic  properties. 
The  results  are  reported  elsewhere  in  Ais  volume  [21]. 
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ABSTRACT 

We  present  a  detailed  photoluminescence  excitation  study  of  the  optical  transitions  in  GaN. 
This  technique  is  employed  to  distinguish  between  band-to-band  excitation  and  exciton 
contribution  to  the  formation  of  the  free  exciton,  bound  exciton,  violet  and  yellow 
photoluminescence  bands.  We  show  the  dominant  role  of  the  Frdhlich  polar  intraband  scattering 
in  the  formation  of  the  free  exciton  states.  We  demonstrate  that  bound  exciton  states  in  a  large 
extent  are  created  by  the  capture  of  the  free  excitons  by  shallow  impurities  as  well  as  by  phonon- 
assisted  resonant  excitation  of  the  bound  exciton  states.  The  capture  of  the  free  ceirriers  excited  in 
the  band  continuum  is  a  main  excitation  source  for  the  violet  and  yellow  bands.  However, 
distinct  A-  and  C-exciton  resonances  are  detected  in  the  excitation  spectra  of  the  violet  and 
yellow  emission  bands. 

INTRODUCTION 

By  the  moment  the  photoluminescence  of  wurzite-type  GaN  through  the  shallow  electronic 
states  (such  as  free  and  bound  excitons)  [1-4]  as  well  as  through  the  shallow  or  deep  donor- 
acceptor  pair  electronic  states  [1,5]  has  been  well  documented.  However,  there  is  a  lack  of 
knowledge  on  the  kinetic  properties  of  the  electronic  states  contributing  to  the  PL.  The  relative 
strength  of  the  optical  transitions  cannot  be  investigated  correctly  without  information  about 
mechanism  of  the  formation  of  these  states  under  optical  excitation.  One  of  the  principal  features 
of  the  optical  processes  in  the  polar  semiconductors  is  the  intensive  interaction  of  the  electronic 
excitations  with  LO  phonons.  This  effect  affects  both  the  excitation  and  recombination  processes 
but  cannot  be  seen  in  the  absorption.  In  our  experiments  the  photoluminescence  excitation  (PLE) 
technique  has  been  employed  to  identify  the  excitation  channels  of  the  free  exciton  (FEx),  bound 
exciton  (BEx),  violet  and  yellow  emission  bands.  Using  this  technique  we  distinguish  between 
the  contribution  to  the  excitation  process  via  electron-hole  pairs  and  indirect  phonon-assisted 
exciton  formation. 

EXPERIMENTAL  RESULTS  AND  DISCUSSION 

Hexagonal  GaN  films  are  prepared  by  hydride  and  organometallic  vapour  phase  epitaxy  on 
AI2O3  or  6H-SiC  with  the  c  axis  perpendicular  to  the  surface  plane.  Photoluminescence  is  excited 
by  normally  incident  3.8  eV  line  of  the  He-Cd  laser  and  detected  with  a  single  monochromator 
and  lock-in  technique.  The  PLE  technique  is  used  to  monitor  the  efficiency  of  the  optical 
excitation  for  the  different  optical  transitions.  The  light  from  a  1 000  W  Xe  arc  lamp  is  dispersed 
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by  a  single  monochromator  with  a  spectral  resolution  of  3  A  and  focused  on  the  sample  using 
quartz  lenses.  The  emission  is  spectrally  resolved  with  a  second  single  monochromator.  The 
intensity  of  the  emission  is  normalised  simultaneously  on  the  intensity  of  excitation  by  inserting 


3.30  3.35  3.40  3.45  3.50 


Energy  (eV) 

Figure  1.  Photoluminescence  spectrum  of  GaN  on  SiC  at  T=2K.  Egx=3.8eV. 

Grids  indicate  the  positions  of  LO-phonons  with  respect  to  the  bottom  of  FEx  band. 

the  beam  splitter  in  the  path  of  the  exciting  light.  A  pirodetector  with  a  spectrally  independent 
response  is  used  to  measure  the  flux  of  the  exciting  light. 

Fig.l  shows  the  PL  spectrum  in  the  region  of  the  exciton  emission  .  One  could  distinguish  the 
strong  emission  lines  related  to  the  FEx  (3.473  eV)  and  BEx  (3.468  eV)  transitions  as  well  as 
ILO-  and  2-LO  FEx  replicas.  Vertical  grids  indicate  the  bottom  of  the  exciton  band  and  the 
positions  of  the  LO  phonons  with  respect  to  this  point.  The  identification  of  the  nature  of  these 
lines  was  done  in  [4]  using  temperature  dependent  line  shape  and  activation  energy  analysis.  In 
the  low  energy  region  the  violet  and  yellow  bands  are  detected  as  well. 

Optically  active  electronic  excitations  could  be  created  through  the  absorption  in  the 
continuum  of  the  density  of  e-h  states  as  well  as  by  the  direct  or  indirect  phonon-assisted 
resonant  formation.  The  powerful  way  to  study  these  phenomena  is  a  PLE  technique.  By 
separating  the  optical  transition  of  interest  and  varying  the  energy  of  the  excitation  the 
resonances  related  to  the  direct  or  indirect  formation  of  electronic  state  could  be  monitored. 

Figure  2  shows  the  PLE  spectra  measured  at  the  detection  energies  corresponding  to  the 
spectral  position  of  the  FEx  and  FEx+lLO  emission  lines.  Measurements  are  done  at  70K  to 
avoid  spectral  overlapping  of  the  FEx  and  BEx  lines  seen  at  low  temperatures  (Fig.l).  For  the 
both  lines  up  to  6  resonances  with  apparent  periodicity  of  92  meV  (energy  of  LO  phonon  in 
GaN)  are  seen.  For  the  FEx- ILO  line  the  resonance  related  to  the  direct  FEx  formation  is 
detected  as  well.  The  amplitude  of  these  phonon-related  oscillations  increases  toward  the  lower 
energies  and  the  intensity  of  structureless  background  is  of  the  order  of  magnitude  lower.  This 
assures  that  the  indirect  free  exciton  formation  with  simultaneous  emission  of  several  LO 
phonons  or  followed  by  hot  exciton  cascade  [6]  rather  than  e-h  interband  transitions  with 
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subsequent  bounding  of  e  and  h  into  the  FEx  state  takes  place  in  GaN.  These  hot  excitons  relax 
quickly  toward  the  bottom  of  the  exciton  band  (luminescing  zero-phonon  FEx  state)  with 
emission  of  LO  or  acoustical  phonons.  If  the  initial  kinetic  energy  of  the  excitons  is  equal  to  the 
integer  number  of  LO  phonons  energy,  the  FEx's  thermalization  process  is  completed  within  10' 
'^-10''^  s.  Otherwise,  the  relaxation  with  the  emission  of  the  acoustical  phonon  has  to  be  taken 
into  consideration.  This  process  is  much  slower  and  the  time  of  relaxation  can  be  longer  than  the 
nonradiative  one.  Therefore,  if  the  thermal  equilibrium  is  not  established  the  significant 
enhancement  of  the  FEx  quantum  yield  has  to  be  seen  at  energies  exactly  equal  to  the  energy  of 
LO  phonon  with  respect  to  the  luminescing  (kpE=0)  FEx  state.  As  could  be  seen  from  Fig.2  this  is 
obviously  not  the  case. 


Figure  2.  Photoluminescence  excitation  spectra  of  GaN  on  SiC  at  T=70K. 
Dotted  line  -  detected  at  FEx+lLO-phonon  line,  solid  line  -  FEx  line. 


The  width  of  these  features  is  comparable  with  the  LO-phonon  energy  and  cannot  be  explained 
by  the  dispersion  of  the  LO-phonon  branch.  Furthermore,  the  PLE  spectrum  measured  at  the 
energy  of  FEx+1  LO-phonon  transition  exhibits  all  the  features  mentioned  above.  The  phonon- 
assisted  FEx  emission  has  no  forbidden  (by  k-  conservation  rule)  recombination  since  the  LO 
phonon  could  always  compensate  the  k  vector  of  FEx.  The  similarity  of  both  PLE  spectra 
implies  the  very  efficient  energy  relaxation  of  FEx's  via  emission  of  acoustical  phonons  and  the 
thermal  equilibrium  of  the  exciton  subsystem  with  the  lattice  [6]. 

The  bound  exciton  states  could  appear  from  the  subsequent  capture  of  the  free  e  -hox  FEx  on 
the  neutral  impurity  or  via  resonant  excitation  with  emission  of  the  host  lattice  or  local  phonons. 
Impurities  introduced  into  semiconductor  host  matrix  give  rise  to  the  local  vibration  modes.  For 
the  substitution  impurity  atoms  the  frequency  depends  on  their  masses  and  local  forces  [7].  All 
these  factors  have  to  be  considered  under  analysis  of  the  BEx  PL  excitation  spectra.  Fig. 3  shows 
the  PLE  spectra  of  free  (T=30K)  and  bound  exciton  (T=2K)  transitions  in  the  vicinity  of  the 
exciton  band.  Both  spectra  exhibit  C-exciton  peak  as  well  as  the  resonant  feature  related  to  the 
LO-phonon  assisted  free  exciton  formation.  That  proofs  that  the  bound  exciton  states  in  GaN  are 
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created  via  capture  of  the  free  excitons  by  the  neutral  donors  rather  than  by  subsequent 
capture  of  e  and  h.  In  addition,  the  strong  background  signal  with  ill- 


Figure  3.  Photoluminescence  excitation  spectra  of  the  free  and  bound  exciton  states. 


defined  reproducible  structure  in  the  intermediate  region  of  energies  is  seen.  Since  its  amplitude 
is  of  the  order  of  magnitude  larger  than  that  for  nonresonant  excitation  (far  above  the  exciton 
resonance),  we  believe  that  it  is  due  to  the  phonon-assisted  BEx  excitation.  The  structure  could 
appear  from  the  local  vibrational  modes  (the  energy  of  the  BEx  excited  states  has  to  be  much 
smaller). 


Energy,  eV 

Figure  4.  Photoluminescence  excitation  spectra  of  FEx,  violet  and  yellow  bands. 
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The  PLE  spectra  of  the  violet  and  yellow  bands  (detection  energies  3.02  and  2.3  eV 
respectively)  are  shown  on  Fig.4.  The  PLE  spectrum  of  the  violet  band,  in  general,  follows  the 
FEx  formation  efficiency  with  relatively  weak  intensity  of  the  resonance  features.  The  PLE 
behavior  of  the  yellow  one  exhibits  opposite  tendency:  maxima  in  the  PLE  spectrum  of  FEx 
transitions  coincide  with  minima  in  the  PLE  spectrum  of  the  yellow  one.  Furthermore,  the 
excitation  efficiency  of  the  yellow  band  remains  constant  at  energies  higher  than  the  energy  of 
the  first  exciton  resonance  (EpE+lLO-phonon).  Therefore,  the  electron  and  hole  excited  in  the 
band  continuum  are  essential  for  the  yellow  emission  band.  In  the  energy  regions  where  the  most 
efficient  FEx  formation  takes  place  and  ,  therefore,  there  is  a  lack  of  the  e-h  excitations  the  local 
minima  in  the  PLE  signal  are  seen. 

CONCLUSIONS 

We  show  that  the  formation  of  the  free  exciton  states  in  GaN  occurs  via  the  indirect  LO-phonon 
assisted  process.  We  demonstrate  that  bound  exciton  states  in  a  large  extent  are  created  by 
capture  of  free  excitons  on  shallow  impurities.  Violet  and  yellow  bands  are  excited  due  to  band- 
to-band  transitions. 


D. Kovalev  is  grateful  to  the  Alexander  von  Humboldt  Foundation  for  support. 
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ABSTRACT 

We  report  a  photoluminescence  (PL)  and  photoluminescence  excitation  (PLE) 
investigation  of  the  deep  iron  acceptor  in  hexagonal  GaN.  Codoped  samples  give  rise  to  a  new 
zero-phonon  line  (ZPL)  at  1.268  eV.  The  spectral  shape  of  its  phonon  side  band  is  very  similar  to 
that  of  the  Fe^^-spectrum.  A  lifetime  of  2.6  ms  was  measured  for  this  ZPL  which  indicates  a  spin- 
forbidden  transition.  In  contrast  to  isolated  Fe^"",  no  Zeeman-splitting  is  observed.  PLE  spectra  of 
the  Fe^"^  ('*Ti-^Ai)  zero-phonon  line  at  1.299  eV  in  semi-insulating  GaN  samples  reveal 
intracenter  excitation  processes  via  excited  states  of  the  Fe^"^  center.  Three  excited  Fe^""  crystal 
field  states  at  1.299  eV  ('^Ti),  2.01  eV  (‘’T2),  and  2.731  eV  ('‘E)  above  the  ®Ai  ground  state  were 
identified.  PLE  spectroscopy  for  the  1.268  eV  zero-phonon  line  reveals  resonances  at  2.3  eV  and 
2.65  eV.  The  1.268  eV  ZPL  is  tentatively  attributed  to  a  Fe-complex  with  a  nearby  donor. 

INTRODUCTION 

GaN  and  related  alloy  systems  are  very  promising  for  applications  as  widegap  LEDs  and 
injection  lasers^  as  well  as  for  high-temperature  electronics.  The  investigation  of  impurity, 
native-point  or  extended-defect  properties  is  essential  to  optimize  the  device  quality.  However, 
only  few  studies  of  transition  metals  (TMs)  exist.  A  luminescence  band  with  a  ZPL  at  1 .299  eV 
was  unambiguously  assigned  to  the  Fe^^  (‘*Ti-®Ai)  transition.^’^  Recently,  detailed  PLE  data  of 
isolated  Fe^^  in  GaN  was  presented  and  new  excited  states  of  the  d^  configuration  were 
identified."*’^  Additionally,  a  new  zero-phonon  line  (ZPL)  at  1.268  eV  was  observed  and 
tentatively  attributed  to  Fe-related  defects.  The  aim  of  this  paper  is  to  compare  the  properties  of 
the  isolated  Fe^^  center  and  iron-related  defect  centers  in  GaN  by  means  of  PL  and  PLE 
spectroscopy.  Special  emphasis  is  put  on  PL  studies  in  magnetic  fields  up  to  1 5  T  for  identifing 
the  electronic  structure. 

EXPERIMENTAL  RESULTS 

We  investigated  a  series  of  hexagonal  GaN  samples  epitaxially  grown  on  (0001)  sapphire. 
Results  presented  in  this  paper  are  obtained  from  a  400  pm  thick  n-type  sample  (crystal  1)  and  a 
38  pm  thick  semi-insulating  sample  doped  with  Fe  (crystal  2).  Luminescence  was  excited  by 
various  lines  of  an  Ar^-,  Kr-  or  a  HeCd-laser.  The  Zeeman  PL  experiments  are  carried  out  using  a 
superconducting  15  T  magnet  built  in  split-coil  configuration.  Depending  on  the  spectral  region 
the  excitation  source  in  PLE  measurements  was  either  a  xenon  lamp  or  a  tungsten-halogen  lamp, 
spectrally  dispersed  by  a  0.35  double-grating  monochromator.  The  luminescence  was  detected  by 
a  cooled  Ge  photodiode.  We  employed  a  double-prism  monochromator  to  control  the  detection 
window  in  the  PLE  experiments.  High-resolution  PLE  experiments  were  performed  using  a  dye 
laser  as  tunable  excitation  source. 
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Figure  1:  (left)  Low-temperature  PL  of  the  Fe^*  fTi-A,)  center.  Shown  are  the  n-type  crystal  1 
(a)  and  the  serniinsulating  sample  2  (b,c).  Spectra  (a)  and  (b)  were  recorded  using  the  green 
AF -laser  line  at  2.412  eV for  excitation.  New  ZPLs  at  1.268  eV  and  1.286  eV  are  observed  in 
the  serniinsulating  sample  and  tentatively  attributed  Fe-related  defect  complexes.  These  lines 
and  the  corresponding  phonon  replica  are  labeled  by  *  and  **,  respectively,  (right):  Decay  of 
the  1.299  eV  ZPL  and  of  the  1.268  eV  ZPL. 

PL  Results 


Figure  1  represents  typical  PL  spectra  of  the  Fe^^  (‘*Ti-^Ai)  luminescence  for  different 
excitation  energies.  Exciting  the  sample  at  2.412  eV  new  ZPLs  at  1.268  eV  and  1.286  eV  are 
observed  (indicated  by  *  and  **),  superimposed  to  the  luminescence  of  isolated  Fe^^  with  its  ZPL 
at  1.299  eV.  The  full  width  at  half  maximum  (FWHM)  of  the  1.268  eV  ZPL  is  3  meV  whereas 
for  the  1.299  eV  line  the  FWHM  is  only  1  meV.  A  lifetime  of  7.8±0.5  ms  and  2.6±0.5  ms  is 
detected  for  the  1.299  eV  and  1.268  eV  ZPL,  respectively.  These  lifetimes  in  the  ms  range  are 
typical  for  spin-forbidden  transitions.  Temperature  dependent  PL  experiments  reveal  the 
detection  of  additional  ZPLs  on  the  high-energy  side  of  the  respective  ZPL  due  to  the  thermal 
population  of  higher  excited  fine-structure  states.  For  the  '‘Ti  state  of  isolated  Fe^^  these  three 
states  are  1.8,  2.6  and  3.8  meV  above  the  lowest  component  at  1.2988  eV.  For  the  1.2687  eV 
ZPL  these  states  are  2.0  and  3.5  meV  above  the  lowest  component. 

In  order  to  obtain  insight  into  the  spectral  shape  of  both  superimposed  luminescence  bands  we 
have  to  separate  the  PL  of  the  new  ZPLs  from  the  PL  of  isolated  Fe^^  Therefore  we  normalize 
the  intensity  of  the  1.299  eV  ZPL  of  isolated  Fe^^  in  the  spectra  c  and  b  of  figure  1  and  subtract 
both  normalized  spectra.  The  result  is  shown  in  curve  a  of  figure  2.  The  vibronic  structure  of  the 
1.268  eV  ZPL  (spectrum  a)  looks  quite  similar  to  that  of  Fe^^  luminescence  band  (spectrum  b) 
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ZPL.  However,  the  relative  intensity  and  the  energy  difference  of  the  vibronic  peaks  to  each  ZPL 
vary  slightly.  Thus,  different  local  vibrational  modes  are  involved  for  both  defects,^ 


I - ^ _ I _ . _ I _ , _ I _ . _ \ _ -a _ 1 _ , _ I 

1.05  LIO  L15  1.20  1.25  1.30  L35 


Energy  (eV) 


Figure  2:  PL-spectrum  of  the 
1.268  eV  luminescence  (a)  in 
comparison  to  the  Fe^^  lumines¬ 
cence  (b)  of  the  semiinsulating 
GaN  sample  2.  The  energy 
differences  of  the  vibronic  peaks  to 
the  respective  ZPL  are  given  in 
meV. 


Energy  (eV) 


Figure  3:  Zeeman  spectra  of  the 
ZPL-region  in  the  configuation 
Hllc  and Hlc  for  T  =  1.8  K.  For 
Hllc  the  crystal  is  excited  at 
2.57  eV,  whereas  for  H±c  the 
crystal  is  excited  at  2.41  eV.  No 
Zeeman-splitting  is  observed  for 
the  1.268  eV  ZPL.  With 
increasing  magnetic  field,  a  new 
ZPL  at  1.296  eV  is  observed  for 
both  configurations.  The  relative 
intensity  change  between  the 
1.299  eVZPL  and  the  1.268  eV 
ZPL  in  both  Zeeman 
configurations  is  due  to  the 
different  excitation  behavior  of 
the  ZPLs. 


In  order  to  get  insight  in  the  electronic  structure  of  the  defect,  we  performed  Zeeman 
spectroscopy  of  the  ZPL  region.  For  Hllc,  the  three  components^  of  the  Fe^"^  ZPL  are  well 
resolved  above  B=1 1  T.  In  contrast  to  the  Fe^"^  behavior,  no  Zeeman-splitting  is  observed  for  the 
1.268  eV  ZPL.  Only  a  slight  shift  to  lower  energies  of  61+5  |ieV/T  is  observed  in  this 
configuration.  For  Hlc  the  sixfold  splitting^  of  the  Fe^"^  ZPL  is  not  resolved,  but  a  broadening 
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with  increasing  magnetic  field  is  observed.  The  1.268  eV  ZPL  does  not  show  any  shift  or 
broadening  in  this  configuration.  This  indicates  that  the  electronic  structure  of  the  Fe-related 
defect  is  strongly  modified  by  the  nearby  impurity  atom.  The  relative  intensity  change  between 
the  1.299  eV  ZPL  and  the  1.268  eV  ZPL  in  both  Zeeman  configurations  is  due  to  the  different 
excitation  behavior  of  the  ZPLs. 

Additionally,  a  new  ZPL  at  1.296  eV  is  observed  with  increasing  magnetic  field  for  both 
Zeeman  configurations.  The  excitation  behavior  of  this  line  is  similar  to  that  of  isolated  Fe^^.  This 
line  is  also  specific  for  the  Fe-doped  crystal  2  and  was  not  observed  for  GaN  epilayers  grown  on 
SiC.^  This  might  indicate  that  the  Fe-doping  is  responsible  for  this  line.  If  we  explain  this  line  by 
ferromagnetic  coupling  between  two  nearby  iron  atoms^,  we  should  expect  a  fast  decay  within 
the  ground  state,  because  the  spin-selection  rule  is  lifted.  More  investigations  have  to  be  done  to 
clarify  the  origin  of  this  new  ZPL. 


PLE  Results 

The  presence  of  PL  from  Fe  complexes  renders  the  spectral  position  and  the  width  of  the 
detection  window  critical  for  the  reliability  of  the  PLE  experiments.  Spectrum  (a)  in  Figure  4 
presents  the  PLE  of  isolated  Fe^^  detecting  only  luminescence  in  a  10  meV  window  around  1 .299 
eV.  The  excitation  behavior  of  the  Fe^^  luminescence  depends  critically  on  the  stable  charge  state 
of  iron.  The  spectra  of  semi-insulating  samples  show  structured  absorption  bands  not  observed 
for  the  n-type  samples  (c). 


1.8  2.0  2.2  2.4  2.6  2.8  3.0 

Excitation  Energy  (eV) 


Figure  4:  Low-temperature  PLE 
spectra  of  the  Fe^*  fT}-Ai) 
luminescence  for  the  two 
samples.  Crystal  1  is  n-type 
containing  Fe^*  (spectrum  c). 
Crystal  2  contains  practically 
only  Fe^*  (spectra  a  and  b). 
Luminescence  in  a  10  meV 
window  around  the  ZPL  at  1.299 
eV  was  detected  for  spectra  a 
and  c,  whereas  the  detection 
energy  is  1.268  eV  for  the 
spectrum  b. 


For  the  semi-insulating  sample,  fine  structure  is  resolved  around  2.0  eV  and  2.8  eV  and  a  broad 
excitation  band  appears  in  the  uv  spectral  region  (Fig.  4  (a)).  The  occurrence  of  sharp  ZPLs  in 
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the  PLE  spectrum  of  the  Fe^"^  luminescence  together  with  the  Fe^^  EPR  signal  in  the  crystal 
directly  demonstrates  the  presence  of  the  neutral  3+  charge  state  in  the  unexcited  samples. 

Using  a  dye  laser  as  tunable  excitation  source  at  least  four  ZPLs  (at  2.0091  eV,  2.0152 
eV,  2.0170  eV,  and  2.0188  eV)  are  resolved  with  FWEDVl  down  to  1.2  meV.  Transitions  into 
higher  excited  quartet  states  are  known  to  lead  to  structured  bands  in  PLE  spectra  of  the  '’Ti-^Ai 
luminescence.  This  was  experimentally  verified  for  Mn^^  in  ZnS.®  Thus,  we  attribute  the  2.01  eV 
absorption  band  to  the  transition  of  Fe^^  The  structure  at  2.8  eV  starts  with  a  single  ZPL 

at  2.731  eV.  The  energy  separation  between  this  ZPL  and  the  first  step  amounts  to  157  meV  and, 
thus,  corresponds  neither  to  the  step  period  of  75  meV  nor  to  typical  phonon  modes  of  hexagonal 
GaN.  Therefore,  we  treat  the  2.73 1  eV  absorption  as  a  separate  feature  and  tentatively  attribute 
it  to  an  intracenter  transition  involving  the  next  excited  quartet  state,  the  ^Ai-^’E  transition.  From 
our  results  we  conclude  that  the  ciystal  field  splitting  of  the  “^G  multiplet  of  Fe^"^  in  GaN  is 
approximately  three  times  larger  than  that  of  Mn^^  in  II- VI  compounds.  This  strong  crystal  field 
may  be  the  result  of  the  comparatively  small  lattice  constant  of  GaN,  of  the  3+  charge  state  of 
iron,  and  of  the  high  electronegativity  of  nitrogen. 

The  spectral  appearance  of  the  step-like  PLE  structure  showing  at  least  four  replica  with 
increasing  intensity  is  unusual  for  an  intracenter  transition  of  a  TM.  However,  it  is  rather  typical 
for  deeply  bound  excitons  or  deeply  bound  electron-hole  pairs.^’^”  The  steps  are  located  on  the 
low-energy  onset  of  the  broad  UV  excitation  band,  which  we  assign  to  the  Fe^^^^^  charge-transfer 
transition.  We  therefore  attribute  this  structure  to  the  formation  of  a  shallow  bound  state  at  the 
Fe  center.  The  exact  location  of  the  Fe^^^^^  acceptor  level  in  GaN  is  not  clear  yet.  The  observation 
of  the  Fe^^^^  charge-transfer  band  in  PLE  should  provide  this  information.  However,  the 
superposition  of  shallow  bound  states  of  TMs  to  the  low-energy  slope  of  a  charge-transfer  band 
makes  a  fit  of  the  ionization  band  difficult  in  order  to  determine  the  onset  energy.  But  it  seems 
reasonable  to  identify  the  energy  (3. 17+0.10  eV)  at  which  the  step-like  structure  vanishes  and  the 
broad  structureless  charge-transfer  band  begins  to  dominate  with  the  energy  position  of  the 
Fe^^^^^  acceptor  level.  This  assignment  yields  a  binding  energy  of  (280+100)  meV  for  the  shallow 
bound  state  of  the  isolated  Fe  center  in  GaN.  This  complex  is  also  an  excited  state  of  Fe^^  and 
relaxes  nonradiatively  to  the  '*Ti  state.  Due  to  the  position  of  the  deep  Fe^^^""  acceptor  level  close 
to  the  conduction  band,  hybridization  of  the  core  states  ofFe  is  more  important  than  in  the  other 
III-V  compounds.  Together  with  the  high  binding  energy,  these  effects  add  up  to  a  strong 
exchange  interaction  between  the  core  hole  and  the  bound  hole.  Therefore,  a  deeply  bound 
electron-hole  complex  (Fe^^,e,h)  is  the  appropriate  description  of  this  state.  A  very  similar 
situation  was  demonstrated  for  shallow  bound  states  of  Ni  comparing  cubic  ZnS  and  hexagonal 
CdS.^  Recent  calculations*®  show  that  the  hybridization  of  the  TM  ground  state  with  band-states 
is  favored  in  hexagonal  host  crystals.  Indeed,  all  known  shallow  states  of  TMs  in  wurtzite  crystals 
have  the  character  of  a  (TM,e,h)  complex. 

Compared  to  the  Fe^^  PLE  in  n-type  and  semiinsulating  samples,  two  additional  features 
peaking  at  2.3  eV  and  2.65  eV  are  observed  in  the  PLE  spectrum  of  the  1.268  eV  ZPL. 
(spectrum  b).  The  2.65  eV  resonance  is  rather  broad  in  comparison  with  the  2.73  eV  PLE 
resonance  of  Fe^^.  This  broadening  can  be  caused  by  the  larger  energy  separation  within  the  '‘E 
state  of  the  Fe^"^  complex  due  two  the  larger  crystal  field.  A  similar  observation  was  made  for 
Mn^^  centers  in  cubic  ZnS.**  Here,  additional  axial  crystal  fields  due  to  polytype  effects  or  nearby 
impurity  atoms  cause  a  larger  energy  separation  within  the  “^E-state  of  the  d^  configuration  of 
Mn^^.  The  other  additional  feature  is  a  broad  PLE  structure  peaking  at  2.3  eV.  The  peak  energy 
of  2.3  eV  agrees  well  with  the  expected  Fe**^^^  low  energy  threshold  of  2.36  eV  within  the  ''T2 
state  of  isolated  Fe^^.^  This  indicates  that  the  other  atom  within  the  Fe  complex  might  by  a  nearby 
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donor,  resulting  in  a  (Fe^^,  D^)  complex  in  the  unexcited  crystal.  The  1.268  eV  PL  of  the  Fe- 
complex  is  excited  via  a  charge-transfer  process  of  the  Fe^"^ 

(Fe^^  D^)  +  hv  (2.3  eV)  ->  (Fe^^*,  D^)  +  Ccb 

followed  by  the  radiative  relaxation  of  the  excited  (Fe^^*,  D^)  center  causing  the  1.268  eV 
luminescence  and  the  (very  slow)  capture  of  the  electron. 

CONCLUSION 

The  similar  spectral  shape  of  the  vibronic  sideband  and  the  energy  position  together  with 
the  decay  time  indicate  the  close  correlation  between  the  isolated  Fe^^  ('’Ti-^Ai)  transition  at 

1.299  eV  and  the  1.268  eV  defect.  Additionally,  the  PLE  results  can  be  explained  in  the  Fe  term- 

scheme.  On  the  basis  of  these  observations,  the  1.268  eV  is  tentatively  attributed  to  radiative 
recombination  within  a  (Fe^^  ,D^)  defect.  However,  the  Zeeman-behavior  of  the  1.268  eV  ZPL 
do  not  show  the  clear  fingerprint  of  the  d^-configuration.  This  indicates,  that  the  electronic 
structure  of  the  1.268  eV  transition  is  strongly  modified  by  the  nearby  impurity  atom. 
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ABSTRACT 

We  report  several  new  aspects  of  the  excitonic  properties  of  heteroepitaxial  GaN  grown  on 
sapphire  or  6H-SiC.  In  p^cular,  we  observed  the  «  =  2  free  exciton  associated  with  both  A  and 
B  excitons  (which  are  distinct  from  the  n  -  1  C  exciton)  using  reflectance  and  1.7  K  photolumines¬ 
cence.  We  also  studied  the  behavior  of  the  n  =  2  A-exciton  using  magnetoluminescence  in  fields 
up  to  12  T.  Die  large  diamagnetic  shift  and  splitting  positively  confirm  the  identification,  yielding 
an  exciton  binding  energy  of  about  26.4  meV.  Several  previous  identifications  of  the  n  =  2  free 
exciton  yielding  a  smaller  exciton  binding  energy  are  probably  in  error,  based  on  our  results.  We 
have  also  detected  the  two-electron  replica  of  the  neutral  donor-bound  exciton  for  the  first  time  in 
GaN  and  observed  its  splitting  pattern  in  magnetic  fields  up  to  12  T.  This  feature  is  22  meV  below 
the  principal  neutral  donor-bound  exciton  peak,  independently  of  strain  shifts  in  the  overall 
spectmm.  It  yields  a  precise  donor  binding  energy  of  29  meV  for  the  shallow  residual  donor  in 
matOTal  grown  by  metalorganic  chemical  vapor  deposition  and  gas-source  molecular  beam  epitaxy, 
considerably  smaller  than  Aat  of  the  residual  donor  reported  earlier  in  hydride  vapor  phase  epitaxial 
material  (about  35.5  meV). 

INTRODUCTION 

Gallium  nitride  and  related  materials  are  of  intense  current  interest  for  short  wavelength 
optoelectronic  applications  as  well  as  for  high  power,  high  temperature  electronic  devices.  Many 
fundamental  materials  parameters  have  yet  to  be  accurately  determined  in  this  system,  however, 
and  the  properties  of  shallow  impurities  and  excitonic  states  in  GaN  are  only  beginning  to  be 
understood.  We  have  therefore  undertaken  a  fundamental  study  of  the  excitonic  luminescence  and 
reflectance  properties  to  deduce  some  of  these  parameters.  In  particular,  we  employ  high  field 
magnetospectroscopy  to  provide  positive  identification  of  spectral  features  involving  free  and 
bound  exciton  states  and  thereby  permit  determination  of  the  shallow  donor  and  free  exciton 
binding  energies. 

EXPERIMENTAL  TECHNIQUES 

The  samples  in  this  study  were  grown  in  several  different  laboratories  using  metalorganic 
chemical  vapor  deposition  (MOCVD)  on  (0001)  sapphire  or  6H-SiC  substrates,  or  using 
metalorganic  molecular  beam  epitaxy  (MOMBE)  with  trimethylgallium  and  NH3  sources  on  (0001) 
sapphire.  Conventional  low  temperature  AIN  buffer  layers  were  employed.  Layer  thicknesses 
ranged  firom  3  to  7  pm  and  none  of  the  samples  were  intentionally  doped.  Low  temperature 
photoluminescence  (PL)  and  reflectance  measurements  were  performed  with  the  samples 
suspended  strain-free  in  flowing  He  vapor  or  superfluid  He.  Magnetospectroscopy  was  performed 
in  Faraday  configuration  with  B  parallel  to  the  c-axis  of  the  layers  in  magnetic  fields  up  to  12  T, 
using  a  system  described  elsewhere.^  The  polarization  of  the  PL  emission  was  not  analyzed.  The 
pump  source  was  either  an  Ar+  laser  operating  at  351  nm  or  a  He-Cd  laser  operating  at  325  nm. 
Simple  reflectance  measurements  were  performed  using  a  tungsten-halogen  or  Xe  arc  lamp  and  a 
Si  photodiode  or  photomultiplier  tube  as  a  detector. 
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RESULTS  AND  DISCUSSION 

Strain  Effects  and  Identification  of  Intrinsic  and  Extrinsic  Features 

A  series  of  1.7  K  PL  spectra  are  shown  in  Fig.  1  for  four  representative  samples  grown  on 
sapphire  and  6H-SiC  substrates.  This  figure  illustrates  the  profound  effects  of  strain  on  the 
spectrum  of  heteroepitaxial  GaN,  due  to  the  large  lattice  and  thermal  mismatch  between  GaN  and 
the  commonly  employed  substrate  materials.^'^^  The  neutral  donor-bound  exciton  (D°,X)  peak 
shifts  from  3.459  eV  in  the  lower  spectrum  to  3.4852  eV  in  the  upper  one,  as  a  consequence  of  the 
varying  strains  in  these  layers.  Most  of  the  large  lattice  mismatch  is  expected  to  relax  at  the  growth 
temperature,  but  differences  in  thermal  expansion  coefficients  result  in  substantial  residual  strains 
at  low  temperature.  Room  temperature  measurements  using  surface  profilometry  similar  to  those 
reported  by  Kozawa  et  al.”^  show  that  at  300  K,  the  lower  sample  is  bowed  concave  upward, 
whereas  the  upper  three  samples  show  increasing  amounts  of  convex  bowing.  These  observations 
imply  that  the  latter  three  samples  are  under  biaxial  compression  at  300  K  in  contrast  to  the  lower 
sample,  which  is  in  biaxial  tension  at  300  K.  The  tensile  strain  in  the  lower  sample  is  confirmed 
by  its  tendency  to  show  cracking  in  the  epilayer  after  repeated  thermal  cycling,  whereas  none  of  the 
other  samples  did.  The  results  suggest  that  the  one  layer  on  SiC  is  actually  m  biaxial  compression, 
which  is  the  opposite  that  would  be  expected  from  the  differences  in  thermal  expansion 
coefficients.i®’“’^^  Such  behavior  could  be  due  to  residual  lattice  mismatch  compressive  stress, 
and  further  work  is  in  progress  to  confirm  this  conclusion. 

Given  the  enormous  variations  in  strain  that  exist  in  GaN,  even  for  samples  grown  on  the 
same  type  of  substrate,  excitonic  peak  positions  alone  are  clearly  of  no  use  for  peak  identification. 
It  is  first  necessary  to  establish  the  positions  of  the  free  exciton  peaks  in  each  sample  using  a 
method  that  is  sensitive  to  intrinsic  rather  than  extrinsic  transitions.  We  have  employed  simple 
reflectance  for  this  purpose,  as  it  yields  well  resolved  stmetures  corresponding  to  each  of  the  three 
ground  state  free  exciton  states  in  this  wurtzite  material  (conventionally  denoted  A,  B,  and  C).  A 
first  example  is  shown  for  the  sample  under  tensile  strain  in  Fig.  2,  where  we  compare  the  PL 
spectrum  to  reflectance.  Aside  from  the  low  energy  Fabry-Perot  interference  fringes,  two 
prominent  structures  appear  in  reflectance  corresponding  to  a  superposition  of  the  A  and  B  excitons 
and  to  the  C  exciton,  respectively.  These  two  structures  match  the  energies  of  corresponding  PL 
peaks  perfectly,  confirming  the  intrinsic  nature  of  the  latter.  A  weaker  reflectance  feature 
corresponds  to  the  n  =  2  excited  state  of  the  A/B  free  excitons,  which  will  be  discussed  more  in 


Fig.  1.  1.7  K  PL  spectra  of  four  GaN  layers  grown  on  sapphire  (upper  two)  and  6H-SiC  (lower 
two)  substrates. 
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Fig.  2.  A  comparison  of  PL  and  reflectance  spectra  for  the  sample  of  Fig.  1  that  is  under  biaxial 
tensile  strain. 

connection  with  another  sample  below.  The  free  exciton  peaks  exhibit  characteristically  stronger 
coupling  to  LO  phonons  than  the  bound  excitons.  Temperature-dependent  measurements  (not 
shown)  also  verify  the  free/bound  exciton  assignments  by  the  thermal  quenching  of  the  latter  in 
favor  of  the  former.  Further,  measurements  as  a  function  of  excitation  intensity  show  saturation  of 
the  bound  excitons  with  respect  to  free  excitons  at  high  pumping  levels,  as  expected. 

The  (D°,X)  peak  is  identified  in  Fig.  2  from  its  known  localization  energy  (6  meV).^"^  We 
also  observe  a  weaker  peak  about  22  meV  below  it  in  energy,  which  we  assign  as  a  two-electron 
replica  of  the  (D°,X)  peak  in  which  the  donor  is  left  in  its  «  =  2  excited  state  after  recombination  of 
the  exciton.  TOs  assignment  impUes  a  1j-2j  splitting  of  22  meV,  for  a  donor  binding  energy  of  29 
meV  if  we  assume  a  simple  hydrogenic  model  for  the  donor.  This  assignment  is  strongly 
supported  by  our  magnetospectroscopy  results  discussed  below. 

In  Fig.  3  we  display  PL  and  reflectance  for  the  sample  under  the  greatest  biaxial 
compression,  which  also  exhibits  the  sharpest  bound  exciton  peaks.  Reflectance  structures 
corresponding  to  the  A,  B,  and  C  n  =  1  free  excitons  are  observed,  as  well  as  weak  structures  we 
assign  to  the  «  =  2  states  of  the  A  and  B  free  excitons.  Correspon^ng  PL  peaks  are  observed  for 
each  of  these  peaks  (except  the  C  exciton).  A  detailed  theoretical  analysis  of  the  free  exciton 
splitting  as  a  function  of  strain  is  in  progress  and  will  be  reported  elsewhere.  The  excited-state 
exciton  peaks  are  particularly  valuable  as  they  allow  us  to  deduce  the  free  exciton  binding  energy. 
Again  assuming  a  simple  hydrogenic  model  (neglecting  exchange  and  crystal  field  splitting)  we 
obtain  a  free  exciton  binding  energy  of  about  26.4  meV  for  the  A  and  B  excitons  (which  are  the 
same  within  experimental  error). 

Considerable  controversy  has  existed  in  the  literature  about  the  free  exciton  binding  ener^ 
in  GaN.  Chichibu  et  al.^^  found  25.3  meV,  Volm  et  al.^^  reported  26.7  meV,  and  Merz  et  al.^* 
reported  26.1  meV,  all  in  reasonable  agreement  with  our  value.  On  the  other  hand,  Smith  et  al. 
claimed  to  observe  free  exciton-dominated  PL  spectra  with  an  excited  exciton  state  yielding  a 
binding  energy  of  20  meV^®  or  18.3  meV.^^  However,  these  authors  did  not  consider  the 
possibility  of  strain  shifts  in  their  spectra,  which  we  have  shown  can  be  very  important. 
Moreover,  the  data  in  Ref.  show  the  “B  free  exciton”  peak  becoming  stronger  than  the  “A  free 
exciton”  peak  at  high  temperature,  which  is  impossible  as  the  oscillator  strengdi  is  larger  for  the  A 
transition.^*  A  similar  value  of  20  meV  was  quoted  by  Reynolds  et  al.,^^  but  their  reflectance 
spectrum  although  distorted  actually  supports  assignment  of  their  “A  free  exciton”  peak  as  the 
(D°,X)  peak.  It  appears  that  the  workers  obtaining  values  around  20  meV  misassigned  the  peaks 
in  their  spectra  and  those  samples  were  actually  dominated  by  bound  excitons,  not  free  excitons. 
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Most  importantly,  our 
identifications  of  the  excited 
states  are  positively 
confirmed  by 

magnetospectroscopy  as 
discussed  below. 

Below  the  principal 
(D°,X)  peak  in  Fig.  3,  we 
again  observe  a  two-electron 
replica  with  a  small  doublet 
splitting  (probably  related  to 
crystal  field  splitting  of  the  n 
=  2  state).  The  strongest 
component  lies  21.6  meV 
below  the  main  (D°,X)  peak, 
again  implying  a  donor 
binding  energy  around  29 
meV.  We  have  seen  the 
same  value  consistently 
(within  experimental  error)  in 
all  samples  studied  to  date 
that  exhibit  a  clear  two 
Fig.  3.  As  Fig.  2,  but  for  the  sample  of  Fig.  1  under  the  electron  satellite.  This  value 
greatest  biaxial  compression.  is  in  agreement  with  a  recent 

infrared  determination  of  the 

binding  energy  of  Si  donors  (29.0  meV),^*^  but  is  much  lower  than  the  35.5  meV  value  found  by 
infrared  spectroscopy  on  residual  donors  in  material  grown  by  hydride  vapor  phase  epitaxy 
(VPE).^^  It  appears  that  the  residual  donor  in  MOCVD  and  MOMBE  material  is  different  from  that 
in  hydride  VPE  material. 

A  second  weak  peak  appears  above  the  two-electron  replica  of  the  (D°,X)  peak  in  Fig.  3. 
It  has  the  same  energy  separation  from  the  A  free  exciton  peak  as  the  (D°,X)^2  P^^k  has  from  the 
(D°,X)„^i  peak,  and  it  exhibits  an  analogous  magnetic  field  splitting  behavior  (see  below).  We 
therefore  assign  it  as  inelastic  scattering  of  A  free  excitons  from  neutrd  donors,  exciting  the  donors 
from  their  ground  states  to  their  first  excited  states.  A  weak  peak  tentatively  denoted  (A®,X)  in 
Fig.  3  lies  5.6  meV  below  (D°,X);  the  identification  is  based  on  its  LO  phonon  coupling  strength. 
Further  magnetic  field  experiments  are  needed  to  confirm  this  identification. 


PL  spectra  for  the  same  sample  are  shown  in  Fig.  4  as  a  function  of  magnetic  field  up  to  12 
T.  The  principal  (D“,X)  and  A  and  B  n  =  1  free  exciton  peaks  broaden  slightly  at  high  field  due  to 
unresolved  spin  splittings  but  show  no  gross  splitting,  as  would  be  expect^  and  has  been  reported 
previously  in  the  (D°,X)  case.^^  The  peak  identified  as  the  n  =  2  A  free  exciton  exhibits  much 
more  pronounced  behavior,  including  a  strong  diamagnetic  shift  and  a  clear  orbital  splitting.  The 
diamagnetic  shift  is  characteristic  of  a  highly  extended  wave  function,  and  the  splitting  is  assigned 
as  Zeeman  splitting  of  the  «  =  2  state  in  the  magnetic  field.  The  lower  energy  shoulders  on  this 
peak  may  involve  n  =  2  excitons  bound  to  impurities  but  require  further  study.  The  two  electron 
satellites  and  the  analogous  scattering  replica  of  the  A  free  exciton  display  large  shifts  and  splittings 
also,  which  can  only  be  characteristic  of  orbital  (Zeeman)  splittings.  The  separations  between  the 
observed  two  electron  peak  positions  and  the  principal  (D°,X)^i  peak  are  plotted  as  a  function  of 
field  in  Fig.  5.  The  symbols  represent  the  experimental  data  points  and  the  lines  represent  a  very 
simple  hydrogenic  model  for  the  data,  based  on  the  calculations  of  Makado  and  McGill  for  a  H 
atom  in  a  magnetic  field.^  This  theory  neglects  the  axial  splitting  of  the  donor  excited  states  due  to 
the  anisotropy  of  the  wurtzite  crystal  in  electron  effective  mass  and/or  dielectric  constant.^  Also,  a 
fixed  electron  effective  mass  of  0.20  nto  and  a  dielectric  constant  of  9.5  were  assumed,  without 
any  attempt  to  fit  the  data.  Nonetheless,  the  theory  gives  a  good  qualitative  explanation  of  the 
splittings,  particularly  in  view  of  the  limited  resolution  in  the  experimental  data.  A  more  detailed 
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Fig.  4.  Magnetic  field-dependent  PL  spectra  for 
the  sample  of  Fig.  3  in  Faraday  configuration. 


analysis  incorporating  the  effects  of 
anisotropy  is  in  progress,  which  is 
necessaty  to  explain  the  zero-field  splitting 
in  particular,  but  the  validity  of  our 
identification  is  well  established  by  the 
present  results. 

A  quantitative  analysis  of  the  n  =  2 
free  exciton  splitting  also  requires  the 
inclusion  of  anisotropy,  but  the  large 
diamagnetic  shift  observed  for  the  average 
of  the  two  resolved  components  (1.5  x 
10“^  eVyr^)  clearly  implies  an  excited 
state.  (In  the  low  field  limit,  the  various 
components  of  the  n  =  2  free  exciton  shift 
at  7,  3,  or  6  X  7^,  where  y  is  the 
dimensionless  magnetic  field  strength, 
compared  to  a  shift  of  7^/2  for  the  U 
ground  state.^"*)  The  experimental 
resolution  (limited  by  inhomogeneous 
strain  and  Stark  effect  broadening)  is 
insufficient  for  a  highly  detailed  analysis, 
but  the  qualitatively  correct  nature  of  the 
identification  is  clearly  established. 

SUMMARY 

In  conclusion,  we  have  employed 
reflectance  and  magnetospectroscopy  to 
study  the  excitonic  properties  of  GaN 
epilayers  grown  on  sapphire  and  6H-SiC 
substrates.  We  positively  identify  the  n  = 


Fig.  5.  Separations  of  the  «  =  1  and  n  =  2  final  state  (D°,X) 
peaks  in  the  spectra  of  Fig.  4  as  a  function  of  magnetic  field 
(symbols).  Lines  are  a  rou^  theoretical  calculation  (see  text). 
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2  state  of  the  free  excitons  on  the  basis  of  its  diamagnetic  shift  rate  and  orbital  splitting,  obtaining 
the  free  exciton  binding  energy  as  26.4  meV.  We  also  report  the  first  identification  of  two-electron 
transitions  in  GaN,  which  yield  the  residual  donor  binding  energy  in  MOCVD  and  MOMBE 
material  as  29  meV.  These  observations  lay  the  groundwork  for  a  systematic  study  of  donor 
dopants  and  their  properties  in  GaN,  using  intentional  doping  experiments  combined  with 
magnetospectroscopy.  The  observations  have  been  made  possible  by  the  excellent  quality  of  the 
epitaxial  material  and  its  narrow  luminescence  linewidths. 
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ABSTRACT 

Cathodoluminescence  (CL)  spectroscopy  and  microscopy  were  used  to  study  the 
luminescent  properties  of  a  variety  of  GaN  films,  both  Si-doped  and  unintentionally-doped, 
grown  on  sapphire  substrates.  A  narrow  and  intense  near  band-edge  emission  was  found  in  the 
CL  spectrum  of  each  film  examined,  and  deep-level  emission  was  also  observed  for  some  of  the 
films.  The  luminescence  efficiency  of  near  band-edge  emission  increased  with  a  faster  rate  than 
that  of  deep-level  emission  when  the  pumping  current  was  increased.  Spatial  nonuniformities  of 
luminescence  were  observed  in  monochromatic  CL  microscopy,  and  microstmctures  were 
observed  in  scanning  electron  microscopy.  No  correlations  between  luminescence  features  and 
microstructural  features  were  seen.  Degradation  of  near  band-edge  luminescence  was  observed, 
accompanied  by  growth  of  deep-level  emission. 

INTRODUCTION 

Due  to  their  superior  physical  properties,  GaN  and  related  compounds  have  been 
considered  as  the  promising  materials  for  electronic  devices  operating  under  high  temperature 
and  high  power  conditions  and,  especially,  for  light  emitting  devices  operating  in  the  blue  and 
ultraviolet  wavelength  range.  Remarkable,  rapid  success  has  been  achieved  in  developing 
devices  based  on  III-V  nitrides.'  Light  emitting  diodes  fabricated  from  InGaN/AlGaN  double¬ 
heterostructure  layers  on  sapphire  substrates  are  commercially  available.^  A  nitride-based  laser 
diode  operating  at  417  nm  under  pulsed  conditions  has  also  been  demonstrated.'^ 

In  this  paper,  we  report  the  results  of  cathodoluminescence  (CL)  studies  of  GaN  films 
grown  on  sapphire  substrates  by  molecular  beam  epitaxy  (MBE),  metalorganic  chemical  vapor 
deposition  (MOCVD)  and  hydride  vapor  phase  epitaxy  (HVPE).  The  films  were  characterized  in 
terms  of  spectral  features,  spatial  nonuniformity  in  luminescence  and  surface  morphology,  and 
degradation  behavior.  The  competition  between  near  band-edge  and  deep-level  emission  was 
also  investigated. 

EXPERIMENTAL 

Sample  description 

Four  samples  were  used  in  this  study.  The  growth  methods,  doping  and  film  thicknesses 
are  given  below: 


Sample 

Growth 

Doping  Thickness  (jim) 

No. 

Method 

1 

MBE 

Si  (n  -  lO'Vcm-^)^ 

1.5 

2 

MBE 

undoped  (n  «  lO'^/cm'*) 

1.5 

3 

MOCVD 

undoped  (high  resistivity. 

3 

p  >  10^  ^2-cm) 

4 

HVPE 

undoped  (n  =  lO'Vcm^) 

10 
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The  instrument  used  for  CL  measurements  is  based  on  a  JEOL  JSM-6400  scanning 
electron  microscope  equipped  with  an  Oxford  Instrument  CF302  system.  More  detailed 
description  of  the  CL  system  is  given  in  a  previous  publication.'*  In  the  present  study,  CL 
measurements  were  made  at  room  temperature  with  beam  voltages  of  5-25  kV  and  beam  currents 
of  1  nA  to  400  nA. 


It  was  found  that  the  CL  intensity  of  near  band-edge  emission  increased  with  a  faster  rate 
than  that  of  deep-level  emission  when  the  beam  current  was  increased,  as  shown  in  Fig.  2  for 
sample  #1 .  More  quantitative  analysis  showed,  in  the  case  of  sample  #1,  that  the  intensity  of 
near  band-edge  emission  increased  linearly  with  beam  current,  but  that  it  increased  superlinearly 
(by  a  power  of  1.5)  with  beam  current  in  the  case  of  sample  #3.  The  intensity  of  deep-level 
emission  increased  sublinearly  (by  a  power  of  0.5)  with  beam  current  for  both  samples. 

A  model  has  been  developed  by  Grieshaber  et  al.^  to  describe  the  intensities  of  these  two 
types  of  radiative  transitions  as  a  function  of  excitation  density.  Based  on  bimolecular  rate 
equations  and  taking  into  account  shallow  impurities,  deep  level  and  continuum  states,  the  model 
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predicted  that  dependencies  of  the  two  luminescence  channels  should  follow  power  laws  with 
exponents  which  depend  upon  excitation  density  and  doping.  In  the  case  of  high  excitation 
density,  as  for  CL,  the  dependence  of  intensity  of  band-edge  emission  on  excitation  density 
followed  a  power  law  with  an  exponent  of  1  for  both  highly  doped  and  intrinsic  samples.  The 
dependence  of  intensity  of  deep-level  emission  followed  a  power  law  with 
an  exponent  of  0.5  for  both  highly  doped 
and  intrinsic  samples.  Our  results  from  the 
Si-doped  sample  (#1)  agree  with  their  model 
and  PL  results,  while  the  results  from  the 
undoped  sample  (#3)  exhibits  a  stronger 
dependence  for  band-edge  emission. 

In  contrast  to  the  beam  current  effect, 
increased  beam  voltage  increased  the 
intensity  of  deep-level  emission  more  than  of 
near  band-edge  emission  of  each  sample,  as 
shown  in  Fig.  3  for  sample  #1.  These  results 
suggest  that  the  film  quality  is  better  for  the 
material  closer  to  the  film  surface,  since  the 
higher  the  beam  voltage,  the  deeper  the 
electrons  penetrate  into  solid  samples. 

As  also  shown  in  Fig  3,  the  peak  position 
of  near  band-edge  emission  red-shifted  as  the 
beam  voltage  increased.  Similar  CL  results  were 
reported  by  Trager-Cowan  et  al?,  who  attributed 
the  red  shift  to  variation  of  strain  with  depth. 

However,  the  PL  results  of  Rieger  et  al}  indicate 
that  a  blue  shift,  rather  than  a  red  shift,  should 
result  from  increased  biaxial  compressive  strain. 

Increasing  beam  voltage  would  excite  material 
closer  to  the  GaN-Al203  interface,  where  the  GaN 
is  expected  to  have  higher  biaxial  compressive 
stress. 

Microscopy 

The  scanning  electron  (SE)  micrographs  in  Fig.  4(a)-(d)  for  sample  #1  through  #4  show 
striking  differences  in  surface  morphology  between  the  MBE-grown  and  non-MBE-grown 
samples.  Submicron  surface  features  with  irregular  shapes  were  observed  for  the  MBE-grown 
samples,  while  the  non-MBE-grown  samples  had  much  smoother  surfaces.  The  surface  of  the 
MOCVD-grown  sample  was  almost  featureless,  and  the  surface  morphology  of  the  HVPE-grown 
sample  showed  granular  features  with  characteristic  diameters  of  ~10  p,m.  Fig.  5(a)-(d)  show  the 
monochromatic  CL,  at  362  nm,  taken  at  the  same  areas  as  in  Fig.  4(a)-(d),  which  did  not  appear 
to  be  related  to  the  physical  features  shown  in  the  corresponding  SE  micrographs.  Even  for 
samples  showing  smooth  surfaces,  CL  was  spatially  very  nonuniform.  For  all  the  samples 
studied,  CL  micrographs  showed  micron-scale  features.  Spatially-resolved  CL  of  deep-level 
emission  was  also  obtained,  as  shown  in  Fig.  6(a)  for  sample  #1  at  423  nm  and  in  Fig.  6(b)-(c) 
for  sample  #3  at  430  nm  and  555  nm  respectively.  In  the  case  of  sample  #1,  CL  of  deep-level 
emission  was  more  uniform  than  that  of  near  band-edge  emission,  which  suggests  that  the  two 
radiative  transitions  may  occur  independently.  In  the  case  of  sample  #3,  CL  images  at  430  nm 
and  555  nm,  with  weaker  contrasts  between  bright  and  dark  patches,  were  similar  to  that  at  362 
nm,  which  suggests  a  common  species  involved  in  both  deep-level  transitions  and  near  band-edge 


Wavelength  (nm) 


Fig  3  CL  spectra  of  sample  #  1  taken  with 
20  nA  beam  current  and  with  different  beam 
voltages,  showing  red  shifts  accompanying 
increased  voltage. 
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Fig.  4  SEM  images  of  (a)  sample  #],  (b)  sample  #2,  (c)  sample  #3  and  (d)  sample  #4. 


Fig.  5  Monochromatic  CL  images  at  362  nm  of  (a)  sample  #/,  (b)  sample  #2,  (c) 
sample  #5  and  (d)  sample  #4,  taken  at  the  same  areas  used  in  Fig.  4. 


Normalized  CL 


Degradation 

Some  permanent  degradation  of  near  band-edge  emission  intensity  was  observed  for  all 
samples.  Sample  #2,  MBE-grown  and  showing  the  weakest  luminescence  strength  among  the 
samples  studied,  degraded  much  faster  than  the  rest  of  the  samples.  As  shown  in  Fig.  7(a),  the 
CL  intensity  of  near  band-edge  emission  of  sample  #2  dropped  by  35%  in  300  seconds  for  50  nA 
beam  current.  CL  intensities  of  near  band-edge  emission  of  the  other  samples  degraded  between 
8%  and  10%  under  the  same  conditions.  Sample  #4  degraded  least,  as  shown  in  Fig.  7(a). 

Growth  of  CL  intensity  of  deep-level  emission  accompanied  degradation  of  near  band- 
edge  emission  for  sample  #3.  As  shown  in  Fig.  7(b),  the  luminescence  intensity  of  sample  #3  at 
430  nm  grew  by  45%  in  150  seconds  with  the  same  beam  current  used  in  Fig.  7(a).  A  much 
higher  growth  rate,  more  than  300%  in  300  seconds,  was  found  for  the  emission  band  at  555  nm. 
These  results  suggest  that  electron-beam  irradiation  induced  deep  centers  at  which  radiative 
transitions  occurred  at  the  expense  of  band-edge  transitions.  However,  in  contrast  to  the  case  of 
sample  #3,  the  deep-level  emission  (at  423  nm)  of  sample  #1  degraded  just  as  the  near  band-edge 
emission  did,  which  suggests  that  the  electron-beam  irradiation  induced  nonradiative  centers  in 
this  case. 

SUMMARY 

A  variety  of  GaN  films  grown  on  sapphire  substrates  were  characterized  using 
cathodoluminescence.  Near  band-edge  emissions  and,  in  some  cases,  deep-level  emissions  were 
observed.  A  MBE-grown  Si-doped  sample  had  the  highest  CL  intensity.  The  CL  intensity  of 
near  band-edge  emission  increased  with  a  faster  rate  than  that  of  deep-level  emission  when  the 
beam  current  was  increased.  No  correlations  were  observed  between  luminescence  features 
shown  in  monochromatic  CL  images  and  physical  features  shown  in  SE  images.  Degradation  of 
near  band-edge  emission  and  growth  of  deep-level  emission  were  observed  under  electron 
irradiation. 
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ABSTRACT 

Raman  analysis  of  film  quality,  phonon-plasmon  coupling,  and  phonon-exciton  interaction 
in  GaN  films  with  varying  Si  doping  levels  is  presented.  'Die  films  exhibit  a  small  stress 
component  ~0.1  GPa,  calculated  from  the  frequency  shift  of  the  E2  mode.  No  correlation  between 
the  stress  and  the  doping  concentration  was  found.  No  forbidden  Raman  lines  were  detected  in  the 
spectra,  implying  high  quality  oriented  films.  The  Raman  lineshape  of  the  E2  mode  is  a  Lorentzian 
with  similar  linewidths  at  room  temperature  and  at  lOK  indicating  a  homogeneous  lifetime 
broadening  mechanism  which  is  not  significantly  affected  by  the  change  in  temperature.  The 
linewidth  is  also  independent  of  Si  concentration.  The  phonon-plasmon  mixed  frequency  modes 
were  calculated  to  be  at  co.=86  cm'i  and  at  caf=741  cm’^.  The  modes  are  not  present  in  the  spectra 
and  the  only  effect  of  the  plasmons  is  a  change  of  the  Al(LO)  lineshape.  Analysis  of  the  Al(LO) 
line  indicated  a  uniform  spatial  doping  distribution.  A  resonance  effect  was  observed  for  the 
symme^-allowed  Al(LO)  mode  at  T=10K  with  sub  bandgap  excitation  light.  The  resonance 
interaction  is  consistent  with  the  free  exciton  model. 

INTRODUCTION 

GaN  films  grown  on  6H-SiC  with  varying  doping  Si  concentrations  were  investigated  via 
Raman  spectroscopy.  The  analysis  focused  on  the  determination  of  film  quality  and  on  the  phonon 
interactions  with  other  excitations,  specifically  plasmon  waves  and  excitons. 

The  Raman  modes  investigated  are  the  E2  at  frequency  568  cm'l  and  the  Al(LO)  at  735 
cm'^  The  Al(LO)  mode  possesses  an  electric  field  which  interacts  with  the  electric  field  produced 
by  the  free  carrier  waves  known  as  plasmons  [1].  A  study  of  the  Al(LO)  Raman  line  was  carried 
out  to  determine  the  effect  of  the  free  carrier  concentration,  introduced  via  Si  doping,  on  the  LO- 
plasmon  coupled  modes.  The  E2  non-polar  mode,  due  to  the  relatively  large  Raman  cross  section 
and  its  non-interacting  nature  with  plasmons,  has  a  relatively  intense  Raman  signal.  The  E2  Raman 
line  was  selected  for  these  reasons  in  order  to  analyzed  and  determine  film  quality.  The 
enhancement  of  Raman  intensity  of  the  Al(LO)  via  the  resonance  effect  [2]  was  also  studied.  At 
resonance  frequencies  the  intensity  of  the  LO  optical  modes  may  be  enhanced  via  coupling  to  the 
intermediate  states  of  the  crystal.  This  effect  can  occur  via  Frohlich  interaction  for  which 
symmetry-forbidden  LO  modes  appear  in  the  spectra  [2,3]  as  well  as  via  the  coupling  of  the 
symmetry-allowed  LO  modes  to  the  intermediate  states  [2].  The  present  study  focuses  on  the 
investigation  of  the  resonance  enhancement  of  the  symmetiy-allowed  Al(LO)  mode.  It  was  found 
that  the  resonance  is  due  to  the  interaction  of  the  Raman  phonons  with  the  free  exciton  states. 

EXPERIMENT 

The  GaN  films  were  grown  on  AIN  buffer  layer  on  6H-SiC(0001)  substrates  via 
organometallic  vapor  phase  epitaxy  [4].  The  films  are  2  -  3.7  }im  thick  and  contain  varying  Si 
doping  concentrations  which  were  measured  utilizing  capacitance-voltage  (CV)  technique.  The 
room  temperature  (RT)  micro-Raman  spectra  were  acquir^  in  a  back  scattering  geometry  from  the 
c-axis.  The  allowed  modes  from  this  scattering  geometry  are  the  E2  and  the  A  1^0)  modes.  The 
laser  spot  size  and  spectral  resolution  were  ~4p.m  diameter  and  0.2  cm-l  respectively. 

The  lOK  macro-Raman  experiments  were  acquired  in  a  45°  scattering  geometry  from  the  c- 
face  of  the  samples.  The  polarization  of  the  incoming  incident  light  was  perpendicular  to  the  c-axis 
and  the  scattered  light  was  unpolarized.  The  geometry  allows  the  Al(LO),  Al(TO),  and  the  E2 
modes.  The  spot  size  and  spectral  resolution  were  ~100}imx2mm  diameter  and  0.2  cm-l 
respectively. 
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RESULTS  AND  DISCUSSION 


Figure  la  shows  the  RT  Raman  spectra  of  the  E2  and  the  Al(LO)  modes.  Figure  lb 
presents  the  high  resolution  RT  spectra  of  the  E2  mode  for  undoped  and  Si-d(med  GaN  films  ~ 
2|Lim  thick.  The  undoped  film  with  a  free  carrier  concentration  ~  10^^  cm'^  exhibits  the  E2 
frequency  at  ~  567.7  cm'l,  while  the  8x1^  cm'3  and  the  3x10^^  cm'^  Si-doped  samples  exhibit  the 
peak  frequencies  at  568.7  cm‘1  and  568.3  cm“I  respectively.  The  stress,  P,  in  the  films  may  be 
approximated  by  [5] 


P(GPa)~(a)-CDo)/4.2  (1) 

where  co  is  the  mode  frequency  and  coq  =  568  cm'^  is  the  unstressed  value.  Thus  the  undoped  film 
is  under  tensile  stress  ~  0.07  GPa,  and  the  films  of  low  and  high  Si  concentration  are  under 
compressive  stress  -0.15  GPa  and  0.07  GPa  respectively.  The  values  of  the  stress  are  small  and 
do  not  correlate  with  the  free  carrier  concentration.  As  is  shown  in  Figure  1,  the  Raman  signal  of 
the  forbidden  El  (TO)  mode  at  599  cm'l  is  not  present,  indicating  the  film  is  well  oriented  along  the 
c-axis  and  does  not  contain  a  high  concentration  of  structural  defects.  If  the  film  were  to  be 
missaligned  or  a  high  concentration  of  structural  defects  were  present,  the  Raman  selection  rules 
would  relax  and  forbidden  modes  would  appear  in  the  spectra. 

The  full  width  at  half  maximum  (FWHM)  of  all  the  Raman  lines  is  -3  cm'^  independent  of 
Si  concentration.  Moreover,  the  Raman  line  is  a  Lorentzian  (see  the  inset  to  the  figure)  implying  an 
homogeneous  lifetime  broadening  mechanism.  Thus  it  may  be  concluded  that  the  Si  impurities  do 
not  contribute  significantly  to  the  life-shortening  mechanism  of  the  E2  phonons.  To  further 
investigate  the  line  broadening  mechanism,  Raman  spectra  at  lOK  were  acquired  from  a  thicker 
sample  (2.7  p.m).  Figure  2  presents  the  Raman  spectra  at  RT  and  at  lOK.  As  is  shown  in  the 
figure,  the  RT  frequency  of  the  E2  line  is  at  566.6  cm"^  while  that  of  lOK  is  at  567.8  cm'^  The  - 
1.2  wavenumber  shift  is  the  same  as  that  expected  from  a  high  quality  free  standing  (1mm  thick) 
GaN  crystallite  [6].  Thus  in  that  respect,  the  phonon  response  to  temperature  of  the  film  is  similar 
to  that  of  the  bulk  crystallites.  Moreover,  the  linewidth  at  10  K  did  not  change  significantly  from 
its  RT-value  implying  that  the  lifetime  of  Ae  E2  phonons  is  not  strongly  temperature  dependent. 

The  interaction  of  the  Al(LO)  mode  with  plasmons  is  investigated.  In  polar 
semiconductors  the  free  carrier  waves,  plasmons,  can  interact  with  the  LO  optical  modes  via  their 
macroscopic  electric  fields.  The  interaction  results  in  the  coupled  modes-frequencies  [7,8] 

2cd+  =  cOl  +  cOp  ±  [(cOl  +  cOp)  -  4o)pCO^ j  ^  (2) 

where  col,  cot,  and  cop  are  the  frequencies  of  the  LO,  TO,  and  the  plasmons  respectively.  For  GaN 
the  frequencies  of  the  Al(TO)  and  Al(LO)  are  534  cm’f  and  736  cm'l  respectively  [9],  and  the 
plasmons  frequency  is  1 19  cm^  [10].  The  coupled  modes  calculated  from  Eq.2  are:  co.  =  86  cm'l 
and  0)+  =  740  cm-l.  Figure  3a  shows  the  Raman  spectra  from  the  -  3x10^'^  Si/cm3  doped  sample. 
This  doping  level  intrc^uces  a  significant  free  carrier  concentration  which  should  result  in  the 
coupling  mechanism.  However,  Fig.3a  indicates  that  the  coupled  mode-frequencies  are  not 
present  in  the  Raman  spectra.  Similar  behavior  has  been  previously  observed  in  nitrogen-doped 
SiC  [7]  and  also  discussed  in  the  case  of  GaN  [10].  The  undetectable  signal  of  the  coupled  modes 
was  argued  to  be  due  to  the  high  collision  rate  and  thus  the  short  lifetime  of  the  plasmons  with  an 
outcome  of  very  broad  and  low  intensity  Raman  lines.  Fig.3b  shows  the  Raman  spectra  of  the 
Al(LO)  mode,  normalized  to  the  intensity  of  E2  as  a  function  of  Si  doping.  For  Si  concentration 
-8x10^6  cm-5,  the  intensity  of  the  Raman  line  is  smaller,  and  the  line  frequency  and  broadening  is 
shifted  toward  the  frequency  of  (0+.  The  inset  to  the  figure  shows  the  Raman  intensity  as  a 
function  of  the  Si  concentration. 

The  exact  functional  behavior  of  the  intensity  and  frequency  versus  the  free  carrier 
concentration  is  left  to  a  future  investigation;  such  knowledge  may  be  beneficial  to  the  estimation  of 
doping  levels  in  very  small  samples  for  which  electrical  measurements  of  the  doping  level  is  not 
possible.  Moreover,  the  intensity  of  the  Al(LO)/E2  was  measured  at  several  locations  across  the 
film  and  no  significant  difference  was  observed,  indicting  a  uniform  doping  distribution.  A  feature 
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Figure  1.  The  Raman  spectra  of  2  pm  GaN  films  (a)  The  E2  and  the  Al(LO)  Raman  lines  and 
(b)  The  E2  line  for  varying  free-carrier  concentrations.  The  inset  shows  the  Lorentzian  line-fit 
to  the  Raman  data. 


Figure  2.  The  spectra  of  the  E2  Raman  line  at  RT  and  at  T=10K  of  2.7  um  GaN  film  . 


of  the  sample  thickness  bears  close  inspection:  in  Fig.3b  the  dashed  line  represents  the  Raman 
spectra  of  the  ~  0.7  |im  undoped  sample  of  free  carrier  concentration  ~  cm-3;  however,  the 

expected  Al(LO)  signal  is  not  detectable.  This  behavior  is  attributed  to  the  small  Raman  cross 
section  of  the  Al(LO)  mode  (relative  to  the  cross  section  of  the  E2  mode,  as  evidenced  in  Fig. la) 
and  hence  the  we^  intensity  for  small  volume  samples. 

The  mechanisms  giving  rise  to  the  resonant  Raman  scattering  of  the  Al(LO)  mode  are 
analyzed.  In  general  the  Raman  scattering  amplitude,  A,  can  be  expressed  as  [1 1] 

A(C0)~  E- - i - r  (3) 

a|3(E„-h£o)(Ep-h£i)) 


where  co  is  the  incoming  laser  frequency,  Ea  and  Ep  are  the  ener^es  of  intermediate  crystal  states 
(to  be  defined),  and  the  sum  is  over  the  state  spectrum.  As  the  incident  laser  frequency  approaches 
the  energies  of  the  intermediate  states,  the  Raman  amplitude  becomes  larger  as  does  the  Raman 
intensity,  I «  co^IA(ol))12,  and  the  signal  is  said  to  be  resonance-enhanced. 

For  GaN  there  are  two  relevant  types  of  intermediate  states  [9]:  the  Bloch  states 
(conduction- valance  bands)  [12]  and  the  exciton  states  [13].  In  the  Bloch  model  the  intermediate 
states  can  be  approximated  by  the  parabolic  energy  bands  of  the  crystal.  Thus  as  the  incident 
frequency  approaches  the  bandgap  frequency  an  enhancement  of  the  Raman  intensity  should  be 
observed.  Similarly  in  the  exciton  model  the  resonance  is  achieved  via  the  interaction  of  the 
incoming  light  with  the  exciton  states.  Upon  converting  the  sum  in  Eq.3  into  its  integral  form  over 
the  wavevector  k-space,  the  Raman  amplitude  Ab  in  the  Bloch  model  may  be  expressed  as  [12,14] 
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Accordingly,  in  the  exciton  model,  the  Raman  amplitude  Ae  in  a  region  far  from  the  exciton  energy 
may  be  expressed  as  [13,14] 
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1 

where  9  =  |Ry/|h^k^/2|i|2  is  expressed  in  terms  of  the  energy  exciton  R;  coi,  CO2  and  cog=3.5  eV, 

are  the  incident,  scattered  and  bandgap  frequencies  respectively;  and  p=0.174mo  is  the  reduced 
effective  mass. 

Figure  4a  presents  the  Raman  spectra  at  lOK  of  the  Al(LO)  mode  as  a  function  of  the  laser 
incident  energy.  The  spectra  was  acquired  from  an  undoped  3.7  p,m  thick  sample  of  free  earner 
concentration  ~  lO^^  cm*^.  All  Raman  intensities  are  normalized  to  the  spectral  dependence. 
The  Raman  frequency  of  the  E2  mode  of  this  sample  is  at  567.810.2  cm-^  indicating  a  negligible 
stress  state.  Figure  4b  shows  the  experimental  data  along  with  the  plots  calculated  from  the  Bloch 
and  exciton  models  of  Eqs.  4  and  5  respectively.  The  results  indicate  that  although  the  incident 
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Figure  3.  The  phonon-plasmon  mixed  modes:  (a)  The  spectra  in  the  Raman  energy  range  of  the 
mixed  modes  and  (b)  The  Al(LO)  Raman  line  as  a  function  of  Si  concentration.  The  inset 
presents  the  Raman  intensity  vs  Si  concentration. 


Figure  4,  The  resonance  of  the  Al(LO)  mode  at  T=10K:  (a)  The  Raman  line  vs  laser  energy  and 
(b)  The  exciton  and  Bloch  models  (lines),  Raman  data  (dotes). 
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energy  is  at  sub-bandgap  level  the  intensity  of  the  Al(LO)  line  is  enhanced  via  the  mode  interaction 
with  the  exciton  states  of  R  ~  28±2  meV.  Results  complementary  to  that  presented  here  have  been 
reported  by  Lemos  et  al  [9],  where  the  E2,  El(TO),  and  Al(TO)  modes  of  ~  20  ^ira  GaN  film  were 
shown  to  be  at  resonance  via  the  exciton  state.  The  fact  that  the  excitons  interact  with  the  Raman 
phonons  even  at  sub-bandgap  energies  indicate  their  stability  in  the  very  thin  films  studi^  herein. 
The  inference  concerning  the  exciton  stability  is  consistent  with  the  free  exciton  photoluminescence 
of  high  quality  films  which  was  detected  up  to  room-temperature  as  reported  by  Chichibu  et  al 

^  ^  A  note  has  to  be  made  concerning  the  experimental  setup:  as  can  be  seen  in  Fig.4b  the 

difference  between  the  Bloch  and  the  Exciton  models  in  the  sub-bandgap  regime  is  very  small;  in 
order  to  differentiate  between  the  two  and  to  get  a  meaningful  signal  the  Raman  setup  was 
configured  to  acquire  the  maximum  light  without  losing  spectral  resolution. 

CONCLUSIONS 

Raman  Spectroscopy  was  carried  out  in  order  to  analyze  film  quality  and  phonon  dynamics 
of  thin  GaN  films.  Compliance  with  the  Raman  selection  rules  indicates  the  high  quality 
crystallinity  of  the  films.  The  Lorentzian  E2  lineshape  and  its  weak  temperature  and  impurity 
concentration  dependence  imply  a  thermal  stability  and  lifetime  broadening  mechanism  which  is  not 
strongly  affected  by  the  free  carriers.  No  phonon-plasmon  coupled  modes  were  observed.  The 
Al(LO)  is  at  resonance  with  the  exciton  states  for  incident  energies  well  bellow  the  gap  energy. 
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ABSTRACT 

Raman  scattering  experiments  on  silicon-doped  GaN  show  that  donor  impurities  quench 
the  Al(LO)  Raman  line  at  735  cm'^  This  is  due  to  interaction  between  lattice  vibrations  and 
the  free  carrier  plasma.  The  spatial  variation  of  the  Al(LO)  signal  has  been  imaged  directly 
using  newly  developed  instrumentation.  Features  with  dimension  under  on  micron  are  observed 
in  faceted  GaN  crystallites.  The  variation  in  free  carrier  concentration  is  attributed  to 
preferential  incorporation  of  donor  impurities  during  growth. 

INTRODUCTION 

Probing  the  lattice  vibrational  modes  by  Raman  spectroscopy  provides  insight  into  the 
properties  of  crystalline  materials.  The  crystal  quality  can  be  judged  from  the  peak  shape  and 
the  adherence  to  selection  rules  [1].  It  has  been  recently  shown  that  Raman  scattering  is  a  very 
sensitive  and  straightforward  method  for  distinguishing  the  hexagonal  and  cubic  phases  in  GaN 
[2],  Unexpected  peaks  in  the  Raman  spectra  may  be  the  consequence  of  local  modes  or 
electronic  transitions  of  dopants  or  impurity  atoms  in  the  material  [3,4].  Crystal  strain  may  be 
detennined  from  shifts  of  the  peaks  of  the  Raman  spectra  [5,  6]  and  in  the  case  of  the  ternary 
AlGaN  such  shifts  may  be  used  to  determine  the  alloy  composition  [7].  Phonon-plasmon  modes 
have  been  observed  in  n-type  GaN  [8],  GaAs  [9],  and  ZnSe  [10]  and  a  close  correlation  between 
these  modes  and  the  free  carrier  concentration  has  been  observed.  It  has  also  been  shown  that  it 
is  possible  to  use  Raman  scattering  in  the  determination  of  the  surface  space-charge  layer  [11]. 

The  longitudinal  optical  (LO)  phonons  interact  strongly  with  a  free  carrier  plasma  when 
the  plasma  frequency  is  close  to  the  LO  phonon  frequency.  The  coupled  LO  phonon  plasma 
modes  thereby  created,  diminish  the  intensity  of  the  LO  phonon  peak  in  a  systematic  fashion 
that  can  be  used  to  determine  the  donor  concentration  in  Si-doped  GaN  [12].  Recent 
improvements  in  Raman  spectroscopic  equipment  have  produced  faster  and  more  efficient 
means  to  acquire  the  spectra  and  have  made  feasible  Raman  spectroscopic  imaging  [13-15]. 
The  preferred  method  is  to  tune  by  tilting  a  multilayer  dielectric  band  pass  filter,  transmitting  a 
naiTow  spectral  range  (10-20  cm  ^),  and  to  image  the  sample  directly  to  a  two-dimensional 
array  detector. 

In  this  paper  we  show  that  n-type  dopants  like  silicon  produce  a  reduction  in  the  Al(LO) 
Raman  signal.  We  next  use  this  signal  to  directly  image  the  spatial  variation  of  the  plasmon- 
phonon  coupling  in  epitaxial  layers  of  GaN.  The  images  thus  produced  have  resolutions  of 
under  1  micron,  and  yield  a  mapping  of  the  donor-impurity  distribution  in  the  material.  It  is 
observed  that  the  impurity  incorporation  appear  to  depend  strongly  on  the  sense  of  the  growth 
(polarity). 
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EXPERIMENT 

The  specimens  used  in  this  study  were  grown  by  metalorganic  chemical  vapor  deposition 
(MOCVD)  on  (0001)  sapphire  [16,  17]  and  on  (OOOT)GaN  bulk  single  crystal  [18]  substrates. 
The  epitaxial  growth  direetion  was  [0001]  GaN/sapphire  and  [0001]  for  homoepitaxial 
GaN/GaN  [19].  Raman  spectra  and  images  were  collected  on  a  Renishaw  Raman  Imaging 
Microscope  System  2000.  The  measurements  were  performed  in  backscattering  z{xx)z  or 
z(xy)z’  geometry,  with  the  z  direction  parallel  to  the  c  axis  of  the  GaN  wurtzite  structure.  In  this 
notation,  xx  means  that  the  polarization  of  the  incident  light  and  the  of  the  polarizer  are  parallel 
to  each  other;  xy  means  that  they  are  perpendicular.  A  25  mW,  514.5  nm,  Argon  ion  (Ar^)  laser 
was  used  as  light  source,  typically  with  4  to  8  mW  at  the  sample.  A  50X  (NA  0.8)  objective  was 
employed,  giving  an  illuminated  spot  of  1  to  1.5  microns  in  diameter  for  spectra  acquisition  and 
20  microns  diameter  for  images.  A  thermoelectrically-cooled  (-70°C)  front-illuminated  eharge 
coupled  device  (CCD)  array  was  used  as  the  detector.  Two  high-performance  holographic  notch 
filters  (HNFs)  were  used  to  reject  the  scattered  and  reflected  light  at  the  laser  wavelength;  the 
first  of  these  filters  was  also  employed  as  the  microscope  beamsplitter. 
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Figure  1.  Raman  spectra  of  undoped,  and  silicon-doped  GaN/sapphire  thin  films. 
The  spectra  were  taken  in  the  z(xx)z’  configuration,  with  incident  and  analyzer 
polarizations  parallel.  Note  the  absence  of  the  Al(LO)  phonon  line  in  the  silicon- 
doped  film. 
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Raman  features  were  easily  determined  without  any  attenuation  to  100  cm  ‘,  and 
increasing  attenuation  to  within  50  cm'*  of  the  laser  line.  Spectral  analysis  was  performed  using 
the  standard  250  mm  focal  length  spectrograph,  fitted  with  a  1 800  g/mm  diffraction  grating, 
giving  a  spectral  resolution  of  2  cm'*  and  a  spectral  window  of  950-1000  cm'*  when  centered  at 
570  cm'  shift.  Spectral  accuracy  was  deteimined  to  be  ±  1  cm  *  versus  a  neon  (Ne)  lamp,  and 
precision  an  order  of  magnitude  higher,  since  the  diffraction  grating  angle  and  room  temperature 
were  held  constant  throughout  the  series  of  experiments.  Typical  acquisition  time  for  specU-a 
was  5-30  seconds. 

RESULTS 

Raman  spectra  corresponding  to  undoped  and  silicon-doped  GaN  epitaxial  layers  on  (0001) 
sapphire  are  shown  in  Fig.  1.  The  free  carrier  concentration  was  <5x10*^  cm'^  and  -  2x10*^  cm'^ 
at  room  temperature,  respectively.  Note  that  the  main  difference  in  the  Raman  spectra  is  that  the 
sti'ong  Al(LO)  peak  present  in  the  undoped  film  is  absent  in  the  Si-doped  case.  As  already 
mentioned,  quenching  of  the  Al(LO)  phonon  has  been  observed  previously  [12],  and  it  has  been 
explained  in  terms  of  phonon-plasmon  coupled  modes  associated  with  the  free  electrons 
introduced  by  the  silicon  dopant. 


Figure  2.  Raman  spectra  taken  from  a  hexagonal  crystallite  in  homoepitaxial 
GaN.  It  shows  a  significant  decrease  in  the  Al(LO)  line  away  from  the  center 
of  the  hexagon,  and  in  particular  at  the  edges  between  the  triangular  facets. 

A  hexagonal  crystallite,  typical  of  GaN  homoepitaxy  on  the  [OOOT]  nitrogen-terminated 
surface  of  GaN  bulk  single  crystals  is  shown  in  Fig.  3a.  These  hexagonal  hillocks  have  typical 
dimensions  of  the  order  of  20  to  50  mm,  and  are  characterized  by  a  faceted  dome  with  six 
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triangular  facets  and  a  well-pronounced  tip  in  the  center  of  the  hexagon.  The  feature  at  the 
center  of  the  hillock  has  been  characterized  by  TEM  and  it  is  identified  as  an  inversion  domain 
column  with  opposite  polarity  to  the  matrix  [20].  Raman  specti'a  taken  at  the  center  of  the 
hexagon  and  in  the  middle  of  the  facets  are  shown  in  Fig.  2.  It  is  clear  that  the  center  has  a 
strong  Al(LO)  peak,  similar  to  the  undoped  case  in  Fig.  1,  whereas  the  facets  show  weak  peaks. 
Spectra  taken  at  the  vertex  of  the  facets  show  no  Al(LO)  peak,  in  a  very  similar  fashion  as  the 
silicon-doped  case  in  Fig.  1. 


Figure  3.  Raman  scattering  images  of  hexagonal  feature  in  homoepitaxial  GaN/GaN 
grown  on  the  [OOOT]  N-terminated  side:  (a)  Secondary  electron  image  taken  at 
30kV;  (b)  scattering  at  735cm'^  (c)  background  reference  at  765  cm"';  and  (d)  flat- 
field  image  obtained  by  dividing  the  images  at  735  and  765  cm"  . 

The  area  about  the  Al(LO)  was  used  to  form  an  image,  shown  in  Fig.  3b.  Direct 
imaging  was  perfomied  by  illuminating  the  desired  area  on  the  sample  and  passing  the  collected 
light  through  dielectric  multilayer  bandpass  filters  onto  the  2-D  CCD  array.  This  gives  a  high- 
throughput  (60-80%  ti-ansmission)  technique  for  the  determination  of  scattered  intensity  as  a 
function  of  position  on  the  sample  for  a  specific  Raman  band  at  high  spatial  resolution  (one 
micron).  The  images  have  been  normalized  against  a  reference  image,  to  account  for  any 
residual  nonuniformity  in  illumination  and  for  sample  topography.  The  normalization  file  was 
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generated  at  765  cm  \  so  that  the  background  was  similar  in  intensity  to  the  background  at  735 
cm  \  where  the  Al(LO)  phonon  was  imaged,  and  is  shown  in  Fig.  3c.  Spectral  accuracy 
through  the  filter  lightpath  was  estimated  at  ±2  cm 

The  normalized  image  in  Fig.  3d  shows  a  symmetric  distribution  of  the  735  cm'^  Raman 
signal.  The  center  of  the  hexagon  shows  a  strong  signal,  indicative  of  low  free-electron  densities 
(or  absence  of  silicon  and  other  n-type  dopants).  The  edge  between  the  triangular  facets  appear 
dark  over  a  linear  thickness  of  about  500nm,  indicating  high  donor  concentration.  Full  Raman 
spectia  taken  at  various  sample  positions  indicate  that  only  the  Al(LO)  peak  has  a  spatial 
variation.  This  fact  makes  unlikely  the  possibility  of  the  geometric  factors  such  as  reflections  or 
waveguiding  as  being  responsible  for  the  image  contrast.  This  leads  us  to  conclude  that  the 
variation  of  the  image  is  due  to  local  variations  in  the  free  electron  concentration,  likely 
produced  by  preferential  incorporation  of  donor  impurities  during  growth.  The  spatial  variation 
in  the  coupling  of  the  LO  phonon  to  overdamped  plasmons  is  responsible  for  the  image 
characteristics  of  the  Al(LO)  line  in  GaN  shown  in  Fig.  3. 

DISCUSSION 

The  reduction  in  the  LO  phonon  line,  associated  with  an  increase  in  carrier 
concentration,  is  accompanied  by  broadening  and  a  shift  towards  the  high  frequency  side.  This 
has  already  been  observed  previously  by  Kozawa  et  al.  [8],  who  concluded  that  the  dorninant 
scattering  mechanisms  in  GaN  involve  deformation  potential  and  electro-optic  mechanisms. 
Absence  of  the  735  cm'^  Al(LO)  line  may  not  be  limited  solely  to  silicon  in  GaN.  It  may  be  a 
property  of  donor  impurities  in  general.  Incorporation  and  segregation  of  oxygen  are  suspected 
in  GaN  and  could  be  in  part  responsible  for  the  observations  reported  here. 

It  is  interesting  to  note  that  the  growth  sense  (polarity)  seems  to  be  associated  with 
different  levels  of  impurity  distiibution.  The  inversion  domain  in  the  center  of  the  hillock  has 
the  same  polarity  as  growth  on  sapphire  substrates  shown  in  Fig.  1 .  The  implication  is  that  the 
incoiporation  of  (donor)  impurities  such  as  silicon  and  oxygen  is  sensitive  to  the  growth 
direction.  MOCVD  epitaxy  is  usually  carried  out  under  nitrogen  rich  conditions,  with  the 
growth  rate  limited  by  the  availability  of  Ga.  In  the  [0001]  case,  gallium  atoms  are  located  on 
the  top  position  of  the  basal  planes,  whereas  in  the  [0001]  case,  nitrogen  atoms  are  located  at 
the  top  position  of  the  basal  planes  [19].  From  our  observations,  it  is  clear  that  the  Ga-on-top 
case  is  less  reactive  to  the  incorporation  of  this  type  of  impurities  than  the  N-on-top  case. 

The  techniques  required  to  reduce  recording  and  display  times  to  reasonable  levels  are 
only  now  being  mastered,  and  our  results  show  that  it  has  become  technically  possible  to 
produce  direct  images  of  Raman  signals  with  high  spatial  resolution.  This  is  also  the  first  case 
that  we  know  where  variations  caused  by  plasmons  coupling  are  used  to  map  out  dopant 
distribution  in  a  specimen  at  high  spatial  resolution.  The  technique  is  non-destructive  and  yields 
images  with  resolutions  better  than  1  micron.  No  vacuum  methods  or  ci-yogenic  techniques 
have  been  used,  while  the  Raman  data  is  gathered  very  rapidly  -  typically  1  to  10  sec  per 
spect'um  and  between  10  to  20  minutes  per  image. 

CONCLUSIONS 

In  summai7,  we  have  observed  quenching  of  the  Al(LO)  Raman  line  by  silicon  in  GaN. 
We  have  used  Raman  scattered  light  to  directly  image  the  spatial  variation  of  this  effect,  and 
thereby  of  the  donor  distribution,  with  a  spatial  resolution  of  under  1  micron.  These  results 
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demonstrate  that  Raman  imaging  can  be  used  for  directly  mapping  the  local  valuations  of  donor 
impurities  in  semiconductors,  a  technique  that  could  eventually  prove  critical  for  device 
technology  advancement. 
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ABSTRACT 

Non-equilibrium  electron  distributions  as  weU  as  phonon  dynamics  in  wurtzite  GaN  have 
been  measured  by  subpicosecond  time-resolved  Raman  spectroscopy.  Our  experimental  results 

have  demonstrated  that  for  electron  densities  n  >  5x10^^ cm"^,  the  non-equilibrium  electron 
distributions  in  wurtzite  GaN  can  be  very  well  described  by  Fermi-Dirac  distribution  functions 
with  the  temperature  of  electrons  substantially  higher  than  that  of  the  lattice.  The  population 
relaxation  time  of  longitudinal  optical  phonons  was  directly  measured  to  be  t  =  5±  1  ps  at  T  = 
25  K.  The  experimental  results  on  the  temperature  dependence  of  the  lifetime  of  longitudinal 
optical  phonons  suggest  that  the  primary  decay  channels  for  these  phonons  are  the  decay  into 
(1)  one  transverse  optical  phonon  and  one  high  energy,  longitudinal  or  transverse  acoustical 
phonons;  and  (2)  one  transverse  optical  phonon  and  one  E2  phonon. 

INTRODUCTION 

Due  to  great  potential  for  many  device  applications,  wide  bandgap  semiconductors  such  as 
GaN  have  recently  attracted  much  attention! IJ.  We  note  that  although  much  progress  has  been 
made  in  the  device-oriented  applications  with  these  wide  bandgap  semiconductors,  very  little 
information  concerning  their  dynamical  properties  has  yet  been  Imown.  Knowledge  of  carrier  as 
well  as  phonon  dynamics  is  very  crucial  for  device  engineers  to  design  better  and  faster 
devices.  In  this  paper,  we  have  studied  non-equilibrium  electron  distributions  and  phonon 
dynamics  in  wurtzite  GaN  with  time-resolved  sub-picosecond  Raman  spectroscopy.  Our 

experimental  results  show  that  for  electron  densities  n  >  5x10^^  cm“^ ,  non-equilibrium  electron 
distributions  in  wurtzite  GaN  can  be  very  weU  described  by  Fermi-Dirac  distribution  functions 
with  the  temperature  of  electrons  much  higher  than  that  of  the  lattice,  as  a  result  of  large 
momentum  randomization.  In  addition,  the  population  relaxation  time  of  longitudinal  optical 
phonons  was  determined  to  be  t  =  5  ±  1  ps.  From  the  analysis  of  the  temperature  dependence  of 
the  population  relaxation  time  of  longitudinal  optical  phonons,  we  conclude  that  the  primary 
decay  channels  for  these  phonons  are  the  decay  into  (1)  one  transverse  optical  phonon  and  one 
high  energy,  longitudind  or  transverse  acoustical  phonon;  and  (2)  one  transverse  optical 
phonon  and  one  E2  phonon. 

SAMPLES  AND  EXPERIMENTAL  TECHNIQUE 

The  sample  investigated  in  this  work  was  a  wurtzite  stmcture,  'undoped  GaN  ( with  electron 
density  n  =  5xl0^^cm"^  )  grown  by  molecular  beam  epitaxy  on  a  (OOOl)-oriented  sapphire 
substrate.  The  z-axis  of  this  wurtzite  structure  GaN  is  perpendicular  to  the  sapphire  substrate 
plane.  The  thickness  of  the  GaN  layer  was  about  2  |am. 

Very  short  ultraviolet  laser  pulses  were  generated  by  the  frequency-doubling  of  a  dual-jet 
R6G  dye  laser,  which  was  synchronously  pumped  by  the  second  harmonic  ^of  a  cw  mode- 
locked  YAIG  laser  operated  at  a  repetition  rate  of  =76  MHz.  The  pulse  width  of  the  dye  laser 
was  about  800  fs  as  determined  from  the  autocorrelation  measurements.  This  dye  laser,- after 
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frequency-doubling,  provides  a  train  of  ultrashort,  ultraviolet  pulses  of  =600  fs  in  duration. 
The  photon  energy  was  chosen  to  be  ^C0l=  4.36  eV  so  that  electron-hole  pairs  could  be 
photoexcited  with  an  excess  energy  of  =  1  eV.  For  the  study  of  electron  distributions,  the  same 
laser  pulse  was  used  to  both  excite  and  probe  non-equilibrium  electron  distributions,  therefore, 
the  experimental  results  represent  an  average  over  the  laser  pulse  width.  On  the  other  hand,  in 
the  investigation  of  phonon  dynamics,  the  laser  was  split  into  two  equally  intense  but 
perpendicularly  polarized  beams.  One  is  used  to  excite  electron-hole  pairs  and  the  other  to  probe 
non-equilibrium  LO  phonon  populations  through  Raman  spectroscopy.  The  density  of 
photoexcited  electron-hole  pairs  was  determined  by  the  fitting  of  time-integrated  luminescence 
spectrum[2].  The  sample  was  kept  in  contact  with  a  cold  finger  tip  of  a  closed-cycled 
refrigerator.  The  temperature  of  the  sample  was  estimated  to  be  T  =25  K.  The  backward 
scattered  Raman  signal  was  collected  and  analysed  with  a  standard  Raman  setup  with  a 
photomultiplier  tube  ( for  electrons)  as  well  as  a  CCD  (for  phonons)  detection  systems. 

EXPERIMENTAL  RESULTS  AND  DISCUSSIONS 

Figs.  1  (a)  and  1  (b)  show  two  transient  single-particle  scattering  (SPS)  spectra  of  a  GaN 
sample  taken  atT=  25  K  and  for  electron  densities  n  =  3x10^*  and  5xl0^’cm“^,  respectively. 
Here,  the  scattering  geometry  of  z(x,y)z  was  used,  which  ensures  that  the  SPS  signal  comes 
from  light  scattering  from  spin-density  fluctuations [3,4].  One  intriguing  respect  of  the  Raman 
scattering  technique  is  that  since  Raman  scattering  cross  section  is  inversely  proportional  to  the 
square  of  the  effective  mass,  it  effectively  probes  electron  distributions  even  if  holes  are 
simultaneously  present.  We  have  used  the  theory  originally  developed  by  Hamilton  and 
McWhorter[5]  (but  appropriately  modified  for  our  experimental  conditions)  that  has  been 
demonstrated  to  be  able  to  explain  the  SPS  spectrum  very  well  in  the  equilibrium  case[6]  to 
interpret  these  SPS  spectra. 

We  note  that  in  fitting  the  experimental  results  with  the  theory,  three  parameters  were  used: 
r(the  damping  constant  involved  in  the  Raman  scattering  process),  t:  (electron  collision  time) 
and  Tgff  (the  effective  electron  temperature).  In  addition,  beacuse  the  photon  energy  used  in  the 
experiments  is  sufficiently  far  from  any  relevant  energy  gaps,  the  fitting  processes  are  not 
sensitive  to  the  detailed  band  structure  of  GaN. 

The  solid  curves  in  Figs.  1(a)  and  1(b)  are  theoretical  calculations  based  on  the  theory 
mentioned  above  with  Fermi-Dirac  distribution  functions  and  parameter  sets  that  best  fit  the 

data:  T,ff  =  800  K,  15  fs,  r=  20  meV  for  n  =  3xl0^^cm“^  and  T,ff  =  500  K,  t=  20  fs, 
r=  20  meV  for  n  =  5xl0^^cm■^  The  effective  temperature  of  electrons  have  been  found  to  be 
much  higher  than  that  of  the  lattice,  as  expected.  We  note  that  the  damping  constant  r=  20  meV 
involved  in  the  Raman  scattering  process  is  very  close  to  the  value  (=  13meV)  obtained  for 
GaAs  from  an  analysis  of  resonance  Raman  profile  under  the  equilibrium  conditions [7].  From 

the  quality  of  the  fit,  we  conclude  that  for  electron  densities  n  >  5xl0^^cm“^ ,  due  to  efficient 
momentum  randomization  the  electron  distribution  functions  in  wurtzite  GaN  can  be  very  well 
described  by  Fermi-Dirac  distributions  with  effective  temperature  of  the  electrons  much  higher 
than  that  of  the  lattice. 

Fig.  2(a)  shows  a  transient  polarized  Stokes  Raman  spectrum  of  a  GaN  sample  taken  at  T=: 
25  K  and  with  a  frequency-doubled,  cavity-dumped  single-jet  R6G  dye  laser  (  which  has  a 
pulse  width  of  about  2  ps  and  a  photon  energy  of  /iCOl  =4.36  eV),  in  z(x,x)z  scattering 
geometry;  where  x=  (100)  and  z=  (001).  Similar  Raman  spectrum  was  reported  by  Azuhata  et 
al.  at  T=  300  K[8].  The  sharp  peak  around  757  cm”^  comes  from  scattering  of  light  by  the  Eg 

phonon  mode  of  sapphire;  whereas  the  shoulder  close  to  741  cm“^  belongs  to  the  Ai(LO) 
phonon  mode.  Here,  we  note  that  Ei(LO)  phonon  mode,  which  has  a  frequency  very  close  to 
750  cm“\  does  not  contribute  to  the  Raman  spectrum  in  Fig.  2(a)  due  to  the  Raman  scattering 
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Fig.  1:  Single-particle  scattering  spectra  of  a 
wurtzite  structure  GaN  sample  taken  at  T  = 
25  K  and  with  an  ultraviolet  (  AcOl  =  '^•36 
eV ),  ultrashort  (  =  600  fs )  laser  for 
electron  densities  (a)  3x10^®  cm and  (b) 
5xl0^^cm"^,  respectively.  The  spectra  were 
fit  by  the  theory  in  Ref.  6  with  electron 
effective  temperature  and  electron 
collision  time  t  as  fitting  parameters. 


Fig.  2:  Transient  polarized  Stokes  spectrum 

(a)  and  anti-Stokes  Raman  spectrum; 

(b)  for  a  GaN  sample  taken  at  T  =  25  K  and 
with  an  ultraviolet  (  ^0)^  =  eV ), 
veryshort  (  =  2  ps )  laser.  For  clarity,  the 
anti-Stokes  Raman  signal  has  been 
magnified  by  a  factor  of  50. 


selection  rule[8].  The  anti-Stokes  Raman  spectrum  corresponding  to  Fig.  2(a)  was  shown  in 
Fig.  2(b).  Since  at  very  low  temperatures,  thermal  occupations  of  phonons  are  vanishingly 
small,  any  Raman  signal  observed  in  the  anti-Stokes  Raman  spectrum  must  arise  from  the 
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Fig.  3:  Time-resolved  anti-Stokes  Raman 
signal  (solid  circles)  as  a  function  of  the 
time  delay  for  the  Ai(LO)  phonon  mode 
in  a  GaN  sample  taken  at  T  =  25  K.  The 
solid  curve  represents  the  results  of  Monte 
Carlo  simulation  with  the  population 
relaxation  time  of  the  Ai(LO)  phonon 
mode  t:=  5  ps. 


Fig.  4:  Temperature  dependence  of  the  lifetime  of  Ai(LO)  phonon  mode  in  a  GaN  sample.  The 
soHd  curve  is  based  on  the  theoretical  calculations  of  Eq.  (1)  with  the  possible  decay  channels 
discussed  in  the  text. 
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presence  of  non-equilibrium  phonon  modes[9,10].  With  the  help  of  Stokes  Raman  spectrum  in 
Fig.  2(a),  we  can  make  the  following  identification:  The  broad  structure  centered  around  -741 
cm“^  comes  from  Raman  scattering  of  light  from  non-equilibrium  Ai(LO)  phonon  mode.  We 
note  that  within  our  experimental  uncertainty  there  is  no  detectable  non-equilibrium  phonons  for 
the  Eg  mode  of  sapphire,  which  is  consistent  with  the  fact  that  no  electron-hole  pairs  are 
photoexcited  in  the  sapphire  layer  under  our  experimental  conditions. 

Fig.  3  shows  the  time-resolved  non-equilibrium  population  of  Ai(LO)  phonon  mode  taken 
at  T  =  25  K  and  with  an  ultrashort  (  =600  fs),  ultraviolet  (^cOl  =4.36  eV)  laser  as  described 
before.  The  density  of  electron-hole  pairs  was  n  =  10^^ cm'^.  The  rise  and  the  decay  of  the 
signal  correspond  to  the  generation  and  decay  of  non-equilibrium  Ai(LO)  phonons[l  1,12].  To 
obtain  a  better  insight  onto  these  processes,  we  have  used  a  standard  Monte  Carlo  scheme[13] 
to  simulate  the  transient  dynamics  of  the  coupled  carrier-phonon  system.  A  single  phonon  decay 
constant  of  5  ps  was  used  here  under  the  relaxation  time  approximation  to  obtain  the  best  fit  to 
the  experimental  data. 

Fig  4  shows  the  measured  Ai(LO)  phonon  lifetime  as  a  function  of  lattice  temperature. 
Because  of  the  requirements  of  momentum  and  energy  conservation  in  the  interaction  of  the 
three  phonons,  an  optical  phonon  at  q=0  decays  into  two  phonons  of  opposite  momenta  with 
energies  which  sum  to  the  optical  phonon  energy.  Examination  of  the  phonon  dispersion  curve 
for  GaN  reveals  that  there  are  two  possible  decay  channels.  One  channel  is  decay  into  one 
transverse  optical  phonon  and  a  high  energy,  longitudinal  or  transverse  acoustical  phonon.  The 
other  channel  involves  the  creation  of  a  TO  phonon  and  a  E2  phonon.  Klemens[14]  used 
perturbation  theory  to  show  that  the  decay  of  the  LO  phonon  can  be  express  as 

dn/dt  = -n[l  +  ni(T)  +  n2(T)]/'ro  (1) 

where  Zq  the  decay  time  at  T  =  0  and  n^CT)  and  n2(T)  are  the  decayed  lower  energy  phonon 
occupation  numbers  at  the  lattice  temperature  T.  The  derivation  of  the  above  equation  assumes 
that  the  two  lower  energy  phonons  into  which  the  LO  phonon  decay  are  always  in  thermal 
equilibrium,  which  is  trus  for  the  present  experimental  conditions.  As  shown  in  Fig.  4,  we  have 
found  that  both  of  the  possible  decay  channels  described  above  are  consistent  with  our 
experimental  results.  Here,  the  energies  of  the  lower  phonon  branches  for  these  two  possible 

decay  channels  are :  TO(540  cm“^),  LA  or  TA(300  cm”‘);  and  TO(540  cm"^),  E2(300  cm"^), 
respectively. 

CONCLUSION 

In  conclusion,  an  ultraviolet,  ultrashort  laser  has  been  used  to  study  non-equilibrium 
electron  distributions  and  phonon  dynamics  in  wurtzite  GaN.  It  has  been  demonstrated  Aat  for 

electron  densities  n  >  5x10^^  cm"^,  the  electron  distributions  can  be  very  well  described  by 
Fermi-Dirac  distribution  functions  with  the  temperature  of  electrons  substantially  higher  than 
that  of  the  lattice.  In  addition,  the  population  relaxation  time  of  logitudinal  optical  phonons  was 
directly  measured  to  be  1:  =  5  ±  1  ps.  Our  experimental  results  on  the  temperature  dependence  of 
the  lifetime  of  longitudinal  optical  phonons  suggest  that  the  primary  decay  channels  for  these 
phonons  are  the  decay  into  (1)  one  transverse  optical  phonon  and  one  high  energy,  longitudinal 
or  transverse  acoustical  phonons;  and  (2)  one  transverse  optical  phonon  and  one  E2  phonon. 
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Optical  Properties 
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ABSTRACT 

The  electronic  structure  of  a  set  of  several  tens  of  a  few  micrometer-thick  GaN 
epilayers  grown  by  MOVPE  on  (OOOl)-oriented  sapphire  is  investigated  by  means  of 
photoluminescence  and  reflectance  spectroscopy.  The  strain-fields  effects  are  quantitatively 
interpreted  using  a  group  theory  analysis  which  predicts  seven  pertinent  parameters:  the  crystal 
field  splitting,  two  spin-orbit  interaction  parameters  and  four  deformation  potentials.  From  a 
theoretical  point  of  view,  we  also  examine  the  exciton  problem.  We  establish  the  selection  rules 
which  control  the  strength  of  optical  transitions  for  Ts  and  Ti  excitons,  and  estimate  the 
electron  hole  exchange  interaction  and  the  longitudinal  transverse  splitting  of  A,  B,  C  excitons. 
Raman  spectroscopy  measurements  are  performed  at  various  temperatures  to  observe  the 
strain-induced  shift  of  Raman  frequencies.  We  determine  four  phonon  deformation  potentials 
in  w-GaN. 

INTRODUCTION 

Gallium  Nitride  and  its  alloys  with  InN  and  AIN  have  recently  emerged  as  important 
semiconductor  materials  with  applications  to  yellow,  green,  blue  and  ultraviolet  portions  of  the 
spectrum  as  emitters  and  detectors  and  high  temperature  electronics.  The  difficulties  to  realize 
single  crystals  with  prehensile  sizes  have  long  prevented  large  scale  investigations  and  have 
compensated  potentialities  of  GaN  linked  to  its  robustness  and  to  the  large  value  of  its  direct 
fundamental  bandgap.  Modern  deposition  techniques  have  recently  revealed  the  possibility  to 
synthesize  micrometer  thick  GaN  layers  in  epitaxial  relation  with  a  substrate,  which  display 
very  good  structural  and  purity  properties,  which  can  be  doped  n  and  p  type.  GaN 
heteroepitaxies,  where  the  thin  layer  is  deposited  on  lattice  mismatched  substrates  like  sapphire 
or  6H-SiC,  or  ZnO,  or  zeolites  constitute  a  prototype  case  for  modem  semiconductor 
studies[l].  Very  recently,  pulsed  room  temperature  operation  of  410  nm  semiconductor  lasers 
with  important  implications  to  digital  storage,  the  shortest  wavelength  ever  from  a 
semiconductor,  has  been  reported[2].  Such  lasers  are  based  on  the  epitaxial  growth  of  several 
nitrides  layers  in  sophisticated  architectures  in  order  to  produce  both  carrier  and  photon 
confinements  ,  and  efficient  high  current  injection.  The  alloys  of  interest,  namely  AlGaN  and 
InGaN,  display  strong  lattice  mismatch  with  sapphire  and  6H-SiC,  the  substrates  currently 
used.  From  extensive  investigations  in  strained  epilayers,  it  has  been  clearly  demonstrated  that 
residual  strain  often  creates  defects,  which  can  have  severe  and  deleterious  influence  on  device 
performances  in  general,  and  on  lifetime  in  particular.  Control  of  these  residual  strains 
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constitutes  an  actual  issue  in  the  race  towards  production  of  advanced  devices,  since  for 
instance,  advantage  of  them  can  be  taken  to  reduce  lasing  thresholds  in  quantum  wells[3]. 

Optical  spectroscopy  techniques  have  long  been  recognized  as  extremely  efficient 
methods  to  investigate  semiconductor  bulk  compounds  as  well  as  heterostructures.  If  excitons 
where  early  found  to  be  well  adapted  probes,  phonons  which  are  straightforward  signatures  of 
bonds  can  be  used  to  sample  strains  fields,  interface  morphologies,  phase  mixing..,, In  this 
article  we  address,  using  group  theory,  the  modeling  of  strain  field  effects  on  excitons  and 
phonons  in  w-GaN.  The  predictions  of  this  approach  quantitatively  account  for  experimental 
results  taken  on  epilayers  grown  by  low  pressure  Metal  Organic  Vapor  Phase  Epitaxy  on  c- 
plane  sapphire  which  are  found  to  experience  in-plane  biaxial  compression.  A  quantitative 
agreement  if  found  between  the  shifts  of  the  exciton  lines  and  the  hardening  of  the  Raman 
modes.  The  prediction  of  our  modeling  are  extended  to  optical  properties  of  w-GaN  grown  on 
6H-SiC  and  we  show  that  in  that  case,  the  crystal  field  splitting  may  be  offset  by  the  biaxial 
tension  in  the  epilayer, 

BAND  STRUCTURE  PROPERTIES  IN  THE  WURTZITE  PHASE 

In  a  spin-less  description,  the  properties  of  the  top  most  of  the  valence  band  of  the  III- 
V  semiconductors  can  be  qualitatively  related  to  the  properties  of  p-like  orbitals.  In  case  of 
cubic  crystal  we  have  a  threefold  degeneracy  which  will  be  lifted  by  symmetry  breaking.  Strain 
fields  applied  along  one  highly  symmetric  orientation  like  (001)  or  (111)  are  efficient 
symmetry-breaking  perturbations  giving  a  valence  band  splitting  between  one  single  state  and  a 
doublet  one,  when  the  symmetry  of  the  crystal  is  lowered  from  Ta  towards  D2ci  or  Csv  ■ 
Similarly,  in  the  wurtzite  Cev  simple  group  ,  the  threefold  triplet  of  p  states  transform  like  T i  + 
Ts  ,  with  eigenvectors  being  pz  and  (px,  Py)  respectively.  The  Fi  -  Fs  splitting  is  named  crystal 
field  splitting  and  noted  A],  A  convenient  way  to  write  the  related  hamiltonian  is  He,  =  Ai  F  , 
where  F  is  the  z  projection  of  the  hole  (spinless)  angular  momentum.  Group  theory  predicts 
dipole  allowed  transitions  towards  the  s-like  conduction  band,  which  are  submitted  to  selection 
rules  in  c  and  tc  polarization  as  shown  on  figure  1.  The  crystal  field  parameter  Ai  is  a  very 
sensitive  probe  of  the  value  of  the  c/a  ratio  in  the  wurtzite  crystal,  c/a  is  coupled  to  the 
internal  structural  parameter  u,  the  relative  displacement  of  the  anion  versus  the  cation 
sublattice  along  the  c  axis.  This  makes  A]  extremely  difficult  to  be  computed  accurately.  A 
more  convenient  way  is  to  measure  it  experimentally,  what  will  be  done  below.  In  Td 
symmetry,  when  the  valence  electron  is  attributed  its  spin,  a  fourfold  Fg  level  is  distinguished 
from  a  deeper  F?  valence  band  doublet.  The  transitions  between  the  conduction  band  and  all 
these  levels  are  dipole  allowed.  Any  lowering  of  cubic  symmetry  of  the  kinds  mentioned  above 
leads  to  a  splitting  of  the  Fg  level.  When  the  perturbation  is  sufficiently  symmetric,  one  state 
remains  uncoupled  with  rest  of  the  valence  band  while  the  second  one  is  coupled  by  the 
perturbation  with  the  spin-orbit  split-off  state.  In  the  Csv  double  group,  the  symmetries  of  the 
valence  band  states  are  labeled  F9,  F?  and  F7.  In  our  parametrization,  we  prescript  the  spin- 
orbit  hamiltonian  to  be  invariant  under  symmetry  operations  in  both  spin  and  ordinary  spaces. 
This  gives:  Hgo  =  1/3  Ago  (ha)  and  Hgo  =  A2  Fa^  +  A3  (Fa^  +  lyCJy)  in  cubic  and  wurtzite 
symmetry  respectively.  There  is  a  general  trend  in  the  III-V  and  II- VI  semiconductors:  the 
splitting  of  the  top  most  valence  band  due  to  the  spin  orbit  interaction  increases  with  the 
atomic  number  of  the  anion.  In  the  case  of  GaN,  and  in  the  framework  of  the  tight  binding 
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description  of  the  valence  band,  we  expect  the  spin  orbit  interaction  to  be  close  to  the  value 
computed  for  the  2p  state  of  the  free  nitrogen  atom  (13,6  meV)[4]. 


1.58  1.60  1.62  1.64  1.66 

c/a  ratio 


Figure  1:  Sketch  of  the  F  =  0  band  gap  Figure  2:  Crystal  field  splitting  in  wurtzite 

transitions  in  a  spinless  description  of  the  GaN  calculated  as  a  function  of  the  c/a  ratio 

wurtzite  GaN  crystal.  7t  and  a  polarizations  with  u  relaxed  at  each  point.  The  result  is 

correspond  to  electric  field  parallel  and  extracted  from  the  theoretical  calculation  of 

perpendicular  to  the  c  axis  respectively.  ref  [4]. 

In  the  unstrained  crystal  the  valence  band  Hamiltonian  writes  Hvai  =  Her  +  Hso  to  which  we  have 
to  add  a  third  contribution,  Hs^ain  to  account  for  the  strain-fields,  if  any.  In  this  paper,  following 
arguments  we  earlier  exposed  in  [5],  we  will  limit  this  hamiltonian  to  most  spin-independent 
deformation  potentials.  For  the  convenience  of  any  fiiture  discussion,  in  this  paper,  we  choose 
to  label  the  deformation  potentials  following  Sandomirskii[6].  The  strain  hamiltonian  writes: 

H^train  =  (Cj  +  C3L,')ezz  +  (C2  +  C4L,')ei  +  CsCLl  e.  +  L^e.)  +  Ce  { [L^L.]  e.,  +  [UL.Je.z} 

where 

L±=  l/V2(Lx  ±  iLy),  2[LiLj]  =  LjLj  +  LjL; 

~  Cxx  "t"  eyy  ,  e+  —  exx  i  2iexy  -  Cyy ,  e+z  —  exz  i  icyz 

In  our  case,  making  the  assumption  that  the  residual  stress  X  is  biaxial  in  the  (0001)  plane,  and 
using  the  compliance  tensor  of  the  Sy  quantities  in  wurtzite  symmetry,  we  obtain  two  non¬ 
vanishing  components  of  the  strain  exx  =  (sh  +  Si2)X,  ezz  =  (sis  +  Si2)X[5]  Thus,  in  our  case, 
the  evolution  of  the  valence  band  extrema  is  ruled  by  four  deformation  potentials:  Cj  with  i 
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running  from  1  to  4.  Analytical  expressions  are  obtained  which  give  the  evolution  of  the  three 
valence  band  levels. 

E(r9v)  =  Eo  +  Ai  +  A2  +  Cie^z  +  C2(exx+  Cyy)  +  Csezz  +  C4(exx+  Syy) 


E(rr  )  _ 

V  - 


E.  + 


Ai  -  A2 


+  C,  e^. 


+  eyy)+ 


€36..  +C4(e_  +eyY) 


j[  A  -A^  +C  e  +C  re  4-e  )  f  +  8A= 

2  3zz  4^  XX  yy  -* 

2 

We  have  earlier  shown  in  [5]  that,  making  a  linear  approximation  of  the  stress  behavior  for  the 
two  levels  can  give  a  relatively  good  estimation  of  61  1^2  (where  5i  =  CiCzz  +  C2(e)cx+eyy), 

62  C4(  Cxx  ^yy)  and  T|  I  . —  -  • 

y(Ai  -  A2)^  +  8A^ 

To  go  further,  the  secret  of  the  method  we  detailed  in  our  original  work  in  ref  [5]  requires  to 
plot  energies  of  A,B,C  excitons  against  the  energy  of  the  fundamental  one  A.  In  such  a 
dimensionless  diagram,  from  data  collected  in  the  literature  of  the  time,  we  got  5i  =  1.86 
meV/kbar,  62  =  -  0.86  meV/kbar,  and  r\  «  0.22.  This  led  us  to  propose  the  following  values 
for  the  crystal  field  splitting  and  spin-orbit  interaction  parameters  A^  =10  ±  0. 1  meV,  A^  =  6.2  ± 
0.1  meV,  A3  =  5.5±0.1  meV. 


EPITAXY  AND  OPTICAL  CHARACTERIZATION  OF  GaN  EPILAYERS  ON  C-PLANE  AI2O3 


The  GaN  layers  of  which  we  study  the  properties  here  have  been  grown  by  low 
pressure  MOVPE  (76  Torrs)  in  an  ASM  OMR  12  MOCVD  equipment.  The  precursors  we 
used  are  triethylgallium  (TEGa),  triethylaluminum,  (TEA!)  and  ammonia  (NH3).  The  substrates 
were  (0001)  sapphire.  Both  sides  were  polished  by  the  manufacturer  so  that  accurate 
transmission  experiments  could  be  easily  performed  to  calibrate  growth  rates  of  the  thin  low 
temperature-grown  GaN  or  AIN  buffer  layers  and,  when  further  deposited  ,  growth  rates  of  the 
crystalline  epilayers.  This  is  of  crucial  importance  since  a  lot  of  parameters  had  to  be  varied  so 
that  we  could  change  the  magnitude  of  the  residual  strain  in  the  epilayers.  At  the  initial  steps 
of  this  work  we  prepared  the  sapphire  substrate  as  follows:  after  cleaning  with  organic 
solvents  and  etching  using  a  H3PO4:  3  H2SO4  hot  solution,  it  underwent  a  surface  nitridation 
step  by  heating  at  1070°C  under  a  NH3  flow.  We  investigated  samples  grown  at  temperatures 
ranging  between  950  and  1040°C.  Last  but  not  least,  the  influence  of  the  V/III  molar  ratio  was 
studied  by  keeping  the  molar  flow  rate  of  TEGa  constant  (65  seem  at  20°C),  but  scaling  the 
NH3  flow  rate  in  the  range  300  -  4000  seem.  Extensive  details  were  given  in  refs.  [7,8]. 

Figure  3 (bottom)  displays  a  typical  2K  sharp  near  band  edge  photoluminescence 
spectrum  together  with  its  corresponding  reflectivity  data  (top).  The  2K  photoluminescence 
spectrum  is  dominated  by  free  exciton  contribution  as  evidenced  by  the  absence  of  Siokes-shift 
with  respect  to  the  reflectance  data.  At  lower  energy  we  observe  the  weak  contribution  of  a 
residual  donor  as  an  evidence  of  the  exceptional  purity  of  the  sample.  Obtention  of  so  nice 
photoluminescence  data  is  not  trivial  and  most  of  our  samples  display  photoluminescence 
dominated  by  bound  exciton  recombination  at  2K.  However  their  300K  luminescence  is 
intrinsic  in  nature.  This  we  illustrate  more  concretely  in  figure  4.  The  top  of  the  figure  shows 
reflectance  and  photoluminescence  spectra  collected  at  2K.  In  the  2K  reflectance  data,  the 
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signatures  of  the  three  A,B,C  excitons  are  clearly  observed,  which  give  the  position  of  the 
bandgaps,  as  well  as  undulations  at  low  energy  in  the  region  where  the  crystal  is  transparent  to 
the  light.  These  contrasted  undulations  which  were  fitted  in  order  to  calibrate  growth  rates,  are 
again  evidence  of  the  remarkable  control  of  epilayer  thickness.  At  the  bottom  part  of  the  figure 
straightforward  comparison  of  the  300K  photoluminescence  spectrum  with  the 
photoreflectance  spectrum  taken  at  the  same  temperature  is  nice  evidence  of  the  intrinsic 
nature  of  the  PL  in  our  samples  at  this  temperature. 


Energy  (eV) 


Energy  (eV) 


Figure  3;  2K  intrinsic  photoluminescence 
in  near  band  edge  region  of  a  thin  epilayer 
and  associated  reflectivity  (top)  with  three 
marked  signatures  of  A,  B,  C  excitons. 


Figure  4:  Photoluminescence  at 
2K  and  300K  for  unoptimized  GaN 
epilayers.  The  intrinsic  nature  of 
the  RT  photoluminescence  is  obvious. 


Growing  the  GaN  samples  under  slightly  different  conditions  may  give  epilayers  still 
having  nice  photoluminescence  and  reflectance  features.  We  however  observed  that  the 
reflectance  (or  photoluminescence)  lines  are  energy  shifted  in  relation  with  these  growth 
conditions.  The  V/III  molar  ratio  is  for  instance  found  to  have  significant  impact  on  both 
residual  electron  incorporation,  and  residual  strain  fields.  Using  a  GaN  buffer  layer  and  scaling 
the  V/III  molar  ratio  between  2,000  and  10,000  epilayers  with  residual  electron  concentrations 
ranging  from  10^*’  cm'^  down  to  10^^  cm'^  were  grown.  Decreasing  this  molar  ratio  through  this 
range  of  values,  we  could  simultaneously  and  continuously  correlate  it  to  a  blue-shift  of  the 
reflectance  and  photoluminescence  lines  reaching  up  to  20  meV.  Using  an  AIN  buffer  layer  and 
further  depositing  a  GaN  epilayer  in  a  given  experimental  context  led  to  epilayers  generally 
more  strained  than  if  using  a  GaN  buffer  layer.  If  the  growth  process  is  not  varied  except  for 
the  deposition  time,  the  thicker  the  layer,  the  smaller  the  residual  strain.  Last,  we  have  found 
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that  the  recrystallization  process  of  the  buffer  prior  to  deposition  of  the  w-GaN  layer  is  found 
to  be  a  relevant  parameter.  The  influence  of  this  is  not  fully  understood  to  date,  but  work  is 
currently  in  hands  in  our  laboratory  to  address  this  issue. 

A  careful  line  shape  analysis  of  the  reflectivity  data  was  made  on  a  set  of  samples 
grown  under  a  large  variety  of  experimental  conditions.  This  analysis  was  made  in  the  context 
of  a  non  local  description  of  the  dielectric  constant  and  using  three  oscillators  to  estimate  the 

energies  of  A,  B  and  C  excitons[7]. 

- -  Simultaneously  with  the  change  in 

j  GaN/Sapphire  photoluminescence  energy  from 

/  T  =  2K  sample  to  sample,  we  observe,  as 

/  A  shown  in  figure  5,  a  significant  change 

y  i  .  V/lll  =  2000  in  the  reflectivity  line  shape  together 

/  I  Tg  =  980“C  with  a  remarkable  change  of  the 

^  /  I  B  ^  e  =  2.4  pm  exciton  energies.  These  changes  we 

S  attribute  to  effects  of  residual  strain 

§  ^  A  /  fields  in  the  epilayers.  Monemar  et 

xi  I  al.[9,10]  also  reported  the  effect,  and 

3  j  ji  ^  V/lll  =  5000  in  addition,  qualitatively  showed  that 

^  /  II  r\  "^e- compressive  strain  field 

w  J  jl  characteristics  of  sapphire  substrates 

0)  '1/  could  be  switched  to  dilatation  if 

^  '  grown  onto  SiC.  Their  reflectance 

l\  structures  are  dominated  by  a  strong 

I  \r^/,„  =  8000 

V  Tg  =  980°C 

I  \  e  =  4.4  pm 


V/lll  =  5000 
Tg  =  1010“C 
e  =  2.3  pm 


dilatation  icompression 


Energy  (eV) 

Figure  5  :  some  typical  2K  Photoluminescence  and 
reflectance  features  observed  in  our  samples. 

3.473  meV  structure  and  a  significantly  intense  one  at 
3.489  meV[ll].  They  suggested  to  interpret  their  data 
classically,  in  terms  of  effects  of  differences  between 
thermal  expansion  coefficients  of  the  substrates  and 
epilayers.  We  now  wish  to  evidence  strain-related 
effects  on  oscillator  strengths.  The  experimental  data 
were  plotted  in  figure  5  by  scaling  them  in  such  a  way 
that  amplitudes  of  A  lines  are  identical  from  sample  to 
sample.  Simultaneously  with  the  blue-shift  of  the 
three  transitions  observed  when  the  biaxial 
compression  experienced  by  the  GaN  epilayer 
increases,  we  observe  a  collapse  of  the  intensity  of  C 


ZnO  substrate 
ref.14 


GaN  on  sapphire 
and  others  ... 


3440  3460  3480  3500 

Energy  of  A  line  (meV) 


Figure  6:  Fit  to  the  data  using  our 
set  of  valence  band  parameters 
given  above  in  the  paper. 
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and  an  increase  of  the  strength  of  B.  The  fit  to  the  data  is  addressed  in  figure  6.  Full  and 
dotted  lines  correspond  to  the  result  of  the  calculation  using  the  valence  band  parameters  given 
above  and  obtained  from  the  whole  literature[5].  The  full  circles  correspond  to  some  selected 
points  taken  on  our  own  epilayer  (they  all  match  to  the  fitting).  Added  to  the  plot  are  other 
results  corresponding  to  samples  grown  on  fiH-SiC  (open  circles) [12, 13]  and  ZnO[14]  ,  We 
remark  from  ref  [13],  that  the  crystal  field  splitting  can  be  offset  under  biaxial  dilatation  as 
predicted  theoretically.  Last  we  conclude  this  section  by  emphasizing  the  disagreement 
between  the  data  of  refs.  [10,1 1]  and  our  modeling  which  seems  to  indicate  that  some  different 
relaxation  phenomena  may  occur  in  some  samples.  In  the  case  of  ref  10  (open  squares),  it  is 
obvious  that  data  interpretation  requires  to  superimpose  to  the  biaxial  stress  an  additional 
component  which  behaves  like  a  hydrostatic  pressure.  There  is  however  a  general  trend  which 
is  observed  by  all  authors;  the  stress  induced  variation  of  the  excitonic  oscillator  strengths. 

EXCITON  STATES  AND  EXCHANGE  INTERACTION 


The  exciton  hamiltonian  Sexc  is  written[15]: 

lilexc  He  =  0  "t"  Hestrain  Hv=0  Hvstrain  Hgxc 

where  Hv  =  o  (He  =  o  )  are  the  strain-free  valence  (conduction)  band  hamiltonians  and  Hvstrain 
(Hestrain  )  are  their  respective,  which  account  for  strain-related  effects  on  the  evolution  of  band 
extrema.  The  last  operator  in  the  right  hand  part  of  equation  above,  we  write  it ; 

Hexc  =  R*  +  ’/2  y  Ch.ac 

where  R*  is  the  customary  exciton  binding  energy  and  the  last  term,  y  is  the  crystalline 
exchange  interaction.  Operators  Oh  and  Oc  operate  on  valence  hole  and  conduction  electron 
spin  functions.  In  the  configuration  the  experiments  are  made,  when  the  photon  is  propagating 
along  the  z  direction,  the  radiative  exciton  states  are  those  having  T 5  symmetry  .  Their  eigen 
energies  are  obtained  from  solution  of  the  following  matrix: 


ir5>  Ir5>‘  ir5>" 

Ai  +  A2  +  §1  +  62 -l/2y  -y  0 

-y  Ai  -  A2  +  5i  +  82 -l/2y  V2A3 

0  V2A3  61  +  l/2y 

The  excitons  eigen  vectors  are  written  'Lexers  =  u|r5>  +  co  |r5>  +  ta  1  Es >",  where 
these  vectors  express  as  a  function  of  the  following  linear  combinations:  p+  =  -(px  +  ipy)/V2  , 
and  p.  =  (px  -  ipy)/>/2,  where  spin  components  of  the  missing  valence  electron  are  T  and  -I ,  and 
where  a  and  (3  represent  the  spin  components  of  the  conduction  electron  : 

|r5>  =  {p+ ta  ,  p.ip},  lr5>  ={p+ ip  ,  p.ta},  and  |  r5>"  =  {pz  ia  ,  pztp). 

Their  oscillator  strengths  (o-polarization)  are  I  flexcrs  I  ^  ~  (  +  co^)  /  2. 
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We  have  calculated  y,  extending  to  the  GaN  case  the  two-body  calculation  developed  in  ref.  16 
for  a  few  II- VI  compounds.  The  pertinent  parameter  of  the  model  is  the  product  p  of  the 
exciton  radius  with  an  had  hoc  radius  of  an  effective  Brillouin  zone  (BZ  hereafter).  This  k^ 
is  introduced  to  replace  the  tedious  integration  in 
k  space  through  the  whole  actual  BZ  by  an  3520 
integration  over  a  spherical  space  having  the 
volume  of  this  BZ.  It  has  been  shown  in  ref  16 
that  km  can  be  connected  to  the  lattice  parameter  a 
using  a  well  adapted  scaling  argument.  For  GaN,  >3®°° 
taking  a  =  3.19A  gives  km  =  0.873  A'\  To  £ 
calculate  p  ,  we  need  the  exciton  Bohr  radius  in  ^ 

GaN.  Recent  determination  of  exciton  masses[17]  ®  3430 
suggest  ae  =  34  ±  2  A.  This  gives  /?  =  30  ±  2,  ^ 
which  corresponds  to  an  exchange-influenced  Is  3470 
exciton  binding  energy  of  about  85%  of  R*  (1/pi^ 

=  0.85 1±  0.006  in  the  model  of  ref  16).  The  3460 
exciton  exchange  energy  2y  is  thus  estimated  to  be 

3450 

-15  -10  -5  0  5  10 

Biaxial  stress  (kbar) 


-20  -10  0  10  20 
Biaxial  stress  (kbar) 

Figure  8:  Stress-induced  evolution  of  the 
excitonic  (dashed  lines)  and  band  to  band 
(full  lines)  oscillator  strengths  in  the  case  of 
a-polarization. 


Figure  7:  Stress-induced  evolution  of 
the  radiative  exciton  levels  in  w-GaN 

some  15%  of  the  binding  energy.  Further 
using  a  Rydberg  energy  of  26.7  meV[18], 

the  magnitude  of  the  corresponding  y  we  get 
(  ~  2  meV),  is  far  from  being  negligible. 
Figure  7  illustrates  the  evolution  of  these 
Ts  excitons  versus  biaxial  stress.  We  have 
also  included  the  two  Fi  excitons  which  are 
allowed  in  71  polarization.  A  detailed 
treatment  of  this  can  be  found  in  ref  15. We 
now  plot  the  excitonic  (dashed  lines)  and 
band  to  band  (full  lines)  oscillator  strengths  in 
o-polarization  as  a  function  of  the  biaxial 
stress  in  figure  8. 

We  remark  that  inclusion  of  the  exchange 
interaction  does  not  significantly  alter  the 
predictions  of  the  band  to  band  calculation. 
Band  to  band  transitions  between  r?*" 
and  r9''  keep  a  constant  oscillator  strength 
(0,5  in  our  notation)  whatever  the  stress  is. 
Band  to  band  transitions  we  note  that  B  and 
exchange  their  oscillator  strength  when  the 
nature  of  the  residual  stress  varies  from  biaxial 
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tension  to  biaxial  compression.  We  also  remark  that  values  expected  in  a  cubic  environment 
(1/6  and  1/3  respectively)  are  computed  when  the  crystal  field  splitting  is  offset  by  the  biaxial 
tension.  An  exact  matching  to  these  values  would  be  obtained  by  using  an  isotropic  spin-orbit 
interaction. 


LONGITUDINAL-TRANSVERSE  SPLITTING  OF  THE  EXCITON 


When  fitting  the  lineshape  of  the  three  imbricate  reflectance  structures,  the  dielectric  constant 
was  modeled  using  a  set  of  three  oscillators,  as  shown  in  the  equation  below[19]: 


s(k,G))  =  Eb  +  Z 


47ianiC0 


Oj^  Oj 


j  =  1  G)  oj  -  /  ITlj  )0)  Oj  -  W  -  iUjCO 


where  8b  is  the  background  dielectric  constant,  cooj  is  the  transverse  frequency  related  to  the 
exciton  j  with  an  effective  mass  mj*,  Aj  =  47uaoj  is  the  polarizability  of  the  exciton  resonance  at 
(0  =  0  and  k  =  0,  and  Tj  is  the  damping  parameter  used  to  account  the  interactions  of  the 
excitons  with  the  phonons  and  extrinsic  defects.  For  each  exciton,  the  longitudinal  transverse 
splitting  is  given  by  :  colt  ~  27raco/8b .  For  excitons  A,  B,  and  C  we  found  47ra  to  be  17  10'^, 
6.5  10'^,  and  7.8  10'^  respectively  for  a  sample  giving  these  resonances  at  3477  meV,  3.486 
meV,  and  3.506  meV  at  2K.  From  the  relation  above,  this  simplified  model  enables  us  to 
estimate  in  the  simplest  approach  the  following  values  for  the  longitudinal  splittings  of  these  Fs 
excitons:  (Olt(A)  =  3  meV,  colt(B)  =  1.2  meV,  colt(C)  =  1.4  meV.  Monemar  [11]  reports 
observation  of  a  doublet  structure  at  3.477  eV  and  3.479  eV  and  thus  suggests  colt(A)  =  2 
meV.  Although  these  determinations  are  very  preliminary,  they  are  consistent  with  each  other. 
It  is  obvious  that  these  calculated  values  are  only  qualitative  ones,  and  we  believe  that  better 
determination  requires  detailed  investigations  of  the  exciton  polariton  problem  in  w-GaN 
layers.  The  lack  of  accurate  information  concerning  the  six  mass  parameters  ,  the  equivalent  of 
Luttinger  parameters  in  zinc  blende  crystal  currently  prevents  to  address  this  issue;  full 
treatment  requires  to  know  exciton  dispersion  relations  in  various  strain  situations.  The 
determination  of  the  oscillator  strength  of  C  exciton  is  further  complicated  by  its  interaction 
with  either  the  2S  excited  state  of  A  or  its  corresponding  continuum,  depending  on  strain.  This 
could  explain  why  although  the  fitted  oscillator  strength  for  A  and  B  exciton  follow  the 
calculated  trend  on  figure  8,  the  oscillator  strength  we  find  for  C  is  larger  than  expected 
theoretically. 

PHONON  DEFORMATION  POTENTIALS 


The  q  =  0  phonon  frequencies  have  been  measured  by  Raman  spectroscopy  in  a  series 
of  layers  grown  under  different  V/III  ratio  conditions,  in  which  stress  calibration  has  been 
carried  out  through  reflectance  measurements[20].  A  group  theory  analysis  of  q  =  0  lattice 
vibrations  predicts  six  optical  modes  which  decompose  as  follows  into  the  following 
representations  of  the  Cev  point  group;  Fopi  =  Ai  +  Ei  +  2E2  +  2Bi.  The  polar  modes  Ai  and  Ei 
-both  infra-red  and  Raman  active-  are  polarized  along  the  z  optical  axis  and  in  the  basal  (x,y) 
plane  respectively  (x,y,z  represent  the  crystal  principal  axes).  Concerning  the  other  -non 
polar-  lattice  vibrations,  the  E2  modes  are  Raman  active  whilst  the  Bi  modes  are  silent. 
Obviously,  the  anisotropic  structure  of  GaN  together  with  the  partially  ionic  character  of 
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crystal  bonding  have  strong  influence  on  the  dynamical  properties.  The  anisotropy  in  short- 
range  atomic  forces  is  thus  responsible  for  the  Ai  -Ej  splitting  while  the  long-range  Coulomb 
field  is  at  the  origin  of  the  longitudinal-transverse  (LO-TO)  splitting  of  polar  modes.  This 
results  in  direction-dependent  frequencies  and  polarization  properties  when  approaching  the 
limiting  q  =  0  value  along  or  perpendicularly  to  the  optical  axis.  The  changes  in  frequency  of  q 
=  0  phonons  under  stress  are  obtained  in  first  order  perturbation  theory  in  terms  of 
deformation  potential  constants.  Under  hydrostatic  or  biaxial  (0001)  oriented  stress,  the  shifts 
of  the  phonon  frequencies  can  be  expressed  in  the  following  way: 

Avj  =  2a’jOkx  +  b’jOzz ,  J  =  Ai,Ei,  orEz 

The  (Tii’s  are  the  diagonal  components  of  the  stress  tensor,  with  Cxx  =  <Jzz  for  the  hydrostatic 
pressure  and  cTzz^  0  for  biaxial  (0001)  stress.  The  coefficients  a’j  and  b’j  are  expressed  in 
terms  of  elastic  constants  and  deformation  potential  constants  as: 
a’j  “  3-j  (Sii  +  S12)  +  bj  Si3  and  b’j  =  2ajSi3  +  bjSss 

where  aj  represents  the  change  in  frequency  of  phonon  J  per  unit  relative  change  of  length 
along  z,  and  bj  is  its  counterpart  along  x. 

Values  of  the  biaxial  stress  coefficient  K®j  =  dvj  /da  where  a  =  -Oxx,  (  a  >0  for  compression) 
were  estimated  from  Raman  data  on  the  strained  layers.  A  first  relation  between  the  aj  ‘s  ani^  bj 
‘s  can  be  established: 

2a,(S,i  +  S,2)  +  2bjS,3  =  -K®, 

One  more  relation  is  needed  for  the  determination  of  the  {  aj,  bj }  set  of  deformation  potential 
constants.  It  can  be  obtained  from  hydrostatic  pressure  Raman  measurements  carried  out  by 
Perlin  et  al.[21]  on  bulk  GaN  crystals  since: 

2(Si,  +  S12  +  S,3)a,+  (2S,3  +  S33)  b,  =  -K”, 


WAVENUMBER  (cm”') 

Figure  9:  Unanalyzed  Raman  Spectra,  for 
E2  mode  in  different  GaN  layers. 


The  Raman  spectra  were  excited  in  backscattering 
geometry  along  <000 1>,  using  the  488  nm 
radiation  of  an  Ar"'  laser.  The  scattered  light  was 
analyzed  with  a  T800  triple  spectrometer 
equipped  with  a  conventional  photon  counting 
system.  Although  the  actual  scattering  geometry 
allows  the  observation  of  the  Ai  (LO) 
extraordinary  phonon  and  that  of  the  two  E2 
modes,  the  low  frequency  E2  mode  at  144  cm*' 
was  hardly  detected  due  to  far-off  resonant 
conditions  with  respect  to  the  yellow 
photoluminescence  band.  No  reliable  conclusions 
could  then  be  drawn  concerning  this  mode.  Figure 
9  shows  the  non-analyzed  Raman  spectra  of  the 
heterostructures  in  the  frequency  range  of  the 
highest  E2  mode.  The  asterisk  marks  one  of  the 
sapphire  lines  at  578  cm‘\  A  shift  of  the  E2  mode 
frequency  is  clearly  observed  with  respect  to  the 
sapphire  line  at  578  cm'\  corresponding  to  mode 
hardening  with  decreasing  V/III  ratio.  To  a  lesser 
extent,  the  same  trend  is  noted  for  the  Ai  (LO) 
mode.  Phonon  frequency  as  a  function  of  biaxial 
stress  in  GaN  is  deduced  from  our  Raman 
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measurements  for  the  E2  and  A]  (LO)  modes.  Details  cand  be  found  in  ref  [20],  Least  square  fit 
gives  for  the  slopes  the  following  values  Ke2^  =  2.9±0.3  cm'VOPa  and  Kai(lo)^  =  0.8±0.4  cm' 
VGPa,  taking  for  elastic  compliance  constants  values,  results  of  a  calculation  obtained  fi-om  the 
elastic  stiflfness  coefficients  Cu  =  296  GPa,  C12  =  130  GPa,  Cu  =  158  GPa,  C33  =  267  GPa 
[22],  Despite  the  large  imprecision  in  the  Kai(lo)^  pressure  coefficient,  due  to  rather  weak 
Raman  efficiency  of  the  mode,  its  lower  value  undoubtflilly  reflects  the  weak  influence  of  the 
in-plane  biaxial  stress  to  the  Ai(LO)  compared  to  the  E2  mode.  The  hydrostatic  pressure 
coefficients  of  the  modes  were  taken  from  the  measurements  of  Perlin  et  al[21],  performed 
apparently  on  a  heavily  doped  sample  as  they  failed  to  observe  the  Ai(LO)  mode  in 
backscattering  geometry  along  <000 1>.  We  adopt  the  pressure  coefficient  of  their  Aj  (TO) 
mode,  in  fact  the  phonon-like  component  of  the  Ai(LO)  plasmon  coupled  mode[23].  For  Ke2” 
=  4. 17  cm'VGPa  and  Kai(lo)^  =  4.06  cm'VGPa,  we  obtain  the  two  sets  of  deformation  potential 
constants  for  each  mode.  a(E2)  =  -818  ±  Hcm'Vunit  strain,  b(E2)  =  -797  ±  60  cm'Vunit  strain, 
a(Ai'"°)  =  -685  ±38  cm'Vunit  strain,  b(Ai^°)  =  -997  ±  70  cm'Vunit  strain. 

As  expected,  they  are  two  orders  of  magnitude  smaller  than  those  describing  strain  effects  on 
the  electronic  band  extrema[19]  which  we  found  to  be  :  Ci  =  -  8.16  eV,  C2  =  -  816  eV,  C3  = 
1.87  eV,  and  C4  =  -  0.94  eV.  These  values  are  in  agreement  with  the  values  used  by  Chuang 
and  Chang  [24],  but  are  smaller  than  the  one  obtained  theoretically  by  Suzuki  and  Uenoyama 
using  a  full-potential  linearized  augmented  plane  wave  method[3,25]. 

CONCLUSION 

The  influence  of  residual  strain  fields  on  band  structure,  excitons  and  Raman  active 
phonons  has  been  studied  in  detail  for  wurtzite  GaN  deposited  on  sapphire  along  the  <000 1> 
direction.  We  could  derive  important  parameters  valence  band  parameters  like  the  crystal  field 
splitting  and  the  two  components  of  the  spin  orbit  interaction.  Four  band  deformation 
potentials  were  determined  as  well  as  their  analogues  to  account  of  the  strain-induced  variation 
of  the  phonon  frequencies.  An  estimation  of  the  excitonic  exchange  interaction  was  done  and 
we  addressed  the  problem  of  the  longitudinal-transverse  splitting  of  the  excitons.  Last,  we 
computed  the  variation  of  the  strengths  of  optical  transition  with  the  built-in  strain  and 
compared  our  finding  with  experimental  data. 
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ABSTRACT 

We  report  electrically-detected  magnetic  resonance  (EDMR)  and  electroluminescence- 
detected  magnetic  resonance  (ELDMR)  results  on  InGaN/AlGaN  single-quantum-well  light 
emitting  diodes.  The  dominant  feature  detected  by  either  technique  is  a  broad  resonance  (AB«13 
mT)  at  g«2.01  which  is  enhanced  by  high  current  stressing.  Our  ELDMR  measurements  show 
that,  depending  on  bias,  this  defect  is  predominately  associated  with  either  an  increase  or  a 
decrease  in  electroluminescence  at  resonance  while  our  EDMR  measurements  show  that  this 
resonance  is  associated  with  an  increase  in  current  at  resonance  before  stressing  and  a  decrease 
after  stressing.  We  suggest  that  this  is  associated  with  a  nonradiative  recombination  path,  in 
parallel  with  the  radiative  recombination  path  and  with  recombination  in  the  depletion  region  of 
a  contact.  A  second  resonance,  more  prominent  before  stressing,  with  g~1.99  and  AB~7  mT  is 
very  similar  to  the  deep  donor  trap,  previously  observed  in  double  heterostructure  diodes  and  is 
associated  with  a  decrease  in  both  the  current  and  electroluminescence  at  resonance. 

INTRODUCTION 

GaN-based  devices  show  great  promise  in  electro-optic  applications.’  Advances  in  materials 
growth^  have  made  devices  such  as  efficient  blue  and  green  light  emitting  diodes  (LEDs) 
possible.^’"*  The  first  of  these  diodes  were  double  heterostructures  (DHs)  with  an  optically  active 
layer  of  InGaN  co-doped  with  Zn  and  Si  and  a  bright  blue  luminescence  due  to  donor-acceptor 
recombination.  Recently,  GaN-based  LEDs  whose  electroluminescence  (EL)  is  due  to  bandedge 
emission  from  a  single  quantum  well  (SQW)  of  undoped  InGaN  have  been  introduced.^  These 
diodes  have  more  intense,  sharper  electroluminesence  than  the  DHs.  The  brightness  is  especially 
impressive  given  the  high  densities  of  stacking  faults,  dislocation  and  other  defects  in  these 
devices.  These  structures  are  the  subject  of  this  investigation.  Even  more  recently,  multiquantum 
well  laser  diodes  have  been  introduced.^  Spectroscopic  probes  have  provided  valuable  insights 
into  the  basic  materials  properties  and  defects  in  the  nitrides  as  well  as  other  semiconductors.^’’^ 
A  critical  question  is  one  of  the  relevance  of  spectroscopic  results  to  actual  device  performance. 
In  this  work  we  discuss  the  application  of  magnetic  resonance  to  these  SQW  LEDs. 

We  use  electrically  detected  magnetic  resonance  (EDMR)  and  electroluminescence  detected 
magnetic  resonance  (ELDMR)  to  study  both  point  defects  which  are  present  in  unstressed 
InGaN/AlGaN  SQW  LEDs  and  those  which  are  introduced  by  high  current  stressing.  These 
techniques  are  especially  well  suited  to  the  problem  of  defects  in  device  structures  in  that  they  are 
much  more  sensitive  than  conventional  paramagnetic  resonance  and  are  selectively  responsive  to 
those  defects  involved  in  the  electrical  and/or  optical  properties  of  the  structure.  A  study  of  the 
bias  and  modulation  frequency  dependence  of  the  two  techniques  and  the  relationship  between 
the  two  results  allows  us  to  make  some  arguments  about  the  location  of  the  defects.  The  studies 
of  current-stressing  effects  in  these  diodes  are  relevant  not  only  to  failure  mechanisms  in  these 
structures  but  also  to  degradation  of  laser  diodes  which  operate  at  much  higher  currents.^ 

Magnetic  resonance  techniques  based  on  spin-dependent  processes  in  semiconductor  devices 
are  finding  increasing  application  in  a  number  of  materials  systems.  ELDMR  has  been  applied  to 
organic  semiconductor-based’^  and  amorphous  Si-based  LEDs  and  EDMR  has  been  applied  to 

757 

Mat.  Res.  Soc.  Symp.  Proc.Vol.  449®  1997  Materials  Research  Society 


a  number  of  devices  and  materials. In  previous  work  on  double  heterostructure  devices^^  we 
resolved  two  resonances,  one  of  which  we  attributed  to  a  zinc  acceptor  and  another  which  we 
attributed  to  a  deep  donor.  ESR  and  ODMR  (optically  detected  magnetic  resonance  in  which 
changes  in  photoluminescence  are  monitored)  have  been  applied  to  doped  and  undoped  wurtzite 
GaN  thin  films.  Several  resonances  are  observed, including  an  effective  mass  (EM)  donor,  a 
deep  double  donor  and  Zn~  and  Mg~related  acceptor  states  (in  doped  films). 

The  structure  and  manufacture  of  the  single  quantum  well  AlGaN/InGaN  LEDs  used  in  this 
work  have  been  discussed  in  detail  in  previous  publications.^  These  devices  are  now  available 
commercially  in  both  blue  (Apeak=450  nm)  and  green  (Apeak=520  nm).  In  this  report  we  will  focus 
our  discussion  on  the  green  diodes  for  which  we  have  a  more  complete  set  of  data  and  make  only 
a  few  comparisons  with  results  on  the  blue  diodes.  The  optically  active  region  is  a  2  nm  thick 
layer  of  undoped  lUxGai-xN  (x=0.43  for  the  green  LEDs).  Samples  were  examined  before  and 
after  stressing  at  DC  currents  of  -100-150  mA.  (i.e.,  -3-5  times  the  recommended  maximum 
current)  Lower  currents  do  not  produce  appreciable  degradation  in  a  reasonable  time  while 
higher  DC  currents  rapidly  destroy  the  devices.  Samples  were  typically  stressed  at  sufficient 
currents  to  reduce  the  EL  intensity  by  about  an  order  of  magnitude  in  1-2  weeks.  The  magnetic 
resonance  apparatus  is  based  on  a  Varian  E9  X-band  (9.25  GHz)  ESR  spectrometer.  Samples 
were  cooled  using  a  flow  cryostat  with  either  liquid  helium  or  liquid  nitrogen  as  a  cryogen  and 
current  was  applied  from  a  constant  current  source  through  a  - 1  mm  diameter  coaxial  cable.  The 
c-axis  of  the  thin  film  LED  was  always  perpendicular  to  the  magnetic  field  and  light  was 
extracted  using  a  quartz  light  pipe  and  detected  by  a  UV-enhanced  Si  photodiode. 
Electroluminescence  (EL)  spectra  were  measured  using  a  0.22  m  single  grating  spectrometer. 
The  EDMR  and  ELDMR  results  presented  here  were  obtained  by  detecting  the  AC  voltage 
across  the  sample  and  the  EL,  respectively,  in  phase  with  magnetic  field  modulation. 
(Modulation  frequencies  were  10  Hz  -  10  kHz) 

RESULTS  FOR  UNSTRESSED  SAMPLES 


In  this  section  we  restrict  our  discussion 
to  results  for  samples  which  have  not  been 
subjected  to  high  current  stressing.  In  Figure 
1  we  show  the  DC  characteristics  for  a 
typical  green  diode  at  T=4.2K.  As  most  of 
our  results  are  for  liquid  helium 
temperatures,  it  is  necessary  to  examine  the 
characteristics  at  such  temperatures  and  their 
differences  with  room  temperature 
characteristics.  One  important  difference  is 
the  dependence  of  the  electroluminescence 
intensity  on  current.  At  higher  temperatures 
there  is  a  much  stronger  bias  dependence, 
particularly  at  higher  currents  (I>100  pA) 
where  the  approximately  linear  bias 
dependence  is  maintained  up  to  about  10 
mA.  At  low  temperatures  the  voltage  across 
the  sample  is  significantly  higher, 
presumably  due  to  the  increase  in  contact 
resistance.  The  spectral  dependence  of  the 
EL  is  shown  in  the  inset.  Other  than  a  slight 
shift  to  higher  energy  the  peak  is  very 
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Figure  1.  The  voltage-current  and  EL-current 
characteristics  of  a  green  unstressed  SQW  diode 
at  T=4.2  K.  The  spectral  dependence  of  the  EL 
is  shown  in  the  inset. 
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similar  in  width  and  intensity  to  that  observed  at  room  temperature. 

In  Figure  2  the  EDMR  spectra  at  several  biases  is  plotted.  In  this  and  subsequent  figures  a 
derivative  signal  which  is  first  positive  then  negative  (i.e.,  integrates  to  a  positive  signal)  is  due 
to  a  current-enhancing  resonance  and  one  which  is  negative  and  then  positive  is  due  to  a  current¬ 
quenching  resonance.  The  measurements  are  taken  at  constant  current  so  the  relative  change  is 
related  to  the  measured  change  in  voltage  across  the  sample  by; 


AI 

I 


-A  V 


d(lnl) 

dV 


(1) 


As  can  be  seen  from  Figure  1,  the  derivative  term  is  approximately  constant  (=2.3  V^)  and  so 
the 

relative  change  is  approximately  proportional  to  the  measured  AC  voltage  signal.  Examples  of 
the  ELDMR  spectra  are  shown  in  Figure  3.  Here  the  relative  signal  is  simply  the  ratio  of  the  peak 
to  peak  AC  signal  to  the  DC  electroluminescence,  i.e.,  AEL/EL.  In  Figure  1  we  see  that  the  EL 
intensity  is  a  relatively  strong  function  of  bias  current,  i.e.,  approximately  linear  at  low  currents. 
(Thus,  the  relative  signals  are  not  even  approximately  proportional  to  the  measured  AC  signals 
with  those  at  low  biases  being  enhanced  relative  to  those  at  higher  currents.)  Before  discussing 
differences  in  the  two  measurements,  we  should  first  notice  that  the  lineshapes  (AB=13  mT), 
positions  (g~2.0i)  and  amplitudes  (~10'^  -  10"^)  are  quite  similar  for  the  two  measurements.  In 
both  the  spectra  are  dominated  by  a  broad  line  at  g -2.01  over  most  of  this  bias  range.  At  higher 
biases  a  weak  second  line  begins  to  emerge^^  and  will  be  discussed  below.  Perhaps  the  most 
obvious  difference  between  the  two  spectra  is  in  the  phase;  at  low  currents  the  EDMR  shows  a 
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Figure  2.  The  EDMR  spectra  at  selected 
biases.  All  spectra  were  taken  at  T=4.2  K 
and  at  a  microwave  power  level  of  500  mW. 
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Figure  3.  The  ELDMR  spectra  taken  under  the 
same  conditions  as  the  EDMR  spectra  in  Figure  2. 


759 


current  enhancement  at  resonance 
while  the  ELDMR  shows  a  quenching 
of  the  EL  at  resonance.  Furthermore 
we  see  that  the  ELDMR  goes  from  an 
EL-quenching  signal  at  low  biases  to 
an  EL-enhancing  signal  at  higher 
biases.  The  integrated  intensities  of  the 
EDMR  and  ELDMR  spectra  are  shown 
in  Figure  4.  Note  that  while  the  two 
signals  have  approximately  equal 
magnitudes  at  1=1  p,A,  the  magnitude 
of  the  EDMR  signal  remains  relatively 
constant  up  to  about  20  pA  but  the 
magnitude  of  the  ELDMR  is  nearly 
zero  at  that  bias. 

The  current-enhancing  signal  seen 
in  EDMR  under  the  same  conditions  as 
an  EL-quenching  signal  is  observed  is 
understood  as  follows.  We  believe 
that  the  resonance  is  due  to  an  increase 
in  the  non-radiative  recombination 


10000 


Current  (pA) 


Figure  4.  The  integrated  intensities  of  the  EDMR 
(triangles),  the  ELDMR  (inverted  triangles)  and  their 
sum  (diamonds).  The  dashed  lines  are  included  as  an 
aid  to  the  eye.  The  three  sets  of  data  are  offset  to 
improve  clarity  with  the  short  dashed  lines  indicating 
the  zeros  for  the  three  curves. 


rate.  The  EDMR  measures  the  total 
Aiyi  and  hence  shows  an  increase  in 
recombination  current  at  resonance,  hi 
contrast,  as  more  current  flows  through 
the  non-radiative  channel  the  current 
flowing  through  the  radiative  channel 
decreases.  Hence,  the  EL  is  quenched 
as  seen  in  the  ELDMR.  However,  as 
we  see  in  Figure  4,  the  EDMR  and  ELDMR  are  not  mirror  images  of  each  other,  rather  the  sum 
of  the  two  intensities  is  significant  for  biases  between  —10  /^A  and  —1  mA.  This  indicates  that 
we  are  detecting  this  defect  in  another  region  of  the  device,  such  as  the  depletion  width  of  one  the 
contacts,  in  series  with  the  optically  active  region  of  the  device.  The  measurement  is  made  at  a 
constant  current  so  a  resonance  in  a  part  of  the  device  in  series  with  the  quantum  well  region 
would  not  affect  the  ELDMR  but  would  change  the  total  voltage  across  the  device  and  thus 
contribute  to  the  EDMR  signal.  These  ideas  are  illustrated  in  a  simple  circuit  model  for  the 
device  shown  in  Figure  5.  We  model  the  LED  structure  as  an  ideal  diode  in  parallel  with  leakage 
paths  and  other  nonradiative  recombination  paths,  represented  by  Rh  .  In  addition,  there  are 
voltage  drops  in  series  with  the  quantum  well  region  primarily  due  to  the  contacts,  which  may 
have  a  significant  capacitance  as  well  as  a  lossy  component  (represented  by  Cc  and  Rc, 
respectively).  In  our  analysis  we  neglect  any  voltage  drops  due  to  the  film  resistance.  This  and 
other  terms  would  naturally  be  included  in  a  more  realistic  circuit  model.  However  our  intention 
here  is  to  include  a  minimum  number  of  elements  necessary  to  interpret  our  magnetic  resonance 
data.  From  equation  (1)  we  write  the  EDMR  signal  as: 

d(lnl)  d(lnl) 


EDMR  =  -AV„ 


dV 


■-AV„ 


dV 
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Similarly,  the  ELDMR  signal  is  approximately  the 
fractional  change  in  the  EL  which  at  low  currents 
is  approximately  proportional  to  the  fractional 
change  in  the  current  through  the  ideal  diode;  i.e., 
the  signal  is  written  as; 


ELDMR  = 


AEL  Ab 
EL  “  Id 


=  A  Vri 


d(lnlD) 
dVo  ■ 


(3) 


In  these  equations  the  AC  component  of  the 
voltage  across  a  circuit  element  is  given  by  AV, 
the  current  change  is  given  by  AI  (with  the 
appropriate  subscript)  and  the 
electroluminescence  is  given  by  AEL.  If  we  make 
the  approximation  that  the  two  logarithmic 
derivatives  are  equal  we  can  then  combine 
equations  (2)  and  (3)  to  obtain; 

EDMR  +  ELDMR  -  -  AVrc^^  .  (4) 

dV 

That  is,  at  low  currents  the  sum  of  the  two 
measurements  gives  an  approximate  measure  of 
the  spin  dependent  recombination  in  the  contact 
region.  As  we  see  in  Figure  4  this  quantity  is 
quite  significant  for  currents  less  than  a  few 
hundred  microamps.  At  very  low  currents  (I<2 
{xA)  the  EL  is  very  weak  and  therefore  it  is 
difficult  to  say  whether  the  magnitude  of  the  ratio 
AEL/EL  continues  to  increase  at  even  lower 
biases.  However,  for  the  modulation  frequency 
(100  Hz)  used  in  these  measurements,  at  biases 


Figure  5.  A  simple  circuit  model  for  the 
radiative  and  non-radiative  recombination 
processes  in  the  SQW  diode.  Rc  and  Cc 
represent  the  contact  resistance  and 
capacitance,  respectively.  The  leakage  paths 
through  the  QW  region  are  modeled  by  Rn. 

less  than  —lO/iA  we  observe  a  significant  signal  in  quadrature  with  the  field  modulation  in 
ELDMR  down  to  -'-I  fiA  and  in  EDMR  down  to  —10  nA.  We  attribute  this  signal  in  quadrature 
to  the  effects  of  the  capacitance  of  the  contact  depletion  layers.  In  EDMR  the  quadrature  signal 
increases  monotonically  with  the  modulation  frequency  as  would  be  expected  from  a  capacitance 
effect.  It  is  more  important  in  the  EDMR  measurements,  partly  because  they  remain  sensitive 
down  to  very  low  currents  where  the  dynamic  resistance  of  the  diode  is  high.  At  higher 
modulation  frequencies,  the  contact  capacitance  should  not  effect  the  ELDMR  signal  because  the 
measurements  are  all  performed  at  a  constant  DC  current.  The  fact  that  some  quadrature  signal  is 
seen  in  the  ELDMR,  at  all,  suggests  that  a  more  complicated  circuit  model  may  be  necessary  to 
fully  explain  all  of  the  data,  incorporating  leakage  paths  in  parallel  with  the  contact  capacitance, 
for  example.  At  higher  currents  (I>100  fxA)  the  ELDMR  changes  sign  and  the  EDMR  drops  to 
near  zero  as  seen  in  Figures  2-4.  In  this  bias  range  various  aspects  of  the  above  semi-quantitative 
analysis  are  no  longer  valid.  For  example,  as  seen  in  Figure  1,  the  EL  is  not  proportional  to  the 
current  in  this  bias  range.  We  suggest  that  the  change  in  sign  in  the  ELDMR  may  be  due  to  a 
change  from  diffusion  limited  currents  to  drift  limited  currents,  as  was  suggested  by  Lips  and 
Fuhs^^  to  explain  their  EDMR  results  in  a-Si  p-i-n  diodes.  The  basic  idea  is  that  at  low  biases 
the  current  is  primarily  diffusion  limited  and  therefore  the  spin  dependent  recombination 
enhances  the  current  by  decreasing  the  distance  a  carrier  must  diffuse  before  recombining.  At 
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higher  biases  both  electrons  and  holes  are  effectively  injected  into  the  region  of  the 
recombination  center  and  the  current  is  limited  by  drift.  In  this  regime  the  spin  dependent 
recombination  decreases  the  current  by  removing  carriers.  In  our  case  the  effect  is  to  take  current 
from  the  leakage  paths  and  divert  it  to  the  radiative  recombination  path,  thereby  increasing  the 
EL.  The  distribution  of  the  electric  fields  within  the  device  is  certainly  not  uniform  and  there  are 
probably  still  regions,  perhaps  around  one  or  both  contacts,  in  which  the  current  is  diffusion 
limited,  especially  for  these  low  temperatures  at  which  most  carriers  are  frozen  out.  From  these 
regions  we  would  still  have  a  current  enhancement  at  resonance.  This  would  help  explain  the 
near  zero  EDMR  signal,  i.e.,  the  current-enhancing  signal  cancels  the  current-quenching  signal 
from  the  leakage  paths.  The  ELDMR  is  not  affected  by  the  device  layers  in  series  with  the 
optically  active  region,  only  by  the  current  paths  in  parallel  with  the  radiative  recombination  path 
and  therefore  we  only  detect  the  reflection  of  the  current-quenching  spin  dependent 
recombination  in  the  leakage  paths. 

At  high  bias  currents  we  observed  a 
second  sharper  (AB«7  mT)  resonance  at 
g«1.99  in  both  techniques  as  illustrated  in 
Figure  6.  The  relative  intensity  of  the 
resonance  is  somewhat  enhanced  at  lower 
temperatures  and  high  magnetic  field 
modulation  frequencies.  (1  kHz  was  used  g  io 

for  the  ELDMR  spectrum  and  10  kHz  was  .? 

used  for  the  EDMR  spectrum.)  The  g  « 

value  and  linewidth  are  identical  to  the  =  ^ 

resonance  which  we  observed  in  double  o 

heterostructure  LEDs^^’^®  and  attributed  to  ^ 

a  deep  donor.  The  g  value  is  also  similar  .9 

to  a  resonance  observed  in  ODMR^  on  c  “ 

GaN  films  and  also  attributed  to  a  deep  J 

donor,  although  the  linewidth  in  ODMR  is 
larger  than  that  observed  with  either  .5 

technique  in  either  type  of  diode.  Based  on 
their  electrical  measurements,  Gotz  and  co- 
workers^®  have  suggested  that  there  are 
several  important  deep  levels  and  very 
recently  Glaser  and  co-workers^^  have 
reported  ODMR  evidence  for  a  second  Figure  6.  The  resonance  due  to  the  donor  at 
deep  donor  in  some  GaN  films.  So,  the  as  observed  in  EDMR  (1=1  mA)  and  in 

donor  resonance  observed  in  the  diodes  eLDMR  (1=20  mA). 
may  be  more  closely  related  to  these 

recently  reported  centers  than  to  the  deep  donor  reported  in  the  original  ODMR  work.^’^®  We 
note  that  both  EDMR  and  ELDMR  give  a  quenching  resonance  and  speculate  that  this  may  be 
the  result  of  recombination  in  either  the  lightly  In-doped  layer  on  which  the  InGaN  quantum  well 
is  grown  or  conceivably  in  an  AlGaN  barrier  layer.  This  would  take  carriers  away  from  the  EL 
process  and  result  in  a  quenching  of  the  EL  as  well  as  quenching  of  the  current.  We  observe  a 
very  similar  resonance  in  the  blue  SQW  diodes,  which  may  argue  that  this  defect  is  located  in  the 
low  X  InxGai-xN  layer  (x=0.02  for  the  blue  diode  and  x=0.04  for  the  green  diode).  There  is  no 
observable  difference  in  the  resonance  for  the  two  diodes  contrary  to  what  might  be  expected  for 
a  defect  in  another  layer  where  the  alloy  concentrations  are  significantly  different  for  the  blue  and 
green  diodes."*  In  the  blue  SQW  diodes, and  the  double  heterostructures, we  did  not  obtain 
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a  lineshape  for  this  donor  as  well  resolved  from  a  broad  resonance  as  the  spectra  shown  in  Figure 

6. 

Finally  we  note  that  the  lineshape  for  the  ELDMR  at  low  biases  has  somewhat  more  intensity 
in  the  wings  than  the  corresponding  EDMR  signal,  (e.g.,  compare  the  1=1  /^A  spectra  in  Figures 
2  and  3.)  This  could  be  the  result  of  a  subtle  difference  in  the  physical  mechanism  for  the  two 
techniques  or  it  could  be  due  to  an  underlying  broad  resonance  at  g«2.  We  have  not  been  able  to 
enhance  this  feature  by  manipulating  the  various  operating  parameters. 

RESULTS  FOR  STRESSED  SAMPLES 

We  have  also  studied  samples  which 
had  been  subjected  to  high  current 
stressing.  The  diodes  showed  significant 
degradation  after  stressing  at  currents  of 
100-150  mA.  There  was  some  sample-to- 
sample  variation  in  the  sensitivity  to 
current  stressing  however,  we  were  always  ^ 
able  to  observe  changes  in  the  EL  on  the  ^ 
order  of  50%  in  1-2  days.  The  changes  in  ^  2.5 
the  optical  and  electrical  properties  are  ^ 
illustrated  in  Figure  7  which  shows  the 
room  temperature  characteristics  (note  that 
the  voltages  are  much  lower  than  at  T=4.2 
K.)  of  a  diode  and  the  effects  of  the  current 
stressing  (Istress=150  mA).  The  EL  is  2.0 
reduced  by  over  an  order  of  magnitude 
after  approximately  400  hrs.  The  fractional 

change  in  the  EL  varies  only  slightly  over  a  1  10  100  1000  10000 

wide  range  of  bias  currents.  As  seen  in  the  Current  (jiA) 

V-I  characteristics,  this  is  not  true  for  the 

electrical  characteristics.  At  high  bias  the  Fig*i**e  7.  The  DC  V-I  and  EL-I  characteristics  of 
voltage  across  the  diode  is  increased  with  ^  green  SQW  diode  before  (solid  lines)  and  after 
stress,  presumably  due  to  increased  contact  (dashed  lines)  400  hours  of  high  current  stress, 
resistances,  while  at  low  bias  currents  the  The  reverse  bias  leakage  current  at  -5V  is  shown 
voltage  is  decreased  as  a  result  of  increased  ^s  a  function  of  stress  time  in  the  inset, 
leakage  currents.  The  increase  in  leakage  current  is  further  illustrated  in  the  inset  which  shows 
the  reverse  bias  leakage  current  at  V=-5V  as  a  function  of  stress  time. 

In  Figures  8  and  9,  respectively,  we  show  the  EDMR  and  ELDMR  spectra  for  a  diode  which 
had  been  stressed  at  100  mA  for  200  hrs.  As  before,  all  measurements  were  taken  at  T=4.2  K, 
with  a  magnetic  field  modulation  frequency  of  100  Hz  We  follow  the  same  procedures  as 
outlined  in  the  previous  section  to  obtain  AI/I  and  AEL/EL  for  the  EDMR  and  ELDMR 
measurements,  respectively.  As  in  the  case  of  an  unstressed  diode,  shown  in  Figures  2  and  3,  we 
see  that  over  a  wide  range  of  biases  the  spectra  are  dominated  by  a  broad  line  at  g~2.01  for  both 
techniques.  We  also  see  that  the  magnitudes  of  the  resonance  are  quite  similar  for  the  two 
techniques,  although  they  are  about  an  order  of  magnitude  smaller  than  those  observed  for  the 
unstressed  diodes.  The  lineshape  and  position  of  the  resonance  signal  are  the  same  as  seen  in  the 
unstressed  diodes  indicating  that  the  stress  does  not  introduce  a  new  defect  but  rather,  changes 
the  absolute  and  relative  concentrations  of  the  same  defect  at  different  locations  in  the  device. 
After  stress  we  do  not  observe  the  deep  donor  resonance  under  any  operating  conditions.  Again, 
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Figure  8.  The  EDMR  spectra  measured  at  the  Figure  9-  The  ELDMR  spectra  for  the 

indicated  currents  for  a  diode  after  current  same  diode  used  for  the  EDMR  in  Figure  8. 

stressing. 


the  phases  of  the  two  signals  differ.  In  this  case,  the  EDMR  signal  is  current-quenching  over  the 
full  range  of  bias  currents  while  the  ELDMR  signal  is  EL-enhancing  at  all  bias  currents. 

The  variation  of  the  intensity  with  bias  current  is  summarized  in  Figure  10  which  gives  the 
integrated  intensities  of  the  resonance  signals  as  a  function  of  bias  current.  Comparing  Figure  10 
to  the  intensities  for  the  unstressed  diode  shown  in  Figure  4,  we  note  that  in  addition  to  the  signs 
of  the  signals  being  opposite,  the  general  trends  are  very  different.  In  the  unstressed  diode,  the 
intensity  of  the  EDMR  signal  is  relatively  constant  at  low  currents  and  then  falls  off  at  high 
currents,  while  in  the  stressed  diode  the  intensity  is  weak  at  low  as  well  as  high  currents  and  goes 
through  a  maximum  at  I~200  fiA.  The  ELDMR  signal  is  also  a  maximum  for  I«  100-200  /zA 
(and  very  similar  in  magnitude  to  the  EDMR  signal).  Following  the  basic  model  outlined  in  the 
previous  section,  the  EL  enhancement  at  resonance  is  due  to  a  quenching  of  the  drift-limited 
current  through  the  leakage  paths,  thereby  increasing  the  current  through  the  radiative 
recombination  channel  and  hence,  the  EL.  This  results  in  an  increase  in  voltage  across  the  device 
and  a  negative  EDMR  signal.  Again  we  do  not  observe  a  simple  one-to-one  correspondence 
between  the  two  signals  and  we  see  that  the  sum  of  the  two  signals  peaks  at  about  10-20 A  as  in 
the  case  of  the  unstressed  diode.  Following  our  previous  arguments,  we  assign  this  portion  of  the 
signal  to  recombination  in  the  contact  region.  The  sum  becomes  negative  for  I«50-100  fiA  and 
it  is  tempting  to  suggest  that  this  indicates  that  the  current  in  the  contact  region  has  gone  from  a 
diffusion  limited  regime  to  a  drift  limited  regime.  However,  as  in  the  unstressed  diode,  our 
simple  analysis  breaks  down  at  high  current.  In  particular,  the  EL  of  the  stressed  diode  is  an  even 
more  sublinear  function  of  current  in  this  range  than  the  EL  of  the  unstressed  diode  and  so 
AEL/EL  is  probably  an  underestimate  of  AId/Id  which  means  this  sum  underestimates  the 
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recombination  in  the  contacts.  It  is  then 
prudent  to  wait  for  more  sophisticated 
device  models  to  quantitatively  analyze  the 
resonance  data  in  this  bias  range. 

In  these  measurements  the  primary 
difference  between  the  stressed  and 
unstressed  diodes  results  from  the  nature  of 
the  current  through  the  leakage  paths.  This 
is,  of  course,  most  important  at  low  bias 
currents.  In  the  unstressed  diode  this  current 
is  diffusion-limited,  giving  a  current- 
enhancing  and  EL-quenching  resonance.  In 
the  stressed  diodes  this  current  is  larger  and 
is  drift-limited.  The  same  resonance  is  then 
seen  as  current-quenching  and  EL- 
enhancing.  The  contact  resistance  is 
certainly  increased  by  the  current-stressing; 
however,  we  are  not  yet  able  to  say  whether 
this  results  in  a  change  in  the  bias 
dependence  of  the  resonance  signal.  We 
note  that  pulsed  high  current  stressing  of 
double  heterostructure  diodes  (~1  kA/  cm^) 
is  thought  to  give  rise  to  degradation  by 
metal  diffusion  through  the  grain  boundaries 
and  not  through  the  incorporation  of  new 
defects.^^  In  our  work  the  current  density  is 
about  an  order  of  magnitude  smaller  and 
may  not  be  adequate  to  give  rise  to  such 
effects. 

We  believe  that  the  degradation  of  the  diode  is  primarily  due  to  the  heat  generated  by  the  high 
current  rather  than  directly  by  the  current.  To  test  this  hypothesis,  we  subjected  a  diode  to  a  high 
current  (150  mA)  in  liquid  nitrogen  and  did  not  observe  any  degradation  of  the  EL.  This 
indicates  that  the  lack  of  effective  heat  sinking  at  room  temperature  permits  the  device 
temperature  to  rise  sufficiently  to  degrade  the  device,  while  in  liquid  nitrogen  the  heat  is 
dissipated  more  readily,  thus  inhibiting  degradation. 

SUMMARY  AND  CONCLUSIONS 

We  have  presented  results  of  our  electrically  detected  and  electroluminescence  detected 
magnetic  resonance  measurements  on  GaN-based  single  quantum  well  LEDs.  The  spectra  are 
dominated  by  a  broad  resonance  at  g»2.01  which  is  apparently  due  to  a  deep  defect  present  in 
both  the  non-radiative  leakage  paths  through  the  optically  active  region  of  the  diode  and  in  at 
least  one  of  the  contact  depletion  widths.  We  have  used  a  simple  circuit  model  to  give  a  semi- 
quantitative  understanding  of  the  role  of  this  defect  in  different  bias  ranges.  We  have  presented 
results  for  both  samples  which  were  unstressed  and  ones  which  have  been  subjected  to  high- 
current  stress.  The  high-current  stress  increases  the  leakage  current  through  the  diode  and  we 
observe  that  this  current  changes  from  being  diffusion  limited  before  stressing  to  being  drift- 
limited  after  stressing.  This  is  observed  as  a  change  in  the  sign  of  the  resonance  signal.  We  are 
also  able  to  observe  a  second  defect  in  unstressed  samples  which  we  attribute  to  a  deep  donor. 
While  the  bias  dependencies  of  the  EDMR  and  ELDMR  signals  and  a  comparison  of  their 
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Figure  10.  The  integrated  intensities  (in 
arbitrary  units)  of  the  EDMR  (triangles)  and  the 
ELDMR  (inverted  triangles)  and  their  sum 
(diamonds)  for  a  stressed  diode.  The  dashed 
lines  are  included  as  aids  to  the  eye. 


765 


amplitudes  provides  some  understanding  of  the  physical  location  of  these  defects,  we  have  not 
been  able  to  obtain  information  on  their  chemical  identity.  Hopefully,  with  the  success 
demonstrated  with  the  application  of  paramagnetic  resonance  to  these  devices  we  and  others  will 
be  able  to  apply  even  more  powerful  spectroscopic  probes  such  as  double  resonance  techniques 
to  the  problem  of  understanding  the  structure  of  defects  which  limit  GaN  device  performance  and 
contribute  to  their  degradation.  In  this  vein  we  are  encouraged  by  the  first  successful  application 
of  electrically  detected  double  resonance  to  defects  in  Si^'^  and  the  first  double  resonance  results 
in  GaN.^^ 
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ABSTRACT 

AIGaN/GaN  single  quantum  wells  (QW)  have  been  grown  on  2"  sapphire  substrates  (c- 
plane)  by  metal-organic  chemical  vapor  deposition  (MOCVD).  The  well  width  was  varied 
between  20  and  40  A  for  barriers  containing  4  %  and  16  %  of  aluminium. 
Cathodoluminescence  (CL)  and  Photoluminescence  (PL)  spectra  of  the  samples  show, 
as  expected,  a  shift  of  the  quantum  well  emission  to  higher  energies  with  decreasing 
well  width,  whereas  the  barrier  luminescence  stays  at  constant  energy.  Examination  of 
the  QWs  by  resonant  Raman  spectroscopy  tuned  to  the  gap  of  the  well,  clearly  shows 
the  GaN  Ai(LO)  phonon  besides  the  AIGaN  Ai(LO)  phonon  from  the  barrier.  For  a  well 
width  of  20  A  we  observe  a  shift  of  the  Ai(LO)  GaN  phonon  indicating  a  certain  degree 
of  intermixing  at  the  GaN/AIGaN  interface.  Atomic  Force  Microscopy  (AFM)  reveals  that 
the  layers  are  growing  in  a  2-dimensional  step  flow  growth  mode  with  step  heights  of  3 
and  6  A  corresponding  to  mono-  and  biatomic  steps.  High  Resolution  Transmission 
Electron  Microscopy  (HRTEM)  micrographs  of  the  40  A  well  show  a  very  low  interface 
roughness  of  1-2  atomic  layers. 


INTRODUCTION 

Up  to  now  only  a  few  groups  have  investigated  the  properties  of  AIGaN/GaN  QWs  [1], 
[2],  [3].  In  this  paper  we  report  on  the  growth  and  the  properties  of  group-ill  nitride  QWs 
focusing  on  AIGaN/GaN  structures.  Because  of  the  relatively  large  masses  of  electrons 
and  holes  in  GaN  [4]  quantum  confinement  effects  are  expected  only  for  rather  narrow 
QWs  as  compared  to  more  conventional  lll-V  semiconductors.  To  prove  the  quantum 
effect  the  aim  was  to  establish  a  relationship  between  the  well  width  and  the 
luminescence  peak  energies  of  the  wells.  The  wells  studied  here  are  made  up  from 
binary  GaN  between  ternary  AIGaN.  In  this  case  for  a  given  barrier  height  the  energy  of 
the  QW  states  is  determined  by  the  well  width  only  and  not  by  its  composition 
neglecting  a  possible  misplacement  of  aluminium  into  the  well.  Using  resonant  Raman 
spectroscopy  the  binary  composition  of  the  well  could  be  confirmed,  and  information  on 
the  degree  of  interdiffusion  at  the  GaN/AIGaN  interface  was  obtained.  Two  series  of 
QWs  with  widths  between  20  and  40  A  and  Al  contents  x  of  the  barriers  of  0.04  and 
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0.16,  respectively,  have  been  grown.  For  such  QW  layers  with  only  a  few  atomic  layers 
in  width  it  is  important  to  control  the  growth  mode  of  the  AIGaN  and  GaN  and  to  induce 
a  2-dimensional  growth.  Introducing  an  AIN  buffer  layer  deposition  occurs  in  a  step  flow 
mode  and  atomic  steps  can  be  observed  on  the  surface  by  AFM.  Likewise,  HRTEM 
studies  reveal  high  quality  interfaces.  In  both  QW  series  PL  and  CL  spectra  confirm 
quantum  confinement  effects. 


GROWTH  CONDITIONS  AND 

CHARACTERISATION 

TECHNIQUES 


Fig.  1:  AFM  micrograph  of  the  surface  of  an 
Alo.o4Gao,96N/GaN  QW.  The  contrast  is  due  to 
mono-  and  biatomic  steps  on  the  surface. 


The  AIGaN/GaN  QWs  were 
grown  by  low  pressure  (LP) 
MOCVD  using  trimethylgallium 
(TMG)  and  trimethylaluminium 
(TMA)  as  metal-organic  and 
ultra  high  purity  ammonia  as 
nitrogen  precursor.  The  layers 
were  deposited  on  c-plane 
sapphire  (2")  using  nitrogen  as 
carrier  gas.  After  inserting  the 
wafer  into  the  reactor  a 
nitridation  step  was  performed. 
For  this  purpose  the  wafer  was 
annealed  for  30  minutes  under 
ammonia.  After  nitridation  a 
300  A  thick  AIN  buffer  layer 
was  grown  at  875  °C.  The 
buffer  layer  was  annealed  for  1 
minute  at  1100  °C  before  the 
film  was  deposited  at  1 025  "C. 


The  growth  rate  for  the 
quantum  wells  amounted  to  0.5  pm/h.  With  this  rate  the  growth  time  for  the  wells  was 
between  15  and  30  seconds.  The  well  width  calculated  from  the  macroscopic  growth 


rate  was  checked  by  Secondary  Ion  Mass  Spectroscopy  and  HRTEM  of  the  samples. 
The  total  gas  flow  was  adjusted  to  lead  to  a  mean  gas  velocity  of  about  Im/s.  This  was 
considered  to  be  high  enough  to  minimize  misplacement  of  the  barrier  material  into  the 
wells.  The  growth  started  immediately  with  the  ternary  barrier  material.  The  quantum 
well  was  placed  1.5  pm  above  the  sapphire-interface  and  0.1  pm  below  the  sample 
surface.  The  wells  were  grown  without  growth  interruption. 

The  surface  morphology  of  the  samples  was  examined  by  a  commercial  AFM  (Park 
Scientific,  Autoprobe  cp).  Some  of  the  Alo,i6Gao.84N/GaN  QWs  were  studied  by  HRTEM. 
The  sample  preparation  technique  and  the  observation  mode  are  described  elsewhere 
[5].  For  AI0.04Ga0.96N/GaN  QWs  the  contrast  between  well  and  barrier  is  too  low  to  be 
observable  by  HRTEM.  The  AI0.04Ga0.g6N/GaN  quantum  wells  were  characterized  by  low 
temperature  photoluminescence  using  the  325  nm  line  of  a  He-Cd  laser  for  excitation. 
In  order  to  observe  luminescence  from  the  well  and  the  barrier  the  Alo.i6Gao.84N/GaN 
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QWs  were  examined  by  CL  at  20 
K  .  The  Raman  spectra  were 
recorded  in  backscattering 
geometry.  The  incident  light  was 
polarized  perpendicular  to  the  c- 
axis,  the  scattered  light  was  not 
analyzed  for  its  polarization.  For 
optical  excitation  either  an  Ar-ion 
or  a  Kr-ion  laser  was  used.  Off- 
resonance  spectra  were  taken 
with  laser  lines  of  2.57  or  2.60  eV. 
For  resonant  excitation  of  the 
GaN  QWs  a  photon  energy  of 
3.54  eV  was  chosen. 

Apart  from  the  quantum  structures 
we  have  grown  bulk  layers  of 
AIGaN  reported  elsewhere  [6]. 
The  aluminium  concentration  was 
calibrated  by  microprobe  analysis 
(EDX) . 

RESULTS  AND  DISCUSSION 

Fig.  1  shows  an  AFM  picture  (0.5 
pm  X  0.5  pm)  of  the  surface  of  the 
upper  barrier  of  an 
AI0.04Ga0.96N/GaN  QW.  The 
Fig.  2:  PL  spectra  of  20,  30  and  40  A  wide  contrast  in  the  picture  is  caused 
Alo.o4Gao96N/GaNQWs  'll  biatomic  steps. 

The  terrace  width  is  between  50 
and  100  nm.  The  mean 
roughness  of  the  portion  shown  amounts  to  3.3  A.  We  take  the  surface  structure  of  the 
sample  as  an  indication  of  the  quality  of  the  interfaces  which  are  assumed  to  be  of 
comparable  roughness.  In  Fig.  2  PL  spectra  at  2  K  of  three  Alo.04Gao.96N/GaN  QWs  are 
shown.  The  peak  at  highest  energy  stems  from  the  barrier.  The  peak  position  compares 
well  with  that  found  in  bulk  AI0.04Gao.96N  reference  layers.  The  shift  of  the  barrier  peak 
from  sample  to  sample  is  about  ±  5  meV  while  the  FWHM  amounts  to  about  15-20 
meV.  In  addition,  all  three  samples  in  Fig.  2  reveal  one  or  two  luminescence  lines  which 
shift  to  higher  energy  with  decreasing  well  width.  These  lines  are  assigned  to  emissions 
from  quantum  confined  excitons.  A  more  accurate  analysis  in  terms  of  heavy  and  light 
hole  excitons  as  well  as  strain  effects  is  beyond  the  scope  of  the  present  paper. 

Fig.  3  presents  a  HRTEM  micrograph  of  a  40  A  Alo.i6Gao.84N/GaN  QW.  The  roughness 
of  the  interfaces  is  about  1-2  atomic  layers.  Within  the  well  small  contrast  variations  are 
observed  which  are  possibly  due  to  TEM  sample  preparation.  In  Fig.  4  the  CL  spectra  of 
20,  30  and  40  A  wide  Alo.i6Gao.84N/GaN  QWs  are  shown.  Two  peaks  are  observed.  The 
peak  higher  in  energy  results  from  excitonic  recombination  In  the  barrier  material  and 
was  also  observed  at  the  same  position  in  bulk  samples.  The  lower  peak  shows  a  clear 
shift  to  higher  energies  with  decreasing  well  width.  This  peak  is  attributed  to  the 
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quantum  well.  The  emission  of  the  40  A  quantum  well  is  at  3.444  eV  and  is  too  low  In 
energy  to  originate  from  free  exciton  recombination.  Presumably  this  emission  is  due  to 
bound  excitons  or  confined  defect  states  as  already  observed  in  the  AI0.o4Gao.96N/GaN 
QWs.  Remarkably,  the  intensity  of  the  QW  emission  decreases  with  increasing  well 
width  relative  to  that  of  the  barrier  peak. 


Fig.  3:  HRTEM  micrograph  of  an 
Alo,i6Gao,84N/GaN  QW 


The  Alo.i6Gao,84N/GaN  QWs 
were  also  analysed  by 
Raman  spectroscopy.  Fig.  5 
shows  three  room- 

temperature  Raman  spectra 
of  an  Alo.i6Gao,84N/GaN  QW 
excited  off-resonantly 

(middle),  and  resonantly 

(above),  respectively,  and  of 
a  bulk  GaN  layer  excited  off- 
resonant  (below).  Excited 

off-resonantly  the 

Alo.i6Gao.84N/GaN  QW 
spectrum  is  dominated  by 
Raman  scattering  from  the 
barriers.  For  excitation  at 
3.54  eV  we  observe  a  strong 
enhancement  of  the  Raman 
scattering  by  the  GaN 
Ai(LO)  phonon  from  the 
QWs  due  to  a  resonant 
Raman  effect.  The  excitation 
energy  of  3.54  eV  is  close  to 
the  calculated  energy  of  3.55 
eV  for  interband  transitions 
between  the  topmost 
valence  band  state  and  the 


lowest  quantized  electron  level  in  the  quantum  well  [7].  In  Fig.  6  Raman  spectra  of  three 
different  QWs  of  20,  30  and  40  A  width  are  shown.  The  spectra  were  recorded  under 
resonant  conditions  with  an  excitation  energy  of  3.54  eV.  For  the  30  and  40  A  quantum 
wells  the  GaN  Ai(LO)  phonon  is  observed  at  732  cm'^  which  is  very  close  to  the  GaN 
bulk  value  (see  Fig.  5).  For  the  20  A  quantum  well  the  Ai(LO)  mode  broadens  and  shifts 
to  higher  energies  by  7  cm'^  towards  the  Ai(LO)  phonon  mode  of  the  AIGaN  barriers. 
This  shift  is  likely  due  to  misplaced  aluminium  within  the  well  and  a  resulting  interface 
width  comparable  to  the  well  width.  However,  for  the  30  and  40  A  quantum  well  the 
Raman  spectra  show  that  the  wells  consist  of  binary  GaN. 
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Fig.  4:  (right)  CL  spectra  of  20,  30 
and  40  A  wide  Aioi6Gcio84N/GaN 
QWs 

Fig.  5:  (below,  left)  Off-resonant 
Raman  spectra  of  bulk  GaN 
(below)  and  of  a  Alo.i6Gao.84N  /GaN 
QW  excited  off-resonantiy  (middle) 
and  resonantiy  (above) 

Fig.  6:  (below,  right)  Raman  spectra 
of  20,  30  and  40  A  wide 

Aio.i6Gao.84N/GaN  QW  under 
resonant  excitation 
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CONCLUSIONS 


We  have  grown  AIGaN/GaN  QW  structures  with  well  widths  between  20  and  40  A. 
They  exhibit  excellent  interface  properties  as  proved  by  HRTEM  and  resonant  Raman 
scattering  measurements.  The  luminescence  properties  have  been  studied  by  PL  and 
CL  at  low  temperatures.  Excitonic  recombination  within  the  barrier  material  as  well  as 
recombination  of  confined  excitons  in  the  well  is  observed.  Further  work  is  required  to 
elucidate  the  exact  nature  of  these  excitons. 
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ABSTRACT 

Strain  in  GaN  epitaxial  layers  at  room  temperature  is  measured  with  three  complementary 
methods:  Raman  spectroscopy  (via  shifts  of  phonon  frequencies),  low  temperature 
photoluminescence  (via  shifts  of  hand-edge  luminescence),  and  X-ray  diffraction  (via  shifts  in 
lattice  spacings).  GaN  films  grown  on  the  c-plane  of  sapphire  tend  to  be  in  compression. 
Increasing  the  Si-dopant  concentration  (up  to  cm’^)  is  observed  to  add  compressive  strain 
to  the  layer.  Axially  resolved  measurements  obtained  by  micro-Raman  in  4  pm  thick  Si-doped 
films  reveal  strain  relaxation  toward  the  sample  surface  at  Si  concentrations  above  10**  cm'^. 
Mg-  and  Si-doped  GaN  films  on  SiC  substrates  are  found  to  be  in  tension.  An  experimental 
methodology  is  presented  that  separates  two  contributions  to  the  room  temperature  residual 
stress  in  GaN  epilayers:  (1)  the  thermal  stress  due  to  differences  in  the  thermal  expansion 
coefficients  of  the  epilayer  and  substrate  and  (2)  the  intrinsic  stress,  which  is  influenced  by  the 
growth  conditions.  We  measure  stress  as  a  function  of  tenperature  up  to  325  C,  about  one- 
third  of  the  growth  temperature,  by  nranitoring  the  frequency  of  the  E2  phonon  mode  by 
Raman  spectroscopy,  A  high-quality  bulk  single  crystd  of  GaN  is  used  as  a  strain-free 
standard.  Over  this  temperature  range,  most  layers  behave  elastically;  the  observed  stress 
trends  are  well-fit  by  a  thermal  expansion  model  using  previous  reported  values  of  the  thermal 
expansion  coefficients  of  GaN  and  the  substrates.  The  intrinsic  stress  states  at  the  growth 
temperature  for  films  grown  on  sapphire  and  SiC  are  predicted  to  be  tensile  and  compressive, 
respectively,  in  agreement  with  the  a-plane  lattice  coefficient  mismatch, 

INTRODUCTION 

GaN  epitaxial  films  have  a  high  density  of  extended  defects  and  considerable  residual  stress 
due  in  part  to  the  large  lattice  and  thermal  expansion  coefficients  mismatches  between  GaN 
and  most  commonly  used  substrates  [1].  Consideration  of  the  relative  a-plane  lattice 
constants,  SiC  (3.08  A)  <  GaN  (3.19  A)  <  AI2O3  (4.76  A)  would  predict  tensile  and 
compressive  stress  for  GaN  grown  on  sapphire  and  SiC,  respectively.  Consideration  of  the 
average  thermal  expansion  coefficients,  SiC  (4.2xlO'®/K)  <  GaN  (5.6xlO'^/K)  <  AI2O3 
(7.5xlO‘^/K),  predicts  the  opposite,  compressive  stress  for  alumina  and  tensile  stress  for  SiC. 
There  is  increasing  evidence  that  impurity  concentration  can  also  influence  the  residual  stress 
state.  For  example,  Ruvimov  et  al.  [2]  found  that  incorporation  of  moderate  levels  of  Si 
doping  decreased  the  compressive  residual  stress  (and  increased  the  layer  quality)  in  MOCVD 
films  grown  on  the  A-face  of  sapphire. 

We  present  here  data  showing  the  influence  of  Si  doping  on  residual  stress  in  GaN  grown 
by  MOVPE  on  the  c-plane  of  sapphire.  Both  the  average  stress  in  the  layer  and  the  axial 
gradient  along  the  growth  direction  are  measured.  Average  stress  values  are  obtained  for 
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doped  GaN  films  grown  by  MOVPE  on  SiC.  The  thermal  stress  contribution  to  the  observed 
residual  stress  is  evaluated  by  performing  Raman  measurements  at  elevated  temperature. 

EXPERIMENTAL 

Si-doped  films,  4  pm  thick,  were  grown  by  metal  organic  vapor  phase  epitaxy  on  (0001) 
sapphire,  using  a  GaN  buffer  layer  [3].  Mg-  and  Si-doped  films  were  grown  on  SiC  substrates 
using  MOVPE  [4].  Bulk  single  crystals  of  GaN  grown  by  a  high  pressure,  high  temperature 
process  were  used  as  the  standard  of  strain-free  material  [5]. 

Raman  spectroscopy  was  used  as  a  local  stress  probe.  A  lOOx  microscope  objective  was 
used  to  focus  476.5  nm  light  firom  an  Ar  ion  laser  to  1  pm  spot  on  the  surface  of  the  samples. 
Shifts  of  the  Raman-allowed  Ei  phonon  firom  its  stress-fi’ee  value  in  the  bulk  single  crystal 
were  used  to  measure  local  stress.  The  precision  of  the  Lorentzian  line-fitting  procedure  was 
±0.1  cm'\  Raman  spectra  were  taken  in  two  measurement  modes.  (1)  Stress  values  averaged 
through  the  epitaxial  layer  are  obtained  with  the  beam  normal  to  the  GaN  surface.  (2)  Axially 
resolved  stress  data  is  obtained  moving  the  sample  in  0.5  -  1  pm  steps  with  the  laser  beam 
incident  on  a  cleaved  surface  normal  to  the  growth  direction.  The  spatial  resolution  of  1  pm 
in  this  case  was  confirmed  by  fitting  of  the  observed  E2  Raman  intensity  as  a  function  of  the 
measurement  position  as  the  beam  was  scanned  over  the  substrate/GaN  interface.  Raman 
spectra  of  GaN  films  and  single  crystals  up  to  325  C  in  air  were  obtained  by  fastening  the 
samples  with  mechanical  pressure  to  a  ceramic  block  which  was  heated  by  cartridge  heaters. 
The  sample  temperature  was  monitored  by  a  thermocouple  in  contact  with  the  back  of  the 
sample. 

Two  previous  measurements  of  the  shift  of  the  £2  phonon  under  hydrostatic  pressure  are  in 
good  agreement:  4.17  cm’VGPa  by  Perlin  et  al.  [6]  and  3.75  cm'VGPa  by  Wetzel  et  a/.[7]. 
Using  recent  measurements  of  the  GaN  elastic  constants  [8],  a  value  of 

A£2  = -4.1  cm’VGPa  (1) 

for  the  shift  of  the  Raman  phonon  under  biaxial  stress  in  the  fl-plane  is  obtained  [9].  We  know 
of  two  other  determinations  of  this  parameter  in  the  literature.  Kozawa  et  al.  [10]  obtained  - 
6.2  cm’VGPa  by  correlating  Raman  measurements  with  substrate  curvature,  and  Demangeot  et 
al.  [11]  obtained  -2.9±0.3  cm’VGPa  fi-om  an  analysis  of  Raman  and  reflectance  data.  The 
former  value  was  used  in  the  study  of  Reiger  et  al.  [12]  in  which  the  effect  of  AIN  buffer 
thickness  on  the  Raman  and  PL  spectra  of  a  series  of  heteroepitaxial  layers  was  studied. 

RESULTS  AND  DISCUSSION 

Figure  1  illustrates  the  trend  in  compressive  stress  caused  by  Si-doped  for  material  grown 
on  the  c-plane  of  sapphire.  The  overall  compressive  stress  increases  as  the  Si  concentration  is 
raised  fi'om  8.6x10^®  to  1x10^^  cm’^  firom  about  120  MPa  to  320  MPa.  The  Raman 
measurements  of  stress  are  in  excellent  agreement  with  photoluminescence  and  X-ray 
diffraction  data  obtained  from  the  same  samples  [13].  Interestingly,  a  gradient  is  observed  in 
the  stress  in  the  axial  direction  for  the  3x10^*  and  IxlO’'*  cm'^  Si-doped  samples,  with  the 
maximum  located  at  the  GaN/sapphire  interface.  It  should  be  noted  that  due  to  the  1  pm  size 
of  the  laser  spot  size  (and  the  effects  of  the  depth  of  focus  of  the  beam  in  the  transparent 
layer)  the  observed  maximum  in  stress  near  the  interface  is  a  lower  limit.  The  origin  of  the 


776 


Distance  from  GaN/sapphire  interface  (microns) 

Figure  1.  Axially  resolved  micro-Raman  measurements  in 
4-micron-thick,  Si-doped  GaN  grown  on  sapphire.  The 
laser  was  incident  on  the  (1 10)  cleaved  edge  of  sample. 

terqterature  for  the  sanples  considered  in  this  study.  The 


- Single  crystal  GaN 

▼  [Si] ..  1x1  o’*  Ctrl'®,  GaN  on  sapphire,  GaN  bulfer 
^  [SO  =  8.6x10’*  cm"®,  GaN  on  sapphire.  GaN  buffer 

•  Mg-doped  GaN  on  SiC 

♦  Si-doped  GaN  on  S'lC 

Fig.  2  £2  phonon  frequency  vs.  temperature.  The  solid 
line  is  a  fit  of  the  single  crystal  data  (not  shown)  to  a 
2nd-order  polynomial. 


stress  concentration  at  the 
interface  is  unclear  at  present, 
although  it  may  be  related  to 
the  influence  of  Si  on  the  rate 
of  formation  of  threading 
dislocations  [2].  The  existence 
of  this  stress  gradient  might  be 
responsible  for  reports  of 
epilayer  cracking  in  heavily  Si- 
doped  material.  As  shown  in 
Fig.  2  at  room  temperature, 
the  residual  stress  in  GaN 
grown  on  SiC  is  influenced  by 
the  dopant  species.  Mg  doped 
material  (ca.  10‘*  cm'^)  is 
observed  to  be  270  MPa  in 
tension  while  Si  doped 
material  at  a  similar 
concentration  is  660  MPa  in 
tension. 

Figure  2  illustrates  the  £2 
phonon  frequency  vs. 

separation  of  the  shifts  to  lower 
frequency  into  thermal 
expansion  and  self-energy 

effects  [14]  will  be  considered 
elsewhere.  The  bulk  single 

crystal  data  was  fit  to  a 
parabolic  temperature 

dependence  which  is  shown  as 
a  solid  line  in  Fig.  2.  Figure  3 
shows  the  difference  in  the  £2 
phonon  frequency  for  the 
epitaxial  layers  relative  to  the 
single-crystal  value  as  a 
function  of  temperature.  We 
expect  the  temperature  trend 
of  the  £2  phonon  frequency  of 
the  epitaxial  films  to  differ 
from  that  of  the  single  crystal 
due  to  the  different  thermal 
expansion  coefficients  of  the 
GaN  films  and  the  substrates. 
The  change  in  stress  state  as 
the  epilayers  are  heated  is: 
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(2) 


T 

o(T)  =  :^j(ao^-a^^jar. 

where  E  is  the  a-plane  Young’s  niodulus,  324  GPa,  and  v  is  the  Poisson’s  ratio,  0.25  [8].  The 
thermal  expansion  values  are  obtained  from  the  literature  [1,15].  The  thermal  stress  in  (2)  is 
converted  to  shift  of  the  Raman  phonon  using  (1)  and  graphed  as  the  dotted  lines  in  Fig.  3. 

Both  Si-doped  samples  follow  the  stress  model  very  well.  The  observed  compressive 
stress  observed  at  room  temperature  relaxes  and  becomes  tensile  at  temperatures  above  150  C 
for  the  lightly  doped  sample  and  above  300  C  for  the  more  heavily  doped  sample. 
Extrapolation  of  the  thermal  model  to  the  growth  temperature  predicts  that  these  films  were  in 
0.5  -  1.0  GPa  of  tensile  stress  at  the  growth  temperature.  The  thermal  stress  model  is  in  good 
agreement  with  the  data  in  Fig.  3  for  the  Mg-doped  layer  on  SiC.  The  extrapolation  to  the 
growth  temperature  predicts  a  slight  (<100  MPa)  amount  of  tensile  stress.  The  agreement  is 
poor  for  the  Mg-doped  sample;  the  stress  state  does  not  change  with  temperature  below  300 


T  [Si]  =  1x10^®  cm'^  GaN  on  sapphire,  GaN  buffer 
A  [Si]  =  8.6x1  o’®  cm  ®  GaN  on  sapphire,  GaN  buffer 

. Thermal  expansion  modei,  sapphire  substrate 

$  SiC  substrate.  Mg  doped 
❖  SiC  substrate,  Si  doped 
.  Thermai  expansion  modei,  SiC  substrate _ 

Fig.  3  Stress  in  epitaxial  films  as  a  function  of  temperature  measured  relative  to  GaN 
bulk  single  crystal.  A  positive  shift  corresponds  to  compressive  stress  (4.1  cm  /GPa 
biaxial  stress). 
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C  (i.e.  it  behaves  like  bulk  GaN).  This  sanq)le  had  been  previously  exposed  to  high 
ten^erature  annealing  to  attempt  to  activate  the  Mg  acceptor.  One  possible  explanation  for 
the  discrepancy  is  that  the  thermal  cycling  may  have  damaged  the  GaN/SiC  interface. 

Intrinsic  stress  is  believed  to  be  driven  by  lattice  mismatch  and  is  modified  by  production  of 
stress-relieving  point  and  extended  defects.  GaN  differs  from  other  III-Vs  in  that  the  stress- 
relieving  dislocations  are  less  mobile  than  in,  for  example,  GaAs.  The  predictions  of  tensile 
stress  at  the  growth  temperature  for  GaN  on  sapphire  and  slight  compression  for  Si-doped 
GaN  on  SiC  are  consistent  with  the  lattice  mismatches:  a(Al203)  »  a(GaN)  >  a(SiC).  Our 
results  imply  that  this  “intrinsic”  lattice  mismatch  stress  is  not  completely  relieved  by  defect 
formation  at  the  growth  temperature.  In  the  case  of  Si-doped  GaN,  high  concentrations  of  Si 
appear  to  aid  the  formation  of  stress-relieving  defects,  leading  to  a  lower  tensile  stress  at  the 
growth  temperature. 

CONCLUSIONS 

In  addition  to  the  substrate,  the  concentrations  of  impurities  and  dopants  influence  the 
residual  stress  in  GaN  epilayers.  In  heavily  Si-doped  material  stress  gradients  are  found  that 
may  explain  mechanical  failure  in  these  films.  Stress  measurements  at  elevated  temperature 
obtained  with  Raman  spectroscopy  are  shown  to  be  a  practical  way  to  separate  the  thermal 
and  intrinsic  components  of  the  observed  stress.  Extrapolation  of  the  stress  trends  to  the 
growth  tenperature  allows  an  estimate  the  amount  of  mismatch  strain  relieved  at  or  close  to 
the  growth  ten^erature.  It  is  found  that  the  estimated  stress  states  at  the  growth  temperature 
are  in  agreement  with  the  lattice  mismatches  for  GaN  grown  on  sapphire  and  SiC,  implying 
that  lattice  mismatch  strains  are  not  completely  relieved  by  defect  formation  at  the  growth 
temperature. 
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VARIATION  OF  GaN  VALENCE  BANDS  WITH  BIAXIAL  STRESS:  QUANTIFICATION  OF 
RESIDUAL  STRESS  AND  IMPACT  ON  FUNDAMENTAL  BAND  PARAMETERS 
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'EMCORE,  Somerset,  NJ;  *now  at  Hewlett-Packard,  San  Jose,  CA. 

ABSTRACT 

We  provide  the  widest  estimate  thus  far  of  the  range  of  tensile  and  compressive  stress  (-3.8  to  3,5 
kbar)  that  GaN  epitaxial  material  can  withstand  before  relaxation  occurs,  and  an  unambiguous 
determination  of  the  spin-orbit  splitting  Aso  =  17.0  ±  1  meV  for  the  material.  These  are  achieved 
by  analyzing  lOK  reflectance  data  for  the  energy  separation  of  transitions  between  the  uppermost 
valence  bands  and  the  lowest  conduction  band  of  wurtzitic  GaN  as  a  function  of  biaxial  stress  for 
a  series  of  GaN  films  grown  on  both  AI2O3  and  6H-SiC  substrates.  Our  data  explicitly  show  the 
nonlinear  behavior  of  the  excitonic  energy  splittings  B-A  and  C-A  vs.  the  energy  position  of  the  A 
exciton,  which  stands  in  contrast  to  the  linear  approximations  used  by  previous  workers  analyzing 
material  grown  only  on  AI2O3  substrates.  Further,  the  lineshape  ambiguities  present  in  GaN 
reflectance  spectra  that  hindered  the  accurate  determination  of  such  excitonic  energies  have  also 
been  resolved  by  analyzing  these  data  in  reciprocal  space,  where  critical  point  energies  are 
determined  by  phase  effects  to  an  accuracy  of  ±0.5  meV, 


INTRODUCTION 

With  the  achievement  of  the  first  multilayer  nitride  laser  structure,^  the  task  of  quantifying 
residual  strain  in  GaN  films  becomes  more  pressing.  However,  to  do  this  by  optical  methods 
requires  the  identification  and  analysis  of  A,  B,  and  C  excitonic  structures  when  the  current  low 
temperature  reflectance  lineshape  theory  is  plagued  by  ambiguities.  Lineshape  ambiguities  appear 
to  be  of  diminished  seriousness  when  only  a  narrow  range  of  energy  is  analyzed;  however,  in  this 
laboratory  we  studied  a  variety  of  GaN  layers  with  thicknesses,  buffer  layers,  and  substrates 
representing  a  wide  range  of  residual  in-plane  strain.  In  each  case  the  customary  comparisons  to 
historical  lineshapes^  obtained  jfrom  100-200  ^.m  thick  GaN  films  grown  on  AI2O3  were  not 
useful;  observed  variations  in  excitonic  energy  splittings  and  oscillator  strengths  rendered 
ambiguous  any  assignment  based  on  lineshape  alone,  in  addition  to  raising  the  more  fundamental 
issue  concerning  the  correct  positions  of  the  excitonic  critical  point  energies  in  the  individual 
spectra.  We  solve  the  latter  problem  by  analyzing  our  lineshapes  in  reciprocal  space,^  where 
critical  point  energies  are  determined  by  phase  effects  independent  of  baseline  artifacts  and 
lineshape  interpretation  to  an  accuracy  of  ±0.5  meV  provided  that  the  features  are  at  least  2  meV 
apart. 

With  the  energy  positions  Ea,  Eb,  and  Ec  of  the  A,  B,  and  C  excitons  known  to  this 
precision  over  a  wide  range  of  in-plane  strain,  parameters  such  as  the  spin-orbit  splitting  Vso  can 
be  calculated  with  increased  confidence.  For  example,  we  find  Vso  =17.0  +  1  meV,  a  value 
significantly  larger  than  most  values  reported  by  previous  workers  though  similar  to  that 
obtained  by  Gil,  el  al.^  on  the  basis  of  a  linear  approximation  to  the  correct  variation  of  the 
energies  with  strain.  By  examining  a  fuller  range  of  samples  grown  on  both  AI2O3  and  6H-SiC, 
our  data  unambiguously  show  the  nonlinear  dependence  of  the  excitonic  energy  splittings  AEba 
and  AEbc  on  the  energy  Ea  of  the  A  exciton,  confirming  our  earlier  application  of  the  Hopfield 
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modeP,  where  the  nonlinear  variation  of  the  valence  band  energies  with  ciystal  field  potential  and 
biaxial  strain  is  incorporated  explicitly.^ 

EXPERIMENT 

Data  were  obtained  with  a  single-beam  low-temperature  reflectometer  consisting  of  a  Xe 
arc  lamp,  a  Cary  14  monochromator  with  a  resolution  better  than  1  meV  at  3.4  eV,  and  an  EMI 
9558  photomultiplier.  We  initially  used  a  more  complex  double-beam  arrangement,  but  the 
contribution  of  the  optical  instrumentation  to  the  optical  structure  in  the  spectral  region  of  interest 
was  negligible.  Data  reported  here  were  obtained  on  samples  cooled  to  1  OK  with  an  Air  Products 
cryotip,  although  other  temperatures  were  also  used  to  confirm  assignments.  The  GaN  layers 
examined  were  grown  by  (1)  metallorganic  chemical  vapor  deposition  (MOCVD)  on  AI2O3 
substrates  with  250A  GaN  buffer  layers;  (2)  Hydride  Vapor  Phase  Epitaxy  (HVPE)  on  AI2O3 
substrates  without  buffer  layers,  and  (3)  MOCVD  on  6H-SiC  substrates  with  lOOOA  AIN  buffer 
layers.  These  shall  be  referred  to  as  Category  1,  2,  and  3  samples,  respectively.  Details  of  crystal 
growth  are  given  elsewhere.^’^*^’" 

RESULTS 

A  selection  of  reflectance  spectra  is  shown  in  Fig.  1  in  order  of  descending  AEba  =  Eb-Ea 
excitonic  energy  separation.  Critical  point  energies  determined  by  reciprocal-space  analysis  are 
indicated  by  the  points;  the  historical  lineshape  of  Dingle,  et  al}  is  shown  for  the  sake  of 
comparison  in  (d),  with  the  original  excitonic  assignments  indicated  by  the  arrows.  In  this  case  the 
lineshape  trends  revealed  by  reciprocal-space  analysis  show  that  the  excitonic  energy  splittings 
AEba  and  AEca  are  closer  to  5  and  23  meV,  respectively,  rather  than  the  6.0  and  20.5  meV 
reported  in  Ref  2.  Note  that  we  observe  excitonic  splittings  both  significantly  larger  and  smaller 
than  those  reported  in  Ref  2. 

Figure  1(a)  is  typical  of  reflectance  spectra  of  Category  (1)  films.  The  feature  farthest  to 
the  left  on  the  low  energy  end  of  the  spectrum  is  an  interference  oscillation  that  is  unremarkable 
for  our  purposes;  the  excitonic  features  of  interest  lie  to  the  right.  For  this  sample  AEba  and  AEca 
are  9.2  and  27.8  meV,  respectively.  Interestingly,  real-space  assignments  for  the  same  sample 
yield  AEba  and  AEca  values  of  1 1  and  34  meV.  This  disparity  between  real-  and  reciprocal-space 
results  does  not  appear  to  be  sample-specific,  at  least  for  this  category.  Indeed,  reciprocal-space 
values  obtained  for  other  Category  (1)  samples  of  similar  thicknesses  are  listed  in  Table  I.  Clearly 
for  small  differences  in  thickness  in  this  group  there  is  a  small  but  non-negligible  variation  in 
AEba,  though  AEca  varies  more  widely.  In  contrast,  as  a  result  of  baseline  ambiguity,  the  real- 
space  values  for  AEba  for  these  samples  were  all  ~1 1  meV,  though  the  AEca  values  still  showed  a 
relatively  wide  variation.  Perhaps  it  has  been  this  type  of  real-space  analysis  that  has  led  other 
workers,'^  analyzing  data  obtained  on  films  grown  solely  on  AI2O3,  to  believe  that  AEab  is 
essentially  invariant.  Here,  we  observe  a  non-negligible  variation  of  AEba  for  a  sample  set  varying 
by  only  0.5pm  in  thickness,  though  this  variation  is  small  compared  to  the  range  of  AEca  values 
obtainable  from  seemingly  similar  samples. 

We  observe  a  similar  pattern  in  a  sample  set  within  Category  (3),  a  1.32  pm  representative 
of  which  is  shown  in  Fig.  1(g).  These  samples  all  are  in  the  1.03  to  1.45  pm  thickness  range, 
grown  on  6H-SiC  with  lOOOA  AIN  buffer  layers,  and  have  AEba  <  2  meV  with  AEca  values 
ranging  from  14.2  to  20.4  meV.  For  this  set  the  growth  temperature  of  each  sample  is  given  in 
Table  I,  providing  a  rationale  for  the  observed  range  of  AEca-  Reciprocal-space  analysis 
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Figure  1.  Representative  GaN 
lineshapes.  Reciprocal  space 
assignments  of  threshold  energies  are 
given  by  points.  From  top,  after 
Table  I:  (a)  Category  1,  sample  4;  (b) 
Category  2,  sample  5;  (c)  Categoiy  3, 
sample  8;  (d)  Dingle  reference 
lineshape^;  (e)  Category  3,  sample  7; 
(f)  Category  3,  sample  6;  (g) 
Category  3,  sample  12. 


Table  1.  Summary  of  GaN  samples  and  corresponding  growth  parameters. 


Sample 

Category 

Growth 

Technique 

Substrate 

Material 

Thickness  (pm) 

Film 

Growth 

Temp. 

(“Q 

EA(e\0 

(meV) 

AEca 

(meV) 

I.  I 

MOCVD 

AI2O3 

3.4857  ±0.5 

8.6±1 

26.5±1 

2.  “ 

2.7  +  .025  GaN  buffer 

3.4900 

7.1 

34.7 

3.  “ 

2.6  + 

3.4890 

8.3 

30.9 

4.  “ 

2.2  + 

3.4876 

9.2 

27.8 

5.  II 

HVPE 

AI2O3 

250 

3.4743 

6.7 

23.5 

6.  Ill 

MOCVD 

6H-SiC 

3.7 +  .1  AIN  buffer 

1050 

3.4724 

2.5 

18.1 

7.  “ 

3.1  + 

1050 

3.4729 

3.4 

19.7 

8.  “ 

«c 

2.0  + 

1050 

3.4767 

6.2 

23.9 

9.  “ 

“ 

u 

1.5  + 

975 

3.4726 

<2 

20.4 

10.  “ 

« 

1.4  + 

1025 

3.4651 

<2 

14.2 

11.  “ 

(( 

u 

1.4  + 

975 

3.4680 

<2 

16.3 

12.  “ 

(C 

1.3  + 

975 

3.4709 

<2 

18.9 

13.  “ 

«< 

1.3  + 

1075 

3.4668 

<2 

14.8 

14.  “ 

1.0  + 

975 

3.4668 

<2 

18.8 

783 


confirmed  these  assignments  by  showing  that  in  each  case  IAEbaI  could  not  have  exceeded  2  meV 
and  that  AEca  is  as  given  in  Table  I.  Our  temperature-dependent  reflectance  data  also  support  this 
interpretation.  These  data  are  also  consistent  with  those  of  Buyanova  et  al}^,  who  reported  AEba 
<  5  meV  and  AEca  =  17  meV  for  a  2.0p,m  GaN  film  grown  by  MOCVD  without  a  buffer  layer  on 
6H-SiC.  However,  as  in  the  case  of  the  Category  (1)  samples,  it  is  premature  to  conclude  that 
AEba  has  a  single  value  for  material  grown  on  6H-SiC.  The  spectra  shown  in  Figs.  1(e)  and  (f) 
were  obtained  from  Category  (3)  samples  3.  lOfim  and  3.71  p,m  thick,  respectively,  and  exhibit 
AEba,  AEca  values  of  3.4,  19.7  and  2.5,  18.1  meV,  respectively. 

Though  Category  (3)  samples,  which  are  all  grown  on  6H-SiC,  tend  to  show  much  smaller 
AEba  splittings  than  those  grown  on  AI2O3,  a  general  conclusion  of  this  nature  would  be 
premature.  Figure  1(c)  shows  a  Category  (3)  sample  with  AEba  and  AEca  values  of  6.2  and  23.9 
meV,  respectively.  Such  values  are  typical  for  GaN  grown  on  Al203^’^’‘^’*^  and  are  similar,  in  fact, 
to  the  250nm  thick  Category  (2)  sample  shown  in  Fig.  1(b).  For  this  HVPE  grown  sample  with 
no  buffer  layer,  AEba  and  AEba  are  6.7  and  23.5  meV,  respectively.  This  result  shows  that  use  of 
a  particular  type  of  substrate  does  not  automatically  guarantee  a  particular  type  of  film,  though 
unresolvable  AEba  splittings  for  material  grown  on  AI2O3  have  been  traditionally  associated  with 
poor  material  quality.^ 

To  interpret  these  data  we  follow  the  conventional  approach,  i.e.,  we  apply  the  quasicubic 
model  introduced  by  Hopfield.’  We  first  note  that  biaxial  in-plane  stress  generates  both 
hydrostatic  and  shear  strains,  which  affect  the  mean  valence-conduction  band  separation  and  the 
valence-band  splittings,  respectively.  To  the  extent  that  anisotropic  relaxation  can  be  neglected 
(not  necessarily  a  good  assumption),  we  can  determine  the  relationship  between  the  in-plane 
stress  Gxx  =  CTyy  =  Oil  and  the  in-plane  (Sxx  =  Syy  =  8u  =  S22),  out-of-plane  (8zz  =  833),  and 
hydrostatic  (8h  =  811  +  822  +  833)  strains  fi'om  the  known  elastic  constants  of  GaN^^.  After  Nye,’^ 
we  have  (C)'^  s  {S}  and  8ij  =  Sijki  au,  where  Cn,  C12,  C13,  C33,  C44,  C^e  =  296,  130,  158,  267,  24 
and  83  GPa^*,  respectively.  Assuming  that  an  =  022  and  that  all  remaining  Gy  =  0  we  find 

8’ll  =  [Cll+Cl2-2(Cl3/C33)P  (Jll  =  (4.18x10  (la) 

^33  =  (-4.93xl0"^^)c7n  (lb) 

The  hydrostatic,  and  therefore  the  in-plane  strain,  can  be  obtained  within  an  additive  constant  Eao 
from  the  measured  gap  energy  Ea  and  the  deformation  potential  a  according  to  the  empirical 
expression 

Ea  =  Eao  +  <^Sh  (2) 

where  Eao  =  3.477  eV,^°  and  a  « -10  eV.  The  quasicubic  model  therefore  allows  the  B-A  and  C-A 
splittings  to  be  plotted  vs.  Ea  as  shown  in  Fig.  2.  Using  Eqs.  (1)  and  (2),  we  find  for  the  data  of 
Fig.  2  that  CTh  ranges  from  -3.80  kbar  compressive  at  the  high  energy  limit  of  the  data  to  3.47 
kbar  tensile  at  the  low  energy  limit.  These  values  (1)  provide  an  estimate  of  the  amount  of  stress 
the  material  can  withstand  before  relaxation  occurs  and  (2)  suggest,  not  surprisingly,  that  the 
epitaxial  material  can  withstand  roughly  equal  amounts  of  tensile  and  compressive  stress. 
Recalculation  of  ranges  of  stress  reported  by  previous  workers^  according  to  Eqs.  (1)  -  (2)  using 
the  reported  energy  position  of  the  A  exciton  shows  that  the  previously  reported  range  of  -12.8  to 
-0.8  kbar  (compressive)  actually  ranges  fi’om  -3.78  kbar  (compressive)  to  1.16  kbar  (tensile). 

Given  Sxx,  and  following  the  notation  of  ref  5,  AEba  and  AEca  can  be  written  in  the 
quasicubic  model  as 
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EA(eV) 


Figure  2.  Excitonic  energy  splittings 
AEba  and  AEca  vs.  energy  position  of 
the  A  exciton;  data  shown  by  points. 
Least  squares  fit  shown  by  straight 
lines.  Note  the  nonlinear  character  of 
the  fit. 


AEba,^ca  =  {Eb~  Ea)  ~  2A2  +  2(^i~^2  +  0£) 

(3) 

where  0e  =  ke^x  is  the  shear  term,  Ai  is  the  crystal-field  potential,  and  A^-  A3  =  l/3Aso,  where 
Aso  is  the  conventional  spin-orbit  splitting  parameter.  Note  that  A,o  is  the  A-C  splitting  where 
Ea=Eb,  i.e.,  where  the  shear  and  crystal-field  terms  cancel.  Since  AEab  and  AEac  are  determined 
experimentally,  and  since  the  independent  variable  0^  can  be  expressed  in  terms  of  Sxx,  then  Aj  = 
Acr  and  A2  =  A3  =  1/3  Aso  are  simply  adjustable  parameters  for  the  least-squares  fit  shown  in  Fig.  2 
by  the  solid  lines.  The  data  of  Fig.  2  clearly  cannot  be  represented  by  a  straight  line.  The 
calculated  variation  is  approximately  parabolic,  in  contrast  to  linearization  formulas  offered  by 
previous  workers^  which  had  been  previously  used  to  obtain  the  relationships  between  GaN 
deformation  potentials.  This  has  recently  also  been  recognized  by  Gil  et  in  a  revision  of  their 
earlier  work  on  this  topic.  Although  our  wider  range  of  data  show  more  scatter  than  the  more 
narrow  range  of  previous  workers,*’^*  we  believe  (1)  that  this  scatter  is  due  to  partial  violation  of 
the  1:1  connection  assumed  between  hydrostatic  and  shear  strain  and  (2)  that  it  is  logical  to 
assume  that  any  partial,  anisotropic  relaxation  would  occur  differently  for  each  sample 
represented  in  a  set  of  dissimilar  samples. 
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CONCLUSION 


We  have  presented  a  range  of  AEab  and  AEac  splitting  data  for  a  variety  of  GaN  films 
grown  on  both  AI2O3  and  6H-SiC,  all  nominally  varying  with  respect  to  film  thickness  and  buffer 
layer  composition.  Some  of  these  splittings  are  heretofore  unreported.  In  fact,  the  range  of  values 
observed  supports  the  conclusion  that  no  a  priori  correlation  between  splittings,  lineshapes  of  the 
excitons,  and  type  of  substrate  exists.  Unambiguous  determination  of  the  energy  positions  of  the 
A,  B,  and  C  excitons  in  these  spectra  to  within  0.5  meV  has  been  achieved  using  reciprocal-space 
analysis,  which  has  in  turn  enabled  a  more  accurate  determination  of  Vso.  Additionally,  the 
correlation  between  Ea  and  AEab  and  AEac  has  enabled  the  calculation  of  the  residual  in-plane 
stress  in  the  films. 
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ABSTRACT 

The  electronic  structure  of  thin  film  wurtzite  GaN  has  been  studied  using  a  combination  of  angle 
resolved  photoemission,  soft  x-ray  absorption  and  soft  x-ray  emission  spectroscopies.  We  have 
measured  the  bulk  valence  and  conduction  band  partial  density  of  states  by  recording  Ga  L-  and  N 
K-  x-ray  emission  and  absorption  spectra.  We  compare  the  x-ray  spectra  to  a  recent  ab  initio 
calculation  and  find  good  overall  agreement.  The  x-ray  emission  spectra  reveal  that  the  top  of  the 
valence  band  is  dominated  by  N  2p  states,  while  the  x-ray  absorption  spectra  show  the  bottom  of  the 
conduction  band  as  a  mixture  of  Ga  4s  and  N  2p  states,  again  in  good  agreement  with  theory. 
However,  due  to  strong  dipole  selection  rules  we  can  also  identify  weak  hybridization  between  Ga 
4s-  and  N  2/7-states  in  the  valence  band.  Furthermore,  a  component  to  the  N  K-emission  appears  at 
approximately  19.5  eV  below  the  valence  band  maximum  and  can  be  identified  as  due  to 
hybridization  between  N  2p  and  Ga  3d  states.  We  report  preliminary  results  of  a  study  of  the  full 
dispersion  of  the  bulk  valence  band  states  along  high  symmetry  directions  of  the  bulk  Brillouin  zone 
as  measured  using  angle  resolved  photoemission.  Finally,  we  tentatively  identify  a  non-dispersive 
state  at  the  top  of  the  valence  band  in  parts  of  the  Brillouin  zone  as  a  surface  state. 

INTRODUCTION 

Despite  the  technological  importance  of  refractory  m-V  nitrides  as  materials  for  wide  band  gap 
semiconductor  devices,  there  is  a  significant  lack  of  experimental  data  concerning  the  basic 
electronic  structure  of  such  films  [1].  Only  recently  have  the  intrinsic  band  structure,  the  density  of 
states,  and  the  electronic  properties  of  surfaces  come  under  scrutiny.  A  fundamental  understanding 
of  the  electronic  structure  is  required  if  these  materials  are  to  achieve  their  full  technological 
potential.  We  present  here  preliminary  results  of  a  comprehensive  study  of  the  electronic  structure 
of  wurtzite  (hexagonal)  GaN  thin  films  using  a  combination  of  angle  resolved  photoemission,  soft 
x-ray  emission,  and  soft  x-ray  absorption  spectroscopies.  This  combination  of  spectroscopies  allow 
the  partial  density  of  states  (PDOS)  of  both  the  valence  and  conduction  bands,  and\h.Q  dispersion 
of  the  valence  band  states  to  be  directly  measured.  Such  measurements  can  be  directly  compared 
to  electronic  structure  calculations. 

SPECTROSCOPIC  TECHNIQUES 

Three  complimentary  techniques  were  used  in  this  work:  angle  resolved  photoemission  (ARP), 
soft  x-ray  emission  (SXE)  and  soft  x-ray  absorption  (SXA).  Each  reveals  a  different  aspect  of  the 
GaN  electronic  structure.  In  ARP  the  sample  is  illuminated  with  monochromatic  ultraviolet 
radiation,  which  leads  to  the  photoemission  of  electrons.  The  kinetic  energy  and  momentum  of  these 
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electrons  is  then  measured.  The  kinetic  energy  can  be  related  to  the  binding  energy  of  the  electron 
inside  the  solid,  while  the  electron  momentum  in  vacuum  can  be  related  to  the  band  momentum  {k 
vector)  of  the  electron  inside  the  solid.  Given  the  short  mean  free  path  of  electrons  in  solids  at  the 
kinetic  energies  typically  encountered  in  ARP,  this  spectroscopy  is  inherently  surface  sensitive,  with 
a  sampling  depth  of  on  the  order  of  10  A.  Since  bulk  wavefunctions  extend  continuously  to  the 
surface  in  a  perfect  crystal,  ARP  can  nevertheless  measure  bulk  electronic  states.  However,  great 
care  has  to  be  taken  to  prepare  and  maintain  clean,  ordered  and  stoichiometric  surfaces  if  information 
on  the  bulk  electronic  structure  is  sought.  Naturally,  the  high  degree  of  surface  sensitivity  of  ARP 
enables  the  surface  electronic  structure  to  be  measured  easily.  In  so-called  normal  emission,  only 
electrons  emitted  normal  to  the  surface  are  measured  as  the  photon  energy  is  varied.  These  electrons 
have  no  momentum  parallel  to  the  surface,  and  thus  states  along  a  direction  in  the  bulk  Brillouin 
zone  perpendicular  to  the  surface  are  probed.  States  along  other  directions  in  the  zone  can  be 
measured  by  coordinated  variation  of  off  normal  detection  angles  and  photon  energies.  Many 
reviews  of  the  use  of  ARP  can  be  found  in  the  literature  [2]. 

In  the  SXE  experiment  the  sample  is  illuminated  with  monochromatic  synchrotron  radiation 
in  the  100  -  1000  eV  range.  For  a  fixed  photon  energy,  core  holes  are  selectively  created  and  some 
of  these  de-excite  by  the  radiative  decay  of  a  valence  electron  into  the  hole  [3].  By  use  of  a  suitable 
high  resolution  spectrometer,  the  spectrum  of  emitted  photons  can  be  measured  [4].  The  transition 
is  governed  by  dipole  selection  rules,  and  assuming  a  non  dispersive  core  hole,  the  resulting 
spectrum  of  emitted  photons  reflects  the  occupied  valence  band  PDOS  [4].  The  sampling  depth  for 
SXE  in  this  energy  range  is  on  the  order  of  1000  A,  and  so  it  is  the  bulk  electronic  structure  that  is 
being  probed. 

Finally,  in  the  SXA  experiment,  the  sample  is  again  illuminated  with  monochromatic  radiation 
in  the  100  -  1000  eV  range.  However,  in  this  case  the  photon  energy  is  swept  through  an  x-ray 
absorption  edge  and  the  current  through  the  sample  is  measured.  The  photons  excite  core  electrons 
into  the  conduction  band,  and  again  assuming  a  non-dispersive  core  state,  the  current  is  proportional 
to  the  PDOS  of  the  unoccupied  conduction  band  [5].  Note  that  the  resolution  in  SXE  is  primarily 
determined  by  the  resolution  of  the  emission  spectrometer,  while  the  resolution  in  SXA  is 
determined  by  that  of  the  synchrotron  radiation  monochrometer. 

EXPERIMENTAL  DETAILS 

The  wurtzite  GaN(OOl)  films  were  grown  using  electron  cyclotron  resonance  assisted  molecular 
beam  epitaxy  on  sapphire  substrates;  the  growth  procedure  has  been  reported  elsewhere  [6]. 
Samples  were  auto  doped  n-type  and  of  high  quality  as  determined  from  resistivity,  mobility,  carrier 
concentration  and  photoluminescence  measurements.  SXA/SXE  measurements  were  performed  at 
the  HASYLAB  synchrotron,  DESY,  Hamburg,  on  undulator  beamline  BW3,  which  is  equipped 
with  a  modified  SX-700  monochrometer.  Absorption  spectra  were  recorded  in  the  total  electron  yield 
mode  by  measuring  the  sample  drain-current  and  were  taken  with  energy  resolutions  of  0.13  eV  at 
400  eV  (in  the  vicinity  of  the  N  Is  edge)  and  1 .0  eV  at  1 000.0  eV  (in  the  vicinity  of  the  Ga  2p  edge). 
Emission  spectra  were  recorded  using  a  high  resolution  grazing-incidence  grating  spectrometer  [7]. 
A  5  m  spherical  grating  with  1200  lines/mm  was  used  for  wavelength  dispersion  resulting  in 
resolutions  of  1.1  eV  at  photon  energies  of 400.0  eV  and  1.7  eV  at  photon  energies  of  1000  eV.  The 
base  pressure  in  the  SXE/SXA  chamber  was  1.0x1 0  ®  Torr.  This  vacuum  is  sufficient  for  these  bulk 
probes.  Sample  surfaces  were  not  atomically  cleaned  for  SXA  and  SXE. 

ARP  experiments  were  performed  at  the  National  Synchrotron  Light  Source  (NSLS),  on  the 
Boston  University/North  Carolina  State  University/NSLS  bending  magnet  beamline  U4A,  which  is 
equipped  with  a  6  m  toroidal  grating  monochrometer  and  a  custom  designed  hemispherical  electron 
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analyzer  [8].  Typical  energy  and  full  angular  resolution  were  100  meV  and  1°,  respectively. 
Samples  were  transported  in  air  and  mounted  in  the  analyzer  chamber  which  has  a  base  pressure 
<  2  X  10  '®  Torr.  Clean  GaN(OOOl)  surfaces  were  prepared  following  the  procedure  of  Bermudez  et 
al  [9].  A  Ga  layer  is  evaporated  onto  the  surface,  then  removed  by  heating  to  850°C.  This  results 
in  the  simultaneous  removal  of  much  of  the  surface  O  as  revealed  by  Auger  electron  spectroscopy 
(AES).  The  sample  is  then  subjected  to  repeated  cycles  of  sputtering  with  1000  eV  ions  and 
annealing  in  ultra-high  vacuum  at  850°C.  Following  this  procedure  AES  shows  no  C  and  minimal 
O  contamination,  and  low  energy  electron  diffraction  (LEED)  displays  a  sharp  hexagonal  pattern 
with  no  evidence  of  surface  reconstruction.  All  measurements  were  performed  at  room  temperature. 
Binding  energies  are  referenced  to  Ep  determined  from  an  atomically  clean  Ta  foil  in  electrical 
contact  with  the  sample,  and  to  the  valence  band  maximum  (VBM)  as  determined  from  the  spectra. 

RESULTS  AND  DISCUSSION 

N  Partial  Density  of  States 

Figure  1 A  shows  the  SXE  spectrum  for  the  radiative  decay  of  the  valence  band  into  a  N  Is  hole 
(N  K emission),  and  the  SXA  spectrum  for  excitation  of  N  Is  electrons  into  the  empty  conduction 
band  (N  K  absorption)  [10].  In  the  SXE  spectrum,  the  N  Is  core  state  is  excited  by  430  eV  photons. 


Energy  relative  to  VBM  (eV) 


Fig.  1.  A):  comparison  of  N  K-spectra  and  the 
calculated  PDOS  [11].  Energy  values  in 
parentheses  refer  to  the  simulated  lifetime  and 
instrumental  broadening  of  the  PDOS.  B)\ 
similar  comparison  for  Ga  L-spectra  and  the 
calculated  PDOS.  C)\  same  emission  data  on  an 
expanded  vertical  scale.  See  text  for  details. 
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Details  of  how  the  emission  and  absorption  spectra  are  placed  on  a  common  binding  energy  scale 
relative  to  the  VBM  can  be  found  in  Ref.  1 0.  Note  that  dipole  selection  rules  imply  that  the  emission 
spectrum  is  the  N  2p  PDOS  for  the  valence  band.  Emission  from  Ga  4s  states  is  dipole  forbidden, 
while  the  crosssection  for  inter-atomic  radiative  decays  is  much  smaller  than  for  an  intra-atomic 
decay,  resulting  in  a  negligable  contibution  from  Ga  4p  decays.  Also  shown  in  Fig.  lA  are  the 
results  of  an  EDA  calculation  of  the  PDOS  for  wurtzite  GaN  [11].  Here  we  have  convoluted  the 
theoretical  DOS  by  Lorentzians  to  simulate  the  core-hole  lifetime  broadening  and  then  convoluted 
the  theoretical  DOS  by  Gaussians  to  simulate  the  instrumental  broadening.  The  agreement  between 
the  calculated  and  measured  PDOS  for  the  valence  and  conduction  bands  is  very  good.  Structure 
in  the  emission  spectra  at  binding  energies  below  the  valence  band  minimum  will  be  discussed 
below.  Note  that  Lambrect  et  al  have  also  recently  reported  a  study  of  electronic  structure  in  GaN 
using  x-ray  absorption  and  reflectivity  [12].  Our  absorption  data  are  in  good  agreement  with  that 
study  for  similar  polarizations  of  the  incident  synchrotron  radiation. 

Ga  Partial  Density  of  States 


Figure  IB  shows  the  SXE  spectrum  for  the  radiative  decay  of  the  states  near  and  in  the  valence 
band  into  a  Ga  2p3/2  hole  (Ga  emission),  and  the  SXA  spectrum  for  excitation  of  Ga  2p3/2  electrons 
into  the  empty  conduction  band  (Ga  L  absorption)  [10].  As  before,  details  concerning  the  common 
binding  energy  scale  can  be  found  in  Ref.  10.  Here,  emission  from  N  2p  states  is  dipole  forbidden, 
and  the  spectrum  reflects  the  Ga  PDOS  of  the  valence  band,  including  the  Ga  3d  shallow  core  state, 
with  the  exception  that  Ga  4p  emission  is  dipole  forbidden  and  missing  from  the  spectrum.  The 
calculated  Ga  PDOS,  with  broadening  as  before,  is  also  shown  in  Fig.  IB  [1 1].  Again,  agreement 
between  the  calculated  and  measured  PDOS  for  both  the  valence  and  conduction  bands  is  very  good. 
The  binding  energy  of  the  Ga  3d  is  similar  to  that  observed  in  photoemission  experiments  [12,13]. 

Hybridization 


A  unique  characteristic  of  SXE  is  the  ability  to  directly  observe  hybrid  electronic  states.  This 
is  simply  a  consequence  of  the  dipole  selection  rules.  Fig.  1C  shows  the  N  K  emission  and  Ga 
emission  on  an  expanded  vertical  scale;  the  calculated  N  and  Ga  PDOS  are  also  plotted  for 
comparison  [11].  Examination  of  the  Ga  emission  shows  that  it  is  dominated  by  the  Ga  3d  -  2p 
transition  at  about  1 8  eV  below  the  VBM.  However,  emission  is  clearly  visible  up  to  the  VBM, 
where  it  ceases  abruptly.  Since  the  Ga  4p  -  2p  transition  is  forbidden,  this  emission  in  the  valence 
band  region  is  due  to  the  Ga  4s  -  2p  transition.  Note  that  this  spectrum  indicates  a  uniform  Ga  4s 
contribution  across  the  entire  valence  band.  Likewise,  examination  of  the  N  K  emission  reveals  that 
it  is  dominated  by  the  N  2p  -»  Is  transition,  giving  the  N  PDOS  for  the  valence  band.  However,  a 
weak  signal  is  visible  in  the  energy  range  of  the  Ga  3d  states.  Again,  dipole  selection  rules  imply 
that  this  signal  can  only  originate  from  N  2p  states  hybridized  into  the  Ga  3d  states.  This  is 
conclusive  experimental  evidence  of  the  (weak)  valence  state  nature  of  this  shallow  core  state,  and 
indicates  the  need  to  explicitly  treat  this  hybridization  in  band  structure  calculations.  Finally, 
comparison  of  the  absorption  spectra  in  Figs  1 A  and  IB  indicate  that  the  conduction  band  is  heavily 
mixed  between  Ga  and  N  states. 

Bulk  Band  Dispersion 

Bulk  band  dispersion  in  GaN  can  be  studied  using  ARP.  Ding  et  al  have  measured  the  band 
dispersion  along  seleeted  directions  in  cubic  GaN  films  grown  on  GaAs  by  using  normal  emission 
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ARP  [15].  We  have  very  recently  measured  the 
band  structure  of  wurtzlte  GaN  along  all  the  high 
symmetry  directions  [14].  Figure  2  shows  a  series 
of  normal  emission  spectra  from  GaN  where  the 
photon  energy  is  varied  from  29  to  100  eV.  Since 
the  surface  of  the  film  indexes  as  (0001),  the  bulk 
Brillouin  zone  direction  probed  in  this  experiment 
is  FAA.  Clear  dispersion  of  the  valence  band  states 
is  visible,  and  variation  of  the  band  width  with 
location  along  A  can  also  be  determined.  By 
measuring  in  an  off-normal  mode,  dispersion  along 
rSM,  FTK,  and  from  K  to  M  has  also  been 
measured.  Preliminary  analysis  of  the  data  indicates 
very  good  agreement  for  the  magnitude  of  the 
dispersion  with  the  band  structure  calculations  of 
Rubio  et  al{\6\.  The  theoretical  and  experimental 
binding  energies  can  be  brought  into  reasonable 
agreement  by  a  rigid  shift  of  the  calculated  bands  to 
1  eV  higher  energy.  Full  analysis  of  the  results  of 
our  experiment  will  be  reported  elsewhere  [14]. 

Surface  State 

One  glaring  disagreement  between  our 
measurements  and  band  structure  calculations  is  our 
observation  a  state  at  a  binding  energy  equivalent  to 
the  valence  band  maximum  throughout  much  of  the 
bulk  Brillouin  zone.  The  calculated  band  structures 
all  indicate  that  the  bands  forming  the  top  of  the 
valence  band  disperse  to  higher  binding  energies  by 
as  much  as  2  to  2.5  eV  away  from  the  F  point.  In 
contrast,  we  observe  strong,  non-dispersive  emission  at  the  VBM  throughout  the  surface  Brillouin 
zone.  In  order  to  test  if  the  origin  of  this  emission  is  a  surface  state,  we  dosed  the  surface  with  O2. 
The  K  point  emission  in  the  surface  Brillouin  zone  at  the  VBM  was  found  to  be  sensitive  to  the 
presence  of  adsorbed  oxygen,  consistent  with  identification  as  a  surface  state.  Bermudez  et  al  have 
studied  the  adsorption  of  O2  on  GaN(OOOl)  using  angle  integrated  photoemission,  and  have  reported 
evidence  for  the  existence  of  a  surface  state  at  the  VBM  [17].  However,  angle  integrated 
photoemission  is  unable  to  measure  band  dispersion,  nor  the  location  of  states  in  the  surface 
Brillouin  zone.  Our  preliminary  measurements  indicate  that  the  state  is  non-dispersive,  and  thus  has 
a  high  density  of  states  at  the  VBM,  and  is  located  throughout  the  zone.  Further  measurements  are 
underway  to  identify  the  symmetry  properties  of  this  state. 

CONCLUSIONS 

We  have  reported  a  study  of  the  electronic  structure  of  wurtzite  GaN  using  angle  resolved 
photoemission,  soft  x-ray  absorption  and  soft  x-ray  emission  spectroscopies.  We  have  measured  the 
bulk  valence  and  conduction  band  PDOS  and  find  good  agreement  with  calculations.  We  have  also 
measured  the  hybridization  between  Ga  4s-  and  N  2/7-states  in  the  valence  band,  and  between  N  2p 


Normal  Emission:  FAA 


hv  (eV) 
100 

96 

94 

86 

78 

74 

72 

68 

64 

60 

56 

52 

50 

48 

44 

40 

36 

32 

28 


Binding  Energy  (eV) 
relative  to  VBM 

Fig.  2:  ARP  normal  emission  spectra  from 
GaN(OOOl) 
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and  Ga  3d  states.  We  also  reported  preliminary  results  of  our  ARP  study  of  band  dispersion  along 
high  symmetry  directions  of  the  bulk  Brillouin  zone,  and  have  tentatively  identified  an  observed 
non-dispersive  state  at  the  top  of  the  valence  band  throughout  the  Brillouin  zone  as  a  surface  state. 
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ABSTRACT 

Two  positive  ODMR  resonances  are  commonly  observed  on  a  luminescence  band  in  GaN 
at  2.2  eV,  one  identified  as  a  shallow  donor,  the  other  currently  unidentified.  We  here  report  a 
study  of  their  dependencies  on  a  variety  of  experimental  parameters,  including  microwave 
modulation  frequency,  microwave  power,  photoexcitation  power  and  photoexcitation  energy. 
ODMR  simulations  using  two  theoretical  models  are  compared  to  experimental  results  which  are 
consistent  with  spin-dependent  recombination  between  the  two  defects,  assuming  the  donor  has  a 
spin-lattice  relaxation  time  shorter  than  the  spin-dependent  recombination  lifetime.  The 
photoexcitation  energy  dependence  suggests  that  the  spin-dependent  recombination  associated 
with  the  2.2  eV  band  is  not  the  same  recombination  that  is  responsible  for  the  luminescence.  This 
supports  the  two  stage  model  put  forth  by  Glaser  et  al.  for  the  luminescence  process. 

INTRODUCTION 

The  ni-V  nitrides  have  a  variety  of  technologically  important  applications  including  use 
in  blue  and  UV  LED's  and  lasers  and  are  promising  candidates  for  high  temperature,  frequency, 
and  power  electronic  devices.  Under  photoexcitation,  GaN  commonly  emits  a  broad  yellow 
luminescence  band  centered  near  2.2  eV\  but  the  precise  nature  of  the  defects  responsible  have 
not  been  clearly  identified.  Two  popular  models  found  in  the  literature  offer  different 
recombination  routes  for  the  production  of  this  luminescence.  The  Ogino  model,  based  upon 
luminescence  studies,  suggests  radiative  transfer  of  an  electron  from  a  shallow  donor  to  a  deep 
acceptor  (distant  d-a  pair  recombination).^  The  Glaser  model,  based  primarily  on  Optically 
Detected  Magnetic  Resonance  (ODMR)  studies,  suggests  a  two  step  decay  process.^  Specifically, 
an  initial  spin-dependent  (SD)  non-radiative  electron  transfer  between  a  shallow  effective  mass 
(EM)  donor  and  a  deep  double-donor  (DD)  is  followed  by  radiative  electron  transfer  from  the 
deep  DD  to  a  shallow  acceptor.  The  main  arguments  supporting  the  Glaser  model  concern  g- 
value  analysis  and  luminescence  energy  considerations.  Recently,  several  additional  ODMR 
studies^’'^’  and  hydrostatic  pressure  measurements^  have  further  investigated  the  recombination 
nature  of  the  2.2  eV  band,  but  with  yet  no  consensus  as  to  the  correct  model. 

Here  we  study  a  variety  of  aspects  of  the  ODMR  signals  to  probe  whether  or  not  they  are 
sensitive  to  the  recombination  processes  involved.  Microwave  modulation  frequency,  microwave 
power,  and  photoexcitation  (PE)  intensity  dependencies,  as  well  as  effects  from  varying  the  PE 
energy  are  considered.  Numerical  simulations  of  the  SD  transfer  process  and  how  it  shows  up  in 
the  ODMR  for  both  the  Ogino  and  Glaser  models  are  presented  and  compared  to  the 
experimental  findings. 

EXPERIMENTAL  RESULTS 

The  samples  were  grown  using  the  MOVPE  technique  on  a  sapphire  substrate  with  a  thin 
AIN  buffer  layer.  They  have  a  wurtzite  structure  (bandgap  of  3.5  eV)  and  are  not  intentionally 
doped.  Seven  samples  were  studied,  but  the  majority  of  the  data  to  be  discussed  was  measured 
using  one  of  the  highest  quality  samples.  All  photoluminescence  measurements  were  taken  using 
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an  attenuated  beam  from  a  20  mW  HeCd  laser  for  PE  (325  nm),  unless  otherwise  specified.  The 
measurements  were  performed  at  pumped  liquid  helium  temperatures  (T=1.7  K)  in  a  35  GHz 
ODMR  spectrometer  which  has  been  described  previously.^ 

The  epilayers  were  typically  found  to  emit  three  luminescence  bands  that  are  commonly 
observed  for  high  quality  GaN^:  near  bandgap  (related  to  excitonic  decay),  shallow  d-a  pair 
recombination  (zero-phonon  line  at  3.27  eV)  and  the  broad  2.2  eV  luminescence.  The  intensity  of 
the  near  bandgap  luminescence  was  found  to  scale  linearly  with  PE  power  over  three  orders  of 
magnitude,  while  the  2.2  eV  band  scaled  roughly  as  the  square  root  of  power  over  the  same 
range.  Such  a  sub-linear  dependence  is  expected  for  easily  saturated  distant  pair  recombination. 
Further,  both  recombination  models  mentioned  in  the  introduction  predict  a  spectral  energy  shift 
vs.  PE  power  associated  with  d-a  pair  luminescence.  However,  in  our  samples  a  broad 
background  existed  in  this  speetral  region  making  the  necessary  comparisons  difficult.  Others 
have  also  addressed  this  issue^’^,  with  similar  uncertainties. 

The  remaining  experimental  results  in  this  paper  refer  only  to  the  2.2  eV  band.  Shown  in 
Figure  1  are  two  ODMR  spectra  taken  on  this  band  using  relatively  low  PE  intensity  (~  20  |liW), 
at  two  microwave  modulation  frequencies.  The  g-values  measured  for  these  two  resonances 
agree  within  experimental  error  with  those  reported  by  Glaser  et  al.^  The  high  and  low  field  line 
g-values  are  approximately  1.95  and  1.99,  respectively  (referred  to  hereafter  as  the  EM  and 
g=1.99  resonances)  and  were  attributed  by  Glaser  et  al.  to  the  shallow  EM  donor®  and  a  deeper 
DD.  The  spectral  dependencies  of  both  ODMR  resonances  follow  the  shape  of  the  2.2  eV  band. 
Both  resonances  broaden  as  the  modulation  frequency  is  increased,  and  a  very  similar  behavior  is 
observed  if  the  PE  power  is  increased. 

The  amplitudes  of  the  EM  and  g=1.99  resonances  behave  very  similarly  vs.  PE  power. 
Both  increase  approximately  with  the  square  root  of  power  until  they  level  off  at  ~  0.5  mW 
power.  The  luminescence  intensity  was  already  noted  to  increase  roughly  with  the  square  root  of 
PE  power,  and  thus  the  ODMR  normalized  to  the  2.2  eV  luminescence  intensity  is  approximately 
constant  at  low  PE  power,  but  decreases  above  -0.5  mW. 

Also  at  low  PE  power  (-  20  p,W)  and 
low  modulation  frequency  (1  Hz),  a 
microwave  power  dependence  over  two 
orders  of  magnitude  has  been  measured.  The 
two  resonances  behave  differently  as  shown 
in  Figure  2.  First  the  integrated  intensity  of 
the  g=1.99  resonance  increases  with  the 
square  root  of  the  microwave  power.  This 
dependence  is  consistent  with  an 
inhomogeneously  broadened  resonance 
where  only  the  individual  spin  packets  near 
resonance  are  saturated,  the  ODMR  signal 
increasing  linearly  with  microwave  field 
amplitude  (square  root  of  the  microwave 
power)  as  it  progressively  widens  the  field 
Figure  1.  ODMR  spectra  of  the  2.2  eV  range  of  saturated  spin  packets.  The 

luminescence  band  at  two  microwave  inhomogeneously  broadened  character  of  this 

modulation  frequencies,  1  Hz  and  1  kHz;  resonance  has  been  commented  on  before.^ 

with  low  intensity  (20  |iW)  PE  at  325  nm.  A  the  other  hand,  the  linear  dependence 

slowly  increasing  background  signal  vs.  observed  for  the  EM  resonance  in  Figure  2  is 

magnetic  field  has  been  subtracted.  consistent  with  a  homogeneously  broadened 
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resonance  that  is  not  saturated.  EPR 
measurements  have  confirmed  that  this 
resonance  is  difficult  to  saturate.^  In  the 
literature  a  wide  variety  of  intensity  ratios  for 
the  EM  and  g-1.99  resonances  have  been 
reported.  The  operating  conditions  may  vary 
greatly  from  one  experimental  setup  to  another, 
and  this  different  saturation  behavior  may 
partially  explain  this  discrepancy.  However,  we 
also  note  differences  in  the  ratios  of  the  two 
signals  amongst  our  different  samples  taken 
Microwave  Power  (mW)  under  otherwise  identical  conditions,  which 

appears  to  be  the  case  also  for  some  of  the 
Figure  2.  ODMR  integrated  intensities  for  samples  described  in  reference  2.  This  suggests 
the  EM  and  g=1.99  resonances  vs.  the  possible  importance  of  competing 
microwave  power  taken  at  relatively  low  processes  involving  the  EM  donor,  as  well. 

(~20  |LiW)  PE  power  and  low  modulation  A  study  of  the  luminescence  and 

frequency  (1  Hz).  The  lines  are  least  ODMR  intensities  as  a  function  of  the  PE 
squares  linear  fits.  energy  has  been  performed  using  some  of  the 

prominent  Hg  lines  of  a  Hg-Xe  arc  lamp  passed 
through  a  monochromator.  We  find  that  the  2.2 
eV  luminescence  band  can  be  excited  effectively  using  either  above  (3.50  eV)  or  below  (3.07  or 
2.84  eV)  bandgap  PE  energies.  A  drastic  change  is  found,  however,  when  we  compare  their 
respective  ODMR  intensities.  When  using  below  bandgap  PE  energy,  the  ODMR  signals 
normalized  to  the  total  photoluminescence  intensity  (AI/I~3xl0''^  at  3.07  eV,  -IxlO'"^  at  2.84  eV  ) 
are  at  least  an  order  of  magnitude  weaker  than  those  using  above  bandgap  excitation  (AT/T~ 
3x10'^).  This  result  implies  that  there  is  a  way  to  excite  the  luminescence  that  does  not  involve 
the  SD  process  (perhaps  direct  excitation  of  a  pair).  This  is  strong  evidence  that  the  SD  and 
luminescence  recombinations  are  separate  processes,  supporting  that  part  of  the  Glaser  model. 

Modulation  frequency  dependencies  of  the  ODMR  signals,  at  both  high  (~2  mW)  and  low 

(~20  |iW)  PE  power  have 
also  been  measured  and  are 


Modulation  Frequency  (Hz)  Modulation  Frequency  (Hz) 


shown  in  Figure  3.  The 
relative  intensities  of  the 
two  resonances  vary 
dramatically,  and  the  EM 
signal  peaks  at  a  higher 
frequency  than  the  g=1.99 
signal.  These  differences  in 
response  are  not  observed, 
for  example,  in  the  well 
studied  electron  transfer  d-a 
pair  system  comprised  of 


zinc-vacancy-zinc- 


Figure  3.  Integrated  ODMR  intensities  for  the  EM  and  g=1.99 
resonances  vs.  microwave  modulation  frequency  taken  at  two 
PE  powers:  (a)  high  (~2  mW),  and  (b)  low  (~20|LiW). 


interstitial  Frenkel  pairs  of 
different  separations  in 
ZnSe.®’’°  The  question 
naturally  arises  therefore  as 
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to  whether  they  are  consistent  with  such  a  recombination,  as  proposed  for  the  SD  process  in  both 
the  Ogino  and  Glaser  models,  and  if,  perhaps,  they  serve  to  distinguish  between  them.  In  the  next 
section,  we  attempt  to  answer  this  question. 


NUMERICAL  SIMULATION 


Here  we  describe  the  results  of  a  simple  model  for  SD  recombination  between  two 
defects,  and  its  effect  on  ODMR  detection  for  both  the  Ogino  and  Glaser  models.  For  simplicity, 
we  have  considered  an  isolated  pair  of  defects,  each  (d,  a)  with  an  unpaired  s  =  Vi  spin  before  the 
recombination.  There  are  four  combinations  for  the  relative  spin  alignments,  leading  to  four 
excited  states.  Two  states,  with  both  spins  up  or  down  together,  are  pure  S  =1  triplet  states,  with 
a  slower  recombination  rate  {Rsioy^.  The  other  two  are  mixtures  of  singlet  and  triplet  with  a  faster 
recombination  rate  {Rjas^.  The  PE  rates  were  set  equal  (P)  for  all  the  excited  states.  Arbitrary 
spin-lattice  relaxation  rates  for  the  two  spins  Tja')  were  included,  as  well  as  the 

microwave-induced  transition  rates,  which  were  assumed  to  be  fast  compared  to  the  other  rates. 
This  is  sufficient  for  the  Ogino  model,  where  the  SD  transfer  is  the  radiative  transition.  In  the 
Glaser  model,  a  second  luminescence  decay  rate  (/?/„,„)  was  included  after  the  SD  transfer.  For 
each  model  appropriate  rate  equations  were  developed,  following  an  approach  previously 
outlined.’ '  Square  wave  modulation  of  the  microwave  power  at  a  particular  frequency  was  added, 
giving  the  rate  equations  an  explicit  time  dependence  and  the  steady-state  time  dependent 
populations  of  the  system  were  solved  for  numerically.  The  time-dependent  luminescence 
intensity  was  then  calculated  and  convoluted  with  both  in-phase  and  quadrature  sine  functions  of 
the  same  frequency  as  the  microwave  amplitude  modulation  (simulating  the  lock-in  amplifier). 
The  values  obtained  were  the  simulated  ODMR  signals. 


1. Ogino  model.  It  is  instructive  to  first  consider  the  limit  where  neither  defect  spin  system 
is  thermally  relaxed  =  Rsiow  +  Rfast  »  Tjd^Tja^).  The  two  resonances  exhibit  identical 

frequency  responses  since  their  rate  equations 


in-phase-signals 


Figure  4.  Simulated  modulation  frequency 
{cOm)  dependence  of  the  ODMR  intensities 
for  distant  d-a  pair  recombination  for 
Tjd^=10Rejf  =100T}a^.  Two  PE  powers  are 
considered;  low  (P=0.001Reff)  and  high 
(P=0.1Reff). 


are  symmetric.  From  Figure  4,  however,  we 
see  that  this  is  no  longer  the  case  when  one  of 
the  defects  is  relaxed.  In  the  case  shown,  the 
donor  defect  (d)  is  relaxed  but  not  the  partner 
(a)  (T/rf'-’  »  Reff  »  Tja^).  The  donor’s 
frequency  response  for  both  low  and  high  PE 
power  extends  to  a  higher  frequeney  than  the 
partner  signal’s  response.  The  relaxation  also 
reduces  the  ODMR  amplitude  for  both.  Under 
saturation  conditions  at  high  PE  power  and 
low  modulation  frequency  the  response  is  non¬ 
zero  and  flat  for  both  because  the  steady-state 
equilibrium  luminescence  intensity  increases 
when  the  microwaves  are  on. 

The  theoretical  frequency  response 
effect  produced  by  relaxation  is  qualitatively 
similar  to  what  is  observed  experimentally  in 
Figure  3.  The  low  power  data  appears  to  fall 
somewhere  in  between  the  two  theoretical 
curves,  but  the  samples  actually  contain,  of 
course,  a  distribution  of  d-a  pair  separations, 
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and  therefore  pair  lifetimes,  so  convolution  of  the  theoretical  response  with  a  suitably  weighted 
distribution  of  recombination  lifetimes  would  be  required  before  quantitative  comparisons  could 
be  made. 

2,  Glaser  Model  This  model  differs  from  the  Ogino  model  in  that  the  excited  state 
undergoes  a  SD  decay  to  an  intermediate  state  before  the  luminescent  transition  occurs.  Since  the 
system  is  linear  (no  back-transfer  processes)  we  find  that  the  results  of  the  numerical  simulation 
are  fully  equivalent  to  the  intermediate  state  acting  as  an  effective  low  pass  filter  on  the  output  of 
the  SD  recombination.  Thus,  if  the  luminescence  decay  rate  is  much  faster  than  the  SD  rate 
{Rium»Reff),  this  model  behaves  identically  to  the  Ogino  model,  including  the  relaxation  effects 
observed  in  Figure  4.  If  the  reverse  case  holds  (Rejf»Rium)  then  the  system  cannot  respond  above 
the  "cut-off  frequency"  associated  with  the  luminescence  decay.  In  that  case,  the  donor  and  its 
partner  (the  DD  becomes  a  “net  acceptor”)  exhibit  similar  frequency  responses  that  peak  at  a 
frequency  governed  by  the  luminescent  state’s  decay  lifetime.  If  only  one  of  the  defects  is 
relaxed,  a  difference  at  higher  frequencies  still  exists  but  is  drastically  reduced  due  to  the  filtering 
effect. 

Summarizing,  we  see  that  a  short  spin-lattice  relaxation  time  for  the  EM  donor  could 
account  for  the  different  frequency  responses  observed  for  the  EM  and  g=1.99  resonances.  This 
is  always  true  for  the  Ogino  model,  but  also  true  for  the  Glaser  model  if  the  radiative  rate  of  the 
second  luminescing  system  is  rapid.  The  kinetic  response  of  the  ODMR  signals  does  not  appear 
to  serve  by  itself  therefore  to  distinguish  between  the  models. 

DISCUSSION  AND  CONCLUSIONS 

Several  groups  have  reported  ODMR  work  on  the  2.2  eV  luminescence  band  in  GaN. 
2,3,4, 5  resonances  commonly  observed  have  generally  been  interpreted  to  arise  from  a  SD 

recombination  process  between  a  shallow  donor  and  a  deeper  defect.  In  this  work  on  MOVPE 
grown  samples  a  variety  of  findings  also  point  to  the  same  conclusion:  partial  saturation  (vs.  PE 
power)  of  the  luminescence  over  many  decades  has  been  observed.  The  amplitudes  of  both 
resonances  were  found  to  scale  similarly  with  PE  power,  both  saturating  at  higher  power.  Also 
the  spectral  dependencies  of  each  follow  the  2.2  eV  band.  In  addition,  broadening  of  the  ODMR 
resonances  with  increasing  PE  power  and  modulation  frequency  was  observed.  This  is  an 
expected  characteristic  for  distant  pair  recombination,  the  closer  pairs  having  the  shorter 
recombination  lifetimes  and  the  larger  exchange  broadening.  These  findings  all  indicate  that 
distant  pair,  SD  recombination  is  involved.  However,  the  Ogino  and  Glaser  models,  give 
different  interpretations  of  the  relationship  between  the  SD  and  luminescence  processes. 

Other  aspects  of  the  ODMR  resonances  have  therefore  been  investigated  to  search  for 
distinguishing  features,  including  microwave  modulation  frequency  and  microwave  power 
dependencies.  The  two  resonances  typically  exhibit  different  modulation  frequency  responses. 
Numerically  simulated  ODMR  signals  using  the  Ogino  and  Glaser  models  have  been  used  to  try 
to  understand  this  result.  They  predict  that  if  the  donor  has  a  spin-lattice  relaxation  time  shorter 
than  the  pair's  luminescence  lifetime,  it  will  respond  at  a  higher  modulation  frequency  than  the 
partner,  which  is  consistent  with  the  data.  The  numerical  results  are  unable  to  distinguish 
between  the  two  models,  but  if  the  Glaser  model  is  correct,  they  indicate  that  the  luminescence 
process  is  much  faster  than  the  initial  SD  process. 

Microwave  power  dependence  studies  show  that  neither  resonance  is  fully  saturated,  the 
linear  dependence  of  the  donor  being  consistent  with  an  unsaturated,  homogenously  broadened 
line,  while  the  square  root  dependence  of  the  g=1.99  resonance  agrees  with  an  only  partially 
saturated,  inhomogeneously  broadened  line  (saturated  spin-packets).  Thus,  the  integrated 
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intensities  of  the  donor  and  g=1.99  resonances  are  not  expected  to  be  identical  (only  at  large 
microwave  power  where  they  are  both  fully  saturated  should  this  occur).  This  possibly  explains 
some  of  the  differences  between  the  relative  amplitudes  of  the  two  ODMR  signals  reported  in  the 
literature.  However,  sample-related  differences  also  appear  to  exist,  suggesting  the  additional  role 
of  competing  recombination  effects  involving  the  EM  donor. 

Common  to  the  specific  models  of  Ogino  and  Glaser  is  the  further  assumption  that  the 
luminescence  itself  results  from  donor  to  acceptor  recombination.  This  aspect  of  the  models  has 
not  yet  been  satisfactorily  tested  due  to  the  failure  so  far  to  detect  a  Coulomb  shift  of  the  broad 
band  vs.  PE  power. 

Finally,  in  our  samples,  we  observe  a  large  reduction  in  the  ODMR  intensity  (normalized 
to  the  total  luminescence  intensity)  when  using  below  bandgap  PE  energy  as  compared  with 
above  bandgap  energy.  This  finding  gives  significant  evidence  that  the  spin-dependent  and 
luminescent  processes  do  not  occur  simultaneously.  It,  and  it  alone  of  the  results  presented  here, 
provides  a  strong  argument  for  a  two  step  process  as  incorporated  in  the  Glaser  model. 
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ABSTRACT 

We  report  the  first  observation  of  optical  quenching  of  photoconductivity  in  GaN 
photoconductors  at  room  temperature.  Three  prominent  quenching  bands  were  found  at 
Ev+1.44,  1.58  and  2.20  eV,  respectively.  These  levels  are  related  to  the  three  hole  traps  in 
GaN  materials  based  on  a  hole  trap  model  to  interpret  the  quenching  mechanism.  The 
responsivity  was  reduced  about  12%  with  an  additional  He-Ne  laser  shining  on  the  detector. 

INTRODUCTION 

There  has  been  extensive  studies  on  the  wide  bandgap  Ill-nitrides  due  to  their 
applications  in  light-emitting  devices  and  ultraviolet  detectors.  Some  common  electrical  and 
optical  properties  in  other  III-V  materials  have  also  been  observed  in  GaN,  such  as  persistent 
photoconductivity  (PPC)^  and  transferred  electron  effect  (TEE)^,  etc.  Deep  levels  in  GaN  have 
been  studied  by  several  groups  using  both  electrical  and  optical  methods. Despite  many 
efforts  on  these  materials,  the  electrical  and  optical  properties  of  the  impurities  and  native 
defects  in  these  materials  are  still  far  from  well  understood.  In  this  letter,  we  report  the 
observation  of  optical  quenching  of  photoconductivity  in  GaN  photoconductors.  The 
responsivity  of  GaN  photoconductor  in  ultraviolet  region  was  found  to  decrease  about  12% 
when  the  detector  was  illuminated  with  a  He-Ne  laser.  We  attribute  this  optical  quenching  to 
the  existence  of  acceptor  levels  in  the  material. 

Optical  quenching  of  photoconductivity  has  been  reported  for  CdS^,  ZnSe^  and  Ge^°, 
...etc.  In  principle,  a  given  photocurrent,  excited  by  light  with  its  energy  greater  than  the 
semiconductor  bandgap,  can  be  considerably  reduced  or  "quenched"  by  the  addition  of  light 
with  energy  lower  than  the  bandgap.  Assume  that  there  are  two  deep  centers,  recombination 
centers  I  and  hole  trap  II,  within  the  bandgap  of  an  n-type  semiconductor.  When  the 
photoconductor  is  illuminated  with  a  strong  larger  energy  light,  both  centers  are  filled  with 
electrons  and  holes  (Fig.l  a).  With  the  addition  of  sub-bandgap  energy  light,  the  photons 
excite  valence  band  electrons  to  hole  trap  levels  II,  and  recombine  with  holes  trapped  in 
centers  II,  then  the  resultant  excess  free  holes  are  captured  by  centers  I  (Fig.  1  b)  or  recombine 
with  electrons  in  the  conduction  band,  causing  the  decrease  of  the  free  electrons  in  the 
conduction  band,  i.e.,  optical  quenching  of  photoconductivity  occurs.  This  photon  energy 
could  then  be  related  to  the  activation  energy  of  the  hole  trap  in  the  material,  providing  an 
effective  way  to  determine  the  deep  levels  in  photoconductors. 


799 


Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


EXPERIMENT 


(a) 


I 


.Q  .a  JO  II 


-6 - ^ 


Figure  1.  Model  for  optical  quenching:  (a)  Photoconductor  illuminated  with  strongly 
absorbed  light,  (b)  Addition  of  low  energy  light  to  (a). 


The  GaN  material  used  in  this  study  was  deposited  on  (0001)  oriented  sapphire  by 
metalorganic  chemical  vapor  deposition  (MOCVD)  using  trimethyl-gallium  (TMG)  and 
ammonia  (NH3)  as  reactants  and  nitrogen  as  the  carrier  gas  in  a  vertical  spinning  disc  reactor 
operating  at  700  torr".  GaN  nucleation  layers  were  deposited  at  540°C  using  a  TMG  flow  of 
40  pmol/min.,  an  NH3  flow  of  500  seem  and  an  N2  flow  of  4000  seem.  The  single  crystal 
overlayers  were  grown  at  1050°C  using  NH3  flow  rate  of  2000  seem.  Metal-semiconductor- 
metal  (M-S-M)  photoconductor  with  10  fingers  on  each  side  was  made  by  the  conventional 
lift-off  technique^.  The  fingers  are  8  pm  wide,  100  pm  long  and  8  pm  in  spacing.  Ohmic 
contacts  were  made  by  evaporating  300A  A1  followed  by  1200 A  Au,  and  annealing  at  450‘’C 
for  5  mins.  After  fabrication,  the  detectors  were  packaged  for  testing.  For  the  photocurrent 
measurement,  we  used  a  Xenon  lamp  as  light  source.  The  light  beam  was  split  into  two  paths: 
one  is  for  providing  UV  source  through  a  365  nm  filter,  and  the  other  is  for  low  energy 
illumination  through  a  monochromator.  The  data  were  taken  automatically  by  a  computer. 

RESULTS  AND  DISCUSSIONS 

In  Fig.2,  we  present  the  normalized  transient  photocurrent  from  GaN  photoconductor 
when  illuminated  by  different  wavelength  light  pulses.  The  background  photocurrent  was  the 
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steady  response  from  the  365nm  light  (5.6[xW/  cm^)  with  no  additional  light  added.  For 
comparison,  all  three  wavelength  lights  were  adjusted  to  have  the  same  incident  power  of  2.0 
[xW/cm^  during  the  measurement.  When  additional  light  is  added,  the  360nm  light  caused  an 
increase  in  photocurrent  (a),  which  is  reasonable  because  the  360nm  light  excites  more 
carriers  to  the  conduction  and  valence  band.  Whereas  the  560nm  and  780nm  lights  caused  a 
decrease  in  photocurrent  (b  and  c),  showing  an  optical  quenching  effect.  The  time  constants  of 
transient  quenched  photocurrent  caused  by  560nm  light  and  780nm  light  are  different.  The 
quenching  by  560nm  light  is  slow,  it  took  about  4s  to  be  stable.  However,  the  780nm  light 
causes  a  fast  drop  first,  and  then  increases  to  a  stable  level  within  2s,  indicating  that  different 
deep  centers  may  be  involved  in  these  two  cases.  After  the  quenching  light  is  turned  off,  the 
recovery  processes  of  photocurrent  to  the  normal  response  level  (with  365nm  light)  for  both 
560nm  and  780nm  lights  are  similar  (b  and  c),  and  gradually  (~60s)  reach  to  the  current  level 
before  quenching. 

Figure  3  demonstrates  the  photocurrent  of  GaN  photoconductor  as  a  function  of 
incident  light  energy.  During  the  measurement,  the  365nm  light  constantly  illuminated  the 
photoconductor  with  its  response  as  background  level.  Notice  that  in  Fig. 2  (b  and  c)  the 
quenched  photocurrent  levels  need  about  4s  to  be  stable.  Therefore  for  each  measurement 
point  in  Fig.3,  after  each  wavelength  changed,  we  waited  5s  before  reading  the  current  value. 
The  photocurrent  in  Fig.3  was  also  normalized  by  the  incident  light  intensity  although  for 
Xenon  lamp  the  output  power  in  360-1000nm  region  is  relatively  stable.  Three  quenching 
peaks  were  observed  with  their  energies  at  Ev+1.44,  1.58  and  2.20  eV,  respectively.  The 
peaks  at  1.44  and  1.58  eV  are  very  sharp,  while  the  2.20  eV  peak  is  relatively  broad.  The 
photocurrent  was  quenched  by  the  light  with  energy  from  1.2  to  2.6  eV.  The  low  energy 
region  was  limited  by  our  system  (grating  limit).  However,  it  seems  that  the  quenching  also 
happens  in  the  lower  energy  region.  When  the  light  energy  is  greater  than  2.6  eV,  the 
photocurrent  increases  to  above  the  background  level,  and  increases  rapidly  when  the  bandgap 
transition  occurs. 

Based  on  the  model  described  to  interpret  the  optical  quenching  effect  by  Bube'^  and 
Rose^^,  the  observed  three  quenching  bands  are  related  to  three  deep  levels  in  GaN  with  the 
same  energies.  With  the  365nm  light  shinning  on  the  photoconductor,  we  have  found  that  the 
GaN  material  used  in  this  study  is  n-type.  Therefore,  these  three  levels  at  1.44,  1.58  and  2.20 
eV  are  hole  traps  because  only  hole  traps  in  n-type  material  can  cause  quenching  of 
photocurrent.  When  a  light  with  the  same  energy  as  hole  trap  level  illuminates  the 
photoconductor,  the  excess  electrons  are  excited  to  the  hole  trap  level,  and  the  holes  are  freed 
and  may  recombine  with  electrons  either  in  conduction  band  or  in  other  recombination  centers 
(Fig.  1).  Either  of  these  two  processes  would  cause  a  decrease  of  free  electron  density  in  the 
conduction  band,  resulting  in  a  quenching  of  photoconductivity.  Deep  levels  in  GaN  have  been 
reported  by  several  groups  using  deep  level  transient  spectroscopy^’'*  and  thermally  stimulated 
current^  Most  of  those  reported  levels  were  electron  traps.  The  hole  traps  we  observed  in  this 
study  are  the  first  reported  in  GaN  materials. 

Finally,  we  would  like  to  stress  that  the  observed  optical  quenching  of 
photoconductivity  in  GaN  photoconductors  is  harmful  for  the  UV  detection  applications.  In 
general,  the  detected  sources  contain  lights  with  different  wavelengths.  With  the  existence  of 
other  lights  which  have  energies  below  the  band  gap,  the  responsivity  of  GaN  photoconductor 
may  be  reduced  due  to  quenching  effect.  This  is  illustrated  in  Fig.4,  showing  that  the 
responsivity  of  GaN  photoconductor  decreased  in  the  entire  UV  region  when  a  He-Ne  laser 
illuminated  the  detector,  especially  in  the  near  band  gap  region  (up  to  12%).  This  would 


801 


Photocurrent  (a.u.) 


a:  360nm 
b:  560nnn 
c:  780nm 


20  40  60  80  100  120 
Time  (s) 


Figure  2.  Transient  photocurrent  showing  optical  quenching  by  560  nm  and  780 
lights.  The  background  is  the  photocurrent  of  the  detector  with  365  nm  light. 
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Figure  3 .  Optical  quenching  spectrum  for  GaN  photoconductor. 


Figure  4.  Responsivity  spectra  for  GaN  photoconductor  (a)  without  quenching  light, 
(b)  with  He-Ne  laser  as  quenching  light. 

confuse  the  output  signal  from  the  photoconductors.  However,  the  problem  can  be  solved  by 
either  removing  or  saturating  these  deep  centers.  Further  investigation  is  needed  to  identify 
the  origin  of  these  levels. 

CONCLUSION 

In  conclusion,  we  have  observed  the  optical  quenching  of  photoconductivity  in  GaN 
photoconductors.  Three  prominent  quenching  bands  were  found  at  Ev+1.44,  1.58  and  2.20 
eV,  respectively.  These  levels  are  corresponded  to  the  three  hole  traps  in  GaN  materials  based 
on  a  hole  trap  model  to  interpret  the  quenching  mechanism. 
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ABSTRACT 

Variable  angle  spectroscopic  ellipsometry  (VASE)  and  transmission  measurements  have 
been  employed  to  study  the  dielectric  response  of  gallium  nitride  (GaN)  thin  films  —  an 
important  material  for  light  emitting  diodes  (LEDs)  and  laser  diodes  applications.  The  GaN 
films  were  grown  by  atomsphere  pressure  metal  organic  chemical  vapor  deposition  (MOCVD) 
on  c-plane  sapphire  substrates  (a-ALO.-?).  Room  temperature  VASE  measurements  were  made, 
in  the  range  of  0.75  to  5.5eV,  at  the  angle  of  incidence  of  73,  75,  and  77  degree,  respectively. 
Evidence  of  anisotropy  is  observed  especially  in  the  spectral  range  under  the  band  gap  (~3.4  eV), 
reflecting  the  nature  of  wurtzite  crystal  structure  of  GaN.  The  ordinary  dielectric  function  ei(co) 
of  GaN  were  obtained  through  the  analysis  of  transmission  and  VASE  data  in  the  range  below 
and  above  the  band  gap.  The  thickness  of  these  GaN  films  is  also  determined  via  the  analysis. 

INTRODUCTION 

The  wide-band-gap  semiconductors  like  GaN,  with  their  excellent  thermal  conductivity, 
large  breakdown  field,  and  resistance  to  chemical  attack,  have  a  very  promising  application 
potential  for  both  high  temperature  electronic  devices  and  short  wave-length  optical  emitters 
[1,2].  The  latest  development  of  high-brightness,  blue  and  green,  light  emitting  diodes  (LEDs) 
[3]  and  room  temperature,  pulsed  quantum  well  lasers  [4]  has  greatly  encouraged  researchers  to 
continue  the  work  on  this  material.  Most  of  high  quality  GaN  films  were  grown  by  MOCVD  and 
MBE  techniques  on  sapphire  and  silicon  substrates.  GaN  on  sapphire  usually  has  the  wurtzite 
structure  (a-GaN),  while  GaN  films  on  Si  or  GaAs  substrates  may  have  zinc-blende  structure  (P- 
GaN),  and  their  fundamental  band  gaps  are  about  3.4  eV  and  3.3  eV  respectively  [5].  As  the 
growth  techniques  are  improving,  much  higher  quality  GaN  material  have  been  made  in  recent 
years  (lower  defect  density,  lower  background  electron  concentration,  and  higher  mobility). 
More  accurate  measurements  on  electrical  and  optical  properties  are  needed  for  these  improved 
materials  for  further  device  fabrication  and  research  activities.  In  this  paper,  we  report  the 
ordinary  dielectric  function  of  GaN  determined  by  VASE  and  transmission  measurements  via  a 
multiple-sample,  multiple-model  analysis  in  the  range  of  0.75  to  5.5  eV. 

THEORY 

The  standard  ellipsometry  parameters  ij/  and  A  are  related  to  the  complex  ratio  of 
reflection  coefficients  for  light  polarized  parallel  (p)  and  perpendicular  (s)  to  the  plane  of 
incidence  [6].  This  ratio  is  defined  as; 
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p  = -^  =  tan(v/)e'^  .  (1) 

The  electric-field  reflection  coefficient  at  an  incident  angle  of  0  is  defined  as  (r^)  for  p  (^)  - 
polarized  light.  The  pseudodielectric  function  of  the  sample  (e)  =  )  -l-  i{e2 )  is  obtained  from 
the  ellipsometrically  measured  values  of  p  in  a  two  phase  model  (ambient^ubstrate)  regardless 
of  the  possible  existence  of  surface  overlayers  [6],  To  determine  optical  constants  of  a  thin  film 
on  the  substrate,  VASE  data  must  be  analyzed  using  a  parametric  model  that  is  adjusted  to  fit  the 
measured  data.  A  regression  analysis  is  used  to  vary  the  model  parameters  (e.g.,  optical 
constants  or  layer  thickness,  etc.)  until  the  calculated  and  measured  values  match  as  closely  as 
possible.  This  is  done  by  minimizing  the  mean  square  error  (MSB)  function,  defined  as: 


1  y 

2 

+ 

2' 

! 

where  N  is  the  total  number  of  experimental  observations  (for  ellipsometry  measurements,  there 
are  two  observations  “F  and  A,  for  each  data  point),  M  is  the  number  of  fit  parameters,  cy  is  the 
measured  standard  deviation  of  the  measurement,  0  is  the  external  angle  of  incidence,  hv  is  the 
photon  energy,  and  i  and  j  are  used  to  sum  over  all  the  photon  energies  and  external  angles  of 
incidence,  respectively. 

EXPERIMENTAL 

The  GaN  films  were  grown  by  atmospheric  pressure  MOCVD  on  c-plane  sapphire 
substrates  (a-ALOs).  The  substrates  were  cleaned  in  solvents,  and  then  subjected  to  an  in  situ 
1050°C  pre-treatment  prior  to  growth.  A  nucleation  layer  of  GaN,  approximately  0.019|im  thick, 
was  deposited  at  600®C  at  a  growth  rate  of  3.7xlO'Vn^sec.  This  layer  contains  a  large  number 
of  crystal  defects  and  the  resulting  GaN  crystals  have  zinc-blende  symmetry.  Following  this 
nucleation  layer,  the  growth  temperature  was  then  increased  to  1050°C  for  film  growth  at  a  rate 
of  2.5|a-m/hour.  The  resulting  films  are  single  crystal  with  wurtzite  symmetry.  Stacking  faults,  at 
a  density  of  approximately  SxlO^cm'^,  are  present  in  the  films  and  extend  from  the  nucleation 
layer  to  the  film  surface.  The  films  studied  in  these  experimental  had  a  nominal  thickness  of  1- 
2!im.  Our  Micro-probe  Raman  spectra  indicate  that  these  GaN  films  have  very  good  single 
crystal  quality. 

Optical  transmission  intensity  measurements  were  made  from  0.5  eV  to  6.5  eV  on  a 
Perkin  Elmer  Lambda  9  spectrophotometer.  This  instrument  is  a  dual-beam,  ratio-recording 
model  which  compares  the  optical  energy  passing  through  the  sample  compartment  to  that 
passing  through  the  reference  compartment.  Identical  apertures  were  placed  in  each 
compartment  and  a  background  correction  was  performed  to  balance  the  instrument  to  100% 
transmission  across  the  spectral  range  of  interest.  The  transmission  data  were  obtain  from  a 
double-side  polished  GaN/sapphire  sample  at  normal  incidence. 

Another  one-side  polished  GaN/sapphire  sample  was  measured  in  photon  energies  from 
0.75  to  5.5  eV  at  room  temperature  by  using  a  Woollam  Co.  VASE  system.  The  photon  energy 
increment  was  set  at  0.01  eV  in  order  to  resolve  the  possible  fine  features  in  the  spectrum.  A 
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beam-chopped,  rotating-analyzer  system  and  an  auto-retarder  were  used  for  achieving  more 
accurate  results.  Three  angles  of  incidence  73^  75°,  and  IT  were  used  in  the  VASE 
measurements.  Even  though  multiple-angle  can  not  bring  more  independent  information  for 
samples  with  thin  overlayer,  it  does  help  average  out  measurement  noise,  and  it  does  ensure  that 
for  each  measured  wavelength  at  least  one  pair  of  v|/  and  A  will  be  near  the  optimum  regime  for 
the  type  of  ellipsometer  being  used  (e.g.,  a  rotating-analyzer  ellipsometer  is  most  accurate  for  A  ~ 
90°)  [6,  7]. 

RESULTS  AND  ANALYSIS 

Ordinary  part  of  dielectric  function  ei(co)  of  GaN  films  grown  on  sapphire  substrate  has 
been  determined  via  a  multiple-sample,  multi-model  analysis  of  the  VASE  and  transmission  data. 
The  optical  dielectric  response  of  the  two  GaN  samples  with  different  thickness  (  one-side 
polished  for  VASE  measurement  and  double-side  polished  for  transmission)  are  assumed 
identical  in  the  data  analysis.  Fig.  1  shows  both  the  real  part  (eO  and  the  imaginary  part  (£2)  of 
the  ordinary  dielectric  function  of  GaN.  For  the  reason  of  simplicity,  we  will  use  £  for  the 
ordinary  dielectric  function  in  the  rest  of  the  paper.  The  rapid  increase  of  £2  near  3.4  eV  indicates 
the  fundamental  absorption  edge.  This  is  consistent  to  the  reported  band  gap  value  of  GaN  in 
references[l]  and  [5]. 

In  order  to  determine  the  GaN  optical  constants  as  accurate  as  possible,  optical  constants, 
shown  in  Fig.  2,  of  the  sapphire  substrate  was  measured  and  determined  by  VASE  analysis  via 
the  same  approach.  A  detailed  description  about  sample  measurement  and  data  analysis  will  be 
reported  in  a  separated  paper. 

Under  the  GaN  band  gap  value  of  3.4  eV,  the  GaN  film  and  GaN/sapphire  structure  are  all 
transparent.  The  film  thickness  can  be  fully  determined  through  the  fitting  in  this  region.  Since 
GaN  film  is  not  a  chemically  reactive  material,  it  is  reasonable  to  assume  that  there  is  no  oxide 
overlayer  formed  on  top  of  the  GaN  films.  Therefore,  a  three-phase  model: 
ambient/GaN/sapphire,  was  assumed  for  the  data  fitting.  A  user-defined  dispersion  model  was 
used  to  calculate  the  index  of  reflection  (n)  and  the  extinction  coefficient  (k)  of  the  ordinary  ray 
which  are  described  as  below: 
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Fig.  1.  Ordinary  dielectric  function  of  GaN. 
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Fig.  2.  Dielectric  function  of  sapphire  substrate. 


n(X)=A-\-B/U  C/X^+D/X\ 

(3) 

k(X)=P  *EXP[-(X-Q)/R  f. 

(4) 

In  equation  (3)  and  (4),  coefficients  A,  B,  C,  D,  and  P,  Q,  R,  are  fitting  parameters  along  with  the 
thin  film  layer  thicknesses  of  the  two  samples.  Using  the  dispersion  functions  to  describe  the 
dielectric  responses  greatly  reduced  the  number  of  fitting  parameters  in  the  determination  of 
dielectric  functions  of  the  interested  material.  Assisted  by  the  transmission  data,  the  VASE 
analysis  system  is  over  determined  (more  measured  values  than  fitting  parameters).  Thus,  it  is 
insured  to  minimize  the  possible  correlation  between  the  fitting  parameters,  such  as  the  optical 
constants  of  GaN  and  the  thicknesses  of  the  films. 

Above  the  band  gap,  the  samples  are  no  longer  transparent.  The  dispersion  relation 
becomes  more  complicated,  especially  at  the  near  band  gap  region.  We  employed  Lorentz 
oscillator  model  to  describe  the  dielectric  response  in  this  region  [8,  9].  It  is  a  collection  of 
absorption  peaks  which  is  also  Kramers-Kronig  consistent.  The  dielectric  function  can  be 
expressed  as: 


£{hv)  =  £i  +  i£2  =  £ioo  + 


I 


_ ^ _ 

El~{hvf  -iB^hv  ■ 


(5) 


For  the  kth  oscillator,  A^  is  the  amplitude,  is  the  center  energy,  is  the  broadening  of  each 
oscillator,  hv  is  the  photon  energy  in  eV.  eioo  is  an  additional  offset  term  defined  in  the  model. 
By  using  the  results  of  sample  structures  determined  by  the  VASE  analysis  from  the  region 
below  the  band  gap,  the  dielectric  response  of  GaN  in  the  above  band  gap  region  can  be 
described  by  a  seven-oscillator  model.  Each  oscillator’s  parameters,  i.e.,  Ak,  Ek,  and  Bk  along 
with  the  value  of  ejoo  in  Eq.  5  were  determined  via  the  regression  analysis.  Combining  the 
dielectric  functions  of  the  two  regions,  a  complete  set  of  dielectric  function  of  GaN  for  ordinary 
ray  is  therefore  obtained  in  the  range  of  0.75  to  5.5  eV,  as  shown  in  Fig.  1.  The  best  fit  results 
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from  the  multiple-sample,  multiple-model  analysis  are  shown  in  Fig.  3.  Figure  3  (a)  exhibits  the 
VASE  data  and  its  best  fit,  in  which  the  interference  fringes  are  ideally  fit,  and  the  fitting  goes 
very  well  in  the  near  band  gap  and  above  the  gap  region.  Figure  3  (b)  shows  the  transmission 
data  and  its  fitting.  All  the  oscillations  in  the  transparent  region  are  fit  very  well  from  which  the 
layer  thickness  and  nonuniformity  were  accurately  determined.  The  non-perfect  fitting  of  the 
amplitudes  below  the  band  gap  indicates  that  there  is  a  room  to  improve  our  current  model.  Fig. 
4  shows  the  pseudo  dielectric  function  of  the  GaN/sapphire  structure.  It  is  obvious  that  there  is  a 
clear  dispersion  due  to  the  different  angle  of  incidence.  This  indicates  that  the  material  has  an 
anisotropic  nature  which  mainly  result  from  the  wurtzite  symmetry  of  GaN  crystal.  In  order  to 
determine  the  extraordinary  dielectric  function  of  GaN,  we  need  VASE  measurements  on  a-plane 
GaN  samples  and  set  up  an  uniaxial  model  for  analysis. 

SUMMARY 

We  have  presented  the  ordinary  part  of  dielectric  function  s  of  GaN  Crystal,  as  determined 


Energy  in  eV 

Fig.  3  (a).  Best  fit  of  VASE  data  with  a  three-phase  model. 
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Energy  in  eV 

Fig.  3  (b).  Best  fit  of  transmission  data  with  a  three-phase  model. 


809 


Photon  Energy  (eV) 


Fig.  4.  Pseudo  dielectric  function  <ei>  of  GaN/sapphire  at  different  angles  of  incidence. 

by  VASE  and  transmission  measurements  from  c-plane  GaN/sapphire  samples,  in  the  spectral 
range  of  0.75  to  5.5  eV.  Both  of  the  transmission  data  and  the  dielectric  functions  indicate  an 
absorption  edge  of  ~  3.4  eV,  which  is  consistent  to  other  measurements.  Multiple-sample, 
multiple-model  analyses  were  employed  to  determined  the  optical  constants  and  thin  film  layer 
thicknesses  nondestructively.  Evidence  of  anisotropy  of  GaN  crystal  optical  response  was 
observed,  especially  in  the  spectral  range  under  the  band  gap. 

ACKNOWLEDGEMENTS 

This  work  was  partially  supported  by  US  Army  Research  Office. 

REFERENCES 

1.  H.  Morkoc,  S.  Strite,  G.  B.  Gao,  M.  E.  Lin,  B.  Sverdlov,  and  M,  Burns, 

J.  Appl.  Plys.  76,1363  (1994). 

2.  S.  Nakamura,  T,  Mukai,  and  M.  Senoh,  Appl.  Phys.  Lett.  64,  1687  (1994), 

3.  S,  Nakamura,  M.  Senoh,  N.  Iwasa,  and  S.  Nagahama,  Jpn.  J.  Appl.  Phys.  34, 

L797  (1995). 

4.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T.  Matsushita, 

H.  Kiyyoku  and  Y,  Sugimoto,  Jpn.  J.  Appl.  Phys.  35,  L74  (1996). 

5.  S.  Logothetidis,  J.  Petalas,  M.  Cardona,  and  T.  D.  Moustakas,  Physical  Review  B, 
50,18017(1994). 

6.  R.  M.  A.  Azzam  and  N.  M.  Bashara,  Ellipsometry  and  Polarized  Light, 

(North-Holland,  Amsterdam,  1977). 

7.  D.  E.  Aspnes,  in  Handbook  of  Optical  Conatants  of  Solids,  edited  by  E.  D.  Palik, 
(Academic  Press,  New  York,  1985),  p.  89. 

8.  H.  Yao,  P.  G.  Snyder,  and  J.  A.  Woollam,  J.  Appl.  Phys.  70,  3261  (1991). 

9.  H.  Yao,  P.  G.  Snyder,  K.  Stair,  T.  Bird,  Mat.  Res.  Soc.  Symp.  Proc.  242,  481  (1992). 


810 


CHANGES  IN  OPTICAL  TRANSMITTANCE  OF  ALUMINUM 
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ABSTRACT 

Aluminum  nitride  (AIN)  thin  films  have  been  synthesized  by  ion-beam 
assisted  deposition  method  and  the  influence  of  air-exposure  on  the  optical 
transmittance  has  been  studied.  The  kinetic  energy  of  nitrogen  ion  beam  was 
kept  at  0.1  or  1.5  keV  under  the  constant  current  density.  Synthesized  films 
have  been  exposed  to  controlled  air  (23  °C  and  RH;  50%)  and  optical 
transmission  spectrum  from  190  to  2200  nm  has  been  measured  by  UV- 
visible  spectrometer  every  week.  Surface  morphology  of  the  films  has  been 
observed  with  an  optical  microscope  (OM).  The  optical  transmittance  has  not 
changed  drastically  up  to  one  year.  Observations  by  OM  show  that  round 
features  of  some  microns  were  produced  on  the  surface  after  about  25  weeks 
exposure.  These  substances  seem  to  be  reaction  products  between  AIN  and 
water  in  air. 

INTRODUCTION 

Aluminum  nitride  (AIN)  has  many  unique  properties,  such  as  high 
electrical  resistivity,  high  thermal  conductivity  and  high  hardness.  In 
addition,  AIN  thin  films  are  transparent  in  the  visible  and  near  infrared 
regions.  Therefore,  AIN  thin  films  are  a  potential  material  for  protection  of 
optical  storage  media,  and  thus  optical  properties  of  AIN  films  have  been 
intensively  studied  [1-10]. 

For  practical  application,  corrosion  resistivity  of  films  in  atmosphere  is 
of  importance.  Although  corrosion  behavior  of  bulk  AIN  samples  has  been 
reported  under  various  corrosive  environments  in  the  literature  [11],  there  is 
limited  information  about  corrosion  resistivity  of  AIN  films  [12].  Especially, 
very  little  is  known  about  the  influence  of  long-time  air-exposure  on  the 
optical  transmittance  of  AIN  films. 

The  present  authors  have  synthesized  AIN  thin  films  by  ion  beam  assisted 
deposition  (IBAD)  method  and  have  studied  the  dependence  of  optical 
properties  of  AIN  films  on  the  ion  beam  energy  [13].  We  reported  that  the 
refractive  index  of  AIN  films  depends  on  the  nitrogen  ion  beam  energy  and 
seems  to  be  related  to  film  microstructure.  Therefore,  it  is  an  exciting 
objective  to  study  the  dependence  of  corrosion  resistivity  of  AIN  films  as  a 
function  of  nitrogen  ion  beam  energy. 

In  the  present  paper,  using  the  IBAD  method,  AIN  thin  films  are 
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synthesized  with  changing  the  ion  beam  energy  and  the  influence  of  exposure 
to  controlled  air  on  the  optical  transmittance  of  films  is  studied. 

EXPERIMENTAL 

Nitrogen  gas  (99.999%  pure)  and  aluminum  (99.99%  pure)  were  used  as 
ion  source  and  target,  respectively.  Film  synthesis  was  carried  out  on  the 
fused  silica  glass  substrate.  After  evacuating  the  vacuum  chamber  to  about 
2.7  X  10'4  Pa,  pure  nitrogen  gas  was  introduced  to  the  ionization  chamber 
and  nitrogen  ions  were  generated  by  an  arc  discharge.  Then  a  nitrogen  ion 
beam  was  obtained  with  electric  field  lenses  for  focusing  and  accelerating. 

The  kinetic  energy  of  the  nitrogen  ions  is  kept  at  0.1  or  1.5  keV  and  the 
deposition  rate  was  kept  at  0.07  nm/s.  The  current  density  was  approximately 
70  p,A/cm2.  Aluminum  was  evaporated  by  electron  bombardment  from  a  10 
kW  electron  gun  and  the  evaporation  rate  was  monitored  by  a  quartz  sensor. 
The  substrate  temperature  was  kept  at  room  temperature.  Films  were 
exposed  to  controlled  air  (temperature  23  °C  and  relative  humidity  50%) 

The  thickness  of  the  as-deposited  films  was  measured  with  a  stylus  device 
(Rank  Taylor  Hobson  Ltd.),  Optical  transmission  was  measured  in  the 
wavelength  region  from  190  to  2200  nm  using  a  UV-visible  spectrometer 
(JASCO  U-best  570)  every  week.  The  surface  morphology  was  observed 
with  an  optical  microscope  (OM). 

RESULTS  AND  DISCUSSION 

Figure  1  shows  typical  transmission  spectra  of  as-deposited  AIN  films,  of 
300  nm  in  thickness,  synthesized  with  the  ion  beam  energy  of  0, 1  keV  and 
1.5  keV.  Both  films  are  transparent  in  the  visible  and  near  infrared  region, 
and  the  average  transmittance  in  the  visible  region  is  slightly  higher  in  the 
film  synthesized  with  1.5  keV  nitrogen  ion  beam  than  in  the  film  synthesized 
with  0.1  keV.  The  wavy  patterns  in  the  measured  spectra  are  attributed  to 
interference,  and  the  wavy  pattern  is  more  emphasized  in  the  film  synthesized 
with  0.1  keV  nitrogen  ion  beam  than  in  the  film  synthesized  with  1.5  keV, 
showing  the  good  agreement  with  the  previous  results  [13]. 

Figure  2  shows  typical  transmission  spectra  of  AIN  films  after  exposure 
to  controlled  air  for  56  weeks.  From  both  Figs.  1  and  2,  it  can  be  seen  that 
the  transmission  spectra  are  not  affected  by  exposure  to  controlled  air  for  56 
weeks  in  both  films  synthesized  with  the  ion  beam  energy  of  0,1  keV  and  1.5 
keV.  In  other  words,  the  AIN  films  show  excellent  stability  in  controlled  air. 

The  averaged  transmittance  over  the  wavelength  from  400  to  800  nm, 
viz.  the  visible  region,  is  plotted  as  a  function  of  the  exposure  time  and  shown 
in  Fig.  3.  This  figure  shows  that  the  average  transmittances  of  both  films  are 
not  varied  within  the  experimental  error  and  the  corrosion  resistivity  against 
air-exposure  is  independent  of  the  nitrogen  ion  beam  energy.  These  results 
support  the  applicability  of  AIN  films  as  an  optical  coating  layer. 


812 


100 


Figure  1  Optical  transmission  spectra  of  as-deposited  AIN  thin  films. 
Nitrogen  ion  beam  energy  was  kept  at  0.1  keV  or  1.5  keV  during  synthesis. 


Figure  2  Optical  transmission  spectra  of  AIN  thin  films  after  exposure  to 
controlled  air  for  56  weeks. 


813 


Figure  3  Relation  between  the  average  optical  transmittance  of  AIN  thin 
films  and  air  exposure  time.  The  transmittance  is  averaged  over  the 
wavelength  region  from  400  to  800  nm. 

Optical  microscope  observations  reveal  that  the  surface  of  as-deposited 
films  is  smooth  and  featureless.  However,  after  exposure  to  air  for  25  weeks, 
many  bubble-like  features  appeared.  Furthermore,  after  exposure  to  air  for 
50  weeks,  although  the  transmission  spectrum  was  not  changed,  bubble-like 
features  grew  up  to  round  shaped  substances  of  some  microns,  as  shown  in 
Fig.  4  in  the  case  of  the  film  synthesized  with  1.5  keV  nitrogen  ion  beam. 


100  fxm 

Figure  4  Typical  OM  image  of  the  surface  of  AIN  films  after  exposure  to  air 
for  50  weeks.  Nitrogen  ion  beam  energy  was  kept  at  1.5  keV  during 
synthesis. 
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According  to  Young  et  al,  bulk  AIN  corrodes  in  water,  yielding  alumina 
and  aluminum  hydroxide  [11].  The  observed  round  shaped  substances  on  the 
surface  of  the  films  after  exposure  to  air  for  50  weeks  seem  to  be  reaction 
products  between  AIN  and  water  in  air.  In  order  to  confirm  the  reaction 
products,  AIN  film  of  300  nm  in  thickness  synthesized  similarly  to  the 
specimen  for  optical  measurements  was  immersed  into  pure  water  and  then 
the  immersed  film  was  analyzed  by  thin  film  X  ray  diffraction,  where  the 
angle  between  the  incident  X  ray  beam  and  the  sample  surface  is  kept  at  0.3 
degree  so  as  to  detect  substances  on  the  surface.  A  typical  XRD  pattern  of  the 
films  after  immersion  into  water  for  36  weeks  is  shown  in  Fig.  5,  and  it  is 
found  that  aluminum  hydroxide  (Bayerite)  is  produced  on  the  surface. 

In  addition,  ammonia  was  detected  in  the  water,  into  which  the  AIN  film 
was  immersed,  by  Nessler's  reagent.  This  fact  supports  that  AIN  films 
reacted  with  water,  resulting  in  aluminum  hydroxide  (Bayerite)  and 
ammonia. 


Figure  5  X-ray  diffraction  pattern  of  the  AIN  film  immersed  into  pure  water 
for  36  weeks.  The  film  was  synthesized  on  the  fused  silica  substrate. 

The  reason  for  the  fact  that  the  optical  transmittance  of  the  films  remains 
unchanged  in  spite  of  the  reaction  products  on  the  surface  is  considered  to  be 
relatively  small  amount  of  the  reaction  products  occupied  in  the  measurement 
area  of  optical  transmission,  2  mm  in  diameter.  Furthermore,  it  is  necessary 
to  clarify  the  optical  properties  of  the  reaction  products  so  as  to  estimate  the 
absorption  by  them. 
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SUMMARY 


Aluminum  nitride  thin  films  have  been  synthesized  by  the  IBAD  method 
and  the  effect  of  long-time  air-exposure  on  the  optical  transmittance  has  been 
studied.  It  is  found  that  the  optical  transmittance  has  not  changed  drastically 
up  to  one  year  and  round  shaped  features  of  some  microns  were  produced  on 
the  surface  after  about  25  weeks  exposure.  These  materials  are  considered  to 
be  reaction  products  between  AIN  and  water  in  air,  perhaps  aluminum 
hydroxide.  The  large  difference  in  corrosion  resistivity  is  not  found  between 
the  films  synthesized  with  the  nitrogen  ion  beam  energy  of  0.1  and  1.5  keV. 

It  is  proposed  that  the  AIN  films  synthesized  by  the  IBAD  have  the  potential 
to  be  used  for  protection  of  optical  media. 
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ABSTRACT 

We  have  investigated  an  optical  waveguide  formed  by  aluminum  nitride  (AIN)  thin  film  on 
sapphire.  A  good  quality  AIN  thin  film  on  sapphire  substrate  was  prepared  by  metal  organic 
chemical  vapor  deposition  (MOCVD)  in  this  laboratory,  A  rutile  prism  coupler  was  employed  to 
display  the  waveguide  modes  (N-lines)  with  wavelengths  of  632.8,  532.1,  514.5  and  488.0  nm. 
The  refractive  index  and  thickness  of  the  waveguide  material  is  obtained  by  prism-coupler 
measurement.  The  dispersion  curve  of  the  AIN  film  is  given  and  the  dispersion  equation  is 
derived.  The  attenuation  in  the  waveguide  is  evaluated  by  scattering  loss  measurements  using  a 
fiber  probe.  The  attenuation  coefficient  alpha  (a)  is  1.5-  2.1  cm  '  depending  on  the  sample  and  the 
different  modes  of  waveguide.  The  accuracy  of  the  measurement  is  discussed. 


INTRODUCTION 

Aluminum  nitride  is  a  wide  band  gap  semiconductor.  The  insulating  properties  can  be  used  in 
the  fabrication  of  GaAs  and  InP  based  electronic  device  structures.  The  outstanding  physical 
properties  of  hardness,  high  thermal  conductivity,  and  its  resistance  to  high  temperature  have 
attracted  much  interest.  Optoelectronic  integration  is  a  new  technological  revolution  in  the  field 
of  electronics  and  optics.  The  III-V  nitrides  devices  are  the  most  promising  competitors. 
Aluminum  nitride  is  now  not  only  a  insulator  but  also  a  good  conductive  material  which  leads  to 
many  new  applications'.  It  is  hopeful  that  AIN  devices  can  be  used  in  the  blue  and  ultraviolet 
wavelength.  Actually,  some  III-V  nitride  devices  have  been  available  recently  such  as  laser 
diodes^  and  detectors\  which  are  disparate  elements.  The  integration  of  these  elements  together 
on  the  same  substrate  is  significant  for  future  applications.  In  this  paper,  study  of  an  AIN 
waveguide  on  sapphire  is  presented.  A  high  quality  AIN  waveguide  sample  on  a  sapphire 
substrate  were  prepared  by  MOCVD  in  this  laboratoiy.  With  the  method  of  prism  coupler 
waveguide  measurement,  the  refractive  index  of  AIN  thin  films  are  obtained  from  a  set  of  samples. 
The  dispersion  equation  at  room  temperature  was  determined  by  curve  fitting  with  the  measured 
data  at  different  wavelengths.  The  results  were  compared  with  those  issued  in  a  previous  work** . 
Waveguide  loss,  an  important  parameter,  is  also  evaluated  in  this  work.  To  our  knowledge,  this  is 
the  first  demonstration  of  an  optical  waveguide  of  AIN  film  on  sapphire  substrate. 

EXPERIMENT  AND  RESULTS 

Material 

The  AIN  samples  used  in  this  work  were  grown  in  a  low  pressure  metal  organic  chemical 
vapor  deposition  (MOCVD)  vertical  reactor  on  (0001)  orientated  sapphire  substrates  in  our 
laboratory.  Sapphire  is  an  inexpensive  material  commonly  employed  for  CVD  growth  of  III- 
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nitrides.  The  preference  towards  sapphire  substrates  can  be  attributed  to  its  wide  availability, 
hexagonal  symmetry,  its  easy  of  handling  and  pregrowth  cleaning,  and  its  stability  at  high 
temperature  (1000°C).  All  these  advantages  are  beneficial  to  device  integration. 

The  reactor  in  the  growing  system  has  two  separated  chambers  joined  by  a  common  load  lock. 
One  of  the  chambers  is  equipped  with  a  reflection  high  energy  electron  diffraction  (RHEED) 
system  which  allows  a  quick  determination  of  film  crystallinity  after  growth.  The  common  load 
lock  provides  a  way  of  transporting  samples  between  chambers  without  exposing  them  to  the 
ambient  air.  The  growth  temperature  and  pressure  were  1200°C  and  10  torr,  respectively. 
Trimethylaluminum  (TMA),  ammonia  (NH,)  and  hydrogen  (Hj)  were  used  as  precursors.  The 
TMA  was  supplied  by  passing  Hj  through  a  TMA  bubbler  which  was  kept  at  35°C.  Samples  were 
grown  in  the  nitride  growth  chamber  (typical  growth  rate  was  2000  A/10  minutes)  and  then 
transported  under  vacuum  into  a  second  chamber  where  RHEED  analysis  was  performed.  After 
growth,  surface  composition  analysis  was  performed  by  auger  spectroscopy  or  secondary  ion 
mass  spectroscopy. 

Measurement  of  thickness  and  refractive  index 

In  various  application  the  main  parameters  characterizing  thin  film  Opticalwaveguides  are  the 
refractive  index  and  the  film  thickness.  There  are  several  methods  available  for  the  determination 
of  these  parameters.  One  method  that  is  particularly  well  adapted  to  this  problem  is  the  prism 
coupling  technique  which  has  several  advantages  when  compared  with  other  methods.  Some  of 
these  advantages  are:  high  precision  measurements  are  easily  obtained,  waveguide  mode 
information  is  readily  available  for  other  applications,  and  measurement  of  both  thickness  and 
index  without  prior  knowledge  of  either  parameter  are  possible. 

A  rutile  prism  (45°-  90°-  45°)  coupler  is  employed  to  display  the  waveguide  modes  (N-lines). 
The  detailed  arrangement  of  measurement  and  measuring  process  can  be  found  in  many 
references'*.  The  experiment  is  carried  out  by  using  different  light  sources  with  wavelengths  of 
632.8,  532.1,  514.5  and  488.0nm.  The  initial  data  such  as  refractive  index  and  angles  of  rutile 
prism,  and  refractive  index  of  substrate  are  carefully  evaluated. 

Using  the  precisely  measured  value  of  angles  between  the  incident  beam  and  the  direction 
normal  to  the  prism  surface  synchronous  to  the  propagating  modes  m,  where  m  is  the  order  of  the 
modes  (taken  from  zero  to  m-1),  the  refractive  index  for  each  mode  is  obtained  from  the  classical 
relation^. 

Nm  =  sin  Om  cos  e  +  (  np^- sin  Oto)*^  sin  8  (1) 

Where  e  is  the  prism  angle. 

The  unknown  quantities  for  a  given  film  are  the  refractive  index  (n)  and  thickness  (d).  In 
principle,  two  modes  are  sufficient  to  calculate  these  two  values.  The  sample,  which  is  single 
crystfd  thin  film  and  optically  anisotropic,  makes  the  measurement  complicated.  The  dispersion 
equation  for  a  planar  waveguide  is  given 

Kd(n^Nj)''=  =  W„(n,NJ  (2) 

Where 

WJn,NJ  =  m7t  +  cI>o(n,N„)  +<l>2(n,NJ 
and 

Di  (  n,  NJ  =  arctan  ( ( n  /  N„'-  n^)  /  ( -  N„2) )”  (3) 
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with 

i  =  0,  2, 

where 

p  =  0  for  TE  mode 
p  =  1  for  TM  mode 

With  the  measured  data  and  above  equations,  the  results  for  TE  modes  are  shown  in  Table  1.  The 
dispersion  equation  at  room  temperature  can  be  expressed  as 

n^  =  A  -  B^)  (4) 


Table  1 .  Measured  data  and  the  results  for  TE  mode 
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Figure  1.  Dispersion  curve  for  AIN 


where  A  =  4.2943,  B  =  92.369  are  constants  obtained  by  fitting  the  data  at  different  wavelength 
for  the  AIN  film.  The  dispersion  curve  is  given  in  Fig.l.  Our  results  compare  reasonably  well 
with  those  given  in  reference^*®. 
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Losses  in  AJN  waveguides 

The  attenuation  or  loss  is  the  important  parameter  of  a  waveguide  when  the  light  wave  travels 
through  the  guiding  layer.  There  are  two  main  loss  mechanism  in  semiconductor  materials: 
scattering  and  absorption.  Surface  scattering  loss  in  our  case  is  the  dominant  mechanism.  There 
are  two  different  ways  to  collect  the  surface  scattered  light:  fiber  probe  and  lens  probe.  The  prism 
coupler  and  the  optical  fiber  probe  are  employed  in  our  experiment  for  measuring  the  scattering 
loss  of  an  AIN  waveguide.  A  He-Ne  laser  beam  is  coupled  into  the  waveguide  with  a  rutile  prism- 
coupler.  An  optical  fiber  with  diameter  of  1  mm  is  used  as  a  probe  to  collect  light  scattered  from 
the  surface  of  the  waveguide.  One  end  of  the  fiber  is  held  at  right  angle  to  the  waveguide  and 
scanned  along  the  light  path  using  a  precision  translation  stage.  The  other  end  of  the  fiber  is 
connected  to  a  semiconductor  detector.  The  incident  light  beam  is  chopped  by  a  beam  chopper. 
A  lock-in  amplifier  and  an  oscilloscope  were  connected  with  the  detector  for  measuring  the 
scattered  light  intensity  and  monitoring  the  process.  Also,  we  have  employed  a  lens  as  a  probe 
which  scans  the  surface  of  the  waveguide  as  a  fiber  probe.  Fig.  2  shows  a  relative  scattered  light 
intensity  versus  length  of  the  light  path.  The  loss  per  unit  length  (a)  is  determined  from  the  slope 
of  the  curve  in  Fig.  2  and  is  1.96cm'*.  In  this  technique  of  loss  measurement,  the  scattering 
centers  are  assumed  uniformly  distributed  and  the  intensity  of  the  scattered  light  in  the  transverse 
direction  is  proportional  to  the  number  of  scattering  centers.  In  this  case,  it  is  not  necessary  to 
collect  all  of  the  scattered  light.  The  only  requirement  is  that  the  detector  aperture  be  constant. 


Figure  2.  Waveguide  loss  for  single  mode 


DISCUSSION  AND  CONCLUSION 

The  refractive  indices  from  different  samples  show  a  small  variation  which  can  be  attributed  to 
film  quality.  It  was  believed  that  the  smaller  refractive  index  could  be  caused  by  nitrogen 
vacancies  in  the  crystal*.  Several  TEM  studies  of  our  AIN  samples  grown  on  sapphire  have 
shown  the  material  columnar  in  nature  with  low  angle  grain  boundary  seperating  individual  grains. 
We  suggest  that  the  low  angle  grains  (v/hich  are  planar  defects  that  can  be  decomposed  into 
arrays  of  dislocation)  are  responsible  for  reducing  the  refractive  index. 
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The  experiments  prove  that  the  transverse  optical  fiber  probe  method  is  the  most  useful 
tool  to  measure  the  loss  in  waveguide  with  relatively  large  scattering.  The  loss  coefficient  a  of 
the  waveguide  is  very  much  dependent  on  the  surface  preparation  of  the  film.  Surface  topography 
from  the  atomic  force  microscope  shows  the  surface  roughness  with  small  crystal  nucleations. 
The  loss  is  different  for  different  samples.  The  higher  order  modes  show  higher  losses.  The  curve 
in  Fig.  2  (a  straight  line  variation)  implies  the  accuracy  of  the  measurements.  It  may  be  caused  by 
randomly  located  large  scattering  centers  or  non-uniform  scattering. 

A  good  quality  AIN  waveguide  can  be  produced  if  the  growing  condition  is  appropriate. 
The  surface  of  the  film  can  be  polished  if  the  thickness  of  the  film  is  thick  enough.  Therefore,  the 
surface  quality  will  be  improved  and  loss  reduced.  This  AIN  waveguide  could  be  used  in 
applications  of  surface  acoustic  devices  and  other  optoeletronic  devices. 
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ABSTRACT 

We  present  the  results  of  optical  studies  of  In^^GUi.^^N  alloys  (0<x<0.2)  grown  by  metalorganic 
chemical  vapor  deposition  on  top  of  thick  GaN  epitaxial  layers  with  sapphire  as  substrates. 
Photoluminescence  (PL)  and  photoreflectance  (PR)  measurements  were  performed  at  various 
temperatures  to  determine  the  band  gap  and  its  variation  as  a  function  of  temperature  for  samples 
with  different  indium  concentrations.  Carrier  recombination  dynamics  in  the  alloy  samples  were 
studied  using  time-resolved  luminescence  spectroscopy.  While  the  measured  decay  time  for  the  alloy 
near-band-edge  PL  emissions  was  observed  to  be  generally  around  a  few  hundred  picoseconds  at  10 
K,  it  was  found  that  the  decay  time  decreased  rapidly  as  the  sample  temperatures  increased.  This 
indicates  a  strong  influence  of  temperature  on  the  processes  of  trapping  and  recombination  of  excited 
carriers  at  impurities  and  defects  in  the  InGaN  alloys. 

INTRODUCTION 

Wide  band-gap  III-V  nitrides  have  recently  attracted  much  attention  as  the  most  promising 
material  for  the  applications  of  light  emitting  devices  operating  in  blue  and  ultraviolet  (UV)  spectral 
regions.  Recently  commercialized  superbright  high-efficiency  blue  light  emitting  diodes  and 
demonstrated  current-injection  laser  diodes  are  all  based  on  GaN/In^Gai.^N  heterostructures  using 
In,^Ga].,jN  layers  as  the  active  light  emitting  medium.  The  well  recognized  importance  of  In^jCaj.^^N 
alloys  due  to  its  direct  band  gap  covering  a  wide  spectral  range  from  UV  (-365  nm  for  the  GaN  band 
gap)  to  red  (-650  nm  for  the  InN  band  gap)  has  promoted  a  great  deal  of  interest  in  the  study  of  this 
alloy  system  to  improve  its  material  quality  and  understand  the  physics  involved.  In  this  report,  we 
present  the  results  of  a  study  of  the  optical  properties  of  In^Ga,.^N  alloys  (0<x<0.2)  grown  on  top  of 
thick  GaN  epilayers  by  metalorganic  chemical  vapor  deposition  (MOCVD).  Photoluminescence  (PL) 
measurements  were  performed  to  assess  the  optical  properties  of  samples  with  different  alloy 
compositions.  Photomodulation  spectroscopy  was  used  to  determine  the  energy  gap  of  the  samples 
and  to  examine  the  effect  of  temperature  on  the  band  gap.  Transient  luminescence  measurements 
were  carried  out  to  study  photoluminescence  decay  processes  in  the  alloy  samples. 

EXPERIMENTS 

The  InGaN  alloy  samples  used  in  this  work  were  nominally  undoped  single  crystal  epifilms 
grown  by  MOCVD.  Before  the  depositions  of  alloys,  thick  GaN  layers  were  grown  on  sapphire 
substrates  at  a  temperature  of  -1050°C  with  20-nm  GaN  buffers.  The  alloy  layers  were  deposited  at 
a  temperature  around  800“C.  The  thicknesses  of  the  In^Gai.^N  epitaxial  layers  were  typically  around 
a  few  thousand  Angstroms.  Optical  measurements  in  this  work  were  carried  out  on  the  InGaN 
samples  over  a  temperature  range  from  10  K  up  to  room  temperature  (295  K).  Samples  were 
mounted  onto  the  cold  finger  of  a  closed  cycle  refrigerator  and  cooled  down  to  desired  temperatures 
for  the  measurements.  Photoluminescence  spectra  were  measured  using  an  experimental  setup 
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consisting  of  a  HeCd  laser  as  the  excitation  source  and  a  1-M  double-grating  monochromator 
connected  to  a  photon-counting  system.  For  photomodulation  reflectivity  measurements,  quasi- 
monochromatic  light  dispersed  by  a  1/2-M  monochromator  from  a  xenon  lamp  and  a  chopped  HeCd 
laser  modulating  beam  were  focused  on  the  samples  and  the  reflected  signals  were  detected  by  a  UV- 
enhanced  photomultiplier  tube  connected  to  a  lock-in  amplification  and  data  acquisition  system.  For 
transient  luminescence  measurements,  a  frequency-doubled  pulsed  dye  laser  synchronously  pumped 
by  a  frequency-doubled  modelocked  Nd:YAG  laser  was  used  as  the  primary  excitation  source  (2  ps, 
76  MHz).  The  luminescence  signals  were  dispersed  by  a  1/4  M  monochromator  and  detected  by  a 
synchroscan  streak  camera  with  a  temporal  resolution  of  two  picoseconds.  The  overall  time 
resolution  of  the  system  is  less  than  15  ps. 

RESULTS  AND  DISCUSSIONS 

Shown  in  Fig.l  is  a  comparison  of  10-K  PL  and  photoreflectance  (PR)  spectra  taken  from  an 
Ino  i4Gao86N  sample.  The  PL  spectrum  exhibits  two  dominant  speetral  features:  a  sharp,  strong 
emission  line  at  higher  energy  arising  from  the  near-band-edge  excitonic  transitions  in  GaN,  and  a 
relatively  broad  strong  luminescence  structure  related  to  the  alloy.  The  weak  spectral  structures 
observed  in  between  were  mainly  lumineseence  signatures  involving  donor-acceptor-pair  transitions 
in  the  GaN  layer.  The  spectral  feature  with  derivative-like  line  shapes  on  the  lower-energy  side  of 
the  PR  spectrum  corresponds  to  the  optical  transition  associated  with  the  alloy  band  gap,  and  the 
differential  speetral  structures  at  high  energy  are  free-exciton  transitions  from  the  edges  of  different 
valence  bands  to  that  of  the  conduction  band  of  wurtzite  GaN.  Photoreflectance  is  a  spectroscopic 
method  utilizing  modulation  of  the  built-in  electric  field  in  the  samples.  While  a  PR  spectrum 
exhibits  sharp  derivative-like  structures  on  a  featureless  background  due  to  the  optical  modulation, 
the  nature  of  the  derivative  is  not  immediately  clear.  Therefore,  it  is  necessary  to  fit  the  PR  curve 
to  different  line-shape  functional  forms[l,2]  in  order  to  determine  the  energy  positions  associated 
with  the  optical  transitions.  We  found  that  using  a  third  derivative  Gaussian  line-shape  functional 
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Fig.l.  Photoreflectance  (right  curve)  and  photoluminescence  (left  curve)  spectra  of  a 
Ino  ,4Gao86N  sample  at  10  K  are  shown  for  comparison. 
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Fig.2.  Temperature  dependence 
of  interband  transition  energy  of 
the  Irq  ,4Gao  86N  sample.  The  solid 
curve  is  the  least-squares  fits  to 
the  experimental  data  using 
Varshni  empirical  equation.  The 
inset  shows  a  room-temperature 
PR  curve  of  the  sample. 
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form  which  is  appropriate  for  describing  band-to-band  transitions  results  in  a  much  better  fit  to  the 
line  positions  and  widths  of  the  PR  spectra  than  using  a  Lorentzian  functional  form[5,6].  This 
suggests  that  the  optical  transition  observed  at  even  the  lowest  temperature  is  of  the  nature  of  band- 
to-band  transition  rather  than  excitonic  transition,  presumably  because  of  the  strong  inhomogeneous 
broadening  due  to  alloying  effects.  The  best  fits  to  the  1 0-K  PR  spectral  features  yield  an  energy  of 
3,143  eV for  the  transition  in  Liq  ,4GaQggN,  indicating  a  large  Stokes  shift  (~60  meV)  between  the  PL 
peak  position  and  the  actual  band-to-band  transition  energy. 

With  increasing  temperature,  the  PL  signal  from  the  alloy  layer  quickly  lost  its  intensity  and 
spectral  signature  due  to  the  increasingly  enhanced  nonradiative  recombination  processes  and 
thermal  broadening  of  the  emission  structures,  whereas  PR  spectral  structures  associated  with  InGaN 
band  gap  could  be  well  resolved  up  to  room  temperature  for  all  alloy  samples  used.  Fig.  2  shows  the 
shift  of  optical  transition  energy  as  a  function  of  temperature  for  the  Ioq  i4Gao  g^N  sample.  The  solid 
line  in  the  figure  represents  the  best  fit  to  the  Varshni  empirical  equation[7] 

Eo(T}=Eo(0)-ar/ip+T).  (1) 

Where  Efj^O)  is  the  transition  energy  at  0  K,  and  a  and  p  are  constants  referred  to  as  Varshni  thermal 
coefficients.  The  best  fits  yield  Eo(0)^?>.U?>Z  eV,  ar=L0xl0-^  eV/K,  and  p=U96  K  for  the  sample. 
The  much  better  spectral  resolution  of  PR  spectroscopy  compared  to  PL  measurement  enables  us  to 
determine  the  actual  energy  gaps  for  the  InGaN  alloy  samples  used  in  this  work.  In  Fig.3,  we  plot 
the  measured  energy  gaps  of  various  samples  at  10  K  and  295  K  against  their  alloy  compositions, 
with  10-K  PL  results  for  comparison.  Within  the  alloy  composition  range  studied  in  this  work,  the 
PR  results  are  in  reasonably  good  agreement  with  the  theoretical  prediction  for  the  dependence  of 
In^Ga,.,tN  band  gap  on  In  concentration  including  the  bowing  effect[8] 

E(x)=3.5-2. 63x+L02x^  eV.  (2) 
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Fig.3.  Energy  gaps  of  various  samples 
measured  by  PR  at  10  K  and  295  K  vs. 
their  alloy  compositions.  10-K  PL 
results  are  shown  for  comparison.  The 
solid  line  is  the  theoretical  prediction 
for  the  dependence  of  the  In^^Gai.^N 
band  gap  on  In  concentration.  The 
dotted  line  is  that  for  room 
temperature  (295  K)  data. 
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On  the  other  hand,  the  scattered  PL  data,  as  indicated  by  the  figure,  are  apparently  not  a  reliable  way 
to  map  energy  gap  evolution  for  the  alloy  system  because  the  PL  signals  are  most  likely  associated 
with  impurities  and  the  effects  of  alloy  disorder  broadening. 

We  have  also  performed  time-resolved  PL  measurements  to  study  carrier  recombination 
dynamics  in  the  In^Gai.^^N  samples.  Fig.  4  shows  the  temporal  evolution  of  spectrally  integrated 
luminescence  associated  with  an  InoogGaogjN  sample  at  selected  temperatures.  The  time  evolution 
of  the  luminescence  is  dominated  by  exponential  decay  with  a  measured  effective  lifetime  around 
340  ps  at  10  K.  The  temporal  profile  of  the  luminescence  gradually  evolved  into  an  increasingly 
nonexponential  decay  with  a  drastic  decrease  of  the  effective  lifetime  for  the  main  decay  process  as 
the  sample  temperature  increased.  At  temperatures  around  150  K,  the  deduced  lifetime  for  the  PL 
decay  has  already  reached  the  limit  of  our  instrumental  resolution  of  15  ps.  Similar  results  were 
obtained  for  all  samples  used  in  this  work;  the  measured  decay  time  for  near-band-edge  PL  emissions 
was  generally  around  a  few  hundred  picoseconds  at  10  K,  and  it  decreased  rapidly  as  sample 
temperatures  increased.  The  measured  decay  time  was  examined  as  a  function  of  energy  positions 
of  the  10-K  PL  peak  shown  in  the  inset  of  Fig.4.  The  reason  for  doing  so  is  to  verify  whether  the  PL 
structure  resulted  from  recombination  of  localized  excitons  or  emission  directly  involving  impurity 
states  and  alloy  potential  fluctuations [9, 10].  If  the  PL  emission  originated  from  localized  excitons 
in  the  InGaN  alloys,  the  lifetime  is  predicted  to  follow  the  so-called  power-law  dependence[l  1]: 

(3) 

where  is  the  exciton  localization  energy.  That  means  the  measured  lifetimes  increase  with 
increasing  exciton  localization  energy  which  corresponds  to  a  decrease  in  electron-hole  wavefunction 
overlap.  Our  experimental  results  did  not  exhibit  such  a  three-halves  dependence  of  measured 
effective  lifetime  upon  the  energy  position,  suggesting  impurity  states  and  alloy  potential 
fluctuations  are  most  likely  responsible  for  the  alloy  PL  signals. 

Although  the  radiative  recombination  processes  involved  in  PL  emissions  in  the  InGaN  samples 
are  not  of  excitonic  nature  as  aforementioned,  it  is  still  worthy  to  make  a  comparison  of  the  results 
obtained  in  this  work  with  the  excitonic  emission  decay  processes  observed  in  pure  GaN[12].  While 
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Fig.4.  Temporal  variation  of  the 
alloy  PL  peak  for  a  InposGaogjN 
sample  at  selected  temperatures. 
The  inset  shows  the  10-K  PL 
spectrum  over  a  broad  spectral 
range  including  both  emissions 
from  InGaN  and  GaN  layers. 


the  measured  effective  lifetime  for  PL  decay  in  InGaN  samples  was  found  to  be  an  order  of 
magnitude  longer  than  that  in  GaN,  the  dependence  of  the  PL  decay  process  on  temperature  in 
InGaN  alloys  are  much  stronger  than  that  in  GaN[13].  Such  a  strong  temperature  influence  suggests 
that  although  recombination  from  carriers  bound  to  extrinsic  states  such  as  defects  or  impurities  can 
be  very  efficient  at  low  temperatures,  the  measured  decay  time  is  still  determined  by  detailed  decay 
kinetics  in  the  alloy  samples.  The  observed  decrease  of  PL  decay  time  along  with  the  increasingly 
nonexponential  transient  characteristics  with  temperature  indicates  that  incrementally  stronger 
nonradiative  relaxations  occur  as  the  temperature  increases,  resulting  in  continued  faster  decay  of 
the  photogenerated  carrier  population.  The  decrease  of  PL  in  both  intensity  and  observed  effective 
lifetime  with  temperature  suggests  that  nonradiative  processes  including  trapping  and  recombination 
at  energy  levels  associated  with  impurities  and  defect  centers  at  or  near  the  mid  gap  (Schockley- 
Read-Hall  recombination),  surface  recombination,  and  Auger  recombination  prevail  in  the  InGaN 
alloys  at  relatively  high  temperatures.  It  is  well  known  that  the  lifetime  of  photogenerated  carriers 
is  strongly  dependent  on  the  sample  quality  for  semiconductor  alloy  systems[10].  The  observations 
reported  here  indicate  that  the  impurities  and  defects  incorporated  during  the  InGaN  epitaxial  growth 
generate  PL  quenching  centers  in  the  layers  which  adversely  affect  the  carrier  radiative 
recombination. 

CONCLUSIONS 

We  have  studied  optical  transition  processes  in  In^Gai.^N  alloys  using  a  few  different  approaches 
including  both  conventional  and  time-resolved  PL  measurements  as  well  as  PR  spectroscopy.  The 
highly  sensitive  PR  spectroscopy  allows  us  to  unambiguously  determine  the  band  gap  energy  for  the 
alloy  samples  within  the  alloy  composition  range  (0<x0.2)  studied.  We  found  that  the  low- 
temperature  PL  emission  from  alloy  layers  are  primarily  recombinations  directly  involving  impurity 
states  and  alloy  potential  fluctuations.  Strong  dependence  of  PL  decay  on  temperature  observed  in 
the  various  alloy  samples  indicates  that  the  trapping  and  recombination  of  photogenerated  carriers 
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at  impurities  and  defect  centers  are  dominant  channels  in  determining  the  carrier  population  decay 
process. 

ACKNOWLEDGEMENTS 

This  work  at  OSU  was  supported  by  AFOSR,  ARO,  DARPA,  and  ONR. 

REFERENCES 

1.  D.E.  Aspnes,  in  Optical  Properties  of  Solids,  ed.  M.  Balkanski  (North-Holland,  Amsterdam, 
1980),  Chap.  4A. 

2.  F.H.  Poliak  and  O.J.  Glembocki,  SPIE  Proc.  946,  p.2(1988). 

3.  O.J.  Glembocki  and  B.V.  Shanabrook,  Superlattices  and  Microstructure,  5,  p.235(1987). 

4.  H.  Shen,  S.H.  Pan,  F.H.  Poliak,  M.  Dutta,  and  T.R.  AuCoin,  Phys.  Rev.  B36,  p.9,384(1987). 

5.  O.J.  Glembocki  and  B.V.  Shanabrook,  in  Semiconductors  and  Semimetals,  vol.36,  ed.  D.G. 
Seiler  and  CL.  Little,  (Academic  Press,  1992),  Chap.  4. 

6.  F.H.  Poliak  and  H.  Shen,  Mater.  Sci.  Eng.  RIO,  p.275(1993). 

7.  Y.P.  Varshni,  Physica,  34,  p.  149(1 967) 

8.  A.F.  Wright  and  J.S.  Nelson,  Appl.  Phys.  Lett.  66,  p.3,051(1995). 

9.  M.  Voos,  R.F.  Leheny,  and  J.  Shah,  in  Optical  Properties  of  Solids,  edited  by  M.  Balkanski, 
(North-Holland,  Amsterdam,  1980),  Chap.  6. 

10.  L.  Pavesi  and  M.  Guzzi,  J.  Appl.  Phys.  75,  p.4, 779(1994). 

11.  E.I.  Rashba  and  G.E.  Gurgenishvili,  Sov.  Phys.  Solid  State,  4,  p.759(1962). 

12.  W.  Shan,  X.C.  Xie,  J.J.  Song,  and  B.  Goldenberg,  Appl.  Phys.  Lett.  67,  p.2, 512(1995). 

13.  J.J.  Song,  W.  Shan,  T.  Schmidt,  X.H.  Yang,  A.  Fischer,  S.J.  Hwang,  B.  Taheri,  B.  Goldenberg, 
R.  Horning,  A.  Salvador,  W.  Kim,  O.  Aktas,  A.  Botchkarev,  and  H.  Morko5,  in  Physics  and 
Simulation  of  Optoelectronic  Devices  TV.  ed.  W.W.  Chow  and  M.  Osiriski,  (SPIE  Proceedings 
Series,  1996),  pp. 86-96. 


828 


OPTICAL  TRANSITIONS  AND  RECOMBINATION  LIFETIMES  IN  GaN  AND  InGaN 
EPILAYERS,  AND  InGaN/GaN  AND  GaN/AIGaN  MULTIPLE  QUANTUM  WELLS 

M.  SMITH,  J.  Y.  LIN,  H.  X.  HANG 

Department  of  Physics,  Kansas  State  University,  Manhattan,  KS  66506-2601 

A.  KHAN,  Q.  CHEN 

APA  Optics  Inc,  Blaine,  MN  55449 

A.  SALVADOR,  A.  BOTCHKAREV,  H.  MORKOC 

Coordinated  Science  Laboratory,  University  of  Illinois  at  Urbana-Champaign,  Urbana,  IL  61801 
ABSTRACT 

Time-resolved  photoluminescence  (PL)  has  been  employed  to  study  the  optical  transitions 
and  their  dynamical  processes  in  GaN  and  In^Ga,.^N  epilayers,  and  In^Ga,.^N/GaN  and 
GaN/AI^Ga,.^N  multiple  quantum  wells  (MQW).  We  compare  the  results  from  both  metal-organic 
chemical  vapor  deposition  (MOCVD)  and  molecular  beam  epitaxy  (MBE)  grown  samples.  In 
addition,  results  are  also  compared  with  GaAs/A4Ga,.^As  MQW.  It  was  found  for  all  samples 
that  the  low  temperature  emission  lines  were  dominated  by  radiative  recombination  transitions  of 
either  localized  or  free  excitons,  which  demonstrates  the  high  quality  and  purity  of  these 
Ill-nitride  materials. 

INTRODUCTION 

GaN  and  its  allied  alloys  have  been  recognized  recently  as  among  the  most  important 
semiconductors  due  to  their  potential  applications  for  many  optoelectronic  devices  which  are 
active  in  the  UV-blue  wavelength  region.'  The  possibilities  of  GaN  based  devices  such  as 
UV-blue  lasers  and  light  emitting  diodes  (LEDs),  solar-blind  UV  detectors,  and  high-power 
electronics  have  fueled  recent  research  in  these  materials.  However,  the  understanding  of  their 
fiindamental  optical  properties  is  still  incomplete,  in  part  to  material  quality  in  the  past.  In  this 
work  we  present  results  from  both  epilayers  and  MQW  samples  grown  by  both  MOCVD  and 
MBE  techniques.  Results  from  different  epilayers  and  MQW  are  compared  with  each  other  to 
extrapolate  the  mechanisms  of  optical  transitions  in  these  materials.  Recombination  lifetimes  are 
compared  to  further  our  understanding  of  these  materials. 
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EXPERIMENT 


Three  of  the  samples  considered  here  were  grown  by  low  pressure  metal-organic  chemical 
vapor  deposition  (MOCVD).  The  first  is  a  nominally  undoped  3.8  pm  n-type  (n  =  5x10*^  cm'^) 
GaN  epilayer,  a  second  is  a  nominally  undoped  0.25  pm  n-type  In^Gaj.^N  (x  a  0.12)  epilayer,  and 
the  third  is  an  In^Ga,.^N/GaN  MQW  (x  a  0.15)  composed  of  45  periods  of  alternating  25  A 
I%Ga,.^N  wells  and  25  A  GaN  barriers.  The  others  were  grown  by  molecular  beam  epitaxy 
(MBE).  These  are  a  nominally  undoped,  insulating  4pm  GaN  epilayer,  and  a  GaN/Al^Gaj.^N 
MQW  (x  a  0.07)  composed  of  10  periods  of  alternating  25  A  GaN  wells  and  50  A  Al^Ga,.^N 
barriers.  The  time  resolved  PL  spectra  were  measured  using  a  picosecond  laser  spectroscopy 
system  with  an  average  output  power  of  about  20  mW,  a  tunable  photon  energy  up  to  4.5  eV,  and 
a  spectral  resolution  of  about  0.2  meV.  The  time  resolution  of  the  detection  system  is  about  20 
ps.^-^ 

RESULTS 

In  Fig.  1,  we  plotted  the  continuous- wave  (CW)  PL  spectra  of  the  MOCVD  grown 
In^Ga,.,N/GaN  MQW  sample  (open  circles)  obtained  at  (a)  T  -  10  K  and  (c)  T  =  300  K.  For 
comparison,  the  PL  spectra  of  an  MOCVD  grown  InGaN  epilayer  is  also  shown.  We  have  also 
plotted  the  CW  PL  spectra  of  the  MBE  grown  GaN/Al^Ga,.^  MQW  sample  (open  triangles) 
obtained  at  (b)  T  =  10  K  and  (d)  T  =  300  K.  The  PL  spectra  of  an  MBE  grown  GaN  epilayer  is 
also  shown  for  comparison.  In  the  In,^Ga,.^N  epilayer,  the  dominant  transition  line  at  low 
temperature  is  from  the  recombination  of  localized  excitons.^  As  can  be  seen,  the  transition  peak 
position  in  the  In^Ga,.^N/GaN  MQW  is  blue  shifted.  This  blue  shift  is  smaller  then  we  expected 
fi-om  the  confinement  of  the  electrons  and  holes,  possibly  due  to  the  slight  differences  in  the  In 
composition.  The  measured  blue  shift  is  approximately  16±2  meV.  In  the  GaN  epilayer,  the 
dominating  transition  line  at  T  =  10  K  is  due  to  the  recombination  of  the  ground-state  of  the  A 
exciton.^’^  The  blue  shift  of  the  emission  line  fi-om  the  MQW  at  room  temperature  (79  meV)  is 
what  we  expected  for  our  MQW  structure  with  a  67%  (33%)  conduction  (valence)  band  offset. 
One  of  the  interesting  features  shown  in  Fig.  1  is  that  the  blue  shift  observed  at  10  K  is  only  54 
meV  for  the  GaN/Al,^Ga,.,.N  MQW,  or  about  25  meV  less  than  the  shift  at  room  temperature.  We 
attribute  this  difference  to  the  fact  that  the  PL  emissions  in  the  GaN/Al,jGaj.^  MQW  at  low  and 
room  temperatures  result  from  the  recombinations  of  localized  and  fi*ee  excitons,  respectively. 

The  exciton  localization  at  low  temperatures  is  caused  by  interface  roughness  of  the  MQW.  The 
25  meV  difference  then  measures  the  localization  energy,  indicating  a  well  thickness  fluctuation  of 
about  ±4  A. 
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FIG.  1 .  CW  PL  spectra  of  an  InGaN  epilayer  (filled  squares)  and  In^Ga.,  ^GaN  MOW  (open  circles)  measured  at 
(a)  T=10  K  and  (c)  T=300  K.  and  of  a  GaN  epilayer  (filled  triangles)  and  GaN/Alpa^.^N  MQW  (open  triangles) 
measured  at  (b)  T=1 0  K  and  (d)  T=300  K. 


The  recombination  dynamics  of  the  PL  emissions  have  also  been  studied.  Fig.  2(a)  shovys 
the  temporal  responses  of  the  GaN  epilayer,  GaN/Al^Gai.J4  MQW,  In^Ga,.^  epilayer,  and  the 
In^^Gaj.JM/GaN  MQW  measured  at  the  spectral  peak  positions  of  the  respective  samples  at  T  =  10 
K.  As  can  be  seen  from  Fig.  2(a),  PL  decay  in  all  samples  but  the  In^Guj.^/GaN  MQW  can  be 
well  fit  by  a  single  exponential  decay.  The  PL  decay  in  the  In^Gaj.^N/GaN  MQW  was  fit  using  a 
two-exponential  fimction  with  the  fast  component  contributing  over  85%  of  the  PL  signal.  The 
temperature  dependencies  of  the  recombination  lifetime  x  are  shown  in  Fig.  2(b).  In  the 
In^Gaj.^  epilayer  (filled  triangle),  the  localized  exciton  lifetime  is  about  0.53  ns  at  T  <  40  K  and 
increases  almost  linearly  with  temperature  from  40  K  up  to  100  K.  Comparing  this  with  the 
In,^Ga,.^/GaN  MQW  (open  triangle),  where  only  the  recombination  lifetime  of  the  fast 
component  is  plotted,  only  a  slight  temperature  dependency  of  the  recombination  lifetime  is  seen, 
up  to  100  K.  Considering  the  GaN  epilayer  (filled  square),  the  recombination  Ufetime  of  the 
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FIG.  2.  (a)  The  temporal  responses  of  the  PL  measured  at  the  spectral  peak  positions  in  GaN  and 
InGaN  epilayers,  and  InGaN/GaN  and  AIGaN/GaN  MOW  at  T=10K.  (b)  Temperature  dependence  of 
the  recombination  lifetimes  at  low  temperatures. 


(b)  ' 

■  GaN  Epilayer 
o  GaN/AIGaN  MQW 
▼  InGaN  Epilayer 
^  InGaN/GaN  MQW  . 


■  „  8 


A-exciton  0.35  ns)  is  nearly  temperature  independent  below  60  K.  In  the  GaN/A4Ga,_^N 
MQW  (open  circle),  however,  t  increases  linearly  with  temperature  up  to  60  K. 

AH  samples  are  seen  to  have  recombination  lifetimes  which  are  either  temperature 
independent,  or  which  show  a  linear  increase  with  temperature  at  low  temperatures.  A  similar 
linear  behavior  at  low  temperatures  has  been  observed  previously  in  GaAs/Al^Ga,.^As  MQW  and 
is  now  regarded  as  a  unique  property  of  radiative  excitonic  recombination  in  MQW.^  Thus,  we 
see  that  radiative  recombinations  are  the  dominant  process  in  all  samples  at  low  temperatures.  A 
summary  of  these  results  can  be  seen  in  Table  I,  which  also  includes  results  from  GaAs/Al,(Ga,.^As 
MQW  for  comparison.  Comparing  the  behavior  between  the  three  MQW  of  comparable  well 
size,  the  behavior  of  the  In^Ga,.^/GaN  MQW  stands  out.  It  shows  no  clear  linear  dependence, 
unlike  the  GaN/Al^Ga,.^  MQW  and  the  GaAs/Al^Gai.^  MQW.^  The  slope  of  t  vs  temperature 
T,  dx/dT,  for  the  GaN/Al^Ga,.JN  MQW  is  about  1.8x10'^  ns/K  while  that  of  the  GaAs/AlGaAs  of 
the  same  well  width  is  about  1 .7x10'^  ns/K.  The  high  quality  In^Gaj.^  epilayer,  on  the  other 
hand,  does  show  this  linear  dependence,  with  a  slope  dx/dT  ~  4x10'^  ns/K,  unlike  the  GaN 
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TABLE  L  Recombination  lifetime  behavior  of  epilayers  and  MQW 


■ 

MOCVD 

InGaN 

Epilayer 

MOCVD 

GaN 

Epilayer 

MBE" 

GaN 

Epilayer 

MBE 

GaN/AlGaN 

MQW 

MBE' 

GaAs/AlGaAS 

MQW 

25 

— 

— 

— 

25 

25 

m 

100 

4(HT^100 

^60 

:^30 

:^60 

:^30 

^25 

^1 

— 

4 

~0 

~0 

1.8 

17.5 

0.57 

0.54 

0.35 

0.22 

0.32 

0.32 

epilayer  samples  which  have  a  constant  recombination  lifetime  at  low  temperatures.  By 
extrapolating  the  plots  in  Fig.  2(b)  to  T=0  K,  the  radiative  recombination  lifetime,  t„,  of  the 
samples  can  be  determined.  The  lifetime  of  the  localized  exciton  in  the  In^Ga,.^  epilayer  is 
slightly  less  then  that  of  the  In^Ga,.^/GaN  MQW,  0.54  ns  compared  to  0.57  ns.  For  the  GaN 
epilayer  and  the  GaN/Al^Gai.^  MQW,  the  behavior  was  dijfferent. 

CONCLUSIONS 

In  conclusion,  time-resolved  PL  has  been  employed  to  study  the  optical  transitions  as  well 
as  recombination  lifetimes  in  GaN  and  In^Ga,.JSl  epilayers,  and  In^Ga,,JSI/GaN  and  GaN/Al^Ga,.jNl 
MQW.  The  results  have  been  compared  with  GaAs/A]^Ga,.^s  MQW.  Our  results  have  revealed 

(i)  the  PL  emissions  in  In^Ga,.^  epilayers  result  primarily  from  localized  exciton  recombination, 

(ii)  the  quantum  confinement  effect  of  excitons  in  GaN/Al,^Ga,.^  and  In^Gai.^/GaN  MQW,  (iii) 
recombination  lifetimes  either  increase  with  temperature  (In^Ga,.^  epilayers,  In,^Ga^.^/GaN 
MQW,  GaN/ Al^Gai.^  MQW)  or  is  independent  of  it  (GaN  epilayer) ,  (iv)  dominance  of  the 
radiative  recombination  for  all  samples  at  low  temperatures,  indicative  of  the  high  quality  and 
purity  of  the  samples  used  here.  These  findings  are  expected  to  have  important  implications  on 
optoelectronic  designs  employing  GaN-based  MQW. 
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ABSTRACT 

GaN,  AlxGai_xN,  and  AIN  layers  exhibit  interference  oscillations  and  bandgap-related 
features  in  their  reflectance-difference  (-anisotropy)  (RD/RA)  spectra.  We  concentrate  on  the 
interpretation  of  interference-related  data,  providing  a  general  expression  for  these  optical 
anisotropies  and  discussing  mechanisms  that  originate  in  the  layers  themselves.  These  include 
anisotropic  strain  in  the  plane  of  the  layer,  a  tilt  of  the  c  axis  with  respect  to  the  surface  normal, 
and  non-normal-incidence  illumination.  We  estimate  the  magnitudes  of  these  contributions,  and 
show  that  they  are  consistent  with  those  observed.  In  principle  these  contributions  can  be 
separated  by  their  different  azimuthal  dependences.  The  complex  pattern  of  the  data  for 
AIxGa]_xN  and  AIN  indicate  that  contributions  from  several  layers  are  present. 

INTRODUCTION 

Wide-bandgap  semiconductors  have  attracted  much  recent  attention  with  the  realization  of 
blue  light  emitting  and  laser  diodes  [1,2].  These  materials  are  well  suited  for  optical  characteri¬ 
zation.  Below-bandgap  radiation  can  access  buried  layers  and  interfaces,  while  above-bandgap 
radiation  returns  information  about  the  surface  and  near-surface  region  of  the  top  layer.  Here, 
we  report  and  discuss  data  on  GaN,  AlxGai_xN,  and  AIN  layers  obtained  by  reflectance- 
difference  (-anisotropy)  spectroscopy  (RDS/RAS),  a  technique  that  capitalizes  on  reduced  sym¬ 
metry  of  surfaces,  films,  and  interfaces  with  respect  to  the  underlying  material  to  provide  infor¬ 
mation  about  them  [3,4].  In  particular,  our  data  exhibit  bandgap-related  features,  which  in  prin¬ 
ciple  allow  compositions  to  be  determined  over  the  entire  alloy  range,  and  below-bandgap 
interference  oscillations,  which  we  describe  in  terms  of  propagation  in  a  weakly  optically  aniso¬ 
tropic  layer.  We  formulate  the  problem  in  general  using  virtual-interface  (V-I)  theory  [5],  and 
discuss  three  mechanisms  specific  to  the  film  in  its  region  of  transparency:  (1)  anisotropic  strain 
in  the  plane  of  the  layer;  (2)  a  tilt  of  c  axis  of  one  or  more  layers  with  respect  to  the  surface  nor¬ 
mal;  and  (3)  non-normal  incidence  illumination  by  the  optical  beam.  The  estimated  magnitudes 
of  these  mechanisms  are  consistent  with  our  data,  and  in  principle  the  individual  contributions 
can  be  separated  by  their  energy  and  azimuthal  dependences. 

EXPERIMENTAL 

Optical  anisotropy  data  were  obtained  from  1.5  to  5.5  eV  at  an  angle  of  incidence  of  0.6° 
using  a  standard  RD  configuration  [6].  For  the  AIN  sample  the  signal  was  strong  enough  to 
allow  measurements  to  be  extended  to  somewhat  higher  photon  energies.  Samples  were 
mounted  on  a  rotation  stage  to  determine  the  azimuthal  dependences  of  the  signals,  to  find  their 
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minimum  and  maximum  amplitudes,  and  to  establish  an  unambiguous  baseline.  To  minimize 
instrumentation  artifacts,  the  spectra  presented  here  were  calculated  as  the  average  of  the 
difference  between  spectra  measured  for  linear  polarizations  along  the  two  different  principal 
axes  in  the  plane  of  the  surface,  which  are  separated  by  an  azimuth  angle  of  90°. 

Layers  were  grown  by  organometallic  chemical  vapor  deposition  (OMCVD)  on  on-axis  sap¬ 
phire  and  offcut  6H-SiC(0001)  substrates  as  described  elsewhere  [7].  The  layers  were  between  1 
and  3  pm  thick  except  for  the  AIN  layer,  which  was  0.250  pm  thick.  Samples  were  measured 
as-grown  after  roughening  the  reverse  side,  and  also  after  chemical  treatment  to  remove  over¬ 
layers  [8]. 

RESULTS 

Representative  RD  spectra  of  GaN,  Alj^Gai-^N,  and  AIN  layers  are  shown  at  the  bottom, 
middle,  and  top,  respectively,  of  Fig.  1.  The  thicknesses  of  these  particular  layers,  as  determined 
from  the  spacing  of  the  interference  oscillations,  are  1.3,  1.7,  and  0.29  pm,  respectively.  The 
thickness  determined  for  the  AIN  film  is  within  the  experimental  uncertainty  of  the  nominal  0.25 
pm  thickness  of  this  layer.  These  spectra  are  typical,  exhibiting  interference  oscillations  below 
the  bandgap,  structure  at  the  bandgap,  and  an  absence  of  structure  above  the  bandgap  within  our 
spectral  range.  The  oscillations  are  nearly  independent  of  the  position  of  the  light  beam  on  the 
sample,  which  indicates  that  the  layer  thicknesses  are  homogeneous.  The  below-bandgap  oscil¬ 
lations  typically  do  not  vanish  completely  at  any  single  azimuth,  as  expected  for  interference- 
related  anisotropies  as  discussed  below.  On  the  other  hand,  for  the  bandgap-related  features  an 
azimuth  can  always  be  found  where  the  associated  RD  structure  vanishes,  allowing  a  positive 
identification  of  bandgap  features  as  shown  for  AIN  in  Fig.  2.  As  expected,  the  bandgap-related 
features  shift  to  higher  energies  with  increasing  A1  content. 

While  attention  in  RD  measurements  is  usually  directed  toward  surface  or  interface  effects, 
we  concentrate  here  on  the  below-bandgap  oscillations,  which  are  clearly  related  to  transmission 
of  light  within  the  outermost  and/or  underlying  layers.  We  can  describe  these  features  com¬ 
pletely  generally  in  terms  of  the  V-I  expression  [5] 


1  -I"  Z  ry  roa 

where  Fyoa  and  rga  are  the  complex  reflectances  of  the  sample  and  the  overlayer/ambient  inter¬ 
face,  Fy  is  the  virtual  reflectance  at  the  virtual  interface  located  a  distance  d  beneath  the  surface 
(here  taken  to  be  the  same  as  the  overlayer  thickness),  and  Z  =  exp  (2iko  d),  where  is  the 
propagation  vector  in  the  overlayer.  We  note  that  Eq.  (1)  is  formally  identical  to  the  three- 
phase-model  representation  recently  used  by  Yasuda  et  al.  [9]  to  discuss  surface  and  interface 
anisotropies  of  heteroepitaxial  ZnSe  on  (001)  GaAs,  except  that  Fy  replaces  the  term  F^o  describ¬ 
ing  reflection  at  the  substrate-overlayer  boundary.  The  difference  is  primarily  one  of  interpreta¬ 
tion:  V-I  theory  shows  that  Fy  (or  for  that  matter  Fgo  in  the  three-phase  model)  incorporates  all 
optical  effects  below  the  outermost  layer,  defined  as  the  outermost  region  where  the  dielectric 
response  is  independent  of  d.  Further  discussions  can  be  found  in  refs.  [5]  and  [10]. 

In  general  anisotropy  effects  can  arise  from  the  ry  term  if  the  substrate,  underlying  layers,  or 
interfaces  are  optically  anisotropic,  or  from  the  k^  term  if  the  overlayer  itself  is  optically  aniso¬ 
tropic.  The  appearance  of  optical  anisotropy  related  to  the  overlayer  is  not  surprising  since  hex¬ 
agonal  materials  are  intrinsically  birefringent,  with  the  component  of  the  dielectric  tensor  along 
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Fig.  1.  RD  spectra  for  layers  of  GaN  (bottom),  Al^Ga,_jN  (middle),  and  AIN  (top),  all  grown 
on  6H-SiC. 

Fig.  2.  RD  spectra  of  an  AIN  film  for  two  sample  azimuths  differing  by  45°.  While  the 
bandgap-related  features  vanish  at  some  azimuth,  such  cancellation  does  not  occur  for  the 
below-bandgap  features. 


the  c  axis  being  different  from  that  perpendicular  to  the  c  axis.  However,  the  sixfold  rotational 
symmetry  about  the  c  axis  in  these  materials  ensures  that  this  anisotropy  could  not  be  observed 
unless  (1)  the  sixfold  rotational  symmetry  is  broken  by  the  presence  of  an  inhomogeneous  strain 
in  the  plane  of  the  layer;  or  (2)  ko  is  not  entirely  parallel  to  the  c  axis,  i.e.,  ko  and  the  c  axis  are 
not  collinear.  The  latter  situation  can  arise  if  (2a)  the  c  axis  is  perpendicular  to  the  surface  but 
the  probe  beam  is  not  incident  normal  to  the  surface,  or  (2b)  the  c  axis  of  the  overlayer  is 
inclined  to  the  surface  normal.  For  any  of  these  three  conditions  the  two  orthogonal  propagation 
modes  in  any  given  layer  become  nondegenerate,  exhibiting  different  amplitudes  of  the  propaga¬ 
tion  vector.  In  principle  these  mechanisms  can  be  distinguished  by  their  azimuthal  dependences: 
a  tilted  c  axis  and  in-plane  strain  should  exhibit  one-  and  twofold  rotational  symmetries,  respec¬ 
tively,  while  non-normal-incidence  illumination  should  yield  no  azimuthal  dependence,  and  thus 
be  undetectable  when  spectra  are  calculated  by  taking  differences  as  done  here. 

The  relative  anisotropy  Af/F  =  (F„  -  rp  )/( 2(ra  +  ?p  )]  for  either  case  can  be  determined 
directly  from  Eq.  (1)  by  taking  appropriate  differentials,  and  we  find: 
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where  Ary  is  the  anisotropy  of  Fy,  Ae  expresses  the  difference  between  the  amplitudes  of  the 
wavevectors  of  the  two  propagating  modes  in  the  overlayer  as  a  difference  between  their 
effective  dielectric  functions,  n  is  the  average  refractive  index  of  the  two  modes,  and  E  is  the 
photon  energy.  In  Eq.  (2)  both  AFy  and  the  accumulated  phase  difference  Akd  = 
7tEAed/(nhc)  in  the  propagating  modes  are  treated  in  first  order,  and  the  effect  of  the  small 
difference  of  n  on  interface  reflectances  is  ignored.  The  fact  that  exp(  2 ik  d )  is  common  to  both 
virtual-reflectance  and  propagation  terms  shows  that  interference  oscillations  in  RD  spectra  are 
a  natural  consequence  of  the  optical  anisotropy  of  the  layer  or  any  underlying  portion  of  the 
sample,  even  though  such  anisotropy  may  be  small.  In  particular,  Eq.  (2)  shows  that,  to  the 
extent  that  dispersion  in  the  relevant  dielectric  functions  of  the  overlayer  can  be  neglected,  the 
amplitude  of  the  oscillations  arising  from  the  propagation  term  should  increase  linearly  with  E, 
in  agreement  with  the  GaN  data  of  Fig.  (1).  This  provides  a  means  of  discriminating  layer  from 
interface  anisotropies,  which  would  be  expected  to  show  dispersion. 

Since  the  physical  origin  of  the  effects  described  by  the  propagation  term  of  Eq.  (2)  is  the 
slight  difference  in  optical  thickness  nd  of  the  two  modes,  and  since  this  difference  can  also  be 
simulated  by  a  slight  change  of  energy,  this  term  of  Eq.  (2)  should  be  closely  related  to  the 
numerical  derivative  of  AF/F  with  respect  to  energy.  In  fact,  this  derivative  is  obtained  by  replac¬ 
ing  the  combination  E Ae/n  in  Eq.  (2)  with  2  (n  +  Edn/dE),  illustrating  the  connection  directly. 

To  assess  the  magnitude  of  the  relative  phase  difference  necessary  to  obtain  the  observed 
values  of  AF/F  Ipp  by  means  of  the  propagation  term  in  Eq.  (2),  we  consider  this  terra  in  detail. 
For  GaN  where  Ea  =  5.53  +  iO.OO  at  2.5  eV  [  1 1]  we  have  i  F^o  I  =  0.08  «  1  and  I  Foa  1  ==  0.5  at  2.5 
eV,  so  Akd  can  be  written  approximately  as  zikd  =  AF/F  lpp/6,  where  AF/F  Ipp  is  the  peak-to- 
peak  value  of  the  interference  envelope  at  2.5eV.  From  the  GaN  data  of  Fig.  1  we  have 
AF/F  Ipp  =  l.Ox  10“"^,  whence  Akd  =  0.001°  and  Ak  =  0.0007°/)im.  Thus  the  assumption  that  the 
accumulated  phase  difference  is  small  is  clearly  satisfied  for  this  example.  In  addition,  the  result 
shows  that  RDS  is  sensitive  to  extremely  small  differences  of  the  accumulated  phase  difference. 

We  now  consider  microscopic  mechanisms  due  to  the  overlayer,  beginning  with  inhomo¬ 
geneous  relaxation  of  stress.  In  the  quasicubic  model  [12],  isotropic  stress  in  the  plane  of  the 
layer  is  treated  simply  as  an  additive  term  to  the  crystal  potential.  However,  for  anisotropic 
stress  relaxation  the  problem  is  much  more  difficult.  To  estimate  the  magnitude  of  the  effect  we 
bypass  some  of  these  difficulties  by  assuming  that  the  transitions  that  contribute  most  strongly  to 
Re(e)  near  2.5  eV  are  those  associated  with  th^E,  critical  pointy  of  the  equivalent  cubic 
material,  i.e.,  the  critical  points  along  the  (111),  (111),  (HI),  and  (111)  directions  in  reciprocal 
space.  This  model  is  clearly  incomplete  since  other,  lower-symmetry  critical  points  will  also 
contribute,  but  we  can  expect  it  to  yield  an  estimate  of  the  correct  order  of  magnitude. 
Representing  the  dielectric  response  in  the  transparent  region  in  Sellmeier  form  and  using  the 
appropriate  polarization  selection  rules  we  find 


Ae(E)  = 


2EgA^(4Et-(Ef +E^)^) 
9(E?-E^)'^ 


(3) 


where  Ep  is  the  plasma  energy,  Eijs  the  unp^turbed  threshold  energy  of  the  Ej  transition,  and 
A(j  is  the  splitting  between  the  ( 1 1 1 )  and  (111)  levels  for  a  ( 1 10 )  in-plane  strain  [for  this  case 
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the  (111)  and  (111)  critical  points  do  not  contribute].  Using  representative  values  Ep  =  22  eV 
and  El  =  9  eV,  and  considering  an  extreme  upper  limit  of  0.1  eV  for  A^j,  we  find  that  Ae  = 
0.0006,  which  at  2.5  eV  leads  to  an  accumulated  phase  difference  per  unit  length  of  Ak  = 
0.077|im.  Thus  this  mechanism  can  easily  provide  anisotropy  signals  on  the  scale  of  Fig.  1. 

We  now  consider  the  situation  where  k  and  the  c  axis  are  not  parallel.  If  the  components  of 
the  dielectric  tensor  parallel  and  perpendicular  to  c  are  and  Eg,  respectively,  then  for  a  small 
angle  O^c  between  k  and  the  c  axis  the  difference  Ae  in  the  dielectric  functions  of  the  two  modes 
is  given  by  Ae  =  Eg  O^c  ( 1  -  Ea  /Sc  )  ■  Por  GaN  at  2.5  eV  where  Ec  =  5.98  +  iO.O  [11]  and  Eg  is  as 
given  above,  we  have  Ak  =:  1  x  ( 9/°  )2  7^m .  Thus  a  value  of  Ar/r  I  pp  10"^  would  correspond 
to  a  value  of  of  approximately  0.4°.  In  our  present  configuration  the  beam  is  incident  at  an 
angle  of  0.6°,  which  is  reduced  by  refraction  to  an  internal  angle  of  0.3°.  If  the  c  axis  were 
parallel  to  the  surface  normal,  this  would  lead  to  signals  of  the  order  of  10"^,  although  as  pointed 
out  above  this  contribution  exhibits  no  azimuthal  dependence  and  hence  cannot  appear  in  the 
difference  spectra  of  the  type  shown  in  Fig.  1.  On  the  other  hand,  if  the  c  axis  were  inclined  by 
this  amount  from  the  surface  normal,  the  signal  strengths  would  be  the  same  and  would  be 
observable  in  these  spectra. 

For  the  Al^Gai^^N  sample  the  accumulated  phase  difference  per  unit  length  is  0.025°/|im,  an 
order  of  magnitude  larger  than  that  of  the  GaN  sample.  In  this  case  the  situation  is  more  compli¬ 
cated,  as  evidenced  by  the  decrease  of  oscillation  envelope  with  increasing  energy.  This 
behavior  can  be  reproduced  numerically  by  adding  a  second,  relatively  thin  anisotropic  layer 
below  the  first,  which  in  Eq.  (2)  enters  through  Cy.  A  contribution  such  as  this  could  arise  from 
the  AIN  buffer  layer. 

For  the  AIN  sample  the  accumulated  phase  difference  per  unit  length  is  still  larger.  Here,  as 
shown  in  Fig.  2,  it  was  impossible  to  obtain  a  null  signal  for  any  azimuth  at  any  energy  except 
for  the  bandgap  feature  near  6.1eV.  Again,  numerical  simulations  show  that  this  is  the  type  of 
behavior  expected  if  another  layer  with  a  different  symmetry  axis  is  involved.  In  general,  our 
simulations  show  that  two  anisotropic  layers  on  an  isotropic  substrate  can  exhibit  rather  compli¬ 
cated  behavior  depending  on  the  properties  of  the  layers,  for  example  beat  patterns  similar  to 
that  suggested  by  the  Al^Gaj-xN  spectrum  in  the  middle  of  Fig.  1.  These  results  will  be  dis¬ 
cussed  in  more  detail  ell>ewhere. 

We  comment  finally  on  the  bandgap-related  features,  which  contain  infomration  about  alloy 
composition.  The  interesting  aspect  here  is  the  bandgap  features  are  large  enough  to  allow  them 
to  be  followed  to  the  AIN  limit,  although  in  view  of  the  mecanisms  discussed  above  this  capabil¬ 
ity  will  clearly  be  sample-dependent.  We  have  analyzed  these  by  differentiating  the  Ar/r  spec¬ 
tra  with  respect  to  energy  and  fitting  a  Lorentz  oscillator  lineshape  to  the  resulting  real  and  ima¬ 
ginary  parts.  Estimated  accuracies  are  about  0.05eV  for  AIN  and  0.005eV  in  the  other  cases. 
These  aspects  will  also  be  discussed  elsewhere. 

CONCLUSIONS 

We  have  presented  a  general  expression  for  describing  optical  anisotropy  in  the  region  of 
transparency  of  an  overlayer,  as  seen  in  the  data  of  Fig.  1.  We  have  also  discussed  several 
mechanisms  by  which  this  anisotropy  can  occur  within  the  overlayer:  (1)  anisotropic  strain  in 
the  plane  of  the  layer,  (2)  a  tilt  of  the  c  axis  with  respect  to  the  surface  normal,  and  (3)  non¬ 
normal-incidence  illumination.  The  magnitudes  of  these  contributions  are  consistent  with  data 
and  in  principle  can  be  separated  by  their  different  azimuthal  dependences.  The  complex  pattern 
of  the  data  for  Al^Gai-xN  and  AIN  indicate  contributions  from  several  mechanisms,  including 
contributions  from  buffer  layers. 
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ABSTRACT 

We  present  the  results  of  experimental  studies  of  the  strain  effects  on  the  excitonic  transitions 
in  GaN  epitaxial  layers  on  sapphire  and  SiC  substrates.  Photoluminescenee  and  reflectance 
spectroscopies  were  performed  to  measure  the  energy  positions  of  exciton  transitions  and  X-ray 
diffraction  measurements  were  conducted  to  examine  the  lattice  parameters  of  GaN  epitaxial  layers 
grown  on  different  substrates.  Residual  strain  induced  by  the  mismatch  of  lattice  constants  and 
thermal-expansion  between  GaN  epitaxial  layers  and  substrates  was  found  to  have  a  strong  influence 
in  determining  the  energies  of  excitonic  transitions.  The  overall  effects  of  the  strain  generated  in 
GaN  is  compressive  for  GaN  grown  on  sapphire  and  tensile  for  GaN  on  SiC  substrate.  The  uniaxial 
and  hydrostatic  deformation  potentials  of  wurtzite  GaN  were  derived  from  the  experimental  results. 
Our  results  yield  the  uniaxial  deformation  potentials  b^~-53  eV  and  b2~2.1  eV,  as  well  as  the 
hydrostatic  components  fl,~-6.5  eV and  a2~-\  1 .8  eV. 

INTRODUCTION 

Great  efforts  have  recently  been  devoted  to  the  preparation  of  high  quality  GaN  crystals  and 
epitaxial  films,  the  characterization  of  GaN  crystals  and  films,  and  the  development  of  devices  using 
GaN  based  materials.  In  the  course  of  these  studies,  a  number  of  investigations  on  the  optical 
properties  of  GaN  have  revealed  that  there  is  a  relatively  large  difference  in  the  reported  values  of 
observed  energy  positions  of  excitonic  transitions  in  GaN[l-8].  It  is  found  that  the  energy  positions 
vary  from  sample  to  sample  depending  on  the  epitaxial  layer  thickness,  growth  techniques  and 
substrate  materials.  Such  discrepancy  has  been  attributed  to  the  effects  of  residual  strain  in  the 
epilayers  due  to  the  mismateh  of  lattice  parameters  and  coeffieients  of  thermal  expansion  between 
GaN  and  the  substrate  materials[5,8,9].  In  this  report,  we  present  the  results  of  experimental  studies 
of  the  strain  effects  on  the  excitonic  transitions  in  GaN  epitaxial  layers  on  sapphire  and  SiC 
substrates.  The  residual  strain  built  in  GaN  epitaxial  films  induced  by  the  mismatch  of  lattice 
constants  and  thermal-expansion  between  GaN  epitaxial  layers  and  substrates  was  found  to  play  an 
important  role  in  determining  the  energies  of  excitonic  transitions.  The  overall  effects  of  the  strain 
generated  in  GaN  is  compressive  for  GaN  grown  on  sapphire  and  tensile  for  GaN  on  SiC  substrate. 
The  uniaxial  and  hydrostatic  deformation  potentials  were  derived  from  the  experimental  results. 

EXPERIMENTS 

The  GaN  samples  used  in  this  work  were  nominally  undoped  single-crystal  films  grown  by 
metalorganic  chemical  vapor  deposition  on  (0001)  6H-SiC  or  basal-plane  sapphire  substrates.  AIN 
buffer  layers  were  deposited  on  the  substrates  at  about  775“C  before  the  growth  of  the  GaN  epilayers. 
Photoluminescence  (PL)  measurements  were  conducted  with  a  cw  HeCd  laser  (325  nm)  as  the 
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excitation  source  and  a  1-M  double-grating  monochromator  connected  to  a  photon-counting  system. 
For  reflectance  measurements,  the  quasi-monochromatic  light  dispersed  by  a  V2-M  monochromator 
from  a  xenon  lamp  was  focused  on  samples,  and  the  reflectance  signals  were  detected  using  a  lock-in 
amplification  system.  To  determine  the  lattice  parameters  of  GaN  epitaxial  films,  four-crystal  X-ray 
rocking  curves  were  measured.  Absolute  lattice  parameter  measurements  were  performed  in  the 
triple-axis  mode  of  a  Philips  high-resolution  diffractometer  with  four-bounce  Ge  (220)  incident  beam 
optics  and  three-bounce  Ge  (220)  diffracted  beam  optics.  The  resolution  limit  of  this  configuration 
is  ~10  Arcsec.  The  data  were  collected  using  20-g)  scans,  with  corrections  made  for  refraction.  The 
accuracy  of  lattice  parameters  measured  using  this  system  is  predicted  to  be  better  than  0.0002  A. 
The  high  resolution  of  the  triple-bounce  analyzer  crystal  and  the  steps  taken  to  eliminate  inaccuracies 
due  to  the  20  zero  error  as  well  as  sample  centering  account  for  this.  The  lattice  parameter  c  was 
measured  using  the  (002)  reflection  and  a  was  measured  using  both  the  (002)  and  (015)  reflections. 

RESULTS  AND  DISCUSSIONS 

Effects  of  Residual  Strain  on  Excitonic  Transitions 

The  GaN  based  samples  studied  in  this  work  all  exhibit  strong  near-band-edge  exciton 
luminescence.  Results  of  PL  measurements  from  a  3.1-jjim  GaN  epilayer  on  SiC  and  a  4.2-^m  sample 
with  sapphire  substrate  are  shown  in  Fig.  1.  The  intensity  of  the  strongest  emission  line  marked 
by  BX  in  Fig.l  is  the  emission  from  the  radiative  recombination  of  excitons  bound  to  neutral 
donors. [4]  The  second  strongest  luminescence  structure,  together  with  the  weak  emission  feature  on 
the  higher  energy  side,  are  radiative  recombination  of  the  intrinsic  free  exciton.  As  clearly  illustrated 
by  the  figure,  the  values  of  PL  transition  energies  obtained  here  from  GaN  on  SiC  substrate  are  lower 
than  those  from  GaN  on  sapphire.  More  indicative  results  are  presented  in  Fig.2,  where  three 
reflection  spectra  taken  from  two  GaN  epilayer  grown  on  sapphire  and  a  GaN  epilayer  on  SiC  at 
10  K  are  given.  Three  exciton  resonances  associated  with  the  transitions  referred  to  as  the  A,  B,  and 
C  exciton  transitions[4-7]  between  the  bottom  of 
the  conduction  band  (F^*^)  and  three  topmost 
valence  band  edges  (r9'^+r7'^-i-r/)  are  indieated 
by  vertical  arrows.  The  energy  positions  of  these 
transitions  are  listed  in  Table  I.  The  differences  in 
the  measured  exciton  transition  energies  can  be 
attributed  to  the  effects  of  residual  strain  in  the 
epilayers  due  to  the  mismatch  of  lattice 
parameters  and  coefficients  of  thermal  expansion 
between  GaN  and  the  substrate  materials [5, 8,9]. 

The  effects  of  strain  can  be  further  evideneed  by 
the  variations  of  the  lattice  parameters  of  GaN 
relative  to  that  of  the  virtually  strain-free  bulk 
GaN  as  shown  in  the  inset  of  the  figure,  where  the 
lattice  constants  of  the  <3-axis  measured  from  two 
GaN  epilayers  grown  on  sapphire  and  one  GaN 
epilayer  on  SiC  were  plotted  against  those  of  the 
c-axis.  It  clearly  indicates  that  GaN  epilayers 
grown  on  sapphire  substrates  are  under  biaxial 
compression  and  those  on  SiC  substrates  exhibit 
basal  tensile  strain.  Therefore,  the  results 
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Fig.l.  Exciton  luminescence  spectra  taken 
from  a  'il-fim  GaN  epilayer  on  SiC  and  a  4.2- 
jdm  GaN  epilayer  on  sapphire  at  10  K. 
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Fig.  2.  Reflection  spectra  of  near-band-edge 
excitonic  transitions  in  a  GaN/SiC  and  two 
GaN/sapphire  samples  at  10  K.  The  curves  are 
vertically  displaced  for  clarity.  The  inset 
shows  measured  in-plane  GaN  lattice 
constants  (a-axis)  versus  the  lattice  constants 
along  the  growth  direction  (c-axis).  The  solid 
circle  represents  the  lattice  constants  of  strain- 
free  GaN. 


presented  here  lead  to  the  conclusion  that  residual  strain  induced  by  thermal-expansion  mismatch 
in  GaN  based  epitaxial  layers  has  the  prevailing  influence  on  the  energy  variations  of  exciton 
transitions,  since  lattice-mismatch  induced  strain  is  of  the  opposite  sign  and  hence  would  have  the 
opposite  effect  on  the  variation  of  GaN  band  gap  from  that  observed. 

Principal  Deformation  Potentials 

The  observed  strain  shifts  in  excitonic  transition  energies  permit  a  direct  estimate  of  the 
deformation  potentials,  including  both  hydrostatic  and  uniaxial  components  for  wurtzite  GaN.  Under 
the  assumption  of  a  strain-independent  and  isotropic  spin-orbit  interaction,  the  energies  of  the  three 
free  excitonsA,  B,  and  C  can  be  described  as[10,l  1] 


EA=E^(0)-[^,€^-Hi2(€^^+€^.^)+b,€^+b2(£^+  (1) 

EB^E,(0)-\^,£^-Hl2{€,,+  eJ+A^[b,6^+b2(€^+€jl  (2) 

E(^Ec{0)-Hi,£^-\^2i^^+€j+A_[b,€^+b2(€^+€j],  (3) 

where  the  B,(0)  represent  strain-free  exciton  transition  energies,  a  and  b  are  deformation  potentials, 
and  the  are  components  of  the  strain  tensor  for  the  GaN  film.  Since  the  energy  variation  given 
in  Eqs.(l)-(3)  by  and  flj  is  analogous  to  the  hydrostatic  shift  of  a  cubic  semiconductor,  and  ^2 
are  combined  hydrostatic  deformation  potentials  for  transitions  between  the  conduction  and  the 
valence  bands,  while  and  *2  are  uniaxial  deformation  potentials  characterizing  the  further  splitting 
of  the  three  topmost  valence  band  edges  for  tension  or  compression  along  and  perpendicular  to 
(0001),  respectively.  Since  the  growth  direction  of  our  epilayers  is  the  z-axis,  the  strain  components 
are  described  by 

where  and  are  lattice  parameters  for  strain-free  bulk  GaN,  and  a,  and  c,  are  those  for  the 
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Table  I.  Values  of  measured  excitonic  transition  energies  and  built-in  residual  strain  for  GaN  on 
SiC  and  sapphire,  together  with  those  for  strain-free  bulk  GaN. 


GaN/sapphire 

GaN/bulk 

GaN/SiC 

Thickness  ijim) 

4.2 

7.2 

>100=' 

3.7 

A-exciton  (eV) 

3.485 

3.491 

3.4735“ 

3.470 

5-exciton  (eV) 

3.493 

3.499 

3.4800“ 

3.474 

C-exciton  (eV) 

3.518 

3.528 

3.4993“ 

3.491 

6,  (10-^) 

-13.5 

-18.2 

0 

2.8 

(10-^) 

4.5 

7.9 

0 

-1.5 

a)  Refs. 2, 3  and  5 


strained  GaN  epilayer.  Under  biaxial-stress  conditions,  the  components  of  e,.,.,  and  e,^  are  related 
through  the  elastic  stiffness  coefficients  as  =~2C,JC^^€^  The  coefficients  represent  the  mixing 
of  valence-band  orbital  states  by  the  spin-orbit  interaction  and  are  given  by [10,1 1] 

A,='/2(  1±[1+8(A3/(A,-A,))"]-‘“),  (5) 

where  is  the  crystal-field  splitting  of  the  r9  and  orbital  states,  A 2  and  A3  are  parameters  which 
describe  the  spin-orbit  coupling.  In  principle,  one  has  to  know  the  values  of  these  three  band- 
stmcture  parameters,  in  addition  to  the  deformation  potentials  to  predict  strain  shifts  from  Eqs.(l)-(3) 
above.  This  approach  is  complicated  by  the  lack  of  consistent  numerical  values  for  the  parameters, 
Ai[l,5, 12-14],  Fortunately,  Eqs.(2)  and  (3)  only  require  a  knowledge  of  the  ratio, 
rather  than  the  individual  numerical  values  for  these  parameters.  By  plotting  the  observed  excitonic 
transition  energies  against  the  residual  strain  in  Fig.3,  we  were  able  to  obtain  a  value  of  -0.531  for 
y  from  the  slopes  of  the  solid  lines  in  the  figure. 

The  observed  shifts  in  excitonic  transition  energies  relative  to  the  values  of  strain-free  GaN  result 
from  an  overall  effect  of  strain  on  the  band  gap  which  includes  contributions  from  both  hydrostatic 
and  uniaxial  components  of  the  stress.  To  determine  the  respective  values  for  the  uniaxial  and 
hydrostatic  potentials  of  wurtzite  GaN,  one  has  to  separate  their  contributions  to  the  energy 
variations  in  observed  exciton  transition  energies  under  strain  compared  to  the  strain-free  case.  By 
taking  the  differences  between  the  experimentally  obtained  values  of  each  individual  excitonic 
transition  according  to  Eqs.(l)-(3),  the  uniaxial  component  of  strain  induced  energy  shift  of  the 
conduction-band  edge  relative  to  the  valence-band  edges  can  be  readily  separated  from  the  total 
energy  shift.  With  linear  fits  to  the  whole  set  of  data  listed  in  Table  I  using  least-squares  fitting,  our 
results  yield  the  relationship  of  the  uniaxial  deformation  potentials  and  ^>2  as  well  as  the  combined 
hydrostatic  deformation  potentials  Aj  and  ay. 


*rQ/QiA2=-15.2eV,  (6) 

a,-C3/C,,a2=21.9tV.  (7) 

Based  on  the  facts  that  the  strain  caused  total  energy  shift  relative  to  the  excitonic  transition  energy 
is  very  small  and  the  elastic  properties  of  GaN  are  of  quasi-cubic  nature  we  found 

that  it  is  appropriate  to  estimate  the  numerical  values,  within  the  range  of  linear  dependence  on 
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a-Axis  Strain  (1  O  c-Axis  Strain  (10"*) 


Fig.  3.  The  measured  excitonic  transition  energies  from  GaN  samples  used  in  this  work  as 
a  function  of  relative  in-plane  (biaxial)  strain  (left  portion)  as  well  as  the  relative  strain  along 
c-axis  (right  portion).  The  exciton  transition  energies  of  strain-free  GaN  were  included  in 
the  figure  for  reference.  The  solid  lines  are  the  best  linear  fits  to  the  experimental  data. 

strain,  for  the  uniaxial  and  hydrostatic  deformation  potentials  using  quasi-cubic  approximation[17] 
with  b^~-2b2,  and  a^-a2~2b2.  The  deformation  potentials  are  readily  estimated  to  be  b^~-5.3  eV and 
i>2~2.7  eV,  as  well  asai=:-6.5  eV andflj--!  1-8  eFusing  the  values  C;j=106  and  Q^=398  GPa[16]. 
The  uncertainty  of  the  above  estimates  is  -'15%,  originating  primarily  from  experimental  error  in 
the  precise  determination  of  lattice  parameters. 

CONCLUSIONS 

We  have  studied  the  effects  of  residual  strain  in  GaN  epitaxial  films  using  spectroscopic 
methods  combined  with  X-ray  diffraction  measurements,  with  the  emphasis  on  determination  of 
deformation  potentials.  Strong,  sharp  spectral  structures  associated  with  exciton  transitions  in  GaN 
epitaxial  layers  grown  on  sapphire  and  6H-SiC  substrates  by  MOCVD  were  observed  in 
photoluminescence  and  reflectance  spectra.  The  observation  of  exciton  transitions  with  lower 
energies  in  GaN  grown  on  SiC,  and  with  higher  energies  for  the  same  transitions  for  GaN  grown  on 
sapphire,  in  comparison  to  those  obtained  from  strain-free  bulk  GaN,  suggests  that  residual  strain 
in  GaN  epilayers  resulting  from  lattice-parameter  and  thermal-expansion  mismatch  plays  an 
important  role  in  determining  the  precise  exciton  transition  energies.  X-ray  diffraction  measurements 
were  performed  to  determine  the  variations  in  the  lattice  parameters  of  GaN  epilayers  on  SiC  and 
sapphire,  respectively.  Our  results  clearly  indicate  that  GaN  epilayers  grown  on  SiC  exhibit  basal 
tensile  strain,  while  those  on  sapphire  substrates  are  under  biaxial  compression.  Based  on  these 
results,  the  values  of  the  four  principal  deformation  potentials  of  wurtzite  GaN  have  been 
determined. 
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ABSTRACT 

Biaxial  strains  resulting  from  mismatches  in  thermal  expansion  coefficients  and  lattice 
parameters  in  22  GaN  films  grown  on  AIN  buffer  layers  previously  deposited  on  vicinal  and  on- 
axis  6H-SiC(0001)  substrates  were  measured  via  changes  in  the  c-axis  lattice  parameter  (c).  Six  of 
the  films  were  in  compression,  indicating  the  residual  strain  due  to  lattice  mismatch  was  not 
relieved.  A  Poisson’s  ratio  of  v=0.18  was  calculated.  The  bound  exciton  energy  (Ebx)  was  a 
linear  function  of  these  strains.  The  shift  in  Ebx  with  film  stress  was  23  meV/GPa.  The  role  of 
the  SiC  off-axis  tilt  was  investigated  for  GaN  films  grown  concurrently  on  the  vicinal  and  on-axis 
6H-SiC  substrates.  Marked  variations  in  Ebx  c  were  observed,  with  a  maximum  shift  of  AEbx 
=  15  meV  and  Ac  =  0.0042  A.  Threading  dislocations  densities  of  ~10‘%m^  and  -lOVcm^  were 
determined  for  GaN  films  grown  on  vicinal  and  on-axis  SiC,  respectively.  A  0.9%  residual 
compressive  strain  at  the  GaN/AIN  interface  was  observed  by  high  resolution  transmission 
electron  microscopy  (HRTEM).  It  is  proposed  that  the  on-axis  SiC  substrate  does  not  offer  a 
sufficient  density  of  steps  for  defect  formation  to  relieve  the  lattice  mismatch  between  GaN  and 
AIN  and  AIN  and  SiC. 

INTRODUCTION 

Mismatches  in  the  a-axis  and  c-axis  lattice  parameters  (denoted  hereafter  as  a  and  c) 
and/or  the  coefficients  of  thermal  expansion  (a)  exist  between  heteroepitaxial  GaN  films  and  all  of 
the  presently  used  substrates.  These  mismatches  result  in  interfacial  biaxial  strain  which  leads  to 
misfit  dislocations  and  associated  threading  defects  that  degrade  film  quality.  The  most 
commonly  used  substrate  for  GaN  film  growth  is  sapphire  (0001).  Buffer  layers  of  either  AIN  or 
GaN  have  been  employed  to  improve  GaN  film  quality,  although  a  significant  lattice  mismatch 
exists  between  each  material  and  sapphire  (Aa/flo  =13.6  and  16.1%,  respectively).  Recent  work^ 
has  used  a  6H-SiC(0001)  substrate/AlN(0001)  buffer  layer  combination.  The  relatively  smaller 
lattice  mismatch  between  AIN  and  SiC  (~1%)  have  resulted  in  a  measurable  reduction  in  the 
dislocation  density  within  the  first  micron  of  film  growth.  For  GaN  films  grown  on  both 
substrates  the  mismatch  strain  is  compressive  and  alters  both  a  (decreases)  and  c  (increases).  This 
strain  is  thought  to  be  relieved  after  several  nanometers  of  growth^  by  the  formation  of 
dislocations  at  the  film/substrate  interface.  Upon  cooling,  the  difference  in  the  thermal  expansion 
coefficients  results  in  an  additional  stress  contribution.  For  growth  on  sapphire  the  stress  is 
compressive  ((Xsap.>  OCain  >  OCgun),  while  for  SiC  it  is  tensile  (0tGuN>  otsic  =  OCain)-  These  stresses  are 
often  assumed  to  be  wholly  responsible  for  the  observed  residual  strain  present  in  GaN  films 
grown  on  both  substrates.^  However,  HRTEM  analysis  of  the  GaN/AIN  interface  on  sapphire^ 
suggests  that  the  lattice  mismatch  stress  is  not  fully  relieved. 

One  consequence  of  film  strain  is  a  variation  of  band  gap  energy  (Eg).  Changes  in  Eg  may 
be  detected  by  the  shift  of  excitonic  features  via  low  temperature  photoluminescence  (PL),  which 
for  high-quality  GaN  reveals  intense  near-band  edge  emission  attributed  to  the  recombination  of 
both  free  excitons  and/or  excitons  bound  to  shallow  neutral  donors.^  The  bound  exciton  feature 
is  often  the  dominant  feature  due  to  the  nature  of  GaN,  which  is  always  n-type  for  undoped  films. 
Reported  Ebx  values  range  from  3.467  to  3.493  eV  for  GaN  on  sapphire,^  and  from  3.463  to 
3.472  eV  for  GaN  on  SiC.b?  The  following  reports  the  relationship  between  Ebx  and  lattice 
paranaeters  (and  hence  strain)  observed  for  22  GaN  films  grown  on  AIN  buffer  layers  previously 
deposited  on  6H-SiC(0001).  Poisson’s  ratio  was  calculated  from  lattice  parameter  measurements 
and  used  to  determine  the  shift  of  Ebx  with  biaxial  stress  (Ga).  The  roles  of  the  AIN  buffer  layer 

847 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®1997  Materials  Research  Society 


and  the  off-axis  tilt  of  SiC  on  film  stress  were  also  determined.  Transmission  electron  microscopy 
(TEM)  was  employed  to  compare  and  contrast  the  crystal  structure  of  GaN  films  grown  on  the 
vicinal  (off-axis)  and  on-axis  SiC  wafers.  The  GaN/AJN  interface  was  analyzed  via  high 
resolution  (HR)TEM  to  determine  whether  or  not  residual  lattice  mismatch  stress  occurred. 

EXPERIMENTAL  PROCEDURES 


The  GaN/AJN  films  were  grown*  via  organo metallic  vapor  phase  epitaxy  (OMVPE)  on 
both  on-axis  and  vicinal  (2-4°  off-axis)  6H-SiC(0001)  substrates.  For  each  sample  a  -0.03-0.1  |im 
AIN  buffer  layer  was  grown  at  1 100°C.  The  GaN  films  were  grown  at  950-1 100°C  and  ranged  in 
thickness  from  0.3-3.7  p.m.  All  of  the  latter  films  were  unintentionally  doped,  with  n-type  carrier 
concentrations  ranging  from  <lxl0^®-lxl0'’/cm^. 

Absolute  values  of  the  lattice  constants  were  measured  using  a  Philips  X’Pert  MRD  X-ray 
diffractometer  in  the  triple-axis  mode  using  a  technique  proposed  by  Fewster.*  The  data  were 
collected  using  26-G)  scans,  with  corrections  made  for  refraction.  The  accuracy  of  the  lattice 
parameters  measured  using  this  system  is  predicted  to  be  better  than  0.0004  A.  Values  of  c  were 
measured  using  the  (002)  reflection;  values  of  a  were  obtained  using  both  the  (002)  and  (015) 
reflections.  The  low  count  rate  for  the  (015)  reflections  limited  the  number  of  samples  for  which 
a  could  measured  accurately.  Photoluminescence  (PL)  measurements  of  the  GaN  films  on  SiC 
were  made  at  4.2  K  using  a  He-Cd  laser  (A.=325  nm)  as  the  excitation  source,  unless  otherwise 
noted.  Microscopy  was  performed  using  a  TOPCON  EM  -  002B  HRTEM,  operated  at  200  kV 
with  a  point-to-point  resolution  of  0.18  nm.  The  cross-sectional  samples  in  the  [  1 120]  orientation 
were  prepared  by  conventional  techniques  using  mechanical  grinding,  polishing,  and  dimpling,  as 
well  as  Aj"^  ion-milling  at  a  low  angle  in  the  final  stage. 

RESULTS  AND  DISCUSSION 


Low  temperature  PL  of  the  GaN(OOOl)  films  exhibited  strong  near-band-edge  emission 
due  to  the  recombination  of  both  free  and  donor-bound  excitons.  The  bound  exciton  peak  was 
always  the  dominant  feature  in  our  films  with  the  free  exciton  peak  most  often  a  shoulder  of  this 
emission.  The  bound  exciton  energies  (Ebx)  determined  at  4.2  K  as  a  function  of  c  for  22  GaN 
films  on  SiC  are  shown  in  Fig.  1.  It  is  expected  that  the  tensile  strain  in  the  GaN  films  due  to 
thermal  expansion  mismatch  increased  as  the  temperature  was  decreased  from  room  temperature 
to  4.2  K,  but  lattice  parameter 
measurements  were  not  possible 
over  this  temperature  range.  A 
linear  relationship  between  Ebx  and 
c  was  observed.  Any  change  in  c 
was  in  response  to  a  strain  (Ea) 
along  the  a-axis  (a),  Aa/a,,,  which 
resulted  from  biaxial  stress 
produced  in  the  plane  of  the  film  by 
residual  stresses.  Thus  a  decrease 
in  c  indicated  that  the  biaxial 
tensile  strain  in  the  film  increased, 
which  caused  Eg  to  decrease  and 
Ebx  to  shift  to  a  lower  energy. 

Sk  films  had  values  of  c 
greater  than  that  for  relaxed  GaN 
(5.1855  A^),  which  indicated  an 
overall  compressive  residual  strain 
in  these  films.  This  suggested  that 
the  lattice  mismatch  strain  had  not 
been  fully  relieved  by  defect 
formation  in  these  samples.  The 


c(A) 


XXX  xx.w.x^  oxxxxxi.xv.0.  xxx^  Figure  1.  Ebx  vs.  c  vs.  for  the  GaN/AlN/SiC  heterostructure, 
highest  value  of  c  observed  was  The  dashed  line  indicates  c,,  (5.1855  A)  for  fully  relaxed 

GaN.  Included  is  a  point  for  a  4.2  }xm  GaN  film  on  sapphire. 
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5. 190  A,  with  Ebx  =  3.484  eV.  The  highest  Ebx  value  previously  reported  for  GaN  grown  on  SiC 
was  3.472  eVJ  Values  of  Ebx  can  be  calculated  from  the  equation 

EBx(eV)  =  (3.546*c(A)  -14.92)eV,  (1) 

obtained  via  a  linear  regression  of  the  data  in  Fig  1.  The  value,  Ebxo,  for  relaxed  GaN  was 
predicted  from  the  previous  expression  to  be  3.469  eV.  This  compares  favorably  to  reported 
values  of  3.467^®,  3.469^  and  3.472^  ^  eV.  Included  in  Fig.  2  is  a  data  point  for  a  4.7  |a.m  GaN 
film  grown  on  sapphire.  The  excellent  fit  of  this  data  with  that  determined  in  this  research 
indicates  that  Ebx  can  be  predicted  for  GaN  grown  on  any  substrate  using  values  of  c  and  the 
relationship  determined  in  this  study. 

For  biaxially  strained  films  the  relationship  between  c  and  a  is  given  by  the  strain  ratio*^ 
Ec/ea  =  (Ac/c„)/(Aa/fl„)  =  -  2v/(l-v),  (2) 


where  v  is  Poisson’s  ratio  and  a,>  and  c„  are  the  relaxed  lattice  parameters.  For  GaN,  values  of  t) 
have  been  calculated  using  anisotropic  elastic  constants  and  range  from  0.372*^  to  0.20. A 
recent*^  survey  of  x-ray  data  in  the  literature  determined  v  =  0.23  ±  0.06  for  samples  dominated 
by  biaxial  strain.  In  this  study  a  and  c  were  measured  simultaneously  for  23  GaN  films  on  SiC, 
including  10  of  those  shown  in  Fig.  1.  The  results  are  shown  in  Fig.  2.  Average  strain  ratios  of 
Ec/Ea  =  -0.48,  -0.33,  -0.48,  and  -0.73  were  determined  from  the  same  data  using  various  published 
values  for  a„  and  c„.^45-i7  disparities  of  these  average  strain  ratios  was  due  to  individual 
values  of  c  and  a  that  were  close  to  the  various  values  for  a„  and  Co.  This  resulted  in  abnormal 
values  in  the  nominator  and/or  denominator  of  equation  (2)  for  that  sample’s  strain  ratio. 

Two  methods  were  used  to 
obtain  a  more  reasonable  estimation 
of  the  strain  ratio  and  the  resulting 
Poisson’s  ratio.  The  first  eliminated 
those  data  points  (4  total)  that  had 
adverse  effects  on  the  average  strain 
ratio  of  the  data  set.  An  average 
strain  ratio  of  Ec/Ea  =  -0.420  was  then 
calculated  using  the  four  sets  of 
published  values  for  a,,  and  c„.  The 
second  method  fit  a  line  to  the  data  in 
Fig.  2,  and  then  used  the 
experimentally  determined  values  of  c 
to  calculate  values  of  a  that  fit  this 
line.  The  strain  ratio  for  each  point 
was  then  calculated  using  values  of  c„ 

=  5.1850  and  =  3.1892,  where  the 
latter  value  was  determined  from  the 
line  fit  to  the  data  in  Fig.  2.  The 
average  strain  ratio  using  this  method 
was  Ec/Ea  =  -0.446  ±  .03.  Poisson’s 
ratio  for  each  of  the  strain  ratios  was 
v=0.18  ±  .02,  which  compared 
favorably  with  values  determined 
from  anisotropic  elastic  constants^^ 

(0.20)  and  x-ray  data^^  (0.23  ±  .06). 

The  shift  of  Ebx  as  a  function  of  the  biaxial  film  stress  (AEsx/Aaa)  was  estimated  from  the 
data  in  Fig.  1  using  the  relationship ^  2 


a  (A) 

Figure  2:  Values  of  a  vs.  c  for  GaN/AlN/SiC  thin 
film/wafer  heterostructures.  Poisson’s  ratio  was  v  = 
0.18  ±  .02.  Included  is  a  GaN  film  on  sapphire. 


Oa  =  Y/(l-v)Ea  =  -YEc/2v,  (3) 

where  Y  is  the  Young’s  modulus^^  (290  ±  20  GPa).  The  first  step  was  to  calculate  AEbx/AEc 
from  the  data  in  Fig.  1,  where  the  relaxed  values  of  Ebxo  and  were  assumed.  A  linear 
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regression  of  the  data  yielded  ABex/ASc  =  18. 1  eV, 

Using  this  expression  and  the  previously 
determined  Poisson’s  ratio  of  v  =  0.18  a  value  of 
dEex/dGa  =  23  meV/GPa  was  calculated.  This 
value  is  lower  than  that  reported  for  hydrostatic 
pressure  experiments  (39meV/GPa),  but  it 
compares  favorably  to  results  for  GaN  films  where 
biaxial  stress  was  assumed^^  (27  meV/GPa). 

The  role  of  SiC  off-axis  tUt  on  GaN  film 
stress  was  investigated  using  films  grown 
concurrently  on  vicinal  and  on-axis  SiC(OOOl) 
wafers.  The  PL  spectra  of  the  bound  exciton 
emission  from  two  separate  GaN  film  sets  (a  and 
b)  are  displayed  in  Fig.  3.  The  film  thickness  was 
~  0.4-0.5  |a.m  for  each  sample,  and  the  PL 
measurements  were  performed  at  10  K.  The 
bound  exciton  peak  was  strain  shifted  to  a  higher 
energy  for  each  film  on  the  on-axis  SiC  compared 
to  its  counterpart  on  vicinal  SiC.  This  trend  was 
repeated  for  8  different  sample  sets,  with  a 
maximum  strain  shift  of  AEbx  =  15  meV.  A 
corresponding  strain  shift  in  c  was  observed,  with 
a  maximum  value  of  Ac  =  0.0042  A. 

To  understand  these  results  it  is  necessary  to  initially  examine  the  defect  micro  structures 
of  the  AIN  buffer  layers.  The  primary  defects  in  these  layers  grown  on  the  off-axis  SiC  substrates 
were  inversion  domains  and  their  associated  boundaries  (IDEs),  as  shown  in  the  TEM  micrograph 
in  Fig.  4(a).  Recent  studies^^  showed  that  the  steps  on  the  vicinal  6H-SiC  (0001)  surface 
provided  sites  for  the  growth  of  inversion  domains  as  a  result  of  the  mismatch  in  the  stacking 
sequence  of  the  Si/C  and  Al/N  bilayers  in  the  6H-SiC(0001)  and  2H-AlN(0001)(wurtzite 
structure),  respectively.  These  defects  introduce  a  marked  amount  of  strain  in  the  AIN  grown  on 
the  off-axis  SiC  substrate.  There  was  also  a  high  density  of  threading  dislocations  in  the  buffer 
layer.  By  comparison,  the  crystal  quality  of  AIN  films  grown  on  the  on-axis  SiC  substrates  is  of 
improved  crystaUine  quality,  as  shown  in  Fig.  4(b).  Most  significantly,  there  was  a  reduced 
density  of  inversion  domain  boundaries  due  to  the  reduction  in  the  density  of  SiC  steps.  The 
primary  defects  were  stacking  faults  parallel  to  the  AlN/SiC  interface  and  associated  partial 
dislocations.  Threading  dislocations  running  from  the  top  to  the  bottom  of  the  film  are  also 
present. 

The  crystal  quality  of  the  GaN  is  directly  influenced  by  the  AIN  buffer.  The  inferior 
quality  of  the  AIN  buffer  layer  grown  on  vicinal  SiC  resulted  in  a  high  dislocation  density(~10^- 
lO'^^/cm^)  at  the  AlN/GaN  interface,  as  determined  from  plan-view  TEM  analysis  by  counting  the 
number  of  dislocations  per  unit  area.  The  dislocation  density  decreased  markedly  from  this 
interface.  The  predominant  defects  were  threading  dislocations  and  threading  segments  that 
persisted  throughout  the  film.  Stacking  faults  and  dislocation  loops  were  observed  close  to  the 
interface.  Domain  boundaries  that  originated  at  the  interface  were  also  visible.  The  improved 
quality  of  the  AIN  buffer  layers  on  the  on-axis  SiC  also  carried  over  into  the  GaN,  as  shown  in 
Fig.  4(b).  A  dislocation  density  in  the  order  of  ~10^  /cm^  in  the  GaN  layer  was  observed  in  plan- 
view  TEM  near  the  GaN/ AIN  interface.  Most  notably  there  were  no  planar  defects  such  as 
stacking  faults  or  domain  boundaries  in  the  GaN.  The  dominant  defects  in  the  on-axis_GaN  films 
were  edge-type  misfit  dislocations  with  Burgers  vectors  b  =  1/3<1120>  and  b  =  l/3<lT00>  which 
formed  at  the  GaN/ AIN  interface.  This  TEM  analysis,  as  well  as  that  of  others^®  with  samples 
grown  in  this  laboratory,  revealed  that  the  lattice  mismatch  stress  in  GaN  films  grown  on  the  on- 
axis  SiC  substrate  is  accommodated  mostly  by  misfit  dislocations.  However,  our  PL  and  XRD 
studies  suggest  that  these  defects  do  not  provide  full  stress  relief. 
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Figure  3.  PL  of  two  sets  of  GaN  films  (a,  b) 
grown  concurrently  on  vicinal  and  on-axis  SiC. 
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Figure  4:  (a)  Low  magnification  TEM  micrographs  from:  (a)  GaN/AlN/vicinal  6H“SiC(0001) 
heterostructure  and  (b)  GaN/AlN/on-axis  6H-SiC(0001)  heterostructure. 

In  order  to  forther  assess  the  residual  strain  in  the  GaN  films,  HRTEM  studies  were 
performed  in  the  [1120]  orientation  at  the  GaN/AIN  interface  grown  on  the  on-axis  SiC  .  Using 
the  results,  the  residual  strain  at  the  interface  can  be  calculated  for  planes  that  are  perpendicular  to 
the  interface  and  parallel  to  each  other.  Ning,  et  al.,^  used  this  method  to  calculate  a  ~1% 
residual  strain  in  GaN  film  at  the  GaN/sapphire  interface.  In  this  research  the  average  lattice 
mismatch  was  calculated  along  the  GaN/AIN  interface  from  the  HRTEM  micrographs  by  counting 
the  number  of  (1100)  GaN  and  AIN  planes  along  [1100]  direction  that  was  bounded  on  each  end 
by  commensurate  GaN  and  AIN  planes.  The  experimental  mismatch  is  equal  to  NcaN  -  Nain/Nain* 
where  N  is  the  number  of  ( lloo)  planes  perpendicular  to  the  interface.  The  average  experimental 
mismatch  was  0.9%  lower  than  the  theoretical  misfit  value  of  2.5%  for  GaN  and  AIN  for  ~20 
different  locations  along  the  interface.  Thus  there  is  a  0.9%  residual  compressive  strain  in  the  on- 
axis  GaN  film,  which  supports  our  PL  and  XRD  results. 

CONCLUSIONS 

Compressive  residual  strain  in  GaN  films  grown  on  AIN  buffer  layers  previously  deposited 
on  6H-SiC(0001)  wafers  is  reported  for  the  first  time  This  residual  strain  was  due  both  to 
mismatches  in  the  thermal  expansion  coefficients  and  the  lattice  parameters.  A  linear  dependence 
between  Ebx  and  c  was  observed  and  expressed  by  Ebx  =  -14.92  +  3.546*c  eV.  Poisson’s  ratio 
for  GaN  was  determined  to  be  v  =  0. 18.  The  shift  of  Ebx  with  biaxial  film  stress  was  estimated  to 
be  23  meV/GPa.  Marked  variations  in  Ebx  and  c  were  observed  for  GaN  films  grown 
concurrently  on  vicinal  and  on-axis  SiC  wafers.  Results  from  TEM  showed  that  the  higher 
density  of  steps  on  the  vicinal  SiC  wafers  acted  as  formation  sites  for  IDEs.  Threading 
dislocation  densities  of  ~10  %m^  and  ~107cm^  were  observed  for  GaN  grown  on  vicinal  and  on- 
axis  SiC,  respectively.  The  on-axis  SiC  substrate  did  not  contain  sufficient  steps  for  defect 
formation  to  fully  relieve  the  lattice  mismatch  via  defect  formation  at  the  GaN/AIN  and  AIN/SiC 
interfaces.  This  resulted  in  residual  compressive  stresses  that  counteracted  the  tensile  stresses  that 
formed  upon  cooling  due  to  the  thermal  expansion  mismatch.  A  0.9%  residual  compressive  strain 
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at  the  GaN/AlN  interface  was  calculated  by  comparing  the  average  experimental  lattice  mismatch 
at  the  interface  (1.6%)  observed  via  HRTEM  with  that  theoretically  predicted  for  GaN/AIN 
(2.5%).  It  is  proposed  that  this  strain  was  accommodated  elastically  and  resulted  in  biaxially 
compressive  stresses  in  the  films. 
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ABSTRACT 

Positron  beam  analysis  has  been  performed  on  autodoped  n-type,  semi-insulating  and  Mg  doped 
p-type  epitaxially  grown  layers  of  GaN  on  sapphire.  Doppler  Broadening  measurements  clearly 
indicate  the  presence  of  vacancies  in  the  intrinsically  autodoped  n-type  GaN  by  an  increase  in  the 
annihilation  Doppler  lineshape  S-parameter  of  1.04  relative  to  the  value  for  the  high  resistivity 
sanqile.  This  value  is  typical  for  vacancy-type  defects  in  conqiound  semiconductors  such  as  GaAs. 
Results  of  experiments  with  higher  sensitivity  to  core-electrons  are  also  presented.  These  two 
detector  coincidence  measurements  yield  information  on  the  chemical  environment  surrounding  the 
vacancies.  The  results  are  consistent  with  the  presence  of  Ga  vacancies  in  the  autodoped  n-type 
sample. 

INTRODUCTION 

GaN  has  attracted  much  attention  in  the  last  years  due  to  its  physical  and  electronic  properties  and 
above  all  its  recently  demonstrated  qualities  as  a  high  efficiency  material  for  optical  devices 
operating  in  the  blue  and  ultraviolet  (UV)  regions  of  the  optical  spectrum  [1,2].  Despite  this 
increased  interest  little  is  known  about  the  nature  of  the  intrinsic  defects  in  GaN.  As-grown  samples 
of  <^N  are  typic^  heavily  autodoped  n-type  with  carrier  concentrations  as  high  as  10^°  cm This 
intrinsic  autodoping  has  long  been  associated  with  the  N-vacancy  [3-5].  However,  recent  ab  initio 
calculations  seem  to  rule  out  this  vacancy  as  the  source  of  the  autodoping  [6]  and  generally  predict 
a  much  lower  formation  energy  for  the  Ga-vacancy  in  the  n-type  case  than  for  any  other  point 
defect,  including  the  N-vacancy  [6,7]. 

While  there  have  been  many  theoretical  investigations  on  the  nature  of  the  intrinsic  defects  little 
experimental  work  has  been  done.  However,  all  the  experimental  data  so  far  either  directly  or 
indirectly  ascribes  the  autodoping  to  N-vacancies  [8,9].  It  should  be  noted  that  none  of  the 
experimental  data  so  far  have  been  able  to  conclusively  pinpoint  the  nature  of  the  autodoping. 

The  use  of  positrons  as  a  non-destructive  probe  to  study  defects  in  materials  have  been  shown  to 
be  a  useful  tool  [10,1 1].  The  technique  is  based  on  the  propensity  of  positrons  to  be  trapped  at 
defects  such  as  vacancies  and  voids  [12]  making  them  a  sensitive  probe  for  studying  these  kinds  of 
defects.  After  being  trapped  the  positron  will  annihilate  with  an  electron  from  the  near  vicinity  of 
the  defect  emitting  two  5 1 1  keV  y-photons.  These  two  photons  carry  with  them  information  on  the 
electron  momentum  density  of  the  annihilation  site.  Measuring  the  Doppler  broadening  of  the 
annihilation  y-photons  yields  Moraiation  about  the  electron  momentum  distribution  in  the  direction 
of  the  detector.  Furthermore,  if  a  beam  of  mono-energetic  positrons  is  used,  the  measurements  will 
also  yield  information  on  the  depth  distribution  of  the  defects. 

EXPERIMENT  AND  METHOD 

The  measurements  were  performed  on  three  different  GaN  san^les,  an  autodoped  n-type,  a  Mg- 
doped  p-^e  and  a  senh-insulating  (SI)  san^le.  The  samples  were  grown  by  the  ECR-MBE  method 
on  sapphire  substrates  [13].  The  autodoped  n-type  sample  has  a  thickness  of  1.28  pm  with  a  buffer 
layer  of  about  30  nm  grown  at  550  “C.  The  rest  of  the  sanqile  was  grown  at  800  °C.  The  GaN  layer 
has  a  carrier  concentration  of  2  x  cm’^  and  an  electron  mobility  of  80  cm^V  ’s’.  The  semi- 
msulating  san^le  (SI)  has  a  thickness  of  1.38  pm  with  a  buffer  layer  of  about  30  nm  grown  at  600 


853 

Mat.  Res.  Soc.  Symp.  Proc.  Vol,  449  ®  1997  Materials  Research  Society 


°C.  The  rest  of  the  fihn  was  in  this  case  grown  at  900  "C.  The  p-type  sample  is  1.09  pm  thick  with 
a  slight  Mg  doping  and  a  resistivity  of  6  x  10^  Qcm  The  samples  were  grown  at  a  slight 
overpressure. 

The  experiments  were  performed  using  the  variable  energy  positron  beamline  (VEP)  at  Delft.  This 
magnetically  guided  beam  delivers  1  x  10^  positrons  per  second  in  a  spot  with  a  diameter  of  7  mm. 
The  energy  of  the  positrons  is  tunable  in  the  range  fi-om  0  to  25  keV  [14],  The  annihilation  radiation 
was  measured  using  a  high  purity  Ge  ycounter  placed  perpendicular  to  the  beam  axis  at  a  distance 
of  about  45  mm  fi-om  the  center  of  the  samples. 

Traditionally  in  Doppler  broadening  measurements  the  lineshape  parameter,  S,  is  measured  as  a 
fimction  of  incident  positron  energy.  The  S  parameter  measures  the  integrated  area  in  the  central 
region  of  the  peak  compared  to  the  total  area  of  the  peak.  Since  this  corresponds  to  annihilations 
with  low-momentum  electrons  this  parameter  is  especially  sensitive  to  the  density  of  valence 
electrons.  Another  lineshape  parameter  that  has  become  increasingly  more  used  in  recent  years  is 
the  Wot  wing  parameter  [15].  This  measures  changes  in  the  far  ivings  of  the  annihilation  peak  and 
thus  monitors  annihilations  with  high  momentum,  i.e.  core  electrons. 

The  experimental  data  was  analyzed  using  the  VEPFIT  fitting  and  modelling  program  [16,17]. 
This  program  is  based  on  a  layered  structure  model  and  includes  implantation  and  interlayer 
diSiision.  The  implantation  was  modeled  by  a  Gaussian  derivative  profile  with  2  a  =  Zg  = 
<z>/r[(l/m)+l]  where  V  is  the  gamma  fimction  and  <z>=(a/p)£”  is  the  mean  implantation  depth 
for  incident  positron  energy  £'  in  a  material  with  density  p.  The  values  used  for  the  two  material 
independent  constants  a  and  n  were  3.6  pg  cm'^keV"  and  1.62,  respectively.  The  studied  system 
is  assumed  to  consist  of  a  stack  of  different  positron  trapping  layers.  The  program  assigns  to  each 
layer  a  value  for  the  Doppler  lineshape  parameter  S  as  well  as  a  value  for  the  positron  diffusion 
length  in  the  layer.  The  S  value  for  a  given  implantation  energy  E  is  then  given  by 

S(E)  -  j:flE)S^  .  (1) 

/-i 


where  /  (E)  is  the  fi-action  of  positrons  implanted  at  energy  E  which  after  thermalization  and 
diffusion  annihilate  in  layer  /.  A  similar  equation  can  be  set  up  for  W  and  by  fitting  the  two  sets  of 
e)q)erimental  data  information  about  the  layer  specific  S  and  W  values,  the  positron  diffusion  length 
in  the  layers  and  the  layer  thicknesses  can  be  obtained.  In  combination  the  two  lineshape  parameters 
can  therefore  yield  a  good  characterization  of  the  involved  materials  and  their  defects.  By  plotting 
the  measured  and  IT  data  as  a  trajectory  in  the  5  -  IT  plane,  using  the  implantation  energy  as  the 
running  parameter,  a  direct  interpretation  of  the  experimental  data  in  terms  of  positron  trappmg 
layers  with  distmct  S  and  W  values  can  be  obtained  [14].  Since  absolute  S  and  W values  can  vary 
with  the  specific  experimental  setup  while  relative  values  are  reproducible,  all  reported  S  and  W 
values  are  relative  to  the  value  for  SI-GaN. 

In  a  conventional  Doppler  broadening  measurement  the  sensitivity  to  annihilations  with  core 
electrons  is  hanq)ered  by  the  background  at  high  momenta.  Based  on  the  ideas  of  Lynn  et  al.  [18] 
we  have  used  a  two  detector  coincidence  setup  to  reduce  this  background.  For  these  measurements 
a  second  high  purity  Ge  y-counter  was  placed  directly  opposite  to  the  other  Ge  detector  and  at  the 
same  distance  to  the  samples.  By  using  both  timing  coincidence  and  energy  conservation 
considerations  in  a  manner  similar  to  that  described  by  Asoka-Kumar  et  al  [19]  we  were  able  to 
improve  the  peak  to  background  ratio  by  a  factor  of  almost  1000  compared  to  a  single  detector 
system  At  the  same  time,  by  using  this  setup,  the  resolution  of  the  system  was  improved  fi-om  1.3 
keV  (FWHM)  at  the  511  keV  photopeak  for  a  single  detector  to  0.93  keV  with  the  two  detector 
system.  This  increased  sensitivity  to  core  electrons  comes  at  the  price  of  much  lower  count  rates. 

RESULTS 

One- detector  measurements 
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The  results  of  the  Doppler  Broadening  measurement  is  shown  in  Fig.l,  It  shows  a  striking 
difference  between  the  results  for  the  semi-insulating  and  p-type  samples  on  one  side  and  the 
autodoped  n-type  on  the  other.  The  increase  in  the  ^  parameter  of  about  4  %  for  the  n-type  in 
conparison  to  the  semi-insulating  and  p-type  samples  is  typical  of  vacancy-type  defects  in 
compound  semiconductors  such  as  GaAs  and  strongly  implies  the  presence  of  such  defects  in  the 
autodoped  n-type  sample.  This  is  further  confirmed  by  the  decrease  in  the  IT  value  for  the  same 
sample.  The  Doppler  broadening  data  was  analyzed  using  the  VEPFIT  program  and  the  fits  are 
shown  as  solid  lines  in  fig.  1.  The  plot  in  fig.  1(c)  shows  the  trajectory  traversed  in  the  .S'- IT plane  for 
the  cases  of  the  n-type  and  semi-insulating  samples  using  the  positron  energy  as  a  running 
parameter.  The  open  circles  show  the  fitted  values  for  each  layer.  The  plot  illustrates  how  the 
positrons  first  probe  the  surfece,  then  the  GaN  layer  and  finally  just  begins  to  probe  the  AI2O3.  Note 
also  that  for  the  case  of  the  n-type  there  is  an  interface  layer  between  the  GaN  and  sapphire  layers 
with  a  high  S  value  and  a  low  W  value  indicating  the  presence  of  vacancy- clusters  or  microvoids. 
This  layer  is  quite  thin  but  acts  as  a  very  efficient  trap  for  positrons.  The  trajectory  for  the  p-type 
sample  is  not  ^own  in  fig.  1(c)  since  it  would  essentially  run  on  top  of  the  SI  trajectory,  as  can  be 
seen  from  fig.  1(a)  and  (b). 

Two  detector  measurements 


Figure  2(a)  shows  the  result  of  the  two-detector  measurements  at  an  incident  positron  energy  of 
7  keV  for  the  semi-insulating  sample  and  the  autodoped  n-type  sanq)le.  This  energy  was  chosen 
because  it  yields  a  maximum  fraction  of  the  incident  positrons  annihilating  in  the  ciaN  layer  (see 
fig.  1.)  Figure  2(b)  shows  the  calculated  momentum  distribution  for  defect-free  GaN  as  well  as  with 
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Fig.  L(a)  and  (b)  S  and  W  parameters  as  a  function  of  incident  positron  energy  for  the  three 
samples  studied,  (c)  S-W  plot  for  the  autodoped  n-type  and  semi-insulating  samples  showing  the 
probing  of  the  different  layers.  All  lines  in  the  figures  are  fitted  values  obtained from  the  VEPFIT 
fitting  program. 
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N  vacancies,  GaN-V^,  and  Ga  vacancies,  GaN-Vga.  For  comparison  the  calculated  values  for 
defect-free  GaN  is  also  shown  in  fig.  2(a). 

The  program  used  for  the  calculations  solves  the  Dirac  equation  to  obtain  relativistic  electron 
wave  fimctions  and  charge  densities.  A  supercell  is  constructed  by  placing  the  atoms  at  the 
appropriate  lattice  positions.  Periodic  boundary  conditions  are  imposed  at  the  supercell  boundaries. 
The  electron  density  of  the  solid  is  approximated  by  the  superposition  of  charge  densities  of  free 
atoms  using  the,  non-self-consistent,  atomic  superposition  (AT-SUP)  method  of  Puska  and 
Nieminen  [20].  The  electron  density  and  the  positron  potential  are  calculated  at  the  node  points  of 
a  three-dimensional  mesh.  The  Schrodinger  equation  is  then  solved  to  obtain  the  positron  energy 
and  the  positron  wave  fimction  at  the  node  points. 

It  has  been  shown  that  the  momentum  distribution  of  the  annihilating  positron- electron  pair  can 
be  approximated  by  [21]; 

p//»)  =  ,  (2) 

where  il;+(r)  and  are  the  single  particle  wave  fimctions  for  the  positron  and  electron 
respectively,  />  is  the  total  momentum  of  the  annihilating  pair,  is  the  classical  electron  radius,  c  is 
the  speed  of  light  and  i^{0)  =  /  ^J’^the  state- dependent  enhancement  factors.  Here,  Xf^  is  the 

annilulation  rate  with  the  electrons  m  the  state  j,  calculated  within  the  independent  particle  model 
(EPM)  and  thus  neglecting  all  the  correlations  between  the  electrons  and  the  positron. 
Correspondingly,  Xf^"^  is  the  annihilation  rate  for  the  same  electron  state  calculated  with  the 
generalized  gradient  approximation  (GGA)  for  the  electron-positron  correlations  [22].  The 
generalized  gradient  approximation  has  been  shown  to  give  good  results  for  both  positron  lifetimes 
[22]  and  the  momentum  distribution  [21]. 

In  the  calculation  of  the  momentum  distribution  the  wavefimctions  are  assumed  to  be  spherically 
symmetric.  This  assumption  is  not  true  for  valence  electrons,  so  only  core- electrons  are  included  in 
the  calculation  of  the  momentum  distribution.  The  restriction  to  core- electrons  inhibits  the  program 
to  calculate  accurately  the  momentum  distribution  between  0  and  20  mrad  since  the  contriWtion  of 
valance  electrons  to  the  momentum  distribution  will  dominate  the  contribution  of  core  electrons. 


Fig.  2.  (a)  Results  of  two-detector  coincidence  measurements.  At  40  mrad  there  were  100-200 
counts  per  point,  making  the  difference  between  the  two  measurements  at  lower  momentum 
statistically  significant,  (b)  Results  of  calculations  of  positron  annihilations  with  core-electrons 
for  defect  free  GaN  as  well  as  at  N-vacancies  and  Ga-vacancies  in  GaN.  Note  that  the  calculated 
profiles  for  defect-free  GaN  and  GaN  -  are  virtually  identical  All  experimental  curves  are 
normalized  to  unit  area.  The  calculated  curves  are  scaled  to  Y,j=core  /  'Lj-aii 
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This  approach  is  essentially  the  same  as  done  by  Alatalo  et  al.  [20]  except  that  we  use,  as  in  ref. 
[23],  the  AT-SUP  positron  wave  functions  (directionally  averaged)  in  the  calculation  of  the 
momentum  densities. 

The  calculation  is  done  for  a  90x90x90  node  points  using  a  superceU  of  64  atoms  for  the  perfect 
GaN  and  63  atoms  for  GaN  with  a  vacancy  defect.  No  relaxation  is  taken  into  account.  The 
calculated  distribution  is  convoluted  with  a  gaussian  with  a  FWHM  of  0.93  keV  to  account  for  the 
e?q)erimental  resolution.  Up  till  the  Ga-3d  electrons  are  included  in  the  calculation.  Ref  [2 1]  showed 
that,  although  the  3d  electrons  of  Ga  cannot  be  considered  core-electrons,  the  calculated 
Doppler-spectra  diowthe  same  trends  as  the  experimental  spectra  when  including  the  d-electrons. 

Discussion 

The  observed  increase  in  the  S  parameter  value  of  4  %  and  the  accompanied  decrease  in  the  IT 
parameter  are  clear  evidence  of  die  presence  of  vacancy-type  defects.  In  GaAs  increases  in  the  .S' 
parameter  of  2-3  %  have  been  associated  with  the  presence  of  mono-vacancies  and  increases  of  4-5 
%  with  divacancies  [24].  The  two-detector  measurement  on  SI-GaN  showed  good  agreement  with 
the  calculated  momentum  distribution  for  defect-free  GaN  and  yielded  values  for  the  n-type  GaN 
that  were  consistently  below  those  for  SI-GaN.  'The  calculated  momentum  distributions  showed  very 
little  difference  between  defect-free  GaN  and  GaN  with  N  vacancies  (GaN-Vj^j).  This  is  an  indication 
that  such  vacancies  are  difficult  to  observe  with  positron  techniques.  A  further  indication  of  this  can 
be  obtained  by  calculating  the  positron  lifetimes  involved.  The  calculated  lifetime  for  defect-free 
wurtzite  GaN  is  168  ps.  The  presence  of  a  N  vacancy  only  slightly  increases  the  lifetime  to  170  ps. 
Ga-vacancies  on  the  other  hand  show  an  increase  of  over  30  ps  in  the  lifetime  and  a  clear  difference 
in  the  momentum  distribution.  It  is  not  possible  to  perform  conventional  lifetime  measurements  to 
compare  the  calculated  lifetimes  since  this  is  a  bi^  method  and  the  GaN  layer  was  only  ~  1  pm 
thick.  Thus  it  is  unlikely  that  positrons  trap  at  N  vacancies  as  can  be  seen  by  the  virtually  identical 
high  momentum  distributions  and  the  small  increase  in  the  lifetime.  Also  recent  ab-initio  calculations 
predict  a  positively  charged  state  of  the  N  vacancy  [6,7],  thus  making  it  cease  coropletely  to  be  a 
trapping  site  for  positrons.  Therefore  it  is  unlikely  that  the  observed  change  in  the  momentum 
distribution  is  caused  by  N  vacancies.  Ga  vacancies  are  more  likely,  although  the  calculated  Doppler 
curve  predicts  a  bigger  difference  between  the  defect-free  material  and  the  Ga  vacancy.  'The 
discrepancy  between  the  calculated  Doppler  spectrum  of  a  Ga  vacancy  and  the  e?q)erimental 
spectrum  of  n-type  GaN  can  be  caused  by  relaxation  of  atoms  nearby  the  defect  site  or  the  formation 
of  defect  con:q)lexes.  It  should  be  noted  that  this  does  not  solve  the  mystery  of  the  origen  of  intrinsic 
autodoping  since  the  most  likely  candidate  for  the  observed  vacancies,  Ga  vacancies,  acts  as  an 
acceptor. 

CONCLUSIONS 

Positron  beam  experiments  have  been  performed  on  autodoped  n-type,  semi-insulating  and  Mg 
doped  p-type  GaN.  The  results  from  Doppler  broadening  yield  clear  evidence  of  the  presence  of 
vacancy-type  defects  in  the  autodoped  n-type  sample  compared  to  the  two  other  samples. 
Calculations  and  charge  state  considerations  exclude  that  the  observed  vacancies  can  be  attributed 
to  the  N-vacancy.  Core-electron  sensitive  two-detector  measurements  show  that  the  most  likely 
candidate  ascribable  to  these  vacancies  is  the  Ga-vacancy,  though  vacancy-con:q)lexes  or  di¬ 
vacancies  can  not  be  ruled  out. 
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ABSTRACT 

First-principles  theoretical  results  can  predict  and  explain  a  variety  of  materials  prop¬ 
erties  of  the  nitride  semiconductors.  For  n-type  GaN,  we  summarize  the  current  under¬ 
standing  about  incorporation  of  unintentional  donor  impurities,  as  opposed  to  nitrogen 
vacancies-  For  p-type  GaN,  we  discuss  the  cause  of  the  limited  doping  levels,  and  the  role 
of  hydrogen.  We  describe  the  role  of  gallium  vacancies  in  the  yellow  luminescence,  and 
the  interaction  between  these  vacancies  and  donor  impurities.  Finally,  we  discuss  our  first- 
principles  investigations  of  the  atomic  and  electronic  structure  of  hetero junction  interfaces 
between  the  Ill-nitrides,  and  provide  values  for  natural  band  lineups. 

INTRODUCTION 

Tremendous  progress  has  recently  been  made  in  the  growth  and  fabrication  of  GaN- 
based  electronic  and  optoelectronic  devices.  A  number  of  problems  still  exist,  however, 
which  may  hamper  further  progress.  One  such  problem  is  doping.  In  1994  we  countered 
the  conventional  wisdom  by  suggesting  that  nitrogen  vacancies  were  not  responsible  for 
the  commonly  observed  n-type  conductivity  in  GaN  [1].  Instead  we  proposed  that  donor 
impurities  are  unintentionally  incorporated,  with  oxygen  and  silicon  the  main  candidates  for 
donors  in  GaN  [2].  Our  proposals  have  recently  been  confirmed  in  a  number  of  experimental 
investigations,  showing  that  oxygen  and  silicon  concentrations  in  well  characterized  samples 
are  high  enough  to  explain  the  observed  electron  concentrations.  Our  current  understanding 
will  be  discussed  in  the  section  on  “AT-TYPE  DOPING.” 

With  regard  to  p-type  doping,  the  doping  levels  are  still  lower  than  desirable  for  low- 
resistance  cladding  layers  and  ohmic  contacts.  Achieving  higher  hole  concentrations  with 
Mg  as  the  dopant  has  proved  difficult;  various  explanations  have  been  proposed  for  this 
limitation.  Our  investigations  of  compensation  mechanisms  [3]  have  revealed  that  the 
determining  factor  is  the  solubility  of  Mg  in  GaN,  which  is  limited  by  competition  between 
incorporation  of  Mg  acceptors  and  formation  of  Mg3N2.  Incorporation  of  Mg  on  interstitial 
or  substitutional  nitrogen  sites  was  found  to  be  unfavorable.  Some  compensation  by  native 
defects  may  occur,  in  particular  by  nitrogen  vacancies;  however,  such  compensation  is 
significantly  suppressed  in  the  presence  of  hydrogen.  We  addressed  the  role  of  hydrogen 
during  p-type  doping  and  subsequent  anneals  in  Refs.  [4]  and  [5].  One  may  wonder  whether 
the  limitations  encountered  with  Mg  could  be  overcome  by  using  other  acceptor  impurities; 
we  will  report  on  these  issues  in  the  section  on  “P-TYPE  DOPING.’ 

A  major  concern  for  optoelectronic  devices  is  the  presence  of  alternate  recombination 
channels,  such  as  the  “yellow  luminescence”  (YL)  in  GaN.  Our  investigations  of  native 
defects  have  revealed  that  gallium  vacancies  are  the  most  likely  source  of  this  YL  [6],  and 
an  increasing  number  of  experiments  support  this  assignment.  An  assessment  of  the  current 
understanding  follows  in  the  section  on  “YELLOW  LUMINESCENCE”. 
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Finally,  we  address  another  issue  of  importance  for  device  design,  namely  the  atomic 
and  electronic  structure  of  heterojunction  interfaces.  The  Ill-nitride  semiconductors  exhibit 
large  differences  in  lattice  constant,  and  the  resulting  lattice  mismatch  complicates  an 
assessment  of  the  hetero junction  band  discontinuties.  We  will  report  on  our  results  in  the 
section  on  “INTERFACES”. 

METHODS 

Our  calculations  are  based  on  first-principles  density-functional  theory  [7],  using  a  su¬ 
percell  geometry  and  soft  Troullier-Martins  pseudopotentials  [8].  The  effect  of  d  electrons 
in  GaN  and  InN  was  taken  into  account  either  through  the  so-called  non-linear  core  cor¬ 
rection  or  by  explicit  inclusion  of  the  d  electrons  as  valence  electrons;  the  latter  proved  to 
be  necessary  for  obtaining  accurate  results  in  certain  cases  [9].  Our  results  should  apply  to 
both  the  wurtzite  and  zincblende  phases  of  the  nitride  semiconductors;  indeed,  in  Ref.  [9] 
we  reported  that  the  wurtzite  and  the  cubic  phase  show  nearly  equivalent  formation  en¬ 
ergies  and  electronic  structure  for  defects.  Further  details  of  the  computational  approach 
can  be  found  elsewhere  [1,  10,  11]. 

The  key  to  describing  doping  issues  is  the  calculation  of  the  equilibrium  concentrations 
of  impurities  and  native  defects: 

c  =  Asitesexp”^^^*^^  (1) 

where  iVgites  is  the  number  of  sites  the  defect  or  impurity  can  be  incorporated  on,  ks  the 
Boltzmann  constant,  T  the  temperature,  and  the  formation  energy.  Equation  (1)  shows 
that  defects  with  a  high  formation  energy  will  occur  in  low  concentrations. 

The  formation  energy  is  not  a  constant  but  depends  on  the  various  growth  parameters. 
For  example,  the  formation  energy  of  an  oxygen  donor  is  determined  by  the  relative  abun¬ 
dance  of  O,  Ga,  and  N  atoms,  as  expressed  by  the  chemical  potentials  /xq,  /^Ga  and  /xn-  If  the 
0  donor  is  charged  (as  is  expected  when  it  has  donated  its  electron),  the  formation  energy 
depends  further  on  the  Fermi  level  {Ep),  which  acts  as  a  reservoir  for  electrons.  Forming  a 
substitutional  0  donor  requires  the  removal  of  one  nitrogen  atom  and  the  addition  of  one 
O  atom;  the  formation  energy  is  therefore: 

E^(GaN:0?j)  =  F;tot(GaN:0?,)  -  /xq  +  /xn  +  qEp  (2) 

where  Etot{GaN:Ol})  is  the  total  energy  derived  from  a  calculation  for  substitutional  0, 
and  q  is  the  charge  state  of  the  O  donor.  Ep  is  the  Fermi  level,  Similar  expressions  apply  to 
other  impurities  and  to  the  various  native  defects.  We  refer  to  Refs.  [1]  and  [12]  for  a  more 
complete  discussion  of  formation  energies  and  their  dependence  on  chemical  potentials. 

The  Fermi  level  Ep  is  not  an  independent  parameter,  but  is  determined  by  the  condition 
of  charge  neutrality.  However,  it  is  informative  to  plot  formation  energies  as  a  function 
of  Ep  in  order  to  examine  the  behavior  of  defects  and  impurities  when  the  doping  level 
changes.  As  for  the  chemical  potentials,  these  are  variables  which  depend  on  the  details 
of  the  growth  conditions.  For  ease  of  presentation,  we  set  these  chemical  potentials  to 
fixed  values  in  the  figures  shown  below;  however,  a  general  case  can  always  be  addressed  by 
referring  back  to  Eq.  (2).  The  fixed  values  we  have  chosen  correspond  to  Ga-rich  conditions 
(/XGa  =  /XGa(buik))5  and  to  maximum  incorporation  of  the  various  impurities,  with  solubilities 
determined  by  equilibrium  with  Ga203,  Si3N4,  and  Mg2N3. 
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Figure  1:  Formation  energy  vs. 
Fermi  energy  for  native  defects 
(nitrogen  and  gallium  vacancies), 
donors  (oxygen  and  silicon)  and  the 
Vga-On  complex.  The  zero  of  Fermi 
energy  is  located  at  the  top  of  the 
valence  band- 
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JV-TYPE  DOPING 

Figure  1  summarizes  our  first-principles  results  for  native  defects  and  impurities  relevant 
for  n-type  doping.  We  observe  that  nitrogen  vacancies  (Vn)  2ire  high-energy  defects  in  GaN, 
and  are  thus  unlikely  to  occur  in  significant  concentrations.  We  have  also  found  that  self- 
interstitial  and  antisite  defects  are  high-energy  defects  [1].  Similar  results  for  native  defects 
were  obtained  by  Boguslawski  et  al.  [13] .  These  findings  allow  us  to  conclude  that  nitrogen 
vacancies  are  not  responsible  for  n-type  conductivity  in  GaN.  In  contrast,  Fig.  1  shows  that 
oxygen  and  silicon  have  relatively  low  formation  energies  in  n-type  GaN,  and  can  thus  be 
readily  incorporated.  Both  oxygen  cind  silicon  form  shallow  donors  in  GaN.  The  slope  of 
the  lines  in  Fig.  1  indicates  the  charge  state  of  the  defect  or  impurity:  Sioa,  On,  and  Vn  all 
appear  with  slope  -f-1,  indicating  single  donors. 

The  possibility  that  oxygen  could  be  responsible  for  n-type  conductivity  in  GaN  was 
recognized  by  Seifert  et  al  [14]  and  by  Chung  and  Gershenzon  [15].  Still,  the  prevailing 
conventional  wisdom,  attributing  the  n-type  behavior  to  nitrogen  vacancies,  proved  hard 
to  overcome.  Recent  experiments  have  confirmed  that  unintentionally  doped  n-type  GaN 
samples  contain  silicon  or  oxygen  concentrations  high  enough  to  explain  the  electron  con¬ 
centrations.  Gotz  et  al  [16]  reported  electrical  characterization  of  intentionally  Si-doped 
as  well  as  unintentionally  doped  samples,  and  concluded  that  the  n-type  conductivity  in 
the  latter  was  due  to  silicon.  They  also  found  evidence  of  another  shallow  donor  with  a 
slightly  higher  activation  energy,  which  was  attributed  to  oxygen.  Gotz  et  al  have  also 
recently  carried  out  SIMS  (secondciry-ion  mass  spectroscopy)  and  electrical  measurements 
on  hydride  vapor  phase  epitaxy  (HVPE)  material,  finding  levels  of  oxygen  or  silicon  in 
agreement  with  the  electron  concentration  [17]. 

High  levels  of  n-type  conductivity  have  traditionally  been  found  in  GaN  bulk  crystals 
grown  at  high  temperature  and  high  pressure  [18].  It  has  recently  been  established  that 
the  characteristics  of  these  samples  (obtained  from  high-pressure  studies)  are  very  similar 
to  epitaxial  films  which  are  intentionally  doped  with  oxygen  [19].  The  n-type  conductivity 
of  bulk  GaN  can  therefore  be  attributed  to  unintentional  oxygen  incorporation. 

Finally,  we  note  in  Fig.  1  that  gallium  vacancies  (Vq“)  have  relatively  low  formation 
energies  in  highly  doped  n-type  material  {Ep  high  in  the  gap);  they  could  therefore  act 
as  compensating  centers.  Yi  and  Wessels  [20]  have  found  evidence  of  compensation  by  a 
triply  charged  defect  in  Se-doped  GaN. 
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P-TYPE  DOPING 


Figure  2  summarizes  some  of  our  results  for  acceptor  doping  in  GaN.  The  Mg  acceptor 
has  a  low  enough  formation  energy  to  be  incorporated  in  large  concentrations  in  GaN. 
For  the  purposes  of  the  plot,  we  have  assumed  Ga-rich  conditions  (which  are  actually  the 
least  favorable  for  incorporating  Mg  on  Ga  sites),  and  equilibrium  with  Mg2N3,  which 
determines  the  solubility  limit  for  Mg.  We  note  that  the  formation  energies  for  MgQ^ 
and  Mg3a  intersect  for  a  Fermi  level  position  around  250  meV;  this  transition  level  would 
correspond  to  the  ionization  energy  of  the  Mg  acceptor.  However,  since  our  calculated 
formation  energies  are  subject  to  numerical  error  bars  of  ±0.1  eV,  this  value  should  not  be 
taken  as  an  accurate  assessment  of  the  ionization  energy. 


Figure  2:  Formation  energy  as 
a  function  of  Fermi  level  for  Mg 
in  different  configmations  (Ga- 
substitutional,  N~substitutional, 
and  interstitial  configuration). 
Also  included  are  the  native  defects 
and  interstitial  H. 


We  have  investigated  other  positions  of  Mg  in  the  lattice,  such  as  on  substitutional  N 
sites  (Mgn)  and  on  interstitial  sites  (Mg,),  always  finding  much  larger  formation  energies. 
We  therefore  conclude  that  Mg  overwhelmingly  prefers  the  Ga  site  in  GaN,  the  main  com¬ 
petition  being  with  formation  of  MgaNs,  which  is  the  solubility-limiting  phase.  It  would  be 
interesting  to  investigate  experimentally  whether  traces  of  Mg2N3  can  be  found  in  highly 
Mg-doped  GaN. 

Other  potential  sources  of  compensation  are  also  illustrated  in  Fig.  2.  The  nitrogen 
vacancy,  which  had  a  high  formation  energy  in  n-type  GaN  (see  Fig.  1)  has  a  significantly 
lower  formation  energy  in  p-type  material,  and  could  potentially  act  as  a  compensating 
center.  However,  we  also  note  that  hydrogen,  when  present,  has  a  formation  energy  much 
lower  than  that  of  the  nitrogen  vacancy.  In  growth  situations  where  hydrogen  is  present 
[such  as  metal-organic  chemical  vapor  deposition  (MOCVD)  or  HVPE]  Mg-doped  material 
will  preferentially  be  compensated  by  hydrogen,  and  compensation  by  nitrogen  vacancies 
will  be  suppressed.  The  presence  of  hydrogen  is  therefore  beneficial  -  at  the  expense,  of 
course,  of  obtaining  material  which  is  heavily  compensated  by  hydrogen!  Fortunately,  the 
hydrogen  can  be  removed  from  the  active  region  by  post-growth  treatments,  such  as  low- 
energy  electron-beam  irradiation  [21]  or  thermal  annealing  [22].  A  more  complete  discussion 
of  the  role  of  hydrogen  in  GaN  is  given  in  Refs.  [4]  and  [5]. 

For  Mg,  we  thus  conclude  that  achievable  doping  levels  are  mainly  limited  by  the  solubil¬ 
ity  of  Mg  in  GaN-  We  have  investigated  other  candidate  acceptor  impurities,  and  evaluated 
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them  in  terms  of  solubility,  shallow  vs.  deep  character,  and  potential  compensation  due  to 
incorporation  on  other  sites.  Some  of  these  results  are  summarized  in  Ref.  [23].  None  of 
the  candidate  impurities  exhibited  characteristics  superior  to  Mg. 

Finally,  we  note  the  importance  of  avoiding  any  type  of  contamination  during  growth  of 
p-type  GaN.  For  instance,  the  oxygen  formation  energy  shown  in  Fig.  1  clearly  extrapolates 
to  very  low  values  in  p-type  GaN.  Any  oxygen  present  in  the  growth  system  will  therefore 
be  readily  incorporated  during  p-type  growth.  In  addition,  complex  formation  between 
oxygen  and  magnesium  can  make  oxygen  incorporation  even  more  favorable  [24]. 

YELLOW  LUMINESCENCE 

The  yellow  luminescence  (YL)  in  GaN  is  a  broad  luminescence  band  centered  around 
2.2  eV.  Its  origins  have  been  extensively  debated;  we  have  recently  proposed  that  gallium 
vacancies  are  the  source  of  the  YL  [6].  Here  we  summarize  the  arguments  in  favor  of  this 
assignment,  and  discuss  recent  experimental  results. 

n-type  vs.  p-type 

The  gallium  vacancy  is  an  acceptor-type  defect,  and  hence  its  formation  energy  de¬ 
creases  with  increasing  Fermi  level  (see  Fig.  1).  Gallium  vacancies  are  therefore  more  likely 
to  occur  in  n-type  than  in  p-type  GaN.  The  correlation  of  the  YL  with  Ga  vacancies  is 
therefore  consistent  with  experimental  observations  indicating  suppression  of  the  YL  in 
;>-type  material  [25,  26,  27].  Conversely,  an  increase  in  n-type  doping  increases  the  inten¬ 
sity  of  the  YL  [28].  Additional  systematic  studies  of  the  YL  as  a  function  of  doping  level 
are  desirable;  however,  care  should  be  taken  in  the  analysis  of  such  experiments,  since  the 
ratio  of  the  magnitude  of  the  YL  to  the  band-gap  luminescence  depends  on  the  excitation 
intensity  [29,  30]. 

Ga-rich  vs.  N-rich 

It  is  obvious  that  the  concentration  of  gallium  vacancies  will  be  lower  in  Ga-rich  ma¬ 
terial.  The  YL  was  indeed  found  to  be  suppressed  in  MOCVD  samples  grown  with  higher 
TMGa  flow  rates  [25,  31].  Singh  et  al.  [29]  observed  that  the  YL  was  stronger  in  samples 
grown  at  higher  microwave  power  in  ECR  (electron-cyclotron  resonance)  assisted  MBE 
(molecular  beam  epitaxy);  this  could  be  consistent  with  higher  Voa  concentrations  when 
the  growth  is  more  N-rich,  provided  no  plasma- induced  damage  is  involved.  It  has  also  been 
observed  that  the  YL  is  weak  in  material  grown  by  HVPE  [32],  which  could  be  consistent 
with  growth  conditions  in  HVPE  being  more  Ga-rich  than  in  MOCVD. 

Role  of  carbon 

A  number  of  authors  have  related  the  YL  to  the  presence  of  carbon  in  the  material  [33, 
34].  However,  our  extensive  investigations  of  carbon  on  different  sites  and  as  a  component 
of  various  complexes  did  not  produce  ajiy  defect  with  properties  consistent  with  the  known 
facts  about  the  YL  [6].  We  have  concluded  that  the  presence  of  carbon  in  material  that 
exhibits  YL  is  merely  coincidental;  indeed,  an  increase  in  n-type  doping  facilitates  the 
incorporation  of  C  (an  acceptor)  at  the  same  time  as  enhancing  the  YL. 

Recombination  mechanism 

Our  calculations  indicate  that  the  Ga  vacancy  has  a  deep  level  (the  2-/3-  transition 
level)  about  1.1  eV  above  the  valence  band.  Transitions  between  the  conduction  band  (or 
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shallow  donors)  and  this  deep  level  therefore  exhibit  the  correct  energy  to  explain  the  YL, 
Various  experiments  have  indeed  linked  the  YL  with  a  deep  level,  located  about  1  eV  above 
the  valence  band  [35,  36].  In  addition,  our  calculated  pressure  dependence  of  this  level  is 
also  consistent  with  experiment  [35]. 

Complexing  with  donor  impurities 

Gallium  vacancies  can  form  complexes  with  donor  impurities  in  GaN.  The  Vca-Sica 
complex  has  a  rather  small  binding  energy,  due  to  its  components  being  only  second- 
nearest  neighbors.  The  Vca-ON  complex,  on  the  other  hand,  has  a  large  binding  energy 
(1.8  eV),  and  can  therefore  play  a  role  in  enhancing  the  concentration  of  Ga  vacancies  (see 
Fig.  1).  The  electronic  structure  of  this  complex  is  very  similar  to  that  of  the  isolated 
gallium  vacancy,  giving  rise  to  a  deep  level  again  about  1.1  eV  above  the  vcJence  band. 

Ion  implantation 

The  YL  has  been  observed  after  ion  implantation:  Pankove  and  Hutchby  [37]  found 
that  implantation  with  a  variety  of  elements  produced  a  broaxl  luminescence  band  around 
2.15  eV  [37].  Implantation  damage  is  likely  to  result  in  preferential  creation  of  Ga-site 
defects;  indeed,  the  displacement  energy  threshold  in  III-V  compounds  tends  to  be  lower 
for  the  cation  site  [38].  Formation  of  Ga  vacancies  is  thus  likely  during  implantation,  once 
again  consistently  explaining  the  increase  in  the  YL. 

Similarity  with  SA  centers  in  II- VI  compounds 

Finally,  we  point  out  the  similarity  between  the  YL  in  GaN  and  the  so-called  self- 
activated  (SA)  luminescence  in  II-VI  compounds.  Metal  vacancies  and  their  complexes 
with  donor  impurities  are  well  known  in  II-VI  compounds  (e.g.,  ZnS,  ZnSe).  The  metal 
vacancy  complexes  (the  so  called  SA  centers)  exhibit  features  which  are  strikingly  similar 
to  the  YL:  recombination  between  a  shallow  donor-like  state  and  a  deep  acceptor  state, 
and  a  broad  luminescence  band  of  Gaussian  shape  [39,  40]. 

INTERFACES 

Most  nitride-bcLsed  devices  incorporate  heterojunctions  between  GaN,  AIN,  or  InN,  or 
their  alloys.  The  most  important  parameters  characterizing  such  heteroj unctions  are  the 
band  discontinuities  in  the  conduction  and  valence  bands.  It  is  well  known  that  these  band 
offsets  sensitively  depend  on  the  strain  condition  of  the  materials  joined  at  the  interface; 
however,  these  strains  have  not  always  been  properly  taken  into  account  in  the  analysis  of 
experimental  data  or  computational  results. 

Lattice  constants  and  band  gaps  for  the  nitrides  (in  the  zincblende  phase)  are  listed 
in  Table  1.  The  lattice  mismatch  between  AIN  and  GaN  is  about  3%;  between  GaN  and 
InN,  the  mismatch  is  over  11%.  The  band  offsets  are  only  well  defined  in  the  case  of  a 
pseudomorphic  interface,  in  which  the  materials  on  either  side  of  the  junction  are  strained 
in  order  to  match  a  common  in-plane  lattice  constant.  For  instance,  when  InN  is  grown  on 
a  thick  layer  of  GaN,  the  InN  should  be  compressed  in  the  plane  of  the  interface  to  match 
the  GaN  lattice  constant,  and  expanded  in  the  perpendicular  direction  (by  Poisson’s  ratio). 
The  critical  layer  thickness  (beyond  which  dislocation  formation  sets  in  and  the  interface 
is  no  longer  pseudomorphic)  for  growth  of  pure  InN  on  GaN  is  probably  vanishingly  small, 
but  the  same  logic  applies  for  growth  of  InGaN  alloys  on  GaN.  Results  for  alloys  can  usually 
be  obtained  by  linear  interpolation. 
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Table  1:  Experimental  lattice  constants  (a,  in  A)  and  room -temperature  band  gaps  {Eg, 
in  eV)  for  zincblende  AIN,  GaN,  and  InN. 


AIN 

GaN 

InN 

a 

4.37 

4.50 

4.98 

E, 

6.20 

3.39 

1.89 

We  have  focused  on  computations  for  (110)  interfaces  between  the  nitrides  in  the 
zincblende  phase.  We  expect  very  little  difference  for  the  wurtzite  phase,  which  differs 
from  zincblende  only  in  the  atomic  arrangements  beyond  third  nearest  neighbors.  We  also 
expect  only  minor  changes  for  other  interface  orientations. 

Our  calculations  are  performed  in  a  superlattice  geometry,  for  various  values  of  the 
in-plane  lattice  constant.  The  materials  are  strained  according  to  their  elastic  constants, 
and  relaxation  of  the  atoms  around  the  interface  is  explicitly  allowed.  The  superlattice 
calculation  yields  the  lineup  of  average  electrostatic  potentials  across  the  interface;  the 
position  of  the  vaJence-band  maximum  with  respect  to  the  average  electrostatic  potential 
is  obtained  from  bulk  calculations  [41]. 

Instead  or  re-calculating  the  bulk  electronic  structure  for  every  strain  situation,  we 
have  derived  deformation  potentials  describing  the  changes  in  band  edges  due  to  various 
strain  components.  We  have  also  calculated  the  absolute  deformation  potentials  for  the 
valence-band  maximum.  Using  the  band  lineups  at  strained  interfaces  together  with  the 
deformation  potentials  allows  us  to  derive  a  so-called  natural  band  lineup  between  un¬ 
strained  materials.  This  natural  band  lineup  can  be  used  as  a  starting  point  to  calculate 
offsets  at  an  arbitrary  interface,  by  using  information  about  the  strains  and  the  deformation 
potentials.  Complete  information  about  deformation  potentials  will  be  published  elsewhere 
142], 


_ I  0.3  eV 

0.7  eV 


AIN  GaN  InN 


Figure  3:  Natural  valence-band  lineups  between  AIN,  GaN,  and  InN,  obtained  from 
first-principles  calculations  for  zincblende  (110)  interfaces. 

The  natural  band  lineups  for  the  nitrides  are  illustrated  in  Fig.  3.  the  valence-band 
offset  between  AIN  and  GaN  (for  which  the  lattice  mismatch  is  relatively  modest)  is  about 
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0.7  eV,  consistent  with  other  recent  determinations  [43,  44,  45].  For  GaN/InN  we  find  a 
surprisingly  small  offset,  0.3  eV.  Atomic  relaxations  play  an  important  role  at  this  interface, 
driving  the  valence-band  offset  toward  lower  values. 

CONCLUSIONS 

We  have  presented  a  variety  of  results  obtained  from  theoretical  and  computational 
investigations  of  the  Ill-nitride  semiconductors.  Strong  evidence  now  exists  attributing  the 
residual  n-type  conductivity  of  GaN  to  unintentional  donor  impurities.  Additional  compu¬ 
tational  work  is  in  progress  to  address  the  behavior  of  these  donors  in  GaN  under  pressure, 
and  in  alloys.  For  p-type  material,  we  attribute  the  limitation  in  doping  levels  to  solubility 
constraints,  rather  than  compensation.  More  work  is  needed  to  clarify  the  behavior  of 
acceptors  other  than  Mg.  It  is  very  clear,  however,  that  oxygen  contamination  is  detri¬ 
mental  to  p-type  conductivity.  Regarding  the  yellow  luminescence,  we  have  presented  our 
arguments  for  linking  this  luminescence  with  gallium  vacancies.  Finally,  we  have  reported 
results  for  natural  band  lineups  at  interfaces  between  the  Ill-nitrides. 
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ABSTRACT 

A  model  based  on  the  valence-force-field  (VFF)  model  has  been  developed  specifically  for  the 
calculation  of  the  miscibility  gaps  in  IB-V  nitride  alloys.  In  the  dilute  limit,  this  model  allows  the 
relaxation  of  the  atoms  on  both  sublattices.  It  was  found  that  the  energy  due  to  bond  stretching  and 
bond  bending  was  lowered  and  the  solubility  limit  was  increased  substantially  when  both 
sublattices  were  allowed  to  relax  to  distances  as  large  as  the  sixth  nearest  neighbor  positions. 
Using  this  model,  the  equilibrium  mole  fraction  of  N  in  GaP  was  calculated  to  be  6x10  ’  at  700°C. 
This  is  slightly  higher  than  the  calculated  results  from  the  semi-empirical  delta  lattice  parameter 
(DLP)  model.  Both  the  temperature  dependence  and  the  absolute  values  of  the  calculated  solubility 
agree  closely  with  the  experimental  data.  The  solubility  is  more  than  three  orders  of  magnitude 
larger  than  the  result  obtained  using  the  VFF  model  with  the  group  V  atom  positions  given  by  the 
virtual  ciystal  approximation,  i.e.,  with  relaxation  of  only  the  first  neighbor  bonds.  Other  nitride 
systems,  such  as  GaAsN,  AlPN,  AlAsN,  InPN,  and  InAsN  were  investigated  as  well.  The 
equilibrium  mole  fractions  of  nitrogen  in  InP  and  InAs  are  the  highest,  which  agrees  well  with 
recent  experimental  data  where  high  N  concentrations  have  been  produced  in  InAsN  alloys. 
Calculations  were  also  performed  for  the  alloy  systems  with  mixing  on  the  group  III  sublattice  that 
are  so  important  for  device  applications.  Allowing  relaxation  to  the  3rd  nearest  neighbor  gives  an 
In  solubility  in  GaN  at  8(X)°C  of  less  than  6%.  Again,  this  is  in  agreement  with  the  results  of  the 
DLP  model  calculation.  This  result  may  partially  explain  the  difficulties  experienced  with  the 
growth  of  these  alloys.  Indeed,  evidence  of  solid  immiscibility  has  recently  been  reported.  A 
significant  miscibility  gap  was  also  calculated  for  the  AlInN  system,  but  the  AlGaN  system  is 
completely  miscible. 


INTRODUCTION 

The  nw  nitrides  and  their  alloys  have  recently  become  important  materials  for  the  fabrication 
of  blue  and  green  light  emitting  diodes  (LEDs)*.  This  is  due  to  breakthroughs  in  the  organometallic 
vapor  phase  epitaxial  (OMVPE)  growth  of  GaN  on  sapphire  substrates.  The  structures  giving  the 
highest  performance  LEDs  also  contain  thin  GaInN  layers  in  double  heterostructures.  Similar 
structures  have  also  recently  been  used  for  fabrication  of  violet  and  blue  injection  lasers  (LDs)^ 
Since  the  bandgap  energy  of  GaInN  can  be  varied  from  2.0  to  3.5  eV  by  increasing  the  GaN 
concentration^,  the  operating  wavelengths  for  light  emitting  devices  with  GaInN  active  layers  can, 
in  principle,  cover  nearly  the  entire  visible  spectral  range.  A1  containing  nitrides  are  also  important 
as  the  confining  layers  in  light  emitting  devices.  The  AlGaN/GaN  system  may  also  be  important 
for  high  electron  mobility  transistors'*. 

The  growth  of  GaInN  has  proven  to  be  extremely  challenging,  mostly  due  to  the  trade-off 
between  the  epilayer  quality  and  the  amount  of  InN  incorporation  into  the  alloy  as  the  growth 
temperature  is  changed.  Growth  using  high  temperatures  of  approximately  800  °C  typically 
results  in  high  crystalline  quality  but  the  amount  of  InN  in  the  solid  is  limited  to  low  values,  partly 
because  of  the  high  volatility  of  N  over  InN®.  Katsui  et.  al.®  found  that,  using  organometallic 
vapor  phase  epitaxy  (OMVPE),  lowering  the  growth  temperature  from  800  to  500  °C  results  in  an 
increase  in  the  allowable  InN  concentrations,  but  at  the  expense  of  reduced  crystalline  quality. 
Attempts  to  increase  the  InN  concentration  in  the  solid  by  raising  the  In  pressure  in  the  vapor 
results  in  In  droplets  on  the  surface.®  Some  evidence  of  phase  separation  was  demonstrated  in 
early  annealing  experiments,  where  GaInN  samples  were  treated  in  an  argon  ambient  at  various 
temperature  below  700  °C.’  More  recent  results  indicate  evidence  of  phase  separation  in  GaInN 


871 

Mat.  Res.  Soc.  Symp.  Proc.  Vol.  449  ®  1997  Materials  Research  Society 


alloys  grown  by  both  OMVPE®  and  molecular  beam  epitaxy  (MBE)^  The  thermodynamc  stability 
of  the  GaInN  system  has  not  been  discussed  in  detail  until  now,  a  somewhat  surprising  situation 
in  light  of  the  importance  of  these  alloys. 

Other  nitrogen  containing  III-V  semiconductors  are  potentially  useful  for  wide-bandgap 
optoelectronic  applications.  Vegard’s  law  indicates  that  several  nitride  alloys  will  be  lattice- 
matched  to  silicon,  for  example,  GaPpggNooj  GaAs^goNo  jo^  have  been  considered  for  the 
integration  of  III-V  semiconductors  to  silicon  technology^”.  The  dearth  of  papers  discussing 
nitrides  with  mixing  on  the  group  V  sublattice  is  mainly  due  to  the  expectation  that  such  alloys  will 
have  large  miscibility  gaps"’'^  For  example,  the  theoretical  value  of  the  solid  solubility  of  N  in 

GaP  is  about  SxlO  ’cm i.e.,  about  0.3  ppm,  at  700  °C'^  a  number  that  is  in  good  agreement  with 
the  available  experimental  data”.  This  value,  calculated  using  the  delta  lattice  parameter  (DLP) 
model,  is  much  less  than  the  desired  lattice-matched  concentration  of  0.02.  However,  it  has  been 
demonstrated  that  epitaxial  growth  techniques  operating  with  a  large  supersaturaton,  such  as 
OMVPE,  are  able  to  produce  metastable  alloys  lying  inside  the  miscibility  gap’^  Thus,  values  of  N 
concentration  as  large  as  0.16  have  been  reported  for  layers  grown  by  chemical  beam  epitaxy 
(CBE)  at  temperatures  between  500  and  650°C”.  The  solubility  of  N  in  GaAs  is  expected  to  be 
even  less  than  in  GaP  due  to  the  larger  size  difference"’”.  Nevertheless,  N  concentrations  of  1.5% 
have  been  reported  for  layers  grown  by  OMVPE'^'”.  Even  larger  values  of  14.5%  and  20%  have 
been  reported  for  layers  grown  by  CBE”  and  MBE”,  respectively.  A  correlation  is  generally 
observed  between  the  magnitude  of  the  miscibility  gap  and  the  difficulty  of  growing  the  alloys  by 
OMVPE’'^.  Thus,  it  is  worthwhile  to  have  an  estimate  of  the  solid  solubility  when  considering 
nitrides  with  mixing  on  the  group  V  lattice. 

In  this  work,  the  solubility  of  nitrogen  in  GaP,  GaAs,  and  other  IIW  compounds  was 
calculated  using  the  delta-lattice  parameter  (DLP)  model”  and  the  valence-force-field  (VFF) 
modeT”.  It  was  found  that  the  VFF  model  significantly  under-estimates  the  solubility  when  only 
one  sublattice  is  allowed  to  relax.  This  is  unfortunate,  since  the  cdculation  can  be  performed 
relatively  simply,  without  relying  on  large  machine  calculations  involving  the  relaxation  of 
hundereds  of  atoms.  Thus,  a  modification  of  the  VFF  model  was  developed,  for  application  to 
dilute  alloys,  which  allows  the  relaxation  of  both  sublattices  in  a  shell  of  several  nearest  neighbor 
atoms  surrounding  each  N  atom  in  III-V-N  alloys.  This  is  still  a  relatively  simple  calculation 
requiring  only  modest  computer  resources.  Using  this  model,  the  microscopic  strain  energy  was 
found  to  be  reduced  significantly  until  the  lattice  deformation  around  that  nitrogen  was  allowed  to 
extend  to  the  sixth  nearest  neighbor.  The  nitrogen  solubility  limits  were  c^culated  using  this 
model,  referred  to  as  VFF(6),  for  several  alloys  with  mixing  on  the  group  V  sublattice:  GaPN, 
GaAsN,  AlPN,  AlAsN,  InPN,  and  InAsN.  Comparison  of  the  VFF(6)  and  DLP  results  suggests 
that  the  DLP  model  is  quite  accurate  for  these  N-containing  IIW  alloys.  Both  the  DLP  and  VFF 
models  have  also  been  used  to  calculate  the  extent  of  the  miscibility  gap  for  the  GaInN  and  AlInN 
systems.  The  calculated  equilibrium  InN  solubility  in  GaN  at  800  °C  is  less  than  6%.  The  results 
of  these  calculations  suggests  that  the  GaInN  and  AlInN  alloys  ^e  unstable  over  nearly  the  entire 
range  of  solid  composition  useful  for  photonic  and  electronic  devices. 

CALCULATION  OF  THE  ENTHALPY  OF  MIXING  OF  IB-V  ALLOYS 

The  calculation  of  the  enthalpy  of  mixing  or  the  interaction  parameter  in  IIW  systems  has  been 
atopic  of  interest  for  decades.  In  1972  Stringfellow"'”  developed  the  semi-empirical  delta-lattice- 
parameter  (DLP)  model  which  is  found  to  yield  surprisingly  accurate  interaction  parameters  for  a 
wide  range  of  IIW  alloys  knowing  only  the  lattice  constants  of  the  bin^  constituents.  The  DLP 
model  was  developed  based  on  the  dielectric  theory  of  electronegativity^'’^^.  A  regular  solution 
interaction  parameter,  is  calculated  by  forcing  the  mixing  enthalpy  to  take  the  regular  solution 
form'^: 

AH^(x)  =  Q  x{\-x)  (1) 

In  the  DLP  model,  the  interaction  parameter  can  be  approximated  as'^ 
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Q  =4.375  KiAaf/a 


(2) 


where  a  is  the  average  of  the  lattice  constants,  and  Aa  is  the  difference  in  lattice  constants  for  the 
two  binary  compounds  AC  and  BC.  Note  that  is  a  function  of  Aa  ,  hence  the  name  delta- 
lattice-parameter  model.  The  constant  K  can  be  obtained  by  fitting  eq.  (2)  to  available  experimental 
data,  hence  the  model  is  semi-empirical.  The  form  of  equation  (2)  suggests  that  the  main  term  in 
the  enthalpy  of  mixing  is  the  strain  energy. 

The  entropy  of  mixing  is  generally  considered  to  be  equal  to  the  ideal  configurational  term  for  a 
random  system.  In  a  system  where  the  enthalpy  of  mixing  is  large  compared  to  the  entropy  term  in 

the  free  energy  (TAS),  i.e.,  for  AH^»TAS,  the  solubility  may  be  approximated  as" 


x^expi-Q/RT)  (3) 


where  T  is  the  temperature  and  R  is  the  ideal  gas  constant.  The  DLP  model  gives  a  very  accurate 
prediction  of  nitrogen  solubility  in  GaP"  ’'*. 

The  DLP  model  always  gives  a  positive  enthalpy  of  mixing.  The  Aa^  dependence  in  Eqn  (2) 
suggests  that  the  main  effect  in  the  DLP  model  is  the  strain  energy.  In  recent  years,  the  major 
component  of  the  enthalpy  of  mixing  in  HFV  alloys  has  been  determined  to  be  the  microscopic 
strain  energy  associated  with  deforming  the  bonds  in  the  alloy.  Thus,  the  VFF  model,  developed 
by  Keating^®,  provides  an  attractive  alternative  not  containing  the  adjustable  constant,  K.  In  the 
VFF  model,  the  short-range  energy  due  to  stretching  and  bending  of  the  bonds  constitutes  the 
enthalpy  of  mixing.  In  the  case  of  a  ternary  alloy  the  simplest  form  of  the  VFF 

calculation^^  assumes  that  the  lattice  is  composed  of  five  types  of  tetrahedra.  Each  has  an  atom  C  at 
the  center  and  the  apexes  are  occupied  by  a  combination  of  A  and  B  atoms.  The  atoms  on  the 
mixed  sublattice  (A  and  B)  are  fixed  at  positions  determined  by  the  virtual-crystal  approximation 
(VGA)  while  the  atoms  of  the  common  element  (C)  are  allowed  to  relax  in  each  tetrahedron  to 
minimize  the  total  strain  energy.  The  strain  energy  (£'J  can  be  written  for  each  of  the  5  tetrahedra, 


[d?-dLf 

df. 


ivy  y  ft+A  [Vdj+d|„dj,/3r 


(4) 


where  dj  is  the  distance  between  the  center  atom  and  a  comer  atom  in  the  tetrahedron,  while  djg  is 
the  equilibrium  length  of  this  bond  in  the  binary  compound  AC  or  BC.  a  and  are  the  bond 
stretching  and  the  bond  bending  force  constants,  respectively.  The  mixing  enthalpy  is  the 
summation  of  over  the  5  types  of  tetrahedra  weighted  by  the  distribution  probability  P^. 


AH^'=EE„  P 

nt  m 


(5) 


Note  that  A//^,  E^,  and  are  all  implicit  functions  of  a:.  In  the  general  case,  E^  and  P,„  are 
coupled  and  must  be  solved  simultaneously^^.  Assuming  a  random  alloy  uncouples  E^  and  P^  and 
simplifies  the  calculation^^  The  interaction  parameter  can  be  obtained  by  substituting  AH^  of  eq. 
(5)  into  eq.(l).  The  solubility  limit  is  again  calculated  using  eq.  (3). 

There  are  two  major  drawbacks  of  this  simple  form  of  the  VFF  model:  1)  One  of  the  sublattices 
is  not  relaxed,  causing  an  overestimate  of  total  strain  energy.  2)  The  difference  in  energy  between 
the  several  tetrahedra  types  is  much  greater  than  kT  for  many  HW  alloys.  This,  of  course,  gives  a 
nonrandom  distribution  of  the  five  types  of  tetrahedra.  Taking  into  account  the  effects  of  the 
resulting  short  range  order  (SRO)  makes  solving  E^  and  in  eq.  (5)  difficult,  since  it  couples 
these  two  factors  The  first  difficulty  can  be  surmounted  by  considering  a  large  ensemble  of 
several  hundred  atoms  with  the  positions  of  each  allowed  to  relax^"*.  However,  this  involves  large- 
scale  calculations  and  does  not  address  problem  2.  This  dilemma  is  easily  resolved  while 


873 


maintaining  a  relatively  simple  calculation  by  considering  only  the  dilute  limit,  where  the  effect  of 
the  SRO  is  negligible.  With  this  limitation,  a  full  relaxation  of  the  entire  lattice  can  be  considered 
without  undue  complexity,  although  the  calculation  must  be  done  numerically. 

At  the  dilute  limit  (x«  1),  equation  (2)  can  be  simplified  to 


AH^=nx.  (6) 

To  calculate  £2,  the  N  atom  is  fixed  in  space  and  its  neighbors  are  allowed  to  relax  to  the  nth 
neighbor.  If  the  N  atoms  are  sufficiently  far  apart,  interactions  between  the  clusters  can  be 
neglected.  Fortunately,  the  lattice  distortion  is  extremely  small  outside  a  shell  with  a  radius  of  a  few 
nearest  neighbor  spacings. 

The  concentration  satisfying  the  constraints  for  the  dilute  limit  depends,  of  course,  on  the  size 
of  the  relaxed  region  surrounding  the  N  atom.  For  n=6,  the  dilute  limit  will  extend  to 
concentrations  as  high  as  2  x  10^°  cm'^  or  approximately  1%.  For  n=3  the  dilute  limit  extends  to 
approximately  7%. 

The  input  parameters  for  both  the  DLP  and  VFF  models  are  listed  in  table  I.  The  zinc-blende 
lattice  constants  of  several  nitrides  are  listed  in  ref  25.  Since  the  bond-stretching  and  -bending 
force  constants  for  the  nitrides  have  not  been  determined  experimentally,  they  are  approximated 

a  constant  (7) 

j0/a~  0.3(1-/;.)  (8) 

where is  the  Phillip’s  ionicity,^® 

For  AIN,  GaN,  and  InN  a  second  set  of  values  of  the  force  constants  from  first-principles 
calculations^®  are  also  included. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  strain  energy  associated  with  deformation  of  the  bonds  versus  the  number 
of  nearest  neighbors  allowed  to  relax  around  N  dissolved  in  GaP.  As  discussed  below,  this  system 
was  chosen  because  experimental  solubility  data  is  available  for  comparison  with  the  calculated 

results.  The  strain  energy  (or  equivalently,  Q )  is  the  highest  if  all  atoms  are  fixed  at  their  virtual 
crystal  approximation  (VGA)  sites  (no  relaxation  of  either  sublattice).  As  the  first  nearest- 
neighbors  are  relaxed,  the  strain  energy  (f3(SVFF)  in  the  figure)  is  lowered  dramatically.  When 
the  number  of  relaxed  shells  extends  to  the  sixth  nearest  neighbor  (the  7th  neighbors  take  the  VGA 
positions),  the  strain  energy  approaches  a  constant  value  corresponding  to  JQ  =  27.4  kcal/mole. 
This  value  is  nearly  the  same  as  the  value  of  Q  calculated  using  the  DLP  model  (the  dashed  line 

labeled  f2(DLP).  Relaxation  of  the  lattice  beyond  the  sixth  shell  has  little  effect.  In  addition,  as 
discussed  above,  expanding  the  size  of  the  relaxed  volume  limits  the  concentration  range  satisfying 
the  dilute  limit.  Thus,  relaxation  to  the  6th  shell  was  used  for  subsequent  calculations  for  systems 
where  the  solubility  is  extremely  small,  such  as  N  in  GaP,  GaAs,  etc.  Obviously,  there  is  a  small 
error,  resulting  in  an  underestimate  of  the  solubility,  in  allowing  relaxation  to  extend  only  to  the 
3rd  shell.  However,  this  is  necessary  for  systems  with  larger  N  concentrations  such  as  the  nitride 
alloys  with  mixing  on  the  group  III  sublattice.  An  alternate  approach  would  be  to  use  the  DLP 
model,  but  it  appears  to  significantly  overestimate  the  enthalpy  of  mixing  of  these  alloys,  as 
indicated  by  the  data  in  Table  II. 

The  temperature  dependence  of  the  solubility  of  N  in  GaP  is  plotted  in  figure  2.  The 
experimental  data  are  compared  with  the  results  obtained  using  the  three  models  discussed.  The 
results  from  the  DLP  model  and  the  VFF  model  with  relaxation  to  the  6th  neighbor  are  in  close 
agreement,  as  expected  from  the  results  plotted  in  Fig.  1.  Both  match  the  experimental  data  rather 
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Number  of  Shells  Relaxed 


Fig.  1:  Strain  energy  of  the  nitrogen-centered  cluster  vs.  number  of  neighboring  shells  relaxed  in 
the  GaPN  system.  The  solid  line  is  simply  drawn  to  connect  the  data  points.  The  horizontal 
dashed  line  labelled  f2(DLP)  is  the  interaction  parameter  calculated  using  the  DLP  model. 


Fig.  2:  The  solid  solubility  of  nitrogen  in  GaP  vs.  temperature  calculated  using  several  models. 

The  lines  ( — )axQ  the  result  of  calculation  and  the  points  are  the  experimental  data  from  references 
[13,30,  and  31]. 
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Table  I.  Input  parameters  for  calculation  of  the  enthalpy  of  mixing 


System 

^0  (eubic) 

(A) 

a(N/m) 

j3/a 

fi 

AIN 

4.380" 

■■803V90F" 

0.1653",  0.153" 

0.45 

GaN 

4.520" 

81.09",  96.30*" 

0.1500",  0.154*" 

0.50 

InN 

4.980" 

63.58",  79.20*" 

0.1266",  0.090*" 

0.58 

AlP'’ 

5.466 

47.29 

0.192 

- 

AlAs*^ 

5.660 

43.05 

0.229 

- 

GaP" 

5.450 

47.32 

0.221 

- 

GaAs'’ 

5.653 

41.19 

0.217 

- 

InP*’ 

5.868 

43.04 

0.145 

- 

InAs” 

6.055 

35.18 

0.156 

- 

“  ref.  32 
”  ref.  33 


calculated  using  eqs.7  and  8 
ref.  29 


Table  H.  The  interaction  parameter  estimated  for  various  ni-V  nitrides  using  the  VFF  model.  The 
value  given  is  for  the  alloy  dilute  in  N  except  where  indicated. 


System 

i2-VFF(6)  (kcal/mole) 

-DLP  (kcal/mole) 

AlPN 

36.56 

45.53 

AlAsN 

53.42 

57.93 

AlGaN 

0.88*  (0.85,  0.90), 1.00** 

1.19 

AlInN 

11.45*  (10.52,  12.37),!  1.80** 

17.45 

GaPN 

27.38 

28.90 

GaAsN 

36.84 

42.78 

GaInN 

5.98*  (5.63,  6.32),  6.57** 

9.60 

InPN 

16.33 

19.68 

InAsN 

21.61 

26.71 

*Average  of  the  two  dilute  interaction  parameters  shown  in  the  parentheses.  The  first  value  is  for 
the  alloy  dilute  in  the  first  element  listed  in  the  chemical  formula  given. 

**Average  value  ealculated  using  input  elastic  constants  from  ref  29. 


876 


1E+21 


Fig.  3:  Nitrogen  solubility  vs.  temperature  in  GaAs,  GaP,  AlP,  AlAs,  InP,  and  InAs  calculated 
using  the  VFF  model  with  relaxation  to  the  6th  neighbor. 


closely.  The  curve  calculated  using  the  simple  VFF  model  is  approximately  3  orders  of  magnitude 
too  small.  Clearly  this  model  over-estimates  the  total  strain  energy.  As  discussed  above,  this  is  due 
to  the  neglect  of  the  SRO  and,  mainly,  to  the  restriction  of  lattice  relaxation  to  the  first  nearest 
neighbors.  Thus,  in  what  follows  only  the  VFF  model  with  relaxation  to  several  neighbors  will  be 
used. 

The  input  parameters  used  for  the  several  HW  compounds  are  tabulated  in  Table  I.  The 
interaction  parameters  calculated  using  the  VFF  model  for  several  alloys  of  interest  here  are 
tabulated  in  table  II.  The  results  are  compared  with  the  values  of  interaction  parameter  obtained 
using  the  DLP  model.  In  each  case,  the  v^ues  are  similar.  This  indicates  the  general  utility  of  the 
simpler  DLP  model.  However,  in  what  follows,  only  the  results  obtained  using  the  dilute  VFF 
model  will  be  presented,  since  this  model  contains  no  adjustable  parameters  and  is  more  physical, 
it  may  be  more  reliable  for  systems  for  which  no  experimental  data  exist. 

The  calculated  nitrogen  solubilities  in  GaAs,  AlP,  AlAs,  InP,  and  InAs  are  shown  in  figure  3. 
Clearly,  the  N  solubility  in  InP  and  InAs  are  predicted  to  be  the  highest  for  these  HFV 
compounds.  The  values  are  5  orders  of  magnitude  larger  than  for  GaAs.  This  is  due  to  the  lower 
force  constants  for  the  InAs,  InP,  and  InN  bonds.  This  is  thought  to  represent  a  real  and  very 
significant  difference  between  the  addition  of  N  to  GaAs  and  InP  or  InAs.  Indeed,  recent 
experimental  data  obtained  for  the  growth  of  InAsN  by  chemical  beam  epitaxy  support  this 
conclusion^"*.  Data  for  InPN  are  limited,  but  the  maximum  solubility  was  reported  to  be 
approximately 

Again,  for  the  GaN-InN  system  the  calculated  interaction  parameters  for  both  GaN-rich  and 
InN-rich  solids  decreases  dramatically  as  the  number  of  neighbors  allowed  to  relax  increases  from 
1  (equivalent  to  the  VFF  model)  to  approximately  3.  For  relaxation  to  the  5th  and  6th  nearest 
neighbors  the  effect  saturates.  TTie  smdl  increase  in  accuracy  obtained  by  aOowing  relaxation  to 
the  5th  or  6th  nearest  neighbor  is  more  than  offset  by  the  necessity  to  limit  the  calculation  to  very 
dilute  alloys  in  order  to  prevent  the  interaction  of  neighboring  clusters.  For  n=3,  the  calculation  is 
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Fig.  4:  Solubility  of  GaN  in  InN  (InN:Ga)  and  InN  in  GaN  (GaN:In)  calculated  using  the 
VFF  model  with  bond  relaxation  to  the  3rd  neighbor. 


Fig.  5:  Binodal  (solid)  and  spinodal  (dashed)  curves  for  the  Ga^_JnJV  system,  calculated 
assuming  a  constant,  average  value  for  the  solid  phase  interaction  parameter. 
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valid  to  a  concentration  of  7%.  The  limiting  values  of  Q  are  approximately  6.32  kcal/mole  for  the 

GaN-rich  solid  and  5.63  kcal/mole  for  the  InN-rich  solid  using  the  values  of  a  and  p  from  Eqns.  7 
and  8.  The  interaction  parameters  are  slightly  higher  using  the  larger  elastic  constants  from  ref.  29. 
The  average  value,  5.98  kcal/mole,  is  about  38%  smaller  than  diat  calculated  by  the  delta-lattice 
parameter  model  (9.60  kcal/model),  as  seen  in  Table  H. 

As  seen  in  Fig.  4,  the  solubility  of  In  in  GaN  is  less  than  6%  at  800°C.  The  solubility  of  Ga  in 
InN  is  slightly  larger.  Again,  the  larger  elastic  constants  from  ref.  29  would  give  a  small  reduction 
in  the  solubility  limits.  For  example,  the  solubility  of  In  in  GaN  at  850°C  is  decreased  from  8.6% 
to  4.1%.  The  binodal  (solid  line)  and  spinodal  (broken  line)  curves  were  calculated  versus 

temperature  for  the  entire  GaInN  system  using  the  average  value  of  £?=5.98  kcal/mole  and  are 
shown  in  Fig.  5.  The  critical  temperature,  above  which  the  miscibility  gap  disappears,  is  found  to 
be  near  1250  °C  which  exceeds  the  melting  point  of  InN. 

The  above  results  indicate  that,  in  general,  the  Gai  ^In^N  alloys,  which  are  highly  desirable  for 
both  photonic  and  electronic  devices,  are  unstable  at  the  temperatures  commonly  used  for 
epitaxialgrowth.  This  is  supported  by  the  results  of  annealing  experiments  performed  by  Osamura 
et.  ah’  where  phase  separation  in  GaInN  with  InN  concentrations  exceeding  10%  was  observed 
after  annealing  in  argon  at  600  and  700°C  and  the  more  recent  data  showing  evidence  of  phase 
separation  in  GaInN  alloys  grown  by  OMVPE®  and  MBE^. 

SUMMARY 

A  version  of  the  VFF  model  has  been  developed  for  the  calculation  of  the  regions  of  solid 
immiscibility  in  IH/V  nitrides.  In  this  model  the  lattice  is  allowed  to  relax  around  an  atom  on  the 
sublattice  where  mixing  occurs.  In  the  dilute  limit,  the  surrounding  lattice  can  be  relaxed  in  a  shell 
extending  to  several  neighbors.  This  results  in  a  significant  reduction  in  the  strain  energy  and  a 
concomitant  increase  in  the  solubility.  The  effect  is  seen  to  be  small  for  relaxation  beyond  the  sixth 
nearest-neighbor  shells.  Thus,  for  alloys  with  mixing  on  the  group  V  sublattice,  where  the 
solubility  is  small,  a  value  of  n=6  was  used.  For  the  GaPN  system,  where  experimental  data  are 
available,  this  VFF  model  calculation  gives  the  correct  magnitude  and  temperature  dependence  of  N 
solubility.  The  result  is  similar  to  that  obtained  using  the  semi-empirical  DLP  model.  The 
simplified  VFF  model,  where  only  the  nearest  neighbor  bonds  are  allowed  to  relax,  underestimates 
the  N  solubility  in  GaP  by  approximately  3  orders  of  magnitude.  The  interaction  parameters  and 
nitrogen  solubility  limits  are  also  calculated  for  GaAs,  AlAs,  AlP,  InAs,  and  InP.  The  solubility 
limit  for  nitrogen  in  InP  and  InAs  were  found  to  be  4  or  5  orders  of  magnitude  larger  than  for 
GaAs.  This  suggests  that  the  InPN  and  InAsN  alloys  may  be  easier  to  grow.  For  the  alloys 
GaInN  and  AlInN,  with  mixing  on  the  group  III  sublattice,  the  solubilities  are  larger,  so  a  value  of 
n=3  was  used.  At  the  maximum  temperature  typically  used  for  the  epitaxial  growth  of  Gaj.^In^N 
(800°C),  the  solubility  of  InN  is  less  than  6%.  An  average  interaction  parameter  of  5.98  kcal/mole 
was  calculated,  yielding  a  critical  temperature  for  phase  separation  of  1250°C.  These  results 
indicate  that  Gai  ^In^N  alloys  are  unstable  over  most  of  the  composition  range  at  normal  growth 
temperatures.  This  conclusion  is  supported  qualitatively  by  the  results  of  published  experimental 
investigations  that  report  evidence  of  phase  separation  in  the  GaInN  system.  The  large  region  of 
solid  immiscibility  may  partially  explain  the  difficulties  reported  in  the  epitaxial  growth  of  these 
alloys. 
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ABSTRACT 

X-ray  absorption  and  glancing  angle  reflectivity  measurements  in  the  energy  range  of 
the  Nitrogen  K-edge  and  Gallium  M2, 3  edges  are  reported.  Linear  muffin-tin  orbital  band- 
structure  and  spectral  function  calculations  are  used  to  interpret  the  data.  Polarization 
effects  are  evidenced  for  the  N-K-edge  spectra  by  comparing  X-ray  reflectivity  in  s-  and 
p-polarized  light. 


INTRODUCTION 

X-ray  absorption  measurements  are  a  well-known  probe  of  the  unoccupied  states  in  a 
material.  The  same  information  can  also  be  obtained  by  using  glancing  angle  X-ray  reflec¬ 
tivity.  In  spite  of  several  existing  band  structure  calculations  of  the  group-III  nitrides  [1] 
and  previous  optical  studies  in  the  UV  range  [2,  3,  4],  a  direct  probe  of  their  conduction 
band  densities  of  states  is  of  interest.  Here,  we  present  a  joint  experimental  and  theoret¬ 
ical  investigation  using  both  of  these  experimental  techniques  for  wurtzite  GaN.  A  more 
complete  account  of  this  work  can  be  found  in  a  forthcoming  paper  [5]. 


EXPERIMENT 

X-ray  absorption  measurements  and  variable  angle  X-ray  reflection  measurements  were 
carried  out  at  the  bending  magnet  6.3.2.  beamline  of  the  Advanced  Light  Source  (ALS) 
at  LBL  (Lawrence  Berkeley  Laboratory).  Details  of  the  experimental  set-up  can  be  found 
in  Ref.  [6].  The  investigated  samples  were  stuck  into  a  conducting  indium  foil  which 
was  isolated  from  the  sample  holder  in  the  ultra  high  vacuum  reflectometer.  The  X-ray 
absorption  curves  were  obtained  by  measuring  the  direct  photocurrent  from  the  sample, 
positioned  perpendicularly  to  the  X-ray  beam  as  a  function  of  the  incoming  radiation  en¬ 
ergy.  The  X-ray  reflectivity  was  measured  with  a  GaAsP  photodiode  positioned  at  the 
angle  26  (where  6  is  the  angle  between  sample  surface  and  incident  beam).  These  mea¬ 
surements  used  s-polarized  light,  i.e.  E  perpendicular  to  the  plane  containing  the  incident 
light  ray  and  the  normal  of  the  sample  surface  and  were  thus  for  E  ±  c  for  any  incident 
angle  when  using  basal  plane  oriented  epitaxial  films  or  single  crystals  L  Both  of  these  as 
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Figure  1:  Nitrogen  K-edge  X-ray  absorption  spectrum  of  GaN  as  measured  by  total  photocurrent 
{solid  line)  compared  to  theory  (dashed  line). 

well  as  polycrystalline  materials  were  used  as  samples.  Reflection  measurements  were  done 
for  9  varying  between  2.3°  and  8.3  °.  Additional  measurments  of  the  X-ray  reflectivity 
were  performed  on  different  samples^  at  the  Naval  Research  Laboratory  beamline  X24C  at 
the  National  Synchrotron  Light  Source  (NSLS)  in  Brookhaven.  These  measurements  used 
both  a  p-polarization  and  s-polarization  set-up  and  hence  allowed  us  to  detect  polarization 
effects.  Details  of  this  experimental  set-up  can  be  found  in  Refs.  [7,  8].  Kramers-Kronig 
analysis  of  these  data  was  performed  using  the  method  of  Veal  and  Paulikas  [9]  modified  to 
accommodate  glancing  angle  reflectance  measurements  using  the  method  of  Roessler  [10]. 


COMPUTATIONAL  METHOD 

The  theoretical  interpretation  of  the  data  is  based  on  local  density  functional  theory 
[11]  using  linear  muffin-tin  orbital  band-structure  calculations  [12].  Using  the  muffin-tin 
orbital  basis  set  and  averaging  over  polarization  directions,  the  imaginary  part  of  the 
dielectric  function  contribution  from  the  transitions  of  the  relevant  core  level  (Nls  for  K- 
edge  spectra,  Ga  3pi/2,  3p3/2  for  M2, 3  edges)  to  the  conduction  band  can  be  calculated  as  a 
sum  of  the  I  ±  1  partial  densities  of  states  weighted  by  momentum  matrix  elements,  where 
I  is  the  angular  momentum  of  the  core  state.  From  it,  the  real  part  of  the  optical  dielectric 
function  is  obtained  by  a  Kramers-Kronig  transormation.  We  then  obtain  either  directly 
the  reflectivity  !7'(w)p  using  the  Fresnel  equations  [13], 

esin^-  (cos0)2 

r{u>)  = - \  (1) 

esinO  +  yje  ~  {cos 9)'^ 

or  the  absorption  coefficient  0(0;)  =  4Trk{u})/X,  the  two  quantities  that  are  directly  mea¬ 
sured. 

We  note  that  in  the  N  K-edge  region,  e2{uj)  and  ei(uj)  -  1  are  of  order  10“^.  For  the 
chosen  angles  near  5°,  we  thus  have  [e  -  1|  of  the  same  order  as  0^,  the  first  term  in  the 
Taylor  expansion  of  {cos 9)'^  —  1  in  the  above  equation.  In  the  limit  where  :§>  [e  —  Ij,  but 

^Obtained  from  D.  K.  Wickenden  at  Applied  Physics  Laboratory,  Johns  Hopkins  University 
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Figure  2:  Nitrogen  K-edge  X-ray  reflection  spectrum  (top)  and  Kramers-Kronig  deduced  ab¬ 
sorption  spectrum  (bottom)  for  p-polarization  (solid  line)  and  s-polarization  (dotted  line)  and 
polarization  averaged  calculated  spectrum  (thin  solid  line). 

still  <  1  we  obtain  by  Taylor  expansion  that  reflectivity  r(aj)  oc  je  -  Ij  and  thus  starts 
resembling  the  absorption  function  since  both  are  dominated  by  the  imaginary  part  €2.  On 
the  other  hand,  the  absolute  reflectivity  drops  dramatically  with  angle  approximately  as 
9^  and  therefore  high  photon  flux  synchrotron  radiation  is  required  to  measure  it. 

RESULTS 

Fig.  1  shows  the  X-ray  absorption  coefficient  of  GaN  as  measured  by  means  of  the 
total  photocurrent  method  compared  with  the  calculated  spectrum.  The  absolute  energy  of 
the  theoretical  spectrum,  which  starts  at  the  conduction-band  minimum,  was  determined 
by  using  the  position  of  Nls  core  level  with  respect  to  the  valence-band  maximum  as 
determined  by  X-ray  photoelectron  spectroscopy  [14]  and  adding  the  experimental  gap. 
Using  this  single  adjusted  parameter,  we  see  that  the  various  peak  positions  are  in  good 
agreement  between  theory  and  experiment  up  to  at  least  10  eV  above  the  edge.  The  peaks 
E-G  appear  to  be  overestimated  by  the  theory.  The  differences  in  intensity  and  some 
apparent  shifts  are  primarily  due  to  the  fact  that  the  calculated  spectrum  is  an  average 
over  polarization  directions  while  the  measurement  is  for  E  _L  c. 

This  becomes  clear  when  considering  the  absorption  spectra  obtained  by  Kramers- 
Kronig  analysis  of  the  X-ray  reflectivity  measurements  in  Fig.  2  for  both  s-  and  p- 
polarization.  One  can  see  that  the  polarization  dependence  is  reponsible  for  the  suppression 
of  peaks  A  and  C  with  respect  to  B  in  E  ±  c  (s-polarization).  Peaks  D  and  D’  are  sup¬ 
pressed  in  E  II  c  (p-polarization)  and  another  peak  D”  at  slightly  higher  energy  appears. 
Peaks  E  and  F  are  more  pronounced  in  p-polarization  and  peak  G  is  shifted  to  higher 
energy.  Similar  polarization  effects  on  the  X-ray  absorption  were  reported  by  Katsikini 
et  al.  [17].  By  comparing  to  the  average  polarization  theoretical  curve  one  can  see  that 
these  apparent  shifts  are  really  due  to  changes  in  relative  intensity.  Similar  relative  shifts 
in  intensity  of  peaks  A-C  were  also  found  in  X-ray  absorption  measurements  on  a  powder 
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Figure  3:  Normalized  reflectivity  spectra  of  the  Nitrogen  K-edge  as  function  of  angle.  Nor¬ 
malization  factors  are  indicated  for  each  curve,  except  for  the  5.3°  case  where  it  is  one.  The 
spectra  are  arbitrarily  shifted  vertically  for  convenience.  The  topmost  curve  gives  the  photoyield 
measurement  of  the  absorption  spectrum  for  comparison. 

sample,  which  is  consistent  with  the  fact  that  randomly  oriented  crystals  exhibit  a  mixture 
of  the  E  II  c  and  E  ±  c  spectra. 

The  good  agreement  in  peak  positions  indicates  that  the  conduction  band  density  of 
states  is  well  described  by  the  local  density  approximation  (LDA).  This  means  that  self¬ 
energy  corrections  beyond  LDA  of  the  unoccupied  states  are  approximately  constant  and 
not  systemetically  increasing  with  energy  above  the  conduction-band  minimum  as  sug¬ 
gested  by  GW  calculations.  [15,  16].  {G  and  W  stand  for  the  exact  one-electron  Green’s 
function  and  screened  Coulomb  interaction  respectively.)  This  conclusion  is  consistent  with 
analysis  of  UV  reflectivity  measurements  [2],  The  peaks  in  partial  density  of  states  can 
further  be  associated  with  speficic  regions  of  the  Brillouin  zone  [5]. 

The  angular  dependence  of  the  s-polarized  reflectivity  spectrum  is  shown  in  Fig.  3.  As 
discussed  above,  it  shows  that  for  increasing  angle  the  spectrum  starts  to  resemble  the  ab¬ 
sorption  spectrum.  The  factor  indicated  along  with  each  curve  indicates  the  normalization 
factor  applied  and  show  that  the  intensitiy  is  dramatically  increasing  for  angles  below  5.3° 
as  expected  from  the  Fresnel  theory.  The  decrease  of  signal  amplitude  for  angles  below  5.3° 
is  an  indication  of  the  rapid  decrease  of  the  penetration  depth  into  the  bulk.  Therefore,  for 
small  angles,  the  oxygen  and  carbon  contamination  layers  of  the  surface  may  overwhelm 
the  GaN  signal  and  only  an  increase  of  the  background  signal  can  be  seen.  In  [5]  we  show 
that  the  relative  intensity  changes  of  the  peaks  in  reflectivity  is  well  reproduced  by  our 
calculations. 

Fig.  4  shows  the  Ga  M2, 3  absorption  spectra  obtained  by  direct  photocurrent  mea¬ 
surement  (under  s-polarization)  as  well  as  by  Kramers-Kronig  analysis  of  X-ray  reflectivity 
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Figure  4:  Gallium  M2, 3-edge  of  X-ray  absorption  spectrum  of  GaN  as  measured  by  total  pho¬ 
tocurrent  (thick  short-dashed  line),  and  from  KK  analysis  of  reflectivity  (thick  solid  line)  com¬ 
pared  to  theory  (long  dashed  line).  Separate  calculated  contributions  of  3pi/2  S'Jid  8^3/2  are 
indicated  by  thin  dashed  and  thin  solid  lines  respectively. 

(under  p-polarization)  compared  to  the  theory.  Again,  some  changes  in  intensity  due  to  the 
different  polarizations  are  apparent  but  due  to  the  overlap  of  the  M2  and  M3  components 
it  becomes  more  cumbersome  to  analyze  them.  It  is  important  to  note  that  again  a  good 
agreement  is  obtained  as  far  as  peak  positions  are  concerned  with  the  LDA  partial  density 
of  states.  Hence  these  measurements  further  support  the  notion  of  a  constant  rather  than 
energy  dependent  shift  of  the  conduction  band  with  respect  to  its  LDA  position,  at  least 
up  to  about  10  eV  above  the  minimum  gap. 

CONCLUSIONS 

X-ray  reflectivity  and  absorption  measurements  on  GaN  were  reported.  Good  agree¬ 
ment  was  obtained  between  the  two  experimental  techniques  and  with  theoretical  calcu¬ 
lations.  A  polarization  dependence  of  the  spectra  was  evidenced  by  using  both  s-  and 
p-poarized  light  in  the  reflectivity  measurements.  First-principles  calculations  indicate 
good  agreement  for  peak  positions  with  LDA  theory  and  hence  support  an  approximately 
constant  rather  than  energy  dendent  self-energy  correction  in  the  first  10  eV  of  the  con¬ 
duction  band. 

The  work  at  CWRU  was  funded  by  the  National  Science  Foundation  under  grant  No. 
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of  Energy.  K.L-J  and  T.S.  kindly  acknowledge  the  financial  support  of  the  Fulbright 
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ABSTRACT 

We  present  first-principles  studies  of  the  effect  of  biaxial  (OOOl)-strain  on  the  electronic 
structure  of  wurtzite  GaN,  and  AIN.  We  provide  accurate  predictions  of  the  valence  band 
splittings  as  a  function  of  strain,  which  may  facilitate  the  interpretation  of  data  from  strained 
samples.  The  conduction  and  valence  band  effective  mass  tensors  for  AIN  and  GaN  are  also 
presented.  The  computed  crystal-field  and  spin-orbit  splittings  in  unstrained  materials  as 
well  as  the  computed  deformation  potentials  are  in  accord  with  available  experimental  data. 
We  show  that  the  numerically  computed  band  energies  can  be  excellently  represented  in 
terms  of  a  6-band  k  •  p  model.  The  present  calculations  are  based  on  the  first-principles 
pseudopotential  method  within  the  local-density  formalism  and  include  the  spin-orbit  inter¬ 
actions  non-perturbatively. 

INTRODUCTION 

The  group-III  nitrides  AIN,  GaN,  and  InN  have  recently  attracted  much  attention  as 
candidates  for  short- wavelength  optical  devices  [1].  The  stable  structure  of  bulk  nitrides  is 
the  wurtzite  structure.  For  these  direct  gap  nitrides,  the  detailed  knowledge  of  the  carrier 
spectra  in  the  vicinity  of  the  center  of  the  Brillouin  zone  is  necessary  for  understanding 
and  design  of  optoelectronic  devices.  Unfortunately,  only  little  is  known  about  the  rather 
complex  structure  of  the  hole  spectra.  Additionally,  the  effect  of  strain  on  the  electronic 
structure  is  appreciable  due  to  the  large  lattice  mismatch  in  nitride  heterostructures. 

In  this  paper,  we  provide  quantitative  ab-initio  predictions  of  the  electronic  structure  of 
group-III  nitrides  as  a  function  of  biaxial  strain.  The  band  structure  near  the  band  gap  and 
the  major  optical  transitions  across  the  energy  gap  are  calculated.  We  have  determined  the 
electron  and  hole  effective  mass  tensors  and  the  deformation  potentials  from  our  ab-initio 
calculations.  These  results  permit  us  to  determine  the  band  parameters  in  terms  of  a  6x6 
k-p  Hamiltonian  for  the  valence  bands  in  the  wurtzite  structure. 

The  band  structures  of  bulk  AIN,  GaN,  and  InN  in  the  wurtzite  and  zincblende  phase 
have  been  studied  before  extensively  [2].  However,  few  reports  have  dealt  with  the  details  of 
the  valence  band  edge  and  strain  effects.  First-principles  calculations  of  the  effect  of  biaxial 
strain  on  the  electronic  structure  of  the  valence  band  edge  in  wurtzite  nitrides  have  been 
recently  presented  [3,  4,  5].  Non-relativistic  ab-initio  calculations  of  the  effective  masses  in 
AIN  and  GaN  have  been  also  performed  [4,  6]. 

In  the  wurtzite  structure,  the  top  of  the  valence  band  at  the  F  point  consists  of  a  doubly 
degenerate  Fg  and  two  doubly  degenerate  Fy  states.  In  GaN,  the  separations  between  these 
states  are  of  the  order  of  10  meV  reflecting  the  comparable  strength  of  the  crystal  field  and 
spin-orbit  interactions.  The  exciton  energies  corresponding  to  these  split  valence  edge  states 
have  been  recently  measured  in  strained  GaN  films  [7], 

Employing  the  relativistic  local  density  functional  pseudopotential  method  and  elasticity 
theory,  we  have  analyzed  the  electronic  band  energies  of  three  different  wurtzite  structure 
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nitrides  as  a  function  of  biaxial  and  hydrostatic  strain.  It  turned  out  to  be  crucial  to  fully 
optimize  internal  structural  parameters  that  are  not  determined  by  the  symmetry,  in  order 
to  ensure  reliable  and  truly  quantitative  results. 

THEORY 

First-principles  calculations 


Our  calculations  are  based  on  the  first-principles  total-energy  pseudopotential  method 
within  the  local-density-functional  formalism  [8].  We  have  used  norm-conserving  separable 
pseudopotentials  [9,  10]  and  a  preconditioned  conjugate  gradient  algorithm  [11]  for  mini¬ 
mizing  the  total  crystal  energy  with  respect  to  the  electronic  as  well  as  the  ionic  degrees  of 
freedom.  These  pseudopotentials  are  highly  transferable,  yet  sufficiently  soft  so  that  a  kinetic 
energy  cutoff  of  62  Ry  suffices  to  yield  converged  total  energies.  We  have  used  14  special 
points  [12]  for  the  k-space  integrations.  The  semicore  Ga  3d-electrons  are  treated  as  part 
of  the  frozen  core,  but  their  considerable  overlap  with  the  valence  electrons  is  accounted  for 
by  including  the  nonlinear  core  exchange-correlation  correction  [13].  This  procedure  yields 
lattice  constants,  atomic  positions,  and  bulk  moduli  in  very  good  agreement  with  experi¬ 
ment  [5] .  In  order  to  realistically  account  for  the  interplay  between  strain  and  the  spin-orbit 
interaction,  we  have  taken  into  account  relativistic  effects  nonperturbatively  by  using  rela¬ 
tivistic  pseudopotentials.  This  method  has  been  shown  to  predict  spin-orbit  splittings  very 
reliably  in  other  III-V  compounds  [14]. 

We  have  calculated  the  unstrained  electronic  band  structures  with  the  experimental 
lattice  constants  Uq  and  cq.  This  is  known  to  yield  valence  band  splittings  in  GaN  that  are  in 
better  agreement  with  experiment  than  those  calculated  at  the  self-consistently  determined 
theoretical  lattice  constants  [4] .  The  changes  in  lattice  constants  with  strain  are  determined 
according  to  elasticity  theory  with  experimental  elastic  constants  [15,  16].  For  a  given  in¬ 
plane  lattice  constant  a,  corresponding  to  the  in-plane  strain  €xx  =  £yy  =  a/ao  ~  Ij  the 
lattice  constant  along  the  hexagonal  axis  is  given  by  c  =  Co(l  -f-  cxe^x),  where  a  =  — 2C13/C33 
for  biaxial  strain,  and  a  =  (cu  -I-  C12  -  2ci3)/(c33  —  C13)  for  hydrostatic  pressure.  The 
strain  component  equals  ae^x-  Once  the  lattice  constants  are  given,  we  have  performed  a 
full  optimization  of  the  atomic  positions  within  the  unit  cell  by  calculating  the  Hellmann- 
Feynman  forces.  The  latter  determine  the  distance  uc  between  cation  and  anion  along  the 
c-axis.  This  optimization  of  u  has  a  significant  influence  on  the  valence  band  splittings  [4, 
5,  6]. 

Model  6  X  6  k  •  p  Hamiltonian 


The  valence-band  spectrum  in  the  neigborhood  of  the  band  edge  of  wurtzite  type  mate¬ 
rials  can  be  reproduced  by  a  6  x  6  matrix  k-p  Hamiltonian  that  includes  one  Fg  and  two  Fy 
band  states  [17,  18,  19].  This  matrix  also  includes  terms  that  are  linear  in  the  strain  tensor. 
For  biaxial  or  hydrostatic  strain,  these  strain  dependent  matrix  elements  are  proportional  to 
four  deformation  potentials  Di,  D2,  D3,  D4.  Three  parameters  Ai,  A2,  and  A3  describe  the 
splittings  of  the  valence  band  maximum  (k  =  0)  and  seven  parameters  Ai. .  .A^  determine 
the  dispersions  along  different  directions  in  the  Brillouin  Zone.  In  the  present  paper  we  use 
the  definition  of  these  valence  band  parameters  and  deformation  potentials  given  in  Ref. 
[19], 
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In  the  absence  of  the  spin-orbit  coupling,  the  Hamiltonian  can  be  diagonalized  analyt¬ 
ically.  For  zero  strain,  the  doubly  degenerate  energies  of  the  valence  band  maximum  are 
conventionally  written  as 

-^(rg)  =  -Ai -f  A2  ,  (1) 

+  (2) 

=  4  (t  +  -  /(^)%2Af  .  (3) 

The  constants  A2  and  A3  are  spin-orbit  Hamiltonian  matrix  elements,  whereas  Ai  is  con¬ 
ventionally  termed  crystal-field  splitting.  When  Ai  >  0,  as  is  the  case  in  GaN  and  InN  [5, 
18],  the  ordering  of  these  band  states  is  r7_  <  r7+  <  Fg.  For  Ai  <  0,  which  is  the  case  for 
AIN  [5,  18],  the  states  form  the  sequence  r7_  <  Fg  <  F7+.  The  Fg  state  is  always  termed 
heavy-hole  {hh)  state  and  the  energy  below  forms  the  light-hole  state  (Ih).  This  is  F7+  for 
GaN,  and  InN  and  r7_  for  AIN.  The  third  eigenvalue  defines  the  crystal  field  split-off  state 
(cs).  These  definitions  are  kept  for  k  7^  0. 

The  shift  of  the  conduction  band  edge  at  F-point  with  strain  and  the  band  dispersion  in 
the  vicinity  of  this  point  is  governed  by  two  deformation  potentials  Die  ,  and  T>2c  and  two 
effective  masses  {m}j,  and  mf),  respectively, 

-E'c(k)  ~  Ec{0)  H - 1  H - L-5— — Dic^zz  +  D2c{^xx  +  ^xx)  ■  (4) 

2my 

We  measure  this  strain  dependence  relative  to  the  center  of  gravity  of  the  valence  band. 
RESULTS 

Effective  masses  and  valence  band  splittings 

For  unstrained  wurtzite  GaN,  the  present  ab-initio  calculations  predict  £’ft/i(Fg)  -  Eih{r7+) 
=  6.8  meV  (6  meV  [20],  [21],  [22]  )  and  EhhiTg)  -  EcsiTj-)  =  33.7  meV  (28meV  [21],  25meV 
[22],  23meV  [20])  in  fair  agreement  with  experimental  data  (given  in  parenthesis)  of  bulk 
GaN  and  epitaxial  GaN  films  that  are  believed  to  be  strain  free.  In  InN,  the  hh  —  Ih  and 
hh  —  cs  splittings  are  predicted  to  be  5  meV  and  34  meV,  respectively.  In  AIN,  EcsiT'j^) 
forms  the  top  of  the  valence  band,  and  the  calculations  yield  the  cs  —  hh  and  hh  —  lh  splitting 
to  be  equal  to  212  meV  and  14  meV,  respectively. 

The  calculated  components  of  the  effective  mass  tensor  at  F  for  electrons  and  holes  in 
AIN  and  GaN  are  given  in  Table  I. 


Table  1.  Electron  and  hole  effective  masses  (in  units  of  mg) 


mi 

^hh 

Kh 

^ih 

'^k 

mL 

AIN 

0.32 

0.33 

3.52 

0.73 

3.44 

0.73 

0.26 

4.49 

GaN 

0.18 

0.20 

2.09 

0.37 

0.74 

0.39 

0.18 

0.94 

The  masses  were  calculated  by  numerical  differentiation  of  the  dispersion  relations  obtained 
from  the  present  relativistic  ab-initio  calculations.  The  calculated  conduction  band  masses 
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for  GaN  are  in  good  agreement  with  recent  optically  detected  cyclotron  resonance  data 
[23]  that  givea  polaron  mass  of  0.22mo.  The  corresponding  bare  mass  is  estimated  to  be 
0.20mo  [23].  We  are  not  aware  of  experimental  data  on  the  valence  band  effective  masses 
in  nitrides.  The  predicted  hole  masses  show  a  strong  anisotropy.  We  have  excluded  the 
calculated  masses  of  InN  from  Table  I  since  the  LDA  calculations  grossly  underestimate  the 
energy  gap  of  wurtzite  InN  (it  is  only  0.1  eV)  and  are  therefore  unlikely  to  yield  reliable 
masses. 

Biaxial  strain  effects 


Very  recently,  free  exciton  lines  at  F  have  been  measured  in  epitaxial  GaN  films.  In 
the  same  samples,  the  amount  of  strain  could  be  directly  measured  by  X-rays  [7].  These 
data  allow  us  to  directly  compare  theory  with  experiment,  as  depicted  in  Fig.  1.  We  have 
increased  all  valence  to  conduction  band  transition  energies  by  a  rigid,  strain-independent 
self  energy  of  1.209  eV.  In  this  way,  the  calculated  hh  to  conduction-band  transition  energy 
for  zero  pressure  coincides  with  the  observed  exciton  transition  energy  of  3.4745  eV  measured 
for  bulk  GaN  [21].  Fig.  1  shows  excellent  agreement  between  theory  and  experiment  for  all 
other  transition  energies.  This  may  help  to  determine  the  actual  strain  in  epitaxial  films 
from  the  measured  optical  excitonic  spectra.  We  notice  that  for  a  tensile  strain  of  about 
0.2%  the  light-hole  band  becomes  the  top  of  the  valence  band. 


Biaxial  strain  [%] 


Figure  1:  Comparison  of  experimental  free  exciton  ener¬ 
gies  of  strained  GaN  from  Ref.  7,  and  unstrained  GaN  [21] 
(full  dots,  squares,  and  triangles  denote  energies  of  A,  B, 
and  C  exciton  lines,  respectively)  with  present  theoretical 
calculations  (lines).  The  theoretically  calculated  energies 
were  rigidly  shifted  by  1.209  eV.  This  energy  shift  includes 
the  self-energy  correction  to  the  LDA  gaps  and  the  exciton 
binding  energy. 


Valence  band  parameters  and  deformation  potentials 


From  the  calculated  band  structures,  we  have  determined  all  parameters  in  the  6  x  6 
k-p  Hamiltonian,  following  the  notation  of  Ref.[19].  In  order  to  determine  Ai  independently 
from  A2  and  A3,  we  have  also  performed  nonrelativistic  calculations.  From  the  relativistic 
bands,  we  can  deduce  A2  and  A3.  The  parameters  A1...A5  can  easily  be  determined  from 
the  effective  masses  parallel  and  transverse  to  the  hexagonal  axis.  Since  the  masses  are 
independent  of  Aq,  it  is  difficult  to  determine  this  parameter  from  the  eigenvalues  at  small 
k.  Therefore,  we  have  used  the  quasicubic  model  that  gives  Aq  =  {A^-\-AA^)/\/2.  Finally,  Aj 
can  be  determined  from  the  spin  splittings  of  the  bands  along  the  direction  orthogonal  to  the 
hexagonal  axis.  In  order  to  determine  the  valence  {D^  and  £>4)  and  conduction  deformation 
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potentials  {Die  and  D2c),  we  have  computed  the  derivative  {dEi/dexx)\e=o,  i  =  valence  and 
conduction  band,  for  two  different  strain  tensors. 

The  complete  sets  of  k-p  parameters  for  AIN  and  GaN  are  summarized  in  Tables  II.  The 
conduction  band  deformation  potentials  Die  and  D2c  are  equal  to  -10.23  eV  and  -9.65  eV 
for  AIN,  and  -9.47  eV,  -7.17  eV  for  GaN,  respectively. 

Table  II.  Valence  band  parameters  of  the  6  x  6  k  •  p  model  for  AIN  and  GaN.  Ai,  A2,  and 
A3  are  given  in  meV,  all  other  parameters  in  eV. 


Ai 

A2 

A3 

Ai 

A2 

A3 

A4 

A5 

Ae 

At 

D3 

D4 

AIN 

-219 

6.6 

6.7 

-3.82 

-0.22 

3.54 

-1.16 

-1.33 

-1.25 

0.00 

9.02 

-3.99 

GaN 

24 

5.4 

6.8 

-6.40 

-0.80 

5.93 

-1.96 

-2.32 

-3.02 

-0.026 

6.26 

-3.29 

In  Fig.  2,  we  depict  the  calculated  valence  band  edge  structure  of  wurtzite  GaN  perpen¬ 
dicular  to  the  hexagonal  axis  (F  M)  for  three  different  biaxial  strains.  The  discrepancies 
between  the  full  diagonalization  of  the  Hamiltonian  and  the  6-band  k  -p  model  are  negligible 
up  to  wave  vectors  of  the  order  of  0.15  A“F 


0.04 

0.00 

> 

^  -0.04 
D) 

c  -O  OS 
HI 

-0.12 

-0.16 


Figure  2:  Valence-band  dispersions  along  the  transverse  axes  for  biaxially  strained  and  unstrained  wurtzite 
GaN.  The  full  dots  denote  the  present  ab-initio  results,  whereas  the  lines  represent  the  solutions  of  the  6  x 
6  k  •  p  model  Hamiltonian  with  the  parameters  from  Table  II. 


CONCLUSIONS 

In  summary,  we  have  predicted  the  hole  effective  mass  tensor  for  AIN  and  GaN.  We  have 
determined  the  parameters  of  6-band  model  Hamiltonian  that  very  accurately  reproduces 
the  hole  spectra  near  the  valence  band  edge  in  biaxially  strained  AIN  and  GaN. 
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ABSTRACT 

The  results  of  theoretical  studies  of  the  bulk  and  interface  properties  of  nitrides  are 
presented.  As  a  test  the  bulk  properties,  including  phonons  of  GaN  at  the  P-point,  are  cal¬ 
culated  and  found  to  be  in  excellent  agreement  with  the  experimental  data.  At  interfaces, 
the  strain  effects  on  the  band  offsets  range  from  20%  to  40%,  depending  on  the  substrate. 
The  AlN/GaN/InN  interfaces  are  all  of  type  I,  while  the  Alo.5Gao.5N  on  AIN  zinc-blende 
(001)  interface  is  of  type  11.  Further,  an  interface  similar  to  those  used  in  the  recent  blue 
laser  diodes  is  of  type  I  and  does  not  have  any  electronically  active  interface  states.  The 
valence  band-offset  in  the  (0001)  GaN  on  AIN  interface  is  -0.57  eV  and  the  conduction 
band-offset  is  1.87  eV. 

INTRODUCTION 

Interest  in  wide  band-gap  nitrides  is  stems  from  possible  applications  in  blue/UV  light- 
emitting  diodes  and  lasers,  and  in  high-temperature  electronics  [1,  2].  The  recent  demon¬ 
stration  of  stimulated  emission  in  the  blue  region  has  served  to  highlight  the  potential  of 
nitride-based  devices.  [3] 

In  this  paper  we  describe  several  of  our  recent  results  [4]  concerning  the  bulk  properties 
of  the  III-V  nitrides  and  their  interfaces. 

Using  novel  pseudopotentials  that  permit  the  treatment  of  the  Ga  3-d  and  In  4-d 
electrons  as  core  electrons,  we  have  investigated  the  bulk  properties  of  the  nitrides  and 
also  phonons  in  GaN.  With  these  pseudopotentials,  we  have  also  studied  interfaces  of 
AlN/GaN/InN  [4].  The  calculated  values  of  the  valence-band  offset  for  AIN  on  GaN  is 
-0.44  eV,  while  for  GaN  on  AIN  it  is  -0.73  eV,  indicating  that  the  effects  of  strain  on  the 
valence-band  offset  are  significant.  The  band  offsets  between  AIN,  GaN  and  InN  were 
computed  using  the  AIN  in-plane  lattice  constant  and  including  strain  effects.  They  are 
all  of  type  I  and  the  transitivity  rule  is  satisfied.  We  have  also  studied  the  zinc-blende 
(001)  Alo.5Gao.5N  on  AIN  and  Alo.2Gao.8N  on  Ino.iGao.gN  interfaces  in  the  virtual  crystal 
approximation.  The  latter  is  based  upon  the  laser  diode  of  Nakumura  et  al.  [3]. 

The  standard  ab  initio  plane- wave  pseudopotential  method  was  employed  in  the  calcu¬ 
lations.  For  the  phonons,  density  functional  linear  response  theory  [5]  was  used.  Further 
details  can  be  found  in  Ref.  [4].  An  efficient  multigrid-based  method  that  uses  a  real-space 
grid  as  a  basis  was  also  used  in  connection  with  a  large  cell  in  order  to  simulate  an  interface 
based  on  the  recently  demonstrated  blue  laser  diode  [6]. 

BULK  PROPERTIES 

The  calculated  bulk  properties  are  presented  in  Table  1.  In  general,  agreement  with 
experiment  is  excellent  [4]. 
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Table  1:  Calculated  bulk 
properties  of  zinc-blende 
and  wurtzite  nitride  semi¬ 
conductors.  The  values 
of  the  gap  at  the  F-pt 
{El')  and  of  the  valence- 
band  width  (AEyby,)  are 
the  LDA  results.  Note 
that  the  LDA  indirect 
gap  in  zinc-blende  AIN  is 
3.2  eV.  Experimental  val¬ 
ues  are  in  brackets  and 
follow  Ref.  [7]. 

For  comparison,  the  bulk  properties  of  GaN  were  calculated  with  the  3d-electrons  of 
gallium  as  valence  electrons  after  Ref.  [7].  With  a  cut-off  of  240  Ry,  we  find  Aq  =  4.46  A 
and  Bq  =  2.14  Mbar.  The  quality  of  agreement  of  this  result  with  experiment  is  of  the 
same  order  as  our  calculations  employing  pseudopotentials  with  the  d-electrons  in  core. 

Table  2;  Elastic  constants  calcu¬ 
lated  for  zinc-blende  AIN,  GaN 
and  InN  (in  units  of  MBar).  The 
experimental  values,  in  brackets, 
are  from  Ref.  [8]. 

The  calculated  elastic  constants  are  shown  in  Table  2.  These  elastic  constants  were  used 
to  determine  the  strain  present  in  interfaces.  In  addition,  we  have  calculated  the  band- 
gap  deformation  potential  for  zinc-blende  GaN  and  find  it  to  be  -8.9  eV.  Experimental 
measurements  are  available  only  for  wurtzite  and  they  range  from  -7.8  to  -9.8  eV.  Since 
in  a  previous  theoretical  calculation  of  this  quantity,  the  values  for  wurtzite  and  zinc- 
blende  were  found  to  be  very  close,  our  results  are  in  good  agreement  with  the  existing 
experimental  data  and  we  expect  that  our  treatment  of  strain  effects  on  the  band  structure 
is  accurate.  The  frequencies  of  the  phonon  modes  at  the  F-point  are  shown  in  Table  3. 
The  agreement  with  experiment  is  satisfactory. 


cii  (10^^  dyne/cm^) 

ci2  (10^^  dyne/cm^) 

GaN 

26.62  (26.4) 

15.49  (15.3) 

AIN 

24.85 

13.37 

InN 

20.24 

12.96 

AIN 

GaN 

InN 

zinc-blende 

ao  (A) 

4.37  (4.38) 

4.51  (4.50) 

5.01  (4.98) 

Bo  (MBar) 

2.02  (2.02) 

1.92  (1.90) 

1.58  (1.37) 

Er  (eV) 

4.09 

2.15  (3.45) 

0.16 

(eV) 

14.86 

15.73 

14.01 

wurtzite 

o  (A) 

3.09  (3.11) 

3.20  (3.19) 

3.55  (3.54) 

c/a 

1.62  (1.60) 

1.63  (1.63) 

1.63  (1.61) 

u  (units  of  c) 

0.378  (0.382) 

0.376  (0.377) 

0.375 

Bo  (MBar) 

1.99  (2.02) 

1.91  (1.95,  2.37) 

1.62  (1.26,  1.39) 

Er  (eV) 

4.44  (6.28) 

2.29  (3.50) 

0.16  (1.89) 

AE,f,^  (eV) 

14.89 

15.60 

14.00 

Present  Theory 

Experiments 

138 

144 

334 

- 

Ai 

556 

533 

El 

568 

560 

El 

574 

568 

Bf 

694 

- 

Table  3;  Phonon  dispersion  at 
F  in  wurtzite  GaN.  Experimental 
data  are  from  Ref.  [8]. 
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INTERFACES  OF  WIDE-GAP  NITRIDES 


Superlattices  based  upon  the  nitrides  will  be  strained  as  a  result  of  the  lattice-mismatch 
between  AIN  and  GaN  (2.5%)  and  between  InN  and  AIN  (12.1%).  The  interface  energy, 
defined  as  the  excess  or  deficit  energy  due  to  the  presence  of  the  interface,  is  extremely 
small,  namely  ^  1  meV/atom,  which  is  of  the  order  of  the  precision  of  the  calculations. 
The  interfaces  therefore  show  similar  bonding  characteristics. 

The  band  offsets  of  the  strained  heterojunctions  have  also  been  studied.  As  the  elastic 
energy  of  GaN  on  AIN  is  lower  than  the  elastic  energy  of  AIN  on  GaN,  AIN  is  taken  to 
be  the  substrate  in  all  of  the  cases  presented  below.  The  valence-band  offsets  shown  in 
Table  4  indicate  that  the  effect  of  strain  on  the  value  of  the  valence-band  offset  in  GaN 
on  AIN  is  significant.  In  each  case,  VBOave  was  computed  from  the  average  of  the  split 
valence-band  manifold. 


AV 

VBO 

VBOave 

AIN  lattice  constant 

1.05 

-0.73 

-0.55 

Average  lattice  constant 

0.33 

-0.58 

-0.53 

GaN  lattice  constant 

0.74 

-0.44 

-0.53 

Table  4:  Electrostatic  potential 
line-up  AF  and  valence-band 
offsets,  VBO  and  VBOave-  All 
quantities  are  in  eV  and  are 
quoted  with  respect  to  AIN. 


We  also  investigated  the  band  offsets  of  the  (001)  GaN  on  AIN,  InN  on  AIN  and  InN  on 
GaN  strained  hetero junctions.  The  band  offsets  are  shown  in  Figure  1.  In  determining  the 
conduction-band  offsets,  the  conduction  band  minima  were  shifted  to  their  experimental 
values  using  the  so-called  scissors  operator.  In  each  case,  the  interface  is  of  type  I  and, 
overall,  the  transitivity  rule  is  satisfied.  Further,  there  are  no  interfaces  states  in  the  gap 
of  the  superlattice  and  the  states  at  the  top  of  the  valence  band  are  largely  confined  to  the 
epilayer  with  the  smaller  gap. 

AIN  GaN  AIN  InN  GaN  InN 


CB 


VB 


0.73  eV 


;  V 


Figure  1:  Calculated  band  offsets  for  the  three  interfaces  described  in  the  text  (an  AIN 
substrate  is  assumed). 

The  case  of  the  wurtzite  (0001)  GaN  on  AIN  interface  was  examined.  As  for  the  (001) 
interfaces,  strain  effects  were  included  using  macroscopic  elasticity  theory  [10]  and  a  total 
energy  optimization.  The  calculated  valence-band  offset  is  estimated  to  be  -0.57  eV.  This 
value  is  smaller  than  the  result  for  the  strained  non-polar  (001)  GaN  on  AIN  interface. 
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The  ratio  of  the  conduction-band  to  valence-band  offset  is  65:20.  These  values  agree  well 
with  the  experimental  measurements  of  the  (0001)  wurtzite  interface  [11]. 

The  low  symmetry  of  the  wurtzite  system  means  that  pyroelectric  and  piezoelectric 
behavior  may  be  present[12].  In  accordance  with  the  observations  of  Satta  and  coworkers 
[15],  we  find  that  there  is  a  substantial  electric  field  in  (0001)  strained  GaN  on  AIN.  We 
have  calculated  the  spontaneous  bulk  polarization  of  unstrained  AIN  and  the  strain  induced 
polarization  for  the  GaN  epilayer  [16]  in  order  to  distinguish  the  bulk  pyroelectric  and 
piezoelectric  contributions  to  this  field  from  that  induced  by  the  interface.  The  spontaneous 
polarization  (P3)  of  AIN  and  GaN  in  equilibrium  are  -1.227  //C/cm^  and  -0.448  /xC/cm^ 
respectively;  the  polarization  of  the  strained  GaN  is  -0.454  /iC/cm^.  These  values  are 
comparable  to  the  computed  bulk  polarization  in  BeO  [16].  The  estimated  contribution  of 
the  interface  dipole,  which  includes  the  response  of  one  epilayer  to  the  field  of  the  other, 
is  only  0.057  /iC/cm^.  It  is  an  order  of  magnitude  smaller  and  has  the  opposite  sign  to 
the  bulk  polarizations.  The  computed  value  of  the  polarization  in  the  multi-quantum-well 
agrees  with  that  estimated  from  experiment  by  Martin  et  al.  [11]. 

The  band  offsets  can  be  tuned  both  through  changes  to  the  strain  in  the  system  and 
changes  to  the  electronic  structure  accomplished  by  alloying.  The  virtual  crystal  approxi¬ 
mation,  in  which  the  pseudopotentials  of  the  constituent  species  are  averaged  according  to 
their  fractional  composition  [17],  is  the  theoretical  tool  by  which  this  was  achieved.  Strain 
effects  were  explicitly  included  using  macroscopic  elasticity  theory  (using  the  theoretically 
determined  elastic  constants)  and  a  total  energy  minimization.  The  values  for  scissors  cor¬ 
rections  of  the  band  gap  of  the  alloys  were  estimated  using  a  Vegard-type  rule,  namely  the 
gap  of  the  alloy  was  taken  to  be  the  average  of  the  band  gap  of  the  pure  phase  weighted 
by  its  fractional  composition. 

We  first  analyzed  the  behavior  of  the  zinc-blende  (001)  Alo.5Gao.5N  on  AIN  interface. 
As  opposed  to  the  situation  in  the  pure  nitride  interfaces,  this  particular  alloy  interface  is  a 
staggered  type  II  interface  and  a  change  in  the  character  of  the  interface  is  to  be  expected 
upon  variation  in  the  Ga  concentration.  In  pure  zinc-blende  AIN,  the  gap  is  indirect 
{T\  ->  Xf),  while  the  gap  in  pure  zinc-blende  GaN  is  direct.  In  superlattices  grown  along 
the  (001)  direction  X  is  folded  into  T  and  the  gap  is  determined  by  the  smaller  of  the  two. 
In  the  alloy,  the  gap  at  T  is  much  more  strongly  dependent  upon  the  gallium  composition 
than  is  the  gap  at  X.  Consequently,  the  dependence  of  the  conduction  band  offset  on 
gallium  concentration  has  two  distinct  regimes:  for  small  gallium  concentrations,  (<  50%), 
where  the  gap  is  at  A,  AEgap  is  small,  the  VBO  dominates  and  the  interface  is  of  type  II; 
for  large  gallium  concentrations,  where  the  gap  is  at  F,  the  larger  difference  in  the  gaps 
make  the  interface  of  type  I.  This  behavior  is  common  to  other  systems,  like  Ali_a;Gaa;As 
on  AlAs,  where  the  same  effect  has  been  experimentally  observed  [18]. 

In  the  same  theoretical  framework,  we  also  studied  an  alloy  interface  based  upon  the 
nitride-based  multi-quantum-well  structure  that  Nakumura  et  al.  [3]  used  to  demonstate 
stimulated  emission  in  the  blue  region  of  the  spectrum.  The  band  offsets  are  for  the  valence 
and  conduction  band  -0.26  eV  and  0.70  eV  respectively.  The  interface  is  of  type  I  and 
there  are  no  interface  states  in  the  gap.  To  verify  this  latter  conclusion,  we  have  simulated 
the  multi-quantum- well  using  a  192  atom  cell  in  which  we  have  not  made  the  virtual 
crystal  approximation  but,  rather,  have  used  a  number  of  atoms  exactly  corresponding  to 
the  concentration  of  each  epilayer,  namely  Alo.2Gao.8N  and  Ino.1Gao.9N.  This  calculation 
confirmed  the  absence  of  electrically  active  interface  states. 

The  omission  of  the  anion  p-  and  cation  d-state  repulsion  [9],  spin-orbit  effects  and 
the  well-known  neglect  of  many-body  effects  in  the  LDA  constitute  the  major  sources  of 
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syst6ni£itic  6rror.  Spin-orbit  effects  in  both  AIN  and  GaN  have  been  shown  to  be  of  the 
order  of  20  meV,  so  that  their  difference  is  indeed  negligible  [19].  In  GaN  on  AIN  interfaces, 
the  inclusion  of  the  Sd-electrons  as  valence  electrons  results  in  a  constant  shift  of  0.2  eV, 
which  is  less  than  the  experimental  error  [11],  and  does  not  change  the  character  of  the 
interface.  Incorporating  this  shift  gives  results  in  agreement  with  previous  estimates  using 
a  d- valence  pseudopotential  [20]  and  an  all-electron  calculation  [21].  The  importance  of 
many-body  effects  on  the  band  offsets  is  not  known. 
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ABSTRACT 

We  present  a  first-principles  characterization  of  the  initial  stages  of  formation  of  AIN 
films  on  c-plane  SiC  substrates.  Studying  the  competition  between  two-dimensional  films 
and  three-dimensional  islands  as  a  function  of  A1  and  N  abundances,  we  find  that  a  two- 
dimensional  film  can  wet  the  surface  in  N-rich  conditions.  Ordered  layer-by-layer  growth 
can  proceed  to  some  extent  on  this  wetting  layer,  and  is  improved  by  the  formation  of 
an  atomically  mixed  interface  which  eliminates  interface  charge  accumulation.  Our  results 
indicate  that  the  stable  AIN  films  grow  in  the  (0001)  orientation  on  the  Si-terminated 
SiC(OOOl)  substrate. 

INTRODUCTION 

The  group  Ill-nitride  compounds  are  wide  band  gap  materials  having  a  strong  ionic  com¬ 
ponent  in  the  atomic  bonds.  Because  of  their  potential  for  applications  in  optoelectronics 
and  high-temperature  electronics,  they  have  recently  attracted  a  great  deal  of  interest.  The 
difiBculty  of  growing  high  quality  epitaxial  nitride  films  on  the  most  commonly  available  sub¬ 
strate,  sappWre,  has  been  a  central  chsdlenge  in  the  development  of  nitride-based  devices. 
Silicon  carbide  is  currently  studied  as  an  alternative  substrate  [1-5]. 

Because  of  its  reasonably  close  lattice  match  (~  1  %)  to  SiC,  AIN  has  been  successfully 
employed  as  a  buffer  layer  for  growth  of  nitride  films  on  SiC.  It  has  been  demonstrated  that 
AIN  undergoes  two-dimensionad  (2D)  growth  on  SiC(OOOi)  up  to  a  thickness  of  ~15  A  [1,2]. 
An  issue  which  has  arisen  in  connection  with  the  growth  of  AIN  on  SiC(OOOl)  is  that  of  the 
preferred  orientation  of  the  epitaxial  film.  From  a  simple  analysis  of  Transmission  Electron 
Microscopy  (TEM)  images,  Ponce  et  al  [3]  argued  that  the  polarity  of  AIN  on  Si-terminated 
SiC(OOOl)  would  correspond  to  the  Al-tenninated  surface.  This  conclusion  is  opposite  to 
a  previous  experimental  determination  of  the  polarity  of  GaN  on  Si-terminated  SiC(OOOl) 
made  by  Sasaki  and  Matsuoka  [4]  on  the  basis  of  X-ray  photoemission  spectroscopy. 

In  this  paper  we  present  a  microscopic  characterization  of  the  initial  stages  of  formation 
of  the  AlN/SiC(0001)  interface  based  on  first  principles  total  energy  calculations.  We 
address  the  question  of  the  polarity  of  the  epitaxial  film  as  well  as  the  energetics  of  2D  vs. 
three-dimensional  (3D)  growth.  We  argue  that  the  initial  2D  growth  mode  is  a  consequence 
of  AIN  having  a  lower  surface  energy  than  SiC.  We  have  analyzed  many  possible  epitaxial 
structures  having  between  1  and  4  monolayers  (MLs)  of  AIN.  These  films  span  a  wide  range 
of  Al  and  N  stoichiometries  md  exhibit  a  variety  of  different  surfcice  reconstructions.  For  all 
the  structures  we  have  studied,  we  find  that  a  (OOOl)-oriented  film  is  preferred  energetically 
with  respect  to  its  (0001  )-oriented  counterpart:  the  preferred  orientation  corresponds  to 
the  formation  of  an  Al-terminated  AIN  film  on  Si-terminated  SiC.  We  have  also  identified 
certain  2D  films  which  are  stable  with  respect  to  3D  cluster  formation,  suggesting  that 
an  initial  layer-by-layer  growth  of  AIN  on  SiC  is  energetically  favorable.  This  result  is 
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consistent  with  recent  experimental  indications  [1]  of  good  wetting  behavior  of  AIN  on  SiC. 


METHOD 

We  have  simulated  by  repeated  supercells  AlN/SiC  structures  having  1x1,  \/3  x  \/^  and 
2x2  surface  periodicities.  For  all  the  structures  considered,  the  equilibrium  geometries 
have  been  calculated  in  a  dynamical  approach  according  to  Car  and  Parrinello  [6-8],  in 
which  the  electronic  structure  is  updated  along  with  the  atomic  positions.  Details  of  the 
technical  parameters  used  in  our  calculations  can  be  found  elsewhere  [9], 

Since  we  have  studied  geometries  including  different  numbers  of  N  and  A1  atoms,  in 
describing  their  energetical  competition  we  have  taken  into  account  the  chemical  potentials 
of  A1  and  N.  The  relative  energy  of  each  phase  with  respect  to  a  given  reference  phase  is 
expressed  as 

AE  =  AEo  -  {An At  —  AnN){fiAi  — 

In  writing  this  expression  we  have  assumed  that  the  stnictmres  are  in  equilibrium  with  large 
AIN  islands  and  have  therefore  enforced  the  constraint  fiAi  -\-  fiN  =  f^AiN{buik)-  f^Ai  and  f^N 
are  the  chemical  potentials  of  A1  and  N  respectively,  uai  and  ns  are  the  numbers  of  A1  and 
N  atoms  in  the  structures,  fiAiibuik)  is  the  A1  chemical  potential  in  fee  Al,  and  AEq  is  the 
relative  energy  in  Al-rich  conditions.  The  Al  chemical  potential  varies  between  a  maximum 
allowed  value  of  fiAi{bu!k)  and  a  minimum  allowed  value  of  fiAi{buik)  -  AH,  where  AH  is  the 
heat  of  formation  of  bulk  AIN. 

RESULTS  AND  DISCUSSION 

If  the  surface  energy  of  material  A  is  much  less  than  that  of  material  B,  then  one  expects 
that  a  2D  film  comprised  of  material  A  will  wet  material  B,  The  criterion  for  the  stability 
of  the  film  is 

^ini  "h  ^Jilm  ^  ^rubi 

where  cr,„f  is  the  interftice  energy,  and  <7jum  and  are  the  surface  energies  of  the  film  and 
of  the  substrate  respectively,  <Jint  is  usually  small  in  comparison  to  the  surface  energies, 
hence  it  is  useful  to  calculate  the  surface  energies  of  the  substrate  and  of  the  overlayer  in 
order  to  predict  whether  wetting  will  occur.  We  have  calculated  the  surface  energies  for  the 
non-polar  surfaces  [10,11]  of  AIN,  GaN,  and  SiC,  employing  stoichiometric  ideal  topology 
structures,  and  the  results  are  reported  in  Table  1.  It  is  shown  there  that  the  surface 
energies  of  the  nitrides  are  lower  than  those  of  SiC  for  both  the  (lOlO)  and  the  (1120) 
orientations.  In  particular,  <t^w(ioio)  ~  <^5tC(ioIo)  —  —0.27  eV/(l  x  1).  By  calculating  the 
formation  energy  of  the  1x1  structure  AlN/SiC(1010),  obtained  by  replacing  Si  with  Al 
and  C  with  N  in  the  top  SiC(lOiO)  layer,  we  actually  verified  that  the  interface  energy  is 
very  small,  ~  0.05  eV/(l  x  1),  and  that  the  stability  of  the  film  is  a  consequence  of  the 
lower  surface  energy.  Hence,  on  the  basis  of  the  values  of  the  surface  energies,  one  can 
predict  that  AIN  and  GaN  will  wet  the  non-polar  surfaces  of  SiC. 

Turning  to  the  polar  (0001)  direction,  we  find  that  the  addition  of  an  Al-terminated 
1x1  bi-layer  of  AIN  to  the  1  x  1  ideal  surface  of  SiC  lowers  the  surface  energy  by  0.33 
eV/(l  X 1).  In  this  case  we  are  faced  with  the  complication  that  stoichiometric  ideal  topology 
structures  are  not  necessarily  appropriate  for  the  interface.  The  1x1  ideal  surface  of  SiC 
is  not  a  particularly  good  model  for  the  SiC  surface  which,  after  all,  exhibits  a  complex 
reconstruction  [12].  Hence,  from  the  analysis  of  only  the  1x1  models,  it  is  not  possible 
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Table  I:  Surface  energies  of  non-polar  surfaces  of  AIN,  GaN,  and  SiC,  and  formation  energies 
for  nitride  overlayers  on  SiC. 


SiC 

AIN 

GaN 

AlN/SiC 

eV/(l  X  1) 

eV/(l  X  1) 

eV/(l  X  1) 

eV/(l  X  1) 

IMI 

-0.22 

mmi 

to  conclude  that  (Tsic  >  <^ain  for  the  (0001)  direction.  A  more  appropriate  model  for  the 
SiC(OOOl)  surface  is  the  Si-2udatom  x  \/3  reconstruction  [12]  (denoted  CSi-Sii/3).  Below 
we  discuss  the  relative  surface  energies  of  this  structure  and  thin  films  of  AIN  on  SiC(OOOl). 

1x1  and  v/3  X  \/3  structures.  We  have  considered  initially  structures  with  1x1 
and  X  >/3  periodicities  (see  Fig.  1),  modeled  by  y/^  X  2D  supercells.  In  addition 
to  the  structures  illustrated  in  Fig.  1,  we  have  also  considered  the  Al-adatom  and  the 
Al-monolayer  configurations  on  the  bare  SiC(OOOl)  substrate  (CSi-Ali/a  and  CSi-Al  respec¬ 
tively);  moreover,  for  each  type  of  surface  reconstruction  (vacancy,  adatom,  monolayer)  we 
have  considered  both  polarities  of  the  aluminum  nitride  film.  In  the  following  discussion  we 
denote  an  Al- terminated  bi-layer  by  NAl  and  a  N-terminated  bi-layer  by  AIN.  For  example, 
CSi-NAl  is  an  ideal  Al-terminated  bi-layer  of  AIN  on  Si-terminated  SiC  (see  Fig.  1(d)). 

Thick  AIN  films  (~  30  nm)  grown  heteroepitaxially  on  SiC(OOOl)  have  shown  a  2  x  2 
reconstruction  [13].  Nevertheless,  it  is  not  clear  whether  the  2x2  structure  will  form  in 
the  earliest  stages  of  growth.  In  fact,  for  very  thin  films  it  is  possible  to  satisfy  the  electron 
counting  rule  [14]  with  a  x  y/Z  reconstruction.  For  thicker  films  the  requirement  of  local 
charge  neutrality  necessitates  atomic  mixing  at  the  interfaice,  2uid  the  smallest  cell  which 
can  describe  the  mixed  interface  is  a  2  x  2  cell.  The  2x2  reconstruction  will  be  discussed 
later  on  in  the  paper. 

In  Fig.  2(a)  we  have  plotted  the  energies  of  the  1x1  and  v/Jx  structures  as  a  fimction 
of  the  Al  chemical  potential,  under  the  assumption  that  the  films  have  equilibrated  with 
large  AIN  islands.  The  shaded  area  represents  the  energy  of  the  Si-adatom-terminated 
SiC(OOOl)  surface,  which  depends  on  the  Si  chemical  potential.  The  low  energy  border  of 
this  region  corresponds  to  Si-rich  conditions,  and  the  high  energy  border  corresponds  to 
C-rich  conditions.  The  results  shown  in  Fig.  2(a)  suggest  that  under  Al-rich  conditions 
the  equilibrium  structure  would  be  comprised  of  AIN  islands  surrounded  by  an  Al-adatom- 
terminated  SiC(OOOl)  surface.  Such  a  morphology  is  clearly  undesirable.  One  may  stabilize 
a  nitrogen-containing  film  either  by  growing  under  more  N-rich  conditions,  in  which  case 
the  CSi-NAl2/3  structure  is  stable,  or  by  growing  with  an  Al  supersaturation,  fiAi  >  f^Ai{buik)i 
in  which  case  the  Al-adlayer  structure  CSi-NAl- Al  would  become  stable.  The  Si-adatom- 
terminated  substrate  is  stable  only  in  a  very  small  range  of  the  Al  chemical  potential,  and 
for  Si-rich  conditions.  This  suggests  that  it  is  more  favorable  to  have  Al  dangling  bonds 
on  the  surface,  rather  than  Si  dangling  bonds.  More  generally,  the  surface  energy  of  the 
nitride  is  lower  than  that  of  SiC,  and  wetting  of  the  SiC(OOOl)  surface  is  predicted  in  a 
large  range  of  fiAi- 

As  seen  in  Fig.  2(a)  structures  comprised  of  NAl  bi-layers  are  more  stable  than  the 
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Figure  1:  Possible  structures  which  could  form  in  the  initial  stages  of  growth  of  AIN  on 
SiC(OOOl).  (a)  X  \/3  Al- vacancy;  (b)  v/3  x  a/S  Al-adatom;  (c)  1  x  1  Al-monolayer;  (d) 
1  X  1  ideal.  Each  panel  illustrates  both  a  side  view  (top)  and  a  top  view  (bottom)  of  the 
elementary  cell.  Small  dots  (circles)  represent  C  (N)  atoms.  Large  dots  (circles)  represent 
Si  (Al)  atoms.  Large  double  circles  represent  Al  adatoms.  The  structures  are  labelled 
according  to  their  stoichiometries. 

corresponding  structures  comprised  of  AIN  bi-layers:  the  CSi-NAl  structure  is  lower  in 
energy  than  the  CSi-AlN  structure  by  1  eV/(l  x  1),  the  CSi-NAl- AI1/3  structure  is  lower  in 
energy  than  the  CSi-AlN-Ali/3  structure  by  0.7  eV/(l  x  1),  and  the  CSi-NAl- Al  structure 
is  lower  in  energy  than  the  CSi-AlN-Al  structure  by  0.3  eV/(l  X  1).  Thus,  given  that  the 
polarity  of  the  film  becomes  frozen  in  during  the  initial  stages  of  growth,  we  may  conclude 
that  the  AIN  film  would  exhibit  the  (0001)  orientation  on  a  (OOOl)-oriented  Si-terminated 
SiC  substrate.  We  have  also  verified  that  our  conclusion  regarding  the  polarity  of  the  film 
does  not  depend  on  any  assumptions  regarding  the  chemical  potentials.  It  is  consistent 
with  the  interpretation  of  the  TEM  images  for  the  AlN/SiC(0001)  interface  [15],  and  with 
the  result  of  ab  initio  total  energy  calculations  for  the  1x1  GaN/SiC(0001)  interface  [16]. 

Fig.  2(a)  also  shows  that  incorporation  of  additional  AIN  onto  the  Al-vacancy-stabilized 
wetting  layer  CSi-NAlj/s  is  endothermic  with  respect  to  incorporation  of  the  material  into 
islands.  The  energy  cost  of  the  reaction,  in  which  CSi-NA^/s  is  transformed  into  CSi-NAl- 
NAI2/3,  is  ~  0.21  eV/(l  X  1).  The  energy  increases  because  electrons  must  be  transferred 
from  the  Si-N  bonds  at  the  interface  to  the  N-derived  vacancy  states  at  the  surface.  This 
charge  transfer  sets  up  a  dipole  in  the  potential  which,  along  with  the  total  energy,  would 
diverge  as  the  film  thickness  increased.  This  increase  of  energy  is  a  driving  force  towards 
atomic  mixing  at  the  interface,  which  leads  to  local  charge  neutrality  and  to  the  elimination 
of  the  interface  dipole. 
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Figure  2:  (a)  Relative  energy  of  the  \/3  x  structures,  with  respect  to  the  Al-vacancy 
structure  CSi-NAl2/3,  as  a  function  of  the  A1  chemical  potential,  (b)  Relative  energy  of  the 
2x2  structures,  with  respect  to  the  Al-vacancy  structure  CSi3/4Ali/4'NAl3/4,  as  a  fimction 
of  the  A1  chemical  potential.  Equilibrium  with  bulk  AIN  is  assumed  in  both  cases. 

2x2  structures.  2x2  structures  exhibiting  a  neutraj  interface  have  been  studied  in 
order  to  determine  the  extent  to  which  the  elimination  of  the  interface  dipole  reduces  the 
energy  cost  of  adding  bi-layers  of  AIN  to  an  initial  2D  film.  The  neutral  interface  that 
we  have  considered  is  obtained  from  the  abrupt  interface  by  substitution  of  \  ML  of  Si 
atoms  by  A1  atoms  in  the  top  substrate  layer.  We  focus  here  on  the  low-energy  structures 
obtained  in  our  study  of  the  x  geometries,  i.e.,  the  Al-vacancy  and  the  Al-adatom 
on  the  Al-terminated  NAl  bi-layer,  as  well  as  the  Al-adatom  on  the  SiC  substrate.  The 
energetical  comparison  of  the  different  configurations  that  have  been  studied  is  illustrated 
in  Fig.  2(b).  The  qucditative  behavior  is  quite  similar  to  that  of  the  x  y/S  structures: 
an  Al-terminated  film  with  \  ML  of  A1  vacancies  wets  the  substrate  in  the  initial  stages  of 
growth  in  N-rich  conditions,  while  in  Al-rich  conditions  bulk  AIN  islands  are  formed,  with 
the  excess  A1  terminating  the  SiC  surface  in  the  form  of  adatoms.  The  most  important 
quantitative  difference  is  that  the  addition  of  a  second  NAl  bi-layer  to  the  initial  2D  wetting 
layer  costs  less  energy,  only  0.075  eV/(l  X  1).  Although  the  deposition  of  additioned  bi¬ 
layers  is  still  endothermic  with  respect  to  island  formation,  only  islands  larger  them  60 
A  are  stable  with  respect  to  the  2  x  2  2D  films  containing  A1  vacancies  [9].  Intuitively,  one 
expects  that  growth  wiff  occur  most  readily  in  regions  where  the  energy  cost  of  adding  AIN 
layers  is  least.  Thus  we  think  that  the  initial  2x2  wetting  layer  should  be  more  conducive 
to  layer-by-layer  growth  than  the  y/S  X  y/3  wetting  layer. 
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CONCLUSIONS 

We  have  performed  first-principles  total  energy  calculations  which  indicate  that  (0001)- 
oriented  AIN  films  on  SiC(OOOl)  are  energetically  favorable  with  respect  to  their  (0001)- 
oriented  counterparts.  Thus,  deposition  of  AIN  on  SiC(OOOl)  results  in  an  (OOOl)-oriented 
AIN  film.  If  growth  occurs  in  N-rich  conditions,  the  AIN  surface  contains  A1  vacancies  in 
the  top  layer.  We  have  shown  that  the  non-polar  surfaces  of  AIN  and  GaN  have  lower 
surface  energies  than  the  corresponding  SiC  surfaces,  and  have  argued  that  the  initial  2D 
growth  observed  for  AIN  on  SiC  is  attributable  to  this  fact. 

Both  2x2  and  v^x  v/3  AIN  films  with  A1  vacancies  on  top  are  able  to  wet  the  substrate  in 
N-rich  conditions.  We  have  shown  that  atomic  mixing  at  the  (2  x  2)-reconstructed  interface 
neutralizes  the  charge  dipole  and  is  effective  in  promoting  2D  growth  in  the  initial  stages. 
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ABSTRACT 

Pull-potential  linear  muffin-tin  orbital  calculations  were  performed  for  LiGa02  in  differ¬ 
ent  crystal  structures  in  order  to  investigate  the  nature  and  origin  of  the  cation  ordering, 
structural  relaxation  and  their  effects  on  the  band  structure.  It  is  found  that  the  most  im¬ 
portant  factor  for  the  bonding  is  the  exclusive  occurrence  of  Li2Ga2  tetrahedra  surrounding 
oxygen.  Structures  including  LiGaa  and  LiaGa  tetrahedra  have  significantly  higher  total 
energies  and  smaller  bandgaps.  The  band-offset  between  GaN  and  LiGa02  is  estimated 
using  the  dielectric  midgap  approach. 


INTRODUCTION 

One  of  the  main  difficulties  in  developing  GaN  as  electronic  materials  is  the  lack  of  a 
closely  lattice-matched  substrate.  While  most  efforts  have  concentrated  on  sapphire  and 
SiC  as  substrates,  several  alternative  substrates  have  been  suggested  recently  and  initial 
growth  experiments  on  them  have  been  carried  out  [1].  One  of  these  materials  is  LiGa02 
[2].  This  material  which  has  a  wurtzite  derived  structure  is  closely  lattice  matched  to  GaN, 
having  a  mismatch  of  less  than  1  %  in  the  basal  plane  lattice  constant  a.  Furthermore, 
large  LiGa02  crystals  can  be  grown  by  the  Czochralsky  method.  Very  little  is  presently 
known  about  the  electronic  properties  of  this  material.  This  motivated  us  to  perform  an 
investigation  of  the  electronic  and  related  properties  of  this  material.  The  present  work 
is  the  first  step  towards  an  investigation  of  LiGa02/GaN  interfaces.  Our  present  results 
already  allow  us  to  make  an  estimate  of  the  band-offset  at  this  interface  using  the  dielectric 
midgap  approach  [3]. 

One  may  think  of  this  material  as  being  derived  from  ZnO  by  replacing  the  two  Zn 
(group-II)  atoms  by  a  pair  of  Li  (group-I)  and  Ga  (group-III)  atoms,  thus  preserving 
the  average  valence  of  the  cations.  This  kind  of  chemical  substitution  is  well  known  in 
zincblende  materials  and  leads  in  that  case  to  the  chalcopyrite  structure.  The  latter  con¬ 
stitutes  a  particular  ordering  of  cations  on  the  zincblende  lattice  which  is  accompanied  by 
relaxation  of  the  structure.  The  chalcopyrite  structure  is  also  of  interest  for  III-V  alloys. 
Among  the  various  possible  orderings  of  a  50  %  ABC2  alloy,  the  chalcopyrite  structure 
appears  to  be  particularly  stable  for  large  size  mismatch  between  the  constituent  A  and  B 
atoms,  for  example  in  InGaAs2  and  Ga2AsSb  [4].  The  structure  is  also  a  good  represen¬ 
tative  of  random  alloy  behavior,  being  one  of  the  so-called  special  quasirandom  structures 
(SQS)  [5].  This  suggests  that  the  ordering  of  cations  in  LiGa02  in  the  naturally  occurring 
structure  may  play  a  similar  role  in  wurtzite  alloys  as  chalcopyrite  does  for  zincblende 
alloys.  Thus,  it  is  important  to  understand  the  nature  and  origin  of  the  cation  ordering  in 
natural  LiGa02.  This  information  can  subsequently  be  used  to  investigate  cation  ordering 
in  III-N  alloys.  The  latter  are  the  subject  of  a  separate  investigation  presented  elsewhere 
in  these  proceedings  [6]. 

In  this  paper,  we  present  a  first-principles  electronic  structure  study  of  LiGa02  in 
various  structures  and  discuss  the  above  issues. 
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Figure  1:  Crystal  structures  of  LiGa02  investigated  in  the  present  work:  (a)  natural 
structure,  (b)  1  +  1  (0001)  superlattice,  (c)  chalcopyrite. 

CRYSTAL  STRUCTURE 

The  crystal  structure  of  natural  LiGa02  as  determined  by  Marezio  [7]  is  shown  in 
Fig.  1.  The  structure  is  derived  from  wurtzite  with  a  particular  ordering  of  the  Li  and 
Ga  cations  accompanied  by  structural  relaxation.  A  full  description  of  the  structural 
parameters  is  found  in  [7].  In  particular,  we  note  that  all  oxygens  are  surrounded  by 
tetrahedra  containing  two  Li  and  two  Ga  atoms  and  that  different  Li-0  and  Ga-0  bond 
lengths  occur  in  the  structure.  Each  of  the  basal  planes  contains  both  Ga  and  Li  atoms  in 
a  2  X  2  supercell  of  the  wurtzite  unit  cell. 

In  order  to  gain  insight  into  the  structural  relaxation  and  its  effects  on  electronic  struc¬ 
ture,  we  performed  calculations  for  several  other  crystal  structures.  The  first  is  an  idealized 
LiGa02  structure  in  which  bond  lengths  are  all  equal  but  the  cation  ordering  is  the  same  as 
the  natural  structure.  Secondly,  we  considered  a  partially  relaxed  structure  in  which  only 
the  positions  of  the  oxygens  inside  their  Li2Ga2  tetrahedra  are  relaxed.  This  constitutes 
a  nearest  neighbor  only  relaxation  model.  Third,  we  considered  an  alternative  ordering 
of  cation  in  the  wurtzite  structure,  consisting  of  alternating  layers  of  LiO  and  GaO  along 
the  c-direction(l  +  1  (0001)  superlattice).  In  this  structure,  there  are  alternatingly  LiGas 
and  LisGa  tetrahedra  surrounding  oxygen.  This  structure  was  relaxed  by  adjusting  both 
the  Li-Ga  interplanar  spacings  and  the  positions  of  oxygens  inside  the  tetrahedra.  We  also 
considered  the  chalcopyrite  structure.  While  we  did  not  fully  relax  the  latter  (c/ a  of  the 
tetragonal  structure  was  kept  ideal)  we  did  relax  the  internal  structural  parameter  deter¬ 
mining  the  oxygen  position  inside  its  Li2Ga2  tetrahedra.  As  in  the  natural  structure,  this 
structure  has  only  Li2Ga2  tetrahedra  but  the  overall  structure  is  derived  from  the  cubic 
zincblende  lattice  instead  of  the  hexagonal  wurtzite  lattice.  Finally,  we  also  performed 
calculations  for  the  parent  compound  ZnO  in  the  wurtzite  structure.  In  all  cases,  the  total 
energy  was  minimized  with  respect  to  volume  or  in-plane  a  lattice  constant  after  internal 
parameter  relaxation  at  each  volume. 

The  above  set  of  structures  allows  us  to  investigate  the  relative  importance  of  local 
neighborhoods  (chemical  types  of  tetrahedra),  the  structural  relaxation  and  the  overall 
cubic  vs.  hexagonal  stacking  of  layers. 
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METHOD  OF  CALCULATION 


We  use  the  full-potential  linearized  muffin-tin  orbital  method  [8]  in  conjunction  with 
the  local  density  functional  theory  [9]  with  Hedin-Lundqvist  parametrization  [10].  Triple 
/c  basis  sets  (^ddp  on  Ga,  dpp  on  O,  ddp  on  Li)  were  employed.  Some  initial  convergence 
test  calculations  used  larger  basis  sets.  The  tails  of  the  mufiin-tin  orbitals  were  expanded 
in  empty  sphere  as  well  as  atom  centered  muffin-tin  augmentation  spheres  with  an  angular 
momentum  cut-off  of  Imax  =  4.  The  choice  of  empty  spheres  in  wurtzite  and  zincblende 
derived  structures  is  the  same  as  in  previous  work  on  nitrides  [llj.  Brillouin  zone  sum¬ 
mations  were  carried  out  using  well-converged  symmetry-reduced  k-point  sets  on  a  regular 
(4x4x4)  mesh  in  the  reciprocal  unit  cell,  displaced  to  the  center  of  the  microzones. 
Structural  relaxations  were  performed  in  the  manner  described  above. 


RESULTS 

Table  I  gives  our  structural  and  binding  energy  results.  Focusing  first  on  the  last  column 
which  gives  the  cohesive  energy,  we  notice  that  the  natural  structure  has  a  significantly 
higher  binding  energy  (by  0.72  eV/formula  unit)  than  the  1  -1- 1  (0001)  superlattice  (SL), 
but  is  very  close  in  energy  to  the  chalcopyrite  structure.  In  view  of  the  discussion  of  the 
structural  elements  given  above  these  results  indicate  that  the  chemical  arrangement  of 
the  local  tetrahedral  neighborhood  is  the  dominant  factor  in  the  total  energy.  Both  the 
natural  and  the  chalcopyrite  structure  have  only  LiaGas  tetrahedra,  while  the  SL  has  a 
mixture  of  LiGas  and  LisGa  tetrahedra.  This  preference  for  a  LiaGaa  tetrahedron  is,  of 
course,  closely  related  to  maintaining  local  charge  neutrality  and  average  valence  of  the 
first  neighbor  coordination  shell  of  each  oxygen  atom. 

Considering  the  effect  of  relaxations,  we  can  see  in  Table  I  that  the  relaxation  energies 
are  0.13  eV  for  the  natural  structure  and  0.29  eV  for  the  (0001)  SL,  which  are  at  least  a 
factor  2  smaller  than  the  energy  difference  between  the  SL  and  the  natural  structure  itself. 
The  above  indicates  that  the  relative  stability  of  the  natural  structure  is  not  primarily 
related  to  a  particularly  effective  structural  relaxation  but  is  already  present  even  in  the 
ideal  structure.  In  principle,  of  course,  other  cation  ordering  schemes  need  to  be  considered 
before  claiming  a  rigorous  conclusion. 

We  also  note  that  the  nearest  neighbor  relaxation  only  model  appears  to  be  quite  sat¬ 
isfactory.  The  natural  structure  with  only  the  oxygen  position  relaxed  within  each  Li2Ga2 
tetrahedron  differs  by  only  0.01  eV/formula  unit  from  that  of  the  experimental  structure. 
Furthermore,  the  Li-0  and  Ga-0  bond  lengths  obtained  from  the  nearest  neighbor  only 
relxation  model  are  close  to  the  average  Li-0  and  Ga-0  bond  lengths  of  the  experimen¬ 
tal  structure.  The  latter  has  four  different  Li-0  and  Ga-0  bond  lengths  indicating  that 
a  secondary  relaxation  of  the  Li-Ga  sublattice  is  taking  place.  The  bond  lengths  in  the 
chalcopyrite  structure  are  also  close  to  these  averages. 

It  is  notewhorthy  that  (in  agreement  with  the  experimental  data  on  the  crystal  struc¬ 
ture),  the  Li-0  bond  lengths  are  increased  with  respect  to  the  idealized  crystal  structure 
while  Ga-0  bond  lengths  are  decreased.  This  indicates  a  predominance  of  electrostatic 
over  atomic  size  effects.  In  fact,  it  suggests  rather  weaker  Li-0  bonds  and  stronger  Ga-0 
bonds  than  Zn-0  bonds.  The  average  bond  length  in  ZnO  is  larger  than  that  in  LiGa02. 
This  interpretation  is  confirmed  by  the  analysis  of  the  electronic  structure  given  below, 
which  indicates  very  little  Li  component  in  the  occupied  bands.  That  means  that  the  LiO 
bond  is  very  ionic  and  that  Li  essentially  donates  its  electrons  to  oxygen. 

Fig.  2  shows  the  band  structure  of  LiGa02  in  the  natural  crystal  structure  (i.e  cation 
ordering)  with  experimental  crystal  structure  parameters.  The  character  of  the  bands 
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Table  I:  Structure,  binding  energy  and  LDA  band  gap  results  for  LiGa02  and  ZnQ. 


structure 

- 2—0 - i 

^JKT 

. 

c/a 

V /atom 

(A^) 

bond  lengths  (A) 
Li-0  Ga-0 

Eg 

(eV) 

E^coH 

(eV) 

LiGa02 

natural  (expt.  parara.) 

3.170 

1.605 

10.61 

1.991 

1.826 

3.415 

21.61 

1.939 

1.851 

1.987 

1.843 

1.986 

1.835 

average 

1.976 

1.839 

natural  (ideal) 

3.056 

1.633 

10.09 

1.872 

1.872 

3.227 

21.47 

natural  (relaxed) 

3.098 

1.633 

10.51 

1.954 

1.844 

3.399 

21.60 

chalcopyrite  (ideal) 

3.047'’ 

1.633 

10.00 

1.865 

1.865 

3.234 

21.60 

chalcopyrite  (relaxed) 

3.086 

1.633 

10.40 

1.939 

1.844 

3.377 

21.60 

1  +  1  (0001)  (ideal) 

3.066 

1.633 

10.19 

1.877 

1.877 

-0.053 

20.59 

1-1-  1  (0001)  (relaxed) 

3.103 

1.559 

10.09 

1.874 

1.754 

0.680 

20.88 

1.877 

1.906 

average 

1.876 

1.868 

ZnO 

Zn-0 

wurtzite  (ideal) 

3.187 

1.633 

11.45 

1.952 

0.804 

17.79 

wurtzite  (relaxed) 

3.206 

1.580 

11.27 

1.943 

0.845 

17.98 

1.941 

average 

1.943 

experiment  [16] 

3.250 

1.601 

11.91 

1.992 

3.44 

1.976 

average 

1.988 

^  Normalized  per  formula  unit,  not  including  spin-polarization  of  free  atoms  or  zero-point 
motion  corrections. 

This  is  atetragonai/V^,  SO  as  to  be  consistent  with  lattice-parameter  in  wurtzite  basal  plane 
of  other  cases. 


is  02s  like  for  the  lowest  band  centered  at  -17  eV,  Ga3d  for  the  band  at  -12  eV  and 
primarily  02p  like  for  the  bands  between  -6  eV  and  the  valence  band  maximum  (chosen 
as  energy  reference) .  The  conduction  band  minimum  is  predominantly  of  Ga4s  character. 
The  bandgap  is  direct  at  F.  The  gap  obtained  from  our  calculations  is  3.415  eV.  We 
expect  that  the  LDA  underestimates  the  band  gap  and  that  the  correction  should  be 
intermediate  between  those  in  ZnO  (about  2.4  eV)  and  GaN  (about  1  eV)  but  closer  to 
GaN  for  reasons  explained  below.  Thus  LiGa02  itself  may  be  a  very  interesting  wide  band 
gap  semiconductor  with  an  estimated  direct  gap  of  4.4-5. 8  eV.  Self-energy  corrections  are 
also  expected  to  be  important  for  the  Ga3d  bands  [12].  We  estimate  that  these  would  shift 
the  Ga3d  bands  down  by  about  4  eV  which  would  then  make  them  overlap  with  the  02s 
bands. 

In  comparing  the  LiGa02  bands  to  those  for  the  parent  compound  ZnO,  we  note  that 
in  ZnO  the  Zn3d  bands  are  higher  up  and,  in  fact,  in  the  LDA  overlap  and  hybridize  with 
the  bottom  of  the  02p  like  bands.  While  self-energy  effects  would  again  shift  these  levels 
down  by  a  few  eV  they  will  still  remain  significantly  closer  to  the  valence-band  maximum 
than  in  LiGa02.  This  tends  to  push  the  valence  band  maximum  up  in  ZnO  and  is  partly 
responsible  for  the  reason  why  the  gap  in  ZnO  is  smaller  than  that  in  LiGa02.  This  effect 
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Figure  2;  Band  structures  of  LiGa02  in  the  experimental  crystal  structure. 

of  the  Zn3d  bands  is  also  responsible  for  the  larger  self-energy  correction  of  the  gap  in 
ZnO.  Hence,  in  our  above  estimate  of  the  gap  correction  of  LiGa02  we  expect  the  self- 
energy  correction  to  be  closer  to  that  of  GaN,  i.e.  the  gap  is  expected  to  be  ~4.4  eV.  No 
experimental  value  for  the  gap  of  LiGa02  has  been  published  to  our  knowledge. 

The  nearest  neighbor  cation  ordering  also  has  a  marked  influence  on  the  gap.  As  can 
be  seen  in  Table  I,  we  find  that  the  1  +  1  (0001)  SL  has  a  much  smaller  gap  than  the 
natural  structure  while  the  chalcopyrite  structure  has  a  gap  which  is  much  closer.  The 
structural  relaxation  effects  on  the  gap  are  also  significant  but  are  smaller  than  those  due 
to  the  chemical  arrangement. 

The  band-offset  between  GaN  and  LiGa02  is  an  important  parameter  because  the 
primary  interest  in  LiGa02  is  as  a  substrate  for  GaN  growth.  A  simple  estimate  can  be 
made  using  the  dielectric  midgap  approach  [3].  In  this  method,  one  assumes  that  the 
line-up  of  bands  is  iii  such  a  way  as  to  preserve  local  charge  neutrality  [13].  Secondly,  one 
assumes  that  there  is  a  charge  neutrality  point  (CNP)  intrinsic  to  each  semiconductor.  This 
is  a  point  in  the  gap  such  that  the  states  above  it  must  remain  empty  and  below  it  must 
be  filled  when  such  states  arise  at  the  interface.  This  concept  can  be  justified  in  various 
ways  [3,  14,  15).  In  practice,  one  identifies  the  charge  neutrality  point  with  a  Brillouin  zone 
(BZ)  averaged  midpoint  of  the  gap.  We  used  here  the  same  averaging  scheme  as  we  did 
for  our  BZ  summations  of  the  charge  density  in  the  self-consistent  calculations.  We  obtain 
the  dielectric  midgap  points  measured  from  the  valence  band  maximum  in  LiGa02,  GaN 
and  ZnO  to  be  2.44  eV,  1.81  eV,  and  1.99  eV,  respectively,  leading  to  valence-band  offset 
estimates  of  0.63  eV  for  GaN/LiGa02  and  0.18  eV  for  GaN/ZnO,  respectively.  For  ZnO, 
this  is  in  good  agreement  with  our  previous  estimate  using  zincblende  calculations  [1]. 

Since  the  total  gap  difference  between  LiGa02  and  GaN  is  4.4  —  3.5  =  0.9  eV,  the  offset 
is  predicted  to  be  about  2/3  in  the  valence  bands  and  1/3  in  the  conduction  bands.  To 
our  knowledge  no  experimental  results  on  this  offset  are  available. 


CONCLUSIONS 

The  most  important  conclusions  of  the  present  first-principles  electronic  structure  inves¬ 
tigation  of  LiGa02  are:  (1)  the  bandgap  and  structural  stability  in  LiGa02  are  primarily 
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affected  by  the  cation  ordering  while  bond  length  relaxations  play  a  secondary  role;  (2)  the 
main  reason  for  the  structural  stability  of  the  naturally  found  crystal  structure  is  the  oc¬ 
currence  of  only  Li2Ga2  nearest  neighbor  tetrahedra  surrounding  oxygen  because  the  latter 
preserve  local  charge  neutrality  and  average  valence;  (3)  natural  LiGa02  has  a  direct  gap 
estimated  to  be  of  order  4.4  eV;  (4)  the  band-offsets  of  GaN  with  respect  to  LiGa02  are 
predicted  to  be  about  0.6  eV  in  the  valence  and  0.3  eV  in  the  conduction  band. 

Conclusion  (2)  above  is  based  on  a  comparison  of  results  for  the  natural  cation  ordering 
with  those  in  the  1  -1-  1  (0001)  superlattice  and  in  the  chalcopyrite  structure.  The  former 
crystal  structure  is  found  to  have  about  a  2.5  eV  lower  gap  and  a  0.7  eV  higher  total  energy 
per  formula  unit. 

Acknowledgments:  This  work  was  supported  by  ONR  under  grant  No.  N00014-94- 
1-100. 
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ABSTRACT 

We  present  a  theoretical  study  of  the  optical  properties  of  the  GaN  (1010)  surface.  We 
employed  a  semi-empirical  tight- binding  method  to  calculate  the  surface  electronic  structure. 
The  parameters  were  adjusted  to  reproduce  the  correct  band  structure  of  the  bulk  wurzite 
GaN.  These  parameters  were  interpolated  to  the  surface  using  Harrison’s  rule.  From  the 
surface  electronic  structure  the  surface  dielectric  response  was  obtained.  The  dielectric 
response  is  analized  in  terms  of  surface- surface,  and  surface-bulk  electronic  transitions, 

INTRODUCTION 

The  study  of  the  optical  and  electronic  properties  of  Gallium  Nitride  (GaN)  has  gained 
importance  due  to  its  potential  application  in  near-ultraviolet  opto-electronic  devices  [1,2]. 
GaN  has  a  direct  gap  of  3.4  eV  and  at  ambient  conditions  it  crystalizes  in  the  wurtzite 
structure,  or  in  some  cases,  like  thin  films  of  GaN,  the  zinc-blende  structure  is  obtained  [3]. 
The  bulk  properties  (electronic  and  optical)  have  been  known  for  some  time  now.  Bloom 
et  al.  [4]  measured  the  reflectivity  and  calculated  the  band  structure  and  reflectivity  using 
an  empirical  pseudopotential  method.  It  is  not  until  very  recently  that  systematic  studies 
of  the  surface  reconstruction  of  GaN  were  done.  Jaffe  et  al.  [5]  studied  the  anomalous 
surface  relaxation  of  GaN  (1010)  and  (110),  using  an  ab  initio  Hartree-Fock  method.  The 
equilibrium  geometries  for  the  principal  nonpolar  cleavage  faces  of  GaN,  are  characterized 
by  very  small  surface  bond  rotations  and  large  surface  and  back  bond  contractions  (~  -7%). 
Here,  we  use  these  results  for  the  atomic  structure  of  the  GaN  (1010)  surface  to  study  its 
optical  properties. 

MODELS  AND  METHOD  OF  CALCULATION 

The  GaN  (1010)  surface  was  modeled  using  a  slab  of  8  bi-layers,  yielding  a  free  recon¬ 
structed  surface  on  each  face  of  the  slab.  The  thickness  of  the  slab  is  large  enough  to  decouple 
the  surface  states  at  the  top  and  bottom  surfaces  of  the  slab.  Periodic  boundary  conditions 
were  employed  parallel  to  the  surface  of  the  slab  to  effectively  model  a  two  dimensional 
crystal  system.  The  x  direction  on  the  surface  plane  corresponds  to  the  minor  axis  of  the 
bulk  wurzite  unit  cell,  since  the  y  axis  corresponds  to  the  long  axis  of  the  bulk  unit  cell. 
The  calculations  are  done  taking  32  atoms  in  the  slab.  The  atomic  coordinates  of  the  two 
first  layers  were  obtained  from  Reference  [5],  that  utilizes  an  ab  initio  Hartree-Fock  approx¬ 
imation,  using  linear  combinations  of  Gaussian  orbitals.  The  surface  reconstruction  is  then 
characterized  by  no  surface  bond  rotation  and  large  surface  and  back-bond  contraction. 

To  calculate  the  optical  properties  of  the  system,  we  generate  the  electronic  level  structure 
of  the  slab  using  a  well  known  parametrized  tight-binding  approach.  This  method  employs  a 
sp^s*  atomic-like  basis,  that  provides  a  good  description  of  the  conduction  band  of  semicon¬ 
ductors.  The  parameters  for  the  GaN  crystal  with  a  wurzite  unit  cell  were  fitted  to  reproduce 
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Table  1:  Tight-binding  interaction  parameters  for  GaN 


-1.93 

2.516 

-3.34 

Vrp, 

3.99 

%P>r 

-1,0925 

1.08 

Up.* 

-1.33 

the  bulk  band  structure  reported  on  Refs.  [4,6,7].  The  values  of  the  orbital  energies  for  Ga 
are  =  -10.7806eV,  =  0.897eV,  e,.  =  ll.SlSOeV,  and  for  N  are  e,  =  ~0.5494eV, 

Cp  =  5.6019eV,  and  =  9.1850eV.  The  parameters  of  tight-binding  interactions  are  listed 
in  Table  1.  For  the  surface,  we  interpolated  the  parameters  using  Harrison’s  rule  of  1/d^, 
where  d  is  the  bond  length  of  any  two  first-neighbor  atoms. 

The  optical  properties  of  the  surface  region  are  determined  by  its  dielectric  function 
£3(61;).  We  calculate  the  imaginary  part  of  the  average  slab  polarizability,  which  is  related  to 
the  transition  probability  between  eigenstates  induced  by  an  external  radiation  field.  The 
surface  dielectric  response  was  obtained  substracting  the  bulk  dielectric  response  from  the 
slab  dielectric  function.  Here,  the  thickness  of  the  surface  layer  of  about  2.5  A,  was  cosidered. 
Only  two  additional  parameters  to  those  of  the  tight-binding  Hamiltonian  were  needed  in 
order  to  reproduce  the  bulk  dielectric  function.  These  parameters  are  the  so-called  intra- 
atomic  sp  and  s*p  dipoles,  with  best  fitted  values  of  0.255  A  and  0.878  A,  respectively.  The 
details  of  the  calculation  are  fully  explained  in  Ref.  [8]. 

RESULTS  AND  DISCUSSION 

Bulk  properties 

The  bulk  band  electronic  structure  of  GaN  is  shown  in  Figure  1.  The  tight-  binding 
parameters  were  adjusted  to  fit  the  band  structure  of  Refs.  [4,6,7].  The  direct  gap  at 
the  r  point  has  a  value  of  3.6  eV,  which  is  similar  to  the  value  found  theoretically  and 
experimentally  [4,6,7].  We  observed  that  the  calculated  electronic  structure  is  very  similar 
for  the  valance  states  to  those  reported  in  Refs.  [4,6,7],  while  some  descrepancies  are  found 
for  the  conduction  states.  This  is  expected  since  previous  theoretical  formalisms  had  not 
taken  into  account  an  extended  basis  to  describe  correctly  the  conduction  states.  Notice 
that  large  cutoff  energies  are  necessary  in  order  to  obtain  a  complete  basis  set  using  plane 
waves. 

The  anisotropic  dielectric  function  of  the  bulk  GaN  was  obtained  using  the  calculated  elec¬ 
tron  levels  at  5808  points  on  the  irreducible  Brillouin  zone.  Then,  the  reflectivity  transversal 
and  parallel  to  the  long  axis  of  the  wurzite  unit  cell  is  calculated.  We  show  in  figure  2  the 
reflectivity  as  a  function  of  the  frequency.  These  calculations  are  in  agreement  with  those 
presented  by  Bloom  et  al.  [4]  using  an  empirical  pseudopotential  method.  Compared  to  the 
experimental  results  [4],  the  reflectivity  spectra  of  Figure  2  is  in  agreement  in  regard  to  the 
energies  and  relative  shape  of  the  peaks.  The  agreement  holds  up  to  an  energy  of  ~  8  eV 
due  to  experimental  limitations  reported  by  the  authors  [4].  Furthermore,  our  method  of 
calculation  for  the  optical  properties  was  tested  by  comparing  the  zero  frequency  dielectric 
function  with  experimental  values.  The  theoretical  prediction  gives  a  value  of  e(0)  =;  5.4 
while  the  experimental  values  are  in  the  range  of  5.2  -  5.8  [4]. 
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Figure  1:  The  bulk  band  electronic  structure  of  wurzite  GaN. 
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Figure  2:  Reflectivity  of  bulk  GaN  for  an  external  field  transversal  to  the  long  axis  (solid 
line)  and  for  an  external  field  parallel  to  the  long  axis  (dashed  line). 
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Surface  properties 

The  electronic  band  structure  of  the  reconstructed  GaN  (1010)  surface  is  presented  in 
Figure  3.  The  electronic  structure  is  shown  along  the  main  directions  of  the  irreducible 
surface  Brillouin  zone,  from  T  to  J  (ar  direction),  and  from  J  to  K  {y  direction).  The  surface 
states  are  represented  by  stars,  while  dots  correspond  to  the  projected  bulk  states.  The  top 
of  the  bulk  valence  band  is  set  at  0  eV.  The  calculated  Fermi  level  is  in  between  the  top  of 
the  valence  band  (0  eV),  and  the  empty  surface  states  in  the  gap  at  2.7  eV,  These  surface 
states  in  the  gap  are  due  to  the  dangling  bonds  and  backbonds  on  the  first  two  layers  of 
the  reconstructed  surface.  We  can  observe  that  along  J  ~  K  direction  they  do  not  show 
disperssion,  since  along  F  —  J  they  split  in  two,  showing  a  disperssion  of  about  1  eV.  There 
are  also  some  other  surface  states  within  the  valence  band  along  the  J  —  K  direction  at  about 
-1.3  eV  and  -2  eV,  also  with  a  backbond  character.  In  Fig.  4,  we  present  the  total  electronic 
density  of  states  and  its  projection  on  the  first,  second  and  third  layers.  In  this  figure  it  is 
easier  to  observe  that  the  surface  states  at  2.7  eV  are  due  to  the  backbonds  between  the  first 
and  second  layers,  while  the  extended  states  from  2.7  eV  to  3.7  eV  are  on  the  first  layer  and 
are  due  to  the  dangling  bonds.  We  can  also  observe  surface  states  at  -1.3  eV  and  -2  eV  that 
are  on  the  first  layer. 


Figure  3:  Surface  electronic  structure  along  the  main  symmetry  directions  of  the  surface 
unit  cell.  Dots  correspond  to  the  projected  bulk  states,  while  stars  represent  surface  states. 
Resonance  states  embedded  in  projected  bulk  bands  are  also  represented  by  stars. 

The  imaginary  part  of  the  average  polarizability  of  the  slab  was  obtained  using  the 
electron  levels  calculated  at  4900  points  distributed  homogeneously  on  the  irreducible  surface 
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Figure  4:  Calculated  density  of  states  for  (a)  total,  (b)  projected  on  first  layer,  (c)  on  second 
layer,  and  (d)  on  third  layer. 
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Figure  5:  Imaginary  part  of  the  surface  dielectric  response.  Solid  line  corresponds  to  light 
polarized  along  the  x  axis,  while  dashed  line  corresponds  to  light  polarized  along  the  y 
direction. 
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Brillouin  zone.  Figure  5  shows  the  imaginary  part  of  the  surface  dielectric  function,  for 
both  transverse  (along  x  direction,  solid  line)  and  parallel  (along  y  direction,  dashed  line) 
polarizations.  For  both  polarizations,  electron  transitions  start  at  about  2.7  eV.  In  general, 
the  line  shape  of  both  surface  dielectric  functions  is  very  similar  up  to  about  8.5  eV,  but  the 
response  to  an  external  field  along  the  x  direction  is  more  intense.  At  an  energy  of  4  eV,  the 
transveral  polarizability  (along  x),  shows  a  sharp  peak  attributed  to  the  optical  transition 
from  the  valence  bulk  band  to  the  empty  surface  states  at  4  eV  at  F  point. 

Looking  at  the  origin  of  the  electron  transitions  one  finds  that  from  2.7  eV  to  4  eV  there 
are  electron  transitions  from  bulk  to  surface  states,  while  the  peak  at  4  eV  only  for  light 
polarized  along  the  x  axis  is  due  to  transition  between  surface  states.  In  both  directions, 
electron  transitions  from  surface  to  bulk  states  start  at  about  5.5  eV.  At  this  energy,  we  can 
observe  that  for  both  polarizations  the  surface  dielectric  function  is  more  intense. 

SUMMARY 

We  studied  the  optical  properties  of  the  GaN  (1010)  surface  using  a  tight-binding  formal¬ 
ism  based  on  a  sp^s*  orbital  basis.  As  a  test,  we  first  calculated  the  electronic  and  optical 
properties  of  bulk  GaN  that  agree  with  experimental  and  theoretical  observations.  Then, 
we  employed  the  method  to  calculate  the  surface  electron  levels  and  the  surface  dielectric 
response.  We  observed  that  the  dielectric  response  is  anisotropic.  The  surface  dielectric 
function  shows  a  gap  of  2.7  eV,  which  is  1  eV  lower  than  the  bulk  gap. 
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ABSTRACT 

We  present  first-principles  calculations  of  structural  and  electronic  properties  of  heterova- 
lent  SiC/GaN,  SiC/AIN,  and  isovalent  AlN/GaN  heterostructures  that  are  grown  pseudo- 
morphically  on  (001)  or  (110)  SiC  substrates.  For  the  polar  interfaces,  we  have  investigated 
reconstructed  stoichiometric  interfaces  consisting  of  one  and  two  mixed  layers  with  lateral 
c(2  X  2),  2  X  1,  1  X  2,  and  2x2  arrangements.  The  preferred  bonding  configurations  of 
the  reconstructed  interfaces  are  found  to  be  Si-N  and  Ga-C.  With  respect  to  vacuum,  the 
valence  band  maximum  is  found  to  be  highest  in  SiC  and  lowest  in  AIN.  In  these  systems, 
the  valence  band  offsets  deviate  substantially  from  the  transitivity  rule  and  depend  sensi¬ 
tively  on  the  microscopic  details  of  the  interface  geometry.  The  SiC/AIN  and  AlN/GaN 
heterostructures  are  predicted  to  be  of  type  I,  whereas  SiC/GaN  heterostructure  can  be  of 
type  I  or  II. 

INTRODUCTION 

Thin  nitride  films  are  currently  attracting  much  interest  because  of  their  potential  appli¬ 
cations  in  opto-  and  microelectronics.  Recently,  cubic  nitride  films  grown  on  cubic  SiC  have 
obtained  considerable  attention  [1,  2,  3].  The  band  discontinuities  of  the  heterojunctions  are 
vital  for  assessing  the  degree  of  carrier  confinement,  and  therefore  the  potential  for  optoelec¬ 
tronic  device  operation.  However,  no  definitive  measurements  for  the  band  offsets  between 
cubic  SiC  and  GaN  (AIN)  or  between  AIN  and  GaN  have  been  reported.  The  valence-band 
offsets  for  nonpolar  interfaces  in  the  zincblende  structure,  namely  (110)  SiC/AIN  [4]  and 
(110)  GaN/AlN  [5],  have  been  calculated  previously. 

In  this  work,  we  present  first-principles  pseudopotential  studies  of  the  band  offsets  as  well 
as  the  formation  enthalpies  of  the  polar  [001]  nitride  heterostructure  interfaces  of  AlN/SiC, 
GaN/SiC,  and  GaN/AlN.  Our  calculations  are  based  on  the  first-principles  total-energy 
pseudopotential  method  within  the  local-density-functional  formalism  [6].  We  have  used 
norm-conserving  separable  pseudopotentials  [7]  and  a  preconditioned  conjugate  gradient 
algorithm  [8]  for  minimizing  the  total  crystal  energy  with  respect  to  both  the  electronic 
and  ionic  degrees  of  freedom.  The  semicore  Ga  3d-electrons  are  treated  as  part  of  the 
frozen  core,  but  their  considerable  overlap  with  the  valence  electrons  is  accounted  for  by 
including  the  nonlinear  core  exchange-correlation  correction  [9].  This  procedure  increases 
the  transferability  of  the  pseudopotentials  and  yields  lattice  constants  that  agree  very  well 
with  experiment  [10]. 

INTERFACE  RECONSTRUCTIONS  AND  FORMATION  ENTHALPIES 
Interface  configurations 


In  heterovalent  SiC/AIN  and  SiC/GaN  heterostructures  without  a  common  anion  or 
cation,  the  "ideal”  abrupt  (001)  interface  contains  tetrahedral  bonds  with  more  than  2 
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or  less  than  2  electrons  per  bond,  leading  to  a  macroscopically  charged  interface  that  is 
energetically  unstable  [11].  Local  charge  neutrality  can  be  restored  by  forming  chemically 
intermixed  interfaces.  We  have  studied  the  electronic  and  structural  properties  of  charge 
compensated,  pseudomorphic  (001)  interfaces  with  one  and  two  mixed  interface  layers.  We 
have  taken  cubic  SiC  as  the  unstrained  substrate  that  fixes  the  lateral  lattice  constant. 
There  are  four  abrupt  SiC/GaN  (and  SiC/AlN)  interfaces,  two  of  which  lead  to  energetically 
favorable  heterostructures  with  a  single  mixed  interface  layer,  namely  N-Si  and  Ga-C.  In  the 
Ga-C  interface,  the  mixed  layer  is  formed  by  either  replacing  50%  of  the  Ga  atoms  by  Si 
atoms  (Si/Ga  interface)  or,  alternatively,  50%  of  the  C  atoms  by  N  (C/N  interface).  Other 
structures  can  be  eliminated  because  they  lead  to  unfavorable  anion-anion  (C-N)  type  and 
cation-cation  (Si-Ga)  type  bonds  with  large  dipole  moments.  In  addition,  we  have  considered 
three  different  lateral  atomic  arrangements  of  the  atoms,  namely  c(2x2),  2x1,  and  1x2  [10]. 
The  other  cases  that  we  considered  in  detail  are  configurations  with  two  mixed  layers  in  the 
interface.  Here,  it  turns  out  that  the  energetically  favorable  reconstructions  contain  two 
types  of  atoms  A,  B  with  A  :  S  =  1  ;  3  in  each  mixed  layer,  and  a  2x2  lateral  arrangement. 
Out  of  the  32  different  interface  structures  that  we  have  studied,  the  energetically  most 
favorable  ones  contain  only  cations  (Ga  (or  Al)  and  Si)  within  one  layer  and  anions  (C  and 
N)  in  the  adjacent  layer.  In  contrast  to  these  cases,  the  (110)  SiC/AIN  and  SiC/GaN  as 
well  as  the  homovalent  (001)  AlN/GaN  heterostructures  do  not  possess  ’wrong’  acceptor 
and  donor  bonds.  Consequently,  intermixing  is  less  important  for  these  interfaces  and  we 
have  assumed  them  to  be  abrupt.  In  the  case  of  (001)  AlN/GaN  heterostructures,  we  have 
performed  calculations  for  substrates  with  a  lateral  lattice  constant  equal  to  (i)  a\\  = 

(ii)  Uji  ==  (a^lf  +  (^buik)/^  (corresponds  to  the  Alo.5Gao.5N  alloy  as  substrate),  and  (iii)  a\\ 
=  respectively. 

These  interfaces  have  been  modeled  by  supercells  with  up  to  16  monolayers.  All  atomic 
positions  in  the  unit  cell  have  been  optimized  since  the  valence  band  offsets  (VBO’s)  depend 
sensitively  on  them.  If  we  assume,  for  example,  the  interface  lattice  constant  of  the  AIN / GaN 
(001)  heterostructure  to  be  equal  to  the  arithmetic  average  of  the  bulk  lattice  constants 
(giving  an  interface  spacing  of  1.126  A),  we  obtain  a  VBO  of  1.11  eV.  The  relaxed  interface 
height,  on  the  other  hand,  is  1.174  A  and  yields  a  VBO  equal  to  0.76  eV.  The  details  of  the 
atomic  relaxations  of  the  (001)  AlN/GaN  heterostructure  (grown  on  AIN)  are  depicted  in 
Fig.  1. 

One  can  easily  see  that  the  distance  between  the  N  and  Ga  layers  right  at  the  interface 
layers  is  significantly  larger  than  an  estimation  based  on  averaged  bulk  lattice  constants. 
Such  an  estimation  works  well  in  many  heterostructures,  but  the  present  calculations  indicate 
that  this  assumption  is  not  applicable  for  nitrides. 

Formation  enthalpies 


We  have  calculated  the  formation  enthalpy  5H  of  all  heterostructures  discussed  above. 
With  the  exception  of  the  SiC/GaN  (110)  and  AlN/GaN  (001)  heterostructures,  they  repre¬ 
sent  metastable  configurations  with  5H  >  0.  In  the  case  of  the  heterovalent  (001)  interfaces, 
6H  of  the  Al(Ga)/C  and  Si/N  interfaces  is  one  order  of  magnitude  larger  than  that  of  the 
AI(Ga)/Si  and  C/N  interfaces  (which  yield  6H  0.04  —  0.16).  Indeed,  the  former  contain 
predominantly  cation-cation  or  anion-anion  (Ga-Si  or  C-N)  bonds,  whereas  the  more  stable 
Ga(Al)/Si  and  C/N  interfaces  contain  only  cation-anion  bonds.  Analogous  conclusions  can 
be  drawn  for  the  interfaces  with  two  mixed  layers  but  they  are  found  to  be  energetically 
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Figure  1:  Relaxation  of  the  atomic  layers  near  the  abrupt  (001)  interface  between  AIN  and  GaN,  grown 
on  AIN  substrate.  The  horizontal  axis  labels  the  position  z  of  the  atomic  layers  along  the  (001)  growth 
direction  and  the  vertical  axis  gives  the  distance  d{z)  to  the  preceding  adjacent  layer.  A(AIN)  and  A(GaN) 
denote  the  distance  between  the  atomic  layers  in  unstrained  bulk  AIN,  and  strained  bulk  GaN,  respectively. 
The  full  line  only  guides  the  eye.  The  interface  was  modelled  by  a  (AlN)3(GaN)3  superlattice. 


less  favorable  {6H  >  0.23).  The  lateral  arrangement  of  the  atoms  in  the  mixed  layers  has 
only  little  effect  on  SH.  For  nonpolar  SiC/AlN  and  SiC/GaN  (110)  heterostructures,  we 
obtain  6H  —  0.07  eV  and  -0.02  eV,  respectively,  and  the  isovalent  AlN/GaN  (001)  and  (110) 
heterostructures  lead  to  =  0  within  an  accuracy  of  1  meV.  For  AlN/GaN  (001)  het¬ 
erostructures,  we  find  the  formation  enthalpy  to  be  practically  independent  on  the  substrate 
lattice  constant. 

BAND  OFFSETS 

The  valence  band  offset  AEv  at  an  interface  between  two  semiconductors  can  be  conve¬ 
niently  split  up  into  two  terms  [12] 


AEv  =  Ay  -h  AEbs,  (1) 

where  Ay  is  the  asymptotic  difference  between  the  laterally  and  vertically  averaged 
electrostatic  (Hartree  plus  ionic)  potential  y(r)  in  the  superlattice  far  from  the  interface. 
For  neutral  interfaces,  Ay  equals  the  dipole  moment  of  the  electronic  and  ionic  charge 
density  across  the  interface.  It  is  nonzero  due  to  the  rearrangement  of  the  ions  and  electrons 
near  the  interface  and  thus  depends  on  the  detailed  interface  geometry.  The  second  term 
in  Eq.  1,  AEbs  —  Ey{GaN)  —  Ey{SiC),  is  the  difference  between  the  eigenvalues  of  the 
top  of  the  valence  band  in  the  two  bulk  materials,  measured  with  respect  to  the  average 
electrostatic  potential  V  (that  is  arbitrary  and  may  be  set  to  zero  for  a  bulk  solid).  AEbs 
is,  by  definition,  a  bulk  property  of  the  two  constituent  solids,  and  can  be  obtained  from 
standard  bulk  band-structure  calculations  for  SiC  and  strained  GaN,  respectively.  The  spin- 
orbit  coupling  influences  AEbs  ^md  consequently  the  band  offsets  by  less  than  0.01  eV  in 
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Figure  2:  Band  offsets  of  SiC/AlN,  SiC/GaN,  and  AlN/GaN  heterostructures  for  (001)  and  (110)  substrate 
surface  orientation.  C/N  and  Si/Al(Ga)  indicate  the  reconstructed  interfaces  with  a  single  mixed  layer 
containing  C  and  N,  or  Si  and  Al(Ga)  atoms,  respectively.  The  zero  of  energy  is  chosen  at  the  top  of  the 
Vcilence  band  of  the  substrate  which  is  the  left  material  in  each  panel. 


the  presently  studied  systems.  Relativistic  effects  can  therefore  be  neglected. 

In  Fig.  2,  we  depict  the  band  offsets  predicted  by  the  present  theory.  On  an  absolute 
energy  scale,  the  calculations  give  the  highest  valence  band  maximum  in  SiC  and  the  low¬ 
est  in  AIN.  For  the  (110)  heterostructures,  we  observe  that  their  VBO’s  deviate  from  the 
transitivity  rule  by  roughly  0.3  eV. 

The  calculated  valence  band  offsets  depend  sensitively  on  microscopic  details  of  the  inter¬ 
face  geometry.  Consider,  for  example,  the  c(2  x  2)  SiC/GaN  (001)  heterostructure  with  one 
mixed  layer.  By  replacing  the  Si/Ga  interface  by  C/N,  i.e.  by  swapping  cations  and  anions, 
we  just  reverse  the  polarity  of  the  interface  and  obtain  nearly  the  same  formation  enthalpy. 
However,  the  VBO  of  the  Si/Ga  and  the  C/N  interface  differs  by  1.0  eV.  Furthermore,  we 
find  that  the  VBO’s  of  the  reconstructed  interfaces  are  largely  determined  by  the  chemical 
composition  of  the  interface  but  they  depend  very  little  on  the  lateral  atomic  arrangement. 
Altogether,  we  predict  the  VBO’s  of  the  SiC/GaN  and  SiC/AIN  (001)  heterostructures  to 
lie  in  the  range  0.8  -  1.8  eV,  and  1.5  -  2.4  eV,  respectively.  The  VBO’s  of  the  AlN/GaN 
interfaces  grown  on  AIN  and  SiC  substrates,  respectively,  are  found  to  differ  by  only  49 
meV.  The  calculated  VBO’s  of  the  nonpolar  SiC/GaN  and  SiC/AIN  (110)  interfaces  equal 
0.4  eV  and  1.6  for  SiC/GaN  and  SiC/AIN,  respectively.  Thus,  they  differ  markedly  from 
the  average  of  the  (001)  VBO’s,  in  contrast  to  the  situation  in  the  GaAs/ZnSe  system  [13]. 

In  the  case  of  (001)  AlN/GaN  heterostructures,  we  find  the  VBO  to  be  equal  to  0.74, 
0.58,  and  0.41  eV  for  0||  =  a|[  =  (agf  +  and  aj|  =  respectively.  The 

top  of  the  valence  band  is  lower  in  AIN.  We  see  that  the  VBO  of  a  AIN /GaN  junction  can 
be  taylored  quite  significantly  by  using  an  appropriate  substrate  AlGaN  alloy.  The  change 
of  the  VBO  with  substrate  lattice  constant  comes  mainly  from  the  bulk  contribution  to 
the  VBO  and  is  therefore  determined  by  the  strain  induced  by  the  pseudomorphic  growth; 
AEbs  decreases  with  increasing  a||  and  equals  -0.15,  -0.33,  and  -0.55  eV  for  the  three  cases 
mentioned  above,  respectively.  The  dipole  contribution,  on  the  other  hand,  is  practically 
independent  of  the  substrate  lattice  constant  for  these  isovalent  heterojunctions. 

For  cubic  systems,  no  experimental  data  on  VBO’s  are  yet  available.  However,  recent 
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photoemission  measurements  of  the  VBO  for  hexagonal  AlN/GaN  structures  [14]  yield  0.60 
±  0.24  eV  and  0.57  ±  0.22  eV  for  GaN  on  AIN,  and  AIN  on  GaN,  respectively.  These  data 
indicate  a  rather  weak  dependence  of  the  offset  on  the  strain  set  by  aj|.  However,  the  dense 
network  of  threading  dislocations  in  these  samples  may  help  to  reduce  the  strain  near  the 
interface  [14].  It  is  not  yet  clear  to  what  extent  these  measurements  reflect  the  situation  of 
pseudomorphic  heterostructures.  Earlier  photoemission  measurements  for  a  thin  GaN  film 
grown  on  hexagonal  AIN  gave  the  valence-band  offset  to  be  equal  to  AEy  =  0.8  ±  0.3  eV 
[15].  Using  the  energetic  position  of  the  iron  impurity  level  in  both  materials  as  a  reference, 
one  obtains  a  rather  small  value  of  AEy  0.5  eV  [16]. 

CONCLUSIONS 

We  have  discussed  the  stability  of  various  reconstructed  (001)  SiC/GaN  and  (001)  SiC/AlN 
interface  geometries  with  one  and  two  mixed  layers  at  the  interface.  The  preferred  bonding 
configurations  across  the  interface  are  found  to  be  Si-N  and  Ga-C,  which  corresponds  to 
cation-anion  bonding.  We  found  that  the  atomic  relaxation  near  and  right  at  the  inter¬ 
face  plays  a  crucial  role  for  the  formation  enthalpies  and  band  discontinuities.  We  predict 
that  the  VBO’s  in  pseudomorphic  AlN/GaN  heterostructures  can  be  altered  considerably 
by  growing  the  structure  on  various  substrates  because  the  isovalent  VBO’s  are  largely  de¬ 
termined  by  the  strain  at  the  interface.  Finally,  our  studies  show  that  the  SiC/AIN  and 
AlN/GaN  heterostructures  are  always  of  type  I,  whereas  SiC/GaN  heterostructure  can  be 
of  type  I  or  II  depending  on  the  orientation  and  chemical  composition  of  the  interface. 
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ABSTRACT 

The  strain  induced  by  lattice  mismatch  at  the  interface  is  responsible  for  the  different 
value  of  the  band  discontinuities  observed  recently  for  the  AlN/GaN  (AIN  on  GaN)  and  the 
GaN/AlN  (GaN  on  AIN)  polar  (0001)  interface.  We  present  a  first-principles  calculation  of 
valence  band  offsets,  interface  dipoles,  strain-induced  piezoelectric  fields,  relaxed  geometric 
structure,  and  formation  energies.  Our  results  confirm  the  existence  of  a  large  forward- 
backward  asymmetry  for  this  interface. 

INTRODUCTION 

A  reliable  determination  of  the  valence-band  offset  (VBO)  at  the  (0001)  polar  interface 
between  wurtzite  AIN  and  GaN  is  still  missing.  The  few  experimental  investigations  avail¬ 
able  [1,  2]  are  in  mutual  disagreement,  and  theoretical  studies  refer  either  to  zincblende 
interfaces  [3],  or  artificially  lattice-matched  wurtzite  interfaces  [4].  The  latter  approxima¬ 
tion  leads  to  a  less  accurate  determination  for  the  VBO,  and  cannot  pick  up  the  possible 
forward-backward  asymmetry  characteristic  of  lattice-mismatched  interfaces.  In  the  case 
of  the  AlN/GaN  interface,  lattice  mismatch  amounts  to  2.5  %,  and  may  cause  a  very  large 
asymmetry.  This  asymmetry  has  not  yet  been  clearly  determined  experimentally  (it  was 
not  even  found  in  early  experimental  work  [5]),  being  hidden  by  the  large  uncertainties  in 
the  measured  data.  Even  the  best  experimental  investigations  available  face  two  kinds  of 
problem:  (i)  the  determination  of  the  core  level  alignment  with  the  valence-band  maximum 
(VBM)  is  obtained  indirectly  using  theoretical  estimates  of  the  VBM  position,  which  (as 
underlined  by  Vogel  et  al.  [6])  is  affected  by  large  systematic  errors;  (ii)  the  existence 
of  strong  polarization  fields  in  both  the  substrate  and  the  overlayer  tends  to  modify  the 
apparent  value  of  the  VBO  deduced  from  the  core-level  shift  measurements. 

The  present  ab-initio  investigation  includes  all  strain  and  relaxation-induced  effects, 
and  overcomes  the  difficulty  in  VBO  determination  due  to  polarization  fields  by  the  use 
of  a  novel  charge-decomposition  technique.  An  estimate  of  the  formation  energy  of  the 
interfaces  studied  is  also  given. 

BULK  PROPERTIES 

Valence-band  offset  calculations  at  lattice-mismatched  interfaces  require  the  evaluation 
of  the  band  structure  energies  for  the  bulk  crystals  in  equilibrium,  and  subjected  to  biax¬ 
ial  strain.  The  calculations  are  done  using  density-functional  theory  in  the  local-density 
approximation  (LDA)  to  describe  the  exchange- correlation  energy,  and  ultrasoft  pseudopo¬ 
tentials  [7]  for  the  electron-ion  interaction.  Plane-wave  basis  sets  up  to  25  Ry,  and  24 
special  k-points  are  found  to  give  fully  converged  values  for  the  bulk  properties.  Since  the 
properties  of  GaN  are  affected  by  Ga  3d  states  [8],  our  Ga  pseudopotential  includes  3d 
electrons  in  the  valence.  This  yields  very  good  structural  bulk  parameters. 
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Table  I:  Predicted  structural  parameters  and  valence  band  maxima  for  equilibrium  and 
strained  AIN  and  GaN. 


Material 

AIN 

AIN 

GaN 

GaN 

Substrate 

— 

GaN 

— 

AIN 

a 

5.814 

6.04 

6.04 

5.814 

c/a 

1.619 

1.51 

1.6336 

1.73 

u 

0.38 

0.3927 

0.3761 

0.3653 

E^strain  (eV) 

+0.179 

+0.155 

Evbm  (eV) 

-0.16 

0.09 

-4.90 

-4.69 

In  wurtzite  crystals,  the  determination  of  the  atomic  structure  at  a  given  lattice  constant 
a  implies  the  calculation  of  the  c/a  and  u  parameters.  The  equilibrium  c  as  been  determined 
by  fitting  with  a  polynomial  the  total  energy  computed  for  six  different  values  of  c,  with  u 
being  determined  for  each  value  of  c/a  via  minimization  of  the  Hellmann-Feynman  forces, 
with  a  threshold  of  10“^  Hartree/bohr.  The  calculated  structural  parameters  are  given 
in  Table  I.  The  structural  parameters  of  AIN  and  GaN  behave  similarly  under  strain 
[A(c/a)/{c/a)  ~  7%,  Au/w  ~  2%]  with  similar  total  energy  variations.  Instead,  the  effect 
of  strain  on  the  valence-band  edge  is  very  different.  A  rationale  for  this  difference  is  that 
the  AIN  (GaN)  band  edge  is  a  singlet  (doublet)  formed  by  the  hybridization  along  the  c-axis 
(in  the  a-plane)  of  N  2s  orbitals  with  A1  (Ga  p^^/)  states,  so  that  biaxial  compression 
pushes  the  edge  upward  in  GaN  and  downward  in  AIN. 

BAND  OFFSET 

As  pointed  out  by  Baldereschi  et  al.  [9],  the  valence-band  offset  AE^,  may  be  split  in 
two  terms: 

AEy  =  AFvbm  +  AVei- 

The  first  contribution  AFvbm  is  the  difference  between  the  valence-band  edge  energy  in 
the  two  bulk  materials,  each  edge  being  referred  to  the  average  bulk  electrostatic  potential. 
The  second  contribution,  the  potential  lineup  is  the  drop  of  the  macroscopic  average 

of  the  electrostatic  potential  across  the  interface.  The  latter  term  requires  a  selfconsistent 
calculation  of  the  electronic  density  distribution  for  the  real  interface  system.  Our  interface 
has  been  modeled  using  a  (GaN)4/(AlN)4(0001)  superlattice  (see  below),  both  ideal  and 
fully  relaxed.  The  material  being  grown  epitaxially  on  the  chosen  substrate,  has  been 
pre-strained  to  have  the  same  a  lattice  constant  as  the  substrate. 

The  lineup  term  is  customarily  obtained  by  solving  the  Poisson  equation  for  the  macro¬ 
scopic  average  of  the  charge  density,  neutralized  by  a  suitable  distribution  of  gaussian 
charges  centered  on  the  ion  sites.  The  potential  drop  across  the  interface  is  usually  cal¬ 
culated  as  the  difference  of  potential  values  in  bulk-like  regions  inside  the  two  interfaced 
materials.  This  turns  out  to  be  non-trivial  for  a  system  such  as  the  present  one,  in  which 
the  existence  of  polarization  fields  in  the  equilibrium  bulk  makes  it  impossible  to  define 
asymptotic  values  for  the  electrostatic  potentials.  The  existence  of  such  fields,  moreover, 
limits  the  maximum  length  of  our  slab.  Indeed,  beyond  a  certain  critical  thickness  the  drop 
of  the  potential  inside  each  slab  would  make  the  system  metallic,  with  a  related  transfer 
of  charge,  which  would  spoil  the  exact  determination  of  the  lineup  term.  Our  choice  of  a 
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16-atom  supercell  is  a  compromise  between  the  need  to  have  an  insulating  system,  and  at 
the  same  time  to  avoid  a  spurious  coupling  of  the  interfaces  at  the  sides  of  the  slabs.  Tests 
were  performed  in  supercells  of  up  to  40  atoms.  In  Fig.  1,  we  show  the  macroscopic  average 
of  the  charge  density  and  of  the  electrostatic  potential.  The  potential  drop  is  inextricably 
linked  to  the  polarization  fields  within  the  AIN  and  GaN  bulks.  We  have  circumvented 


z  along  growth  direction  (bohr) 


Figure  1:  Supercell  electron  density  and  electrostatic  potential.  Electron  density  has  been 
compensated  in  the  two  bulks  by  a  distribution  of  gaussians  placed  at  the  atomic  sites. 

this  problem  by  employing  a  new  method.  The  basic  idea  is  that  at  the  polar  AlN/GaN 
interfaces,  the  existence  of  polarization  fields  reveals  itself  by  an  accumulation  of  charge  in 
the  form  of  a  monopole  distribution  whose  density  is  proportional  to  the  difference  between 
the  polarizations  inside  the  two  interfaced  bulks.  On  top  of  this  monopole  term,  we  have 
the  traditional  dipole  term  representing  the  local  charge  transfer  across  the  interface.  This 
dipole  term  is  the  quantity  we  are  interested  in,  as  the  band  offset  is  by  definition  related  to 
the  dipolar  part  of  the  potential  drop.  Since  the  monopole  contributions  are  related  to  the 
polarization  fields,  they  must  be  equal  and  opposite  for  the  two  (geometrically  inequivalent) 
interfaces  in  our  AlN/GaN  superlattice.  To  filter  out  the  monopole  term  we  superimpose 
the  two  interface  distributions  by  folding  them  around  a  plane  placed  halfway  between  the 
two  junctions.  We  define  the  dipole  term  as  the  average  of  the  superimposed  charges, 

-  zo)  =  ^  [n(2  -  Zq)  +  h{zo  -  z)] , 

where  z  is  a  coordinate  along  the  c-axis,  Zq  the  plane  position  and  n  the  macroscopic  average 
for  the  charge  density.  The  monopole  term  is  just  the  difference  between  the  dipole 

term  and  the  total  macroscopic  charge: 

n^°^°{z}  =  n(z)-h^^p(z). 
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Such  a  decomposition  allows  a  determination  of  the  polarization  charges  and  dipole  terms 
which  is  nearly  independent  of  the  position  of  the  folding  plane.  Fig.  2  shows  the  decompo¬ 
sition  for  the  AlN/GaN  interface.  The  decomposition  reveals  the  origin  of  the  asymmetry 


z  along  growth  direction  (bohr) 


Figure  2:  Decomposition  of  the  macroscopic  average  of  the  electronic  density  (dotted  line) 
into  monopole  (solid)  and  dipole  (dashed)  terms.  Such  a  decomposition  allows  the  deter¬ 
mination  of  the  lineup  term  AVe/  from  the  solution  of  the  Poisson  equation  (dot-dashed) 
of  the  dipole  term. 


in  the  total  charge  distribution,  and  at  the  same  time  it  enables  us  to  evaluate  the  lineup 
term.  In  Table  II  we  report  the  values  for  the  VBO  obtained  via  this  decomposition.  There 


Table  II:  Valence-band  offset  potential  lineup  AVe/,  relaxation  energies  Erei,  monopole 
charge  densities  ai^t  and  electric  fields  E  in  the  ideal  and  relaxed  the  AlN/GaN  (0001) 
interface. 


Interface 

AlN/GaN 

GaN/AlN 

units 

structure 

ideal 

relaxed 

ideal 

relaxed 

AE, 

0.29 

0.20 

1.00 

0.85 

eV 

AVel 

5.28 

5.18 

5.52 

5.36 

eV 

(Tint 

0.029 

0.014 

0.022 

0.011 

C/m^ 

E 

32.7 

15.6 

24.4 

12.9 

10®  V/m 

is  a  very  large  forward-backward  asymmetry  of  0.65  eV  between  AlN/GaN  and  GaN/AlN 
interface  VBOs.  This  is  only  marginally  due  to  the  lineup  term  (contributing  0.18  eV),  its 
main  component  being  the  band  structure  term  (0.47  eV).  The  relaxation  is  responsible  for 
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comparatively  small  deviations  of  ~  0.1  eV  from  the  ideal-interface  values.  The  relaxation 
pattern  is  characterized  in  both  cases  by  a  contraction  of  the  Al-N  axial  interface  bond 
-0.04  a.u.)  and  an  expansion  of  the  axial  Ga-N  bond  -t-0.02  a.u.). 

POLARIZATION 

Super  cell  calculations  are  not  the  only  way  to  obtain  the  interface  charge  density  (Tint- 
As  shown  in  Ref.  [10],  given  the  polarization  Pj  and  P2  and  the  dielectric  constants  e\  and 
£2  of  the  component  materials,  (Tint  is  given  by 


<^ini  —  i  2 (P2  “  Pi)/(ei  +  £2)-  (1) 

in  periodic  boundary  conditions.  We  have  calculated  the  macroscopic  polarization  for 
equilibrium  and  strained  GaN  and  AIN  via  the  Berry  phase  technique  of  Ref.  [11].  The 
(high-frequency)  dielectric  constants  of  AIN  and  GaN  have  been  calculated  using  the  rela¬ 
tion 

APt  =  CooAPl, 

where  APt  is  the  (so-called  transverse)  polarization  change  induced  by  a  small  cation 
sublattice  displacement  in  the  bulk  in  zero  field,  and  APl  is  the  (so-called  longitudinal) 
polarization  change  due  to  a  uniform  displacement  of  few  cation  planes  in  a  periodic  bulk 
supercell.  In  the  latter,  a  depolarizing  field  is  present  due  to  the  periodic  boundary  con¬ 
ditions.  As  a  by-product  of  our  calculations,  we  obtained  the  Born  effective  charges  for 
AIN  and  GaN  which,  as  expected  for  highly  polar  semiconductors,  are  quite  close  to  the 
nominal  ionicity.  The  results  are  shown  in  Table  III.  Substituting  Ptot  and  e  in  Eq.l  we 

Table  III:  Polarization  in  GaN  and  AIN:  electronic  P^i  and  total  Ptot  polarization,  derivative 
of  the  latter  with  respect  to  u.  Born  effective  charge,  and  dielectric  constant  are  shown. 


System 

a 

Pel 

Ptot 

dPjdu 

Z* 

£co 

— 

bohr 

C/m^ 

C/m^ 

C/m'^ 

e 

— 

AIN 

5.814 

-0.178 

-0.0812 

10.51 

2.69 

4.59 

AIN 

6.04 

-0.492 

-0.1712 

9.95 

2.74 

4.64 

GaN 

5.814 

+0.223 

+0.0343 

10.69 

2.74 

5.27 

GaN 

6.04 

-0.0511 

-0.0308 

9.88 

2.72 

5.52 

obtain  for  the  AlN/GaN  (GaN/ AIN)  interface  a  monopole  density  of  0.028  (0.023)  C/nP 
in  embarrassing  agreement  with  the  outcomes  of  the  supercell  calculations.  This  proves 
directly  that  the  sources  of  the  internal  fields  in  the  interface  system  are  the  charges  accu¬ 
mulated  at  the  interface  by  the  bulk  polarization  effects.  Also,  the  latter  finding  provides 
an  a  posteriori  justification  of  our  somewhat  ad-hoc  charge  decomposition  procedure. 

FORMATION  ENERGIES 

An  important  issue  for  the  present  selfconsistent  calculation  is  the  evaluation  of  the 
formation  energy  for  the  AlN/GaN  interfaces.  Contrary  to  the  case  of  non-polar  interfaces, 
for  the  wurtzite  (0001)  system  it  is  impossible  to  build  a  superlattice  with  symmetric 
interfaces.  This  means  that  only  the  average  value  of  the  formation  energy  for  the  two 
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interfaces  can  be  obtained  from  a  total-energy  calculation.  We  define  the  average  formation 
energy  for  the  AIN / GaN  interface  as 

£/  =  ±  _  „AyAIN]  ^ 

where  are  the  total  energies  per  pair  of  GaN  and  AIN,  the  number  of  Ga  and  A1 
atoms,  the  supercell  total  energy  and  A  its  cross-sectional  area.  A  reliable  determi¬ 
nation  of  Ef  requires  equivalent  k-point  sampling  for  bulk  and  interface  calculations.  This 
is  easily  accomplished  if  the  interface  is  lattice-matched.  In  the  present  case,  the  supercell 
length  is  not  simply  an  integer  multiple  of  the  bulk  unit  cell  of  either  constituent  material. 
This  means  that  an  exact  equivalence  between  k-point  meshes  cannot  be  achieved.  A  good 
approximation  for  Ej  can  however  be  obtained  by  defining,  for  each  component  material, 
an  auxiliary  bulk  cell  having  the  same  lattice  constant  a,  and  an  axial  length  c  being  a 
sub-multiple  of  the  supercell  length  /.  This  value  in  the  present  case  is  just  the  average  of 
Cain  and  ccaV-  It  is  then  possible  to  downfold  exactly  the  supercell  mesh  into  the  auxiliary 
bulk  cell.  The  next  step  is  to  uniformly  scale  the  k-points  coordinates  to  adapt  the  mesh 
to  the  real  value  of  c.  We  should  point  out  that  the  accuracy  of  this  procedure  (compared 
with  an  exact  computation  of  the  energy  integral  over  the  IBZ)  increases  with  the  number 
of  points  in  the  mesh.  It  is  therefore  possible  to  find  a  suitable  mesh  to  accomplish  any 
required  accuracy.  The  results  for  the  formation  energies  reported  in  Table  IV  have  been 

Table  IV:  Average  formation  energy  for  the  AlN/GaN  (0001)  interfaces. 


Interface 

AlN/GaN 

GaN/ AIN 

units 

ideal 

relaxed 

ideal 

relaxed 

Ef 

-3.4 

-16.4 

+11.7 

-6.2 

meV 

obtained  using  a  6~point  Chadi-Cohen  mesh  [12]  in  the  supercell,  which  when  downfolded 
in  the  auxiliary  cell  produces  24  special  points.  We  estimate  the  k-point  sampling  error 
in  the  formation  energies  to  be  ~  10  meV.  It  should  be  noted  that  such  low  formation 
energies  are  not  surprising  when  compared  with  the  results  obtained  by  Chetty  et  al.  [13] 
for  GaAs/AlAs(lll)  interfaces. 
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ABSTRACT 

Band  gap  bowing,  structural  relaxations,  and  energies  of  formation  were  calculated  for 
the  three  pseudobinary  nitride  zincblende  alloy  systems  Al-Ga,  In-Ga  and  In-Al  using  the 
full-potential  linearized  muffin-tin  orbital  method.  The  cluster  expansion  and  Connolly- 
Williams  approaches  were  used  to  relate  calculated  band  structures  and  energies  of  forma¬ 
tion  of  ordered  compounds  to  the  behavior  of  disordered  alloys.  Effects  of  bond  length  and 
volume  variation  on  those  properties  are  discussed.  An  interpolation  formula  for  the  gap  of 
the  full  pseudoternary  AUGa^/In^N  system  is  proposed  and  tested  by  separate  calculations. 
Extension  of  the  results  to  the  wurtzite  alloys  is  discussed. 

INTRODUCTION 

Alloying  among  group-III  nitrides  in  principle  allows  one  to  change  the  band  gap  from 
1.9  eV  in  InN,  to  6.3  eV  in  AIN.  GaN  intermediate  in  the  series  has  a  bandgap  of  3.5 
eV.  Previous  theoretical  studies  and  most  experimental  work  (see  e.g.  [1])  have  focused 
on  the  pseudobinary^  alloy  combinations,  AlGaN  and  InGaN  [2,  3,  4].  However,  for  each 
concentration  in  those  alloy  systems,  both  the  gap  and  the  lattice  constant  are  determined. 
Pseudoternary  systems  allow  more  freedom.  For  any  desired  band  gap  (except  those  for 
the  extremes),  there  are  several  possible  alloy  combinations  and  hence  lattice  constants 
to  choose  from.  Since  it  is  desirable  to  have  different  layers  in  a  heterostructure  lattice- 
matched,  it  is  useful  to  employ  the  full  pseudoternary  AUGa^In^N  system  {x -\-y  +  z  =  1). 
To  guide  such  an  alloy  design,  an  accurate  knowledge  of  the  band  gap  and  the  lattice 
constant  as  functions  of  x,  y  and  2:  is  required. 

A  second  important  concern  for  the  alloy  design  is  the  issue  of  phase  separation.  While 
it  is  widely  believed  that  the  nitrides  are  fully  miscible,  there  is,  in  reality,  a  miscibility 
gap.  In  a  closely  lattice-matched  A^Gai-ajN  alloy  system,  the  miscibility  gap  temperature 
was  shown  [2]  to  be  rather  low  and  hence  at  a  typical  growth  temperature  one  may  expect 
to  have  a  true  solid  solution.  In  In^rGai-^N,  however,  phase  separation  problems  have  been 
reported  experimentally  [5,  6]. 

In  this  paper,  we  present  the  first  systematic  study  of  the  full  psudoternary  system 
using  throughout  the  same  first-principles  computational  scheme  and  including  an  accurate 
treatment  of  bond  length  relaxations. 

METHOD  OF  CALCULATION 

Our  alloy  model  is  based  on  the  cluster  expansion  approach  [7].  While  the  natural 
crystal  structure  for  the  nitrides  is  the  wurtzite  (wz),  zincblende  (zb)  structures  have  also 
been  stabilized.  Since  there  is  considerably  more  experience  with  alloy  modeling  in  cubic 

^We  call  and  alloy  pseudobinary  and  an  AjjByCzN  alloy  pseudoternary  to  emphasize  that  the 

composition  variation  and  disorder  pertain  only  to  the  cation  sublattice.  The  commonly  used  terminology 
is  ternary  for  the  former  and  quaternary  for  the  latter. 
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based  materials  than  in  hexagonal  based  materials,  we  have  started  our  alloy  investigation 
for  the  zincblende-based  structures.  Nevertheless,  our  results  can  easily  be  adapted  to  wz 
alloys  because  the  electronic  structure  in  both  crystal  structures  are  closely  related  and  the 
relations  between  the  two  are  well  understood  [8].  The  wz/zb  total  energy  differences  are 
much  smaller  than  the  typical  alloy  energy  differences.  Direct  calculations  for  wz  alloys  to 
verify  these  predictions  are  in  progress. 

As  in  previous  work,  [2,  4]  we  use  the  Connolly-Williams  method  [9]  to  obtain  average 
properties  of  disordered  alloys. 


9.(x)  =  Y.P^(x,T)n„,  (1) 

n 

where  Q  is  the  property  of  interest,  e.g.  band  gap  or  energy  of  formation,  0(2;)  is  its 
ensemble  averaged  value  for  alloy  concentration  x,  the  contribution  from  “cluster”  n 
and  Pn{x,T)  the  frequency  of  occurrence  of  cluster  n  in  a  disordered  alloy  of  concen¬ 
tration  X  and  at  temperature  T.  Specifically,  we  use  the  nearest  neighbor  tetrahedron 
approximation,  in  which  case  n  =  0 ...  4  labels  the  number  of  B  atoms  in  the 
tetrahedron  surrounding  each  anion  C.  Because  thermodynamic  equilibrium  is  not  guar¬ 
anteed  under  typical  growth  conditions  for  nitrides,  we  assume  truly  random  probabilities 
Pn{x,T)  —  -  xY~^  for  simplicity.  The  values  associated  with  each  cluster  n  are 

obtained  by  using  a  similar  expansion  for  known  ordered  compounds,  for  which  we  choose 
the  usual  fee  based  structures,  Llo,  LI2  and  pure  fee.  Some  additional  ordered  structures, 
such  as  chalcopyrite  and  Lli,  are  calculated  to  investigate  the  sensitivity  of  the  properties 
to  particular  ordering. 

The  main  difference  from  our  previous  work  is  the  way  in  which  we  treat  bond-length 
relaxations.  In  a  previous  report  on  Inj;Gai_a;N  by  one  of  the  authors  [4],  a  rather  high 
energy  of  formation  was  found  and  it  was  suggested  that  deviations  from  Vegard’s  law 
might  be  important  in  this  system.  However,  as  was  cautioned  in  that  work,  the  structural 
relaxation  was  not  fully  taken  into  account.  In  the  ideal  structure,  the  volume  was  relaxed 
first.  The  internal  parameter,  the  relative  position  of  nitrogen  atom  to  cations,  was  then 
relaxed  at  the  fixed  volume.  We  will  show  here  that  a  significantly  smaller  deviation  from 
Vegard’s  law  is  found  when  the  minimum  energy  is  calculated  with  relaxed  bond  lengths 
at  each  volume.  This  also  has  important  consequences  for  the  band-gap  bowings  and  the 
energies  of  formation  which  determine  the  miscibility  gap.  We  find,  in  fact,  that  the  band 
gap  bowing  is  predominantly  determined  by  the  lattice  constant  since  the  various  calculated 
results  fall  on  a  single  curve  when  the  band  gap  is  plotted  as  a  function  of  lattice  constant 
(see  Fig.  1(b))  instead  of  as  a  function  of  concentration.  The  present  w'ork  assumes  that 
full  relaxation  of  the  second  nearest  neighbor  distance  can  take  place.  This  may  not  be 
completely  the  case  in  a  disordered  alloy  because  of  the  residual  strain  [10]  and  may  lead  to 
a  slight  underestimate  of  the  present  energies  of  formation  and  bowing  coefficients.  Still, 
this  residual  strain  would  result  from  frustration  due  only  to  disorder  in  the  cation  lattice 
and  not  because  of  the  unrealistic  strain  induced  by  keeping  nearest  neighbor  cation-anion 
bond  lengths  unrelaxed,  which  in  the  previous  work  [4],  yielded  a  significant  overestimate 
of  energies  of  formation  and  band-gap  bowings. 

We  use  the  full-potential  linearized  muffin-tin  orbital  method  [11]  in  conjunction  with 
the  local  density  functional  theory  (LDA)  [12]  with  Hedin-Lundqvist  parametrization  [13] 
for  all  band  structure  and  total  energy  calculations.  Details  of  the  method  as  applied  to 
the  nitrides  are  given  elsewhere  [14]. 
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Fig.  1(a)  shows  the  lattice  constants  of  the  three  pseudobinary  nitride  alloy  systems 
as  functions  of  concentration,  once  with  only  volume  relaxation  and  ideal  (i.e.  equal  bond 
length)  structures,  and  once  with  full  relaxation  of  the  internal  parameters  before  volume 
relaxation.  It  can  be  seen  that  the  second  set  of  results  are  much  closer  to  Vegard’s  law, 
particularly  for  the  Ina;Ali_a;N  alloys  where  the  lattice  mismatch  is  the  largest. 

Fig.  1(b)  shows  the  band  gap  as  a  function  of  lattice  constant  for  Ina;Gai_a;N  using  the 
two  relaxation  approaches  mentioned  above.  One  can  see  that  all  results  fall  on  the  same 
curve,  showing  that  the  lattice  constant  is  the  primary  factor  in  determining  the  band-gap 
bowing. 

Fig.  2(a)  shows  the  band  gaps  of  Ina;Gai_a;N  in  our  final  fully  relaxed  calculation  as  a 
function  of  concentration  for  the  various  ordered  compounds  and  the  ensemble  averaged 
value  for  the  disordered  compound  deduced  from  it.  One  may  note  that  the  value  of 
chalcopyrite  lies  on  the  disorder  averaged  line.  This  confirms  the  fact  that  the  relaxations  in 
chalcopyrite  and  the  cation  ordering  are  good  representatives  of  average  random  behavior. 
This  is  the  main  idea  behind  the  use  of  so-called  special  quasirandom  structures  [15].  We 
also  see  that  particular  ordered  structures  such  as  the  Lli  may  have  significantly  lower  ^ 
gaps  than  the  average.  This  can,  in  this  case,  be  traced  back  to  the  occurrence  of  only  A3B 
and  AB3  tetrahedra  as  opposed  to  the  A2B2  tetrahedra  which  predominate  in  the  random 
alloy. 

Since  the  wz  and  zb  gaps  are  both  direct  at  F  in  InN  and  GaN  and  differ  only  by  a 
constant  of  about  0.3  eV  in  each  case,  we  expect  that  the  zb  bowing  coefficients  should  also 
apply  to  wz.  The  nearest  neighbor  ordering  in  a  1  +  1  (0001)  superlattice  of  wz  structure 
is  the  same  as  in  the  Lli  structure.  It  is  thus  of  interest  to  note  that  the  calculated 
gaps  for  the  superlattice,  3.14  eV,  1.26  eV,  and  0.51  eV  for  AlGaN2,  AlInN2,  and  GaInN2 
repectively,  are  indeed  close  to  the  values  of  Lli,  3.04  eV,  1.13  eV,  and  0.38  eV  after 
including  the  constant  shift  between  wz  and  zb  gaps. 
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Figure  2:  (a)  Band  gap  (LDA)  of  Ina;Gai_xN  in  ordered  compounds  and  configurational 
average  (solid  line) .  Deviations  from  the  linear  variation  (shown  by  the  dashed  line)  corre¬ 
spond  to  the  bowing,  (b)  Band  gap  (including  estimated  self-energy  corrections,  see  text) 
of  wurtzite  Ill-nitride  alloys  as  a  function  of  wurtzite  lattice  constant. 


We  note  that  here  we  have  shown  the  LDA  gaps  which  are  well  known  to  be  too  small 
by  a  self-energy  correction  of  about  1  eV  in  GaN,  2  eV  in  AIN  and  InN.  Assuming  that 
the  correction  varies  linearly  with  concentration,  it  will  not  affect  the  bowing  coefficients. 
In  Fig.  2(b)  we  show  the  configurationally  averaged  band  gaps  of  the  three  pseudobinary 
wurtzite  alloy  systems  as  a  function  of  the  wurtzite  lattice  constant.  These  were  obtained 
by  assuming  that  the  wz  gaps  differ  from  the  zb  direct  gaps  by  a  constant  shift.  Self-energy 
corrections  were  linearly  interpolated  between  those  for  the  end  point  pure  compounds, 
which  in  turn  were  chosen  so  as  to  yield  the  experimental  gaps.  We  see  that  all  of  the 
curves  can  be  well  approximated  by  parabolas. 

For  the  full  pseudoternary  system  ALGa^In^N,  we  propose  the  following  interpolation 
scheme  for  the  gap: 

Eg{x,  y,  z)  —  xEg{A\N)  +  yF^g(GaN)  -I-  zEg{lnN) 

-b{A\GaN)xy  -  6(InGaN)yz  -  6(InAlN)a;z,  (2) 

with  6(AlGaN)  the  bowing  coefficient  of  Ala;Gai_a;N,  etc.  Values  for  the  bowing  parameters 
are  given  in  Table  I.  To  test  this  equation  we  have  directly  calculated  the  gaps  of  several 
pseudoternary  compounds.  Full  structural  details  on  those  calculations  will  be  given  else¬ 
where.  They  are  obtained  by  a  substitution  in  the  LI2  structures.  The  comparison  between 

Table  I:  Bowing  parameters  of  of  Ill-Nitrides  in  eV. 
compound  h 
AlGaN 

AlInN  1.67 
GaInN  0.69 
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Figure  3:  (a)  Direct  (solid  line)  and  indirect  (short  dashed  and  long  dashed  lines)  band  gaps 
in  Gaa;Ali„a;N  and  Ina;Ali_a.N  alloys,  (b)  Energy  of  formation  of  In^^^Gai^^N  alloys:  squares, 
Vegard’s  law;  dashed  line,  fit;  circles,  full  bond  length  relaxation;  solid  line,  random  alloy 
deduced  from  it. 


the  results  predicted  by  Eq.  2  and  the  directly  calculated  values  is  shown  in  Table  11.  The 
agreement  is  reasonably  good. 

Since  AIN  has  an  indirect  gap  at  X  in  zb,  it  is  also  of  interest  to  consider  the  X  gaps 
as  functions  of  concentration  in  InAlN  and  GaAlN.  These  are  shown  along  with  the  direct 
gaps  in  Fig.  3(a).  The  indirect  gaps  are  seen  to  vary  much  less  with  concentration  than  do 
the  direct  gaps.  This  is  because  the  p-like  states  involved  in  the  X-gap  are  less  sensitive 
to  the  nuclear  charge  than  are  the  s-like  states  involved  in  the  minimum  at  F.  The  curves 
indicate  that  the  crossover  between  the  direct  and  the  indirect  gaps  takes  place  at  a:  =  0.44 
and  0.19  for  Gaa;Ali_..cN  and  Ina;Ali_3.N  respectively. 

Fig.  3(b)  shows  the  energy  of  formation  of  Ina;Gai_a;N  as  a  function  of  concentration 
in  various  relaxation  steps.  It  is  evident  that  the  relaxation  of  bond  lengths  has  a  strong 
and  asymmetric  effect  on  the  energy  of  formation.  The  formation  energies  at  50  %  give  a 
rough  indication  of  the  tendency  towards  phase  separation  [2]  because  in  a  simple  regular 
solution  model  it  is  proportional  to  the  miscibility  gap  temperature  Tmg-  They  are  20 
meV/atom,  25  meV/atom  and  12  meV/atom  respectively  for  Ina;Gai_j;N,  Ina;Ali_a;N  and 
Ga^Ali_,N.  While  a  reliable  calculation  of  Tmg  would  need  a  more  advanced  theory  in 
view  of  the  asymmetry  of  the  energy  of  formation  curve,  the  relative  values  indicate  that 
Tmg  for  the  In-containing  systems  would  be  about  twice  those  of  the  Al^Gai_3,N  system. 


Table  II:  Band  gaps  (EDA)  of  pseudoternary  Ill-Nitrides  in  eV. 
compound _ calculated  value  interpolation 


Alo.25Gao.25Ino.5N 

1.05 

1.12 

AI0.25Ga0.5In0.25N 

1.64 

1.79 

Alo.5Gao.25Ino.25N 

2.14 

2.39 
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This  is  consistent  with  the  experimental  indications  that  higher  growth  temperatures  are 
needed  to  incorporate  In  into  the  alloys.  Kinetic  effects  may  also  play  a  role  in  this  issue. 

CONCLUSIONS 

We  have  presented  FP-LMTO  results  for  the  three  pseudobinary  alloy  systems  and 
the  full  pseudoternary  A^Ga^In^N  system.  Bond-length  relaxation  strongly  affects  the 
equilibrium  lattice  constant,  the  value  of  which  is  close  to  the  Vegard’s  law  prediction. 
Band  gap  bowing  coefficients  and  energies  of  formation  were  obtained. 
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ABSTRAGT 

Galculations  of  shallow  donor  states  for  wurtzite  and  zincblende  structure  GaN,  and 
acceptor  states  for  zincblende  GaN  in  an  effective  mass  approximation  are  presented.  Band 
parameters  were  taken  from  experiment  or  determined  from  band  structure  calculations.  The 
effect  of  wavevector  dependent  screening  is  examined,  based  on  dielectric  functions  calculated 
from  empiricad  pseudopotential  band  structures.  For  donor  states,  the  effects  of  electron- 
phonon  coupling  and  free  carrier  screening  in  the  Thomas-Fermi  and  Debye  approximations 
are  discussed  briefly. 

INTRODUCTION 

Gallium  nitride  has  become  a  material  of  considerable  interest  for  optoelectronic  and 
electronic  device  applications.  The  material  has  been  grown  epitaxially  in  both  wurtzite 
aind  zincblende  modifications.  Although  the  wurtzite  phase  has  been  much  more  thoroughly 
explored,  some  properties  of  zincblende  structure  GaN  appear  to  be  very  favorable  for  device 
applications  [1].  The  development  of  GaN  materials  technology  is  currently  very  rapid,  in 
particular  in  the  area  of  controled  n-  and  p-type  doping.  Much  of  the  recent  theoretical  work 
in  this  area  has  concentrated  on  first-priciples  calculations  [2].  While  these  calculations  pro¬ 
vide  considerable  insight  they  are  computationally  rather  intensive.  It  therefore  is  desirable, 
in  view  of  the  development  of  device  models,  to  explore  simple  phenomenological  models 
specifically  suited  for  the  shallow  donors  and  acceptors  that  are  of  importance  to  virtually 
all  device  applications.  The  theory  of  shallow  impurity  states  in  semiconductors  has  been 
reviewed  thoroughly  [3].  Effective  mass  theory  (EMT)  establishes  the  basic  framework  of 
this  paper.  While  it  has  to  be  borne  in  mind  that  the  applicabilty  of  EMT  is  limited  to 
substitutional  impurity  levels  that  are  sufficiently  shallow,  it  appears  that  some  insights  may 
indeed  be  obtained  from  this  simple  treatment  even  in  the  case  of  GaN. 

MODELS 

In  effective  mass  theory  for  direct  bandgap  semiconductors  with  a  single,  isotropic,  spin 
degenerate  valley  at  the  F  point,  the  shallow  donor  states  are  completely  determined  by 
the  dispersion  of  the  conduction  band  near  the  band  edge  and  by  the  relevant  screening 
mechanisms.  The  effective  mass  Schroedinger  equation  for  the  donor  system  is 

Hi>  =  l~y  +  V]^  =  Ei:  (1) 

where  m*  is  the  effective  mass  at  the  band  edge.  The  potential,  V'(f),  represents  a  screened 
Coulomb  interaction.  If  the  dielectric  screening  is  simply  described  by  a  constant,  equation 
(1)  is  just  the  hydrogen  atom  problem,  and  the  solution  is  well  known.  However,  in  general 
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the  screening  is  a  function  of  the  wavevector,  q,  or,  equivalently,  of  the  relative  coordinates. 
This  is  negligible  if  the  donor  bound  states  extend  over  many  lattice  constants.  For  the  case 
of  q-dependent  screening,  we  may  solve  the  problem  by  a  variational  technique.  A  further 
modification  of  the  hydrogenic  problem  relevant  to  polar  materials  concerns  the  inclusion  of 
the  (Frohlich)  electron-phonon  interaction.  It  has  been  shown  [4]  for  impurity  levels  that 
are  shallow  on  the  scale  of  the  LO  phonon  energy,  hu,  that  in  the  weak  coupling  limit  the 
ground  state  energy,  Eq,  is  enhanced  by  a  factor  (1  +  ^  -f-  where  is  the  Frohlich 

coupling  constant. 

The  acceptor  problem  is  more  challenging  because  of  the  more  complex  band  structure 
at  the  valence  band  edge.  We  here  do  not  consider  the  case  of  wurtzite  structure  material 
but  rather  focus  on  the  simpler  case  of  the  zincblende  structure.  For  GaN  the  spin-orbit 
splitting  is  very  small  and  the  top  six  valence  bands  are  almost  degenerate  at  the  F  point. 
The  bands  are  not  isotropic,  but  show  considerable  warping.  Employing  a  spherical  model, 
Baldereschi  and  Lipari  analyzed  two  extreme  situations,  namely  strong  and  weak  spin-orbit 
coupling,  and  recast  the  problem  in  a  new  EMT  frame  suitable  for  the  calculation  of  shallow 
acceptor  states  [5].  In  their  theory  the  Hamiltonian  consists  of  a  spherical  term  and  a  cubic 
correction,  and  in  most  semiconductor  materials  the  spherical  term  dominates  and  the  cubic 
correction  can  be  treated  as  a  small  perturbation.  We  apply  the  weak  spin-orbit  coupling 
limit  of  this  theory  to  the  case  of  GaN. 

Baldereschi  and  Lipari  introduced  two  parameters: 


673  +  472  ,  73  “72 

^  5  = -  (2) 

571  7i 

where  71,  72  and  73  are  three  Luttinger  band  parameters.  The  parameters  >  and  6  measure 
the  strength  of  the  spherical  and  cubic  terms  of  the  dispersion,  respectively. 

In  reference  [5],  the  dielectric  screening  was  treated  as  a  constant.  This  treatment  can 
produce  satisfactory  accuracy  for  very  shallow  acceptor  states,  such  as  those  found  in  Ge, 
because  in  that  case  the  average  bound  state  orbital  radius  is  much  larger  than  the  lattice 
constant  and  the  short  range  interaction  is  negligible.  However,  in  order  to  obtain  good  re¬ 
sults  for  acceptor  ground  states  in  most  semiconductors,  a  wavevector  or  distance  dependent 
dielectric  function  has  to  be  used.  Baldereschi  and  Lipari  later  studied  Si  and  Ge  with  wave 
vector  dependent  dielectric  functions  [6]. 

In  the  present  paper,  we  use  calculated  static  dielectric  functions,  eoo(^)  for  GaN  as 
obtained  from  pseudopotential  band  structure  calculations.  The  method  of  determining  the 
form  factors  and  a  comparison, with  other  bcind  structures  has  been  presented  elsewhere  [7]. 
These  "electronic”  dielectric  functions  do  not  account  for  the  lattice  polarizability.  Figures 
1(a)  and  (b)  show  €00 for  wurtzite  and  zincblende  GaN,  respectively. 

Neglecting  the  anisotropy,  the  static  dielectric  functions  can  be  approximated  by  an 
analytic  form: 


1  =  .  (1  -  m 

foo(9l  q'^  +  a'^  ^  q^  +  0^  9^  +  7^  ^  ' 

where  Cqo  is  the  optical  dielectric  constant.  The  parameters  a,/5,  and  7  are  all  positive  and 
determined  by  fitting  the  calculated  data.  This  expression  can  be  easily  transformed  into 
a  real  space,  r-dependent  dielectric  function  and  consequently  the  point  charge  potential, 
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q  (2n/a)  q  (2w/a) 


Figure  1:  (a)  Static  dielectric  functions,  Coo(^,  for  9  along  (100),  (010)  and  (001)  directions 
in  wurtzite  GaN  and  (b)  along  the  (100),  (110)  and  (111)  directions  in  zincblende  GaN.  The 
zincblende  GaN  lattice  constant,  a,  is  the  normalization  length. 

V’(f),  is  written  as: 

'"(^1  =  ~r  +  -  e-^l  (4) 

Coo"  €00' 

where  K(f^  is  the  short-range  part  of  the  interaction.  For  strongly  polar  materials  the  lattice 
polarizability  makes  a  large  contribution  to  the  overall  dielectric  screening.  Based  on  the 
generalized,  q-dependent  LST  relationship,  we  could,  in  principle,  calculate  the  screening 
function  including  lattice  polarization.  To  our  knowledge  however,  there  is  no  simple  model 
for  calculating  the  phonon  dispersion  frequency  in  strongly  .polar  compounds.  Neither  does 
there  appear  to  be  enough  experimental  data  on  GaN  for  empirical  models.  To  account 
for  the  lattice  polarization  in  GaN,  we  therefore  use  the  scaling  method  of  Bernholc  and 
Pantelides  [8].  With  this  scaling  the  boundary  conditions  are  satisfied,  i.e.  eo(9  =  0)  equals 
the  static  dielectric  constant  (9.5  for  wurtzite  GaN,  the  same  value  is  used  for  zincblende 
GaN)  and  eo(9  =  00)  equals  1.  Figure  2(a)  shows  the  static  dielectric  function. 

Shallow  Donor  Levels  for  Wurtzite  and  Zincblende  GaN 

Recent  experiments  have  yielded  a  conduction  band  effective  mass  value  for  wurtzite 
GaN  of  0.20mo  with  negligible  anisotropy  [9].  For  zincblende  GaN  a  value  of  0.15mo  has 
been  determined  [10].  With  these  effective  masses  and  constant  screening,  characterized  by 
Co  =  9.5,  we  obtain  a  binding  energy  for  the  donor  state  of  SO.lmeV  for  wurtzite  GaN, 
and  22.6meV  for  zincblende  GaN.  Using  wavevector  dependent  screening  as  discussed  above 
the  corresponding  values  are  31.6meV  and  23.7meV,  i.e.  enhancements  of  less  than  5%. 
Figure  2(b)  shows  the  donor  ground  state  radial  wavefunctions  for  ^-dependent  and  constant 
screening.  We  also  evaluated  the  polaron  correction  discussed  above  and  found  that  for  a 
coupling  constant  value  ap  =  0.4  and  an  LO  phonon  energy  of  92meV  the  binding  energy  is 
enhanced  relative  to  the  hydrogenic  value  by  a  factor  of  1.07. 

More  dramatic  screening  effects  are  associated  with  free  electrons.  To  analyze  this  phe- 
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Figure  2:  (a)  Static  dielectric  function,  Co(g  =  0),  of  wurtzite  GaN;  (b)  The  radial  donor 
envelope  wavefunction  for  constant  screening  (dashed  line)  and  that  for  the  q-dependent 
screening  (solid  line)  and  the  corresponding  probability  distribution 


nomenon  we  neglect  the  small  effects  associated  with  the  q-dependence  of  the  lattice  dielectric 
function  and  with  the  electron-phonon  interaction  and  allow  for  free  carrier  screening  within 
the  Thomas-Fermi  approximation.  In  this  framework  the  Coulomb  potential  is  replaced  by. 

y^(f)  =  -^(l-e"''^n  (5) 

CqT 

where  krp  =  and  ko  is  taken  as  either  the  Thomas  Fermi  (T-0)  or  the  Debye  (T=300K) 
screening  parameter  for  electrons  of  concentration,  n.  Figures  3(a)  and  3(b)  show  the  donor 
binding  energies  in  wurtzite  and  zincblende  GaN,  respectively,  as  a  function  of  the  free 
electron  density.  From  these  two  diagrams  we  find  that  the  bound  donor  states  disappear 
for  electron  densities  near  10^® cm“^.  Free  carriers  affect  the  shallow  impurity  donor  states 
severely  in  a  range  which  covers  typical  densities  of  practical  devices. 


EMT  Acceptor  States  for  Zincblende  GaN 

Because  of  the  current  uncertainty  of  the  valence  band  parameters  of  zincblende  GaN,  we 
used  three  different  sets  of  Luttinger  parameters.  One  was  obtained  from  our  pseudopotential 
calculation  [7],  another  was  published  by  Meney  and  O’Reilly  [11],  based  on  calculations  in 
the  framework  of  k-p  theory,  and  the  third  was  derived  from  first-principles  band  structure 
calculations  by  Kim  et  al.  [12].  In  table  (1)  we  list  the  relevant  deduced  quantities. 


Table  (1):  Band  parameters  from  [7],  [11],  and  [12]  and  the  corresponding  acceptor 
binding  energies  in  zincblende  GaN  in  the  spherical  approximation.  El,  constant 
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72 

73 

R*{meV) 
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Eb{me 

Meney  et  al. 

3.06 

0.91 

1.03 

49.3 

15.38 

0.64 

0.04 

95 

130 

Kim  et  al. 

2.40 

0.62 

0.95 

62.8 

12.07 

0.68 

0.14 

130 

200 

Present 

2.94 

0.89 

1.24 

51.3 

14.78 

0.75 

0.12 

135 

350 
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Figure  3:  (a)  Shallow  donor  binding  energy  as  a  function  of  electron  density  for  wurtzite 
GaN.  The  solid  line  is  for  non-degenerate  case  and  dash-dotted  line  is  for  the  degenerate 
case;  (b)  Results  for  zincblende  GaN. 

DISCUSSION 

It  is  to  be  expected  that  the  EMT  gives  a  reasonable  description  of  simple  donors  in  GaN, 
even  in  its  most  basic,  hydrogenic  form.  Corrections  due  to  the  wavevector  dependence  of 
the  dielectric  function  and  those  due  to  the  electron-phonon  interaction  are  relatively  small. 
Free  carrier  screening,  on  the  other  hand,  may  change  the  donor  binding  energy  significantly. 
We  would  expect  our  simple  treatment  to  be  best  applicable  to  isocoric  donors.  Most  ex¬ 
perimental  work  currently  focuses  on  Si  donors.  However,  we  find  reasonable  agreement 
between  our  results  and,  e.g.  the  data  of  Gotz  et  al.  [13].  In  particular,  we  may  attribute 
the  relatively  low  activation  energies  measured  (12meV...17meV)  to  the  effect  of  free  carrier 
screening  which  is  significant  for  samples  with  the  carrier  concentrations  of  those  investi¬ 
gated.  However,  we  would  expect  the  donor  activation  energy  to  decrease  more  rapidly  with 
increasing  carrier  concentration  than  was  observed  in  the  experiments  [13].  Our  results  do 
not  explain  the  additional  deeper  level  found  experimentally  [13]. 

Concerning  the  calculation  of  the  acceptor  level,  we  note  that  even  the  EMT  values  are 
relatively  deep  and  the  ground  state  is  quite  localized,  hence  raising  questions  about  the 
fruitfulness  of  the  effective  mass  concept.  The  experimental  binding  energy  of  Zn  (substitut¬ 
ing  Ga  in  wurtzite  GaN)  is  about  340  meV  that  of  C  (substituting  N)  about  230meV  [14]. 
The  calculated  acceptor  binding  energy  is  very  sensitive  to  the  large  q  screening.  We  also 
find  that  the  binding  energy  is  crucially  dependent  on  the  band  parameters.  Unfortunately, 
values  for  these  parameters  are  currently  not  very  well  established.  In  the  present  work  we 
used  three  sets  of  band  parameters  and  find  the  discrepancies  to  be  remarkably  large.  We 
also  expect  the  polaron  correction  to  be  relatively  large  for  acceptors,  however,  a  quantitative 
discussion  is  beyond  the  scope  of  this  work.  The  free  carrier  screening  is  of  less  importance 
for  the  acceptor  ground  state  because  of  its  strong  localization. 
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CONCLUSION 

We  have  calculated  the  binding  energies  of  shallow  donors  in  wurtzite  and  zincblende 
GaN  in  EMT,  and  estimated  corrections  associated  with  wavevector  dependent  dielectric 
screening,  electron-phonon  coupling,  and  free  electron  screening.  Our  brief  discussion  of  the 
acceptor  problem  in  zincblende  GaN  indicates  that  even  the  EMT  acceptor  state  is  quite 
deep,  implying  a  rather  localized  ground  state.  We  also  note  that  the  EMT  in  the  form  used 
here  cannot  account  for  differences  in  the  binding  energies  of  isocoric  donors  or  acceptors  on 
the  different  lattice  sites,  as  observed  in  experiment. 
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ABSTRACT 

Molecular  dynamics  simulations  are  employed  to  study  defects  in  GaN.  We  use  local 
basis  density  functional  theory  within  the  local  density  approximation  where  charge  transfer 
between  the  ions  is  included  in  an  approximate  fashion.  We  find  good  agreement  for  the 
band  structure  of  wurtzite  and  zincblende  GaN  compared  to  other  recent  calculations, 
suggesting  the  suitability  of  our  method  to  describe  GaN.  A  96  atom  GaN  supercell  is 
used  to  study  the  relaxations  and  electronic  properties  of  common  defects  in  the  crystal 
structure,  including  Ga  and  N  vacancies  and  antisites.  We  analyze  the  electronic  signatures 
of  these  defects. 

INTRODUCTION 

III-V  nitride  semiconducting  materials  are  some  of  the  most  promising  wide-bandgap 
materials,  because  of  their  suitability  for  optoelectronic  devices.  Recent  progress  in  fabri¬ 
cating  a  blue  light-emitting  diode  based  on  silicon  doped  GaN  has  led  to  increased  interest 
in  understanding  its  fundamental  structural  and  electronic  properties.  Some  calculations 
on  the  band  structure  and  intrinsic  defects  of  wurtzite  GaN  have  been  performed  with 
tight  binding  models  [1]  and  first-principles  methods  [2,  3,  4],  Only  one  theoretical  study 
of  vacancies  in  a  32  atom  supercell  in  the  zincblende  phase  is  available  [2].  The  main  aim 
of  this  paper  is  to  describe  the  structure  and  relaxation  of  intrinsic  defects  in  zincblende 
GaN  in  large  supercells.  We  have  determined  the  role  of  native  defects  in  zincblende  GaN 
and  identified  their  structural  and  electronic  consequences. 

METHOD 

Our  method  is  based  on  an  approximate  first-principles  electronic-structure  approach, 
first  introduced  by  Sankey  and  coworkers  in  1989  [5].  Demkov,  Sankey,  Ortega  and  Grum- 
bach  [6]  generalized  this  non-self-consistent  local  basis  Harris  functional  LDA  scheme  to 
an  approximate  self-consistent  form,  “Fireball96”. 

In  this  approach,  Demkov  and  coworkers  [6]  exploited  the  original  idea  of  the  Har¬ 
ris  functional  which  allowed  non  neutral  input  charge  densities.  Spherical  charged  atom 
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densities  are  used  as  Harris  input  charge,  and  these  charges  are  then  self-consistently  de¬ 
termined.  The  method  is  very  efficient,  combining  the  advantages  of  charge  transfer  with 
a  fixed  atom-centered  basis  (and  therefore  efficient  look-ups  for  matrix  elements). 

Basis  functions  of  four  pseudoatomic  orbitals  per  site  are  used,  with  a  confinement 
[5]  radius  of  rc  =  8.805  and  rc  =  5.40^  for  nitrogen  and  gallium,  respectively.  Studies 
comparing  the  equilibrium  lattice  constants  and  structural  relaxation  around  vacancies 
with  and  without  explicitly  treating  the  Ga  3d  states  have  been  performed  by  others  [2]. 
These  calculations  show  that  the  main  effect  of  handling  the  Ga  3d  states  as  part  of  the 
core  is  to  make  the  lattice  constant  too  small.  In  this  work  the  Ga  3d  electrons  are  treated 
as  core  electrons. 

APPLICATION  TO  WURTZITE  AND  ZINCBLENDE  GaN 

The  electronic  band  structures  for  wurtzite  and  zincblende  GaN  were  computed  at 
the  theoretical  equilibrium  lattice  constant  (6%  smaller  than  the  experimental  value,  due 
to  taking  the  Ga  3d  states  as  part  of  the  core)  and  the  energy  dispersion  along  the  high- 
symmetry  lines  in  the  first  Brillouin  zone  is  shown  in  Fig.  1  and  Fig.  2.  The  slightly  excited 
four  orbital  basis  set  used  for  these  calculations  typically  overestimates  the  bandgap  by  a 
factor  of  two. 


Figure  1:  Energy  band  structure  of  zincblende  GaN. 

Comparing  these  band  structures  to  other  ab  initio  calculations  by  Lambrecht  et  al  [7], 
we  find  good  agreement  between  the  bands.  Even  the  lower  conduction  band  states  axe 
represented  rather  well. 
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Figure  2;  Energy  band  structure  of  wurtzite  GaN. 
Finite  Size  Effects 


The  influence  of  finite  size  effects  on  structural  relaxations  and  positions  of  gap  states 
was  investigated.  We  performed  calculations  at  different  k-points  for  the  N  vacancy  in  the 
zincblende  phase  using  three  different  cell  sizes.  To  check  the  dispersion  dependency  of  the 
k-points  on  the  energy  eigenvalues  the  N  vacancy  in  a  216  atom  and  a  96  atom  cell  was 
investigated  using  4  k-points  and  just  the  F  point.  Further  a  N  vacancy  was  relaxed  in  a 
32  atom  cell  using  14  special  k-points.  All  cells  were  relaxed  for  100  steps. 

The  structural  relaxations  in  the  216,  96  and  32  atom  cells  are  identical  within  0.02 
A,  justifying  the  use  of  32  atom  cells  to  describe  relaxation  of  intrinsic  defects  [2].  There 
is  no  variation  (less  than  0.003  eV)  in  the  96  atom  and  216  atom  cells  for  a  given  energy 
eigenvalue  around  the  gap  for  the  four  different  k-points  in  the  Brillouin  zone.  F  point 
eigenvalues  in  the  96  atom  cell  differ  by  less  than  0.25  eV  from  the  eigenvalues  at  different 
k-points. 

For  the  32  atom  cell  we  find  a  large  variation  of  the  energy  eigenvalues  of  a  given  state 
for  different  k-points.  Typically  energies  at  different  k-points  for  the  same  state  vary  by 
about  1  eV .  Further,  the  energy  difference  between  the  N  donor  state  and  the  conduction 
band  edge  (averaged  over  all  14  k-points)  is  smaller  by  0.5  eV,  compared  to  the  two  larger 
cells.  This  is  a  sign  that  a  larger  cell  is  needed  to  completely  characterize  the  electron 
states.  There  is  no  reason  to  expect  this  result  to  be  peculiar  to  a  specific  method. 

While  structural  changes  seem  to  be  described  well  in  the  32  atom  cell,  our  results  show 
that  larger  cells  are  needed  to  adequately  describe  the  electronic  structure.  Our  calculations 
indicate  that  a  96  atom  cell,  using  only  the  F  point  for  Brillouin  zone  sampling,  does  give 
the  energy  eigenvalues  without  significant  k  dispersion. 
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Vacancies  in  Wurtzite  GaN 


Calculations  for  Ga  and  N  vacancies  were  carried  out  in  a  supercell  that  would  contain 
96  atoms  for  the  defect  free  crystal.  The  cell  was  relaxed  for  100  steps  in  each  case  using 
the  r  point.  The  N  vacancy  shows  only  small  structural  relaxations.  In-plane  vacancy 
nearest  neighbors  have  no  change  in  bond  lengths.  The  inequivalent  Ga  atom  along  the 
z-axis  increases  its  distance  from  the  vacancy  by  0.04  A.  A  singlet  and  a  doublet  state 
are  formed  at  the  conduction  band  edge.  Scaling  our  calculated  bandgap  of  the  perfect 
crystal  to  the  experimental  value,  we  find  that  the  singlet  state  is  located  0.7  eV  below  the 
conduction  band.  It  is  singly  occupied,  therefore  the  N  vacancy  acts  as  a  single  donor. 

For  the  Ga  vacancy  we  find  a  larger  relaxation.  In  plane  nearest  neighbors  move 
to  a  distance  of  2.02  A,  while  the  distance  in  the  z-direction  increases  to  2.10  A.  This 
asymmetrical  relaxation  can  be  attributed  to  the  different  symmetry  for  in  plane  versus 
out  of  plane  atoms.  The  N  dangling  bonds  formed  by  the  vacancy  exhibit  a  quasi-triplet 
state  0.17  eV  above  the  valence  band  top.  This  quasi  triplet  is  split  by  0.1  eV  with 
strongly  localized  wave  functions.  Our  results  for  the  Ga  vacancy  are  in  good  agreement 
with  previous  calculations  [2,  3]. 

Vacancies  in  Zincblende  GaN 


For  each  vacancy  and  antisite  calculation  in  the  zincblende  structure  we  used  two 
different  supercell  sizes,  a  32  atom  cell  and  a  96  atom  cell.  Calculations  were  performed 
using  14  k-points  in  the  smaller  cell  and  the  F  point  in  the  96  atom  cell. 

Distortion  of  the  lattice  around  the  N  vacancy  in  both  cells  is  limited  to  nearest  neigh¬ 
bors,  which  move  outward  by  less  than  0.05  A.  The  N  vacancy  is  a  single  donor,  with  the 
donor  state  positioned  0.7  eV  below  the  conduction  band  edge  in  the  96  atom  cell  and 
0.2  eV  (averaged  over  14  k-points)  below  the  conduction  band  edge  in  the  32  atom  cell. 
The  vibrational  density  of  states  is  nearly  identical  to  that  of  the  defect  free  crystal  except 
for  two  additional  peaks  at  110  and  540  cm"^  due  to  vacancy  nearest  and  next  nearest 
neighbors,  respectively.  The  exact  location  of  these  vibrational  peaks  is  probably  shifted 
compared  to  vibrational  spectra  from  experiments,  due  to  the  6  %  lower  lattice  used  in 
these  calculations. 

Relaxation  effects  for  the  Ga  vacancy  are  more  pronounced  than  for  the  N  vacancy. 
The  Ga  vacajicy  nearest  neighbor  N  atoms  move  outward  by  0.22  A  to  a  distance  of  2.05 
A  from  the  vacancy  for  both  cell  sizes.  This  result  compares  well  to  that  of  Reference  [2], 
who  use  a  plane  wave  basis  set  and  investigated  the  Ga  vacancy  in  a  32  atom  cell.  The  Ga 
vacancy  is  a  triple  acceptor  and  the  two  highest  valence  band  states  are  strongly  localized 
on  the  four  3-fold  coordinated  N  atoms  surrounding  the  vacancy. 

Double  Vacancy,  Gallium  and  Nitrogen  Antisites 

A  double  vacancy  in  the  96  atom  zincblende  GaN  cell  wcis  studied,  by  removing  a 
neighboring  Ga  and  N  atom  and  relaxing  the  structure  for  100  steps.  The  three  neighbor¬ 
ing  atoms  of  each  vacancy  relax  differently  than  for  the  isolated  vacancies.  The  nearest 


944 


neighbor  to  vacancy  distance  increases  symmetrically  to  2.0  A  for  the  Ga  vacancy  and  2.17 
A  for  the  N  vacancy.  An  occupied  triplet  has  formed  above  the  valence  band  top,  localized 
on  the  three  N  atoms  neighboring  the  Ga  vacancy.  The  N  vacancy  single  donor  state  is 
now  unoccupied  and  is  positioned  close  to  midgap,  not  near  the  conduction  band  edge,  as 
for  the  isolated  N  vacancy. 

We  also  investigated  N  and  Ga  antisites  in  the  96  atom  zincblende  cell.  The  relaxation 
around  Ngq  is  symmetric  as  the  nearest  neighbor  N  shell  relaxes  outward  by  0.17  A.  The 
N  antisite  introduces  a  doubly  occupied  singlet  0.5  eV  above  the  valence  band  top  and 
an  unoccupied  triplet  in  the  middle  of  the  bandgap.  The  N  antisite  is  the  only  defect 
that  leads  to  a  qualitative  difference  between  the  electronic  structure  of  the  wurtzite  and 
zincblende  structure.  Ngo  in  the  wurtzite  structure  introduces  a  doubly  occupied  singlet 
and  an  empty  doublet  [3],  This  difference  is  due  to  the  lower  symmetry  of  the  wurtzite 
compared  to  the  zincblende  structure,  which  allows  for  different  structural  relaxations  and 
the  corresponding  electronic  structure  changes.  The  vibrational  density  of  states  for  the  N 
antisite  shows  three  strongly  localized  peaks  associated  with  the  antisite,  located  at  440, 
566  and  840  cm“^. 

The  largest  relaxation  effect  of  the  lattice  for  all  single  defect  investigations  in  the 
zincblende  structure  was  observed  for  the  Ga  antisite.  The  Ga-Ga  bond  lengths  increases 
by  0.33  A.  Three  gap  states  have  formed  close  to  the  middle  of  the  bandgap,  that  are  all 
localized  on  the  antisite  Ga  atom. 

CONCLUSIONS 

In  summary  we  have  reported  the  first  large  scale,  detailed  ab  initio  treatment  of 
vacancies  and  native  defects  in  zincblende  GaN.  We  find  that  the  electronic  consequences 
of  defects  in  wurtzite  and  zincblende  GaN  are  similar  except  for  the  N  antisite,  where 
the  lower  symmetry  of  the  wurtzite  structure  leads  to  a  different  bonding  and  electronic 
environment.  Finite  size  effects,  and  their  influence  on  structural  and  electronic  properties 
are  addressed.  Structural  relaxations  are  described  well  even  in  cells  as  small  as  32  atoms, 
while  k  dispersion  of  the  energy  eigenvalues  in  these  cells  introduces  a  large  uncertainty  in 
the  placement  of  defect  states. 
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ABSTRACT 

A  probable  byproduct  of  growth  of  crystalline  GaN  is  an  amorphous  phase  of  the  mate¬ 
rial.  In  this  paper,  we  propose  a  structural  model  of  amorphous  GaN  obtained  from  ab  initio 
molecular  dynamics.  The  radial  distribution  function,  local  bonding,  electronic  density  of 
states  and  vibrational  spectra  are  described.  The  network  we  obtain  is  highly  disordered 
but  exhibits  a  large  state-free  optical  gap,  and  has  no  wrong  (homopolar)  bonds.  These 
predictions  are  intended  to  elucidate  the  experimental  signatures  of  amorphous  GaN. 

INTRODUCTION 

The  dramatic  success  of  GaN  as  an  electronic  and  optical  material  has  motivated  an 
enormous  effort  to  probe  all  aspects  of  the  material  and  seek  improved  means  of  growth.  In 
this  contribution,  we  describe  a  first  model  of  amorphous  GaN,  and  characterize  it  as  com¬ 
pletely  as  possible.  Our  motive  is  to  determine  experimental  signatures  of  the  amorphous 
state,  which  is  almost  certainly  encountered  in  some  methods  of  growth. 

In  this  paper  we  report  the  properties  of  a  first  model  of  a-GaN.  The  calculation  is 
exploratory,  in  the  sense  that  we  have  not  yet  tried  to  optimize  the  density  of  the  model 
or  attempted  different  simulated  annealing/cooling  rates.  Thus  the  “details”  could  differ 
somewhat  from  the  laboratory  material.  Nevertheless,  this  calculation  provides  new  insight 
into  the  character  of  bonding,  defects  and  their  potentially  measurable  experimental  signa¬ 
tures.  It  is  of  particular  interest  that  our  calculation  leads  to  no  wrong  (homopolar)  bonds, 
a  remarkable  property  of  the  model  given  the  short  time  scales  one  is  compelled  to  employ 
in  ab  initio  simulations  of  any  kind. 
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LOCAL  BASIS  AB  INITIO  MOLECULAR  DYNAMICS 


For  a-GaN,  we  used  thousands  of  time  steps  of  local  basis  ab  initio  molecular  dynamics  to 
form  a  small  (64  atom)  model.  This  would  be  a  very  challenging  calculation  in  a  plane  wave 
approach  (see  however  the  recent  plane  wave  tour  de  force  of  Sarnthein  and  coworkers  for  the 
comparably  difficult  problem  of  silica.[l]).  We  use  the  methods  of  Demkov,  Sankey,  Ortega 
and  Grumbach[2],  “Fireball96” ,  who  generalized  the  non-self-consistent  local  basis  Harris 
functional  LDA  scheme  of  Sankey  and  coworkers[3]  to  an  approximate  self-consistent  form. 
In  this  approach,  Demkov  and  coworkers  exploited  the  original  idea  of  the  Harris  functional 
which  allowed  non  neutral  input  charge  densities  in  the  language  of  density  functional  theory. 
Spherical  charged  atom  densities  are  used  as  Harris  input  fragments,  and  these  charges 
are  self-consistently  determined.  They  could  (in  principle)  be  determined  from  the  Harris 
maximum  principle,  applicable  to  this  class  of  input  fragment  densities [2].  The  method  is 
very  efficient,  combining  the  advantages  of  charge  transfer  with  a  fixed  atom-centered  basis 
(and  therefore  efficient  look-ups  for  matrix  elements).  The  long  range  Coulomb  effects  are 
handled  in  the  conventional  way.  The  basis  functions  are  slightly  excited  pseudoatomic 
orbitals  with  confinement  radii[3]  of  S-da^  and  d.Oajj  for  Ga  and  N,  respectively. 

In  zincblende  GaN,  FirebaI196  produces  a  band  structure  in  rather  close  agreement  with 
Lambrecht  and  Segali[4],  even  in  the  structure  of  the  conduction  states  (which  is  initially 
surprising  with  a  minimal  basis).  The  value  of  the  gap  is  overestimated  in  zincblende  GaN 
Eg— 6.3  eV,  (vs  3.2-3. 5eV  for  experiment).  LDA  with  a  complete  basis  tends  to  underesti¬ 
mate  the  gap;  the  slightly  excited  sp^  basis  leads  to  an  overestimate.  See  the  work  of  Stumm 
elsewhere  in  this  volume  for  details  on  the  band  structure. 

From  studies  of  crystalline  phases  of  GaN  (reported  elsewhere  in  this  volume)  we  have 
found  that  we  closely  reproduce  the  essentially  exact  (within  LDA)  result  of  Neugebauer 
and  Van  de  Walle[5]  for  intrinsic  defect  relaxations,  when  the  Ga  3-d  states  are  taken  to 
be  part  of  the  core.  The  Ga  3-d  states  have  a  significant  effect  on  the  lattice  constant 
and  energies,  as  shown  by  these  workers[5],  but  cannot  be  expected  to  lead  to  topologically 
different  results  in  the  study  reported  here.  The  main  effect  on  our  work  is  to  make  the 
lattice  constant  6%  too  small,  which  probably  also  introduces  a  moderate  shift  in  the  phonon 
energies.  Accurate  ab  initio  simulations  on  the  crystal  and  certain  defects  have  also  been 
reported  by  the  North  Carolina  State  group[6]. 

Since  the  density  of  a-GaN  is  unknown,  but  is  probably  somewhat  less  dense  than  crys¬ 
talline  GaN,  we  performed  our  calculations  at  constant  volume  (fixed  to  the  experimental 
volume),  which  roughly  means  that  we  are  modeling  a  form  of  a-GaN  with  about  83%  of 
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the  bulk  density.  This  choice  clearly  requires  further  investigation  in  future  modeling  work, 
a  first  step  should  involve  a  study  of  energy  vs.  density  for  thoroughly  annealed  cells  at  a 
range  of  densities. 

CONSTRUCTION  OF  THE  NETWORK 

The  structural  model  of  this  paper  was  formed  by  simulated  quenching  of  liquid  GaN. 
We  began  with  a  64  atom  (zincblende)  cubic  supercell  of  c-GaN,  and  randomized  the  atomic 
positions  by  performing  a  400  fs  MD  run  starting  at  lO^K.  Inspection  of  the  network  showed 
that  it  was  substantially  disordered,  and  a  typical  interatomic  force  was  5  eV/A,  implying 
that  the  structure  was  far  from  equilibrium.  Then,  Harris  functional-LDA  MD  was  used 
to  slowly  cool  the  network  over  7  ps  to  300K  (a  Berendsen[7]  thermostat  was  used).  The 
resulting  network  was  then  fully  relaxed  to  equilibrium  with  the  self-consistent  method  of 
Ref.  [2],  We  found  that  the  self-consistent  relaxation  was  essential  to  obtain  reasonable 
network  structure,  an  unsurprising  result  for  such  an  ionic  material. 

PROPERTIES  OF  THE  NETWORK 

While  the  final  network  has  no  wrong  (N-N  or  Ga-Ga)  bonds,  the  coordination  of  N 
and  Ga  is  variable,  with  34  three-fold  sites  and  30  four-fold  sites.  Probably  there  are  many 
different  forms  of  a-GaN  possible  with  varying  “sp^/sp^”  fractions  (an  imprecise  concept 
here  since  the  bonding  is  far  from  ideally  covalent)  as  in  a-C.  The  striking  feature  of  the 
network  topology  is  that  even  with  the  extremely  fast  quench  rates  required  by  ab  initio 
molecular  dynamics,  there  are  no  wrong  bonds,  a  result  likely  to  be  hold  up  in  a  wide  range 
of  densities  for  this  ideal  stochiometry.  It  also  suggests  that  atomic  segregation  is  unlikely 
except  for  stochiometries  significantly  different  than  1:1. 

We  briefly  summarize  our  model  in  several  figures.  Fig.  1  is  the  total  pair  correla¬ 
tion  function  g(r)  and  shows  a  sharply  defined  nearest  neighbor  peak  and  a  rapid  loss  of 
interatomic  correlations. 

As  we  show  in  Fig.  2,  the  electronic  density  of  states  shows  a  F  point  gap  of  3.60 
eV.  When  we  roughly  compensate  for  the  general  overestimate  of  the  gap,  this  suggests  a 
predicted  experimental  gap  of  roughly  half  the  predicted  gap  or  1.8eV.  It  is  quite  revealing 
that  there  are  no  midgap  states,  as  one  would  certainly  find  in  amorphous  Si  or  a-Ge,  for 
example.  By  analysis  of  the  electronic  eigenvectors,  we  find  that  the  band  tail  states  (on 
either  side  of  the  Fermi  level)  are  significantly  localized,  with  the  valence-tail  state  mostly 
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Figure  3:  Vibrational  power  spectrum  predicted  for  a-GaN. 

localized  on  three-fold  N  sites  and  the  conduction  tail  states  largely  localized  on  three-fold 
Ga  sites.  This  again  bears  some  interesting  resemblance  to  the  case  for  a-C,  where  the  sp^ 
states  form  tt  and  tt*  bands  near  the  Fermi  levels  (exactly  closing  the  gap  in  graphite).  It 
is  possible  that  a-GaN  could  be  a  useful  electronic  material  in  its  own  right,  as  a  highly 
defective  model  possesses  no  gap  states  and  therefore  no  deep  carrier  traps  -  without  defect 
passivating  H.  This  conjecture  requires  much  more  work  to  justify  however:  for  example  it  is 
likely  that  the  carrier  mobility  would  be  quite  low,  as  seen  in  tetrahedral  amorphous  carbon 
(ta-C),  for  example[8];  this  is  connected  to  the  localization  properties  of  the  band  tails. 

Finally  we  present  the  vibrational  density  of  states,  reproduced  in  Fig.  3.  The  structure 
is  unremarkable,  except  for  a  weakly  resolved  splitting  between  acoustic  and  optic  features, 
a  signature  of  a  large  degree  of  topological  disorder. 
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ABSTRACT 

We  present  an  ab-initio  calculation  of  GaN  wurtzite  (1010)  and  zinc-blende  (110)  surface 
structures  and  formation  energies.  Our  method  employs  ultrasoft  pseudopotentials  and 
plane-wave  basis.  These  features  enable  us  to  obtain  accurate  results  using  small  energy 
cut-off  and  large  supercells.  The  (110)  surface  shows  a  Ga-N  surface  dimer  rotation  of 
~  14°,  i.e.  about  one  half  that  of  the  ordinary  III-V  non-nitride  compounds,  and  a  5% 
contraction  of  the  surface  bond-length  (more  than  the  double  that  occurring  in  GaAs).  For 
the  (1010)  surface,  a  layer  rotation  angle  of  about  11°  and  a  bond-length  contraction  of 
6%  has  been  found.  Zinc-blende  GaAs  (110)  and  wurtzite  ZnO  (lOlO)  surfaces  have  been 
studied  as  well,  for  the  sake  of  comparison.  GaAs  results  are  in  good  agreement  with  the 
experimental  findings.  For  ZnO  a  large  bond  contraction  and  a  rotation  angle  of  around 
11%  result.  Thus,  our  findings  place  GaN  closer  in  behaviour  to  the  highly  ionic  II- VI 
compounds  than  to  the  non-nitride  III-V  semiconductors. 


Introduction 

A  great  effort  is  devoted  today  to  the  study  of  gallium  nitride  (GaN)  properties,  due  to  its 
large  range  of  applications  in  the  field  of  high-temperature  electronics  and  near-ultraviolet 
electro-optics [1].  GaN  is  a  wide  band-gap  semiconductor  crystallizing  at  room  environment 
in  the  wurtzite  structure.  At  room  temperature  it  shows  a  direct  band  gap  of  3.4  eV. 
Although  the  natural  structure  is  wurtzite,  GaN  thin  films  having  zinc-blende  structure 
have  been  epitaxially  grown  on  various  substrates [2].  For  this  reasons,  detailed  studies  of 
GaN  surfaces  in  both  wurtzite  and  zinc-blende  structures  are  now  whortwhile.  In  this  paper 
we  report  results  concerning  the  structure  of  non-poiar  (1010)  wurtzite  and  (110)  zinc-blend 
surfaces  and  their  formation  energies.  Their  relaxations,  as  well  as  that  of  all  II-VI  and 
III-V  compounds,  are  characterized  by  the  contraction  and  the  rotation  (with  respect  to 
the  surface  plane)  of  the  anion-cation  planar  bonds.  The  chemical  picture  of  what  happens 
at  surface,  at  least  for  the  non-nitride  compounds,  is  well  understood[3].  The  symmetry 
breaking  due  to  the  surface  formation  causes  a  partial  broken  bond  dehybridization.  In 
case  of  GaAs  (one  of  the  best  known  III-V  semiconductors)  the  (110)  surface  atoms  present 
a  dehybridized  dangling  bond  (mainly  s-like  for  As  and  surface  normal  p-like  for  Ga)  and 
rehybridized  backbonds  (sp^-like  for  Ga  and  p-like  for  As).  To  this  end  a  dimer  rotation 
(with  As  moving  outwards  and  Ga  inwards  with  respect  to  the  substrate)  is  needed.  It 
gives  rise  to  an  angle  between  the  ideal  surface  plane  and  the  plane  formed  by  the  surface 
dimer  chains  {tilt  angle).  For  GaAs  the  tilt  angle  is  quite  large  (around  30°).  Also  a 
(small  for  GaAs)  charge  transfer  from  the  cation  to  the  anion  and  a  resulting  contraction  of 
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GaN(llO) 

GaAs(llO) 

This  work 

ref.  [4] 

This  work 

ref.  [4] 

exp. 

e 

14.3" 

2.06" 

30.1" 

24.3" 

31.1" 

to 

7.3" 

1.00" 

16.5" 

13.4" 

16.7" 

BC 

4.9 

6.5 

0.9 

1.3 

2 

Table  I;  Layer  rotation  angle  (6),  bond  rotation  angle  (w)  and  bond  contraction  (BC)  in  percentage  of  its 
ideal  value  for  the  zinc-blende  (110)  GaN  and  GaAs  surfaces 


bond  length  occurs.  GaAs  can  be  considered  as  prototype  of  sp^-coordinated  weakly  ionic 
semiconductor,  while  ZnO  is  generally  taken  as  an  example  of  highly  ionic  structure.  Its 
strong  ionicity  causes  the  surface  dimers  to  have  a  smaller  rotation  and  a  considerably  larger 
contraction.  Thus,  the  surface  relaxations  can  be  understood  as  a  competition  between 
ionicity  (leading  to  large  contraction  and  small  bond  rotation)  and  dehybridization  forces 
(causing  strong  rotations  and  weak  contractions).  It  seems  clear  that  surface  relaxations 
faithfully  reflect  the  ionicity  degree  of  the  structure.  Then,  our  calculations  will  address 
to  the  question  of  how  GaN  can  be  placed  into  this  ionicity  trend.  To  our  knowledge, 
only  one  previous  theoretical  calculation[4]  (performed  within  a  quite  different  method) 
about  GaN  (110)  surface  is  present  in  the  literature,  whereas  two  calculations  about  GaN 
(lOTO)  surface  have  been  reported[4,  5],  At  present,  no  experimental  results  exist  for  GaN 
surfaces.  For  the  sake  of  completeness,  we  also  determined  formation  energies  and  relaxed 
structures  of  GaAs  (110)  and  ZnO  (lOTO)  surfaces.  In  particular,  for  the  latter,  theoretical 
and  experimental  results  are  not  as  reliable  as  for  the  former,  therefore  a  further  accurate 
calculation  seemed  to  be  needed  for  ZnO  (lOTO).  Our  ab-initio  calculations  are  performed 
by  means  of  plane- wave  basis  and  ultrasoft  (Vanderbilt) [6]  pseudopotentials.  Ultrasoft 
pseudopotentials,  a  key  tool  of  our  calculations,  allow  to  employ  a  very  reasonable  cut-off 
energy  (25  Ryd),  overcoming  the  well  known  difficulties  related  to  the  strongly  localized 
nature  of  nitrogen  p  electrons.  For  both  Ga  and  Zn,  3d  electrons  are  taken  into  account 
as  valence  states.  The  theoretically  determinated  bulk  structure  parameters  result  in  close 
agreement  with  experiments  and  have  been  reported  elsewhere [7].  Large  size  cells  (8  atomic 
layers  for  wurtzite  and  9  for  zinc-blende  surfaces)  have  been  used.  Relaxations  have  been 
performed  by  allowing  all  slab  layers  to  relax  within  a  force  threshold  of  1  mRyd/a.u.,  k- 
point  grids  have  been  downfolded  by  bulk  sets  to  allow  an  accurate  evaluation  of  formation 
energies.  The  paper  is  organized  as  follows.  We  show  in  section  I  results  for  (110)  surface 
relaxations,  in  section  II  the  relaxations  related  to  the  (lOTO)  surfaces,  and  in  section  III 
the  surface  formation  energies  of  all  the  investigated  compounds. 

I)  Structure  of  Zinc-Blende  GaN (110)  Surface 

The  (110)  surface  relaxations  are  characterized  by  a  rotation  of  the  planes  formed  by 
the  [iTO] -oriented  atomic  chains  with  respect  to  the  surface  plane  (see  Fig.l).  Also,  a 
contraction  of  the  dimer  bond  length  occurs.  We  call  layer  rotation  angle  {0)  the  angle 
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formed  by  the  (110)  plane  and  the  chain  plane,  and  bond  rotation  angle  (cj)  that  one  between 
the  (110)  plane  and  the  line  connecting  surface  first  neighbours.  The  bond  contraction  (BC) 
corresponds  to  the  first  neighbour  distance  change,  in  percentage  of  its  ideal  value.  In  Table 
I  we  show  our  calculated  values  of  0,  u)  and  BC  for  GaN  (in  comparison  with  that  obtained 
by  Jaffe  et  al.[A])  and  GaAs  (compared  with  ref. [4]  and  LEED  experiments).  Our  results, 
on  some  extent,  confirm  the  anomalous  behavior  of  GaN  with  respect  to  GaAs  and  to  the 


Figure  1:  Side  view  of  zinc-blende  GaN  (110)  relaxed  surface. 


Ax 

Aa 

-0.04 

0.05 

Cl 

0.17 

-0.18 

^2 

-0.05 

0.02 

C2 

-0.03 

0.07 

Table  II:  Displacements  of  first  layer  {Ai  and  Ci)  and  second  layer  (A2  and  C2)  atoms  from  their  ideal 
positions  (in  A)  for  the  zinc-blende  GaN  (110)  surface.  A  and  C  indicate  anion  and  cation,  respectively. 


other  III-V  non-nitride  compounds  (rotation  angles  of  GaN  are  near  half  that  one  of  GaAs 
and  the  bond  contraction  is  strongly  increased),  although  our  values  are  far  away  from  that 
of  ref. [4]  (obtained  by  means  of  an  Hartree-Fock  method).  We  believe  such  a  discrepancy 
can  be  ascribed  to  the  approximations  (small  size  cells  and  top-layer  only  relaxations)  used 
in  the  calculations  presented  in  ref.  [4].  On  the  other  hand  we  tested  our  scheme  in  the 
case  of  GaAs  obtaining  very  good  agreement  between  our  results  and  experiments.  Thus, 
GaN  shows  the  characteristic  of  an  highly  ionic  compound,  with  relaxations  similar  to  that 
typical  of  II- VI  semicondutors.  This  features  will  be  better  appreciated  in  next  section, 
where  we  compare  results  for  the  wurtzite  (lOTO)  surface  of  GaN  and  ZnO.  Anyway,  if  for 
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GaAs  the  driving  force  to  relaxation  is  the  surface  bond  dehybridization,  for  GaN  one  has 
to  consider  the  role  of  ionicity  also.  Our  preliminary  results  about  the  other  III-V  nitrides 
(i.e.  AIN  and  InN)  suggest  that  this  is  a  common  feature  of  all  the  nitride  compounds. 

In  Table  II  the  atomic  displacements  (in  A)  with  respect  to  the  ideal  positions  are 
reported  for  the  first  two  layer  atoms,  (see  also  Fig.l).  As  expected,  the  anion  goes  up,  but 
the  largest  displacement  is  that  of  the  first  layer  cation,  moving  deeply  inside  the  surface. 
Also,  surface  anions  and  cations  come  one  to  the  other  along  x. 


II)Structure  of  Wurtzite  GaN(lOlO)  Surface 

As  pointed  out  before,  the  wurtzite  structure  is  the  natural  phase  in  which  GaN  crys¬ 
tallizes.  The  (1010)  surface  relaxations  consist  on  a  contraction  and  rotation  of  the  [0001]- 
oriented  first-neighbour  bonds  at  surface.  In  Table  III  we  report  our  results  for  BC  and  u; 
(in  such  a  case  coincident  with  B)  of  (1010)  GaN  and  ZnO  surfaces  compared  to  that  of 
other  theoretical  and  experimental  works. 


GaN(lOlO)  ZnO((1010) 

This  work  ref.  [5] 

This  work  ref.  [8]  exp. 

to 

11.5"  7" 

11.5"  3.6"  11.47"  ±5" 

BC 

6.0  6 

6.0  8  -0.9 

Table  III:  Bond  rotation  angle  (w)  and  bond  contraction  (BC)  in  percentage  of  the  ideal  value  for  the 
(lOTO)  GaN  and  ZnO  surfaces. 
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ZnO  1 
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work 

ref 

[5] 

This 

work 

Ax 

Az 

Ax 

Az 

Ax 

Az 

Ai 

0.04 

0.08 

0.01 

0.02 

0.02 

-0.13 

Cl 

-0.15 

-0.28 

-0.11 

-0.20 

-0.14 

-0.50 

A2 

0.04 

-0.02 

0.05 

0.05 

-0.02 

-0.09 

C2 

0.05 

0.15 

0.05 

0.05 

0.03 

-0.09 

Table  IV:  Displacements  of  first  layer  (tIi  and  C\)  and  second  layer  {A2  and  C2)  atoms  from  their  ideal 
positions  (in  A)  for  the  wurtzite  GaN  and  ZnO  (lOTO)  surfaces.  A  and  C  indicate  anion  and  cation, 
respectively. 
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For  GaN  we  obtain  larger  size  relaxations  with  respect  to  that  of  ref.  [5]  (a  recent  pseu- 
donotential  and  plane- wave  calculation).  However,  the  bond  contraction  is  in  perfect  agree¬ 
ment  and  substantially  similar  to  that  we  found  for  the  (110)  GaN  surface,  as  we  should 
expect.  Thus,  the  picture  designing  GaN  as  a  strongly  ionic  compound  is  clearly  confirmed. 

In  Table  IV  we  point  out  the  atomic  displacements  of  the  two  first  layers  with  respect  to 
the  ideal  positions,  compared  to  that  of  ref.  [5]  (see  Figure  2).  The  first  layer  N  atoms  move 
sligthly  up,  the  Ga  atoms  down.  The  global  vertical  displacement  between  surface  N  and 
Ga  atoms  is  0.36  A,  against  the  0.22  A  of  ref.[5].  Such  a  difference  causes  our  rotation  angle 
to  be  around  40%  greater.  Also  for  the  second  layer  atoms  we  found  larger  displacements 
than  that  of  ref. [5],  with  Ga  atoms  moving  considerably  outwards. 

The  main  feature  resulting  from  our  calculations  is  the  close  agreement  between  ZnO 
and  GaN.  If  compared  with  previous  ab-initio  calculations  [8,  9],  we  obtain  larger  layer 


Figure  2:  Side  view  of  wurtzite  GaN  (1010)  relaxed  surface. 


rotation  and  smaller  bond  contraction.  It  suggests  an  interplay  of  ionic  and  rehybridization 
forces  in  ZnO,  and  places  ZnO  and  GaN  close  one  to  each  other.  Our  value  for  u)  of  ZnO  is 
supported  by  the  only  given  experimental  measure[10].  However,  it  should  be  noted  that 
the  experimental  data  reported  in  Table  IV  (obtained  from  LEED  analysis)  suffer  of  large 
uncertainties[9].  From  our  preliminar  calculations  about  AIN  and  InN  surface  relaxations, 
we  argue  that  the  whole  series  of  III-V  nitrides  presents  structural  features  close  to  that 
of  the  highly  ionic  II- VI  compounds.  The  appealing  hypotesis  that  such  a  similarity  also 
regards  the  electronic  properties  arises.  It  is  well  known  that  the  large  relaxations  occurring 
in  GaAs  (110)  pull  the  surface  states  out  from  the  fundamental  band  gap,  whereas,  for 
ZnO  (see  ref.[8])  a  filled  surface  state  in  the  gap,  nearly  unaffected  by  relaxation,  results. 
Calculations  to  verify  the  occurrence  of  the  same  feature  for  GaN  surfaces  are  timely. 
Indeed  a  recent  surface  band  study  of  GaN  (1010)  [5]  found  the  filled  surface  state  slightly 
below  the  valence  band  edge.  Some  suggestions  about  the  key  elements  differentiating  GaN 
and  GaAs  surface  relaxations  have  just  been  formulated [4].  We  can  exclude  that  such  a 
difference  resides  in  the  hybridization  of  Ga  3d  and  N  2s  states,  because,  for  AIN,  relaxations 
of  the  same  order  of  magnitude  than  that  of  GaN  have  been  found. 
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Ill)  Surface  Formation  Energies 


In  table  V  formation  energies  of  GaN  and  GaAs  (110),  and  GaN  and  ZnO  (lOTO) 
surfaces  are  reported,  cr  is  the  formation  energy  per  atom  (i.e.  one  half  the  two- atom  unit 
cell  formation  energy),  and  refers  to  the  fully  relaxed  surfaces,  whereas  Aa  is  the  relaxation 
energy  (i.e.  the  difference  between  relaxed  and  ideal  surface  energy).  Our  results  for  a  look 
equal  (to  within  one  percent  of  eV)  to  previous  calculations  for  GaN  (10T0)[5]  and  GaAs 
(110)[11].  Formation  energies  can  be  understood  in  terms  of  the  energy  needed  to  break 


(110) 

(1010) 

GaN 

GaAs 

GaN 

ZnO 

cr 

0.97 

0.60 

0.99 

0.85 

Acr 

0.22 

0.34 

0.39 

0.37 

Ecoh!^ 

1.09 

0.81 

1.09 

0.94 

Table  V:  Surface  formation  energies  (o-),  relaxation  energies  (Act)  and  bond  cutting  energy  (i.e.  1/4  the 
cohesive  energy).  All  results  are  in  eV/atom. 


a  bond  (and,  in  turn,  in  terms  of  cohesive  energy).  In  Tab.V  we  also  show,  for  all  the 
considered  compounds,  the  bond  cutting  energies,  (i.e.  1/4  the  cohesive  energies).  This 
are  in  fair  agreement  with  cr  (within  0.1~0.2  eV,  a  discrepancy  noticeably  smaller  than  the 
surface  relaxation  energies),  and  delineates  the  same  trend:  the  surface  energy  increases 
with  the  ionic  character  that  clearly  enhances  the  bond  strength.  Also,  notice  that,  although 
the  GaN  (110)  and  (1010)  values  of  cr  are  nearly  the  same,  a  quite  larger  relaxation  energy 
is  found  for  the  latter. 


Summary 

We  calculated  structures  and  formation  energies  of  GaN  (1010)  wurtzite  and  (110)  zinc- 
blende  surfaces.  The  resulting  features  pose  GaN  nearer  to  II-VI  compounds  than  to  the 
non-nitride  III-V  semiconductors.  The  relaxation  mechanism  comes  out  to  be  an  interplay 
between  hybridization  and  ionic  forces. 
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ABSTRACT 

The  formation  and  properties  of  acceptor-hydrogen  pairs  in  GaN  have  been  studied  using  ra¬ 
dioactive  ^  ^  ^""Cd  acceptors  and  the  perturbed  yy  angular  correlation  spectroscopy  (PAC).  After  H- 
loading  by  low  energy  implantation  (100  eV)  at  temperatures  between  295  K  and  473  K,  the  for¬ 
mation  of  two  Cd-H  complexes  involving  about  30%  of  the  Cd-acceptors  is  observed.  The  com¬ 
plexes  have  been  identified  as  single  hydrogen  atoms  bound  to  the  Cd  acceptor  in  two  different 
configurations.  The  dissociation  enthalpies  of  these  configurations  have  been  determined  as 
1.1(1)  eV  and  1.8(1)  eV,  respectively. 

INTRODUCTION 

The  passivation  of  shallow  acceptors,  donors  and  of  deep  defects  in  III-V  semiconductors  by 
hydrogen  is  a  generally  observed  phenomenon.  Due  to  the  fact,  that  H  is  present  during  almost  all 
processing  steps  from  the  fabrication  of  the  III-V  compounds  up  to  the  processing  steps  necessary 
to  produce  a  device,  the  understanding  of  the  passivating  mechanisms  and  the  knowledge  on  the 
thermal  stability  of  this  passivation  is  essential.  The  properties  of  hydrogen  in  the  “classic”  HI-V 
materials  like  GaAs  and  InP  are  widely  understood  and  have  been  summarized  in  several  reviews 
[1,2].  Much  less  is  known  about  the  group  III  nitrides  like  GaN,  which  is  a  very  promising  mate¬ 
rial  for  optoelectronic  devices  like  LEDs  and  laser  diodes.  A  common  procedure  to  grow  GaN 
layers  on  a  substrate  like  sapphire  or  SiC  is  MOCVD  which  involves  precursors  containing  hy¬ 
drogen.  As-grown  GaN  is  usually  n-type  and  contains  many  structural  defects  due  to  the  lattice 
mismatch  between  substrate  and  GaN  layer.  P-type  conductivity  is  more  difficult  to  obtain.  Ex¬ 
periments  reported  in  the  literature  for  Mg-doped  GaN  show  that  Mg  acceptors  can  be  activated 
by  low-energy  electron  irradiation  [3]  or  by  thermal  annealing  [4].  The  concentration  of  electri¬ 
cally  active  acceptors  can  be  reduced  by  annealing  in  a  hydrogen  atmosphere  [4].  These  observa¬ 
tions  lead  to  the  conclusion,  that  hydrogen  is  involved  in  the  problems  to  achieve  p-type  GaN. 

In  this  paper,  we  report  on  the  microscopic  observation  of  the  formation  and  the  break-up  of 
acceptor-hydrogen  pairs  formed  after  low  energy  (100  eV)  hydrogen  implantation  using 
radioactive  acceptors  as  probe  atoms  for  perturbed  yy  angular  correlation  spectroscopy 

(PAC)  [5]. 

EXPERIMENT 

N-type  GaN  grown  on  sapphire  has  been  implanted  with  ions  at  the  online  separator 

ISOLDE  at  CERN  with  an  energy  of  60  keV  and  doses  of  typically  5x10’*  cm'2  corresponding  to 
a  Gaussian  shaped  implantation  profile  centered  at  190  A  below  the  surface  with  a  peak  concen¬ 
tration  of  3x10*'^  cm'3.  The  implantation  induced  damage  has  been  removed  by  annealing  the 
samples  filled  with  N2  for  600  s  at  temperatures  between  1 100  K  and  1300  K  in  a  closed  quartz 
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ampoule.  The  implanted  and  annealed  samples  were  loaded  with  hydrogen  by  using  a  low  energy 
implanter  that  provides  a  mass  separated  or  beam  in  the  energy  range  between  100  eV  and 
1  keV  and  doses  up  to  1x10^^  cm*^.  This  procedure  allows  a  quantitative  control  of  the  introduced 
amount  of  H  and  avoids  the  contamination  by  other  impurity  atoms  and,  for  the  case  of  the  100 
eV  implantation,  the  creation  of  native  lattice  defects.  To  identify  the  effect  of  hydrogen,  addi¬ 
tional  experiments  with  low  energy  implantations  of  and  Li+  have  been  performed. 

The  immediate  neighborhood  of  the  acceptors  and  their  interactions  with  hydrogen 

was  monitored  with  the  perturbed  yy  angular  correlation  spectroscopy  (PAC)  [5].  Here  the  electric 
field  gradient  tensor  (EFG)  at  the  site  of  the  radioactive  probe  atom  is  measured.  The  EFG  causes 
a  three-fold  hyperfme  splitting  of  an  excited  state  of  the  *^^Cd  nuclei  created  by  the  y  decay  of 
This  splitting  is  measured  by  PAC  and  is  characteristic  for  the  presence  of  a  defect  in  the 
immediate  neighborhood  of  the  acceptor.  The  EFG  is  described  by  the  quadrupole  coupling 
constant  Vq  =  eQW^Jh  (Q  denotes  the  nuclear  quadrupole  moment  and  the  largest  component 
of  the  diagonalized  EFG  tensor)  and  the  asymmetry  parameter  T|.  These  quantities  are  unique  for 
specific  defects  and  both,  the  symmetry  of  a  formed  probe-atom-defect  complex  and  the  fraction 
of  probe  atoms  involved  in  this  complex,  can  be  determined  from  the  characteristic  modulation  of 
the  PAC  spectrum  R(t)  generated  by  this  hyperfine  interaction.  The  short  half-life  of  ^^^"KUd  (49 
min)  allows  to  record  only  two  PAC  spectra  per  implanted  sample. 

RESULTS  AND  DISCUSSION 

Figure  la  shows  a  PAC  spectrum  after  ^’'""Cd  implantation  and  annealing  at  1100  K  without 
any  intentional  introduction  of  hydrogen.  The  observed  reduction  of  the  R(t)  signal  with  increas¬ 
ing  time  corresponds  to  a  slow  modulation  caused  by  an  axially  symmetric  EFG  with 


0  50  100  150 


t  (ns)  (0  (M  rad/s) 

Fig.  1:  a)  PAC  spectrum  of  a  GaN  layer  implanted  with  (60  keV,  5  x  10^^  cm'^)  and 

annealed  at  1100  K;  b)  PAC  spectrum  along  with  its  Fourier  transform  (c)  after  H  implantation 
(100  eV,  1x10^^  cm-^)  at  323  K. 
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Vq  =  7.0(5)  MHz.  The  same  EFG  has  been  observed  after  implantation  of  ^^^In  and  annealing 
between  1000  K  and  1300  K  [6].  ***In  is  an  impurity  isoelectronic  to  Ga  and  should  occupy  Ga 
sites  in  GaN  and  it  should  have  no  attractive  interaction  with  other  defects  present  in  the  lattice. 
That  means  the  observed  EFG  after  doping  corresponds  to  the  intrinsic  EFG  at  a  Ga  site 

created  by  the  hexagonal  wurtzite  structure  of  GaN. 

In  Fig.  lb,  a  PAC  spectrum  after  H  implantation  (1x10*^  cm"^)  with  100  eV  at  323  K  is 
shown.  The  details  of  the  observed  modulation  can  be  seen  in  the  Fourier  transform  of  the  same 
spectrum  (Fig.  Ic).  The  two  observed  frequency  triplets  correspond  to  two  defect  complexes 
formed  at  Cd  which  both  possess  axial  symmetry  (r|  =  0.0(1))  and  are  characterized  by 
Vq  =  360(2)  MHz  and  Vq  =  572(2)  MHz,  respectively.  The  observed  amplitudes  correspond  to 
about  30%  of  the  Cd  acceptors  involved  in  these  defects.  None  of  these  EFGs  have  been  observed 
after  implantations  of  Li  and  N  with  energies  of  100  eV  or  1  keV.  On  the  other  hands,  implanting 
deuterium  creates  the  same  defects.  This  clearly  shows,  that  H  has  to  be  involved  in  the  observed 
defects.  Varying  the  implanted  hydrogen  dose  between  3x10^^  cm‘^  and  1x10^^  cm'^  always  cre¬ 
ates  the  same  defects  and  no  other  complexes  are  formed.  This  strongly  indicates  that  the  ob¬ 
served  defects  involve  only  one  hydrogen  atom,  i.e.,  electrically  neutral  Cd-H  pairs  are  formed.  In 
none  of  our  experiments  we  have  been  able  to  decorate  more  than  about  30%  of  all  Cd  acceptors 
with  hydrogen.  This  is  in  contrast  to  GaAs  and  InP  where  about  80%  of  the  Cd  acceptors  form 
Cd-H  pair  under  similar  conditions  [7].  Because  the  acceptor-hydrogen  pair  formation  is  driven 
by  the  Coulombic  attraction  between  the  two  species,  the  independence  of  the  observed  fraction 
of  Cd  acceptors  forming  Cd-H  pairs  in  GaN  from  the  total  amount  of  hydrogen  incorporated 
favors  the  conclusion  that  only  about  30%  of  the  implanted  Cd  acceptors  act  as  trap  for  H+. 
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Fig.  2:  Fourier  transforms  of  PAC  spectra  recorded  for  H  loaded  GaN  with  the  c-axis  of  the 
crystal  oriented  45^  between  two  y-detectors  (a)  and  perpendicular  to  the  detector  plane  (b). 
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Fig.  3:  Symmetry  axes  of  the  observed  H-related  electric  field  gradients  in  the  hexagonal  Wurtzite 
lattice  of  GaN. 

Figure  2  shows  the  Fourier  transforms  of  two  PAC  spectra  recorded  after  H  loading  where  the 
crystallographic  c-axis  has  been  oriented  in  the  detector  plane  at  an  angle  of  45  degrees  between 
the  Y  detectors  (Fig.  2a)  and  perpendicular  to  the  detector  plane  (Fig.  2b).  From  the  amplitude 
ratios  of  the  frequency  triplet  characterizing  each  EFG,  the  symmetry  axis  of  the  respective  defect 
can  be  extracted.  Each  of  the  two  observed  Cd-H  pair  configurations  possess  a  different  sym¬ 
metry  axis.  Fig.  3  illustrates  the  two  possible  symmetry  axes  which  are  in  agreement  with  the 
measurements  within  the  euigular  resolution  of  the  y  detectors  (±10  degrees).  The  hydrogen  atom 
has  to  be  located  on  these  axis  near  to  the  Cd  acceptor.  Due  to  the  lack  of  a  sufficiently  precise 
theory  on  the  strength  of  defect  induced  EFGs,  the  exact  position  of  the  hydrogen  can  not  be  de¬ 
termined  by  PAC  measurements  alone.  Both  a  “bond-center”  or  an  “antibonding”  site  is 
compatible  with  our  results.  Similar  findings  have  been  reported  by  Brandt  et  al.  [8]  who  ob¬ 
served  by  infrared  absorption  different  localized  vibrational  modes  for  Mg  doped  GaN  which  the 
authors  assigned  to  two  different  Mg-H  pairs.  For  the  III-V  semiconductors  not  containing  nitro¬ 
gen,  the  “bond-center”  position  of  the  hydrogen  is  well  established,  both  by  experiments  and  by 
theory  [2].  In  contrast  to  this,  theoretical  studies  by  Neugebauer  et  al.  [9,10]  for  Mg-H  pairs  in 
GaN  reveal  the  nitrogen  antibonding  site  as  the  most  stable  configuration.  The  authors  attribute 
this  to  the  strongly  ionic  nature  and  the  large  bond  strength  of  the  Ga-N  bond.  In  this  work,  the 
hexagonal  distortion  of  the  real  GaN  was  not  taken  into  account  which  may  be  the  explanation  for 
the  two  different  configurations  observed  experimentally.  The  same  authors  [9]  also  calculated  a 
migration  barrier  for  H+  diffusion  in  GaN  of  0.7  eV.  This  is  in  perfect  agreement  with  our  ex¬ 
periments  which  show  the  formation  of  Cd-H  pairs  already  at  room  temperature.  That  means  the 
hydrogen  ions  deposited  just  below  the  surface  by  the  low  energy  (100  eV)  implantation  have  to 
migrate  about  200  A  to  reach  the  implanted  Cd  ions. 

To  determine  the  stability  of  the  Cd-H  pairs,  for  each  sample  two  PAC  spectra  have  been  re¬ 
corded:  first  after  hydrogen  loading  and  then  after  annealing.  The  observed  number  of  Cd-H  pairs 
observed  after  annealing  has  been  normalized  to  the  number  observed  directly  after  hydrogen 
loading.  Fig.  4  shows  this  normalized  fraction  as  function  of  the  annealing  temperature  for  both 
Cd-H  pair  configurations.  The  configuration  characterized  by  Vq  =  572  MHz  is  only  stable  up  to 
323  K  and  has  totally  vanished  at  373  K.  On  the  assumption,  that  the  dissociation  of  the  pairs  oc¬ 
curs  by  a  single  jump  of  the  hydrogen  and  the  retrapping  probability  can  be  neglected,  this  corre- 
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Fig.  4:  Normalized  fractions  of  the  observed  Cd-H  pairs  in  GaN  as  function  of  the  annealing 
temperature.  The  dashed  and  full  lines  correspond  to  a  dissociation  energy  of  the  Cd-H  pairs  of 
1.1(1)  eV and  1.8(1)  eV,  respectively. 

spends  to  a  dissociation  enthalpy  of  1.1(1)  eV  (assuming  an  attempt  frequency  of  10^^  s'^).  The 
second  configuration  (Vq  =  362  MHz)  shows  a  significantly  larger  stability  corresponding  to  a 
dissociation  enthalpy  of  1.8(1)  eV.  Theoretical  calculations  by  Neugebauer  et  al.  [9]  revealed  a 
dissociation  enthalpy  of  1.5  eV  for  the  Mg-H  pair  which  is  very  similar  to  the  values  for  Cd-H 
pairs  reported  here  and  what  probably  reflects  the  Coulombic  attraction  between  the  negatively 
charged  acceptor  and  H'*’.  The  microscopically  observed  break-up  of  Cd-H  described  here  does 
not  implicate  a  macroscopically  reactivation  of  acceptors  observable  by  electrical  measurements 
or  that  hydrogen  leaves  the  GaN  layer.  Nakamura  et  al.  [4]  and  Pearton  et  al.  [11]  have  observed 
that  annealing  temperatures  above  970  K  are  necessary  to  reduce  the  resistivity  of  Mg  doped  hy¬ 
drogenated  GaN  films.  For  the  case  of  Ca  doped  GaN,  the  observed  reactivation  of  the  Ca 
acceptors  after  plasma  hydrogenation  requires  annealing  at  about  720  K  [12].  SIMS  measure¬ 
ments  performed  by  Zavada  et  al.  [13]  at  GaN  deuterated  either  by  plasma  or  implantation  with 
40  keV  show  no  distribution  of  hydrogen  up  to  annealing  temperatures  of  1070  K  and  tempera¬ 
tures  of  1 170  K  are  necessary  to  observe  an  out-diffusion  of  the  hydrogen.  The  apparent  discrep¬ 
ancy  between  these  findings  and  our  results  which  are  supported  by  theory  shows  clearly,  that  the 
interaction  of  hydrogen  not  only  with  intentionally  introduced  acceptors  but  with  other  defects 
present  in  GaN  dominates  the  electrical  properties  of  the  material. 

CONCLUSIONS 

The  formation  of  two  differently  configured  Cd-H  pairs  in  GaN  has  been  shown  on  a  micro¬ 
scopical  scale  and  the  geometrical  arrangements  of  these  pairs  within  the  lattice  have  been  pro¬ 
posed.  The  dissociation  enthalpies  for  Cd-H  pairs  in  GaN  have  been  determined  as  1.1(1)  eV  and 
1.8(1)  eV,  respectively.  Both,  the  formation  and  the  stability  of  the  Cd-H  pairs  are  in  good 
agreement  with  theoretical  calculations. 
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ABSTRACT 


The  wide  band  gap  group-III  nitride  materials  continue  to  generate  interest  in  the  semiconductor 
community  with  the  fabrication  of  green,  blue,  and  ultraviolet  light  emitting  diodes  (LEDs),  blue 
lasers,  and  high  temperature  transistors.  Realization  of  more  advanced  devices  requires  pattern 
transfer  processes  which  are  well  controlled,  smooth,  highly  anisotropic  and  have  etch  rates 
exceeding  0.5  |xm/min.  The  utilization  of  high-density  chlorine-based  plasmas  including  electron 
cyclotron  resonance  (ECR)  and  inductively  coupled  plasma  (ICP)  systems  has  resulted  in 
improved  etch  quality  of  the  group-III  nitrides  over  more  conventional  reactive  ion  etch  (RIE) 
systems. 


INTRODUCTION 

Interest  in  GaN  and  related  group-III  nitride  materials  continues  to  grow  as  demonstrations  of 
blue,  green,  and  UV  LEDs,  blue  lasers,  and  high  temperature  transistors  are  reported.''^ 
Commercially  available  LEDs  and  advances  in  device  fabrication  may  be  attributed  to  recent 
progress  in  material  growth  technology.  Although  further  improvements  in  material  properties  can 
be  expected,  enhanced  device  performance  can  only  be  obtained  with  improved  process  capabilities 
including  dry  etching.  Laser  facet  fabrication  is  especially  dependent  upon  dry  etch  pattern  transfer 
since  the  majority  of  epitaxially  grown  group-III  nitrides  is  on  sapphire  substrates  which  inhibits 
cleaving  the  sample  with  reasonable  yield. 

The  importance  of  dry  etch  development  for  the  group-III  nitrides  is  further  accentuated  by  the 
fact  that  they  resist  etching  in  standard,  room  temperature  wet  chemical  etchants.  These  materials 
are  chemically  inert  and  have  strong  bond  energies  as  compared  to  other  compound 
semiconductors.  GaN  has  a  bond  energy  of  8.92  eV/atom,  InN  7.72  eV/atom,  and  AIN  11.52 
eV/atomas  compared  to  GaAs  which  has  a  bond  energy  of  6.52  eV/atom.  Therefore,  essentially 
all  device  patterning  has  been  accomplished  using  dry  etching  technology.  For  example, 
commercially  available  LEDs  from  Nichia  are  fabricated  using  a  Clj-based  reactive  ion  etch  (RIE)^ 
while  the  first  GaN-based  laser  diode  was  also  fabricated  using  RIE  to  form  the  laser  facets.^  The 
etched  sidewalls  were  somewhat  rough  with  vertical  striations  which  may  have  contributed  to  the 
scattering  loss  and  high  lasing  threshold,  thus  demonstrating  the  need  for  improved  dry  etch 
processes. 

With  the  recent  emphasis  placed  on  the  development  of  dry  etch  processes  for  the  group-III 
nitrides,  perhaps  the  most  crucial  advancement  has  been  the  utilization  of  high-density  plasmas. 
Plasma  etching  of  GaN  has  been  reported  using  several  dry  etch  techniques  including  RIE,  electron 
cyclotron  resonance  (ECR),  inductively  coupled  plasma  (ICP),  magnetron  reactive  ion  etch 
(MRIE)^and  chemically  assisted  ion  beam  etching  (CAIBE).  Using  RIE,  GaN  etch  rates  as  high 
as  650  A/min  have  been  reported  at  dc-biases  of  -400  Under  similar  dc-bias  conditions, 

high-density  plasmas  typically  yield  higher  etch  rates  than  RIE  due  to  ion  densities  which  are  2  to  4 
orders  of  magnitude  greater.  Etch  profiles  also  tend  to  be  more  anisotropic  due  to  lower  process 
pressures  which  results  in  less  collisional  scattering  of  the  plasma  species.  GaN  etch  rates  have 
been  reported  up  to  1.3  pm/min  at  -150  V  dc-bias  in  an  ECR,'''’^^  3500  A/min  at  -100  V  dc-bias  in 
a  MRIE,^'  2100  A/min  at  -500  V  in  a  CAIBE,"''  and  6875  A/min  at  -280  V  dc-bias  in  an  ICP.^^- 
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GaN  has  also  been  etched  using  low  energy  electron  enhanced  etching  (LE4)  at  -2500  A/miri  in  CI2 
at  100°C  and  0  V  dc-bias.^^  In  this  paper,  we  compare  ECR  and  ICP  etch  results  for  GaN  in  CI2- 
and  BCl3-based  plasmas.  GaN  etch  rates  obtained  in  an  ECR  and  ICP  will  also  be  compared  to 
RTF,  results  in  several  plasma  chemistries. 


EXPERIMENT 

The  GaN  films  etched  in  this  study  were  grown  by  one  of  three  techniques;  metal  organic- 
molecular  beam  epitaxy  (MO-MBE),  radio-frequency-MBE  (rf-MBE),  or  metal  organic  chemical 
vapor  deposition  (MOCVD).  The  MO-MBE  GaN  films  were  grown  at  925°C  on  either  GaAs  or 
A1  O  substrates  in  an  Intevac  Gen  II  system  described  previously The  group-III  source  was 
triethylgallium  and  the  atomic  nitrogen  was  formed  in  an  ECR  Wavemat  source  operating  at  200  W 
forward  power.  The  rf-MBE  GaN  film  was  grown  in  a  commercial  MBE  system  equipped  with  a 
conventional  Ga  effusion  cell  and  a  rf  plasma  source  to  supply  atomic  nitrogen  during  growth. 
The  epitaxial  layers  were  grown  on  a  n'^  GaAs  substrate.  After  deposition  of  a  5000  A  Sn-doped 
GaAs  buffer  layer,  growth  was  interrupted  while  the  substrate  temperature  was  stabilized  at  620®C. 
The  GaN  epi-layer  was  comprised  primarily  of  the  cubic  phase.  The  MOCVD  GaN  film  was 
approximately  1.8  \im  thick  and  was  grown  on  a  c-plane  sapphire  substrate  in  a  multiwafer  rotating 
disk  reactor  at  1040“C  with  a  20  nm  GaN  buffer  layer  grown  at  530°C.^^ 

The  ECR  plasma  reactor  used  in  this  study  was  a  load-locked  Plasma-Therm  SLR  770  etch 
system  with  a  low  profile  Astex  4400  ECR  source  in  which  the  upper  magnet  was  operated  at  165 
A.  Energetic  ion  bombardment  was  provided  by  superimposing  an  rf-bias  (13.56  MHz)  on  the 
sample.  Etch  gases  were  introduced  through  an  annular  ring  into  the  chamber  just  below  the  quartz 
window.  To  minimize  field  divergence  and  to  optimize  plasma  uniformity  and  ion  density  across 
the  chamber,  an  external  secondary  collimating  magnet  was  located  on  the  same  plane  as  the 
sample  and  was  run  at  25  A.  Plasma  uniformity  was  further  enhanced  by  a  series  of  external 
permanent  rare-earth  magnets  located  between  the  microwave  cavity  and  the  sample. 

ICP  etching  offers  an  attractive  alternative  high-density  dry  etching  technique.  The  general 
belief  is  that  ICP  sources  are  easier  to  scale-up  than  ECR  sources  and  are  more  economical  in  terms 
of  cost  and  power  requirements.  ICP  does  not  require  the  electromagnets  or  waveguiding 
technology  necessary  in  ECR.  Additionally,  automatic  tuning  technology  is  much  more  advanced 
for  rf  plasmas  than  for  microwave  discharges.  ICP  plasmas  are  formed  in  a  dielectric  vessel 
encircled  by  an  inductive  coil  into  which  rf-power  is  applied.  A  strong  magnetic  field  is  induced  in 
the  center  of  the  chamber  which  generates  a  high-density  plasma  due  to  the  circular  region  of  the 
electric  field  that  exists  concentric  to  the  coil.  At  low  pressures  (<  10  mTorr),  the  plasma  diffuses 
from  the  generation  region  and  drifts  to  the  substrate  at  relatively  low  ion  energy.  Thus,  ICP 
etching  is  expected  to  produce  low  damage  while  achieving  high  etch  rates.  Anisotropic  profiles 
are  obtained  by  superimposing  a  rf-bias  on  the  sample  to  independently  control  ion  energy.  In 
order  to  study  ICP,  the  ECR  source  and  chamber  were  removed  from  the  SLR  770  etch  system 
and  replaced  with  a  Plasma-Therm  ICP  source.  The  ICP  reactor  used  in  this  study  was  a 
cylindrical  coil  configuration  with  an  alumina  vessel  encircled  by  a  three-turn  inductive  coil  into 
which  2  MHz  rf-power  was  applied.  Identical  to  the  ECR,  energetic  ion  bombardment  was 
provided  by  superimposing  an  rf-bias  (13.56  MHz)  on  the  sample  and  etch  gases  were  introduced 
through  an  annular  region  at  the  top  of  the  chamber.  The  RIE  plasma  used  in  this  study  was 
generated  by  a  13.56  MHz  rf-power  supply  in  the  ECR  chamber  configuration  discussed  above 
with  the  ECR  source  power  turned  off. 

All  samples  were  mounted  using  vacuum  grease  on  an  anodized  A1  carrier  that  was  clamped  to 
the  cathode  and  cooled  with  He  gas.  Samples  were  patterned  using  AZ  4330  photoresist.  Etch 
rates  were  calculated  from  the  depth  of  etched  features  measured  with  a  Dektak  stylus  profilometer 
after  the  photoresist  was  removed  with  an  acetone  spray.  Each  sample  was  approximately  1  cm 
and  depth  measurements  were  taken  at  a  minimum  of  three  positions.  Standard  deviation  of  the 
etch  depth  across  the  sample  was  nominally  less  than  ±  10%  with  run-to-run  variation  less  than  ± 
10%.  The  gas  phase  chemistry  for  several  plasmas  was  studied  using  a  quadrupole  mass 
spectrometer  (QMS)  or  an  optical  emission  spectrometer  (OES).  Surface  morphology,  anisotropy, 
and  sidewall  undercutting  were  evaluated  with  a  scanning  electron  microscope  (SEM).  The  root- 
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mean-square  (rms)  surface  roughness  was  quantified  using  a  Digital  Instruments  Dimension  3000 
atomic  force  microscope  (AFM)  system  operating  in  tapping  mode  with  Si  tips.  Auger  electron 
spectroscopy  (AES)  was  used  to  investigate  the  near-surface  stoichiometry  of  GaN  before  and  after 
exposure  to  several  plasmas. 


RESULTS  AND  DISCUSSIONS 

Chlorine-based  plasmas  have  been  the  dominant  etch  chemistries  used  for  GaN  and  compound 
semiconductors  in  general  due  to  the  higher  volatility  of  the  group-III  chlorides  as  compared  to  the 
other  halogen-based  plasmas.  Table  I  shows  possible  etch  products  and  their  boiling  points  for 
GaN  etched  in  a  variety  of  halogen-  and  hydrocarbon-based  plasma  chemistries.  In  a  Cl-based 
plasma,  the  high  volatility  of  GaCl3  and  the  nitrogen  based  etch  products  implies  that  the  etch  rates 
are  not  limited  by  desorption  of  the  etch  products.  However,  due  to  the  strong  bond  energies  of 
the  group-III  nitrides,  the  initial  bond  breaking  of  the  GaN  whieh  must  precede  the  etch  product 
formation  may  be  the  rate  limiting  step.^°  Faster  GaN  etch  rates  obtained  in  high-density  plasma 
etch  systems  (ECR,  ICP,  and  MRIE)  as  compared  to  RIE  may  be  attributed  to  a  two  step  process 
directly  related  to  the  plasma  flux.  Initially  the  high-density  plasmas  increase  the  bond  breaking 
mechanism  allowing  the  etch  products  to  form  and  then  produce  efficient  sputter  desorption  of  the 
etch  products.  This  can  be  seen  in  Figure  1  where  GaN  etch  rates  are  plotted  as  a  function  of  rf- 
power  for  ECR,  ICP,  and  RIE  discharges.  Plasma  etch  conditions  were;  1  mTorr  pressure,  10 
seem  Clj,  15  seem  H2,  3  seem  CH4,  10  seem  Ar,  1000  W  ECR  power,  and  500  W  ICP  power. 
The  lowest  rf-power  required  to  generate  a  stable  RIE  plasma  was  50  W,  whereas  both  ECR  and 
ICP  plasmas  were  stable  at  1  W  rf-power.  Independent  of  etch  technique,  the  GaN  etch  rate 
increased  as  the  rf-power  or  ion  energy  inereased  due  to  improved  sputter  desorption  of  the  etch 
products.  The  ECR  and  ICP  GaN  etch  rates  were  approximately  5  to  10  times  faster  than  those 
obtained  in  the  RIE  mode  due  to  higher  plasma  densities  resulting  in  more  efficient  GaN  bond 
breaking  followed  by  enhanced  sputter  desorption  of  the  etch  products.  The  etched  surface 
morphology  was  evaluated  and  quantified  using  AFM  as  a  function  of  plasma  etch  technique.  The 
rms  roughness  measured  for  samples  exposed  to  the  plasmas  were  normalized  to  the  rms 
roughness  for  the  as-grown  samples  since  different  GaN  samples  were  used  in  the  etch  matrix. 
The  normalized  rms  roughness  remained  relatively  constant  and  smooth  (<  ~3  nm)  independent  of 
ion  energy  and  etch  platform. 


Etch  Products 

Boiling  Point  (°C) 

GaClj 

201 

GaF3 

-1000 

GaBrj 

279 

Gal3 

sub  345 

(CH3)3Ga 

55.7 

NCI3 

<71 

NF3 

-129 

NBr3 

NI3 

explodes 

NH3 

-33 

N, 

-196 

(CH3)3N 

-33 

Table  I.  Boiling  points  of  possible  GaN  etch  products  for  halogen  and  hydrocarbon  based  plasma 
chemistries. 
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Figure  1.  GaN  etch  rates  as  a  function  of  rf-power  as  etched  in  ECR-,  ICP-,  and  RIE-generated 
Cl2/H2/CH4/Ar  plasmas. 

Chlorine-based  discharges  usually  produce  fast  etch  rates  and  smooth  surface  morphologies  for 
compound  semiconductors  whereas  CH^-based  plasma  chemistries  typical  result  in  smooth  etch 
morphologies  at  much  slower  rates.  This  is  unexpected  based  on  the  information  in  Table  1  where 
the  volatility  of  the  Ga(CH3)3  etch  product  is  much  higher  than  that  for  GaCl3.  This  demonstrates 
the  complexity  of  the  etch  process  where  redeposition,  polymer  formation,  or  gas-phase  kinetics 
can  have  a  significant  impact  on  the  etch  rates.  An  example  is  shown  in  Figure  2  where  GaN  etch 
rates  are  plotted  as  a  function  of  rf-power  for  Cl2/Ar  and  CH4/H2/Ar  ECR-  and  REE-generated 


Figure  2.  GaN  etch  rates  as  a  function  of  rf-Power  for  ECR-  and  RIE-generated  CyAr  and 
CH4/H2/Ar  plasmas. 
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plasmas.  These  experiments  were  performed  in  the  same  chamber  with  either  1000  or  0  W  of 
applied  ECR  power.  The  pressure  was  held  constant  at  1.5  mTorr  and  the  plasma  chemistry  was  5 
seem  CI2/IO  seem  Ar  or  5  seem  CH4/I5  seem  H2/IO  seem  Ar.  GaN  etch  rates  were  significantly 
faster  in  CyAr  possibly  due  to  more  efficient  sputter  desorption  of  the  GaClj  etch  products  as 
compared  to  Ga(CH3)3.  CH4/H2  plasmas  may  also  initiate  redeposition  or  polymer  formation  on 
the  etched  surfaces  thereby  reducing  the  etch  rates.  Faster  GaN  etch  rates  in  the  high-density  ECR 
were  attributed  to  enhanced  GaN  bond  breaking  and  sputter  desorption  of  the  etch  products. 

Although  fast  GaN  etch  rates  have  been  observed  in  chlorine-based  plasmas,  the  source  of 
reactive  Cl  as  well  as  the  use  of  additive  gases  have  not  been  discussed.  Unless  otherwise  noted, 
the  following  plasma  conditions  remained  constant:  ECR;  1  mTorr,  850  W  ECR  power,  150  W  rf- 
Power  with  corresponding  dc-biases  of  -170  to  -210  V,  and  30  seem  total  flow  with  5  seem  Ar  and 
ICP;  2  mTorr,  500  W ICP  power,  95  to  1 15  W  rf-Power  with  a  constant  dc-bias  of  -250  ±  10  V, 
and  30  seem  total  flow  with  5  seem  Ar.  Samples  etched  in  the  ECR  were  grown  by  MO-MBE 
whereas  samples  etched  in  the  ICP  were  grown  by  MOCVD.  In  Figure  3,  GaN  etch  rates  are 
shown  as  a  function  of  %H2  concentration  for  ECR-  and  ICP-generated  Cijiijhr:  plasmas.  GaN 
etch  rates  in  the  ECR  and  ICP  increased  slightly  as  H2  was  initially  added  to  the  CyAr  plasma 
(10%  Hj)  implying  a  reactant  limited  regime.  Using  quadrupole  mass  spectrometry  ((JmS)  in  the 
ECR  discharge,  the  Cl  concentration  (indicated  by  rn/e  =  35  peak  intensity)  remained  relatively 
constant  at  10%  H2.  As  the  Hj  concentration  was  increased  further,  the  Cl  concentration  decreased 
and  the  HCl  concentration  increased  as  the  GaN  etch  rates  decreased  in  both  plasmas,  presumably 
due  to  the  consumption  of  reactive  Cl  by  hydrogen.  In  Figure  4,  the  rms  roughness  is  plotted  as  a 
function  of  %H2  for  the  ECR  and  ICP  plasmas.  The  rms  roughness  for  the  as-grown  GaN 
samples  etched  in  the  ECR  was  6.4  ±  0.5  nm  and  3.5  ±  0.2  nm  for  samples  etched  in  the  ICP. 
The  rms  roughness  for  GaN  etched  in  the  ECR  increased  as  the  %H2  increased  from  0  to  10  and 
then  decreased  as  the  H2  concentration  was  increased  further.  The  roughest  surface  was  observed 
at  10%  H2  where  the  etch  rate  was  greatest.  The  rms-roughness  for  samples  etched  in  the  ICP 
were  less  than  1  nm  except  for  the  pure  CI2  plasma  where  the  rms  roughness  was  41  nm. 


Figure  3.  GaN  etch  rates  as  a  function  of  %H2  for  ECR-  and  ICP-generated  Cl2/H2/Ar  plasmas. 
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ECR  As-grown  rms  =  6,4  nm 
ICP  As-grown  rms  =  3.5  nm 


Figure  4.  GaN  rms-roughness  as  a  function  of  %H2  for  ECR-  and  ICP-generated 
plasmas. 

GaN  etch  profiles  showed  a  strong  dependence  on  the  %H2  in  the  C^/Hj/Ar  ECR  plasma 
(Figures  5a  -  c).  The  etched  surface  was  quite  rough  (Figure  5a)  in  the  Cl2/Ar  plasma  possibly  due 
to  preferential  removal  of  the  GaClj  etch  products  or  micromasking  of  the  surface.  The  foot 
observed  at  the  edge  of  the  etched  feature  may  be  attributed  to  mask-edge  erosion  due  to  the 
aggressive  attack  of  photoresist  by  reactive  Cl.  As  the  H2  concentration  was  increased  to  20%,  the 
etch  became  smooth  and  very  anisotropic  (Figure  5b).  However,  the  SEM  micrograph  showed  a 
lower  density  of  surface  roughness  near  the  etched  feature  than  AFM  images  scanned  in  open  10  x 
10  pm  areas.  This  may  be  attributed  to  a  proximity  effect  of  the  etch  where  redeposition  or 
micromasking  was  worse  in  open  areas.  At  60%  H2,  the  etch  remained  smooth  and  anisotropic 
with  a  slight  foot  at  the  base  of  the  feature  (Figure  5c).  For  GaN  samples  etched  in  the  C\2f^.Jkx 
ICP-generated  plasma  (Figures  5d-f),  the  features  were  anisotropic  and  smooth  independent  of 
%H2.  Smooth  GaN  etched  surfaces  were  observed  in  a  pure  CI2  ICP  plasma  (Figure  5d)  where 
the  rms-roughness  was  ~  40  nm  which  may  again  be  explained  by  proximity  effects. 

In  Figure  6,  BCI3  was  substituted  for  CI2  and  was  used  to  etch  GaN  in  both  the  ECR  and  ICP 
reactor.  The  increase  in  etch  rate  observed  at  10%  H2  concentration  in  the  ECR-generated  BCij 
plasma  correlated  with  an  increase  in  the  reactive  Cl  concentration  as  observed  by  QMS.  As  the  H2 
concentration  was  increased  further,  the  Cl  concentration  decreased,  the  HCl  concentration 
increased,  and  the  GaN  etch  rates  decreased  due  to  the  consumption  of  reactive  Cl  by  hydrogen. 
In  the  ICP  reactor  the  GaN  etch  rates  were  quite  slow  and  decreased  as  hydrogen  was  added  to  the 
plasma  up  to  80%  where  a  slight  increase  was  observed.  The  GaN  etch  rates  were  consistently 
faster  in  the  Cl2-based  plasmas  as  compared  to  BCI3  due  to  the  generation  of  higher  concentrations 
of  reactive  Cl. 

In  Figure  7,  GaN  etch  rates  are  shown  for  ECR-generated  Cl2/SFg/Ar  and  BCl3/SFg/Ar 
plasmas  as  a  function  of  %SF6.  With  the  substitution  of  SF^  for  H2  in  the  Ci2-based  plasma,  the 
GaN  etch  rates  were  typically  a  factor  of  2  slower.  As  the  concentration  of  SF^  was  increased,  the 
etch  rate  decreased  up  to  30%  SFg  followed  by  a  slight  increase  at  40%.  As  the  %SFg  was 
increased  from  0  to  20,  the  Cl  concentration  (m/e  =  35)  decreased  but  remained  significant;  faster 
GaN  etching  at  20%  SFg  might  be  expected  based  on  the  Cl  concentration  alone.  However, 
formation  of  SCI  (m/e  =  67)  was  observed  at  20%  SFg  which  may  be  responsible  for  the  reduced 
GaN  etch  rate  due  to  consumption  of  the  reactive  Cl  by  S.  At  30  and  40%  SFg,  the  Cl 
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ECR  (a)  (b)  (c) 


ICP  (d)  (e)  (f) 

Figure  5.  SEM  micrographs  of  GaN  samples  etched  in  either  an  ECR  or  ICP  Cb/Hj/Ar  plasma  at 
(a,  d)  0%  H2 ,  (b,  e)  20%  H2,  and  (c,  f)  60%  H2.  The  photoresist  mask  has  been  removed. 


Figure  6.  GaN  etch  rates  as  a  function  of  %H2  for  ECR-  and  ICP-generated  BCl3/H2/Ar  plasmas. 
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Figure  7.  GaN  etch  rates  as  a  function  of  %S¥^  concentration  for  Cl2/SFg/Ar  and  BClj/SF^/Ar 
plasmas. 

concentration  was  greatly  reduced  and  slow  GaN  etch  rates  resulted.  The  opposite  trend  was 
observed  for  BCI3,  where  the  GaN  etch  rates  were  significantly  greater  when  SFg  was  substituted 
for  H2.  The  GaN  etch  rate  increased  up  to  30%  SFg  and  then  decreased  sharply  at  40%  SFg.  The 
Cl  concentration  (m/e  =  35)  also  increased  as  the  SFg  increased  to  30%  and  then  decreased  at  40%. 
As  with  the  Clj-based  plasma,  there  appeared  to  be  a  competitive  reaction  of  sulfur  with  chlorine  as 
the  SCI  concentration  increased  above  30%  SFg.  Under  most  etch  conditions,  the  trend  of  the  Cl 
concentration  correlated  with  the  trends  observed  for  the  GaN  etch  rates. 

Auger  spectra  were  taken  to  determine  the  near-surface  stoichiometry  of  GaN  following 
exposure  to  ECR-generated  Cl2/H2/Ar,  Cl2/SFg/Ar,  BCl3/H2/Ar,  and  BClj/SFg/Ar  plasmas.  The 
Auger  spectrum  for  the  as-grown  GaN  showed  a  Ga:N  ratio  of  1.5  with  normal  amounts  of 
adventitious  carbon  and  native  oxide  on  the  GaN  surface.  In  general,  the  Ga:N  ratio  increased  as 
the  %H2  or  %SFg  concentration  increased  in  either  BCI3  or  CI2.  These  trends  implied  that  the  GaN 
film  was  being  depleted  of  N  perhaps  due  to  preferential  chemical  etching  of  the  N  atoms  with  the 
addition  of  H2  or  SFg  to  the  plasma. 

In  the  ICP  reactor,  GaN  etch  rates  were  obtained  for  Cl^/N^/Ai  and  BCl3/N2/Ar  plasmas. 
Figure  8  shows  the  GaN  etch  rates  as  a  function  of  %N2  concentration  in  both  CI2  and  BCI3.  As 
the  %N2  concentration  increased  in  the  CI2  plasma,  the  GaN  etch  rates  decreased  due  to  less 
available  reactive  Cl.  However,  in  the  BCI3  plasma  the  GaN  etch  rates  increased  significantly  up  to 
40%  N2  and  then  decreased  as  more  N2  was  added.  This  trend  was  similar  to  that  observed  in 
ECR  and  ICP  etching  of  GaAs,  GaP,  and  In-containing  materials.^*'  Ren  et  al.  observed  peak 
etch  rates  for  In-containing  materials  in  an  ECR  plasma  at  75%  BCI3-  25%  N2.  As  N2  was  added 
to  the  BCI3  plasma,  Ren  observed  maximum  emission  intensity  for  atomic  and  molecular  Cl  at  75% 
BCI3  using  OES.  Correspondingly,  the  BCI3  intensity  decreased  and  a  BN  emission  line  appeared. 
It  was  suggested  that  at  75%  BCI3,  N2  enhanced  the  dissociation  of  BCI3  resulting  in  higher 
concentrations  of  reactive  Cl  and  Cl  ions  and  higher  etch  rates.  This  may  explain  the  faster  GaN 
etch  rates  observed  from  20  to  60%  N2  in  BClj/Ar  in  this  study,  however  higher  concentrations  of 
reactive  Cl  and  BN  emission  were  not  observed  using  OES  in  the  ICP. 
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Figure  8.  GaN  etch  rates  as  a  function  of  concentration  for  and  BClj/Nj/Ar  ICP- 

generated  plasmas. 

Additional  halogen-containing  plasmas  have  been  used  to  etch  GaN  including  ICl/Ar  and 
IBr/Ar.  In  Figure  9,  GaN  etch  rates  are  shown  as  a  function  of  rf-Power  in  an  ECR  plasma.  Etch 
conditions  were;  1.5  mXorr  pressure,  1000  W  ECR  power,  4  seem  ICl/IBr,  and  4  seem  Ar.  The 
GaN  etch  rates  increased  with  increasing  rf-Power  (sputter  desorption)  at  similar  rates  up  to  150 
W,  however  at  250  W  rf-power,  the  GaN  etch  rate  in  ICl/Ar  increased  to  >  1.3  |xm/min  whereas 
the  IBr  etch  rate  decreased  slightly.  This  is  the  fastest  etch  rate  reported  to  date  for  GaN.  Near¬ 
surface  Auger  electron  spectroscopy  (AES)  showed  no  loss  of  N  in  the  Ga:N  ratio  at  low 


Figure  9.  GaN  etch  rate  as  a  function  of  rf-Power  for  ECR-  and  RIE-generated  ICl/Ar  and  IBr/Ar 
plasmas. 
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rf-powers.  The  high  volatility  of  the  Galj  etch  products  may  have  increased  the  chemical  etch 
mechanism  of  the  Ga  and  thereby  minimized  preferential  loss  of  the  lighter  N  atoms  maintaining 
the  stoichiometry  of  the  as-grown  film.*'*’ 

Since  several  GaN  samples  were  used  in  this  study,  it  is  important  to  identify  any  etch 
dependence  on  growth  technique.  In  Figure  10,  GaN  ECR  etch  rates  are  shown  as  a  function  of 
rf-  power  for  samples  grown  by  MO-MBE,  rf-MBE,  and  MOCVD.  The  ECR  plasma  conditions 
were;  2  mTorr  pressure,  22.5  seem  CI2,  2.5  seem  H2,  5  seem  Ar,  30°C  electrode  temperature, 
1000  W  microwave  power,  and  rf-powers  ranging  from  1  to  450  W  with  a  corresponding  dc-bias 
range  of  -25  to  -275  ±  25  V.  GaN  samples  were  etched  simultaneously.  As  the  rf-power  was 
increased  the  GaN  etch  rates  increased  due  to  higher  ion  energies  and  improved  sputter  desorption 
efficiency,  independent  of  growth  technique.  Etch  rates  approaching  9000  A/min  were  obtained 
for  the  MO-MBE  and  rf-MBE  GaN  samples  at  450  W  rf-power  (~  -275  V  dc-bias).  We  observed 
a  trend  where  the  MO-MBE  GaN  etched  faster  than  the  rf-MBE  GaN  which  was  faster  than  the 
MOCVD  GaN.  Faster  etch  rates  correlated  with  higher  rms  roughness  for  the  as-grown  GaN 
samples.  The  rms-roughness  for  the  as-grown  GaN  samples  were  19.38  ±  0.44  nm  for  MO- 
MBE,  3.12  ±  0.84  nm  for  rf-MBE,  and  1.76  ±  0.29  nm  for  MOCVD. 

Figure  1 1  shows  a  SEM  micrograph  of  MOCVD  grown  GaN  etched  in  a  Clj/Hj/Ar  ICP- 
generated  plasma.  The  GaN  was  overetched  by  approximately  15%.  The  plasma  conditions  were; 
5  mTorr  pressure,  500  W  ICP  power,  22.5  seem  CI2,  2.5  seem  H2,  5  seem  Ar,  25°C  electrode 
temperature,  and  150  W  rf-power  with  a^ corresponding  dc-bias  of  -280  ±  lOV.  Under  these 
conditions  the  GaN  etch  rate  was  -6880  A/min  with  highly  anisotropic,  smooth  sidewalls.  The 
vertical  striations  observed  in  the  sidewall  were  due  to  striations  in  the  photoresist  mask  which 
were  transferred  into  the  GaN  feature  during  the  etch.  The  sapphire  substrate  was  exposed  during 
the  overetch  period  and  showed  significant  pitting  possibly  due  to  defects  in  the  substrate  or 
growth  process.  With  optimization  of  the  masking  process,  these  etch  parameters  may  yield 
profiles  and  sidewall  smoothness  which  improve  etched  facet  laser  performance. 


Figure  10.  GaN  etch  rates  as  a  function  of  rf-Power  for  MO-MBE,  MOCVD,  and  rf-MBE  grown 
GaN  in  a  ClJR^IAr  ECR-generated  plasma. 
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Figure  1 1 .  SEM  micrograph  of  MOCVD  GaN  etched  in  an  ICP-generated  Cl-JUJAi  plasma. 


CONCLUSIONS 

In  summary,  the  utilization  of  high-density  ECR  and  ICP  chlorine-based  plasmas  has  resulted 
in  high  rate  (>  1  p,m/min),  smooth,  anisotropic  etching  of  GaN.  The  source  of  reactive  Cl  (CI2, 
BCI3,  ICl,  etc.)  and  the  use  of  additive  gases  (H2,  N2,  SF^  have  several  effects  on  the  etch 
characteristics  of  GaN.  Using  Clj-based  plasmas  typically  resulted  in  relatively  high 
concentrations  of  reactive  Cl  which  increased  the  GaN  etch  rate.  The  addition  of  H2,  N2,  or  SFg  to 
Clj-  or  BClj-based  plasmas  appeared  to  effect  the  chemical  removal  the  N  atoms  from  the  GaN  as 
well  as  the  concentration  of  reactive  Cl  in  the  plasma  which  directly  correlated  to  the  GaN  etch  rate. 
Very  smooth  pattern  transfer  was  obtained  for  a  wide  range  of  plasma  chemistries  and  conditions. 
The  mechanism  of  breaking  the  GaN  bonds  appears  to  be  critical  and  perhaps  the  rate  limiting  step 
in  the  etch  mechanism.  The  use  of  high-density  plasmas  resulted  in  improved  GaN  etch  results 
possibly  due  to  a  two  step  process  directly  related  to  the  plasma  flux.  Initially  the  high-density 
plasmas  increase  the  bond  breaking  mechanism  allowing  the  etch  products  to  form  and  then 
produce  efficient  sputter  desorption  of  the  etch  products.  ICP  etching  of  the  group-III  nitrides  in 
Ci2/H2  plasmas  resulted  in  etch  profiles  and  sidewall  smoothness  which  may  improve  the  yield  and 
peifoimance  of  etched  facet  lasers.  Identifying  plasma  conditions  which  maintain  the 
stoichiometry  of  the  as-grown  films  and  minimize  plasma-induced-damage  are  critical  to  the 
fabrication  of  high  performance  group-III  nitride  devices  and  must  be  addressed. 
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ABSTRACT 

Ion  implantation  doping  and  isolation  is  expected  to  play  an  enabling  role  for  the 
realization  of  advanced  Ill-Nitride  based  devices.  In  fact,  implantation  has  already  been 
used  to  demonstrate  n-  and  p-type  doping  of  GaN  with  Si  and  Mg  or  Ca,  respectively,  as 
well  as  to  fabricate  the  first  GaN  junction  field  effect  transistor.*^  Although  these  initial 
implantation  studies  demonstrated  the  feasibility  of  this  technique  for  the  Ill-Nitride 
materials,  further  work  is  needed  to  realize  its  full  potential. 

After  reviewing  some  of  the  initial  studies  in  this  field,  we  present  new  results  for 
improved  annealing  sequences  and  defect  studies  in  GaN.  First,  sputtered  AIN  is  shown 
by  electrical  characterization  of  Schottky  and  Ohmic  contacts  to  be  an  effective 

encapsulant  of  GaN  during  the  1100  ®C  implant  activation  anneal.  The  AIN  suppresses 
N-loss  from  the  GaN  surface  and  the  formation  of  a  degenerate  n'^'-surface  region  that 
would  prohibit  Schottky  barrier  formation  after  the  implant  activation  anneal.  Second,  we 
examine  the  nature  of  the  defect  generation  and  annealing  sequence  following 
implantation  using  both  Rutherford  Backscattering  (RBS)  and  Hall  characterization.  We 
show  that  for  a  Si-dose  of  1x10*^  cm  **  50%  electrical  donor  activation  is  achieved  despite 
a  significant  amount  of  residual  implantation-induced  damage  in  the  material. 


INTRODUCTION 

The  group  Ill-Nitride  semiconductors  (GaN,  AIN,  and  InN)  have  become  the 
focus  of  intense  research  following  the  demonstration  of  high  brightness  light  emitting 
diodes  based  first  on  GaN  p/n  junctions  and  more  recently  based  on  InGaN  quantum 
wells.^’®  In  addition  Ill-Nitride  based  laser  diodes  have  also  been  reported.’  The 
impressive  photonic  device  results  where  achieved  in  epitaxial  Ill-nitride  material  grown 
on  sapphire  substrates  with  a  lattice  mismatch  in  excess  of  12%  and  with  a  resulting 
defect  density  on  the  order  of  10’°  cm"’.® 

In  addition  to  photonic  device  demonstrations,  these  materials  are  also  very 
attractive  for  electronic  devices  that  operate  at  high  power  or  high  temperature.  Already 
Heterostructure  Field  Effect  Transistors,  Junction  Field  Effect  Transistors,  and 
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Heterojunction  Bipolar  Transistors  have  been  demonstrated  with  impressive  properties 
considering  the  highly  defective  nature  of  these  materials. While  continued 
improvements  in  epitaxial  material  quality  can  be  expected  to  yield  improved  device 
results,  advances  are  also  needed  in  device  processing  technology. 
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Fig  1 .  Schematics  of  typical  FET  structures  a)  fully  planar  with  uniform  lateral  doping,  b) 
recessed  gate,  c)  non-self-aligned,  implanted,  d)  self-aligned,  implanted. 

One  processing  technique  of  particular  utility  for  electronic  devices  is  ion 
implantation  that  can  be  employed  for  selective  area  doping  or  isolation.  This  is 
illustrated  in  Fig  1  with  four  transistor  structures.  Fig  l.a  shows  the  fully  planar 
(ignoring  possible  mesa  etching  for  interdevice  isolation)  structure  that  has  been 
employed  for  the  majority  of  AlGaN/GaN  heterostructure  field  effect  transistors  (HFETs) 
reported  to  date.^  '^  This  structure  suffers  from  a  high  access  resistance  since  the  doping  is 
uniform  in  both  the  channel  and  ohmic  regions  and  must  therefore  be  a  compromise 
between  the  two.  An  improved  structure  is  the  recessed  gate  approach  shown  in  Fig  1  .b 
that  is  widely  used  in  other  compound  semiconductor  materials.’^  The  recess  gate  design 
reduces  the  access  resistance  by  having  a  highly  doped  capping  layer  that  is  removed  in 
the  gate  region,  typically  by  a  wet  etch  process.  For  the  Ill-Nitride  materials,  however, 
no  appropriate  wet  etch  chemistry  has  been  identified  thus  making  the  use  of  this 
structure  problematic.  Although  some  success  has  been  reported  with  dry  recess  etch 
processes,  control  of  the  plasma  damage  becomes  critical  and  has  limited  this  approach 
so  far.^^  '^  Figure  Ic  show  an  alternative  approach  to  realizing  higher  doping  in  the  ohmic 
contact  regions  without  impacting  the  channel.  In  this  case,  the  contact  regions  are 
defined  by  a  photolithographic  process  and  selectively  implanted  with  the  appropriate 
doping  species.  In  this  way,  no  etching  of  the  semiconductor  is  required.  This  approach 
will  require  the  GaN  surface  to  maintain  its  stiochiometry  during  the  implant  activation 
anneal  so  that  a  Schottky  contact  can  be  formed  for  the  gate  electrode  after  the  activation 
anneal.  Finally,  Fig  Id  shows  a  more  optimum  approach  with  the  source  and  drain 
implants  self-aligned  to  the  gate  Schottky  contact  metal.  This  final  structure  will  require 
the  Schottky  metal  to  be  in  place  during  the  implant  activation  anneal  and  to  maintain  its 
rectifying  properties  following  the  thermal  processing.  The  development  of  such  a  high 
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temperature  metallization  seheme  will  be  challenging  due  to  the  high  implant  activation 
annealing  temperature  (-1100  °C)  required  for  GaN. 

In  this  paper,  we  review  the  progress  in  ion  implantation  doping  of  GaN  such  as 
would  be  needed  to  realize  the  FET  structures  of  Fig  lc,d.  This  includes  the  successful 
demonstration  of  n-type  doping  with  Si  and  p-type  doping  with  Mg  and  Ca.  We  address 
the  implant  activation  annealing  sequence  and  in  particular  the  use  of  an  AIN 
encapsulation  layer  to  maintain  the  surface  stoichiometry  to  allow  Schottky  contact 
formation.  The  nature  of  implantation-induced  damage  will  then  be  discussed.  Finally, 
we  outline  areas  which  need  further  work  if  ion  implantation  is  to  become  a  viable 
technology  for  application  to  the  group  Ill-Nitride  materials. 

IMPLANTATION  DOPING  OF  GaN 

Implantation  has  been  used  to  achieve  n-type  doping  in  GaN  with  both  Si  and 
O.’’^  For  Si-implantation  in  Ref  1,  although  the  unimplanted  sample  showed  a  reduction 
in  sheet  resistance  that  may  be  due  to  the  formation  of  N-vacancies  or  the  depassivation 
of  unintentional  impurities,  the  Si-implanted  samples  demonstrated  a  3  order-of- 

magnitude  decrease  in  resistance  after  annealing  out  to  1100  °C  where  the  Si  is  becoming 
an  active  donor.  This  result  was  the  first  to  demonstrate  that  the  activation  temperature 
for  implanted  dopants  in  GaN  was  >  1000  °C.  The  implant  activation  temperature  of 
other  common  compound  semiconductors  are  summarized  in  Table  I  and  compared  to  the 
melting  point  of  the  material.  For  Si,  GaSb,  InP,  and  GaAs  the  implant  activation 
temperature  is  seen  to  be  roughly  70%  for  the  melting  point  while  for  SiC  and  GaN  it  is 
closer  to  50%.  This  suggests  that  the  optimum  implant  activation  temperature  for  GaN 
may  be  closer  to  1700  °C.  This  hypothesis  is  support  by  damage  studies  presented  later 
in  this  paper. 


Table  I 

Comparison  of  the  melting  point  and  implant  activation  temperature  for  the  materials 

listed. 


material 

T..(°C) 

T.«(°c)Ar,„(°c) 

Si 

1415 

950 

0.67 

GaSb 

707 

550 

0.77 

InP 

1057 

750 

0.71 

GaAs 

1237 

850 

0.69 

SiC 

2797 

1300-1600 

0.46-0.57 

GaN 

2518 

1100 

0.44 

The  nature  of  the  Si-activation  process  in  GaN  is  thought  to  be  dominated  by  a 
substitutional  diffusion  process  of  the  host  elements  with  a  activation  energy  of  6.7  eV.^ 
This  means  that  the  Si-ions  are  substitutional  on  Ga-sites  at  relatively  low  temperatures 
but  only  become  electrically  active  when  the  anti-site  defects  (Ngj, ,  Ga^^)  are  annihilated. 

A  primary  limitation  of  the  Ill-Nitride  materials,  and  all  wide  bandgap 
semiconductors  in  general,  has  been  the  high  ionization  energy  of  acceptor  species  which 
significantly  limits  the  number  of  ionized  free  holes  at  room  temperature.  To  date,  the 
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shallowest  acceptor  in  GaN  is  Mg  with  an  ionization  energy  level  of  150  to  170  meV.’^ 
Therefore,  the  search  for  an  alternative  acceptor  species  that  has  a  lower  ionization 
energy  is  of  particular  interest.  In  the  regard,  implantation  has  the  flexibility  to  introduce 
a  wide  array  of  elements  into  the  semiconductor  lattice  to  study  their  properties.  Once  p- 
type  implantation  doping  of  GaN  was  demonstrated  with  Mg  with  the  use  of  a  P  co¬ 
implantation  scheme,'^  other  potential  acceptor  species  were  studied.  The  first  example  of 
this  was  Ca-implant  doping  of  GaN  where  Ca  was  shown  to  be  an  acceptor  in  GaN.  Ca 
was  studied  since  it  had  been  suggested  to  be  a  shallow  acceptor  in  GaN.’’  Both  Ca-only 
and  Ca-i-P  samples  were  examined  with  both  seen  to  convert  from  n-type  to  p-type  after 
an  1100  °C  anneal.  From  an  Arrhenius  plot  of  the  sheet  hole  concentration  for  the  Ca- 

implanted  samples  annealed  at  1150  ®C,  the  ionization  energy  of  Ca  in  GaN  is  estimated 
to  be  169  meV  or  equivalent  to  that  of  Mg.‘  Further  work  to  use  implantation  to  identify 
alternative  acceptor  species  for  GaN  is  on  going.  To  date,  two  other  attractive  elements. 
Be  and  C,  have  been  investigated  by  implantation  without  p-type  conductivity  being 
achieved  either  with  or  with  a  co-implantation  scheme.  It  may  be  that  these  lighter 
elements  will  require  a  different  ratio  of  co-implant  ion  to  acceptor  ion  dose  than  that 
used  for  Mg  and  Ca  of  1:1.  Alternatively,  there  may  be  other  defect  or  impurity 
interactions,  such  as  complex  formation  (Be:0  in  Refs.  20,21  or  C:N  in  Ref.  22),  that 
compensate  these  elements  but  do  not  occur  for  implanted  Mg  or  Ca.  This  areas  of 
alternative  dopant  species  requires  further  study. 

AIN  ENCAPSULATION  DURING  ANNEALING 

As  discussed  above,  to  realize  the  FET  structure  shown  in  Fig.  Ic,  the  surface 
stiochiometry  of  GaN  must  be  maintained  during  the  high  temperature  activation  anneal. 
To  address  this  problem  in  other  compound  semiconductors  encapsulation  of  the  surface 
with  a  dielectric  film  is  often  employed.^^  For  this  approach  to  be  effective  for  GaN,  the 
encapsulating  film  must  maintain  its  integrity  (i.e.  not  crack  or  blister)  and  suppress  out- 

diffusion  at  a  temperature  of  -1100  °C.  Although  Si02  and  SiN  are  typically  used  for 
encapsulating  other  compound  semiconductors,  they  are  not  viable  at  these  high 
temperatures  due  to  cracking  or  hydrogen  desorption.’^'*  AIN,  on  the  other  hand,  has 
excellent  thermal  and  mechanical  stability  even  at  these  high  temperatures  and  can  be 
readily  deposited  by  sputtering  A1  in  a  nitrogen  ambient.  Therefore,  sputtered  AIN  was 
investigated  as  an  annealing  cap  for  GaN.^^ 

Two  sets  of  GaN  samples  were  processed  into  Pt/Au  Schottky  contacts  following 
a  1100  °C,  15  s  rapid  thermal  anneal.  One  set  of  samples  (A-samples)  was  n-type  as- 
grown  (n  -  1x10’’  cm‘^)  while  the  second  set  (B-samples)  were  initially  semi-insulating 
and  was  implanted  with  Si-ions  at  an  energy  of  100  keV  and  a  dose  of  5x10'^  cm‘^  to 
simulate  a  MESFET  channel  implant.  One  sample  from  each  set  was  encapsulated  with 
120  nm  of  reactivity  sputtered  AIN  prior  to  annealing.  Following  annealing,  the  AIN  was 

removed  in  a  selective  KOH-based  etch  (AZ400K  developer)  at  60-70  This  etch 
has  been  shown  to  etch  AIN  at  rates  of  60  to  10,000  A/min,  depending  on  the  film 
quality,  while  under  the  same  conditions  no  measurable  etching  of  GaN  was  observed.^’ 
The  etch  rate  of  the  sputter  deposited  AIN  film  was  found  to  increase  as  a  function  of 
post-deposition  annealing  temperature.^*  Ti/Al  ohmic  contacts  were  deposited  and 

defined  by  conventional  lift-off  techniques  on  all  samples  and  annealed  at  500  °C  for  15 
s.  Pt/Au  Schottky  contacts  were  deposited  and  defined  by  lift-off  within  a  circular 
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opening  in  the  ohmic  metal.  Electrical  characterization  was  performed  on  a  HP4145  at 
room  temperature  on  48  jjtm  diameter  diodes.  Samples  prepared  in  the  same  way,  except 
without  any  metallization,  were  analyzed  with  Auger  Electron  Spectrometry  (AES) 
surface  and  depth  profiles.  The  surface  morphology  was  also  characterized  by  atomic 
force  microscopy  (AFM)  before  and  after  annealing. 


AIN  ENCAPSULATION:  RESULTS  AND  DISCUSSION 


V(V) 

Fig  2.  Reverse  current/voltage  characteristics  for  48  pm  diameter  Pt/Au 

Schottky  contacts  on  GaN  annealed  at  1 100  °C,  15  s  with  (sample  A2)  and 
without  (sample  Al)  an  AIN  cap. 

Figure  2  shows  the  reverse  current/voltage  characteristics  of  48  pm  diameter 
Pt/Au  Schottky  diodes  on  the  initially  n-type  samples.  The  sample  annealed  without  the 
AIN  cap  has  over  3  orders-of-magnitude  higher  reverse  leakage  current  than  the  capped 
sample.  The  implanted  samples  showed  a  similar  offset  in  the  reverse  leakage  current 
between  the  capped  and  uncapped  samples.  The  reason  for  the  difference  in  reverse  bias 
characteristics  is  discussed  below. 

Figure  3  shows  the  current/voltage  characteristics  between  two  adjacent  Ti/Al 
ohmic  contacts  on  the  same  two  samples  as  in  Fig  2.  Here  the  sample  annealed  without 
the  AIN  cap  displays  dramatically  lower  resistance  than  the  AlN-capped  sample.  This  is 
consistent  with  the  Schottky  characteristics  and  suggests  the  creation  of  an  n^-surface 
layer  formed  on  the  sample  annealed  without  the  AIN  encapsulant. 
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(a)  RMS  =  4.02  nm  (b)  RMS  =  2.51  nm 

Fig  4.  Atomic  force  microscope  images  of  GaN  after  an  1100  °C,  15  s  anneal 
either  a)  uncapped  or  b)  capped  with  reactively  sputtered  AIN.  The  AIN  film  was 
removed  in  a  selective  KOH-based  etch  (AZ400K  developer)  at  60  -  70  °C.  On 
both  images,  the  vertical  scale  is  50  nm  per  division  and  the  horizontal  scale  is  2 
|im  per  division. 

Further  evidence  of  the  difference  between  the  two  annealing  processes  is  seen  in  the 
atomic  force  microscopy  images  shown  in  Fig  4.  The  sample  annealed  without  the  AIN  cap  is 
markedly  rougher  than  the  capped  sample,  again  suggesting  some  degree  of  surface 
decomposition.  In  an  attempt  to  quantify  the  change  in  the  GaN  surface  resulting  from 
annealing  with  and  without  the  AIN  cap,  AES  surface  and  depth  profiles  were  performed  on 


986 


annealed  samples  (capped  and  uncapped)  after  removal  of  the  AIN  encapsulant. 
Unfortunately,  it  is  difficult  to  compare  the  absolute  Ga  and  N  concentrations  from  the  AES 
data.  However,  when  comparing  the  Ga/N  ratio  for  each  case  we  do  see  an  increase  for  the 
sample  annealed  without  the  AIN  cap  (Ga/N  ratio  =  2.34)  as  compared  to  the  as-grown  sample 
(Ga/N  ratio  =  1.73).  This  can  be  understood  by  N-loss  from  the  GaN  during  the  annealing 
process.^^  For  the  sample  annealed  with  the  AIN  cap,  the  AES  spectrum  had  a  strong  signal 
from  C  contamination  at  the  surface  that  masked  the  absolute  N-concentration.  AES  depth 
profiles  of  the  uncapped  and  annealed  sample  suggests  that  the  N-loss  is  occurring  in  the  very 
near  surface  region  (~  50  A). 

N-loss  and  the  formation  of  N-vacancies  during  the  high-temperature  anneal  is 
proposed  as  the  key  mechanism  involved  in  changing  the  electrical  properties  of  the  Schottky 
and  ohmic  contacts.  Since  N-vacancies  are  thought  to  contribute  to  the  background  n-type 
conductivity  in  GaN,  an  excess  of  N-vacancies  at  the  surface  should  result  in  a  n'*'-region 
(possibly  a  degenerate  region)  at  the  surface.^®  This  region  would  then  contribute  to  tunneling 
under  reverse  bias  for  the  Schottky  diode  and  explain  the  increase  in  the  reverse  leakage 
current  in  the  uncapped  samples.  Similarly,  a  n'^-region  at  the  surface  would  improve  the 
ohmic  contact  behavior  as  seen  for  the  uncapped  samples.^'  The  effectiveness  of  the  AIN  cap 
during  the  anneal  to  suppress  N-loss  is  readily  understood  by  the  inert  nature  of  AIN  and  its 
extreme  thermal  stability  thereby  acting  as  an  effective  diffusion  barrier  for  N  from  the  GaN 
substrate. 


IMPLANTATION  DAMAGE  AND  DOSE  EFFECTS 

To  minimize  the  access  resistance  in  a  transistor  structure  employing  ion  implantation 
such  as  in  Fig  lc,d  the  implantation  dose  should  be  selected  at  some  maximum  level 
determined  by  dopant  solubility  and  the  ability  to  remove  implantation  damage.  Therefore,  it 
is  important  to  study  the  activation  properties  of  Si-implanted  GaN  versus  dose. 

Experimental  Approach 

The  GaN  layers  used  in  the  experiments  were  1.5  to  2.0  pm  thick  grown  on  c-plane 
sapphire  substrates  by  metalorganic  chemical  vapor  deposition  (MOCVD)  in  a  multiwafer 
rotating  disk  reactor  at  1040  °C  with  a  ~20  nm  GaN  buffer  layer  grown  at  530  °C.  The  GaN 
layers  were  unintentionally  doped,  with  background  n-type  carrier  concentrations  <  1x10'^ 

cm‘^  as  determined  by  room  temperature  Hall  measurements.  When  annealed  at  1 100  °C  for 
15  s  the  material  maintained  its  high  resistivity.  The  as-grown  layers  had  featureless  surfaces 
and  were  transparent  with  a  strong  bandedge  luminescence  at  356  nm  at  4  K.  Additional 
luminescence  peaks  were  observed  near  378  and  388  nm.  We  speculate  that  these  second 
peaks  are  due  to  carbon  contamination  in  the  film  from  the  graphite  heater  in  the  growth 
reactor.  Si  ions  were  implanted  at  100  keV  at  doses  from  5x10'^ cm’^  to  1x10’®  cm'^.  Ar-ions 
were  implanted  at  140  keV  and  over  the  same  dose  range  to  place  its  peak  range  at  the 

equivalent  position  as  the  Si.  All  samples  were  annealed  at  1100  °C  for  15  s  in  flowing  Nj 
with  the  samples  in  a  SiC-coated  graphite  susceptor.  This  annealing  sequence  has  previously 
been  shown  to  yield  activated  implanted  dopants  in  GaN.’’^  Following  annealing  the  samples 
were  characterized  at  room  temperature  by  the  Hall  technique  by  evaporating  Ti/Au  ohmic 
contacts  at  the  corners  of  each  sample.  Structural  analysis  of  select  Si-implanted  GaN 
samples  was  performed  with  channeling  Rutherford  backscatter  (C-RBS)  and  cross-sectional 
transmission  electron  microscopy  (XTEM). 
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Results  and  Discussion 

Figure  5  shows  the  sheet  electron  concentrations  versus  implant  dose  for  the  Si  and  Ar 
implanted  samples  after  the  1 100  °C  anneal.  For  the  Si-implanted  samples,  there  appears  to  be 
no  significant  donor  activation  until  a  dose  of  5x10’^  cm‘^  is  achieved.  This  is  in  contrast  to 
earlier  results  at  a  dose  of  5x10’“*  cm'^  where  roughly  10%  of  the  implanted  Si-ions  were 
ionized  at  room  temperature,  corresponding  to  94%  of  the  implanted  Si  forming  active  donors 
on  the  Ga-sublattice  assuming  a  Si-donor  ionization  energy  of  62  meV.‘  The  lack  of  free 
electrons  for  the  lower  dose  Si-implanted  samples  in  this  study  may  be  due  to  compensation 
by  background  carbon  in  the  as-grown  GaN  as  was  postulated  to  exist  based  on  the 
photoluminescence  data.  For  the  two  highest  dose  Si-samples,  5  and  10x10'^  cm'^,  35%  and 
50%  ,  respectively,  of  the  implanted  Si-ions  created  ionized  donors  at  room  temperature.  The 
possibility  that  implant  damage  alone  is  generating  the  free  eleetrons  can  be  ruled  out  by 
comparing  the  Ar-implanted  samples  at  the  same  dose  with  the  Si-samples  which  have  over  a 
factor  of  100  times  more  free  electrons.  If  the  implantation  damage  were  responsible  for  the 
carrier  generation  then  the  Ar-samples,  which  will  have  more  damage  than  the  Si-samples  as  a 
results  of  Ar’s  heavier  mass,  would  demonstrate  at  least  as  high  a  concentration  of  free 
electrons  as  the  Si-samples.  Since  this  is  not  the  case,  implant  damage  can  not  be  the  cause  of 
the  enhanced  conduction  and  the  implanted  Si  must  be  activated  as  donors.  The  significant 
activation  of  the  implanted  Si  in  the  high  dose  samples  and  not  the  lower  dose  samples  is 
understood  based  on  the  need  for  the  Si-concentration  to  exceed  the  background  carbon 
concentration  that  is  thought  to  be  compensating  the  lower  dose  Si-samples. 


Fig  5.  Sheet  electron  concentration  versus  implant  dose  for  Si  and  Ar  implanted  GaN. 

Figure  6  shows  the  C-RBS  spectra  for  as-implanted  (Si:  100  keV,  6x10^^  cm"^)  and 
annealed  (1100  '’C,  30  s)  GaN.  These  figures  demonstrate  the  difficulty  in  removing  the 
implantation-induced  damage  from  the  GaN  layer.  Although  the  C-RBS  spectra  in  Fig.  6 
displays  improved  channeling  after  annealing  as  seen  by  the  decrease  in  the  backscattered 
signal,  when  changes  in  dechanneling  due  to  the  reduced  surface  peak  are  accounted  for,  no 
significant  change  in  the  buried  defect  concentration  is  evident.^^  This  has  been  confirmed  by 
the  cross-sectional  transmission  microscopy  where  the  annealed  sample  still  has  significant 
damage  apparently  consisting  of  clusters,  loops,  and  planar  defects.^^'^"^  The  fact  that 
significant  damage  remains  for  an  implantation  and  annealing  sequence  that  produces 
significant  electrical  activation  of  Si-donors  as  seen  in  Fig.  5  suggests  that  complete  defect 
removal  is  not  required  to  activate  implanted  Si-donors  in  GaN.  This  is  in  stark  contrast  to  the 
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case  of  Si  implanted  GaAs,  where  damage  removal  and  dopant  activation  are  sequential 
processes.^^  However,  since  the  defects  in  GaN  will  most  likely  act  as  scattering  centers  and 
degrade  transport  properties  of  the  implanted  layers,  it  will  be  desirable  to  develop  an 
annealing  procedure  which  more  effectively  restores  the  initial  crystal  quality.  This  will  most 
likely  require  using  a  higher  annealing  temperature. 
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Fig  6.  Channeling  Rutherford  Backscatering  spectra  of  as-implanted  (Si:  100  keV,  6x10'^)  and 

annealed  at  1 100  °C,  30  s. 


CONCLUSION 

In  conclusion,  ion  implantation  is  expected  to  play  an  enabling  role  in  the  realization  of 
many  high  performance  devices  in  the  Ill-Nitrides  as  it  has  in  other  mature  semiconductor 
material  systems.  In  particular,  ion  implantation  doping  is  effective  for  reducing  the  access 
resistance  of  transistors.  Therefore,  we  have  review  the  progress  made  in  ion  implantation 
doping  of  GaN  with  the  successful  demonstration  of  n-  and  p-type  doping.  The  utility  of  an 
AIN  encapsulating  layer  was  also  reported  and  shown  to  be  effective  at  maintaining  the 
surface  stoichiometry  of  GaN  during  the  activation  anneal  and  thereby  allow  the  formation  of 
Schottky  contact  after  annealing.  It  was  further  shown  that  high  dose  Si-implants  can  be 
activated  up  to  50%  after  a  1100  °C  anneal.  Finally,  C-RBS  data  was  reported  that 
demonstrates  the  difficulty  in  removing  implantation-induced  damage  in  GaN.  However,  it 
appears  the  complete  damage  removal  is  not  required  to  achieve  activated  implanted  Si- 
donors  in  GaN.  This  is  sharp  contrast  to  GaAs  where  donor  activation  and  damage  removal 
are  serial  processes. 

FUTURE  WORK 

While  significant  progress  has  been  made  in  implantation  doping  and  isolation  of  GaN, 
further  work  remains.  In  particular,  additional  work  is  needed  to  understand  the  nature  of 
implantation-induced  damage  and  in  developing  an  annealing  sequence  to  restore  the  material 
closer  to  its  as-grown  condition.  This  may  require  annealing  temperatures  well  in  excess  of 

1100  °C.  Other  areas  of  study  include  implant  doping  of  AlGaN  as  used  in  HFET’s  and 
continued  exploration  of  alternative  p-type  dopants. 
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ABSTRACT 

The  apparent  thermal  stability  of  hydrogen  passivated  Mg  acceptors  in  GaN  is  a  function  of 
the  annesding  ambient  employed,  with  H2  leading  to  a  reactivation  temperature  approximately 
150°C  higher  than  N2.  The  dissociation  of  Mg-H  complexes  and  the  loss  of  hydrogen  from  GaN 
are  sequential  processes,  with  reactivation  occurring  at  <700'’C  for  annealing  under  N2,  while 
significant  concentrations  of  hydrogen  remain  in  the  crystal  even  at  900 °C  in  implanted  samples. 
The  hydrogen  is  gettered  to  regions  of  highest  defect  density  such  as  the  InGaN  layer  in  a 
GaN/InGaN  double  heterostructure.  The  addition  of  an  accelerating  potential  for  ions  in  the 
plasma  did  not  greatly  affect  the  deuterium  profiles. 


INTRODUCTION 

Hydrogen  plays  an  important  role  in  GaN  and  related  alloys,  since  it  is  part  of  the  growth 
environment  for  Metal  Organic  Chemical  Vapor  Deposition  (MOCVD),  which  employs 
(CH3)3Ga  and  NH3  as  its  standard  precursors.^  Hydrogen  remaining  in  Mg-doped  GaN  layers  has 
been  identified  as  the  cause  of  the  high  resistivity  of  these  films,  since  it  appears  that  the 
hydrogen  forms  stable  neutral  complexes  (Mg-H)°,  with  the  Mg  acceptors.*  Post-growth 
annealing  at  ~700°C*’^,  or  exposure  to  a  low  energy  electron  beam^  reactivates  the  Mg  acceptors 
and  produces  conductivities  5-6  orders  of  magnitude  higher  than  in  the  as-grown  material. 
Hydrogen  has  been  shown  to  be  injected  into  GaN  during  a  number  of  processing  steps, 
including  dry  etching  in  CH4/H2  plasma  chemistries,  boiling  in  water,  wet  etching  in  KOH 
solutions  and  chemical  vapor  deposition  of  dielectrics  using  SiH4.'* 

The  behavior  of  hydrogen  in  device  structures  is  likely  to  be  more  complicated.  For  example 
light-emitting  diodes  or  laser  diodes  contain  both  n-and  p-type  GaN  cladding  layers  with  one  or 
more  InGaN  active  regions.  The  first  laser  diode  reported  by  Nakamura  et  al.^  contained  26 
InGaN  quantum  wells.  In  other  III-V  semiconductors  the  diffusivity  of  atomic  hydrogen  is  a 
strong  function  of  conductivity  type  and  doping  level  since  trapping  by  acceptors  is  usually  more 
thermally  stable  and  more  efficient  than  trapping  of  hydrogen  by  donor  impurities.^  *'*  Moreover 
hydrogen  is  attracted  to  any  region  of  strain  within  multilayer  structures  and  has  been  shown  to 
pile-up  at  heterointerfaces  in  the  GaAs/Si*^’*^,  GaAs/InP*^’*^  and  GaAs/AlAs^  materials  systems. 
Therefore  it  is  of  interest  to  investigate  the  reactivation  of  acceptors  and  trapping  of  hydrogen  in 
double  heterostructure  GaN/InGaN  samples,  since  these  are  the  basis  for  optical  emitters.  We 
find  that  the  reactivation  of  passivated  Mg  acceptors  also  depends  on  the  annealing  ambient,  with 
an  apparently  higher  stability  for  annealing  under  H2  rather  than  N2.  Hydrogen  is  found  to 
redistribute  to  the  regions  of  highest  defect  density  within  the  stmcture. 
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EXPERIMENTAL 


The  sample  was  grown  by  MOCVD  in  a  rotating  disc  reactor  on  c-plane  Al203.^  The 
sapphire  substrate  was  rinsed  in  H2SO4,  methanol  and  acetone  prior  to  loading  into  the  growth 
chamber,  where  it  was  first  baked  at  1 100°C  under  H2.  A  low  temperature  (~510°C)  GaN  buffer 
(~300A  thick)  was  followed  by  3-3jum  of  n"^  GaN  (n  =  lO'^cm'^,  Si-doped),  01/^m  InGaN 
(undoped)  and  0-5/^m  thick  p'^'GaN  (p  =  3X10^\m'^,  Mg-doped).  The  growth  temperature  was 
1040®C  for  the  GaN  and  ~800°C  for  the  InGaN.  Cross-sectional  transmission  electron 
microscope  (XTEM)  analysis  was  carried  out  on  the  MOCVD  grown  InGaN/GaN  double- 
heterostructure.  An  XTEM  bright-field  image,  obtained  using  two-beam  diffraction  conditions 
with  g=(2ii0)  along  the  [OllOJoaN  zone  axis  of  the  DH-LED  structure  is  shown  in  Figure  1  (top). 
The  interface  between  the  various  layers  appears  to  be  abrupt  with  no  indication  of  interfacial 
phases.  Selected-area-diffraction  (SAD)  and  high  resolution  electron  microscopy  revealed  that 
the  entire  DH-LED  structure  grew  epitaxially  on  the  substrate. 


p-GaN 
^  InGaN 


n-GaN 


lopnm 


P-GaN 


InGaN 


n-GaN 


OMpm 


Figure  1.  (Left)  Bright-field  XTEM  image  showing  the  defect  distribution  along  the  device 
obtained  using  two-beam  diffraction  condition  with  g=(2110)  along  [OilOjoaN 
zone  axis.  (Right)  Bright-field  XTEM  image  of  the  top  region  of  the  device 
including  the  double  heterostructure  active  region  showing  the  increase  in 
threading  dislocation  density  after  the  growth  of  the  active  layer.  The  image  was 
obtained  using  two-beam  condition  with  g=(2110)  along  the  [OllOJoaN  zone  axis. 

RESULTS  AND  DISCUSSION 


In  the  immediate  vicinity  of  the  n-GaN/Al203  interface,  the  defect  density  was  high  but  was 
reduced  with  increasing  film  thickness.  However,  after  the  growth  of  the  active  layer  (InGaN) 
the  defect  density  of  the  threading  dislocations  increased  as  shown  at  the  right  of  Figure  1 .  A 
possible  reason  could  be  due  to  the  different  growth  conditions  used  for  growing  the  active  layer 
and  the  GaN  layers.  The  growth  mechanism  for  p-GaN  on  InGaN  in  the  DH-LED  structure 
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could  be  similar  to  that  proposed  by  Hiramatsu/^  During  the  growth  of  the  subsequent  p-GaN 
layer  the  underlying  active  layer  may  be  undergoing  solid-phase-epitaxy.  Hence,  the  quality  of  p- 
GaN  grown  on  top  of  the  active  layer  depends  on  the  amount  of  epitaxy  undergone  by  the  active 
layer,  and  in  this  structure  the  thermal  degradation  of  the  InGaN  upon  raising  the  growth 
temperature  for  the  p-GaN  leads  to  a  higher  defect  density  in  this  overlayer. 

XTEM  of  the  DH-LED  showed  dislocations  as  dark  lines  propagating  in  the  direction  normal 
to  the  substrate.  Most  of  the  dislocations  appeared  to  traverse  the  entire  double  heterostructure, 
while  some  appeared  to  bend  and  follow  the  interface  for  a  short  distance  before  threading  out  to 
the  surface.  The  nature  of  the  threading  dislocations  was  studied  by  conventional  XTEM  using 
the  g.b=0  criteria.  The  dislocation  will  be  invisible  when  b  lies  in  the  reflecting  plane. 

Some  of  the  dislocations  were  invisible  both  in  g2=(0002)  and  g5=(li01)  and,  because  b  was 
common  to  both  reflections,  b  was  found  to  be  1/3[1120].  Assuming  that  the  growth  is  the  same 
as  the  translation  vector  of  the  dislocation,  these  defects  would  be  pure  edge  type  in  nature.  The 
average  threading  dislocation  density  was  also  found  along  the  plane  normal  to  the  growth 
direction.  The  dislocation  density  was  found  to  be  ~8X10’°/cm^. 

The  double-heterostructure  sample  was  exposed  to  an  Electron  Cyclotron  Resonance  (ECR) 
plasma  (500W  of  microwave  power,  10  mTorr  pressure)  for  30  min  at  200°C.  The  hole 
concentration  in  the  p-GaN  layer  was  reduced  from  3X10’^cm‘^  to  ~2X10^^cm‘^  by  this 
treatment,  as  measured  by  capacitance  voltage  (C-V)  at  300K.  Sections  from  this  material  were 
then  annealed  for  20  mins  at  temperatures  from  SOO-OOO^C  under  an  ambient  of  either  N2  or  H2 
in  a  Heatpulse  410T  furnace.  Figure  2  shows  the  percentage  of  passivated  Mg  remaining  after 
annealing  at  different  temperatures  in  these  two  ambients.  In  the  case  of  N2  ambients  the  Mg-H 
complexes  show  a  lower  apparent  thermal  stability  (by  ~150°C)  than  with  H2  ambients.  This  has 
been  reported  previously  for  Si  donors  in  InGaP  and  AllnP,  and  Be  and  Zn  acceptors  in  InGaP 
and  AllnP,  respectively^ ^  and  most  likely  is  due  to  indiffusion  of  hydrogen  from  the  H2 
ambients,  causing  a  competition  between  passivation  and  reactivation.  Therefore  an  inert 
atmosphere  is  clearly  preferred  for  the  post-growth  reactivation  anneal  of  p-GaN  to  avoid  any 
ambiguity  as  to  when  the  acceptors  are  completely  active.  Previous  experimental  results  by 
Brandt  et.al.^^  and  total  energy  calculations  by  Neugebauer  and  Van  de  Walle^°  suggest  that 
considerable  diffusion  of  hydrogen  in  GaN  might  be  expected  at  <600°C. 


ANNEALING  TEMPERATURE  (OC) 

Figure  2.  Fraction  of  passivated  Mg  acceptors  remaining  in  hydrogenated  p-type  GaN  after 
annealing  for  20  min  at  various  temperatures  in  either  N2  or  H2  ambients. 
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Other  sections  of  the  double-heterostructure  material  were  implanted  with  ions  (50keV, 
2X10^^cm'^)  through  a  SiNx  cap  in  order  to  place  the  peak  of  the  implant  distribution  within  the 
p'^'GaN  layer.  Some  of  these  samples  were  annealed  at  900 °C  for  20  min  under  N2.  As  shown  in 
the  Secondary  Ion  Mass  Spectrometry  (SIMS)  profiles  of  Figure  3,  the  diffuses  out  of  the 
p^GaN  layer  and  piles-up  in  the  defective  InGaN  layer,  which  we  saw  from  the  TEM  results 
suffers  from  thermal  degradation  during  growth  of  the  p'^GaN.  Note  that  there  is  still  sufficient 
in  the  p'^'GaN  (-lO^^cm'^)  to  passivate  all  of  the  acceptors  present,  but  electrical  measurements 
show  that  the  p-doping  level  was  at  its  maximum  value  of  ~3X10’^cm'^.  These  results  confirm 
that  as  in  other  III-V  semiconductors,  hydrogen  can  exist  in  a  number  of  different  states, 
including  being  bound  at  dopant  atoms  or  in  an  electrically  inactive  form  that  is  quite  thermally 
stable.  We  expect  that  after  annealing  above  700°C  all  of  the  Mg-H  complexes  have  dissociated, 
and  the  electrical  measurements  show  that  they  have  not  re-formed.  In  other  IH-V’s  the  hydrogen 
in  p-type  material  is  in  a  bond  centered  position  forming  a  strong  bond  with  a  nearby  N  atom, 
leaving  the  acceptor  3-fold  coordinated.^  Annealing  breaks  this  bond  and  allows  the  hydrogen  to 
make  a  short-range  diffusion  away  from  the  acceptor,  where  it  probably  meets  up  with  other 
hydrogen  atoms,  forming  molecules  or  larger  clusters  that  are  relatively  immobile  and  electrically 
inactive.  This  seems  like  a  plausible  explanation  for  the  results  of  Figures  2  and  3,  where  the  Mg 
electrical  activity  is  restored  by  700 °C,  but  hydrogen  is  still  present  in  the  layer  at  900  °C.  In 
material  hydrogenated  by  implantation,  there  is  almost  certainly  a  contribution  to  the  apparently 
high  thermal  stability  by  the  hydrogen  being  trapped  at  residual  implant  damage  as  is  evident  by 
the  fact  that  the  profile  retains  a  Pearson  IV  type  distribution  even  after  900  °C  annealing.  The 
other  important  point  from  Figure  3  is  that  as  in  other  defective  crystal  systems  hydrogen  is 
attracted  to  regions  of  strain,  in  this  case  the  InGaN  sandwiched  between  the  adjoining  GaN 
layers. 
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Figures.  SIMS  profiles  of  in  an  implanted  (50keV,  2X10^^cm‘^  through  a  SiNx  cap) 
double-heterostructure  sample,  before  and  after  annealing  at  900  °C  for  20  min. 

Figure  4  shows  SIMS  profiles  of  in  InAlN  epilayers  treated  in  a  deuterium  plasma  at 
200®C  for  30  min  and  subsequently  annealed  at  500  or  700°C.  A  high  concentration  of  has 
permeated  the  entire  layer  structure  under  these  conditions  and  the  plateau  shape  of  the  profiles 
suggests  the  deuterium  is  trapped  at  defects  or  impurities.  Similar  results  were  obtained  for  GaN 
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and  AIN.^  The  addition  of  a  dc  self-bias  to  the  sample  to  accelerate  the  ions  did  not  greatly 
influence  the  depth  of  incorporation,  in  contrast  to  other  semiconductors. 


Figure  4. 


SIMS  profiles  of  in  InAlN  treated  in  deuterium  plasma  at  'iOO^C,  30  min  and 
then  annealed  at  500  or  VOO^C. 


CONCLUSIONS 


In  conclusion,  the  apparent  thermal  stability  of  hydrogen-passivated  Mg  acceptors  in  p-GaN 
is  dependent  on  the  annealing  ambient,  as  it  is  in  other  compound  semiconductors.  While  the 
acceptors  are  reactivated  at  <700°C  for  annealing  under  N2,  hydrogen  remains  in  the  material 
until  much  higher  temperatures  and  can  accumulate  in  defective  regions  of  double¬ 
heterostructure  samples  grown  on  AI2O3.  It  will  be  interesting  to  compare  the  redistribution  and 
thermal  stability  of  hydrogen  in  homoepitaxial  GaN  in  order  to  assess  the  role  of  the  extended 
defects  present  in  the  currently  available  heteroepitaxial  material. 
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ABSTRACT 

Hydrogenated  aluminum  nitride  (A1N;H)  films  have  been  deposited  on  the  (100)  silicon  wafers 
by  the  RF  reactive  magnetron  sputtering  method  with  H2  gas  in  addition  to  an  Ar-N2  gas 
mixture.  Stoichiometric  AIN  61ms  without  oxygen  impurities  can  be  prepared  by  adding  10  % 
H2  to  reactive  gas,  which  is  proven  by  Rutherford  Backscattering  Spectrometry  (RBS).  The 
bonding  aspects  of  Al,  N,  O  and  H  atoms  in  A1N:H  61ms  have  been  examined  by  X-ray 
Photoelectron  Spectroscopy  (XPS)  and  Fourier  Transform  In6-ared  (FTIR)  to  understand  the 
effects  of  H2  addition.  The  chemical  shift  of  the  binding  energies  of  Al,  N  and  O  atoms  in  A1N;H 
films  from  XPS  analysis  and  the  change  of  N-H  bonding  in  FTIR  with  respect  to  different  partial 
pressures  of  H2  gas  have  been  conftrmed.  The  role  of  H  atoms  is  suggested  to  facilitate  bonding 
with  unbound  N  atoms  in  AlNiH  61ms  and  hinder  N-0  bonding,  thus,  reducing  oxygen 
concentration  in  A1N:H  films.  Also,  the  activation  energy  for  the  evolution  of  H2  gas  from 
A1N:H  film  has  been  determined  to  be  0.11  eV/atom  through  a  Kissinger-type  analysis  by  a 
thermal  desorption  test  using  Gas  Chromatograph(GC).  This  result  implies  that  the  hydrogen 
atom  in  film  forms  the  hydrogen  bond. 

INTRODUCTION 

Recently,  aluminum  nitride  (AIN)  films  have  drawn  attention  as  a  piezoelectric  material  for 
high-frequency  surface  acoustic  wave  (SAW)  devices  due  to  its  high  phase  velocity[l].  The 
stoichiometry  of  AIN  and  lower  concentrations  of  impurities  such  as  oxygen  are  important  for 
the  use  of  SAW  filters  because  the  non-stoichiometry  or  impurity  in  ftlms  creates  a  leakage 
current  between  the  input  and  output  interdigital  transducer  (IDT)  of  SAW  ftlters,  which  acts  as 
noise  in  filtering  characteristics. 

Nowadays,  several  notable  results  have  been  reported  from  experiments  using  the  addition  of 
hydrogen  gas  to  reactive  gas  during  the  deposition  of  AIN  film.  Hasegawa  et  al.  used  chemical 
vapor  deposition  to  produce  AIN  films  and  found  that  with  the  addition  of  hydrogen  to  the 
reactive  gas  flow,  a  lower  oxygen  content  determines  by  Auger  Electron  Spectroscopy  (AES)[2]. 
From  our  previous  X-ray  Photoelectron  Spectroscopy  (XPS)  study  about  the  deposition  of  AIN 
film  by  RF  reactive  sputtering,  it  was  also  found  that  the  concentration  of  aluminum  and 
nitrogen  atoms  in  AIN  film  increased  and  that  of  oxygen  atoms  decreased  by  increasing  the 
partial  pressure  of  hydrogen  gas  to  Ar-N2  reactive  gas[3].  In  the  previous  papers,  only  relative 
concentrations  could  be  known  because  quantitative  composition  analysis  was  impossible  when 
applying  AES  and  XPS  without  a  standard  sample.  So  it  is  necessary  to  conftrm  the  absolute 
film  composition  by  Rutherford  Backscattering  Spectrometry  (RBS),  from  which  the 
quantiftcation  of  the  composition  is  possible  without  a  standard  sample[4].  Also,  Wang  et  al. 
reported  that  the  injection  of  hydrogen  into  the  feed  gas  eliminated  stress  failures,  and  atomically 
smooth  coatings  could  be  produced  on  virtually  any  substrate  at  room  temperature[5,6]. 
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Summarizing  the  effects  of  H2,  it  is  known  that  the  film  surface  becomes  smoother  and  oxygen 
impurities  decrease.  These  are  positive  effects  of  increasing  the  electromechanical  coupling 
coefficient  and  signal-to-noise  ratio  of  SAW  filters.  In  order  to  understand  these  phenomena  and 
develop  a  high  performance  SAW  filter  using  A1N;H  thin  film,  the  change  of  the  bonding  nature 
of  atoms  and  the  bonding  form  of  H  atom  in  films  made  by  H2  gas  injection  should  be  observed. 
In  this  paper,  hydrogenated  AIN  (AJN:H)  films  have  been  deposited  on  silicon  wafers  by  the  RF 
reactive  magnetron  sputtering  method  with  H2  gas  mixed  to  an  Ar-N2  gas  mixture.  The 
quantitative  composition  analysis  using  RBS  has  been  performed.  The  bonding  aspects  of  Al,  N, 
0  and  H  atoms  in  A1N:H  films  have  been  examined  by  XPS  and  Fourier  Transform  Infrared 
(FTIR),  and  the  roles  of  hydrogen  atoms  in  A1N:H  films  have  been  discussed.  Also,  the 
activation  energy  for  the  evolution  of  H2  gas  from  A1N;H  films  has  been  determined  through  a 
Kissinger  plot[7]  using  Gas  Chromatograph  (GC)  to  discover  the  bonding  form  of  the  H  atom. 

EXPERIMENTAL 

The  A1N:H  films  were  fabricated  by  the  RF  magnetron  sputtering  of  an  aluminum  target  in  a 
mixture  of  argon,  N2  and  H2  gases.  The  purity  of  these  gases  were  99.9999  %  each.  The 
aluminum  target  was  5  cm  in  diameter  and  the  purity  was  99.999  %.  The  substrates  used  in  this 
experiment  were  Si  (100)  wafers  (2.0  x  2.0  cm^).  Degreasing  of  substrates  was  carried  out  in 
ultrasonic  baths  of  acetone,  ethanol  and  de-ionized  water,  successively.  Native  oxide  on  the  Si 
wafer  was  removed  by  etching  in  the  diluted  HF  solution.  The  substrates  were  blown  dry  with 
N2  gas  and  immediately  inserted  into  a  vacuum  chamber.  The  base  pressure  was  lower  than  6.7 
X  10'^  Pa  (5  X  10’’  Torr).  The  experimental  conditions  of  the  AIN  films  are  listed  in  Table  1, 
which  was  selected  to  obtain  c-axis  oriented  AIN  film  with  a  reasonable  deposition  rate[3].  The 
concentration  of  H2  in  the  gas  mixture  varied  from  0  to  20  volume  %.  The  chemical  shifts  of  Al, 
N,  O  atoms  in  films  were  measured  by  XPS  (VG  ESCALAB210)  with  monochromatic  Mg  Ka  X- 
rays.  For  XPS  analysis,  AIN  and  A1N:H  films  with  thickness  of  2500  A  were  deposited  and  the 
spectra  were  obtained  after  sputtering  the  film  with  Ar  ions  sufficiently  to  exclude  the  surface 
contamination.  Also,  the  flood  gun  emitting  electrons  of  8  V  and  0.1  mA  has  been  used  to  avoid 
the  charge  effect  which  is  due  to  the  insulating  property  of  AIN  films.  The  quantitative  analysis 
of  the  absolute  composition  of  Al,  N  and  O  atoms  in  the  films  was  performed  by  RBS  (NEC 
3SDH)  using  2.236  MeV  He  atoms  and  the  film  thickness  was  2500  A  to  ease  the  separation  of 
peaks  from  different  atoms.  FTIR  (BOMEN,  Michelson  FTIR)  was  used  to  measure  the  change 
of  bondings  in  A1N;H  films  with  different  H2  partial  pressures.  The  thickness  of  the  film  for 
FTIR  analysis  was  1.5  mm  to  acquire  large  peak  intensities.  For  the  gas  evolution  experiments, 
the  samples  were  inserted  into  a  quartz  tube  under  Ar  flow,  and  heated  to  1073  K  at  uniform 
heating  rates  of  5  ~  30  K/min.  High-purity  (99.999%)  Ar  gas  was  used  to  carry  the  evolved 
hydrogen  into  a  GC  apparatus  (Hewlett-Packard,  5890  II).  The  amount  of  continuously  evolved 
gas,  mainly  H2,  was  measured  by  GC  with  a  thermal  conductivity  detector  (TCD)  which 
distinguishes  the  species  of  gas  fi-om  the  difference  in  the  thermal  conductivity  between  them, 
such  as  H2  and  Ar.  The  details  concerning  this  apparatus  were  presented  in  a  previous  paper  [8]. 
All  the  samples  were  stored  in  a  desiccator  until  the  time  of  measurement  to  minimize  the 
reaction  of  films  with  water  vapor  in  air. 
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Table  1 .  Sputtering  conditions  of  A1N:H  films 


Target 

Aluminum  (99.999  %,  5  cm  diameter) 

Substrate 

Si  (100)  wafer 

Base  pressure  (Pa) 

<6.7  X  10'^  (5  X  lO-'^Torr) 

Target-substrate  distance  (cm) 

8.0 

R.F. power  (W) 

250 

Sputtering  pressure  (Pa) 

1.1  (8  mTorr) 

Ar  gas  flow  rate  (seem) 

6.0 

N2  gas  flow  rate  (seem) 

6.0 

Amount  of  H2  addition  (%) 

0~20 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  XPS  spectra  of  A1N:H  films  with  different  amounts  of  H2.  Comparing  the 
heights  of  AI,  N  and  O  peaks,  we  can  find  that  the  concentration  of  nitrogen  atom  in  the  film 
increases  and  that  of  oxygen  atom  decreases  with  increasing  amounts  of  H2. 

To  know  the  absolute  concentration,  A1N;H  film  with  10%  H2  has  been  examined  by  RBS  and 
Fig.  2(a)  shows  its  spectra.  From  this,  the  absolute  atomic  concentration  is  calculated  as  shown 
in  Fig.  2(b)  in  which  the  error  range  is  less  than  5%,  Beneath  1000  A  from  the  surface,  the 
concentrations  of  Al  and  N  atoms  are  both  50%  and  that  of  O  atom  is  0%.  Taking  into  account 
the  error  range  of  analysis,  near  stoichiometric  AIN  films  without  oxygen  impurity  have  been 
obtained  by  adding  10%  H2  to  reactive  gas. 
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Fig.  2.  (a)  RBS  spectra  of  A1N:H  film  with 
10%  H2  addition  and  (b)  absolute  atomic 
concentration  of  Al,  N  and  O  calculated 
from  (a). 


Fig.  1.  XPS  spectra  of  A1N:H  films  with 
different  amount  of  hydrogen  addition; 
(a)  0  %,  (b)  5  %,  and  (c)  10  %. 
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Fig.  3  shows  the  binding  energies  of  A1  2p,  N  Is  and  O  Is  in  A1N:H  films  with  different 
amounts  of  H2  analyzed  by  XPS.  The  binding  energies  have  been  calibrated  by  taking  the  C  Is 
peak  (285  eV)  as  a  reference.  As  the  amount  of  H2  increases,  all  the  binding  energies  shift  to 
lower  energy  sides.  It  is  the  evident  that  Al,  N  and  O  atoms  in  A1N:H  films  form  bonding  with  H 
atoms  because  the  electronegativity  of  hydrogen  is  low,  so  the  large  screening  effect  makes  the 
binding  energy  lower.  Also,  it  is  known  that  most  H  atoms  interact  better  with  N  and  0  atoms 
than  with  Al  atoms  because  the  changes  of  binding  energies  in  N  and  O  atoms  are  larger  than 
those  of  Al  atoms  as  shown  in  Fig.  3. 

In  order  to  analyze  the  bonding  related  to  hydrogen  atoms,  FTIR  spectra  of  A1N;H  films  with 
different  amounts  of  H2  have  been  taken,  as  shown  in  Fig.  4.  Because  many  peaks  are 
superimposed,  peak  deconvolution  is  performed  to  understand  the  changes  of  bonding  nature. 
Each  of  the  peaks  are  positioned  and  assigned  by  referring  to  other  works[9,10]  as  revealed  in 
Table  2.  The  primary  N-H  bond  represents  the  N-H  bond  in  AlNHs""  or  molecules  and  the 
secondary  N-H  bond  represents  that  in  AJNH2  or  NH3  molecules.  The  peaks  appearing  at  3376 
and  3532  cm‘^  are  deduced  to  be  free  ones,  while  the  peaks  raised  at  3074  and  3230  cm  ^  are 
found  to  be  bounded  with  water  molecules,  so  the  wave  number  moves  to  a  lower  value. 
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Fig.  3.  The  binding  energies  of  (a)  Al  2p, 
(b)  N  Is  and  (c)  O  Is  of  A1N;H  films 
analyzed  by  XPS  with  different  amount  of 
H2  addition. 


Fig.  4,  FTIR  spectra  of  A1N;H  films  with 
different  amount  of  H2  addition. 
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Table  2.  Peak  position  and  its  assignments  of  FTIR  spectra. 


peak  position 
(wave  number ;  cm’^) 

assignments 

3074 

secondary-bound  N-H 

3230 

primary-bound  N-H 

3376 

secondary-free  N-H 

3532 

primary-free  N-H 

Fig.  5  shows  the  amplitudes  of  the  four  peaks  assigned  in  Table  2  with  different  amounts  of  H2. 
When  H2  gas  is  added  by  as  little  as  5%  to  reactive  gas,  the  amplitudes  of  the  secondary-bound 
and  secondary-free  N-H  bonds  abruptly  increase  and  saturate.  As  the  partial  pressure  of  H2 
increases,  primary-bound  and  primary-free  N-H  bonds  increase  linearly.  From  these  phenomena, 
one  can  see  that  hydrogen  atoms  form  secondary  N-H  bonds  at  low  H2  concentrations,  and  that 
primary  N-H  bonding  increases  with  increasing  H2  content.  That  is  to  say,  hydrogen  atoms  make 
bonding  with  unbound  nitrogen  atoms  in  films  and  hinder  N-0  bonding.  It  is  the  role  of 
hydrogen  to  reduce  the  oxygen  concentration  in  films.  The  reason  for  the  high  amplitudes  of 
primary  N-H  bonds  of  AIN  films  without  H2  gas  is  that  the  nitrogen  atoms  are  bound  with  the 
hydrogen  atoms  of  water  molecules  in  the  atmosphere. 

To  confirm  the  bonding  nature  of  H  atom,  the  kinetics  of  hydrogen  for  A1N;H  films  have  been 
studied  by  applying  a  thermal  analysis  technique,  and  the  activation  energies  for  hydrogen 
evolution  were  obtained  by  Kissinger’s  method[7]. 


H2  contents  (%)  1  ooO/Tp  (1 000/K) 

Fig.  5.  Amplitudes  of  four  peaks  assigned  Fig.  6.  Kissinger  plot  for  the  calculation  of  the 

in  Table  2  with  different  amount  of  H2  activation  energy  for  the  evolution  of  H2  gas. 

addition. 
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Fig.  6  shows  its  Kissinger  plot  where  (j)  is  the  heating  rate,  Tp  is  the  peak  temperature  and  from 
the  slope  of  the  line,  the  activation  energy  for  the  evolution  of  H2  gas  is  found  to  be  0.1 1  +  0.02 
eV/atom.  This  value  is  similar  to  the  bonding  energy  of  the  hydrogen  bond  (0.1  eV),  being 
formed  only  between  the  most  electronegative  atoms,  particularly  F,  O,  and  N[ll].  So  it  is 
confirmed  that  the  bonding  form  of  H  atoms  in  A1N:H  film  is  the  hydrogen  bond  with  the  large 
electronegative  atom  such  as  nitrogen,  and  this  activation  energy  corresponds  to  that  which  is 
required  to  break  the  hydrogen  bond  between  H  and  N  atoms  in  the  film. 

CONCLUSION 

Hydrogenated  aluminum  nitride  (AlNiH)  films  have  been  deposited  on  silicon  wafers  by  the  RF 
reactive  magnetron  sputtering  method  with  H2  gas  addition  to  Ar-N2  gas  mixture.  The 
experimental  results  can  be  summarized  as  follows. 

(1)  As  the  amount  of  H2  increases,  the  surface  of  film  becomes  smooth,  the  stress  in  the  film  is 
relieved,  the  concentration  of  nitrogen  atom  increases  and  that  of  oxygen  atom  decreases.  And 
the  stoichiometric  AIN  films  without  oxygen  impurities  can  be  prepared  by  adding  10  %  H2  to 
reactive  gas. 

(2)  The  role  of  H  atoms  is  suggested  to  facilitate  bonding  with  unbound  N  atoms  in  A1N:H  films 
and  hinder  N-0  bonding,  thus,  reducing  oxygen  concentration  in  A1N:H  films.  Also,  the 
activation  energy  for  the  evolution  of  H2  gas  from  A1N:H  film  has  been  determined  to  be  0.1 1 
eV/atom  and  this  result  implies  that  the  hydrogen  atom  in  film  forms  the  hydrogen  bond. 
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Abstract 

Indium  droplet  formation  during  the  epitaxial  growth  of  In,jGa,.^N  films  is  a  serious 
problem  for  achieving  high  quality  films  with  high  indium  mole  fraction.  In  this  paper,  we 
studied  the  formation  of  indium  droplets  on  the  Ii\Gaj.^N  films  grown  by  metalorganic  chemical 
vapor  deposition  (MOCVD)  using  single  crystal  x-ray  diffraction.  It  is  found  that  the  indium 
(101)  peak  in  the  x-ray  diffraction  spectra  can  be  utilized  as  a  quantitative  measure  to  determine 
the  amounts  of  indium  droplets  on  the  film.  It  is  shown  by  monitoring  the  indium  diffraction 
peak  that  the  density  of  indium  droplets  increases  at  lower  growth  temperature.  To  suppress 
these  indium  droplets,  a  modulation  groAvth  technique  is  used.  Indium  droplet  formation  in  the 
modulation  growth  is  investigated  and  it  is  revealed  in  our  study  that  the  indium  droplets 
problem  has  been  partially  relieved  by  the  modulation  growth  technique. 

Introduction 

Ii\Ga,.^N  ternary  alloys,  which  have  a  direct  bandgap  from  1.9  eV  to  3.4  eV,  are  an 
important  wide  bandgap  semiconductor  for  optoelectronic  applications.  Recently,  using  Ii^GEj, 
as  an  active  layer,  the  first  blue  edge-emitting  laser-diodes  [1],  as  well  as  the  high-efficiency 
green  and  blue  light-emitting  diodes  (LEDs)  have  been  demonstrated  [2,  3].  However,  despite 
these  encouraging  achievements  in  device  fabrication,  there  are  still  few  reports  on  the  growth 
and  characterization  of  In,^Gaj.^N  films,  especially  with  respect  to  In  droplets  formation. 
Nagatomo  et.  al  [4]  first  reported  the  successful  growth  of  Ii\Ga,.^N  at  500  ”C  by  MOCVD 
technique,  but  the  crystal  quality  was  poor  at  this  growth  temperature  and  no 
photoluminescence(PL)  could  be  detected.  Yoshimoto  and  Matsuoka  obtained  better  quality 
In^^Gai.^N  films  by  raising  the  growth  temperature  up  to  800  “C  [5,  6].  To  get  indium 
incorporated  into  the  film  at  this  temperature,  they  had  to  apply  very  high  nitrogen  over  pressure 
(  V/III  ratio  is  20,000  )  and  high  indium  source  flow  rate.  Very  recently,  there  were  several 
reports  on  ^he  successful  growth  of  Ii\Gai.^N  films  [7-9],  using  high  V/III  (>  10,000)  ratio.  But 
none  of  them  has  reported  detailed  information  about  the  effect  of  growth  conditions  on  the 
indium  droplets  formation  which  is  a  common  problem  in  In,jGa,.jjN  growth,  especially  when 
thick  In^Ga,.^N  films  with  higher  indium  mole  fraction  are  grovm.  The  understanding  of  the 
effects  of  the  growth  conditions  on  the  In  droplets  formation  is  essential  to  grow  high  quality 
Ii\Ga,,^N  films.  In  our  study,  we  found  that  the  indium  (101)  peak  in  the  single  crystal  x-ray 
diffraction  spectra  is  very  sensitive  to  the  density  of  indium  droplets  formed  on  the  Ii\Ga,.^N  film 
and  could  be  utilized  as  a  quantitative  means  to  characterize  the  amount  of  indium  droplets. 
Therefore,  using  this  technique,  we  investigated  the  formation  of  indium  droplets  on  In,jGa,.^N 
grovm  by  metalorganic  chemical  vapor  deposition  (MOCVD),  and  also  the  possible  ways  to 
suppress  the  indium  droplet  formation  during  the  growth. 
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Experimental 


Ii\Ga,.^N  films  were  grown  on  c-plane  sapphire  substrates  in  a  low-pressure  (100  Torr), 
horizontal  MOCVD  system.  Trimethylgallium  (TMG),  trimethylindium  (TMI)  and  ammonia 
(NH3)  were  used  as  the  precursors  for  Ga,  In  and  N,  respectively.  Hydrogen  was  employed  as  the 
carrier  gas.  Prior  to  the  In^Ga,.^N  growth,  the  sapphire  substrate  was  first  aimealed  at  1100  °C 
for  10  minutes  in  a  mixture  of  H2  and  NHj,  which  is  believed  to  form  a  thin  layer  of  AIN  on  the 
substrate.  Then,  the  substrate  temperature  was  lowered  down  to  600  °C  to  grow  a  100  run  thick 
GaN  buffer  layer.  After  that  the  growth  temperature  was  raised  to  1050  °C  to  grow  -0.6  pm 
thick  undoped  GaN  layer.  The  TMG  and  NHj  flow  rates  were  20  pmol/min  and  2  1/min, 
respectively.  Finally,  the  ln^Ga,.^N  film  was  grown  at  700  -  800  °C  on  this  GaN  layer.  The 
TMG  and  NHj  were  introduced  at  a  flow  rate  of  1 1  pmol/min  and  2.5  1/min,  respectively,  with  a 
total  flow  rate  of  3.5  1/min.  The  TMI  flow  rate  was  varied  from  0  to  44  pmol/min.  For  the 
In,^Ga,.,^N  modulation  growth  discussed  below,  the  growth  sequence  was  as  shown  in  Fig.l.  For 
every  cycle,  In^^Gaj.^N  was  grown  for  x  seconds  followed  by  y  seconds  annealing  in  NH3  ambient 
at  the  same  growth  temperature.  The  growth  time  was  adjusted  such  that  the  total  li\Ga,.,^N 
thickness  was  around  0.5  pm.  Single  crystal  x-ray  diffraction,  as  well  as  optical  micrographs 
were  utilized  to  monitor  the  indium  droplets. 


Fig.  1  Control  sequence  of  gas  flow  in  the  modulation  growth  of  InxGi-xN.  NH3  gas  is  always 
on,  while  TMG  and  TMI  repeat  the  cycle  in  which  gas  flow  is  turned  on  for  x  seconds  and  then 
turned  off  for  y  seconds. 

Results  and  Discussion 

Fig.2  shows  the  morphology  of  0.5  pm  thick  In,^Ga,.,^N  films  grown  continuously  on  GaN. 
At  low  TMI  flow  rate  (such  as  6  pmol/min),  indium  droplets  are  not  present  on  the  surface 
though  the  film  morphology  is  not  smooth,  as  shown  in  Fig.2a.  Single  crystal  x-ray  diffraction 
measurements  only  show  (0001)  group  peaks  for  the  GaN  and  In^Gaj.^^N  on  this  sample, 
indicating  that  the  film  is  probably  single  crystal.  The  indium  mole  fraction  x  of  this  film  is 
about  6%.  Indium  droplets  begin  to  appear  when  the  TMI/TMG  flow  rate  ratio  is  raised  to  above 
1.5.  Both  the  size  and  the  number  of  these  In  droplets  increase  with  TMI/TMG  flow  ratio. 
Fig.2b  shows  the  morphology  of  a  In,^Gaj.,^N  film  grown  under  a  TMI/TMG  ratio  of  3,  on  which 
indium  droplets  are  clearly  observed.  Single  crystal  x-ray  diffraction  spectra  of  this  film,  as 
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shown  in  Fig.3,  reveals  an  extra  peak  located  at  33°  compared  to  that  of  the  sample  shown  in 
Fig.2a.  This  peak  disappears  if  the  indium  droplets  are  etched  off  in  a  diluted  HCl  solution  (also 
shown  in  Fig.3).  The  intensity  of  this  peak  increases  whenever  the  amount  of  indium  droplets  on 
the  surface  increases.  Hence  we  believe  that  this  peak  corresponds  to  the  indium  (101) 
diffraction  from  the  In  droplets  present  on  the  surface.  In  fact,  this  x-ray  peak  is  more  sensitive 
to  the  density  of  In  droplets  than  the  optical  microscope.  Therefore  it  can  be  utilized  as  a 
quantitative  means  to  characterize  the  amounts  of  indium  accumulated  on  the  In,.Ga,.^N  surface 
and  to  arrive  at  a  growth  condition  to  eliminate  them. 


Fig.  2  Morphology  of  0.5  pm  thick  In^Ga,.^N  films  which  were  growm  continuously  with  a 
TMI/TMG  flow  rate  ratio  of:  a)  0.5;  b)  3.  Marker  represents  25  pm. 


Fig.  3  X-ray  diffraction  spectra  of  the  InxGai.xN  film  before  and  after  HCl  treatment.  The  film 
was  grown  continuously  with  a  TMI/TMG  flow  rate  ratio  of  3. 


Growth  temperature  is  a  very  important  and  sensitive  parameter  in  the  growth  of  In^Ga,.,N 
film.  Figure  4  shows  the  indium  mole  fraction  in  the  film  as  well  as  the  intensity  of  the  indium 
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(101)  x-ray  peak  as  a  function  of  the  Ii\Ga,.^N  growth  temperature.  These  films  are  grown 
continuously,  and  the  TMI  and  TMG  flow  rates  are  kept  constant  for  all  these  films  with  the  ratio 
of  1.5.  It  is  seen  that  the  indium  incorporation  in  the  film  increases  rapidly  with  the  decrease  of 
the  growth  temperature.  This  is  usually  explained  by  the  reduction  of  indium  species  evaporation 
rate  at  the  low  temperature  [6,  7].  Though  reducing  the  growth  temperature  can  increase  the 
incorporation  of  indium  into  the  film,  the  quality  of  the  films  is  also  poorer  at  lower  growth 
temperature.  This  latter  fact  may  be  partially  related  to  the  formation  of  In  droplets  on  the 
surface.  As  shown  in  the  Fig.4,  the  amount  of  these  indium  droplets  (represented  by  the  indium 
(101)  x-ray  intensity)  increases  approximately  exponentially  with  the  reduction  of  the  growth 
temperature. 


720  750  780  810 

In^Ga^^N  growth  temperature  (°C) 


Fig.4  Indium  mole  fraction  in  the  InxGai.xN  film  and  the  intensity  of  x-ray  diffraction  peak 
from  indium  droplets  on  the  film  as  a  function  of  growth  temperature. 


The  problem  of  the  In  droplets  formation  becomes  more  severe  whenever  we  attempt  to 
increase  the  indium  mole  fraction  in  the  film  during  the  continuous  growth.  It  is  postulated  that 
during  the  growth,  the  TMI  molecules  which  adsorb  onto  the  substrate  would  decompose 
completely  at  the  high  substrate  temperature.  Some  of  these  indium  adatoms  would  react  with  N 
species  from  NH3  to  form  Ii\Ga,.^N, 


and  others  travel  along  the  surface 
until  they  either  reevaporate  to  the 
ambient  or  meet  some  In  nuclei  to 
form  indium  droplets.  At  the  initial 
growth  stage  of  a  few  monolayer  in 
thickness,  most  indium  adatoms  are 
still  sparsely  distributed  and  the  size  of 
the  In  nuclei  is  still  smaller  than  the 
critical  size  for  stable  nucleation.  If 
we  stop  the  flow  of  the  In  and  Ga 
precursors  while  supplying  the  NH3  at 


this  moment,  these  nuclei  would  then  Fig.  5  Morphology  of  In^Ga..^N  film  grown  by 
decompose  and  indium  adatoms  modulation  growth  technique  at  800  °C  with  a 
would  either  reevaporate  or  react  with  TMI/TMG  flow  ratio  of  3.  Both  the  growth  and 
N  provided  by  the  NH3  gas.  If  a  annealing  time  is  30  seconds.  Marker  represents  25  pm. 
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proper  growth  time/armealing  time  sequence  is  chosen,  it  may  be  possible  to  grow  smooth 
Ii\Ga,.^N  films.  This  (growth  +  aimealing)  cycle  can  be  repeated  several  times  to  obtain  thick 
films  without  indium  droplets. 

Fig.  5  shows  the  morphology  of  In^Gaj.^N  films  grown  by  the  modulation  gro-wth  technique 
suggested  above.  The  TMG  and  TMI  flow  rate  were  11  pmol/min  and  33  pmol/min, 
respectively.  Every  cycle  includes  30  seconds  of  In^Gai.^^N  growth  followed  by  30  seconds  of 
annealing  in  NH3  ambient.  The  process  is  repeated  30  times.  The  surface  morphology  shown  in 
Fig.5  is  free  from  In  droplets  and  is  better  than  those  shown  in  Fig.2,  and  the  x-ray  diffraction 
does  not  show  the  presence  of  In  droplets  either.  However,  non-optimized  growth/armealing 
sequence  do  show  the  presence  of  In  droplets  as  identified  by  the  x-ray  diffraction. 

The  indium  (101)  peak  in  the  x-ray  diffraction  spectra  is  again  utilized  here  as  a  quantitative 
measure  of  the  amount  of  In  droplets  formed  during  the  modulation  growth.  Fig.6  shows 
variation  of  the  In  x-ray  intensity  with  the  TMI/TMG  flow  ratio  for  both  continuous  and 
modulation  growth.  The  TMG  flow  rate  is  kept  at  1 1  pmol/min  and  the  growth  temperature  is 
800  °C  .  In  modulation  growth,  each  growth  cycle  includes  30  seconds  of  In^Gaj^^N  growth  plus 
30  seconds  of  annealing  process.  The  indium  peak  eirises  at  smaller  value  of  TMI/TMG  ratio  for 
continuous  growth  and  its  intensity  increases  much  faster.  On  the  other  hand,  this  peak  does  not 
appear  until  the  TMI/TMG  ratio  reaches  3  in  the  case  of  modulation  growth.  Even  under  this 
condition,  the  indium  droplets  could  not  be  easily  observed  using  the  optical  microscope.  For 
both  growth  technique,  the  indium  mole  fraction  obtained  in  the  film  is  almost  the  same  if  the 
TMI  and  TMG  flow  ratio  is  kept  same.  Even  though  the  growth  parameters  for  the  modulation 
growth  are  not  optimized  in  our  case,  the  modulation  growth  technique  has  already 
demonstrated  effective  reduction  of  indium  droplets  and  the  improvement  of  the  film 
morphology. 


Fig.6  Intensity  of  the  x-ray  diffraction  Fig.  7  Intensity  of  x-ray  diffraction  peak  of 

peak  of  indium  droplets  as  a  function  of  indium  droplets  as  afunction  of  growth/annealing 

TMETMG  flow  ratio.  time  ratio. 


Fig.7  shows  the  influence  of  the  groAvth  and  the  annealing  time  on  the  formation  of  indium 
droplets  in  the  modulation  growth.  The  annealing  time  is  set  at  2  minutes  while  the  growth  time 
varied  from  2  minutes  to  10  minutes.  The  total  In^Ga,.^N  growth  time  is  kept  at  20  minutes.  It  is 
noticed  that  the  intensity  of  this  indium  peak  increases  exponentially  with  the  growth  time, 
implying  that  the  process  of  indium  droplets  generation  and  growth  will  accelerate  with  the  time 
after  the  initial  formation  of  indium  droplets.  Also  it  seems  that  short  time  annealing  right  after 
the  growth  could  not  remove  this  indium  as  long  as  they  form  droplets  of  some  critical  size. 
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Therefore  the  growth  time  in  each  growth  cycle  should  be  greatly  reduced  to  prevent  the 
formation  of  initial  indium  nuclei. 

Conclusions 

In  summary,  we  have  studied  the  indium  droplet  formation  on  the  In^Gaj.^^N  films  grown  by 
MOCVD.  It  is  found  that  the  indium  (101)  peak  in  the  x-ray  diffraction  spectra  originated  from 
the  indium  droplets  can  be  used  as  a  quantitative  means  to  study  the  amount  of  indium  droplets 
on  the  film  surface.  By  this  means,  it  is  found  that  the  indium  mole  fraction,  as  well  as  the 
amount  of  indiums  droplets,  increase  with  the  reduction  of  the  growth  temperature.  It  is  also 
demonstrated  using  the  x-ray  peaks  that  the  modulation  growth  can  suppress  the  indium  droplets 
formation  on  the  In,^Ga,.,^N  films.  It  is  expected  that  by  optimizing  the  growth  and  annealing 
conditions  such  as  reducing  the  growth  time  and  the  growth  rate,  indium  droplet  free  In^Ga,.^N 
films  could  be  achieved  by  this  modulation  growth  technique. 
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Abstract 

A  KrF  (248  nm)  excimer  laser  with  a  38  ns  pulse  width  was  used  to  study  pulsed  laser 
annealing  of  AlN/GaN  bi-layers  and  dopant  activation  of  Mg-implanted  GaN  thin  films.  For  the 
AlN/GaN  bi-layers,  cathodoluminescence  (CL)  showed  an  increase  in  the  intensity  of  the  GaN 
band-edge  peak  at  3.47  eV  after  pulsed  laser  annealing  at  an  energy  density  of  2000  mJ/cm^, 
Rutherford  backscattering  spectrometry  of  a  Mg-implanted  AIN  (75  nm  thick)/GaN  (1.0  pm 
thick)  thin-film  heterostructure  showed  a  20%  reduction  of  the  '*He^  backscattering  yield  after 
laser  annealing  at  an  energy  density  of  400  mJ/cm  .  CL  measurements  revealed  a  410  nm 
emission  peak  indicating  the  incorporation  of  Mg  after  laser  processing. 

Introduction 

Gallium  nitride  (GaN)  and  its  solid-solution  alloys  with  InN  and  AIN  comprise  an 
optoelectronic  materials  system  spanning  the  infra-red  to  the  ultra-violet  regime.  Developments 
in  GaN  growth  and  doping  [1-4]  have  resulted  in  the  fabrication  of  blue  light  emitting  diodes  [5- 
8]  and  more  recently  a  blue  laser  diode  [9].  As  a  result,  there  is  significant  research  interest  in  the 
III-V  nitrides  materials  system  for  optoelectronic  devices. 

Advances  in  the  area  of  GaN  growth  have  significantly  improved  the  materials  quality  in 
recent  years  while  inherent  difficulties  in  p-type  doping  and  alloying  with  Al,  to  form  Al^Gai.^N, 
still  prevent  full  utilization  of  the  III-V  nitrides.  P-type  material  has  been  realized  by  thermal 
annealing  of  metal-organic  chemical  vapor  deposition  (MOCVD)-grown  Mg-doped  GaN  [10], 
N-  and  p-type  doping  of  GaN  using  Si""  and  Mg'^/P''  implantation,  respectively,  in  conjunction 
with  a  post  implant  rapid  thermal  anneal  (RTA)  at  -1100  °C  has  also  been  reported  [11]. 
Recently,  high  sheet  electron  concentration  and  high  Hall  mobility  were  reported  for  a  doped 
charmel  AlGaN/GaN  heterostructure  [12]. 

In  response  to  the  doping  and  alloying  issues,  we  have  investigated  UV  pulsed  laser 
annealing  (PLA)  as  an  alternative  approach  to  non-equilibrium  processing  of  the  Group  III 
nitrides.  The  nanosecond-scale  pulse  lengths  and  the  materials  selectivity  afforded  by  the  UV 
wavelength  are  potential  advantages  over  more  conventional  rapid  thermal  processing  for 
alloying,  dopant  activation  and  selective  etching  of  the  III-V  nitrides.  A  KrF  (248  nm)  excimer 
laser  may  be  utilized  to  selectively  process  AlN/GaN  bi-layers  or  activate  dopants  in  AlN/GaN 
heterostructures.  AIN,  with  a  band-gap  energy  of  6.2  eV,  is  transparent  to  the  248  nm  UV  light 
which  is  absorbed  primarily  by  the  underlying  GaN  film.  This  selectivity  allows  for  non¬ 
equilibrium  annealing  of  the  AlN/GaN  interface  to  form  metastable  (Al,Ga)N  alloy  layers.  As  a 
demonstration  of  PLA  for  the  Group  III  nitrides,  this  laser  processing  technique  was  used  to 
selectively  anneal  AIN  capped  GaN  and  Mg-implanted  AlN/GaN  heterostructures. 
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Experimental  Conditions 

PLA  was  performed  on  bare  GaN,  AIN  capped  GaN,  Mg-implanted  GaN  and  Mg- 
implanted  AlN/GaN  heterostructures.  The  GaN  thin  films,  of  1.0  pm  nominal  thickness  grown 
on  c-plane  sapphire,  were  obtained  from  CREE  Research  Inc.  A  Lambda  Physik  Lextra  200  KrF 
pulsed  excimer  laser  (38  ns  pulse  width)  was  used  for  pulsed  laser  deposition  (PLD)  of  the  AIN 
cap  layers.  The  AIN  was  deposited  in  a  cryo-pumped  high  vacuum  chamber  using  a  N2  ambient 
(Pn2  =  5  X  10'^  Torr)  at  a  substrate  temperature  of  400  °C.  The  incident  laser  energy,  focused  on 
a  99.98%  pure  AIN  target,  was  nominally  set  at  500  mJ  with  a  pulse  repetition  rate  of  5  Hz. 
Deposition  times  were  varied  between  15  minutes  and  1  hour  to  achieve  cap  layer  thicknesses 
between  75  and  300  nm. 

Mg-implanted  GaN  was  accomplished  by  conventional  ion  implantation.  In  this  study, 
the  Mg  implant  profile  was  tailored  with  the  following  implant  conditions:  (1)  energy:  40  keV, 
dose:  1.0  x  10'^  cm'^;  (2)  energy:  100  keV,  dose:  2.5  x  10’’  cm'^;  (3)  energy:  150  keV,  dose: 
3.0  X  10”  cm'l  These  parameters  were  used  to  target  a  flat  profile  to  a  depth  of  ~150  nm  below 
the  GaN  film  surface. 

PLA  was  done  in  air  using  the  same  KrF  laser  described  above  but  utilizing  a  separate 
optical  setup.  Variation  of  the  energy  density  was  accomplished  by  defocusing  the  laser  light 
using  a  fused  silica  piano  convex  lens  with  a  350  mm  focal  length.  In  this  way,  the  laser  spot  size 
could  be  varied  between  0.25  and  4  cm^  with  energy  densities  between  200  and  2000  mJ/cmL 
Characterization  by  scanning  electron  microscopy  (SEM),  cathodoluminescence  (CL), 
Rutherford  backscattering  (RBS)  and  energy  dispersive  x-ray  (EDX)  was  performed. 

Results  and  Discussion 

PLA  of  the  GaN  thin  films  was  examined  using  SEM  to  determine  ablation  thresholds 
(Figure  1).  At  energy  densities  up  to  350  mJ/cm^  the  bare  GaN  surface  morphology  remained 
smooth.  At  a  fluence  of  600  mJ/cm’’,  the  surface  morphology  began  to  roughen  and  surface 
features  appeared  indicating  a  maximum  energy  threshold  had  been  reached.  For  the  case  of  the 
Mg  implanted  GaN,  SEM  characterization  found  similar  features  on  the  GaN  surface  at  a  lower 
energy  density  of  350  mJ/cmL  The  lower  threshold  energy  of  the  Mg-implanted  films  suggest 
that  the  implant  altered  the  optical  absorption  and  reflectivity  of  the  GaN.  In  an  attempt  to 
preserve  the  surface  morphology  and  prevent  the  decomposition  of  the  GaN  surface,  an  AIN  cap 
layer  was  deposited  onto  the  GaN.  A  300  nm  AIN  cap  layer  effectively  prevented  any 
roughening  of  the  GaN  surface  up  to  laser  fluences  of  600  mJ/cm^  for  both  unimplanted  and  Mg- 
implanted  GaN. 

At  an  energy  density  of  2000  mJ/cm’’,  micro-crack  features  appeared  on  the  surface  of  the 
AlN/GaN  structure  (Figure  2a).  The  micro-crack  formation  indicates  that  the  tensile  stress  wave 
resulting  from  the  difference  in  the  thermal  coefficient  of  expansion  between  the  AIN,  GaN  and 
sapphire  exceeded  the  tensile  strength  of  the  AIN  cap.  After  a  second  pulse  under  the  same 
energy  conditions  the  AIN  film  appears  to  have  been  lifted  off  the  GaN  (Figure  2b).  This 
observation  suggests  that  the  tensile  cracks  in  the  AIN  film  resulting  from  the  first  pulse  allow 
ablation  of  the  GaN  film  during  the  second  pulse,  ejecting  fragments  of  the  AIN  cap. 
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Figure  1.  SEM  characterization  of  surface  morphology  comparing:  a)  Mg-implanted 
GaN,  b)  bare  GaN  and  c)  AIN  capped  GaN  or  Mg-implanted  GaN  for  laser 
fluences  between  200-2000  mJ/cm^.  The  AIN  cap  is  observed  to  preserve 
smooth  surface  morphology  for  fluences  up  to  600  mJ/cm^. 


(a) 


(b) 


Figure  2.  (a)  SEM  micrograph  showing  micro-crack  formation  on  AIN  capped 
surface  after  a  2000  mJ/cm^  single  laser  pulse. 

(b)  SEM  micrograph  showing  lift-off  of  the  AIN  cap  layer  after  second 
annealing  pulse. 
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Intensity  (arb.  units) 


Figure  3.  CL  characterizarion  comparing:  a)  single-pulsed  laser  annealed  AIN  capped 
GaN  at  2000  mJ/cm^  (solid  line),  b)  double-pulsed  laser  annealed  AIN  capped 
GaN  (squares)  and  c)  non-irradiated  AIN  capped  GaN  (circles).  The  associated 
surface  morphology  is  shown  for  each  PLA  condition.  The  band-edge  peak  at 
3.47  eV  is  observed  to  increase  by  a  factor  of  five  after  a  single  laser  anneal 
pulse.  Lift  off  of  the  AlN/GaN  film  occurs  after  a  second  anneal  pulse 
indicated  by  the  absence  of  the  GaN  band-edge  peak.  The  3.77  eV  peak  is  due 
to  the  sapphire  substrate. 


1000  1100  1200  1300  1400  1500  1600 

Backscatter  Energy  (keV) 


Figure  4.  RBS  channeling  of  Mg-implanted  AlN/GaN  heterostructures.  The  decrease  in 
after  laser  annealing  at  400  mJ/cm^  indicates  partial  recovery  from  the  ion 
implantation  damage. 
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CL  characterization  was  used  to  confirm  the  surface  morphology  observations.  Figure  3 
shows  a  CL  spectrum  comparing  three  different  process  conditions.  Improvement  in  the 
luminescence  properties  of  the  GaN  film  were  observed  after  an  initial  laser  energy  pulse  of  2000 
mJ/cm^.  The  characteristic  GaN  band-edge  peak  at  3.47  eV  is  seen  to  increase  by  a  factor  of  five 
after  initial  laser  processing  indicating  improved  GaN  film  quality.  The  low  energy  deep-level 
emissions  at  ~2.2  eV  associated  with  impurity  recombination  centers  in  GaN  [13,14]  have 
decreased  after  PLA,  suggesting  a  reduction  of  the  deep  level  impurities.  CL  measurement  of  the 
double-pulsed  region  reveal  the  GaN  band-edge  peak  has  been  extinguished  leaving  only  a  bare 
sapphire  peak  at  3.77  eV.  We  can  conclude,  therefore,  that  the  implementation  of  the  AIN  cap 
preserves  the  GaN  film  and  prevents  GaN  decomposition.  PLA  at  a  fluence  higher  than  the 
ablation  threshold  improved  the  GaN  film  quality  but  once  the  mechanical  integrity  of  the  AIN 
cap  layer  was  diminished,  ablation  of  the  GaN  occurred  upon  subsequent  laser  irradiation. 

Rutherford  backscattering  spectroscopy,  using  '^He'^  ions  at  an  energy  of  1 .96  MeV,  was 
implemented  to  examine  Mg-implanted  AIN  (75  nm  thick)/GaN  (1.0  pm  thick)  heterostructures. 
Figure  4  shows  the  RBS  channeling  spectra  comparing  a  laser  annealed  and  an  unarmealed  Mg- 
implanted  GaN  film.  For  the  implant  conditions  used,  the  GaN  film  remained  crystalline  before 
and  after  annealing.  More  significantly,  a  decrease  of  Xmin  by  as  much  as  20%,  compared  to  the 
as-implanted  GaN,  was  measured  following  PLA  at  an  energy  density  of  400  mJ/cm^  The 
backscatter  reduction  in  the  annealed  sample  indicates  partial  removal  of  the  ion  implant  damage 
in  the  GaN  and  improved  crystallinity  after  PLA. 

Examination  of  multiple-pulse  annealing  was  performed  on  uncapped  Mg-implanted 
GaN  by  SEM,  CL  and  EDX.  For  multiple  laser  pulses  at  400  mJ/cm^  a  Mg  related  peak  at  410 
nm  [15]  was  found  with  CL  characterization  at  95  K  (Figure  5).  The  intensity  of  the  peak  was 
observed  to  increase  with  the  number  of  laser  pulses  indicating  incorporation  of  Mg  into  the  GaN 
(Figure  6).  SEM  analysis  of  the  surface  morphology  showed  droplet  formations.  These  droplets 
were  determined  by  EDX  to  be  Ga  rich  suggesting  some  decomposition  of  the  GaN  surface  at 
these  aimealing  conditions.  AIN  cap  layers  are  currently  being  investigated  to  suppress  the  GaN 
surface  decomposition. 


Figure  5.  CL  of  Mg-implanted  GaN. 

Luminescence  peak  intensity 
at  410  nm,  indicating  incorpora¬ 
tion  of  Mg,  increases  with  tne 
number  or  pulses  at  a  fluence 
of  400  mj/cm2. 


Figure  6.  410  nm  CL  peak  intensity  as 
a  function  of  laser  annealing 
pulses. 
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Summary 

Demonstration  and  feasibility  of  pulsed  excimer  laser  processing  of  GaN  was  presented. 
From  SEM  analysis,  an  AIN  cap  layer  was  found  to  be  an  effective  barrier  in  preventing  surface 
decomposition  of  GaN  during  pulse  laser  annealing.  CL  measurements  of  AIN  capped  GaN 
showed  improved  GaN  film  quality  after  PLA.  AIN  cap  layers  were  also  effective  in  preventing 
surface  decomposition  of  Mg-implanted  GaN  at  the  same  laser  energy  densities.  RBS  channeling 
showed  improved  crystalline  properties  of  Mg-implanted  AlN/GaN  heterostructures  following 
PLA.  Mg  incorporation  in  implanted  GaN  was  also  observed  by  CL  after  multiple  laser 
annealing  pulses.  The  results  presented  demonstrate  that  PLA  is  a  viable  alternative  processing 
technique  that  offers  non-equilibrium  and  bandgap  selective  processing  of  the  Group  III  nitrides. 
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ABSTRACT 

Wet  chemical  etching  of  AIN  and  InxAlj.^N  was  investigated  in  KOH-based  solutions  as 
a  function  of  etch  temperature,  and  material  quality.  The  etch  rates  for  both  materials  increased 
with  increasing  etch  temperatures,  which  was  varied  from  20  °C  to  80  °C.  The  crystal  quality  of 
AIN  prepared  by  reactive  sputtering  was  improved  by  rapid  thermal  annealing  at  temperatures  to 
1100  °C  with  a  decreased  wet  etch  rate  of  the  material  measured  with  increasing  anneal 
temperature.  The  etch  rate  decreased  approximately  an  order  of  magnitude  at  80  °C  etch 
temperature  after  a  1100  anneal .  The  etch  rate  for  Ino.19Alo.8iN  grown  by  Metal  Organic 
Molecular  Beam  Epitaxy  was  approximately  three  times  higher  for  material  on  Si  than  on  GaAs. 
This  corresponds  to  the  superior  crystalline  quality  of  the  material  grown  on  GaAs.  Etching  of 
In^Ali.xN  was  also  examined  as  a  function  of  In  composition.  The  etch  rate  initially  increased  as 
the  In  composition  changed  from  0  to  36%,  and  then  decreased  to  0  A/min  for  InN.  The 
activation  energy  for  these  etches  is  very  low,  2.0  ±  0.5  kcal^mol"'  for  the  sputtered  AIN.  The 
activation  energies  for  InAlN  were  dependent  on  In  composition  and  were  in  the  range  2-6 
kcal  *mor\  GaN  and  InN  layers  did  not  show  any  etching  in  KOH  at  temperatures  up  to  80  °C. 

INTRODUCTION 

Much  progress  has  recently  been  made  in  the  areas  of  growth,  dry  etching  and  implant 
isolation  and  doping  of  the  III-V  nitrides  and  their  ternary  alloys.  This  has  resulted  in  nitride- 
based  blueAJV  light  emitting  and  electronic  devices.^^'^^  There  has  been  less  success  in 
developing  wet  etch  solutions  for  these  materials  due  to  their  excellent  chemical  stability.  High 
etch  rates  have  been  achieved  in  dry  etch  chemistries,  but  damage  may  be  introduced  by  ion 
bombardment,  and  controlled  undercutting  is  difficult  to  attain.  In  addition,  since  dry  etching  has 
a  physical  component  to  the  etch,  selectivities  between  different  materials  is  generally  reduced. 

Amorphous  AIN  has  been  reported  to  etch  in  100  °C  HF/H20,^^°'^^  HF/HNOj,^^^^  and 
NaOH,^^^’  and  polycrystalline  AIN  in  hot  (<  85  °C)  H3PO4  at  rates  less  than  500  A/min.^*^'^**^ 
Mileham  et  al.^^^  reported  the  etching  of  AIN  defective  single  crystals  in  KOH  based  solutions  at 
etch  temperatures  ranging  from  23-  80  “C.  They  reported  decreased  etch  rates  with  increasing 
crystal  quality,  as  the  reactions  occurred  favorably  at  grain  boundaries  and  defect  sites.  InN  in 
aqueous  KOH  solutions  was  reported  to  etch  at  a  few  hundred  angstroms  per  minute  at  60 

Zolper  et.  al.^^^^  observed  that  the  luminescence  and  surface  morphologies  of  GaN 
annealed  in  flowing  N2  actually  improved  for  RTA  temperatures  up  to  1100  °C.  Similar  results 
were  obtained  at  lower  temperatures  by  Lin  et.  al.^^°^  This  is  a  common  situation  for  lattice- 
mismatched  systems  (e.g.  GaAs/Si),  where  post-growth  or  even  in-situ  annealing  is  generally 
found  to  improve  structural  and  optical  properties,  provided  that  group  V  loss  from  the  surface 
can  be  suppressed  and  that  external  impurities  do  not  diffuse  in  during  the  anneal.  Thus  we  might 
expect  that  annealing  of  group  Ill-nitrides  would  affect  their  wet  etching  characteristics. 

In  this  paper,  we  report  an  examination  of  wet  etching  of  AIN  and  InxAli.xN  in  KOH 
solutions  as  a  function  of  crystal  quality,  etch  temperature,  and  film  composition.  AIN  samples 
prepared  by  reactive  sputtering  on  Si  substrates  at  ~  200  °C  were  annealed  at  temperatures  from 
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400  to  1100  °C,  and  as  expected,  the  etch  rate  decreased  with  anneal  temperature,  indicating 
improved  crystal  quality.  We  found  that  InAlN  on  Si  substrates  had  higher  wet  etch  rates.  Both 
AIN  and  InAlN  samples  had  an  increase  in  etch  rate  with  etch  temperature.  The  etch  rate  for  the 
InAlN  increased  as  the  In  composition  increased  from  0  to  36%,  and  then  decreased  to  zero  for 
InN.  Finally  the  effect  of  doping  concentration  in  InAlN  samples  of  similar  In  concentration 
3%)  was  examined-  much  higher  etch  rates  were  observed  for  the  heavily  doped  material  at 
solution  temperatures  above  60  ®C. 

EXPERIMENTAL 

The  AIN  was  reactively  sputter  deposited  on  a  Si  substrate  to  a  thickness  of  1200  A 
using  a  N2  discharge  and  a  pure  AI  target.  This  type  of  AIN  film  has  been  shown  to  be  an 
effective  annealing  cap  for  GaN  at  a  temperature  of  1100  The  InAlN  samples  were  grown 
using  Metal  Organic  Molecular  Beam  Epitaxy  (MO-MBE)  on  semi-insulating  (100)  GaAs 
substrates  or  P-type  (1  -cm)  Si  substrates  in  an  Intevac  Gen  II  system  as  described 
previously.^^^’^^  The  group-III  sources  were  triethylgallium,  trimethylamine  alane  and 
trimethylindium,  respectively,  and  the  atomic  nitrogen  was  derived  from  an  ECR  Wavemat 
source  operatin|  at  200  W  forward  power.  The  layers  were  single  crystal  with  a  high  density 
(10^^  -  10’^  cm'l  of  stacking  faults  and  microtwins,  InAlN  samples  were  found  to  contain  both 
hexagonal  and  cubic  forms.  The  InxAli.xN  were  either  conducting  n-type  as  grown  {-  10^*  cm‘^) 
for  X  >  0.03  due  to  residual  autodoping  by  native  defects  or  fully  depleted  for  x  <  0.03.  The 
compositions  examined  were  100,  75,  36,  29, 19,  3.1,  2.6  and  0  %  In. 

The  AIN  samples  were  annealed  in  a  rapid  thermal  anneal  (RTA)  system  (AG  41 OT)  face 
down  on  a  GaAs  substrate  for  10  s  at  temperatures  between  500  -  1150  °C  in  a  N2  atmosphere. 
For  wet  etching  studies,  all  samples  were  masked  with  Apiezon  wax  patterns.  Etch  depths  were 
obtained  by  Dektak  stylus  profilometry  after  the  removal  of  the  mask,  with  an  approximate  5% 
error.  Scanning  electron  microscopy  (SEM)  was  used  to  examine  the  undercutting  on  the  etched 
samples.  AZ400K  developer  solution,  with  an  active  ingredient  of  was  used  for  the 

etch,  at  etch  temperatures  between  20  and  80  °C. 


RESULTS  AND  DISCUSSION 
(a)  AIN 


Figure  1  shows  the  etch  rate  of  the  sputtered  AIN  as  a  function  of  etch  temperature  for 
samples  as  deposited  or  annealed  at  500,  700,  900,  1000  and  1100  °C.  The  etch  rates  of  both  the 
as  deposited  and  500  °C  annealed  sample  increase  sharply  as  the  etch  temperature  increases  from 
20  to  50  "C,  and  then  level  off;  the  rate  drops  by  approximately  10  %  with  a  500  °C  anneal.  The 
samples  annealed  at  700,  900  and  1000  °C  also  show  similar  trends,  with  a  monotomic  decrease 
in  rate  for  higher  anneal  temperatures.  The  crystal  quality  appears  to  increase  significantly  with 
anneal  temperature,  as  the  etch  rate  drops  accordingly.  The  etch  rate  continues  to  drop  by  ~  10  % 
with  each  successive  anneal,  up  to  1000  °C.  After  the  1100  °C  the  etch  rate  drops  and  is  less 
temperature  dependent.  Overall  there  is  an  -  90  %  reduction  in  etch  rate  from  the  as  deposited 
AIN  to  that  annealed  at  1 100  °C  for  etching  at  8{)  ‘’C. 

The  activation  energy  for  an  etch  solution  can  be  determined  from  an  Arrhenius  plot,  and 
is  shown  in  Fig.  2.  The  activation  energies  for  all  samples  was  the  same  within  experimental 
error,  2.0  ±  0.5  kcal»mor\  This  is  indicative  of  a  diffusion  limited  reaction.  This  is  much  lower 
than  the  activation  energy  of  15,45  kcal'mol’^  reported  by  Mileham  et  al,^^*^'  for  AIN  grown  by 
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metal  organic  molecular  beam  epitaxy.  The  quality  of  the  material  in  the  current  experiment  is 
much  lower  though,  and  the  etch  may  be  proceeding  at  such  a  rapid  rate  that  the  solution  is 
becoming  depleted  of  reactants  near  the  materials  surface. 


a 


EtchTempendura  (°C) 


1000/T  dcb 


Figure  1  Etch  rate  of  AIN  as  a  function  of 
etch  temperature  for  samples  as  deposited  or 
annealed  at  500,  700,  900,  1000  and  1100 
°C. 


Figure  2  Arrhenius  plots  of  etch  rates  for  as- 
deposited  or  annealed  AIN  as  a  function  of 
reciprocal  etch  temperature. 


MJn^Ali^N 


The  etch  rate  as  a  function  of  solution  temperature  for  In^Ali.^N  grown  on  either  GaAs 
or  Si,  for  19  %  In  is  shown  in  Fig.  3.  At  20  °C  etch  temperature  there  is  no  difference  in  etch 
rate.  The  etch  rates  for  both  materials  increase  with  etch  temperature,  with  the  differential  in  etch 
rates  also  increasing  with  temperature.  As  was  mentioned  previously,  the  InAlN  grown  on  Si  has 
a  greater  concentration  of  crystalline  defects  as  evident  from  x-ray  diffraction  and  absorption 
measurements.  At  80  °C  the  etch  rate  for  the  film  on  the  Si  substrate  is  approximately  three  times 
faster  than  for  the  film  grown  on  GaAs.  This  is  another  clear  indication  of  the  dependence  of  wet 
etch  rate  on  material  quality,  and  emphasizes  why  it  has  proven  very  difficult  to  find  etch 
solutions  for  high  quality  single- crystal  nitrides. 

Etch  rates  for  In^Ali.^N  grown  on  GaAs  for  0  <  x  <  1  are  shown  in  Fig.  4,  for  etch 
temperatures  between  20  and  80  °C.  Up  to  40  °C,  the  etch  rates  are  very  low  and  show  little 
dependence  on  In  composition.  The  AIN  etches  much  faster  at  these  temperatures  than  any 
composition  of  the  ternary  alloy  InAlN,  As  the  etch  temperature  increases  to  60  ®C,  the  etch  rates 
increase,  showing  a  peak  for  36%  In.  This  is  presumably  due  to  tradeoff  between  the  reduction  in 
average  bond  strength  for  InAlN  relative  to  the  pure  binary  AIN,  and  the  fact  that  the  chemical 
sensitivity  falls  off  at  higher  In  concentrations.  Thus  the  etch  rates  initially  increase  for 
increasing  In,  but  then  decrease  at  higher  concentrations  because  there  is  no  chemical  driving 
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force  for  etching  to  occur.  InN  did  not  etch  in  this  solution  at  any  temperature,  but  was 
occasionally  lifted  off  during  long  etches  because  of  the  defective  interfacial  region  between  InN 
and  GaAs  being  attacked  by  the  KOH. 

Arrhenius  plots  of  etch  rates  for  In^Ali.^N  for  0  <  x  <  1  giving  activation  energies  for  the 
etches  are  shown  in  Fig.  5.  There  is  substantial  scatter  in  the  data,  but  the  activation  energies  are 
all  in  the  range  2-6  kcal«mor\  which  again  is  consistent  with  diffusion-controlled  etching.  This 
is  not  desirable  for  device  fabrication  processes  because  the  rates  are  then  dependent  on  solution 
agitation  and  the  etched  surface  morphology  are  generally  rougher  than  for  reaction-controlled 
solutions. 


Figure  3  Etch  rates  as  a  function  of  etch 
temperature  for  In^Al^^N  grown  on  GaAs 
and  Si,  for  19  %  In. 
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Figure  4.  Etch  rate  for  In^Ali.xN  for  0  <  x  < 
1  grown  on  GaAs  at  solution  temperatures 
between  20  and  80  °C. 


Figure  5  Arrhenius  plots  of  etch  rates  for 
InxAlj.xN  for  0  <  X  <  1  as  function  of 
reciprocal  etch  temperature,  giving 
activation  energy  for  etch. 
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CONCLUSIONS  AND  SUMMARY 


Annealing  of  sputtered  AIN  improved  the  crystal  quality  of  the  film,  decreasing  the  chemical 
etch  rate  in  KOH-based  solutions.  InAIN  etch  rates  also  increased  with  decreasing  crystalline  quality. 
Both  AIN  and  InAIN  samples  had  activation  energies  for  etching  in  KOH  <  6  kcal*mor\  which  is 
typical  of  a  diffusion-controlled  etch  mechanism.  The  etch  rate  for  the  InAIN  initially  increased  as  the  In 
composition  increased  from  0  to  36%,  and  then  decreased  to  zero  for  pure  InN. 
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ABSTRACT 

ICl/Ar  ECR  discharges  provide  the  fastest  dry  etch  rates  reported  for  GaN,  1.3  pm/min.  These 
rates  are  much  higher  than  with  Cl2/Ar,  CH4/H2/Ar  or  other  plasma  chemistries.  InN  etch  rates  up  to  1.15 
pm/min  and  0.7  pm/min  for  Ino.5Gao.5N  are  obtained,  with  selectivities  up  to  5  with  no  preferential  loss 
of  N  at  low  rf  powers  and  no  significant  residues  remaining.  The  rates  are  much  lower  with  IBr/Ar, 
ranging  from  0.15  pm/min  for  GaN  to  0.3  pm/min  for  InN.  There  is  little  dependence  on  microwave 
power  for  either  chemistry  because  of  the  weakly  bound  nature  of  ICI  and  IBr.  In  all  cases  the  etch  rates 
are  limited  by  the  initial  bond  breaking  that  must  precede  etch  product  formation  and  there  is  a  good 
correlation  between  materials  bond  energy  and  etch  rate.  The  fact  that  low  microwave  power  can  be 
employed  is  beneficial  from  the  viewpoint  that  photoresist  masks  are  stable  under  these  conditions,  and 
there  is  no  need  for  use  of  silicon  nitride  or  silicon  dioxide.  Selectivities  for  GaN  over  AIN  with  ICl  and 
IBr  are  still  lower  than  with  CI2-  only. 

INTRODUCTION 

Dry  etching  of  GaN  and  related  compounds  in  various  chemistries  have  been  investigated  in  both 
reactive  ion  etching,  (RIE),^^  "*^  and  electron  cyclotron  resonance  (ECR)  modes.^^'®'  ECR  etching  has 
proven  much  more  efficient  than  RIE  for  the  nitrides  due  to  higher  ion  and  excited  neutral  densities  and 
more  effective  bond-breaking,  allowing  the  etch  by-products  to  form  more  readily.^^’^*^^  Another  concern 
is  preferential  loss  of  the  group  V  element  from  the  surface  due  to  its  higher  volatility,  which  can  result 
in  rough  morphologies  during  etching  of  compound  semiconductors.  This  is  of  particular  concern  for  the 
nitrides.  The  dry  etching  of  III-V  materials  is  often  rate  limited  by  removal  of  the  group  III  etch  product, 
particularly  for  In-containing  materials.  Various  alternative  plasma  chemistries  have  been  explored  in  the 
search  for  a  fast,  smooth,  anisotropic  etch  for  nitrides,  such  as  Br2  and  Pearton  et  al.  investigated 

the  ECR  etching  of  InP  in  HI/H2/Ar^^^^  and  found  etch  rates  >  1  pm/min,  smooth  anisotropic  etching  with 
no  residue  after  etch.  This  chemistry  was  also  used  to  etch  GaAs,  InAs,  InSb,  InP,  and  GaSb,^^"*^  reporting 
features  that  were  anisotropic,  smooth,  with  no  deposition  during  etch,  and  an  order  of  magnitude  faster 
rates  than  with  the  CH4/H2/Ar  chemistry.  Less  work  has  been  done  with  Br2-based  plasma  discharges. 
GaN  has  been  etched  in  HBr,  HBr/Ar,  and  HBr/H2  under  reactive  ion  etch  conditions,  with  etch  rates 
around  >  600  A/min  at  400  V  dc.^^^^  Somewhat  faster  rates  were  achieved  under  ECR  conditions  in 
HBr/H2^“^  (-900  A/min  at  -150  V  dc).  Plasma  chemistries  based  on  ICl  and  IBr  are  of  interest  as  plasma 
dissociation  produces  active  chlorine  or  bromine  and  iodine  and  should  provide  efficient  etching  of  the 
nitrides.  A  review  of  nitride  etching  results  has  recently  appeared.^^^^  In  this  paper  we  report  experiments 
comparing  ICl/Ar  and  IBr/Ar  ECR  plasma  etching  of  GaN,  InN,  InAlN,  AIN  and  InGaN. 

EXPERIMENTAL 

The  GaN,  AIN,  InN,  Ino.36Alo.64N  and  lno.5Gao.5N  samples  were  grown  by  Metal  Organic 
Molecular  Beam  Epitaxy  (MO-MBE)  on  semi-insulating,  (100)  GaAs  and  Si  substrates  or  on  AI2O3 
substrates  in  an  Intevac  Gen  II  system  as  described  previously.^^'^’’^^  The  group-III  sources  were 
triethylgallium,  trimethylamine  alane  and  trimethylindium,  respectively,  and  the  atomic  nitrogen  was 
derived  from  an  ECR  Wavemat  source  operating  at  200  W  forward  power.  The  layers  were  single  crystal 
with  a  high  density  of  stacking  faults  and  microtwins.  The  GaN  and  AIN  were  resistive  as-grown,  and  the 
InN  was  highly  autodoped  n-type  (>10^^  cm’^)  due  to  the  presence  of  native  defects.  InAlN  and  InGaN 
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were  found  to  contain  both  hexagonal  and  cubic  forms.  The  Ino.36Alo.64N  and  Ino.5Gao.5N  compositions 
we  employed  were  conducting  n-type  as  grown  (~  10^^  cm'^)  due  to  residual  autodoping  by  native 
defects. 

The  samples  were  patterned  with  either  a  carbon-based  mask  or  photoresist,  and  were  etched  in  a 
Plasma-Therm  SLR  770  reactor  with  an  Astex  4400  low  profile  ECR  source.  The  ICl  and  IBr  are 
crystalline  solids  with  melting  temperatures  of  -  23  and  50  °C  respectively.^'^^  We  loaded  50  g  of  ICI 
or  IBr  into  a  stainless  steel  vacuum  vessel  directly  connected  to  a  mass  flow  controller  which  injected  the 
vapor  into  the  ECR  source.  The  vacuum  vessel  was  wrapped  in  Al-foil  and  heated  to  ~  45  °C.  We 
obtained  flow  rates  up  to  12  standard  cubic  centimeters  per  minute  (seem).  The  process  pressure  was 
held  constant  at  1.5  mTorr  and  the  temperature  of  the  He  back-side  cooled  chuck  was  held  at  23  °C.  The 
rf  power  (13.56  MHz)  was  varied  between  50  and  250  W  and  the  microwave  power  between  400  and 
1000  W.  The  plasma  chemistries  used  were  ICl/Ar  or  IBr  /  Ar  with  respective  flows  of  4  sccm/4  seem,  2 
seem/  6  seem,  1  seem/  7  seem  and  8  seem/  0  seem.  Step  heights  were  obtained  from  Dektak  stylus 
profilometry  measurements  after  the  removal  of  the  carbon  mask  with  acetone,  and  used  to  calculate  the 
etch  rates.  The  error  in  these  measurements  is  approximately  ±5%.  The  surface  morphology  of  selected 
GaN  samples  were  examined  with  Atomic  Force  Microscope  (AFM)  using  a  Si  tip  in  tapping  mode  and 
Scanning  Electron  Microscopy  (SEM),  while  near-surface  composition  was  measured  by  Auger  Electron 
Spectroscopy  (AES). 

RESULTS  AND  DISCUSSION 

The  etch  rates  as  a  function  of  plasma  composition  for  GaN,  InN,  InAlN,  AIN  and  InGaN  are 
shown  in  Fig.  1.  Microwave  power  was  held  at  1000  W  and  rf  power  at  150  W  (corresponding  to  a  dc 
self  bias  of  -170  V  at  the  sample  position).  For  the  ICl  based  etch  (Fig.  1,  top),  the  GaN  and  InGaN  etch 
rates  rise  as  the  amount  of  ICl  in  the  etch  increases  from  12.5  to  50%,  and  then  level  off.  Above  50%  ICl 
there  appears  to  be  a  competition  between  the  formation  of  GaCl3  with  has  a  boiling  point  of  201  °C, 
with  that  of  Gal3  which  sublimes  at  345^^^^.  The  GaCl3  may  form  preferentially  at  some  plasma 
compositions.  The  InN  shows  a  sharp  increase  in  etch  rate  above  25  %  ICl.  This  suggests  that  at  25  % 
ICl  the  Inl3,  which  is  much  more  volatile  (InCls  boils  at  600  °C,  Inis  at  210  °C),  can  form  easily.  The 
InAIN  and  AIN  are  not  greatly  effected  by  changes  in  the  composition  of  the  plasma  in  ICI  (or  IBr,  Fig. 
1,  bottom),  perhaps  because  both  A1  containing  etch  products  have  similar  volatility  (AICI3  boils  at  183 
°C,  AlBrs  at  263  °C  and  AII3  at  191  "O  and  because  the  etch  rate  is  probably  limited  by  the  initial  bond 
breaking  in  the  Al-containing  materials.  We  expect  that  AIN  and  InAIN  will  be  difficult  to  etch  because 
of  their  high  average  bond  energies  (11.52  eV/atom  for  AIN,  7.72  eV/atom  for  InN,  compared  to  6.52 
eV/atom  for  GaAs).^^^^  The  N  containing  etch  products  are  much  more  volatile  than  the  group-III  etch 
products,  with  NCI3  boiling  at  <  71  °C  while  NI3  is  explosive. 

The  etch  rates  for  InN  and  InGaN  increased  as  the  amount  of  IBr  in  the  etch  increased  from  12.5 
to  25%,  and  remained  constant  at  higher  percentages  (Fig.  1,  bottom).  This  suggests  that  above  25  %  IBr 
the  etching  is  no  longer  reaction-limited.  The  InBr3  etch  product  is  much  less  volatile  than  Inl3,  as 
mentioned  earlier.  Above  that  composition  however,  there  may  have  been  competition  between  the 
formation  of  InBr3  and  Inl3,  which  slowed  the  etch,  or  the  etch  may  have  been  limited  by  the  removal  of 
the  reactants  from  the  surface.  GaN  etch  rates  showed  little  change  with  IBr  composition  to  50  %  IBr 
plasma  composition,  but  at  100  %  IBr  the  etch  rates  increased  sharply.  There  may  not  have  been  enough 
reactants  at  the  etch  surface  at  50  %  IBr,  or  at  these  lower  percents  of  IBr  there  may  be  a  competition 
between  the  formation  of  GaBr3  and  Gal3. 

In  Figure  2  the  etch  rate  as  a  function  of  microwave  power  for  GaN,  InN,  InAIN,  AIN  and  InGaN 
is  shown  for  values  between  400  and  1000  W  for  ICl/Ar  plasmas  (top)  and  IBr/Ar  (bottom).  The  rf  power 
was  held  at  150  W,  and  4  seem  ICl  or  IBr  /  4  seem  Ar  gas  flows  were  used.  Both  InAIN  and  AIN  have 
low  etch  rates  in  ICl/Ar,  and  show  no  significant  change  in  etch  rate  with  increasing  microwave  power. 
This  indicates  that  they  are  not  reaction  limited  in  this  chemistry,  since  increasing  the  microwave  power 
results  in  a  higher  concentration  of  reactive  species  which  enhances  the  chemical  component  of  the  etch 
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mechanism.  GaN  and  InGaN  showed  a  slight  increase  in  etch  rate  from  400  W  microwave  power  to  600 
W.  Thereafter  the  GaN  etch  rate  dropped  gradually  with  increasing  microwave  power,  while  the  InGaN 
etch  rate  dropped  sharply  at  800  W  and  then  remains  constant  at  1000  W.  This  would  indicate  either  a 
diffusion-limited  etch,  where  the  number  of  reactants  becoming  available  exceeds  the  rate  at  which  the 
iodine  and/or  chlorine  etch  products  can  be  removed,  or  competition  between  reactants  occurs  above  600 
W  microwave  power.  The  InN  had  a  maximum  in  etch  rate  at  800  W  ECR  power.  This  might  result  from 
the  large  difference  in  volatilities  of  the  etch  products  for  this  material,  leading  to  a  strong  sensitivity  to 
reactant  density.  We  expect  that  below  that  density  the  etch  rate  is  reaction-limited  and  above  it  there  is 
competition  between  the  reactants  that  limits  the  etch  rate.  A  similar  trend  is  observed  for  InN  in  the 
IBr/Ar  mixtures  although  the  peak  is  not  as  distinct. 

The  etch  rates  for  InAlN  and  AIN  were  again  quite  low  in  IBr  based  plasmas  (Fig.  2,  bottom). 
GaN  had  constant  etch  rates  for  powers  between  400  W  and  800  W  in  the  IBr  chemistry,  and  then 
increased  sharply  at  1000  W.  The  InGaN  etch  rate  again  decreased  with  increasing  microwave  power.  As 
the  InGaN  etch  rate  increased  monotonically  with  increasing  rf  power  (as  will  be  seen  shortly),  the 
removal  of  the  etch  products  would  seem  to  be  limiting  the  etch  rates  for  this  material. 

Figure  3  shows  the  etch  rate  as  a  function  of  rf  power  for  GaN,  InN,  InAlN,  AIN  and  InGaN  in 
ICl/Ar  (top)  and  IBr/Ar  (bottom)  plasmas  for  chuck  powers  between  50  and  250  W.  Microwave  power 
was  held  at  1000  W  and  the  flow  was  held  at  4  seem  ICl  or  IBr  /  4  seem  At.  The  AIN  and  InAlN  rates 
were  affected  very  little  by  increasing  rf  power  in  either  chemistry.  GaN,  InN  and  InGaN  all  have  large 
increases  in  etch  rate  as  the  rf  is  increased  from  150  to  250  W  in  the  ICl  chemistry.  This  could  mean  that 
the  bombarding  ions  have  enough  energy  to  remove  the  less  volatile  etch  product  at  this  power  or  to 
more  efficiently  break  bonds,  allowing  the  etch  to  proceed  with  both  I-  and  Cl-  etch  products.  GaN  etch 
rates  in  IBr/Ar  increased  with  increased  rf  power  to  150  W,  and  then  decreased  slightly  at  250  W,  where 
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Percent  IBr 

Figure  1  Etch  rate  as  a  function  of  percent  ICl 
(top)  or  IBr  (bottom)  for  GaN,  InN,  InAlN,  AIN 
and  InGaN  in  1000  W  (ECR),  150  W  rf,  1.5 
mTorr  discharges. 


Figure  2.  Etch  rate  as  a  function  of  microwave 
power  for  GaN,  InN,  InAlN,  AIN  and  InGaN  in 
4  ICl/4  Ar  (top)  or  4  IBr/4  Ar  (bottom)  plasmas 
(150Wrf,  1.5  mTorr). 
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the  sputtering  ions  may  have  removed  reactants  before  the  etch  could  proceed.  InN  and  InGaN  in  IBr/Ar 
plasmas  had  large  increases  in  etch  rate  as  the  rf  was  increased  from  150  to  250  W,  similar  to  the  results 
in  ICl/Ar. 


rf  Power  (W) 


Figure  3  Etch  rate  as  a  function  of  rf  power  for  Figure  4.  RMS  roughness  for  GaN  as  a  function 

GaN,  InN,  InAlN,  AIN  and  InGaN  in  4  ICl/4  Ar  of  rf  power  in  4  ICl/4  Ar  1000  W  ECR,  1.5 

(top)  or  4  IBr/4  Ar  (bottom)  plasmas  (1000  W  mXorr  discharges  plasmas. 

ECR,  1.5  mTorr). 

In  Fig.  4  the  RMS  roughness  for  GaN  etched  in  ICI/Ar  as  a  function  of  rf  power  is  shown.  The 
RMS  roughness  for  the  as  grown  sample  is  shown  for  reference.  These  samples  were  unpattemed  to 
avoid  roughness  caused  by  mask  material  being  redeposited.  The  etched  surfaces  were  found  to  be 
significantly  smoother  than  that  of  the  as  grown  sample  indicating  that  surface  features  are  removed 
predominantly  by  sputtering.  Sharp  features  will  be  removed  by  ion  milling  faster  than  flat  features 
because  of  the  angular  dependence  of  milling  rate,  and  as  long  as  preferential  sputtering  of  N  does  not 
occur,  this  will  lead  to  a  degree  of  smoothing  of  the  surface.^^^l  Above  150  W  the  surface  roughness 
begins  increasing  again,  probably  due  to  the  onset  of  preferential  sputtering. 

AES  depth  profiles  of  GaN  as-grown  and  etched  in  ICl/Ar  at  50  W  or  100  W  rf  power  are  shown 
in  Fig.  5.  At  these  powers  we  find  no  reduction  in  the  N/  Ga  ratio.  This  means  that  there  is  little 
preferential  loss  of  N  during  the  etching  at  these  powers.  Adventitious  C  and  O  from  native  oxide  are 
also  observed  on  the  surface  of  these  samples.  I  and  Cl  are  found  in  the  top  25  A  of  the  etched  samples. 
Similar  results  were  found  for  GaN  etched  in  IBr/Ar  plasma,  though  no  Br  was  detected  on  the  surface. 
At  high  rf  powers  one  would  expect  preferential  N-loss,  as  reported  previously  by  Shul  et.  al.^’^^ 

Figure  6  shows  the  etch  selectivity  of  GaN  over  InN,  InAlN,  InGaN  or  AIN  under  ICl/Ar 
conditions  as  a  function  of  rf  power  (top),  percent  ICl  (middle)  and  microwave  power  (bottom).  The 
selectivity  of  GaN  over  the  other  nitrides  rose  with  increasing  rf  power,  with  GaN/AlN  reaching  -  6  and 
GaN/InAlN  almost  5  at  250  W  rf.  The  volatility  of  the  InCl3  was  lower  than  that  of  GaCl3,  and  as  the 
percent  ICl  in  the  etch  increased,  so  did  the  selectivity  for  GaN/InN,  reaching  -  10  at  100%  ICl.  With 
both  GaCl3  and  Gal3  having  high  volatilities,  with  increasing  reactant  concentration,  GaN  was  etched 
faster  than  the  In-containing  compounds,  which  may  still  be  limited  by  removal  of  InC^.  GaN  etched 
much  faster  than  AIN  and  InAlN  as  well  for  most  microwave  powers  (Figure  6,  bottom),  achieving 
selectivities  of  ~8  and  5  respectively  at  600  W  microwave  power.  In  IBr/Ar  chemistries  the  selectivities 
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were  low,  never  going  above  4  for  any  set  of  rf  or  microwave  powers  of  plasma  compositions.  We 
assume  this  is  due  to  the  similar  volatilities  of  iodide  and  bromide  etch  products. 

CONCLUSION 

The  etch  rates  for  GaN,  InN,  InAlN,  AIN  and  InGaN  were  measured  in  ICl/Ar  and  IBr/Ar 
plasmas.  The  sensitivity  to  changes  in  plasma  chemistry,  microwave  power  and  rf  power  appears  to  be 
directly  influenced  by  the  volatility  of  the  group-III  -I  and  Cl-  or  Br-etch  products.  InN,  with  the  largest 
difference  between  volatility  of  etch  products,  proved  to  be  the  most  sensitive  to  the  plasma  composition 
and  ion  density  in  ICl/Ar  plasma  chemistries.  Very  fast  etch  rates  were  achieved  for  GaN,  InN  and 
InGaN  in  ICl/Ar  chemistries.  At  250  W  rf  power  AIN  and  InAlN  had  slow  etch  rates  in  this  mixture  and 
were  affected  very  little  by  changes  in  etch  conditions.  GaN  and  AIN  etched  in  IBr/Ar  showed  a  sharp 
increase  in  etch  rate  as  the  IBr  composition  increased  from  50  to  100  %,  while  the  etch  rates  for  the  other 
materials  stayed  relatively  constant  above  25%  IBr.  All  the  materials  showed  a  general  increase  in  etch 
rate  with  increasing  rf  power  in  both  chemistries.  The  etched  surface  of  GaN  under  both  plasma 
chemistries  was  found  to  be  extremely  smooth  with  little  preferential  loss  of  N  from  the  surface  at  low  rf 
powers.  There  was  no  detectable  residue  from  the  etch  after  IBr/Ar  plasma,  and  only  slight  Cl  residue  in 
ICl/Ar  chemistry. 
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ABSTRACT 

A  diy  etch  technique  using  CI2  based  reactive  ion  beam  etching  (RISE)  has  been  developd 
for  GaN-based  semiconductor  lasers.  The  etching  rate  of  350  -  1000  A/min  was  obtained.  This  is 
applicable  for  micro  fabrication  of  GaN  based  materials  in  the  same  way  as  used  for  other  III-V 
group  semiconductors.  Furthermore,  it  is  found  that  the  surface  damage  of  GaN  layers  induced 
by  the  RIBE-etch  can  be  removed  using  ultra-violet  assisted  wet-etching  using  alkali  solution. 
The  PL  intensity  of  damaged  GaN  layers  is  increased  after  the  post-process  wet-etching. 

INTRODUCTION 

Gallium  nitride  and  related  compounds  are  attracting  considerable  attention  for  light  emitting 
devices  operating  in  blue  and  ultraviolet  spectral  regions.  In  order  to  realize  ultra  low-threshold 
GaN  based  vertical  cavity  surface  emitting  lasers  (VCSELs),  a  microfabrication  process  is 
required  to  minimize  the  volume  of  an  active  layer.  We  have  investigated  a  reactive  ion  beam 
etching  (RIBE)  technique  to  fabricate  a  microresonator  for  VCSELs  [1,2].  The  RIBE  is 
recognized  as  one  of  the  most  effective  techniques  among  various  dry-etching  techniques  for 
conventional  III-V  compound  semiconductor  lasers[3-6].  This  technique  also  enables  the 
formation  of  smooth  and  vertical  facets  .  In  the  case  of  applying  this  dry-etch  technique  to 
fabricate  microstructures  such  as  VCSELs,  the  etched  surface  must  be  smooth  and  vertical  to 
avoid  light  scattering[7,  8]  and  surface  recombination.  Up  to  now,  the  reactive  ion  etching 
(RIE)[9,10],  chemically  assisted  ion  beam  etching  (CAIBE)[1 1],  reactive  fast-atom-beam  etching 
(FAB)[12]  and  electron  cyclotron  resonance  etching  (ECR)[13,14]  techniques  using  CI2  layers 
have  been  reported  for  GaN  compounds.  However,  the  RIBE  etching  technique  for  GaN  based 
materials  has  not  been  fully  clarified  yet. 

When  we  reduce  the  VCSEL  volume,  the  dry-etched  microstructure  may  suffer  from  surface 
recombination  on  etched  surfaces  which  increases  the  threshold  current[15].  VCSELs  are 
especially  sensitive  to  surface  recombination  when  their  size  is  reduced  to  several  pm  or  lower, 
and  even  a  low  damage  induced  by  the  RIBE  is  unacceptable.  Thus,  the  wet-etching  technique  is 
necessary  to  remove  an  induced  damage  layer.  Recently,  for  GaN-based  materials,  Watanabe  et. 
al.  and  Minsky  et  al.  reported  that  the  photo-assisted  wet-etching  using  alkali  solution  may  be 
effective  to  fabricate  device  GaN  structure[16,17]. 

In  this  paper,  etching  characteristics  of  undoped-GaN  layers  are  studied,  in  particular,  the 
dependence  of  the  etch  rate  on  the  ion  extraction  voltage  and  the  substrate  temperature  is 
discussed.  Also,  we  report  the  removal  of  RIBE-induced  damage  in  GaN  layers  by  using  a  photo- 
assisted  wet-etching  for  the  first  time. 

RIBE  OF  GaN 

We  used  a  high- vacuum  RIBE  system  (ANELVA  UHV-ECR  etching  system)  [18].  This 
system  has  an  electron  cyclotron  resonance  (ECR)  ion  source,  and  the  ECR  plasma  is  generated 
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by  introducing  a  2. 45 GHz  microwave  into  a 
horizontal  discharge  chamber  on  which  a 
magnetic  field  is  superimposed.  The  etching 
gas  is  pure  chlorine  with  a  fixed  chamber  gas 
pressure  of  SxlO”^  Torr.  The  dry  etch  can  be 
performed  with  a  sample  temperature  ranging 
from  room  temperature  to  250°C.  The  ion 
extraction  voltage  was  cheinged  from  300V  to 
500V.  The  etching  time  is  5  min  for  all 
samples.  The  etehing  mask  material  was  a 
photo  resist  (OFPR  8600).  The  depth  of 
etched  surface  was  measured  by  a  DEKTAK 
stylus  profilometer. 

Undoped  GaN  layers  were  grown  on 
(0001)  sapphire  substrates  by  atmospheric 
pressure  metal  organic  vapor  phase  epitaxy 
(MOVPE).  After  thermal  cleaning  in  H2 
ambient  at  1 150  °C  for  15  min,  an  AIN  buffer 
layer  [19,20]  was  grown  at  800  °C  for  10 
minutes,  followed  by  the  growth  of  a  GaN 
layer  was  grown  at  1150  °C  for  one  hour. 
Trimethylgallium  (TMGa)  and  NH3  were  used 
as  a  Ga  and  N  source,  respectively.  The  V/III 
ratio  was  about  500.  The  thickness  of  the 
GaN  layer  as  about  0. 8-1.0  pm  for  each 
growth.  The  GaN  (0002)  peak  is  clearly 
observed  in  the  double-crystal  X-ray 
diffraction  measurement(20-cc>  mode)  .  The 
FWHM  of  20-G)  and  rocking-curve  associated 
with  GaN  (0002)  were  55  arcsec  and  450 
arcsec,  respectively.  In  lOK  photo¬ 
luminescence  spectra  of  GaN  layers  grown  by 
MOVPE,  the  near-band-edge  emission  can  be 
clearly  observed. 

The  dependence  of  the  etch  rate  on  the 
substrate  temperature  is  shown  in  Fig.l.  The 
temperature  dependence  of  the  etch  rate  of  the 
GaN  is  smaller  than  that  of  the  GaAs.  This 
result  indicates  that  the  activation  energy  in 
etching  GaN  is  lower  than  GeiAs  due  to  a 
large  binding  energy  between  Ga  eind  N 
atoms. 

The  dependence  of  the  etched  depth  on  the 
ion  extraction  voltage  is  also  shown  in  Fig.2. 
The  etching  rate  is  almost  proportional  to  the 
ion  extraction  voltage.  The  etching  rate  of  the 
GaN  increases  about  3  times  between  300V 
and  500V.  This  result  indicates  that  an 


Substrate  Temperature  1000/T  (1/K) 

Fig.  1  Etching  rate  dependence 
on  substrate  temperature. 


Fig.  2  Etching  rate  dependence 
on  ion  extraction  voltage. 


Fig.3  Scanning  electron  microscope 
of  etched  GaN  on  sapphire  :Cl2- 
RIBE,8xl0^Torr,RT, 
lon.Ext.Volt.:  400V,  30min. 
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effect  of  an  ion  milling  is  bigger  than  chemical  etch,  and  that  the  generative  reaction  of  the  etch 
products  is  thermally  difficult.  We  think  that  it  will  be  necessary  to  increase  an  ion  current 
density  to  increase  the  etching  rate  of  GaN. 

Figure  3  shows  a  scanning  electron  microscope  (SEM)  of  a  GaN  etched  by  RJBE.  The  etched 
depth  was  about  Ipm.  The  ion  extraction  voltage  was  400V.  The  etching  time  was  30min.  You 
can  see  that  the  etched  surface  is  very  smooth  in  this  figure. 

REMOVAL  OF  DAMAGED  LAYER  BY  PHOTO-ASISSTED  WET-ETCHNG 

A  photo-assisted  wet-etching  setup  with  three  low-pressure  mercury  lamps  as  excitation  light 
sources  were  used  in  this  experiment.  The  samples  were  located  10  cm  away  from  the  center  of 
the  excitation  light  sources.  The  power  density  was  estimated  to  be  below  5mW/cm^.  The 
unetched  region  was  covered  with  wax.  We  used  85%K0H:H20  (1:3)  as  an  alkali  solution.  The 
etched  depth  was  measured  by  a  DEKTAK  stylus  profilometer. 

We  used  samples  grown  by  MBE  and  MOVPE.  The  carrier  concentration  of  GaN  layers 
grown  by  MOVPE  was  below  that  of  GaN  layer  grown  by  MBE  was  measured  around  1- 
3xl0’Vcm^. 

Figure  4  shows  the  relationship  between  the  etch  depth  and  the  etching  time.  The  etched 
depth  of  the  MBE-sample  and  MOVPE-sample  were  about  6000A  and  400A  per  2  hours, 
respectively.  This  result  shows  that,  similarly  to  other  III-V  materials[21],  the  photo-assisted  wet¬ 
etching  of  GaN  strongly  depends  on  the  background  carrier  density  .  Figure  5  shows  an  SEM 
photograph  of  an  etched  surface  after  5  hours  of  photo-assisted  wet-etching  .  The  GaN  layer  was 
completely  etched  and  the  sapphire  substrate  was  exposed.  The  etched  bottom  has  several 
protuberances  with  a  hexangular  pyramidal  shape  in  almost  all  the  samples.  However,  after  the 
etching  condition  is  optimized,  this  wet-etching  technique  would  be  expected  as  an  effective 
method  for  GaN-based  device  fabrication. 


Fig.4  Etched  depth  as  a  function  of  etch  time. 


Fig. 5  Scanning  electron  microscope  of 
photo-assisted  wet-etched  GaN 
grown  by  MBE  on  sapphire. 


Figure  6  shows  the  room  temperature  photoluminescence  (PL)  spectra  of  RJBE  processed 
samples  before  and  after  photo-assisted  wet-etching.  A  He-Cd  (325nm)  laser  was  used  as  an 
excitation  light  source.  The  GaN  layer  was  etched  to  a  depth  of  about  400A  by  CI2-RIBE.  Then, 
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some  of  the  samples  were  etched  by  photo-assisted  wet-etching  for  2  hours.  The  PL  intensity 
near-band-edge  emission  was  decreased  after  etching  by  RISE.  This  result  indicates  that  the  GaN 
surface  was  damaged  due  to  the  ion  irradiation.  On  the  other  hand,  after  the  treatment  of  a  photo- 
assisted  wet-etching,  the  PL  intensity  was  recovered.  This  result  indicates  that  the  induced 
damage  by  RISE  was  removed  by  photo-assisted  wet-etching.  Figure  7  shows  the  room 
temperature  PL  spectra  near  band  edge  of  this  sample.  After  the  photo-assisted  wet-etching,  the 
peak  was  shifted  by  about  0.73nm  (7meV)  toward  a  short  wavelength  side.  We  think  that  this 
blue  shift  may  be  caused  by  decreasing  of  some  defects  or  stress  relaxation. 


Fig.6  PL  spectra  of  as-grown,  CI2-RIBE  and  CL- 
RIBE  +  photo-assisted  wet-etch  samples. 


Wavelength  (A) 

Fig.7  PL  spectra  near  band  edge  of  as-grown, 
C12-RIBE  and  C12-RIBE  +  photo-assisted 
wet-etch  samples. 


SUMMARY 

In  summary,  we  have  studied  the  CI2-RIBE  etching  characteristic  of  GaN.  Also,  the  photo- 
assisted  wet-etching  was  shown  to  be  useful  in  removing  RIBE  induced  damages.  We  believe 
that  this  technique  can  be  effective  for  the  reduction  of  a  surface  recombination.  The  developed 
technique  can  be  applied  to  fabricate  GaN-based  VCSELs. 
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ABSTRACT 

In  this  paper,  the  first  study  of  photo-assisted  anodic  etching  of  unintentionally  doped  n- 
GaN  at  room  temperature  is  reported.  The  electrolyte  used  is  a  mixture  of  buffered  aqueous 
solution  of  tartaric  acid  and  ethylene  glycol.  The  etching  rate  varies  from  ~20  A/min  to  as  high 
as  1600  A/min.  A  systematic  study  shows  that  i)  the  etch  rate,  as  well  as  the  surface  roughness, 
increases  with  the  current  density;  ii)  the  etching  rate  is  the  highest  when  the  pH  of  the 
electrolyte  is  around  7;  iii)  the  etching  is  faster  when  there  is  more  ethylene  glycol  in  the 
electrolyte  solution. 

INTRODUCTION 

GaN  based  III-V  nitrides  are  important  candidates  for  applications  in  blue-light  emitters 
and  lasers,  high  voltage  and  high  temperature  electronics.  However,  to  realize  these  applications, 
etching  techniques  for  defining  the  geometry  of  the  electronic  and  optical  devices  must  be 
established.  GaN  however,  is  chemically  stable  and  very  insoluble  in  most  common  etchants  at 
room  temperature.  The  most  successful  approach,  to  date,  has  been  based  on  the  dry  etching 
technique  [1-5].  Etching  rates  as  high  as  3500  A/min  were  reported  by  McLane  et  al.  [2]  using 
reactive  ion  etching  in  BClj  plasmas.  In  addition,  Nakamura  et  al.  [6]  recently  fabricated  InGaN 
multi-quantum-well  structure  laser  diodes  using  a  dry  etching  technique.  Nevertheless  it  is  still 
important  to  further  explore  viability  of  wet  etching  techniques  for  GaN  and  its  alloys. 
Historically  in  the  mid  1970's,  Pankove  [7]  reported  electrolytic  etching  of  GaN  using  a  NaOH 
solution,  but  no  particular  etching  rate  was  given.  At  the  same  time,  Shintani  et  al.  [8]  published 
a  study  on  wet  etching  of  GaN  using  phosphoric  acid.  The  etch  rate  reported  was  0.2  -  1.0 
pm/min  in  the  temperature  region  of  50“  -  200“C.  This  work  is  inconclusive  due  to  the  quality  of 
GaN  at  that  time.  Recently  Pearton  et  al.  [9]  reported  wet  etching  of  GaN  using  30%  -  50% 
NaOH/H20  which  gave  an  etching  rate  of  ~  20  A/min  at  room  temperature.  To  date,  the  only 
encouraging  work  in  GaN  wet  etching  was  presented  by  Minsky  et  al.  [10]  using  a  photo¬ 
electrochemical  etching  technique.  This  work  reported  an  etch  rate  of  4000  A/min  in  KOH 
solution  at  room  temperature,  but  the  etching  was  only  localized. 

Anodic  etching  is  another  important  wet  etching  method,  involving  the  electrochemical 
process.  For  GaAs  and  InP,  anodic  etching  has  been  successfully  employed  in  depth  profiling  and 
to  planarize  the  surface  [11,  12].  For  GaN,  on  which  common  chemical  etching  methods  have 
not  been  successful,  this  technique  becomes  more  attractive.  In  this  paper,  we  report  photo- 
assisted  anodic  etching  of  GaN  using  a  mixed  solution  of  glycol  and  water  (AGW).  Anodic 
oxidation  in  this  AGW  solution  has  commonly  been  used  as  a  reproducible  means  to  form  an 
anodic  oxide  layer  on  GaAs  and  InP.  We  have  found  that  it  can  be  used  to  etch  GaN  effectively 
by  choosing  a  proper  pH  value  and  water/glycol  ratio.  Ultra-violet  light  was  employed  here  to 
generate  electron-hole  pairs  in  GaN  to  aid  the  etching  process.  An  etch  rate  of  1600  A/min  was 
realized  at  room  temperature  in  these  preliminary  studies. 
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EXPERIMENT 


GaN  layers  were  grown  on  (OOOl)-oriented  sapphire  substrates  in  a  low  pressure 
metalorganic  chemical  vapor  deposition  system  (LP-MOCVD).  The  samples  were  undoped  with 
a  residual  electron  concentration  <  5  x  10*’  cm'^ .  The  thickness  of  the  epitaxial  GaN  layers  varied 
from  2  to  4  pm  and  the  typical  x-ray  rocking  curve  linewidth  of  these  samples  was  around  6  arc- 


plastic  sheet,  and  an  indium  contact  was  made  on  the  comer  or  side  of  the  GaN  film  and 
protected  by  wax.  The  samples  were  immersed  in  the  solution  and  positioned  such  that  the  wafer 
surface  could  be  exposed  to  UV  light.  The  UV  source  was  the  mercury  lamp,  which  emitted  at 
365  nm  and  405  nm,  with  an  intensity  approximately  60  mW/cm^  and  150  mW/cm^  respectively. 
The  electrolyte  solution  was  stirred  magnetically  to  keep  the  liquid  flowing  over  the  sample.  The 
etching  depth  was  determined  by  a  Tencor  Alpha  Step  stylus  profilometer. 

RESULTS  AND  DISCUSSION 

Fig.2  shows  the  morphology  of  GaN  sample  after  1  hour  anodic  etching.  The  electrolyte 
used  in  this  experiment  had  a  pH  value  of  8  and  glycol/water  ratio  of  2.  A  current  density  of  1 
mA/cm^  was  employed  and  the  sample  was  illuminated  uniformly  with  the  UV  light.  The 
measured  etch  depth  was  -1.2  pm.  This  corresponded  to  an  etch  rate  of  -200  A/min.  The 
surface  became  rough  after  etching.  Atomic  force  microscopy  of  several  etched  samples  was 
carried  out  to  determine  the  surface  roughness.  For  example,  the  sample  shown  in  Fig.  2  had 
surface  roughness  of  8 1 5  A. 

To  confirm  that  the  etching  is  due  to  the  photo-electrochemical  effect,  a  corresponding 
'dark'  etching  experiment  was  conducted.  Initially,  the  GaN  sample  was  immersed  into  the  same 
AGW  solution  used  above  without  current  and  UV  illumination.  There  was  no  measurable 
etching  detected  after  immersing  in  the  solution  for  24  hours.  Subsequently,  the  same  experiment 
was  repeated  with  UV  light,  but  without  any  current  passed  through  the  sample.  No  etching  was 
observed  after  2  hours.  Finally,  the  sample  was  immersed  in  the  electrolyte  with  a  current 
passing  through,  but  with  no  UV  illumination.  We  found  that  the  voltage  across  the  sample 
gradually  increased  while  the  current  was  maintained  at  2  mA/cm^.  After  the  voltage  increased 
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to  near  the  maximum  output  of  the  constant  current  source  employed  (~160V)  in  4  minutes,  the 
current  began  to  drop  dramatically.  This  experiment  also  did  not  show  any  observable  etching 
even  after  the  sample  was  left  in  the  solution  for  1  hour.  However,  the  atomic  force  microscopy 
(AFM)  revealed  several  very  deep  holes  on  the  GaN  surface  (shovm  in  Fig. 3).  It  is  possible  that 
these  holes  are  related  to  dislocations  and  non-stoichometric  regions  in  the  GaN  film.  As  a 
result,  these  regions  offer  low  breakdown  voltage  for  the  GaN-electrolyte  barrier  and  get 
preferentially  etched. 


Fig.  2  SEM  picture  of  the  surface 
morphology  of  GaN  after  anodic  etching. 
The  unetched  potion  was  covered  with  wax 
during  etching.  Marker  represnets  2  pm. 


Fig.  3  AFM  micrograph  of  GaN  surface  after 
one  hour  anodization  without  UV  light 
illumination.  The  dark  dots  on  the  picture  are 
deep  holes,  which  were  not  present  before 
etching 


Current  density  (mA/cm^) 

Fig.  4  Effect  of  current  density  on  the  anodic  etching  rate.  The  pH  value  of  the  electrolyte  is  8 
and  the  glycol/water  ratio  in  the  electrolyte  is  2. 
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The  electrochemical  nature  of  the  process  dictates  that  the  etching  rate  should  be  closely 
related  to  the  current  according  to  Faraday's  law  of  electrolysis.  Fig.4  shows  the  etching  rate  as  a 
function  of  the  current  density  (  J, ).  The  etch  rate  was  -180  A/min  for  J,  =  0.6  mA/cm%  and 
gradually  increased  with  current  density  to  -1600  A/min  at  =  15  mA/cm“.  At  this  high  current 
density,  however,  the  surface  of  the  sample  became  very  rough  and  non-uniform.  The  current 
efficiency,  defined  as  the  flection  of  GaN  etched  per  electron  passed,  is  less  than  0.5%  in  this 
smdy.  It  should  be  noted  that  current  efficiency  is  about  95%  for  GaAs  in  AGW  solution  and 
about  1-3%  for  Si. 

The  process  found  in  this  study  can  be  understood  in  terms  of  the  anodic  etching  of  GaAs. 
First,  the  GaAs  surface  is  oxidized  to  form  Ga^Oj  and  ASjO^  at  the  GaAs/electrolyte  interface  in 
the  presence  of  OH'  ions  and  holes.  Holes  are  important  here  to  convert  atoms  in  GaAs  to  higher 
oxidation  states.  In  n-GaAs,  these  holes  can  either  photo-  or  thermally  generated.  In  the  second 
step,  the  oxides  dissolve  in  the  solution  thus  exposing  the  fi-esh  GaAs  surface  beneath.  Both 
Ga203  and  AS2O3  can  easily  be  dissolved  in  acidic  or  basic  solutions  and  therefore,  an  electrolyte 
with  a  pH  value  far  away  from  7  is  preferred  for  such  anodic  etching  purposes.  On  the  other 
hand,  Hasegawa  et  al.  [13]  have  used,  a  AGW  solution  with  a  pH  of  7  to  grow  oxide  layers  on 
GaAs.  Since  the  GaAs  oxide  does  not  dissolve  in  a  solution  with  pH  of  7,  the  process  is  self- 
limiting  with  the  final  oxide  layer  thickness  dependent  on  the  applied  voltage.  Ihe  presence  of 
glycol  seems  to  make  the  process  more  reproducible.  In  case  of  GaAs,  the  oxides  have  been 
found  to  have  a  higher  As^Oj  content  than  GajOj,  indicating  that  GajOj  preferentially  dissolves  in 
the  solution.  However,  to  GaN,  only  Ga203  would  be  grown  on  the  surface,  and  we  found  that 
the  presence  of  glycol  was  required  to  dissolve  the  oxide,  and  the  pH  value  of  the  electrolyte 
should  be  close  to  7.  Fig.5  shows  the  anodic  etching  rate  as  a  function  of  the  pH  value  of  the 
electrolyte  (  pH  was  measured  before  the  solution  was  mixed  with  ethylene  glycol  ).  Here  the 
ratio  of  glycol  to  water  was  2  and  the  current  density  was  2  mA/cm^.  Interestingly,  a  maximum 
etch  rate  of  570  A/min  was  obtained  for  pH  values  around  7.  In  the  acidic  solution,  the  etching 
process  decreased  to  -290  A/min  and  the  surface  appeared  more  porous  after  etching. 
Conversely,  if  the  solution  was  buffered  to  strongly  basic,  the  etching  process  almost  stopped 
even  though  the  solution  has  higher  concentration  of  (OH)'  ions.  Even  though  only  three  (^ta 
points  are  shown  in  Fig.5,  the  experiments  were  repeated  several  times  with  similar  results,  viz, 
higher  etch  rate  for  solutions  with  the  pH  around  7  . 


pH  value  of  the  Electrolyte 

Fig.  5  Effect  of  the  pH  value  of  the  electrolyte  on  the  anodic  etchig  rate.  The  current 
density  is  2  mA/cm2.  The  glycol  to  water  ratio  is  2. 
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The  primary  goal  of  the  UV  light  is  to  generate  electron-hole  pairs  in  the  GaN.  In 
addition,  it  may  also  play  a  role  in  the  etching  of  gallium  oxide.  A  GaAs  sample  with  previously 
grown  oxide  layer  was  kept  in  the  AGW  solution.  This  oxide  layer  could  not  be  etched  in  the 
AGW  solution  with  a  pH  of  7,  but  could  be  etched,  albeit  slowly,  in  the  same  solution  when  the 
sample  was  exposed  to  UV  light.  It  is  possible  that  in  the  presence  of  UV,  the  glycol  may  react 
with  the  oxide  forming  a  complex  which  then  will  dissolve  in  the  aqueous  solution. 
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Glycol  /  H^O  ratio  in  the  electrolyte 

Fig.  6  Effect  of  the  glycol  to  water  ratio  on  the  anodic  etching  rate.  The  current  density  is  2 
mA/cm^  and  the  pH  of  the  electrolyte  is  8  . 

The  effect  of  glycol  was  then  studied  and  the  result  was  shown  in  Fig.6.  The  pH  value 
was  maintained  around  8  and  the  current  density  at  2  mA/cml  It  was  found  that  without  glycol 
the  etching  rate  was  negligible  (  20  A/min ).  The  addition  of  glycol  to  the  solution  increased  the 
etch  rate  dramatically.  For  a  glycol  /water  ratio  of  5,  an  etching  rate  of  610  A/min  was  obtained. 
However,  if  pure  glycol  was  used  as  the  electrolyte,  no  current  passes  through  the  solution 
resulting  in  no  etching.  Thus,  in  case  of  GaN,  glycol  plays  a  significant  role  in  etching.  We 
speculate  that  with  the  assistance  of  UV  light  ethylene  glycol  acts  as  a  "chelating  agent"  for  Ga 
[14],  resulting  in  the  dissolution  of  GajOj.  However,  more  work  is  needed  to  clearly  understand 
the  role  of  ethylene  glycol  and  the  pH  value  in  the  etching  process.  In  the  study  of  etching  of  p- 
GaN,  we  found  that  oxide  layer  can  be  grown  without  UV  illumination,  since  holes  are  available 
without  illumination.  However,  with  UV  illumination,  the  process  is  found  to  etch  p-GaN. 
These  results  also  supports  the  above  arguments  on  the  role  of  ethylene  glycol  in  the  etching 
process. 

CONCLUSIONS 

In  summary,  UV-light-assisted  anodic  etching  of  unintentionally  doped  n-GaN  at  room 
temperature  is  described.  The  preferred  electrolyte  was  a  mixture  of  buffered  aqueous  solution 
and  ethylene  glycol.  Etching  rate  ranges  from  ~20  A/min  to  as  high  as  1600  A/min.  It  was 
observed  that  the  etching  rate  increases  with  current  density  and  with  the  ratio  of  glycol  to  water 
in  the  electrolyte.  In  addition,  the  etching  rate  was  influenced  by  the  pH  of  the  electrolyte  and 
showed  a  maximum  value  when  the  pH  was  around  7.  We  postulate,  the  UV  light  generated  e-h 
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pairs  in  GaN  to  aid  the  formation  of  oxide  and  also  appeared  to  help  the  dissolution  of  the  oxide. 
The  detailed  mechanism  of  the  etching  process  is  not  clear  at  present  and  more  work  is  needed. 
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ABSTRACT 

LiGa02  and  LiA102  have  similar  lattice  constants  to  GaN,  and  may  prove  useful  as 
substrates  for  Ill-nitride  epitaxy.  We  have  found  that  these  materials  may  be  wet  chemically 
etched  in  a  number  of  acid  solutions,  including  HF,  at  rates  between  150-40,000  A/min.  Dry 
etching  with  SF^/Ar  plasmas  provides  faster  rates  than  Cl2/Ar  or  under  Electron 

Cyclotron  Resonance  conditions,  indicating  the  fluoride  etch  products  are  more  volatile  that  their 
chloride  or  metalorganic/hydride  counterparts.  Dry  etch  rates  are  low  (  <  2,  000  A/min), 
providing  high  selectivity  (>5)  over  the  nitrides.  The  incorporation  of  hydrogen  in  these 
materials  is  also  of  interest  because  this  could  provide  a  reservoir  of  hydrogen  that  may  passivate 
dopants  in  overlying  nitride  films.  In  implanted  samples,  50  %  of  the  deuterium  is  lost  by 
evolution  from  the  surface  by  annealing  at  400  °C  for  20  min  and  all  of  the  deuterium  is  gone  at 
700®C.  The  diffusivity  of  is  ~10'^^cm7s  at  250°C  in  LiA102,  approximately  two  orders  of 
magnitude  higher  than  in  LiGa02. 

INTRODUCTION 

GaN  and  related  alloys  are  generally  grown  on  (0001)  AI2O3  substrates  in  spite  of  the 
large  lattice  mismatch  (-14%  for  GaN),  due  to  the  lack  of  commercially  available  bulk  single 
crystal  nitrides.  ^  The  AI2O3  is  relatively  inexpensive,  available  in  large  diameters,  stable  at  the 
nitride  growth  temperatures  and  simple  to  clean.  Growth  of  AlGaNAnGaN  heterostructures  on 
AI2O3  has  led  to  the  high  brightness  light-emitting  diodes  ^  and  lasers  ^  reported  by  Nakamura  et 
al.  Alternative  substrates  that  have  been  employed  include  SiC  (3.1%  lattice  mismatch  to  GaN 
for  the  6H  poly  type),  which  is  attractive  because  it  is  cleavable  and  available  in  doped  form,  but 
is  expensive  ^d  difficult  to  clean,  MgAl204  which  has  a  10%  mismatch  with  GaN  and  is 
cleavable,  ^  '  ZnO,  MgO,  Si  and  III-V  materials  such  as  GaAs  and  InP.''*  Thick  GaN  layers 
grown  by  vapor  phase  epitaxy  on  A1^3  substrates  have  been  employed  as  templates  for  GaN 
homoepitaxy  by  removing  the  AI2O3,  ^  and  the  first  report  of  growth  on  small  bulk  GaN  crystals 
recently  appeared.  ^  The  high  dissociation  pressure  of  nitrogen  (15  kbar)  at  the  growth 
temperature  (1,600°C)  makes  bulk  GaN  crystals  difficult  to  produce  on  a  large  scale. 

Two  promising  substrates  for  nitride  epitaxy  are  the  wurtzite  crystals  LiGap2  and 
LiA102,  which  have  a-axis  mismatches  of  +0.19%  and  -1.45%,  respectively,  to  GaN.  These 
are  grown  by  the  Czochralski  technique  in  diameters  currently  up  to  1.5  inches,  and  have 
bandgaps  of  6.5eV  (LiA102)  and  5.6eV  (LiGa02).  Both  were  (100)  oriented.  Dissociation  of 
these  materials  at  the  typical  Metal  Organic  Chemical  Vapor  Deposition  growth  temperature  of 
-1040®C  may  restrict  their  use  to  the  Molecular  Beam  Epitaxy  techniques,  but  promising  x-ray 
and  photohiminescence  results  have  already  been  reported  for  AlGaN/GaN  structures  grown  on 
LiGa02.^  Growth  on  patterned  substrates,  or  creation  of  through- wafer  via  holes  for  microwave 
power  electronics,  requires  that  etching  processes  be  developed  for  both  materials.  In  this  paper 
we  report  several  wet  etch  solutions  for  LiGa02  and  LiA102,  and  compare  three  different  dry 
etch  chemistries  in  terms  of  rate,  surface  morphology  and  anisotropy. 
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EXPERIMENT 

The  polished  faces  of  both  materials  were  patterned  either  with  AZ5209E  photoresist  or  a 
carbon-based  mask  in  a  resolution  test  array  with  feature  sizes  from  0.5-200  pm.  Dry  etching  was 
performed  in  a  Plasma  Therm  SLR  770  system  utilizing  an  Astex  4400  Electron  Cyclotron 
Resonance  (ECR)  source  operating  at  2.45  GHz  and  at  powers  up  to  lOOOW.  The  Si  carrier  wafer 
is  mechnically  clamped  to  a  He  backside  cooled,  rf  powered  chuck.  The  process  pressure  was 
varied  from  1-20  mTorr,  but  was  held  at  1.5mTorr  for  most  runs.  Three  different  plasma 
chemistries,  Cl2/Ar,  CH4/H2/Ar  and  SF^/Ar,  were  investigated  since  they  enable  us  to  determine 
which  of  the  typical  types  of  etch  products  (i.e.  chlorides,  metalorganic/hydride,  or  fluoride, 
respectively)  are  most  volatile  for  the  oxide  substrates.  Etch  rates  were  determined  by  stylus 
profilometry  after  removal  of  the  mask  materials  and  surface  morphology  was  examined  by 
scanning  electron  microscopy  and  atomic  force  microscopy. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  etch  depth  versus  time  for  LiA102  and  LiGa02  in  various  wet  etch 
solutions  at  25®C.  The  etch  rates  were  very  high  (-3-4pm/min)  for  LiA102  with  HF,  and  for 
LiGa02  with  HCl  and  HF.  More  controlled  rates  (150-350A/min)  were  obtained  for  LiA102  with 
H3PO4,  HNO3  and  H2SO4.  Note  that  HCl  is  highly  selective  for  LiGa02  over  LiA102.  Most  of  the 
solutions  provided  linear  etch  depth  with  time,  an  absence  of  etch  rate  dependence  on  agitation, 
and  smooth  surface  morphologies.  These  are  all  characteristics  of  reaction-limited  etching  where 
the  rate-limiting  step  is  formation  and  dissociation  of  the  etch  products.  The  exception  was  HF, 
which  for  both  materials  was  found  to  have  a  square  root  dependence  of  etch  depth  on  solution 
immersion  time,  and  whose  rate  was  a  strong  function  of  agitation.  The  morphology  of  the 
etched  surface  was  also  considerably  rougher  than  those  obtained  with  the  other  solutions.  These 
are  all  hallmarks  of  diffusion-controlled  etching,  where  the  rate  is  controlled  by  diffusion  of  the 
reactant  to  the  gallate  or  aluminate  surface.  This  is  a  less  attractive  situation  for  reproducible  etch 
processing  because  it  is  more  difficult  to  achieve  the  same  degree  of  agitation  in  a  mixture  than 
to  control  its  temperature,  which  is  the  key  parameter  in  reaction-limited  etching.  As  mentioned 
above,  the  etched  surface  morphology  for  both  LiGa02  and  LiA102  in  HF  solutions  was  worse 
(typically  by  a  factor  of  approximately  five  in  terms  of  root  mean  square  roughness)  than  with 
the  other  etchants  investigated.  We  did  not  study  in  detail  the  crystallographic  dependence  of  the 
wet  etching. 

Figure  2  shows  the  etch  rate  of  LiGa02  in  ECR  plasmas  of  5CH4/15H2/25Ar,  5Cl2/10Ar 
or  5SF6/10Ar  (where  the  numbers  refer  to  the  individual  gas  flow  rates  in  standard  cubic 
centimeters  per  minute),  as  a  function  of  rf  power.  The  microwave  power  was  held  constant  at 
1000  W,  and  the  process  pressure  was  1.5  mTorr.  These  etch  conditions  are  typical  of  those  we 
employed  for  etching  III-V  materials,  including  GaN  (CH4/H2/Ar)  or  dielectrics  (SF^/Ar).  We 
obtained  similar  rates  for  LiA102  in  all  three  mixtures,  and  show  only  those  for  SF^/Ar.  The 
fluoride  etch  products  appear  to  be  the  most  volatile,  and  for  each  plasma  chemistry  the  etch  rates 
continue  to  increase  with  rf  power  due  to  two  reasons.  Firstly,  the  increased  average  ion  energy 
at  higher  rf  powers  is  more  efficient  at  initially  breaking  the  bonds  in  the  substrate  material, 
which  must  precede  etch  product  formation,  and  secondly,  there  is  more  efficient  sputter- 
enhanced  removal  of  the  products  once  they  form.  The  first  mechanism  has  been  found  to  be  the 
rate-limiting  step  in  dry  etching  of  GaN  and  AIN,  which  have  volatile  chloride  etch  products  but 
very  stable  bonding  that  must  be  overcome  before  the  products  can  form.  In  addition,  the  LiFx, 
GaFx  and  AlFx  species  that  form  in  SF^/Ar  plasmas  have  quite  low  volatilites  and  must  be 
removed  by  sputter  assistance.  The  etched  surface  is  quite  smooth  (similar  RMS  roughness  for  an 
unetched  control).  The  high  ion  density  under  these  conditions  produces  severe  distortion  of  the 
photoresist  mask,  causing  the  resist  to  reticulate  and  leading  to  rough  sidewalls.  For  these  slow 
etching  materials,  dielectrics  or  metal  masks  must  be  employed  because  of  their  superior  etch 
resistance  compared  to  photoresist. 

The  dependence  of  LiGa02  and  LiA102  etch  rate  on  microwave  power  at  fixed  pressure 
(1.5  mTorr)  and  rf  power  (250  W)  is  shown  in  Figure  3.  There  is  only  a  slight  increase  in  rate  for 
Cl2/Ar  and  CH4/H2/Ar  at  higher  microwave  powers,  confirming  that  the  etching  is  not  reactant- 
limited  since  the  active  neutral  species  density  increases  rapidly  under  these  conditions.  ^  By 
contrast  the  rates  for  both  materials  approximately  double  in  the  SF^/Ar  mixture  between  400 
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and  1000  W  microwave  power,  which  is  a  more  typical  result  for  ECR  reactors.  Since  the 
fluoride  etch  products  are  more  volatile  than  those  from  the  Cl2/Ar  and  CH4/H2/Ar,  an  increase  in 
ion  density  and  fluoride  radical  density  at  high  microwave  powers  will  enhance  the  etch  rates. 


Time  (min) 

Figure  1.  Etch  depth  versus  time  for  LiA102  and 
LiGa02  in  various  acid  solutions  at  25°C. 

No  etching  was  observed  for  LiA102  with  HCl 
or  with  HCOOH. 


rf  power  (W) 

Figure  2.  Etch  rates  of  LiGa02  and  LiA102 
in  lOOOW  microwave,  l.SmTorr  discharges 
as  a  function  of  rf  power. 
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Microwave  power  (W) 

Figure  3.  Etch  rates  of  LiGa02  LiA102  in  250W  rf,  l.SmTorr  discharges  as  a  function  of 
microwave. 

To  facilitate  measurements  of  the  hydrogen  incorporation  and  stability  we  introduced 
deuterium  (an  isotope  of  which  can  be  detected  with  much _jbetter  sensitivity  by  Secondary  Ion 
Mass  Spectrometry)  by  two  different  methods.  In  the  first,  ions  were  implanted  at  an  energy 
of  100  keV  to  a  dose  of  2  x  10^^  cm‘^.  Different  sections  of  these  samples  were  subsequently 
annealed  up  to  700°C  for  20  mins,  with  SIMS  measurements  performed  for  each  temperature.  In 
the  second  method  the  substrates  were  exposed  to  Electron  Cyclotron  Resonance  (ECR) 
plasmas  for  1  hour  at  250  °C.  The  microwave  power  was  750  W,  and  the  process  pressure  10 
mTorr.  SIMS  measurements  were  again  performed  before  and  after  a  subsequent  anneal  at  500 
°C  for  1  min  under  N2. 

Figure  4  shows  the  deuterium  depth  profiles  for  as-implanted  and  annealed  LiA102  (left) 
and  LiGa02  (right)  samples.  Annealing  at  >  400  ®C  produces  a  decrease  in  the  peak 
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concentration  of  deuterium  in  both  materials.  Note  that  the  implanted  profiles  do  not  show 
diffusional  broading  as  is  seen  in  doped  semiconductors  where  the  hydrogen  can  attach  to 
acceptor  or  donor  dopant  impurities  to  form  stable  neutral  complexes.  It  appears  that  in  the 
LiA102  and  LiGa02  the  hydrogen  is  basically  lost  from  the  crystal  upon  annealing,  with  the 
remaining  hydrogen  at  each  temperature  decorating  the  residual  implant  damage.  This  is  an  area 
of  potential  concern  because  residual  hydrogen  in  the  oxide  substrate  could  be  readily  transferred 
into  overlying  GaN  epilayers  during  device  process  steps,  such  as  contact  alloying,  implant 
activation,  or  implant  isolation  annealing.  However  as  seen  below,  it  may  be  less  of  an  issue  than 
in  some  other  potential  substrates. 


Figure  4.  SIMS  profiles  of  implanted  H  in  LiA102  (left)  and  LiGa02  (right)  before  and  after 
annealing. 


The  implanted  deuterium  is  much  less  thermally  stable  in  LiA102  and  LiGa02  relative  to 
AI2O3.  Figure  5  shows  profiles  before  and  after  annealing  up  to  950  °C  for  20  min  in  AI2O3. 
There  is  no  measurable  change  under  these  conditions.  In  Figure  6  we  have  plotted  the 
percentage  of  implanted  deuterium  that  remains  in  LiGa02,  LiA102,  AI2O3,  SiC,  GaN,  AIN  and 
GaAs  after  various  annealing  treatments,  based  on  the  current  data  and  that  reported  earlier  for 
the  nitrides  and  GaAs.  These  materials  are  all  potential  substrates  for  nitride  epitaxy.  Clearly  the 
LiA102  and  LiGa02  fall  at  the  lower  end  of  the  stability  range  for  hydrogen  retention,  which  is  an 
advantage  because  there  will  be  lower  levels  of  residual  hydrogen  after  a  high  temperature 
growth  step.  The  deuterium  is  presumably  in  random  positions  after  implantation  and  in 
semiconductors  it  moves  to  regions  of  strain  (defects  or  impurities)  upon  annealing.  The  fact  that 
hydrogen  is  not  retained  to  high  temperatures  in  the  oxide  materials  is  at  least  an  indication  that 
they  are  basically  free  of  large  densities  of  defects  or  impurities,  or  one  would  expect  to  see 
plateaus  forming  in  the  deuterium  profiles  at  certain  annealing  temperatures. 

The  fact  that  deuterium  is  readily  mobile  in  both  materials  at  relatively  low  temperatures 
is  obvious  from  the  data  in  Figure  7,  which  shows  the  profiles  after  exposure  to  a  plasma  for  1 
hour  at  250  °C.  Based  on  a  simple  (4Dt)^  ^  calculation  for  the  diffusion  distance,  one  can  estimate 
H  diffusivities  of  ~1.1  x  10'^^  cm/s  in  LiA102  and  1.7  x  10'^^  cm^/s  in  LiGa02  at  250°C.  These 
values  are  approximately  one  and  three  orders  of  magnitude,  respectively,  lower  than  in  GaAs  at 
the  same  temperature.  Note  that  annealing  at  500  °C  again  reduces  the  deuterium  density  in  each 
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material,  without  significant  diffusional  broadening  of  the  profiles.  The  deuterium  appears  to  be 
lost  by  evolution  from  the  surface. 


before  and  after  annealing. 


Figure  7.  SIMS  profiles  of  in  plasma  exposed  LiA102  (left)  and  LiGa02  (right)  before  and 
after  annealing  for  1  min  at  500  °C. 

CONCLUSIONS 

We  have  found  that  lithium  gallate  and  lithium  aluminate  bulk  wafers  can  be  wet 
chemically  etched  in  many  common  acid  solutions  with  rates  ranging  from  150-40,000  A/min. 
Chlorine,  fluorine  and  methane-hydrogen  plasma  chemistries  can  all  be  employed  for  dry  etching 
of  both  materials,  with  SFg/Ar  providing  the  fastest  rates  for  similar  plasma  parameters.  These 
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processes  should  prove  useful  for  patterning  LiGa02  and  LiA102  substrates  prior  to  growth  of 
GaN  and  related  alloys. 
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ABSTRACT 

The  development  of  reliable  Ohmic  and  Schottky  contacts  on  GaN  will  require  an 
understanding  of  the  thermal  stability  and  metallurgy  of  metal-GaN  contact  structures.  We 
investigated  the  behavior  of  Pt,  Pd,  and  Ni  on  GaN  as  a  fimction  of  annealing  temperature. 
Rutherford  backscattering  spectrometry,  x-ray  diffraction,  and  scanning  electron  microscopy  were 
used  to  characterize  the  interface  and  surface  behavior.  800A  thin  metal  films  were  deposited  by 
sputtering  on  2pm  GaN  films  grown  by  metal  organic  chemical  vapor  deposition  on  sapphire 
substrates.  No  reactions  occur  in  the  Pt,  Pd,  and  Ni  systems  with  annealing  up  to  800°C.  The  Pt 
film  begins  to  form  submicron  spheres  and  islands  after  annealing  above  600°C.  The  Pd  and  Ni 
films  begin  to  island  with  annealing  above  700°C.  Below  these  temperatures  no  structural 
changes  were  observed. 

INTRODUCTION 

Research  into  the  properties  of  GaN  has  increased  dramatically  since  the  first  announcement  of 
the  development  of  blue  light  emitting  diodes  (LEDs)  using  this  material.^  GaN  has  a  wide  direct 
band  gap  of  3.4  eV  which  is  useful  for  blue  and  ultra-violet  light  emission.  Moreover,  the 
materials  properties  of  GaN  also  make  it  suitable  for  high  temperature  electronics.  In  order  to 
optimize  the  electrical  behavior  of  these  devices  it  is  crucial  to  develop  stable  and  reliable  Ohmic 
and  Schottky  contacts. 

Pt,  Pd,  and  Ni  have  large  work  functions  which  makes  them  ideal  for  use  as  Schottky  contacts 
on  most  n-type  semiconductors,  including  GaN.  They  are  also  useful  for  contacts  because  of  their 
resistance  to  oxidation  and  corrosion.  The  barrier  height  of  these  contacts  on  n-type  GaN  has 
been  measured  by  several  groups.  The  barrier  height  of  Pt  lies  between  1.03  and  1.27  eV.^^  The 
barrier  height  of  Pd  ranges  fi'om  0.91  to  1.24  eV,^.^  while  the  barrier  height  ofNi  ranges  between 
0.95  and  1.15  eV.^’^  The  large  variation  in  the  measured  barrier  heights  is  partially  due  to 
differences  between  results  of  current-voltage  (I-V)  and  capacitance-voltage  (C-V)  measurements 
used  in  these  studies. 

Ternary  phase  diagrams  for  many  metal(M)-GaN  systems  have  recently  been  computed."^ 
Under  thermodynamic  equilibrium  conditions  it  is  predicted  that  Pt  and  Pd  will  react  to  form  M- 
Ga  phases,  even  at  room  temperature.  Ni  is  predicted  to  form  M-Ga  phases  at  higher 
temperatures. 

EXPERIMENT 

The  GaN  films  used  in  this  study  were  grown  by  low  pressure  metal-organic  chemical  vapor 
deposition.  They  had  a  thickness  of  2pm  and  were  Si  doped  yielding  a  fi’ee  electron  concentration 
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of  1x10^*  cm'^.  The  GaN  surface  was  prepared  by  cleaning  for  three  minutes  each  in  a  sequence 
of  hot  xylenes,  acetone,  and  methanol.  The  samples  were  then  subjected  to  a  30  sec.  HF  dip  etch, 
followed  by  a  rinse  in  distilled  water.  They  were  blown  diy  with  nitrogen.  The  samples  were 
immediately  placed  into  a  model  2400  Perkin  Elmer  RF  sputtering  system  which  was  pumped 
down  to  a  pressure  of -SxlO"®  Torr.  Prior  to  metal  deposition,  the  surface  was  backsputtered 
with  Ar"^  ions  at  a  power  of  lOOW.  The  metals  were  then  deposited  by  RF  sputtering  at  a  power 
of  300W  to  a  nominal  thickness  of  800A.  During  sputtering  the  samples  were  kept  at  room 
temperature  by  water  cooling.  Thermal  annealing  was  performed  in  an  open  tube  furnace  in 
flowing  N2. 

Changes  in  composition  with  depth  were  determined  with  Rutherford  backscattering 
spectrometry  (RBS)  using  a  1.95  MeV  He^  beam  and  a  backscatter  angle  of  165°.  X-ray 
diffraction  (XRD)  spectra  were  obtained  on  a  Siemens  D5000  diffractometer  in  the  Bragg- 
Brentano  (0-20)  geometry  to  observe  the  formation  of  new  phases  and  solid  solutions.  Scanning 
electron  microscopy  (SEM)  was  used  to  observe  surface  morphology  before  and  after  annealing. 
Auger  electron  spectroscopy  (AES)  provided  information  regarding  the  composition  of  the 
surface. 

RESULTS 

Platinum 


No  change  in  the  structure  of  the  Pt/GaN  interface  is  observed  by  RBS  after  annealing  for  30 
min.  below  700°C.  Fig.  1  shows  RBS  spectra  of  as-deposited  and  annealed  Pt  films  on  GaN. 
Between  700°C  and  800°C  a  significant  change  is  observed.  There  is  an  increase  in  signal  between 
the  Pt  signal  tail  and  the  Ga  edge  (1.4- 1.6  MeV)  in  the  RBS  spectrum.  This  could  be  interpreted 


Fig.  1:  RBS  spectra  of  Pt  on  GaN  as  deposited  and  annealed  for  30  min.  at  various  temperatures. 
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as  Pt  indiffusion  taking  place,  however  the  flat  signal  in  this  energy  range  indicates  a  uniform 
distribution  of  Pt.  A  normal  diffusion  profile  would  follow  an  error  function  distribution. 
Therefore,  the  RBS  spectra  show  Pt  coalescing  on  the  surface  of  the  film  through  lateral  surface 
diffusion.  The  formation  of  islands  leads  to  much  thicker  metal  coverage  in  some  areas,  resulting 
in  the  low  signal  extending  beyond  the  main  Pt  peak,  as  well  as  decreasing  the  height  of  the  main 
Pt  peak.  More  of  the  film  agglomerates  as  the  temperature  increases;  after  annealing  at  800°C 
approximately  14%  of  the  surface  is  covered  by  particles.  No  reaction  is  observed  by  XRD  for 
annealing  up  to  800°C.  The  only  new  peaks  observed  correspond  to  different  orientations  of  Pt. 
In  the  as-deposited  case  Pt  is  highly  (111)  oriented.  During  annealing,  grain  growth  and 
reorientation  occurs  due  to  the  agglomeration,  which  leads  to  the  observation  of  x-ray  peaks  from 
many  different  planes.  A  more  detailed  explanation  of  this  process  is  given  in  ref  8. 

The  morphology  of  the  surface  after  annealing  was  determined  using  SEM.  The  growth  of 
small  Pt  particles  was  observed  for  samples  annealed  at  temperatures  as  low  as  600°C.  Fig.  2 
shows  a  sequence  of  micrographs  showing  the  evolution  of  the  morphology.  The  as-deposited 
surface  is  smooth  and  featureless.  After  annealing  at  600®C,  small  particles  of  Pt  begin  to  form  on 


Fig.  2:  SEM  of  Pt  on  GaN  annealed  at  a)600°C  for  30  min.,  b)800°C  60  min. 

the  surface.  With  further  annealing  (90  min.)  at  600°C,  the  surface  morphology  does  not  change 
significantly.  The  particles  increase  slightly  in  size.  Increasing  the  temperature  to  725°C  results  in 
an  increase  in  particle  size,  as  well  as  coalescence  of  the  remaining  film  underneath.  This  behavior 
becomes  more  pronounced  after  annealing  at  800°C.  Energy  dispersive  spectroscopy  shows 
clearly  that  the  bright  particles  are  Pt  and  the  black  areas  are  exposed  GaN.  The  gray  film  in 
between  may  be  a  thin  layer  of  Pt  over  GaN  or  a  solid  solution  of  Pt  and  Ga. 

The  phenomena  of  island  formation  is  typically  observed  for  interfaces  between  thin  metal 
films  and  ceramics.^d®  The  dewetting  occurs  because  the  ceramic  has  a  low  surface  energy,  while 
the  metal  has  a  high  surface  energy.  Therefore  the  metal  agglomerates  to  minimize  the  total 
interfacial  energy  of  the  system.  Since  dewetting  is  not  observed  in  the  Pt/Si  system,  we  conclude 
from  this  behavior  that  GaN  has  a  lower  surface  energy  than  Si. 
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Palladium  and  Nickel 


In  the  cases  of  Pd  and  Ni,  we  again  observe  behavior  which  is  usually  seen  in  metal/ceramic 
systems.  No  change  in  the  structure  of  the  Pd/GaN  interface  is  detected  by  RBS  for  annealing 
below  700°C.  Above  700°C,  islanding  behavior  is  observed  by  RBS.  No  new  phases  are  ob¬ 
served  by  XRD  for  annealing  up  to  800°C.  Fig.  3a  shows  a  micrograph  of  the  Pd  surface 
annealed  at  725°C  for  60  min.  The  as-deposited  metal  film  is  smooth  and  featureless.  Fig.  3a 


a)  -  b) 

Fig.3:  SEM  micrographs  of  Ni  and  Pd  surfaces  after  annealing,  a)  Pd  film  after  annealing  at  725° 
for  60  min.,  b)  Ni  film  after  annealing  at  750°C  for  60  min. 

shows  that  the  film  has  begun  to  agglomerate  and  approximately  Ipm  areas  of  the  film  have 
delaminated  from  the  GaN  surface.  AES  clearly  shows  that  there  is  no  GaN  on  the  backside  of 
the  delaminated  Pd  and  no  Pd  remains  on  the  exposed  GaN  surface. 

In  the  Ni  system,  no  changes  are  observed  by  RBS  after  annealing  up  to  700°C  as  long  as  the 
sample  is  capped  with  a 1000  A  layer  of  SiOa.  Without  the  capping  layer  the  Ni  film  will  oxidize 
at  these  temperatures.  After  annealing,  the  Si02  layer  was  etched  off  with  HF  and  AES  studies 
verified  that  no  reaction  occurred  between  the  Si02  and  Ni.  At  700°C  the  film  begins  to  island. 
Fig.  3b  shows  the  agglomeration  that  has  occurred  after  annealing  at  750°C  for  1  hour.  In  this 
case  compressive  stress  is  also  generated  as  the  thermal  expansion  coefficient  is  13. 3x10"^  K'\ 
The  presence  of  the  capping  layer,  however,  maintains  the  planarity  of  the  film  and  suppresses 
delamination. 

This  type  of  behavior  in  thin  metal  film/ceramic  systems  is  attributed  to  compressive  stress 
generated  in  the  metal  film  due  to  differences  in  thermal  expansion  coefficients  of  the  metal  and 
substrate.  Indeed,  the  thermal  expansion  coefficient  of  Pd  is  almost  twice  that  of  GaN  (1 1.7x10’ 
^  K'^  vs.  6x10*®  K’*).  The  change  between  room  temperature  and  the  annealing  temperature 
generates  a  compressive  stress  which  is  over  twice  the  ultimate  tensile  strength  of  Pd,  thus 
causing  delamination  failure.  The  thermal  expansion  coefficient  for  Pt  is  only  9x10*^  K’\  therefore 
less  compressive  stress  is  generated  during  annealing  and  no  delamination  is  seen. 
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CONCLUSIONS 


From  a  practical  standpoint,  Pt,  Pd,  and  Ni  are  suitable  for  Schottky  contacts  on  n-type  GaN 
as  long  as  temperatures  remain  below  600°  (Pt)  and  700°C  (Pd  and  Ni).  Above  this  temperature, 
the  formation  of  islands  and  delamination  failure  limit  the  use  of  these  metals  as  contacts.  The 
lack  of  lateral  homogeneity  after  annealing  will  degrade  the  electrical  properties.  For  example, 
Ping  et  al.i2  observed  that  a  Pd/Al  contact  had  an  increased  contact  resistance  after  annealing  at 
650°C  and  above.  This  was  likely  due  to  islanding  and  delamination  similar  to  that  observed  in 
this  study.  No  solid  phase  reaction  has  been  observed  for  Pt,  Pd,  or  Ni  below  800°C. 

The  results  obtained  in  this  study  indicate  that  the  surface  of  GaN  behaves  more  like  a  ceramic 
than  a  typical  semiconductor.  The  surface  energy  and  linear  thermal  expansion  coefficient  are  low 
compared  to  most  metals.  This  behavior  must  be  considered  when  determining  what  metals  may 
act  as  good  contacts  on  GaN.  To  obtain  stable,  non-reactive  contacts  which  withstand  high  tem¬ 
peratures  it  may  be  necessary  to  use  metals  with  low  surface  energies  and  low  thermal  expansion 
coefficients.  To  form  an  alloyed  contact,  metals  which  form  stable  nitrides,  such  as  Ti,  must  be 
used.  When  engineering  metal  contacts  to  GaN  a  different  approach  must  be  taken  than  has  been 
typically  used  for  metal-semiconductor  contacts. 
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ABSTRACT 

The  formation  of  n-GaN/Ti  ohmic  contacts  with  TiN  diffusion  barriers  has  been  investigated  by 
electrical  measurements,  x-ray  diffraction  and  SIMS.  It  has  been  shown  that  the  onset  of  the 
ohmic  behaviour  is  associated  with  the  thermally  induced  phase  transformation  of  Ti  into  TiN  at 
the  GaN/Ti  interface.  It  is  suggested  that  the  process  is  accompanied  by  an  increase  in  the 
doping  level  in  the  semiconductor  subcontact  region.  The  presence  of  a  TiN  barrier  is  found  to 
inhibit  excessive  decomposition  of  GaN  and  to  confine  the  reaction  between  n-GaN  and  Ti. 

INTRODUCTION 

The  most  successful  approach  to  fabricate  ohmic  contacts  to  n-type  GaN  involves  the  use 
of  Ti-based  metallization,  such  as  TiAl  [1],  TiAu  [2],  TiAg  [3],  and  recently  also  Ti/Al  with 
Ni/Au  overlayer  [4].  It  is  believed  that  during  annealing  of  GaN/Ti  interfacial  nitrogen,  extracted 
from  GaN,  reacts  with  Ti  to  form  TiN.  The  outdiffusing  nitrogen  atoms  create  a  substantial 
concentration  of  nitrogen  vacancies,  and  thus  a  heavily  doped  semiconductor  subcontact  region 
[1].  Although  Ti-based  contacts  may  yield  excellent  contact  resistivity,  they  do  not  satisfy  the 
requirement  of  thermal  stability  [5]. 

In  recent  years  there  has  been  significant  progress  in  the  development  of  thermally  stable 
metallization  schemes  for  Si  VLSI  and  III-V  semiconductor  devices.  The  use  of  diffusion 
barriers  in  contact  structures  enabled  stable  and  reliable  contacts  and  became  widely  accepted  as 
a  standard  technology.  One  of  the  most  attractive  materials  used  for  barrier  layer  is  TiN  due  to 
its  thermodynamic  stability,  its  high  melting  point  and  low  resistivity.  In  electrical  contacts  the 
effectiveness  of  TiN  as  a  diffusion  barrier  between  gold,  aluminum,  or  copper  overlayers  for 
wiring  purposes  and  underlying  films  has  been  shown  by  several  authors  [6-9]. 

In  this  paper  we  present  an  approach  for  improving  the  reliability  of  Ti-based  metallization 
to  n-GaN  by  using  a  reactively  sputtered  TiN  diffusion  barrier  to  prevent  the  intermixing  of  GaN 
and  contact  metallization  with  overlayers.  We  correlated  the  electrical  properties  and  the 
microstructures  of  n-GaN/Ti  contacts,  encapsulated  with  TiN  layers.  In  an  attempt  to  clarify  the 
particular  role  of  Ti  and  TiN  during  the  formation  of  the  ohmic  contact,  we  compared  the 
interfacial  microstructure  of  pure  Ti,  pure  TiN,  and  Ti/TiN  contacts  both  as-deposited  and 
annealed. 

EXPERIMENTAL  PROCEDURE 

N-type,  Si  doped  GaN  films  for  this  study  were  grown  by  OMVPE  on  6H-SiC  at  1 050*^0 
[10].  Since  the  current  transport  across  the  potential  barrier  at  the  metal/semiconductor  interface 
depends  essentially  upon  the  doping  level  of  the  semiconductor,  to  follow  this 
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dependence  the  experiments  were  performed  on  four  sets  of  samples  with  various  doping 
concentrations  No  namely:  3.7*10‘^cm'^  (p=342cmWs),  3.7*10’^cm'^  (p=41  Icm^A^s), 
2.0*10’W^  (p=257cmWs),  (p=170cm^A^s). 

Special  attention  was  paid  to  the  surface  preparation  prior  to  metal  deposition.  First,  the 
surface  of  GaN  was  cleaned  by  boiling  in  hot  organic  solvents  and  by  plasma  ashering.  Next, 
the  samples  were  soaked  in  buffered  HF  for  5  min.,  rinsed  in  H2O  DI,  dipped  in  NH40H:H20 
1:10  for  15  s.  and  immediately  loaded  into  the  deposition  chamber.  The  cleaning  of  the 
substrates  was  completed  in  the  deposition  chamber  by  heat  treatment  at  550°C  for  10  min. 

Metallic  films  were  deposited  by  rf  magnetron  sputtering  at  a  base  pressure  of  1*10'’  Torr. 
Before  starting  the  deposition  of  metallization  the  substrates  were  cooled  down  to  220°C.  Ti 
films  of  the  thickness  15-100  nm  and  80  nm  thick  TiN  layers  were  sequentially  deposited, 
without  breaking  the  vacuum,  using  Ti  target,  by  Ar  and  Ar/N2  reactive  sputtering,  respectively. 
Ti  films  were  deposited  at  a  pressure  p=3.3*10‘^  Torr,  at  a  rate  1.4  nm/s.  The  parameters  of  the 
deposition  of  stoichiometric  TiN  films  were  as  follows:  a  gas  flow  ratio  of  N2/Ar  =  0.18, 
p=3.7*10‘^  Torr,  the  substrate  bias  voltage  Ub  =  -60V.  The  deposition  rate  was  0.2  nm/s.  The 
resistivities  of  as  deposited  Ti  and  TiN  layers  were  71.5  pQcm  and  38  pQcm,  respectively. 

A  complementary  study  of  Ti  contacts  encapsulated  with  Si3N4  film  has  been  performed. 
Ti/Si3N4  (100  nm/200  nm)  double  layers  were  deposited  by  Ar  rf  magnetron  sputtering  fi-om  Ti 
and  Si3N4  targets,  respectively. 

Heat  treatments  were  performed  using  rapid  thermal  annealing  (RTA)  in  N2  flow  at 
temperatures  up  to  900®C  for  30s.  During  RTA  the  samples  were  protected  by  a  piece  of 
oxidized  Si  as  a  proximity  cap. 

The  electrical  characterization  involved  the  measurements  of  I-V  characteristics  and 
contact  resistivity  Tc.  Samples  for  I-V  measurements  were  patterned  of  dots  with  diameter 
varying  fi-om  120  to  350  pm  and  one  large  area  contact.  I-V  measurements  were  taken  between 
one  of  the  dots  and  the  large  area  contact.  The  contact  resistance  test  pattern  had  100x100  pm 
contact  pads  with  pad  separations  2,  4,  6,  10  and  12  pm.  Mesa  structures,  required  for  rc 
measurements  by  transmission  line  method  (TLM),  were  patterned  with  Si02  mask  and  dry 
etched  using  CCI4/H2  plasma.  The  RIE  process  pressure  and  the  gas  flow  ratio  were  1.1*10"' 
Torr  and  9.3  sccm/12  seem,  respectively.  The  etching  rate  was  16.7  nm/min.  at  a  rf  power 
(13.56  MHz)  of0.4W/cm^. 

The  thermally  induced  transformations  in  the  contact  region  were  investigated  by  the 
complementary  use  of  x-ray  diffraction  (XRD)  and  secondary  ion  mass  spectrometry  (SIMS). 

RESULTS 

Electrical  properties 

As-deposited  n-GaN/Ti/TiN  contacts  were  ohmic  with  rc  5.3*10'^Qcm^,  1.9*10"^ncm^,  and 
2*10"^Dcm^  for  dopant  concentration  3.7*10'''  cm'^  2.0*10'®  cm"^  and  l.l*10'^cm"^, 
respectively.  Contacts  deposited  on  material  doped  to  3.7* lO'®  cm'^  exhibited  non-ohmic 
behavior.  Figure  1  shows  the  I-V  characteristics  of  contacts  formed  on  lightly  doped  n-GaN, 
before  heat  treatment  and  after  annealing  at  temperatures  up  to  OOO^C.  Slightly  non-linear  after 
deposition,  the  behaviour  of  Ti/TiN  contacts  annealed  up  to  400°C  remained  unchanged. 
However,  as  a  result  of  annealing  at  500''C  the  contacts  became  rectifying,  with  a  ideality  factor 
n=1.19  and  the  barrier  height  <6b»0.71  eV,  as  inferred  from  the  forward  biased  I-V 
characteristics.  After  annealing  at  higher  temperatures,  contacts  gradually  lost  their  rectifying 
properties.  After  the  900*'C  anneal  they  were  ohmic  with  rc=6*10'^Qcm^.  In  contrast,  pure  TiN 
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contacts  deposited  on  the  similarly  doped  substrates  were  ohmic  in  the  as-deposited  state  and 
remain  such  after  heat  treatment  up  to  400®C,  with  rc=8.8*10‘^ncm^.  Anneals  at  higher 
temperatures  resulted  in  progressive  degradation  of  their  linear  characteristics  and  in  increase  of 
the  contact  resistivity.  The  I-V  characteristics  of  n-GaN/TiN  contacts  are  plotted  in  Fig.  2. 


U[V] 


U[V] 


Fig.l.  I-V  characteristics  of  as-deposited 

and  annealed  n-GaN/Ti/TiN  contacts. 


Fig.2.  I-V  characteristics  of  as-deposited 
and  annealed  n-GaN/TiN  contacts. 


The  resistivity  of  Ti/TiN  contacts  heat  treated  at  900”C  as  a  function  of  doping  level  of  n-type 
GaN  is  shown  in  Fig.3.  For  dopant  concentration  up  to  2*10'®  cm‘^  an  important  decrease  of  rc 
as  a  result  of  annealing  is  observed,  and  the  contact  resistivity  exhibits  an  inverse  proportionality 
to  Nd.  For  doping  level  of  l.l*10’^cm'^  the  contact  resistivity  practically  does  not  change  upon 
annealing. 


Thermally  induced  interactions  at  the  n-GaN/Ti  interface 


Since  the  ohmic  behaviour  of  n-GaN/Ti  contacts  may  be  attributed  to  the  annealing 
induced  growth  of  TiN  phase  at  the  interface,  special  attention  was  paid  to  properly  distinguish 
between  the  deliberately  deposited  TiN  barrier  layer  and  the  newly  formed  TiN.  To  facilitate 
conclusive  phase  identification,  a  complementary  study  of  Ti  contacts  annealed  under  Si3N4  cap 
was  performed.  The  results  of  XRD  analysis  of  n-GaN/Ti(15nm)/TiN(80  nm)  contacts  are 
presented  in  Fig.  4.  The  as-deposited  Ti/TiN  contact  consisted  of  two  separate  layers:  Ti  and 
TiN  (fee)  phases.  Hexagonal  (eph)  Ti  was  found  to  have  a  <001>  preferred  orientation,  and  a 
lattice  parameter  of  c=4.726  A  in  the  direction  perpendicular  to  the  surface  (c=4.684  A  for  bulk 
Ti).  Cubic  (fee)  TiN  film  exhibited  a  <11 1>  preferred  orientation,  with  a  lattice  parameter 
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a-4.299  A  (a=4.24  A  for  bulk  TiN).  The  sequence  of  thermally  activated  phase  transformations 
in  TiN-  and  Si3N4-encapsulated  contacts  was  similar.  Up  to  700”C  the  lattice  parameter  of  Ti 
progressively  increased,  while  the  lattice  parameter  of  TiN  decreased.  During  800‘’C  anneal,  the 


Fig. 3.  The  dependence  of  Tc  of  Ti/TiN  contacts  on 
the  doping  level  of  n-GaN;  dots  -experimental 
data  points,  dashed  line  -  theoretical 
prediction  for  Ob=0.44  eV. 


Fig.4.  X-ray  diffractograms  of  as- 
deposited  and  annealed 
GaN/Ti  (15  nm)/TiN(80nm) 
contacts. 


The  observed  phase  transformations  can  be  interpreted  as  follows.  As  indicated  by  the 
values  of  lattice  constants,  both  the  as-deposited  Ti  and  TiN  films  are  strained.  Upon  annealing, 
the  nitrogen  released  from  neighboring  GaN  at  one  side,  and  from  TiN  at  the  other,  spreads 
throughout  the  Ti  film.  At  lower  temperatures  nitrogen  atoms  enter  the  Ti  lattice,  filling  the 
interstitial  sites.  As  they  are  larger  than  interstitial  sites,  they  cause  further  distortion  of  the  Ti 
lattice.  When  the  concentration  of  nitrogen  exceeds  the  solubility  limit,  the  structure 
transformation  from  hep  to  fee  takes  place  [11].  The  stress  in  TiN  film  was  relaxed  during 
annealing. 

The  degree  of  decomposition  of  GaN  during  the  formation  of  Ti-based  ohmic  contacts 
was  studied  with  SIMS,  Annealing  in  a  N2  flow  of  the  as-deposited  GaN/Ti(50nm)  /TiN(80nm) 
structure  leads  to  the  limited  dissolution  of  the  substrate  which  manifests  in  a  migration  of  Ga 
atoms  into  the  initial  Ti  layer  with  pronounced  accumulation  at  the  Ti/TiN  interface  (Fig. 5.).  The 
Ga  content  in  the  Ti  layer  can  be  estimated  to  be  a  few  at.%,  but  is  undetectable  in  the  initial  TiN 
cap.  This  suggests  that  the  main  supply  of  nitrogen  required  for  the  observed  transformation  of 
the  Ti  film  into  TiN  originates  from  the  ambience  rather  than  from  the  substrate.  This  is 
confirmed  by  a  similar  measurement  of  a  pure  Ti(lOOnm)  deposited  on  GaN  (Fig.6.)  Gradual 
decrease  of  the  Ga  concentration  towards  the  surface  seems  associated  with  the  inhibiting  of  the 
dissolution  of  GaN  in  the  course  of  annealing  and  subsequent  formation  of  TiN.  Thermal 
stability  of  the  GaN/TiN  system  is  demonstrated  in  Fig.7.  where  the  respective  changes  in  the  N, 
Ga  and  Ti  profiles  before  and  after  heating  to  900®C  are  insignificant. 
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Fig. 5.  SIMS  in-depth  profiles  for  n-GaN/Ti/TiN  contacts:  a)  as  deposited,  b)  annealed  at  900”C. 


Fig.6.  SIMS  in-depth  profiles  for  n-GaN/Ti  contacts:  a)  as  deposited,  b)  annealed  at  900°C. 


Fig.7.  SIMS  in-depth  profiles  for  n-GaN/TiN  contacts:  a)  as  deposited,  b)  annealed  at  900"C. 
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DISCUSSION  AND  CONCLUSIONS 

It  is  for  a  number  of  reasons  that  Ti  plays  a  key  role  in  producing  low  resistivity  contacts 
to  n-GaN.  Ti  is  known  to  reduce  the  native  GazOa  on  GaAs  surface  [12],  thus  we  can  expect  a 
similar  behaviour  for  the  native  oxide  on  GaN.  The  improvement  of  the  diode  characteristics  of 
n-GaN/Ti/TiN  contacts  after  annealing  at  500^C  can  be  interpreted  as  the  reduction  of  the 
residual  oxide  and/or  the  annealing  out  of  defects  at  the  metal/semiconductor  interface.  In 
contacts  annealed  at  higher  temperatures,  the  barrier  height  is  dominated  by  the  interfacial 
reactions,  leading  to  the  formation  of  TiN  at  the  metal/semiconductor  interface.  From  the  simple 
Schottky  barrier  theory,  the  barrier  height  at  n-GaN/TiN  interface  should  be  equal  to  the 
difference  between  the  work  function  of  TiN  (3.74  eV  [13])  and  the  electron  affinity  of  GaN 
(3.3  eV  [14]).  In  Fig.3.,  together  with  the  experimental  data  points,  we  have  plotted  a  theoretical 
dependence  for  rc=f(ND),  calculated  from  the  simple  thermionic  and  thermionic-field  emission 
theory  [15],  for  ({)b=0.44  eV.  The  discrepancy  between  the  theoretical  prediction  and 
experimental  results  can  be  explained  by  the  increase  of  the  doping  concentration  in  the 
semiconductor  subcontact  region.  The  assumption  that  the  No  had  increased  up  to  ~1.0*10’^ 
cm’  would  explain  the  unchanged  resistivity  of  contacts  deposited  on  highly  doped  GaN,  and 
the  decrease  of  rc  for  Nd=2.0*10'^  cm■^  For  contacts  formed  on  lightly  doped  substrates,  the 
contact  resistivity  would  be  limited  by  the  barrier  between  highly  doped  subcontact  region  and 
low-doped  bulk,  the  latter  being  characterized  by  an  inverse  proportionality  to  No  [16],  TiN 
barrier  inhibits  excessive  decomposition  of  GaN  and  thus  confines  the  reaction  between  n-GaN 
and  Ti. 
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ABSTRACT 

We  report  new  Cr/Ni/Au  and  Ni/Cr/Au  tri-layer  metallization  schemes  for  achieving  low 
resistance  ohmic  contacts  to  moderately  doped  p-  (~1  x  lO^Vcm^),  and  n-GaN  (~1  x  lO'Vcm^) 
respectively.  The  metallizations  were  thermally  evaporated  on  2  pm-thick  GaN  layers  grown  on 
c-plane  sapphire  substrates  by  metalorganic  chemical  vapor  deposition  (MOCVD).  Comparisons 
with  bi-layer  metallizations  such  as  Ni/Au  and  Cr/Au  were  also  made.  The  Cr/Ni/Au  contacts 
showed  a  low  specific  contact  resistivity  of  9.1  x  10'^  Q  cm^  to  n-GaN  while  that  of  Ni/Cr/Au  to 
p-GaN  was  8.3  x  10'^  f2-cm^.  The  Ni/Cr/Au  contacts  also  showed  a  low  specific  contact 
resistivity  of  2.6  x  10"*  Q-cm^  to  n-GaN.  The  Ni/Cr/Au  metallization  could  made  reasonable 
ohmic  contacts  to  p-  and  n-GaN  simultaneously 

INTRODUCTION 

III-V  nitrides  are  very  attractive  materials  for  blue  and  green  light  emitting  diodes  (LEDs) 
[1],  metal-semiconductor  field  effect  transistors  (MESFETs)  [2],  and  modulation-doped  field 
effect  transistors  (MODFETs)  [3].  Low  resistance  and  thermally  stable  ohmic  contacts  are 
imperative  in  successful  implementation  of  these  devices.  A  very  low  resistance  n-type  ohmic 
contact  using  Ti/Al/Ni/Au  was  demonstrated  by  Z,  Fan  et  al.  [4].  In  the  case  of  laser  diodes  (LD) 
and  light  emitting  diodes  (LED),  Ti/Al  and  Ni/Au  contacts  are  widely  used  for  n-,  and  p-GaN 
ohmic  contacts,  respectively  [5]  [6].  However,  there  has  been  no  detailed  reports  for  p-type  GaN 
ohmic  contacts.  In  fact,  the  high  contact  resistance  of  p-GaN  is  one  of  major  obstacles  for 
realizing  continuous  wave  operation  of  GaN  based  laser  diodes  at  room  temperature 

In  this  paper,  we  report  our  initial  investigation  of  new  ohmic  contact  schemes  to  moderately 
doped  p-,  and  n-GaN.  We  have  tried  the  Cr/Ni/Au  and  the  Ni/Cr/Au  and  compared  the  results  to 
those  of  the  Ni/Au  and  the  Cr/Au  contacts. 

EXPERIMENT  &  RESULTS 

The  GaN  specimens  used  in  this  study  were  grown  by  MOCVD  on  c-plane  sapphire 
substrates.  Low  temperature  GaN  buffer  layers  were  grown  first.  The  thickness  of  n-  and  p-GaN 
layers  was  2  pm.  The  carrier  concentration  of  the  n-GaN  epilayer  was  found  to  be  1  x  10*Vcm^ 
by  Hall  measurements  method.  The  p-doping  concentration  ranged  from  1  x  lO'Vcm^  to  1  x 
10*Vcm^.  The  GaN  samples  were  patterned  and  then  etched  to  make  mesa  areas  for  TLM 
measurements.  The  mesas  were  isolated  by  chemically-assisted  ion  beam  etching  (CAIBE)  using 
Cf.  The  dimension  of  the  rectangular  pads  was  200  pm  wide  and  100  pm  long.  The  separations 
between  the  contact  pads  were  increased  from  5  to  30  pm  in  5  pm  increments.  The  metallization 
patterns  were  defined  using  lift-off. 

All  metal  contacts  were  deposited  by  thermal  evaporation.  The  deposition  sequences  and  the 
layer  thickness  were  as  follows:  (l)Cr-15nm/Ni-15nm/Au-  500nm;(2)Ni-15nm/Cr- 
15  nm  /  Au  -  500  nm  ;  (3)  Ni  -  20  nm  /  Au  -  500  nm  and  (4)  Cr  -  20  nm  /  Au  -  500  nm.  The 
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Cr/Ni/Au,  Ni/Cr/Au,  and  Cr/Au  contacts  were  deposited  on  both  n-,  and  p-GaN  epilayers.  The 
Ni/Au  contacts  were  applied  to  p-GaN.  All  epitaxial  samples  of  the  same  polarity  were  taken 
from  the  same  wafer.  After  sample  preparation,  the  metal  patterns  were  inspected  using  optical 
microscope  and  defective  ones  were  excluded  from  the  measurements.  The  I-V  characteristics  of 
the  metal  contacts  were  measured  by  a  HP  4145B  analyzer.  The  n-type  I-V  characterizations 
were  carried  out  by  current  injecting  up  to  ±  20  mA  and  measuring  the  voltage  across  the 
contacts.  The  p-type  I-V  curve  exhibited  linear  characteristics  for  small  current  level  and  the 
measurements  were  performed  within  ±  10  pA  range.  The  measurements  were  performed  on 
both  as-deposited  and  annealed  contacts  at  500  "C  for  30  seconds  in  N2  ambient. 

n-GaN  Ohmic  Contacts 

Fig.  1  shows  the  I-V  characteristics  of  various  n-type  contact  metals.  All  data,  except  that  of 
Ni/Cr/Au  before  annealing,  show  linear  I-V  characteristics.  The  Cr/Au  contacts  exhibited  the 
lowest  resistance  after  annealing.  However,  to  compare  the  ohmic  characteristics  quantitatively, 
specific  contact  resisitivties  were  calculated  using  TLM.  The  gradients  and  the  intersection  with 
the  resistance  axis  were  found  using  the  least-square  fit  method.  The  plotted  data  of  the  three 
contact  materials  are  shown  in  Fig.  2.  The  specific  contact  resistivity  of  the  Cr/Ni/Au  contacts 
was  calculated  to  be  9.1  x  10'^  Q-cm^  before  annealing  and  slightly  increased  to  2.7  x  10“^  O-cm^ 
after  annealing.  It  should  be  noted  that  the  specific  contact  resistivities  of  the  Cr/Ni/Au  contacts 
was  lower  than  that  of  the  Cr/Au  contacts  (p  =  3.1  x  lO"^  Q-cm^).  In  the  case  of  the  Cr/Au 
contacts,  no  significant  difference  in  specific  contact  resistivity  was  observed  between  as- 
deposited  and  annealed  samples.  In  terms  of  work  function,  Ni  should  make  a  better  contacts  to 
p-GaN.  Thus,  we  assume  that  the  Ni  plays  an  certain  role  in  the  Cr/Ni/Au  system  as  a 
intermediate  layer  lowering  contact  resistance.  On  the  other  hand,  the  I-V  curve  of  the  Ni/Cr/Au 
contacts  showed  significant  rectifying  characteristics  before  armealing. 
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Figure  1 .  Current  (I)  -  voltage  (V)  characteristics  of 
various  contact  metals  on  n-GaN. 
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However,  a  linear  I-V  curve  was  obtained  after  annealing  and  the  specific  contact  resistivity  was 
calculated  to  be  2.6  x  10*^  Q-cml  We  attribute  this  result  to  the  diffusion  of  Cr  into  the  GaN. 

p-GaN  Ohmic  Contacts 

The  same  tri-layer  schemes  (ie,  the  Cr/Ni/Au  and  the  Ni/Cr/Au)  were  also  applied  on  p-GaN. 
Figure  3  shows  I-V  characteristics  of  the  Cr/Ni/Au,  the  Ni/Cr/Au,  the  Cr/Au,  and  the  Ni/Au 
contacts  on  p-GaN.  Non-linear  I-V  characteristics  were  shown  in  the  Ni/Au  contacts  before 
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Figure  3.  Current  (I)  -  voltage  (V)  characteristics  of 
various  contact  metals  on  p-GaN. 
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annealing.  The  ohmic  characteristics  were  obtained  after  annealing  and  the  specific  contact 
resistivity  was  calculated  to  be  3.4  x  10’^  Q-cm^  as  shown  in  Fig.4.  On  the  contrary,  the  Ni/Cr/Au 
contacts  showed  linear  I-V  characteristics  before  annealing  and  the  specific  contact  resistivity 
was  8.3  X  10'^  Q-cm^  which  was  the  lowest  value  in  our  experiment.  After  annealing,  the 
linearity  was  maintained  but  specific  contact  resistivity  was  increased  by  about  one  order  of 
magnitude.  We  attribute  this  phenomenon  to  that  the  Cr  plays  a  role  of  diffusion  barrier  and/or 
wetting  agent  when  confined  in  the  contact  metallization  lowering  contact  resistance,  but 
deteriorates  the  p-ohmic  characteristics  if  diffused  into  GaN.  The  Cr/Ni/Au  contacts  showed 
better  contact  resistance  after  annealing  although  they  did  not  show  perfectly  linear 
characteristics.  The  Cr/Au  contacts  showed  clear  rectifying  characteristics  whether  annealed  or 
not. 


Figure  4.  Least-squares  regression  of  ohmic  contacts  on  p-GaN 

These  results  also  supported  the  hypothesis  that  the  Cr  does  not  directly  produce  ohmic 
properties  but  helps  Ni  improve  contact  resistance. 

InGaN  /  GaN  DH  LED 

The  best  p-,  and  n-GaN  ohmic  contacts  in  this  experiment  were  the  Ni/Cr/Au  and  the 
Cr/Ni/Au  contacts  respectively.  However,  we  found  that  the  alloyed  Ni/Cr/Au  contacts  could  be 
used  as  p-,  and  n-ohmic  contacts  simultaneously.  In  this  case,  the  specific  contact  resistivities  of 
p-,  and  n-GaN  were  calculated  to  be  4.5  x  10'^  Q-cm^  and  2.6  x  lO"^  Q-cm^  respectively.  We 
fabricated  Ino.isGao.gsN  /  GaN  double  hetero-structure  (DH)  LEDs  with  the  Ni/Cr/Au  ohmic 
metallization  for  both  p-,  and  n-GaN.  Individually  metallized  LEDs  were  also  fabricated  for 
comparisons.  As  shown  in  Fig.  5,  the  best  I-V  curve  was  obtained  with  the  LED  which  was  p- 
metallized  with  Ni/Cr/Au  and  n-metallized  with  Cr/Ni/Au.  The  I-V  curve  of  the  simultaneously 
metallized  LEDs  showed  higher  a  tum-on  voltage.  However,  the  I-V  characteristics  was 
comparable  to  those  of  the  LEDs  individually  metallized  with  Ni/Au  and  Ti/Al. 
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Figure  5. 1-V  Characteristics  of  InGaN/GaN  Double  Hetero¬ 
structure  LED  with  various  Ohmic  metals 


CONCLUSIONS 

In  conclusion,  we  have  developed  new  tri-layer  ohmic  contact  scheme  for  moderately  doped 
n-,  and  p-GaN.  The  low  specific  contact  resistivitiy  of  9.1  x  10'^  D-cm^  for  n-GaN  and  8.3  x  10*^ 
Q  cm^  for  p-GaN  was  obtained  using  the  Cr/Ni/Au  and  the  Ni/Cr/Au  contacts,  respectively.  We 
attribute  these  low  values  to  the  intermediate  layer  which  plays  a  certain  role  lowering  contact 
resistance.  Further  analytical  study  is  required  to  verify  our  hypothesis.  The  Ni/Cr/Au  contacts 
also  show  low  resistant  ohmic  characteristics  for  n-GaN  as  well  as  p-GaN  suggesting  the 
possibility  of  simultaneous  metallization  for  p-,  and  n-type  contacts.  We  also  fabricated  InGaN  / 
GaN  DH  LEDs  using  this  simultaneous  metallization  scheme  which  provides  cost  and  time 
effective  process. 

REFERENCES 

1.  Shuji  Nakamura,  Masayuki  Senoh,  Naruhito  Iwasa  and  Shin-ichi  Nagahama,  Jpn.  J. 
Appl.Phys.  Vol.  34  (1995)  pp.L797  -  L799 

2.  M.  A.  Khan,  J.  N.  Kuznia,  A.  R.  Bhattarai,  and  D.  T.  Oslon,  Appl.  Phys.  Lett.  82,  1786 
(1993) 

3.  M.  A.  Khan,  A.  R.  Bhattarai,  J.  N.  Kuznia,  and  D.  T.  Oslon,  Appl.  Phys.  Lett.  63,  1214 
(1993) 

4.  Zhifang  Fan,  S.  Noor  Mohammad,  Wook  Kim,  Ozgur  Aktas,  Andrei  E.  Botchkarev,  and 
Hadis  Morkoc,  Appl.  Phys.  Lett.  68,  1672  (1996) 

5.  Georg  Mohs,  Brian  Fluegel,  Harald  Giessen,  Habib  Tajalli,  and  Nasser  Peyghambarian, 
Appl.  Phys.  Lett.  67,  1515  (1995) 

6.  Shuji  Nakamura,  Masayuki  Senoh,  Shin-ichi  Nagahama,  Naruhito  Iwasa  Takao  Yamada, 
Toshio  Matsushuta,  Hiroyuki  Kiyoku,  and  Yasunobu  Sugimoto,  Appl.  Phys.  Lett.  68,  3269 
(1996) 


1065 


InN-BASED  OHMIC  CONTACTS  TO  AlInN 


S.  M.  Donovan,  *F.  Ren,  J.  D.  MacKenzie,  C.  R.  Abernathy,  S.  J.  P carton  and  +K.  Jones, 
Department  of  Materials  Science  and  Engineering,  University  of  Florida,  Gainesville,  *Bell 
Laboratories,  Lucent  Technologies,  Murray  Hill,  NJ,  +U.  S.  Army  Research  Lab,  Ft.  Monmouth, 
NJ. 

ABSTRACT 

In  order  to  maximize  the  performance  of  Ill-Nitride  devices,  it  is  necessary  to  develop 
thermally  stable  low  resistance  Ohmic  contacts  to  III-N  based  electronic  structures.  This  paper 
reports  on  the  utility  of  InN  as  an  aid  to  contact  formation  on  widegap  materials  such  as  InAlN. 
For  n-type  materials,  several  questions  relating  to  the  growth  conditions  have  been  explored. 
Specifically,  the  impact  of  substrate  type  (GaAs  vs.  Sapphire),  cap  layer  growth  temperature  and 
V/III  ratio  on  contact  resistance  has  been  investigated.  It  was  found  that  the  use  of  sapphire 
substrates  combined  with  high  growth  temperatures  (575®C)  and  high  V/III  ratios  produced 
acceptable  contact  resistances  (~10*^Ohm-cm^)  to  InAlN. 

INTRODUCTION 

III-V  nitrides  are  becoming  increasingly  important  for  the  development  of  high 
temperature  electronic  and  optical  devices  due  to  their  wide  bandgaps  and  high  saturation 
velocities’.  Before  the  performance  of  devices  such  as  metal  enhanced  semiconductor  field 
effect  transistors  (MESFETs)  or  heterojunction  bipolar  transistors  (HBTs)  can  be  optimized, 
however,  several  key  processing  issues  must  be  addressed.  Among  the  most  important  of  these 
is  the  ability  to  fabricate  low  resistance,  thermally  stable  Ohmic  contacts  to  n-type  material.  This 
is  a  critical  technology  for  III-V  nitrides. 

In  electronics  applications,  narrow  bandgaps  and/or  high  doping  levels  are  usually  needed 
in  order  to  minimize  the  resistances  arising  from  Ohmic  contacts.  In  GaAs-based  devices,  for 
example,  heavily  n-doped  InGaAs  layers  on  n-GaAs  can  be  used  to  reduce  parasitic  resistances 
as  much  as  one  order  of  magnitude  relative  to  contacts  directly  on  GaAsl  The  higher  doping  and 
smaller  bandgap  which  can  be  achieved  in  InGaAs  result  in  contact  resistances  of  ~  2  -  6  x  10"’ 
Q-cm^  vs.  ~  1  X  10‘^  n-cml  In  this  paper  we  present  a  similar  approach  to  contact  formation  to 
InAlN  using  InN  as  an  aid  to  contact  formation.  In  the  past,  InN  has  been  deposited  primarily 
using  various  sputtering^'*  or  electron  beam^  techniques  which  are  not  compatible  with  in  situ 
deposition  of  III-V  device  structures.  Grov^h  by  metalorganic  chemical  vapor  deposition'® 
(MOCVD)  and  electron  cyclotron  resonance  molecular-beam  epitaxy"  (ECR  MBE)  have  been 
demonstrated  as  well.  Here  the  advantages  of  both  techniques  are  utilized  by  electron  cyclotron 
resonance  metalorganic  molecular-beam  epitaxy  (ECR  MOMBE). 

EXPERIMENTAL 

The  samples  were  grown  on  either  (0001)  sapphire  or  semi-insulating,  (100)  GaAs 
substrates  in  an  Intevac  Gas  Source  Gen  II.  The  group  III  precursors,  dimethylethylamine  alane 
(DMEAA)  and  trimethylindium  (TMI)  were  transported  by  a  He  earrier  gas  in  order  to  avoid 
possible  hydrogen  passivation  effects.  An  Electron  Cyclotron  Resonance  plasma  source 
(Wavemat  MPDR  610)  operating  at  2.45  GHz  and  200  W  forward  power  was  used  to  provide  the 
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nitrogen  flux.  N2  flows  of  5  or  20  seem  were  used.  Growth  temperatures  for  In-containing 
layers  ranged  from  500°C  to  575°C,  while  AIN  layers  were  grown  at  700°C.  The  growth 
sequence  on  sapphire  consisted  of  a  nitridation  step  of  5  minutes  at  700°C,  followed  by  a  low 
temperature  (425°C)  AIN  nucleation  layer.  The  film  compositions  were  varied  by  altering  the 
relative  group  III  gas  flow  rates.  Electrical  transport  properties  were  obtained  from  Van  der 
Pauw  geometry  Hall  measurements  at  300  K  using  alloyed  (400°  C,  2  min)  Hgin  ohmic  contacts. 
The  compositions  of  the  calibration  samples  were  determined  by  electron  microprobe  analysis 
using  a  6  kV  beam,  and  by  powder  x-ray  diffraction  assuming  Vegard’s  law.  Surface 
morphology  was  examined  by  scanning  electron  microscopy  (SEM)  and  atomic  force 
microscopy  (AFM).  XRD  was  used  to  distinguish  between  the  wurtzite  and  zincblende  phases. 
Contact  resistances  were  measured  using  the  TLM  method  on  WSi^  contacts.  Fabricated  by 
sputtering,  WSi^  was  chosen  for  its  refractory  properties.  Two  types  of  contact  structures  were 
evaluated,  those  with  InN  contacting  regions,  and  those  without.  The  layer  structures  for  both 
are  shown  schematically  in  Figure  1.  The  graded  regions  between  the  InAlN  and  the  InN  were 
used  to  avoid  band  discontinuities  at  the  InN  and  InAlN  interface. 


InAlN 

300nm 

AIN  Buffer 

SOOnm 

Low  T  AIN 

50nm 

(OOOI)sapphlre 


InN 

50nm 

InAlN  graded  to  InN  50nnn 

InAlN 

SOOnm 

AIN  Buffer 

SOOnm 

Low  T  AIN 

50nm 

(OOOl)sapphire  or  (lOO)GaAs 


Figure  1.  Schematic  of  layer  structures  used  for  this  study. 

RESULTS  AND  DISCUSSION 

The  initial  experiments  have  been  conducted  on  InAlN  structures,  such  as  would  be  used 
in  lattice  matched  InAlN/InGaN  HEMT  devices,  using  TiWSi^  contacts.  Contact  structures 
based  on  InAlN  were  grown  with  and  vrithout  InN  connected  with  graded  interlayers.  Both 
GaAs  and  sapphire  substrates  were  investigated.  As  shown  in  Figure  2,  the  GaAs  substrates 
produce  InAlN  surface  morphologies  comparable  to  those  obtained  on  sapphire,  in  spite  of  the 
larger  lattice  mismatch  between  the  GaAs  and  the  epilayer.  As  expected  the  addition  of  the 
graded  region  and  the  InN  contact  layer  roughens  the  surface  considerably,  particularly  for  the 
structures  grown  on  sapphire.  This  is  also  observed  for  InAs  growth  on  GaAs-based  structures. 
This  roughening  typically  becomes  worse  with  increasing  In-containing  layer  thickness,  thus 
limiting  the  thickness  of  the  contacting  layer  which  can  be  used.  For  the  structures  used  in  this 
study,  with  500A  InN  layers,  the  surface  morphology  is  still  acceptable  for  metallization.  Hall 
measurements  of  InAlN  layers  gave  mobilities  of  ~5-15  cmW  s  while  InN  layers  were  -25-50 
cmW  s.  In  all  cases  the  InN  electron  concentration  was  measured  to  be  ~  1  -  3  x  10^°  cm'^  with 
InAlN  layers  measuring  an  order  of  magnitude  less. 
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Given  the  similarity  in  electrical  behavior  and  surface  morphology,  it  was  expected  that 
the  contact  resistances  would  also  be  similar  in  structures  grown  on  the  two  substrates. 
However,  as  shown  in  Table  1,  the  structures  grown  on  sapphire  produce  significantly  lower 


X  l.DOO  VM/div 
2  500.000  nN/div 


X  1.000  UM/div 
Z  500.000  HM/aiv 


(c) 


X  l.QOQ  uH/div 
2  499.999  Wdiu 

Figure  2.  AFM  scans  of  InAlN  on  either  GaAs  (a)  or  sapphire  (b),  and  the  InN/InAlN  contact 
structure  on  GaAs  (c). 

contact  resistances.  This  difference  does  not  appear  to  be  related  to  doping  level  as  the  sheet 
resistances  of  the  InN  cap  layers  do  not  appear  to  be  substantially  different  between  the  two 
substrates.  As  shown  in  Table  2,  x-ray  diffraction  studies  suggest  that  the  sapphire  grown 
material  has  slightly  better  crystallinity  as  determined  by  the  width  of  the  XRD  peaks.  This  may 
account  for  the  improved  contact.  Clearly  it  appears  that  from  the  point  of  view  of  parasitic 
resistances,  electronic  devices  fabricated  on  sapphire  will  most  likely  provide  superior 
performanee. 

Contrary  to  what  we  have  observed  for  GaN,  where  even  relatively  low  In  mole  fractions 
(Xj„  ~  0.25)  produce  significant  improvements  in  contact  resistance'^  it  was  found  that  InAlN 
contact  layers  produce  unacceptably  high  contact  resistances  even  at  low  aluminum 
concentrations  (X^i  ~  0.25).  As  shown  in  Table  1 ,  while  the  addition  of  InN  cap  layers  does 
reduce  the  resistance  relative  to  InAlN/GaAs  structures,  it  still  does  not  reach  the  level  which  can 
be  obtained  with  sapphire  and  InAlN  alone.  Interestingly  the  contact  resistance  obtained  with 
InN  layers  on  sapphire  based  structures,  while  still  better  than  comparable  layers  on  GaAs,  was 
worse  than  for  InAlN  alone  on  sapphire.  Presumably  the  poorer  contact  behavior  on  sapphire 
was  due  to  the  rougher  surface  morphologies.  It  was  found  that  by  increasing  the  nitrogen  flow 
from  5  to  20  seem  through  the  ECR  plasma  source  during  growth  of  the  InN,  the 
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Table  1.  Contact  resistance  and  rms  surface  roughness  of  films  grown  as  a  function  of  nitrogen 
flow  and  growth  temperature. 


STRUCTURE 

CONTACT 

RESISTANCE 

(Q-cm^) 

AFM  RMS 
ROUGHNESS 
(nm) 

N2  FLOW 
DURING 
InN 

GROWTH 

(seem) 

InN  GROWTH 
TEMP.  (°C) 

InAlN/AlN/Sapphire 

1.4 

5 

525 

InAlN/AlN/GaAs 

1.6 

5 

525 

InN/InAlN/AlN/Sapphire 

68.7 

5 

525 

7.0 

5 

525 

InN/InAlN/AlN/Sapphire 

3.6x10-^ 

20 

525 

InN/InAlN/AlN/Sapphire 

20 

575 

Table  2.  Primary  XRD  peaks  for  contacts  grown  on  GaAs  and  sapphire. 


STRUCTURE 

N2  FLOW 
DURING 
InN 

GROWTH 

(seem) 

InN 

GROWTH 

TEMP. 

(°C) 

PEAK 

POS. 

(degrees) 

PEAK 

ID 

FWHM 

(arcsec) 

InN/InAlN/AlN 

5 

525 

31.4 

InN(002) 

3320 

/GaAs 

36.1 

A1N(002) 

2650 

InN/InAlN/AlN 

5 

525 

31.4 

InN(002) 

1895 

/sapphire 

33.5 

InAIN 

12300 

36.1 

A1N(002) 

1420 

InN/InAlN/AlN 

20 

525 

35.9 

A1N(002) 

1910 

/sapphire 

64.7 

InN(004) 

1800 

76.2 

A1N(004) 

3700 

InN/InAlN/AlN 

20 

575 

31.4 

InN(002) 

1950 

/sapphire 

33.5 

InAIN 

17000 

36.1 

A1N(002) 

1890 

contact  resistance  and  to  a  lesser  extent  the  surface  roughness  could  be  reduced  to  values  closer 
to  those  of  InAlN  alone.  This  is  reflected  in  the  SEM  micrographs  shown  in  Figure  3.  The 
rough  surface  at  low  nitrogen  flow  may  indicate  that  growth  has  occurred  under  nitrogen 
deficient  conditions,  leading  to  the  formation  of  In-rich  regions  in  which  2D  growth  does  not 
occur.  Such  behavior  is  also  observed  in  other  In-containing  materials  such  as  InAs. 

Further  improvement  in  the  contact  resistance  was  obtained  by  increasing  the  growth 
temperature  from  525°C  to  575°C.  While  this  actually  degraded  the  surface  roughness  slightly, 
as  evidenced  by  the  AFM  mean  surface  roughness  shown  in  Table  1,  increasing  the  growth 
temperature  reduced  the  as-deposited  resistance  by  an  order  of  magnitude.  Presumably  this  is 
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Figure  3.  SEM  micrographs  of  contact  structure  grown  on  sapphire  at  525C  and  5 
seem  N2  (top),  525C  and  20  Seem  N2  (middle)  and  575C  at  20  seem  Nj  (bottom). 
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the  cause  of  the  reduced  contact  resistance  obtained  using  the  higher  growth  temperature.  The 
reason  for  this  drop  in  resistivity  is  currently  under  investigation.  The  contact  resistances 
obtained  using  this  growth  sequence  is  acceptable  for  either  digital  or  analog  operation, 

CONCLUSION 

The  ability  to  realize  the  potential  of  wide  bandgap  III-V  nitrides  for  high  performance 
electronic  and  optical  devices  lies  partly  with  the  formation  of  usetul  Ohmic  contacts.  This  can 
be  accomplished  most  easily  through  the  use  of  In-containing  materials  due  to  their  smaller 
bandgaps.  In  this  study  it  was  shown  that  by  optimizing  the  growth  temperature,  the  N2  flow 
rate,  and  the  crystallinity  (through  the  choice  of  substrate)  acceptable  contact  resistances  (~10'* 
Ohm-cm^)  to  InAlN  could  be  achieved. 
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Abstract 

The  interfaces  between  metals  and  semiconductors  are  very  crucial  to  the 
performance  and  reliability  of  solid-state  devices.  At  the  moment  information  on  the 
interfaces  between  metals  and  group  IH-nitride  semiconductors  are  very  rare.  In  this 
study,  linear  I-V  characteristics  of  titanium  and  aluminum  to  Alxlni-xN  of  three  different 
composition  (x=:0.18,  0.50,0.85)  were  obtained  exhibiting  ohmic  characteristics.  Specific 
contact  resistance  of  these  metals  to  Al.i8ln.82N  and  Al.5In.5N  was  measured  by 
transmission  line  measurement.  Interdiffusion  between  the  metals  and  the 
semiconductors,  induced  by  annealing  in  N2  ambient,  was  determined  using  RBS  and 
thermal  stability  was  evaluated. 

Introduction 

The  group  Ill-nitrides  are  promising  materials  for  semiconductor  device 
applications  in  the  blue  and  ultra-violet  (UV)  wave  region,  particularly  in  the  optical 
emission  and  data  storage  applications[l].  This  is  primarily  because  of  their  large  and 
direct  band-gaps,  which  range  from  1.9ev  to  6.2ev.  Thus  there  has  been  considerable 
amount  of  reports  on  the  growth  of  these  materials.  However,  there  has  been  few  reports 
on  metal  contacts  to  nitrides  and  metal/nitride  interactions [2,3 ,4].  The  ohmic  contact 
between  metals  and  semiconductors  are  of  great  importance  and  an  essential  part  of  all 
solid-state  device  performance.  However,  the  development  of  adequate  and  reliable 
ohmic  contacts  to  compound  semiconductors  has  met  a  number  of  challenges.  In  addition, 
thermal  stability  of  metal  contacts  plays  important  roles  in  device  performance.  In  this 
study,  the  contact  resistance  of  titanium  (Ti)  and  aluminum  (Al)  to  AlxIni.xN  (x=0.18, 
0.50,  0.85)  was  measured  and  the  thermal  stability  was  evaluated. 

Experimental 

AlxIni.xN  films  for  this  study  were  deposited  on  p-type  Si  substrate  by  magnetron 
sputtering  at  room  temperature,  using  Denton  Vacuum  Discovery  18  sputtering  system. 
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The  detail  of  the  film  preparing  is  in  elsewhere[5].  Hall  effect  measurement  was  carried 
out  by  using  a  standard  Van  der  Pauw  structure  with  indium  contacts  under  a  magnetic 
field  of  0.5T.  Electrical  characterization  of  the  contacts  was  done  using  standard 
transmission  line  measurements  (  TLM  )[6].  The  samples  were  patterned  by  standard 
photolithography  and  then  etched  down  to  the  Si  substrate  in  hot  H2PO4  to  generate  mesa 
structures  for  the  TLM  measurement.  The  contact  area  was  then  defined  by  lift-off 
technology.  Metal  pads  of  dimensions  200  pm  wide  and  100  pm  long  were  deposited  by 
sputtering  with  Ar  gas.  The  base  pressure  was  2*10'^  Torr.  The  purity  of  Ti  and  A1  target 
is  99.95%  and  99.999%,  respectively.  I-V  measurement  was  carried  out  by  injecting  up  to 
100mA  with  a  current  source  and  measuring  the  voltage  across  the  contact  with  an 
electrometer.  A  four  point  probe  arrangement  was  used  to  eliminate  the  probe  contact 
resistance.  Samples,  before  and  after  annealing,  were  characterized  by  2MeV 
Rutherford  backscattering  spectroscopy  (RBS)  to  profile  the  interdiffusion/interface 
reaction  between  the  metals  and  the  nitrides.  X-ray  diffraction  was  also  used  to  evaluate 
the  interface  diffusion  and  reaction  products. 


Results 

Three  A^Ini-xN  alloy  films  with  different  Al/In  ratio  were  used  in  this  study. 
Carrier  concentration,  measured  by  Hall  effect  measurement,  as  well  as  composition  and 
film  thickness  of  these  Aklni.xN  alloys  were  listed  in  table  1. 


Table  1  Composition,  film  thickness  and  carrier  concentration  of  AlxIni.xN 


sample  No, 

composition  (x) 

thickness  (pm) 

carrier  concentration  (cm'^) 

1 

0.18 

1.14 

3.64*10^' 

3 

0.50 

1.23 

6.55*10^° 

5 

0.85 

1.29 

4.64*10'^ 

Electrical  properties  of  Ti  and  A1  contacts  on  AlxIni.xN  were  evaluated  using 
standard  transmission  line  measurement.  The  metal  contact  size  is  200pmx  100pm  and 
the  thickness  is  about  2000A.  The  I-V  characteristics  of  Ti  and  A1  contacts  on  A1  igin  82N 
was  shown  in  figure  1.  The  I-V  curves  are  linear  both  for  Ti  and  A1  contacts  indicative  of 
Ohmic  behavior  between  the  metals  and  the  AlxIn^xN  films..  Figure  1  (b)  showed  a  plot 
of  the  total  resistance  Rj  measured  between  metal  contacts  as  a  function  of  the  contact 
spacing  between  them.  Three  parameters,  sheet  resistance  (pc),  contact  resistance  (Re), 
and  transfer  length  (Lj),  were  extracted  from  a  least-squares  interpolation  line  of  these 
data.  The  values  of  specific  contact  resistance  were  then  derived  from  these  parameters 
using: 

=  R^ZLj  X  tanh(— ) 
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Current  (mA) 


Voltage  (V) 


Figure  1. 1-v  characteristics  of  Ti  or  Al/ 
Al,i8ln.g2N  contacts. 


Figure  2.  Total  resistance  Rt  measured 
between  Ti  or  Al  contacts  pads  in  the  TLM 
structure  as  a  function  of  the  contact 
separation  for  Al,i8ln.82N. 


The  contact  resistance  of  Ti  and  Al  to  Al.i8ln.82N  were  both  pretty  low,  aboutlO'^flcm^. 
These  values  decreased  after  annealing  at  300°C  and  500°C  for  2  minutes,  which  were 
listed  in  Table  2,  indicative  of  interface  modification. 


Table  2.  Specific  contact  resistance  of  Ti  and  Al  to  Al.i8ln,82N 


”  Al . 

as-deposited 

238*10-5 

300“C/2min 

1.95*  10'^ 

2.19*10’^ 

500“C/2niin 

1.82*10'^ 

9.66*10’^ 

Interdiffusion  at  the  metal/nitride  interface  was  mornitored  using  2  MeV  He+  ion 
backscattering  spectrometry  (  RBS  ).  The  measurements  were  performed  on  these 
samples  before  and  after  annealing.  Figure  2  showed  the  RBS  spectrum  of  Ti/Al,i8ln,82N 
sample.  It  was  clearly  shown  in  the  figure  that  in  the  as-deposited  condition  the  In 
leading  edge  is  depressed  from  1.74  ev  to  1.48ev  by  the  top  Ti  layer.  No  In  signal  was 
detected  beyond  1 .48  ev  before  annealing.  After  300°C  annealing,  however,  signals  from 
In  were  showing  beyond  1.48  ev,  indicating  In  atoms  from  the  Al,i8ln,82N  layer  diffused 
into  the  Ti  top  layer.  After  annealing  at  500°C  for  2  minutes  a  complete  In  peak  was 


1075 


formed  with  leading  edge  at  1.74ev,  which  means  the  In  atoms  diffused  very  fast, 
reaching  the  top  surface  of  2000A  thick  Ti  layer  in  a  very  short  time.  RBS  detected  the 
same  for  the  AI/Al.i8ln,82N  sample:  no  In  signal  was  detected  beyond  1.64ev,  which  is  the 
dn  leading  edge  depressed  by  the  A1  top  layer.  After  annealing  at  300°C  for  2  minutes,  In 
diffused  into  A1  metal  layers,  showing  In  signals  beyond  1.64  ev  in  RBS.  Further 
annealing  at  500°C  for  2  minutes  showed  significant  out  diffused  of  In  segregation  to  the 
surface.  No  extra  peak  was  detected  by  XRD  after  annealing  2  minutes  suggesting  no 
reaction  product  was  formed.  ,  , 


Channel 

Figure  3.  RBS-spectra  of  the  Ti/Al.i8ln.82N  contact  before  and  after  annealing  at  300°C 
and  500°C  for  2  minutes. 

I-V  curves  of  Ti  and  A1  contacts  to  Al.sIn.sN  were  also  linear  as  those  to 
Al.isIn.giN,  except  the  values  of  resistance  are  higher.  Table  3  listed  the  specific  contact 
resistance  calculated  using  TLM  method.  These  values  for  Ti/  Al.sIn.sN  and  Al/  Al.sIn.sN 
contacts  are  very  close  to  each  other  and  are  two  orders  of  magnitude  higher  than  those  of 
Ti/Al.i8ln.82N  and  AI/Al.i8ln.82N  contacts.  After  annealing  at  300°C  and  500°C  the 
contact  resistance  decreased.  RBS  measurements  were  also  performed  on  these  samples. 
No  In  out  diffusion  into  the  top  metal  layer  were  detected  in  these  samples  until  annealed 
at  500°C,  but  the  amount  was  much  less  than  those  in  Ti/Al.i8ln,82N  and  Al/Al.i8ln.82N. 
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For  the  Ti/Al.gsIn.isN  and  Al/  AI.gsIn.isN  contacts  the  I-V  curves  measured  are 
linear  before  and  after  annealing,  indicating  ohmic  characteristics.  However,  the  total 
resistance  is  not  sensitive  to  the  changing  of  contact  spacing.  The  Rt  versus  contact 
spacing  was  plotted  as  a  flat  horizontal  line,  thus  make  it  impossible  to  calculate  the 
specific  contact  resistance  using  the  TLM  method.  No  change  was  detected  by  RBS  in 
those  samples  after  annealing  up  to  5(K)°C  for  2  minutes. 

Conclusion 

Titanium  and  aluminum  contacts  to  three  AlxIni.xN  alloy  films  were  evaluated. 
The  I-V  characteristics  of  both  metals  are  linear,  indicating  that  Ti  or  Al  contact  to  the 
AlxIni-xN  is  ohmic.  The  specific  contact  resistance  values  of  Ti  to  Al.i8ln.82N  or 
Al.i8ln.82N  were  similar  to  those  of  Al  contacts.  Those  values  were  reduced  upon  heat 
treatment  at  300'’C  and  500°C.  Significant  indium  out  diffusion  occured  in  Ti  or 
Al/Al.i8ln.82N  contacts  after  annealing,  indicative  of  unstable  interfaces.  Segregation  of 
indium,  out  of  the  Al.5In.5N  ,  into  the  Ti  or  Al  metal  layer  were  also  observed  by  RBS. 
The  contact  resistance  was  much  higher  for  the  Ti  or  Al/  Al.85In.15N  contact  than  those 
observed  for  other  compositions.  No  evidence  of  diffusion  in  Ti  or  Al/Al.gshi.isN  samples 
after  annealing  up  to  500°C  for  2  minutes. 
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ABSTRACT 

A  variety  of  metal  films  deposited  at  room  temperature  have  been  found  to  grow  epitaxially 
under  conventional  vacuum  conditions  on  GaN  grown  by  metalorganic  vapor  phase  epitaxy  on 
sapphire  substrates.  The  metal  films  have  been  characterized  by  X-ray  diffraction  using  a  thin- 
film  Read  camera  and  by  MeV  ion  channeling  measurements.  Lattice  mismatch  between  the 
epitaxial  metals  and  the  GaN  basal  planes  ranges  from  ~  0.2%  to  ~  22%,  and  does  not  appear  to 
be  the  determining  factor  in  the  epitaxy  reported  here.  Surface  structure  of  the  epitaxial  metal 
films  has  been  studied  by  atomic  force  microscopy  and  found  to  differ  considerably  from  that  of 
nonepitaxial  metal  films  grown  on  similar  GaN  substrates. 

INTRODUCTION 

GaN-based  materials  have  been  the  subject  of  intensive  research  recently  for  blue  and 
ultraviolet  light  emission  [1]  and  high  temperature/high  power  electronic  devices  [2-4].  For 
device  applications,  control  of  metal/semiconductor  interface  quality  is  important;  ideally, 
metal/semiconductor  interfaces  should  be  inert,  epitaxial,  oxide  and  defect-free,  and  atomically 
smooth.  While  the  epitaxy  of  metal  films  on  GaAs  and  other  III-V  semiconductors  has  been 
studied  extensively  [5],  studies  of  metal  epitaxy  on  GaN  have  been  rare.  For  GaAs  and  other 
common  III-V  semiconductors,  a  thin  oxide  layer  (several  to  tens  of  A)  grows  rapidly  on  the 
surface  when  exposed  to  air  [6],  necessitating  in-situ  cleaning  of  GaAs  surfaces  under  ultra 
high  vaeuum  (UHV)  conditions  for  the  epitaxial  growth  of  metal  films  [5].  For  GaN,  an  in-situ 
cleaning  method  under  UHV  has  been  developed  [7]  and  used  in  the  growth  of  thin  A1  and  Ni 
films  on  GaN  (0001)  substrates  [8,  9].  Epitaxy  of  Sc  films  on  GaN  with  a  thin  ScN 

intermediate  layer  formed  at  high  temperatures  (645  °C  and  above)  has  been  reported  [10]. 
Recently,  we  have  found  that  Pd,  Ni,  and  Pt  can  be  deposited  epitaxially  on  GaN  substrates 
grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  [11].  The  metal  films  were  deposited  on 
GaN  substrates  cleaned  only  by  acid-etehing,  and  in  a  conventional  e-beam  evaporation  system 
without  in-situ  cleaning  under  UHV. 

In  this  paper,  we  report  studies  of  the  epitaxy  of  a  wide  range  of  metals  on  GaN.  While 
most  of  the  metal  films  we  have  investigated  so  far  can  be  grown  epitaxially  on  GaN,  two 
metals  -  Ag  and  Cr  -  consistently  grow  nonepitaxially  on  GaN.  The  epitaxial  quality  of  the  metal 
films  was  characterized  by  X-ray  diffraction  using  a  thin-film  Read  camera  and  MeV  ion 
channeling  measurements.  The  surface  structure  of  the  epitaxial  metal  films  was  studied  by 
atomic  force  microscopy  (AFM)  and  compared  with  that  of  the  nonepitaxial  metal  films. 

EXPERIMENTAL 

GaN/AlN/sapphire  structures  used  in  this  study  were  produced  in  a  horizontal  metalorganic 
vapor  phase  epitaxy  (MOVPE)  system.  The  layer  structures  and  growth  system  have  been 

described  in  detail  elsewhere  [12].  The  thickness  of  the  GaN  layers  was  about  3  |Llm,  and  full 
width  at  half  maximum  of  the  double-crystal  X-fay  rocking  curve  was  about  330  arcsec.  For 
deposition  of  metal  films,  GaN  samples  were  first  cleaned  using  organic  solvents.  Acid  etching 
was  then  performed  to  clean  the  GaN  surfaces,  followed  by  loading  in  a  conventional 
evaporation  chamber  equipped  with  dry  pumping,  yielding  a  base  pressure  of  -  2x10-8  Torr. 
Metal  films  other  than  A1  were  e-beam  deposited  on  GaN  surfaces  at  an  evaporation  rate  of 
about  2  A/sec  in  a  vacuum  of  -1x10-'^  Torr  during  evaporation.  The  thickness  of  the  metal  films 
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GaN(0002)  Pd  (111) 

Figure  1 .  X-ray  diffraction  pattern  from  a  Read  camera  of  a  Pd/GaN  sample  where  the 
GaN  substrate  was  etched  in  HChHjO.  The  X-ray  diffraction  spots  form  G^  (0002)  and 
Pd  (111)  planes  are  marked  by  the  arrows,  respectively.  The  other  diffraction  spots  are 
due  to  the  sapphire  substrate. 

was  ~  1000  A.  A1  films  were  deposited  on  GaN  with  a  deposition  rate  of  0.26  A/sec  in  an  MBE 
system,  in  which  the  base  pressure  was  ~  1x10  Torr.  All  metal  films  were  deposited  at  room 
temperature.  MeV  '^He'*"  backscattering  and  channeling  techniques  in  conjunction  with  an  X-ray 
thin-film  Read  camera  were  used  to  evaluate  the  deposited  metal  films  on  GaN.  AFM  in  the 
tapping  mode  was  used  to  study  the  nanoscale  surface  structure  of  the  GaN  layers  and  the  metal 
films. 

RESULTS  AND  DISCUSSION 

Figure  1  shows  the  X-ray  diffraction  pattern  from  a  Read  camera  at  a  glancing  incidence 
angle  of  12°  for  a  Pd/GaN  sample  where  the  GaN  surface  was  cleaned  in  HCkHjO  prior  to 
metal  deposition.  The  epitaxial  nature  of  the  Pd  film  is  demonstrated  vividly  by  a  single  extra 
spot  from  the  Pd  (1 1 1)  planes  shown  in  Fig.  1 

Epitaxy  of  the  Pd  film  has  also  been  confirmed  by  MeV  ion  channeling  measurements. 
Figure  2  shows  the  random  and  <1 11>  aligned  backscattering  spectra  of  the  same  Pd/GaN 
sample  used  in  Fig.  1.  The  epitaxial  nature  of  the  Pd  film  can  be  seen  from  the  reduced 
channeling  yield  compared  to  the  random  yield  of  the  sample.  The  epitaxial  quality  of  the  film 

improves  from  the  film/GaN  interface  to  the  film  surface  with  the  lowest  channeling  yield, 
of  -  19%  occurring  near  the  surface;  this  improvement  in  epitaxy  is  commonly  observed  in 
lattice-mismatched  systems  [13].  For  Pd/GaN  samples  where  the  GaN  surfaces  were  cleaned  in 

HF;  HjO,  Xmm  is  also  ~  19%.  It  is  worth  noting  that  the  epitaxy  of  Pd  films  was  achieved 
without  an  in-situ  cleaning  procedure,  indicating  the  uniqueness  of  the  GaN  surface  compared 
with  other  III-V  semiconductor  compounds.  This  seems  to  suggest  that  after  the  GaN  surface 
has  been  cleaned  by  acid-etching,  the  presence  of  oxides  and/or  other  contaminants  should  be 
minimal,  and  that  native  oxides  do  not  grow  rapidly  on  the  GaN  surface  during  the  time  (less 
than  30  minutes)  required  to  load  the  samples  in  the  vacuum  deposition  chamber  [11].  Auger 
studies  have  shown  that  acid-etching  can  remove  part  of  the  oxides  and  carbon  contaminants  on 
unetched  GaN  surfaces  [14].  However,  these  studies  also  revealed  the  presence  of  oxygen  and 
carbon  on  acid-etched  GaN  surfaces  [14],  i.e.,  the  acid-cleaned  GaN  surfaces  are  not  atomically 
clean.  Despite  this,  metal  epitaxy  on  GaN  is  achieved  under  conventional  vacuum  evaporation 
conditions. 

Auger  studies  have  shown  that  HChH^O  is  almost  as  effective  as  HFiHjO  in  removing  the 
oxides  and  carbon  contaminants  [14].  It  is  interesting  to  note  that  the  epitaxial  quality  of  our  Pd 
films  deposited  on  GaN  cleaned  by  HClrHjO  is  almost  the  same,  as  determined  by  channeling 
yield,  as  for  Pd  deposited  on  GaN  cleaned  by  HFiHjO.  We  have  determined  that  boiling  aqua 
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Figure  2.  Random  and  <1 1 1>  (Pd)  aligned  spectra  of  the  Pd/GaN  sample  used  in  figure 
1 .  The  circles  represent  the  random  spectrum,  and  the  triangles  depict  the  channeling 
spectrum.  The  incident  beam  energy  of  “He^  ions  was  2,0  MeV  with  a  detector  angle  at 

168^ 

regia  is  more  effective  than  either  HC1:H20  or  HF:  HjO  in  cleaning  the  GaN  surfaces  [11],  and 
this  has  become  our  standard  cleaning  solution  for  GaN  in  our  laboratory  whenever  possible. 

Epitaxy  of  Metal  Films  on  GaN  -  Lattice  Mismatch 

A  variety  of  other  metal  films  have  also  been  investigated  for  epitaxy  on  GaN.  Table  1 
shows  a  summary  of  our  results.  Epitaxy  is  achieved  for  Au,  Al,  Pt,  Pd,  Ni,  Hf,  and  Ti 
deposited  on  GaN,  but  not  for  Ag  and  Cr.  Au,  Pt,  Pd  and  Ni  have  a  large  barrier  height  (~  1 
eV)  on  n-GaN,  and  are  candidates  for  Schottky  contacts;  Al,  Ti,  and  Hf  have  low  barrier  height 
on  n-GaN,  and  are  candidates  for  ohmic  contacts  [15].  The  epitaxy  of  these  metals  on  GaN 
under  conventional  vacuum  conditions  suggests  that  a  relatively  clean  interface  between  metal 
contacts  and  GaN  can  be  easily  obtained,  resulting  in  better-controlled  contact  properties,  which 
should  have  significant  impact  on  nitride  contact  technology.  For  the  metals  with  face-center- 
cubic  (FCC)  structure  such  as  Au,  Al,  Pt,  Pd  and  Ni,  the  (1 1 1)  planes  of  the  metal  films  match 
the  basal  planes  of  GaN;  for  the  metals  with  hexagonal  structure  such  as  Hf  and  Ti,  the  basal 
planes  of  the  metal  films  match  the  basal  planes  of  GaN.  In  heteroepitaxy,  lattice  mismatch  is 
usually  a  very  important  factor.  Small  lattice  mismatch  generally  leads  to  improved  epitaxial 


Table  1.  A  survey  of  metal  epitaxy  on  GaN 


Metal 

Crystal  Structure 

Mismatch  to  GaN  basal  plane 

Ag 

FCC 

9.41% 

No 

Au 

FCC 

9.57% 

Yes 

Al 

FCC 

10.21% 

Yes 

Pt 

FCC 

13.00% 

Yes 

Pd 

FCC 

13.74% 

Yes 

Ni 

FCC 

21.86% 

Yes 

Hf 

hexagonal 

-0.18% 

Yes 

Ti 

hexagonal 

7.48% 

Yes 

Cr 

BCC 

13.86% 

No 
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quality.  As  shown  in  Table  1,  the  lattice  mismatch  between  the  metal  films  and  the  basal  plane 
of  GaN  ranges  from  as  small  as  ~  0.2%  for  Hf  to  as  large  as  ~  22%  for  Ni.  However,  the 
epitaxial  quality  of  these  metal  films  does  not  appear  to  correlate  with  the  degree  of  lattice 
mismatch. 

Surface  Morphology  of  Epitaxial  and  Nonepitaxial  Metal  Films 

AFM  studies  have  provided  insight  into  the  role  of  initial  GaN  surface  quality  on  film 
growth  and  detailed  information  concerning  the  surface  structure  of  epitaxial  metal  films.  We 
have  found  that  epitaxial  metal  growth  occurs  only  on  microscopically  flat  GaN  surfaces  on 
which  atomically  flat  terraces,  typically  hundreds  of  A  in  width,  are  discernible  by  AFM  [16]. 
Furthermore,  the  surface  morphologies  of  epitaxial  and  nonepitaxial  metal  films  are 
considerably  different.  AFM  images  of  a)  Pd,  b)  Au,  c)  Al,  and  d)  Ag  films  on  GaN  are  shown 
in  Figure  3.  The  Pd,  Au,  and  Al  films  on  GaN  are  epitaxial,  but  the  Ag  film  is  not.  In  the  case 
of  Al,  epitaxial  islands  with  a  characteristic  hexagonal  geometry  are  present,  with  the  island-like 
epitaxial  structures  separated  by  shallow  trenches  (~40  A  in  depth)  with  an  overall  RMS  surface 
roughness  of  ~  12A.  Somewhat  similar  structure  is  observed  for  Pd  and  Au:  epitaxial  islands 


Figure  3.  l|LLmxl|J.m  AFM  images  of  metal  films  on  GaN:  a)  epitaxial  Pd  films,  b)  epitaxial  Au 
films,  c)  epitaxial  Al  films,  and  d)  non-epitaxial  Ag  films. 


1082 


with  a  more  limited  degree  of  hexagonal  symmetry,  separated  by  shallow  trenches,  are  still 
observed,  but  the  islands  are  more  granular;  the  overall  RMS  surface  roughness  is  ~  I2A, 
essentially  the  same  as  for  the  A1  films.  In  the  case  of  Ag,  there  is  no  apparent  grain  structure, 
and  the  surface  is  much  rougher  (with  an  overall  RMS  surface  roughness  of  22  A)  than  that  of 
the  epitaxial  metal  films.  It  should  be  noted  that  the  surface  morphology  of  the  GaN  substrates 
used  in  this  study  is  very  uniform;  the  larger  surface  roughness  of  the  Ag  film  compared  with 
the  other  epitaxial  films  therefore  is  associated  entirely  with  the  metal. 

SUMMARY 

A  variety  of  metal  films  deposited  at  room  temperature  have  been  found  to  grow  epitaxially 
on  certain  GaN  layers  under  conventional  vacuum  conditions.  These  epitaxial  films  include 
candidates  suitable  for  both  Schottky  contacts  and  ohmic  contacts  on  n-GaN,  and  could  have  a 
significant  impact  on  nitride  contact  technology.  Lattice  mismatch  between  the  epitaxial  metals 
and  the  GaN  basal  planes  ranges  from  less  than  1%  to  ~  22%,  and  does  not  seem  to  be  the 
determining  factor  in  the  epitaxy  reported  here.  The  surfaces  of  the  epitaxial  metal  films 
typically  have  island-  or  mesa-like  structure  with  readily  apparent  hexagonal  symmetry,  as 
determined  by  AFM,  and  are  smoother  than  those  of  the  nonepitaxial  metal  films  deposited  on 
the  same  GaN  substrates. 
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ABSTRACT 

We  have  studied  the  fabrication  of  Pt/Au  Schottky  diodes  on  n-type  GaN.  We  show  that 
the  electrical  characteristics  of  the  diodes  are  strongly  dependent  on  the  surface  chemical 
treatment  before  the  metal  deposition.  Lowest  leakage  currents  were  obtained  by  the  use  of  a 
HCl  solution.  We  also  show  that  annealing  the  diode  at  a  moderate  temperature  (400°C)  leads 
to  reduced  reverse  currents.  In  order  to  explain  these  results,  we  measured  the  density  of  deep 
levels  in  the  Schottky  diode  depletion  region  before  and  after  the  annealing  process.  We  did  not 
observe  any  significant  difference  in  the  bulk  density  of  defects  due  to  the  anneal.  We  also 
studied  the  temperature  dependence  of  the  reverse  currents  and  found  a  low  activation  energy. 
Our  results  are  interpreted  in  terms  of  electrical  defects  at  the  metal-GaN  surface. 

INTRODUCTION 

GaN  related  materials  have  already  demonstrated  a  very  high  potential  for  opto-electronic 
applications.  Very  efficient  blue  LED’si  and  even  blue  LASER’sZ  have  been  fabricated.  High 
power  and  high  temperature  field  effect  transistors 3,4  have  also  been  shown  to  be  competitive 
with  devices  based  on  other  materials.  However,  some  physical  properties  in  GaN  still  remain 
unclear.  Among  them,  the  electrical  properties  of  GaN  surfaces  and  interfaces  with  metals  have 
not  yet  been  fully  investigated.  We  present  here  a  study  of  Schottky  diodes  on  n-type  GaN  and 
we  show  the  importance  of  surface  related  defects  for  the  electrical  characteristics  of  the  diodes. 

SURFACE  PREPARATION 

The  GaN  layers  used  here  are  grown  by  metal  organic  vapor  phase  epitaxy5,6.  They  are 
around  2  p,m  thick.  Although  undoped,  they  show  an  n-type  conductivity  with  electron 
densities  in  the  range  of  10i7cm-3.  The  X-ray  diffraction  on  these  layers  shows  intense  peaks 
with  a  width  of  300-400  arcs.  The  low  temperature  photoluminescence  is  dominated  by  a 
bound  exciton  with  linewidths  in  the  range  of  5  to  8  meV.  The  dislocation  density  is  between 
109  and  1010  cm -2.  On  the  surface,  very  few  morphological  defects  (nanopipes...)  can  be 
observed  and  the  roughness  is  of  the  order  of  1  nm. 

Devices  were  fabricated  by  the  following  process:  First,  the  ohmic  contact  was  defined  by 
optical  lithography.  Ti/Al  was  evaporated  and  annealed.  Second,  the  Schottky  diode  was 
defined  by  lithography  to  form  100x100  jim  squares  surrounded  by  the  ohmic  contact.  The 
surface  was  prepared  by  different  chemical  treatments.  We  report  here  the  effect  of  NH3  (10%): 
H2O  (90%)  and  HCl  (50%):  H2O  (50%)  solutions.  Although  aqua  regia  is  known  to  efficiently 
clean  the  GaN  surface?,  it  was  not  used  here  as  it  also  etches  the  photoresist.  The  sample  was 
dipped  in  the  solution  for  roughly  15  s  and  then  rinsed  in  deionized  water.  Then,  the  Schottky 
diode  (1000  A  Pt  /lOOO  A  Au)  was  evaporated  in  a  vacuum  system.  The  pressure  before  the 
evaporation  was  in  the  range  of  10-6  Torr.  Finally,  some  diodes  were  annealed  at  various 
temperatures  under  a  N2  flux.  Figure  1  shows  the  electrical  characteristics  of  the  Schottky 
diode  with  and  without  chemical  treatment  of  the  surface.  Let  us  mention  that  all  these  diodes 
were  annealed  at  400°C,  We  clearly  observe  the  reduction  of  reverse  currents  when  going  from 
the  untreated  to  the  NH3  and  HCl  treated  samples.  The  forward  current  curve  is  shifted 
towards  larger  voltages  indicating  a  larger  effective  barrier  height.  The  linear  range  (in  log 
scale)  in  forward  bias  is  also  increased  in  these  samples  up  to  6  orders  of  magnitude  in  the  case 
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of  the  NH3  treatment  and  would  be  even  larger  for  the  HCl  surface  preparation  if  we  could 
measure  the  current  below  1  pA .  The  ideality  is  around  1.25  for  the  three  diodes.  In  this  latter 
sample,  the  reverse  current  is  as  low  as  5  pA  (5x10-8  Acm-2)  at  -2V  and  8  nA  (8x10-5  Acm-2) 
at  -40V.  The  saturation  current  extrapolated  from  the  linear  part  (in  log  sc^e)  of  the  forward 
current  was  measured  as  a  function  of  temperature.  We  found  an  exponential  dependence  on 
the  inverse  temperature.  From  the  value  of  the  activation  energy  and  taking  the  ideality  factor 
into  account,  we  calculated  Schottky  barrier  heights  equal  to  0.69,  0.81  and  1.01  eV  for  the 
untreated,  the  NH3  and  the  HCl  treated  diodes  respectively.  The  capacit^ce  C  as  a  function  of 
voltage  was  also  measured  on  these  diodes.  The  electrostatic  barrier  height  deduced  from  the 
extrapolation  of  1/C2  was  in  the  range  of  1  eV  for  all  diodes,  in  agreement  with  values  found  in 
the  literatures.  Hence,  in  the  HCl  cleaned  diode,  the  barrier  height  deduced  from  transport 
measurements  agrees  with  the  electrostatic  value,  while  in  the  other  diodes  it  is  much  l^er 
than  the  electrostatic  value.  This  has  to  be  related  to  the  improved  characteristics  in  the  HCl 
cleaned  sample  and  will  be  interpreted  later  on. 


Voltage  (V) 

Figure  1:  Current- voltage  characteristics  of  Schottky  diodes  on  n-type  GaN  for  different 
surface  preparations.  All  diodes  were  annealed  at  400°C  for  10  min. 


EFFECT  OF  ANNEALING  ON  THE  ELECTRICAL  CHARACTERISTICS 

The  Schottky  diodes  were  annealed  at  various  temperatures  from  200°C  to  600°C  for 
10  min.  The  electrical  characteristics  were  measured  and  we  found  that  the  reverse  current  was 
strongly  reduced  for  annealing  temperatures  up  to  400°C  while  a  degradation  was  observed  for 
higher  temperatures.  The  forward  current  curve  was  shifted  to  larger  voltages,  which  can  be 
interpreted  as  an  increase  of  the  barrier  height.  The  improvement  due  to  the  annealing  was 
observed  in  all  samples.  However,  the  effect  was  larger  in  samples  with  larger  reverse  leakage 
currents  before  the  annealing.  Figure  2  shows  the  case  for  the  NH3  treatment.  The  voltage  shift 
in  forward  current  is  of  the  order  of  0.1  eV.  The  electrostatic  Schottky  barrier  height  deduced 
from  C(V)  measurements  was  found  to  increase  by  roughly  0.15  eV  on  this  sample.  One  thus 
deduces  that  the  Schottky  barrier  height  increases  by  0.1-0.15  eV.This  increase  accounts  for 
part  of  the  reduction  of  the  reverse  current.  However,  a  factor  of  5  to  10  of  the  reverse  current 


1086 


decrease  cannot  be  accounted  for  by  the  barrier  increase  and  is  likely  to  be  related  to  a  reduction 
in  the  density  of  electrical  defects  at  the  interface.  We  must  also  keep  in  mind  that  the  Fermi 
level  at  metal/semiconductor  interfaces  may  be  pined  by  defects  and  a  modification  of  their 
density  may  change  the  pinning  thus  resulting  in  a  Schottky  barrier  height  change.  Let  us 
mention  that  we  obtained  similar  results  with  other  metals  such  as  Cr  which  indicates  that  the 
nature  of  the  metal  does  not  play  a  major  role  in  this  characteristics  improvement  by  thermal 
annealing.  Moreover,  a  decrease  of  reverse  currents  related  to  an  increase  of  the  barrier  height 
with  annealing  has  also  been  reported  in  Ti  on  n-GaN  Schottky  diodes^. 


Voltage  (V) 

Figure  2:  Current-voltage  characteristics  of  a  Schottky  diode  on  n-type  GaN  before  and  after 
the  annealing.  The  GaN  surface  was  cleaned  in  an  NH3  solution  before  metallization. 

In  the  case  of  HCl  treatment,  the  effect  of  annealing  was  to  reduce  the  reverse  currents  with 
almost  no  voltage  shift  of  the  forward  current  This  shows  that  the  reverse  current  is  not  fully 
controlled  by  the  barrier  height  but  rather  due  to  parasitic  conduction  paths  related  to  interface 
defects.  In  addition,  the  ide^ity  factor  of  the  diode  is  reduced  from  1.84  before  annealing  to 
1.25  after  annealing.  This  evolution  is  in  agreement  with  conduction  dominated  by  defects 
(even  in  forward  bias)  before  annealing  and  a  more  intrinsic  thermionic  emission  after 
annealing. 

ELECTRICAL  DEFECTS  IN  THE  BULK 

The  presence  of  defects  in  the  vincinity  of  the  Schottky  barrier  can  be  studied  by  different 
means.  Deep  Level  Transient  Spectroscopy  in  n-type  Schottky  diodes  allows  investigation  of 
electron  traps  lying  in  the  first  0.5  eV  below  the  conduction  band.  On  the  NH3  treated  sample, 
we  found  two  levels  at  0.18  and  0.46  eV  with  concentration  in  the  10-15  cm-3  range  before  or 
after  the  annealing.  In  order  to  measure  deeper  levels,  we  had  to  use  optical  excitation. 
Therefore,  we  performed  Deep  Level  Optical  Spectroscopy  on  these  samples.  A  forward  bias 
(0.5  V)  pulse  is  applied  for  a  short  time  (Is).  Traps  in  the  diode  depletion  region  are  thus  filled 
with  electrons.  TTien,  a  reverse  bias  (-1  V)  is  applied  while  the  sample  is  illuminated  with  a 
monochromatic  light  (Xe  lamp  filtered  by  a  monochromator).  The  capacitance  is  measured  as  a 
function  of  time  and  is  found  to  increase  indicating  that  electrons  are  emitted  from  traps.  As  the 
incident  optical  power  is  low,  the  capacitance  transient  occured  on  a  long  time  scale  (1  min). 
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The  measurement  was  done  at  low  temperature  (77  K)  in  order  to  reduced  the  thermal  emission 
and  verified  that  the  capacitance  transient  in  the  dark  after  1  min  was  not  measurable.  Thus,  the 
capacitance  transient  with  illumination  is  proportional  to  the  density  of  all  the  states  that  can  be 
emptied  by  the  optical  excitation.  It  is  important  to  recall  that  for  photon  energies  larger  than 
half  the  band  gap  energy,  electron  emission  from  traps  toward  the  conduction  band  coexists 
with  hole  emission  toward  the  valence  band  so  that  traps  cannot  be  completely  emptied 
anymore.  As  a  result,  the  apparent  integrated  density  of  states  may  differ  from  the  real  one  for 
photon  energies  larger  than  Eg/2,  i.e.  1.75  eV.  In  order  to  investigate  a  possible  change  in  the 
defect  density  with  annealing,  we  measured  the  NH3  cleaned  sample  before  and  after 
annealing.  In  this  diode,  the  effect  of  annealing  was  a  reduction  of  the  reverse  current  by  a 
factor  500.  The  comparison  between  DLOS  spectra  before  and  after  annealing  is  presented  in 
Fig.  3.  We  observe  that  the  spectra  are  very  similar  to  each  other  which  indicates  that  the 
density  of  defects  in  the  bulk  below  the  GaN-metal  interface  is  not  changed  by  the  annexing. 
Thus,  both  the  DLTS  and  DLOS  show  that  the  reverse  current  reduction  due  to  the  annealing  is 
not  related  to  a  reduction  of  the  density  of  electrical  defects  in  the  volume. 


1.0  1.5  2.0  2.5  3.0  3.5 

Energy  (eV) 

Figure  3:  DLOS  spectra  in  Schottly  diode  on  n-GaN  before  and  after  the  annealing.  The  surface 
of  this  diode  was  cleaned  in  an  NH3  solution. 


INTERFACIAL  DEFECTS 

The  reverse  current  in  the  NH3  cleaned  sample  was  studied  as  a  funtion  of  temperature. 
Before  annealing,  the  curent  was  found  to  be  exponentially  dependent  on  the  inverse 
temperature  as  shown  in  Fig.  4  for  V=  -0.5  V.  The  activation  energy  below  240  K  is  0.16  eV 
while  it  is  0.23  eV  between  240  and  300  K.  Thus,  at  room  temperature,  the  transport  is 
dominated  by  a  parasitic  path  with  a  low  activation  energy  Ea-  This  is  particularly  true  for 
reverse  bias  (Ea=  0.23  eV)  but  also  for  forward  bias  as  the  Schottky  barrier  height  deduced 
from  the  forward  current  (Ea=  0.69  eV)  is  much  smaller  than  the  electrostatic  value.  These  low 
activation  energies  are  not  intrinsic  but  are  due  to  defect  levels  in  the  band  gap.  Their  density  is 
reduced  by  the  chemical  surface  treatment  and  by  the  annealing.  All  our  results  suggest  that  the 
most  important  defects  for  the  Schottky  diode  are  interface  defects.  We  cannot  rule  out  that 
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these  defects  are  the  same  as  in  the  bulk.  However,  they  can  be  efficiently  removed  from  the 
surface  by  chemical  cleaning  or  annealing  while  bulk  defects  cannot  It  has  been  reported  that 
the  presence  of  oxygen  on  the  surface  may  lead  to  the  formation  of  a  thin  oxide  lo.  Different 
groups  are  mentioning  a  chemical  treatment  of  the  GaN  surface  in  the  Schottky  diode 
fabrication  in  order  to  remove  a  possible  oxideifi^.  Qur  results  are  in  agreement  with  the 
presence  of  such  an  oxide  on  the  GaN  surface  and  its  removal  by  HCl. 


Figure  4:  Reverse  current  (V=  -0.5  V)  in  a  Schottky  diode  as  a  function  of  the  inverse 
temperature.  The  sample  was  NH3  cleaned  and  was  not  annealed. 

CONCLUSION 

Schottky  diodes  have  been  fabricated  and  measured.  The  electrical  characteristics  have 
been  found  to  be  strongly  dependent  on  the  surface  preparation  before  the  metal  deposition. 
Cleaning  the  GaN  surface  with  HCl  led  to  the  lowest  leakage  currents,  in  the  range  of  10-8 
Acm-2.  An  annealing  process  allows  also  a  reduction  of  the  reverse  dark  current  by  one  to  three 
orders  of  magnitude  depending  on  die  surface  chemical  treatment.  These  results  are  interpreted 
in  terms  of  surface  defects  inducing  a  parasitic  conduction  path  with  a  lower  activation  energy. 
With  an  appropriate  cleaning  of  the  surface,  good  Schottky  characteristics  can  be  obtained, 
with  an  ideality  factor  of  1.25,  barrier  heights  around  1  eV  and  very  low  leakage  currents. 
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ABSTRACT 

Reactions  between  electron  beam  evaporated  thin  films  of  Ni/Au,  Pd/Au,  and  Cr/Au  on 
p-GaN  with  a  carrier  concentration  of  9.8x10'®  cm‘^  were  investigated  in  terms  of  their  structural 
and  electronic  properties  both  as-deposited  and  following  heat  treatments  up  to  600°C  (furnace 
anneals)  and  900°C  (RTA)  in  a  flowing  Nj  ambient.  Auger  electron  spectroscopy  (AES)  depth 
profiles  were  used  to  study  the  interfacial  reactions  between  the  contact  metals  and  the  p-GaN. 
The  electrical  properties  were  studied  using  room  temperature  current-voltage  (I-V) 
measurements  and  the  predominant  conduction  mechanisms  in  each  contact  scheme  were 
determined  from  temperature  dependent  I-V  measurements.  The  metallization  schemes  consisted 
of  a  500  A  interfacial  layer  of  Ni,  Pd,  or  Cr  followed  by  a  1000  A  capping  layer  of  Au.  All 
schemes  were  shown  to  be  rectifying  as-deposited  with  increased  ohmic  character  upon  heat 
treatment.  The  Cr/Au  contacts  became  ohmic  upon  heating  to  900'’C  for  15  seconds  while  the 
other  schemes  remained  rectifying  with  lower  breakdown  voltages  following  heat  treatment.  The 
specific  contact  resistance  of  the  Cr/Au  contact  was  measured  to  be  4.3x10  '  Qcm^  Both  Ni  and 
Cr  have  been  shown  to  react  with  the  underlying  GaN  above  400°C  while  no  evidence  of  a 
Pd:GaN  reaction  was  seen.  Pd  forms  a  solid  solution  with  the  Au  capping  layer  while  both  Ni 
and  Cr  tend  to  diffuse  through  the  capping  layer  to  the  surface.  All  contacts  were  shown  to  have 
a  combination  of  thermionic  emission  and  thermionic  field  emission  as  their  dominant 
conduction  mechanism,  depending  on  the  magnitude  of  the  applied  reverse  bias. 

INTRODUCTION 

The  group  III  nitrides,  in  particular  GaN,  are  promising  materials  for  semiconductor 
device  applications  in  the  blue  and  ultra-violet  (UV)  wavelength  region.  InN,  GaN,  and  AIN 
with  direct  band  gaps  of  1.9,  3.4,  and  6.2  eV  respectively,  can  be  grown  in  the  wurtzite  crystal 
structure  to  form  a  continuous  alloy  system  with  the  ability  to  grade  the  wavelength  of  the 
emitted  light  over  the  entire  visible  spectrum.  In  recent  years,  various  groups  have  produced 
light  emitting  diodes  (LED’s)'^  based  on  group  Ill-Nitrides  and  also  the  first  pulsed  lasers  have 
been  fabricated.^ 

For  these  semiconductor  diodes  and  lasers  there  is  a  need  to  make  electrical  contact  to 
both  the  n-  and  p-type  layers  through  the  use  of  an  ohmic  contact.  An  ohmic  contact  is  defined 
as  a  metal-semiconductor  contact  that  has  a  negligible  contact  resistance  relative  to  the  bulk  or 
spreading  resistance  of  the  semiconductor.'*  In  metal/semiconductor  contacts  there  are  three 
mechanisms  of  current  conduction,  thermionic  emission  (TE),  thermionic  field  emission  (TFE), 
and  field  emission  (FE),  also  known  as  tunneling.  For  a  rectifying  or  Schottky  contact, 
thermionic  emission  dominates  while  in  an  ohmic  contact  tunneling  is  preferred.  The  dominant 
conduction  mechanism  will  depend  on  the  height  and  thickness  of  the  potential  barrier  formed  at 
the  metal/semiconductor  interface.  The  thickness  of  this  barrier  is  related  to  the  depletion  width 
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in  the  semiconductor.  This  depletion  width  is  in  turn  inversely  proportional  to  the  square  root  of 
the  carrier  concentration  in  the  near  surface  region  of  the  semiconductor.  When  there  is  a  wide 
barrier  thermionic  emission  over  the  potential  barrier  dominates.  Field  emission  can  occur  when 
the  potential  barrier  formed  at  the  metal-semiconductor  interface  is  very  narrow,  increasing  the 
tunneling  probability.  The  third  mechanism,  thermionic  field  emission  occurs  when  the  potential 
barrier  has  sufficiently  thinned  at  the  top  so  the  carriers  can  be  excited  to  a  level  where  tunneling 
through  the  thinned  barrier  is  possible 

Temperature  dependent  I-V  data  can  be  used  to  determine  the  dominant  conduction 
mechanism  in  a  reverse  biased  contact.  A  model  for  thermionic  emission  over  a  barrier  was 
presented  by  Wagner^  and  Schottky  and  Spence.*  The  following  equation  can  be  used  to 
describe  contacts  dominated  by  thermionic  emission  over  the  valence  band  offset 

ln(I/r>ln(SA*)+(A(l.B-<|)B)/l<T,  (I) 

where  is  the  saturation  current,  S  is  the  diode  area.  A*  is  Richardson’s  constant,  A(|)b-(|)b  is  the 
effective  barrier  height  and  T  is  the  absolute  temperature.  From  this  equation,  a  plot  of  ln(Ij,/T^) 
vs.  1/T  would  produce  a  straight  line  if  thermionic  emission  was  the  only  mechanism  resulting  in 
conduction.  For  the  case  of  field  emission,  currents  in  reversed  biased  contacts  were  modeled  by 
Padovani  and  Stratton,’  who  developed  the  following  relationship: 

l=SJ,exp(-qVR/E’),  (2) 

by  taking  the  natural  log  of  each  side  of  this  equation,  it  can  be  rewritten: 

ln(IHn(SJ,)+ln(-qVR/E’).  (3) 

Based  on  this  equation,  a  plot  of  the  natural  log  of  current  vs.  voltage  should  produce  a  straight 
line  if  tunneling  is  dominating  conduction. 

For  GaN,  low  resistance  contacts  have  been  reported  to  n-type  material  using  Ti/Al.*  For 
contacts  to  p-GaN  early  research  and  devices  used  thin  films  of  Au,’’  ’"  while  commercially 
available  LED’s  use  a  Ni/Au  contact  scheme."  '’  This  contact  scheme  is  also  presently  being 
used  in  the  experimentally  reported  LD’s.'^  Neither  of  these  contact  schemes  have  been  proven  to 
provide  low  resistance  contacts  to  p-GaN  and  thus  contact  to  the  p-  material  has  been  indicated 
as  one  of  the  obstacles  in  the  ability  to  achieve  CW  operation. 

Formation  of  low  resistance  ohmic  contacts  to  p-GaN  is  complicated  due  to  the  nature  of 
the  semiconductor.  In  general  there  are  two  methods  of  forming  an  ohmic  contact  to  a  p-type 
semiconductor.  The  semiconductor  can  be  degenerately  doped  to  decrease  the  depletion  distance 
and  allow  tunneling  to  occur  or  a  large  work  function  metal  can  be  used  to  decrease  the  potential 
offset  at  the  metal/semiconductor  interface.  In  GaN  the  Fermi  level  is  believed  to  be  unpinned 
leading  to  the  potential  barrier  being  work  function  dependent.  However,  in  p-GaN  neither  of 
these  methods  are  presently  viable.  GaN  tends  to  auto-dope  n-type  and  has  only  been  reliably 
doped  to  the  mid  10"^  cm  ’  p-type  with  Mg.  This  is  due  to  problems  with  activation  of  the  deep 
Mg  acceptor  and  the  formation  of  H-Mg  complexes  decreasing  the  number  of  active  carriers. 
Concerning  the  second  approach,  GaN,  with  a  band  gap  of  Eg=3.4  eV  and  an  electron  affinity  of 
X=4.1  eV,  requires  a  metal  with  a  work  function  of  =7.5  eV  to  provide  no  offset  at  the  interface. 
Unfortunately,  metal  work  functions  are  never  much  larger  than  5  eV''*  so  there  will  still  be  a 
noticeable  energy  barrier  to  conduction.  The  purpose  of  this  experiment  is  to  determine  the 
reactions  which  take  place  between  the  commonly  used  Ni/Au  contact  and  p-GaN,  and  compare 
these  to  Pd/Au  and  Cr/Au  contacts. 
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EXPERIMENTAL 

All  metals  were  deposited  on  MOCVD  grown  GaN  doped  p-type  with  Mg  acceptors  to  a 
carrier  concentration  of  9.8  x  10"^cm  \  The  contact  systems  studied  included  Ni/Au,  Pd/Au  and 
Cr/Au  (500A/1000A)  thin  film  metallizations  deposited  in  an  Airco  Temescal  electron  beam 
evaporator  with  a  base  pressure  of  ~6  x  10  ’  Torr  for  all  depositions.  Before  insertion  into  the 
vacuum  chamber,  the  samples  were  degreased  and  then  any  residual  oxide  was  etched  for  5 
minutes  in  a  10:1  DLHCl  solution.  In  all  cases,  dot  contacts  (diametei^O.5  mm)  were  patterned 
during  deposition  using  a  stainless  steel  shadow  mask.  All  samples  were  heat  treated  using  a 
Applied  Test  Systems  conventional  tube  furnace  at  200,  400,  and  600°C  for  5,  15,  and  30 
minutes  in  a  flowing  Nj  atmosphere  and  the  Pd/Au  and  Cr/Au  contacts  were  heated  to  900°C  for 
15  seconds  in  a  rapid  thermal  annealing  (RTA)  furnace.  Following  each  heat  treatment,  current- 
voltage  (I-V)  data  were  measured  over  a  range  of  -5  to  +5  V  using  a  Tektronix  577  Curve  Tracer 
with  a  177  Standard  Text  Fixture.  Compound  formation  and  elemental  concentrations  at  the 
surface  and  metal/p-GaN  interface  were  evaluated  using  a  Phi  660  Scanning  Auger  Microprobe 
to  perform  surface  analysis  and  depth  profiles  with  an  accelerating  voltage  of  5  kV  and  a  beam 
diameter  of  ~1  pm.  Current  transport  mechanisms  were  determined  using  temperature  dependent 
I-V  measurements.  The  samples  were  mounted  and  Au  wire  bonded  onto  T05  headers.  The  I-V 
characteristics  were  measured  using  a  HP  61 1 1 A  DC  power  supply  with  a  HP-3455  A  digital 
voltmeter,  the  current  was  measured  across  a  IkQ  resistor.  Temperature  was  measured  using  a 
Pt  resistance  thermometer  calibrated  to  0,01  degrees  and  ranged  from  80-400  K.  The 
temperature  was  controlled  by  a  Lake  Shore  Cryogenics  DRC  82C  temperature  controller.  All 
measurements  were  taken  at  a  pressure  of  10  mTorr. 

RESULTS 

The  contact  schemes  investigated  were  chosen  on  the  basis  of  their  large  work  functions 
and  their  ability  to  react  with  GaN  to  provide  the  opportunity  for  doping  of  the  near  surface 
region  which  would  increase  the  probability  for  tunneling  to  occur.  The  work  functions  are 
Au:5. 1  eV,  Ni:5. 1 5  eV,  Pd:5. 1 2  eV  and  Cr:4.5  eV.  Bermudez  et  al have  shown  that  Ni  films 
on  GaN  will  decompose  the  GaN  film  upon  heat  treatment,  and  Mohney  et  al.  have  predicted 
that  Ni  and  Pd  will  react  with  GaN. 

Ni/Au 

For  the  Ni/Au  contacts  the  I-V  curves  were  rectifying  as-deposited  and  remained  so  upon 
heat  treatment.  There  was  a  decrease  in  breakdown  voltage  at  400 °C  which  is  attributed  to  Ni 
breaking  up  some  of  the  interfacial  contamination  between  the  metal  and  semiconductor  allowing 
for  more  current  to  be  transported  across  the  interface.  The  Ni  however  does  not  begin  to 
dissociate  the  GaN  until  temperatures  >600°C  have  been  reached.  In  the  AES  depth  profile 
(Figure  1)  it  can  be  seen  that  upon  heating  to  600°C  there  is  large  scale  diffusion  of  Ni  through 
the  Au  capping  layer  to  the  surface  of  the  contact  where  it  oxidized.  There  is  a  slight  Ga  tail  into 
the  Au  region  which  is  indicative  of  GaN  dissociation.  As-deposited  there  was  no  indication  of 
Ni  diffusion  either  to  the  surface  of  the  contact  or  into  the  GaN.  These  results  are  different  from 
previous  experiments  in  which  Ga  diffused  through  the  entire  contact  layer  to  the  surface  and 
near  linear  I-V  curves  were  obtained.”  It  is  postulated  that  the  loss  of  nitrogen  to  the 
environment  and  the  subsequent  formation  of  N  vacancies  may  be  the  cause  of  the  lower  current 
transport  in  this  study. 
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Fig  1.  AES  depth  profile  for 
Au/Ni/p-GaN  600 °C,  5  min. 
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For  the  Pd/Au  contacts  the  I-V  was  rectifying  as-deposited  and  remained  so  upon  all  heat 
treatments.  The  lowest  breakdown  voltage  came  from  the  sample  which  was  rapid  thermally 
annealed  (RTA)  to  900 °C  for  1 5  seconds.  Figure  2  shows  the  AES  depth  profiles  for  this 
sample.  In  this  sample  the  reactions  are  very  different  than  in  the  Ni/Au  contact.  For  a  Pd/Au 
contact,  Pd  began  to  diffuse  into  the  Au  capping  layer,  but  not  through  it  like  Ni.  The  Pd  formed 
a  Au:Pd  solid  solution  that  encompassed  the  entire  contact  region.  There  was  also  evidence  of  a 
slight  incorporation  and  diffusion  of  Pd  into  the  GaN  from  the  tail  of  the  Pd  signal  in  Figure  2.  It 
is  postulated  that  this  diffusion  of  Pd  into  the  GaN  causes  lower  breakdown  voltage  upon  heating 
to  900°C.  The  Pd  is  though  to  act  as  an  acceptor  in  the  GaN  matrix  causing  the  near  surface 
region  to  be  highly  doped  leading  to  increased  conduction.  The  formation  of  N  vacancies  may  be 
compensating  these  Pd  acceptors  which  would  lead  to  the  rectifying  nature  of  the  contacts. 


Sputter  Time  (Min) 
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Fig  2.  AES  depth  profile  for  Au/Pd/p-GaN  900'’C,  1 5  seconds. 


For  the  Cr/Au  samples,  the  1-V  was  rectifying  as-deposited  and  remained  so  upon  heating 
up  to  600°C.  However,  upon  a  RTA  of  900°C  for  15  seconds,  the  I-V  curve  became  linear, 
indicative  of  an  ohmic  contact.  The  specific  contact  resistance  of  this  Cr/Au  contact  has  been 
calculated  to  be  <4. 3x10  '  Qcm^  assuming  a  bulk  resistance  of  zero  for  the  underlying  GaN. 
Figure  3  shows  the  best  case  I-V  curves  for  all  of  the  contact  schemes  investigated.  From  AES 
depth  profiles,  at  lower  temperatures  Cr  behaves  like  Ni  in  that  it  diffused  to  the  surface  through 
the  Au  capping  layer  but  did  not  form  a  Cr:Au  solid  solution  as  the  Pd  did.  However,  at  900°C, 
there  is  evidence  of  dissociation  of  GaN  by  Cr.  (Figure  4)  It  addition  to  Cr  diffusing  to  the 
surface,  a  Au:Ga  phase  formed  with  the  excess  N  released  from  the  GaN  being  incorporated  into 
what  appears  to  be  a  CrN  compound  at  the  metal/semiconductor  interface.  The  formation  of 
these  phases  prevented  the  loss  of  nitrogen  and  the  formation  of  N  vacancies  which  are 
detrimental  to  contact  performance  .  It  is  also  suggested  that  the  CrN  phase  may  have  a  higher 
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Fig  3.  I-V  Data  for  Nl/Au,  Pd/Au,  and  Cr/Au  on  p-GaN. 
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Fig  4.  AES  depth  profile  for  Au/Cr/p-GaN,  900°C,  15  seconds. 

work  function  than  Cr  metal,  which  would  lead  to  a  reduced  potential  offset  at  the 
metal/semiconductor  interface.  More  investigation  of  this  CrN  phase  needs  to  be  performed  to 
determine  the  properties  of  this  phase  that  are  leading  to  the  ohmic  behavior  of  the  contacts. 

Temperature  Dependent  T-V 

Temperature  dependent  I-V  was  performed  on  a  Ni/Au  sample  heated  at  600°C  for  5  min, 
a  Pd/Au  sample  heated  at  600°C  for  30  min  and  a  Cr/Au  sample  heated  at  200'’C  for  5  min.  The 
data  showed  two  trends.  For  the  Ni/Au  and  Pd/Au  the  current  increased  substantially  with  an 
increase  in  measurement  temperature,  while  for  the  Cr/Au  contacts  the  current  was  relatively 
stable  over  the  entire  temperature  range.  This  is  indicative  of  the  current  in  the  Cr/Au  sample 
being  dominated  by  field  emission  due  to  the  lack  of  temperature  dependence  in  the  I-V 
measurements.  However,  upon  plotting  the  data  as  In  (I„/T=')  vs  1/T  for  all  the  contact  schemes,  it 
appeared  that  thermionic  emission  is  dominating  over  a  portion  of  the  temperature  and  reverse 
bias  range  studied.  Over  the  entire  range  of  80-400  K  the  curves  were  non-linear  but  became 
more  linear  as  the  temperature  was  raised.  From  the  ln(l)  vs.  V  curve  for  field  emission  it  was 
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determined  that  in  each  of  the  contact  schemes,  thermionic  field  emission  is  the  dominant 
conduction  mechanism  above  a  reverse  bias  of  =2.5-3  V.  Below  this  threshold  value  thermionic 
emission  dominates  current  conduction  in  each  of  the  schemes  studied.  More  work  need  to  be 
done  on  these  contact  schemes  to  exact  regions  in  which  each  conduction  process  dominates. 

CONCLUSIONS 

Interfacial  reactions  between  Ni/Au,  Pd/Au,  and  Cr/Au  thin  films  and  p-GaN  have  been 
investigated.  Both  Ni/Au  and  Pd/Au  have  been  shown  to  develop  rectifying  contacts  even  upon 
heat  treatment  while  Cr/Au  forms  an  ohmic  contact  with  a  specific  contact  resistance  of 
<4.3x1  O  '  Qcm^  following  a  900°C,  15  second  RTA.  Both  Ni  and  Cr  appear  to  dissociate  the 
underlying  GaN  and  also  diffuse  through  the  Au  capping  layer  to  the  surface  of  the  contact.  The 
reaction  products  in  the  Cr/Au  contact  are  a  Au:Ga  phase  and  a  Cr:N  phase.  It  is  postulated  that 
this  reaction  leads  to  the  ohmic  behavior  of  the  contact  due  to  the  prevention  of  the  formation  of 
N  vacancies  in  the  GaN.  The  Pd/Au  contact  has  been  shown  to  form  a  Pd:Au  solid  solution  and 
the  Pd  diffuses  into  the  GaN  where  it  may  act  as  an  acceptor.  The  temperature  dependent  I-V 
characteristics  for  all  the  contacts  exhibited  thermionic  emission  below  =2.5  V  and  thennionic 
field  emission  above  2.5  V. 
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ABSTRACT 

We  report  on  a  study  of  A1  and  Ti/Al  contacts  to  n-type  GaN.  A1  contacts  on  n-GaN 
(TxlO'^cm'^)  annealed  in  forming  gas  at  600°C  reached  a  minimum  contact  resistivity  of 
8x  1 0'^Qcm^  and  had  much  better  thermal  stability  than  reported  by  previous  researchers.  Ti/Al 
(35nm/l  15nm)  contacts  on  n-GaN  (5xl0^^cm‘^)  had  resistivities  of  TxlO'^Ocm^  and  5xlO‘^Ocm^ 
after  annealing  in  Ar  at  400°C  for  5min  and  600°C  for  15sec,  respectively.  Depth  profiles  of 
Ti/Al  contacts  annealed  at  400°C  showed  that  low  contact  resistance  was  only  achieved  after  A1 
diffused  to  the  GaN  interface.  We  propose  that  the  mechanism  for  ohmic  contact  formation  in 
Ti/Al  contacts  annealed  in  the  400-600°C  range  includes  reduction  of  the  native  oxide  on  GaN 
by  Ti  and  formation  of  an  Al-Ti  intermetallic  phase  in  intimate  contact  with  the  GaN.  Contacts 
with  different  Ti/Al  layer  thicknesses  were  investigated  and  those  with  50nm/100nm  layers  had 
the  same  low  resistance  and  better  stability  than  25nm/125nm  contacts. 

INTRODUCTION 

GaN  has  received  great  interest  in  the  past  few  years  for  applications  in  blue/ultraviolet 
lasers,  light  emitting  diodes,  photodetectors,  and  high  temperature/high  power  electronic  devices. 
High  quality  ohmic  contacts  are  critical  to  these  applications.  Although  many  researchers  have 
made  ohmic  contacts  to  n-GaN  with  low  contact  resistivities,  the  mechanism  for  ohmic  contact 
formation  has  not  been  explained  fully.  The  purpose  of  this  investigation  was  to  determine  the 
mechanism  for  Al-based  ohmic  contacts  on  n-GaN  formed  by  annealing  in  the  temperature  range 
of40(>-600°C. 

Contacts  containing  Ti/Al  layers  have  displayed  the  lowest  contact  resistivity  to  n-type 
GaN.^’^  TiN  has  been  observed^  at  the  interface  of  Ti/Al  and  Ti/Al/Ni/Au  contacts  armealed  at 
900°C.  Researchers  have  speculated^'^  that  due  to  TiN  formation  when  Ti  reacts  with  GaN,  a 
high  concentration  of  nitrogen  vacancies  is  created  near  the  interface,  causing  the  GaN  to  be 
heavily  doped  n-type.  A  thin  layer  of  TiN  has  also  been  observed  at  the  interface  of  tmannealed 
samples  that  were  etched  by  RIE  before  metal  deposition.  Without  RIE  prior  to  metal  deposition, 
good  ohmic  contacts  have  been  attained  by  annealing  Ti/Al  films  on  n-GaN  between  550  and 
750°C  for  20sec,'^  however,  there  are  no  reported  investigations  of  Ti/Al  contacts  annealed  in  this 
temperature  range  that  would  reveal  the  mechanism  for  ohmic  contact  formation. 
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EXPERIMENT 


N-type  GaN  layers  on  AI2O3  substrates  were  supplied  by  APA  Optics  for  electrical 
measurements.  Samples  were  etched  in  dilute  HCl  and  blown  dry  with  nitrogen  before  they  were 
loaded  into  the  vacuum  system.  A1  (150nm)  was  deposited  on  n-GaN  (7xl0^^cm'^)  and  Ti/Al 
(35nm/l  15nm)  layers  were  deposited  on  n-GaN  (SxlO'^cm’^)  by  dc  magnetron  sputtering.  A1 
layers  were  patterned  by  etching  and  Ti/Al  layers  by  liftoff  to  define  circular  structures  for 
measuring  specific  contact  resistance  by  the  transfer  length  method.  The  inner  circular  contact 
had  a  radius  of  1 00pm  and  gaps  between  inner  and  outer  contacts  ranged  from  2-50pm.  Specific 
contact  resistance  was  calculated  from  the  circular  contacts  taking  into  account  the  circular 
geometry.^  Four  probes  were  used  to  eliminate  the  effects  of  resistance  between  the  probes  and 
metal  contacts.  A1  contacts  were  annealed  in  a  quartz  lamp  furnace  in  an  Ar/4%H2  atmosphere. 
Ti/Al  contacts  were  annealed  in  an  AG  610  rapid  thermal  annealing  furnace  in  Ar  that  first 
flowed  through  a  titanium  getter  furnace  to  remove  oxygen  and  water  vapor.  X-ray 
photoelectron  spectroscopy  (XPS)  depth  profiles  were  performed  using  a  Kratos  Analytical 
XSAM  SOOpci  system. 


RESULTS 


As  deposited  Al-only  contacts  ranged  from  ohmic  (as  low  as  IxlO'^fTcm^)  to  rectifying 
contacts.  After  being  annealed  at  600°C  in  Ar/4%  H2,  all  A1  contacts  were  ohmic  with  a  best 
contact  resistivity  of  SxlO'^Hcm^.  Two  samples  prepared  on  different  occasions  were  annealed 
together  at  600°C  in  Ar/4%  H2  and  their  contact  resistivities  were  measured  and  plotted  in  Fig.  1 
as  a  function  of  annealing  time.  Both  had  nonlinear  I-V  curves  as  deposited  but  became  low 
resistance  ohmic  contacts  after  annealing.  Sample  A  reached  its  minimum  resistivity  after  Imin, 
while  sample  B  was  annealed  for  8min  before  it  reached  its  minimum. 


The  different  annealing  times  needed  for  formation  of  Al-only  ohmic  contacts  may  be  the 
result  of  different  initial  thicknesses  of  GaN  native  oxide,  as  exposure  to  humidity  after  HCl 
etching  varied  between  samples  prepared  on  different  days.  A1  is  known  to  reduce  Ga203  on 
GaAs^  and  would  be  expected  to  do  the  same  on  GaN.  Thus,  we  expect  that  upon  annealing  the 
A1  reduces  the  native  oxide  on  GaN  and  improves  the  electrical  properties  of  the  contact.  To  test 
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FIG.  1 .  Specific  contact  resistance  as  a  function  of  annealing  time  in  Ar/4%H2  of  two  n-GaN 
samples  with  150nm  A1  contacts. 
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this  hypothesis,  we  deposited  A1  on  GaN  that  had  not  been  dipped  in  dilute  HCl  to  remove  the 
native  oxide  prior  to  A1  deposition.  As  expected,  these  contacts  were  rectifying  as  deposited  but 
became  ohmic  after  annealing,  with  lowest  contact  resistance  higher  than  for  etched  samples. 

A1  has  a  work  function  of  4.08eV,^  which  is  near  the  electron  affinity  of  GaN  (4.1eV^) 
and  may  result  in  a  low  energy  barrier  between  A1  and  n-GaN^  when  they  are  in  intimate  contact. 
Other  researchers  have  reported  A1  contacts  on  n-GaN  to  be  ohmic  as  deposited  but  have  seen 
these  contacts  degrade  rapidly  upon  annealing.^’'^’*®  By  annealing  in  forming  gas  we  minimized 
the  oxidation  of  Al,  which  may  be  the  cause  of  the  increased  resistance  in  earlier  reports.  In  our 
experiments,  the  sheet  resistance  of  the  Al  was  observed  to  increase  upon  annealing  at  600°C  for 
1  hr  and  is  likely  the  cause  of  the  slight  increase  in  the  measured  contact  resistivity,  as  shown  in 
Fig.  1 .  Although  the  samples  were  annealed  below  the  Al  melting  point  of  660°C,  some 
degradation  of  the  Al  surface  morphology  was  noticeable  after  Ihr  at  600°C. 

Ti/Al  (35nm/l  150nm)  contacts  were  annealed  in  Ar  at  400°C  and  600°C,  and  their 
contact  resistivities  are  plotted  as  a  function  of  annealing  time  in  Fig.  2.  The  sample  annealed  at 
600°C  was  ohmic  with  contact  resistivity  SxlO'^Hcm^  after  15sec.  Further  annealing  caused  the 
resistivity  to  increase  slightly,  possibly  due  to  oxidation.  The  sample  annealed  at  400°C  had  high 
resistance  after  being  annealed  for  45sec  but  became  ohmic  after  3min  and  had  a  contact 
resistivity  of  TxlO'^ncm^  after  5min.  We  know  of  no  reports  in  the  literature  of  contacts  to  n- 
type  GaN  with  such  a  low  contact  resistance  following  an  anneal  at  a  temperature  this  low, 
except  when  there  was  intentional  RIE  damage  to  the  GaN  surface.* 


FIG  2.  Specific  contact  resistance  as  a  function  of  annealing  time  in  Ar  of  Ti/Al  (35nm/l  15nm) 
contacts  on  n-GaN  annealed  at  400°C  and  600°C. 

XPS  depth  profiles  of  Ti/Al  layers  (35nm/l  150nm)  on  GaN  as  deposited  and  annealed  at 
400°C  for  45sec  and  3min  are  shown  in  Fig.  3a-c.  The  separate  layers  of  Al  and  Ti  on  GaN  can 
be  seen  in  the  as  deposited  profile.  Annealing  for  45sec  results  in  intermixing  of  the  Ti  and  Al 
layers,  with  no  Al  at  the  Ti/GaN  interface.  The  depth  profile  of  the  sample  annealed  for  3min 
clearly  shows  that  Al  has  diffused  through  the  Ti  and  reached  the  GaN  surface.  Thus,  we  observe 
that  Ti/Al  becomes  a  low  resistance  ohmic  contact  to  n-GaN  at  this  low  annealing  temperature 
only  after  Al  comes  into  contact  with  the  GaN  surface.  The  metal/GaN  interface  does  not  appear 
any  less  abrupt  in  the  sample  annealed  for  3min  than  in  the  as  deposited  sample,  indicating  that 
no 
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FIG.  3.  XPS  depth  profiles  of  Ti/Al  (35nm/l  15nm)  contacts  on  GaN  as  deposited  (a)  and 
annealed  at  400°C  for  45sec  (b)  and  3min  (c)  and  at  600°C  for  15sec  (d).  Atomic  percents  of  Al, 
Ti,  O,  Ga,  and  N  are  shown  as  a  function  of  sputter  time. 

detectable  reaction  occurred  between  the  metal  contact  and  GaN  layer.  Fig.  3d.  shows  an  XPS 
depth  profile  of  Ti/Al  layers  (35nm/l  150nm)  on  GaN  annealed  at  600°C  for  15sec,  which 
resulted  in  a  contact  resistivity  of  SxlO'^Qcm^.  Almost  uniform  mixing  of  Al  and  Ti  is  evident, 
and,  as  in  the  ohmic  contacts  annealed  at  400°C,  Al  is  present  at  the  metal/GaN  interface. 

Reports  of  Ti-only  contacts  to  GaN‘°’*^  further  suggest  that  the  mechanism  for  ohmic 
contact  formation  in  the  low-temperature  Ti/Al  contacts  is  not  reaction  between  Ti  and  GaN. 
Ti-only  contacts  become  good  ohmic  contacts  only  after  being  annealed  at  900°C  and  above.*® 

On  the  other  hand,  Ti  is  important  in  the  Ti/Al  contacts  since  the  Ti/Al  contacts  had  slightly 
lower  contact  resistivity  and  became  ohmic  after  shorter  annealing  times  than  did  Al-only 
contacts.  Gallium  oxide  will  be  reduced  by  Ti,^  and  for  small  amounts  of  oxygen  in  Ti,  the  most 
stable  phase  is  a-Ti  with  oxygen  in  solid  solution.  Therefore,  we  would  expect  the  native  oxide 
on  GaN  to  be  reduced  by  the  Ti  with  the  oxygen  dissolved  into  the  Ti  film,  leaving  no  insulating 
oxide  at  the  metal/GaN  interface. 

Based  on  our  experimental  observations  we  propose  the  following  mechanism  for  ohmic 
contact  formation  in  Ti/Al  contacts  to  n-GaN:  upon  annealing  the  contact,  Ti  reduces  the  native 
gallium  oxide  on  the  GaN  surface  and  Al  diffuses  through  the  Ti  to  make  contact  with  the  surface 
of  the  GaN  in  the  form  of  an  Al-Ti  intermetallic  phase  that  has  a  low  work  function,  similar  to 
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that  of  Al.  The  intimate  contact  between  the  low  work  function  intermetallic  and  n-GaN  results 
in  a  low  barrier  height,  allowing  current  to  flow  in  either  direction  by  thermionic  or  thermionic- 
field  emission. 

Contacts  with  Ti/Al  layers  of  25nm/125nm,  50nm/100nm,  and  75nm/75nm  were  made  to 
investigate  the  effect  of  layer  thicknesses.  The  contacts  were  annealed  together  in  Ar  at  600°C 
and  their  specific  contact  resistances  are  plotted  as  a  function  of  annealing  time  in  Fig.  4.  These 
contacts  were  all  rectifying  as  deposited  and  became  ohmic  after  being  annealed  for  15sec.  The 
25nm/125nm  and  50nm/100nm  samples  had  resistivities  of  4xlO‘^Qcm^  after  15sec  and  the 
75nm/75nm  sample  had  a  resistivity  of  1 .2x  1 0’^Qcm^.  After  subsequent  anneals,  the 
25nm/125nm  contact  showed  the  most  degradation,  reaching  a  resistivity  of  1.0x1 0’^flcm^  after 
4min.  The  50nm/100nm  and  75nm/75nm  contacts  only  degraded  slightly,  increasing  to 
5xlO‘^Qcm^  and  1.3xl0‘^ncm^,  respectively,  after  4min.  From  these  measurements  we  see  that 
a  thicker  Ti  layer  in  the  contact  results  in  better  stability,  while  thinner  Ti  gives  lower  contact 
resistivity.  Ti/Al  layers  of  approximately  50nm/100nm  display  both  low  contact  resistance  and 
better  stability  under  these  conditions. 


Annealing  time  (min) 


25nin  Ti/  125nmAl 

50nm  Ti/  lOOnm  Al 

75nm  Ti/75nm  Al 

FIG.  4.  Specific  contact  resistance  as  a  function  of  annealing  time  in  Ar  at  600°C  of  contacts  to 
n-GaN  with  Ti/Al  layer  thicknesses  of  25nm/125nm,  50nm/100nm,  and  75nm/75nm. 

CONCLUSION 

Al  (150nm)  and  Ti/Al  (35nm/l  15nm)  contacts  to  n-GaN  were  investigated  to  determine 
the  mechanism  for  ohmic  contact  formation  in  contacts  annealed  between  400  and  600°C.  Al 
contacts  improved  after  being  annealed  at  600°C  in  Ar/4%  H2.  Improvement  in  Al  contacts  after 
annealing  has  not  been  reported  elsewhere  and  is  probably  due  to  oxidation  being  inhibited  by 
the  forming  gas  annealing  environment.  Ti/Al  contacts  became  ohmic  after  armealing  for  3min 
at  400°C,  and  the  following  mechanism  was  proposed:  Ti  reduces  the  native  oxide  on  GaN  and 
Al  diffuses  through  the  Ti  layer,  resulting  in  an  ohmic  contact  when  a  low  work  function  Al-Ti 
intermetallic  phase  comes  into  contact  with  the  GaN  surface.  Contacts  with  different  Ti/Al  layer 
thicknesses  were  investigated.  Those  with  50nm/100nm  Ti/Al  layers  had  the  same  low 
resistance  and  better  stability  than  contacts  with  a  thinner  Ti  layer. 
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ABSTRACT 

A  new  metallization  scheme  has  been  developed  to  form  ohmic  contacts  to  n-GaN. 
Contacts  were  fabricated  by  sputtering  the  intermetallic  compound,  Ptlni  on  n-GaN  (n  --  5  xlO^^ 
cm'^)  grown  by  metalorganic  vapor  phase  epitaxy  (MOVPE)  with  some  of  the  contacts  subjected 
to  rapid  thermal  annealing.  Contacts  in  the  as-deposited  state  exhibited  nearly  ohmic  behavior 
with  a  specific  contact  resistance  of  1.2  x  10'^  Q  cm^.  Contacts  subjected  to  rapid  thermal 
annealing  at  800  °  C  for  1  minute  exhibited  linear  current-voltage  characteristics  and  a  decrease  in 
contact  resistance.  To  rationalize  the  reaction  at  the  contact  interface  the  phase  diagram  of  the 
PtIn2-PtGa2-InN-GaN  reciprocal  system  at  800  °C  was  calculated  based  on  known  and  estimated 
thermodynamic  values.  This  phase  diagram  suggests  that  there  will  be  a  solid  state  exchange  of  In 
and  Ga  atoms  at  the  PtIn2/GaN  contact  interface  producing  (InxGai-x)N  and  Pt(In,Ga)2.  Results 
fi-om  Auger  depth  profiling  used  to  examine  the  PtIn2/n-GaN  contacts  are  consistent  with  this 
estimated  phase  diagram  information.  It  is  proposed  that  the  formation  of  (InxGai.x)N  at  the 
contact  interface  is  responsible  for  the  ohmic  behavior  of  Ptln2  contacts. 

INTRODUCTION 

GaN  is  a  III-V  compound  semiconductor  with  a  wurtzite  crystal  structure  having  a  3 .4  eV 
direct  energy  band  gap  at  room  temperature.  When  alloyed  with  the  other  Group  ni-Nitrides, 
GaN  can  form  a  continuous  alloy  system  whose  room  temperature  band  gaps  range  from  1.9  eV 
(InN)  to  6.2  eV  (AIN).^  This  makes  GaN  an  excellent  material  for  optoelectronic  devices,  such  as 
light  emitting  diodes  (LEDs),  performing  in  the  blue  and  ultraviolet  regions.  In  addition,  GaN’s 
high  thermal  conductivity,  hardness  and  thermal  stability  make  it  a  candidate  material  for  the 
fabrication  of  high  temperature  and  high  power  devices.^ 

Despite  its  promise,  GaN  could  not  be  used  for  high  efficiency  optical  devices  until 
success  in  obtaining  p-type  GaN  films  lead  to  a  renewed  and  intense  interest  in  GaN.^  Blue  and 
blue-green  LEDs  are  commercially  available  and  Nichia  Chemical  Industries  has  also 
demonstrated  the  operation  of  a  nitride  laser  operating  at  416  nm.^  In  addition  to  optical  devices 
GaN  has  also  been  used  for  metal  semiconductor  field  effect  transistors  (MESFETs)'*  and  high 
electron  mobility  transistors  (HEMTs).^ 

Ohmic  contacts  are  an  important  element  in  the  fabrication  of  devices.  High  contact 
resistance  can  substantially  reduce  the  performance  of  GaN  optical  and  electrical  devices; 
therefore,  to  obtain  optimum  performance  the  contact  resistance  should  be  minimized.  The 
present  technology  for  the  formation  of  ohmic  contacts  to  n-GaN  usually  involves  the  use  of  Ti  or 
A1  metallization  schemes.*’^  In  this  study  we  report  a  different  type  of  metallization  scheme. 
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where  Ptina  is  utilized  to  form  ohmic  contacts  to  n-GaN.  Ptln2  is  an  intermetallic  compound  with 
a  CaF2  (Cl)  crystal  structure,  good  chemical  stability  and  a  peritectic  melting  point  at  1039  °C.* 

EXPERIMENTAL  PROCEDURE 

The  following  procedures  were  used  to  prepare  all  samples  examined  in  this  study,  with 
the  lithography  being  omitted  on  substrates  not  used  for  electrical  measurements.  The  n-GaN 
substrates  used  in  this  study  are  thin  layers  (2-3  pm)  of  single  crystal  GaN  grown  by  metalorganic 
vapor  phase  epitaxy  grown  (MOVPE)  on  sapphire  (0001)  with  a  10-20  nm  AIN  buffer  layer.  The 
n-GaN  epilayer  is  typically  unintentionally  doped  to  5  x  10^’  cm'^  with  a  sheet  resistance  of  1000 
Q/D.  Prior  to  the  lithography,  the  substrates  where  ultrasonically  degreased  with 
trichloroethylene,  acetone,  and  methanol  for  5  min  each.  The  substrates  were  then  dipped  into  a 
H2S04:H3P04  (1 : 1)  solution  and  rinsed  in  H2O.  They  were  then  patterned  using  standard 
photolithographic  techniques.  For  the  I-V  measurements,  equally  spaced  circular  dots  400  pm  in 
diameter  and  550  pm  apart  were  used.  For  specific  contact  resistance  (pc)  measurements  a 
circular  transmission  line  model  (TLM)  pattern^  was  used.  The  patterned  substrates  were  then 
placed  in  a  BOE  solution  for  5  min,  rinsed  in  DI  water  and  immediately  loaded  into  a  vacuum 
chamber  with  the  background  pressure  less  than  4x10^  torr. 

Nominally  150  nm  Ptln2  films  were  deposited  onto  the  substrates  by  DC  magnetron 
sputtering  from  a  single  alloy  target.  The  composition  of  the  sputtered  film  was  analyzed  with  a 
Cameca  electron  microprobe  to  be  31.5  at%  Pt  and  68.5  at%  In.  X-ray  diffraction  was  used  to 
confirm  that  the  sputtered  film’s  crystal  structure  matched  that  of  Ptln2.  After  sputter  deposition, 
the  photoresist  was  lifted  off  in  an  acetone  bath  leaving  the  patterned  metallization  on  the  wafers. 
Following  lift-off,  samples  were  annealed  in  an  AG  Associated  MiniPulse  rapid  thermal  annealing 
(RTA)  system  with  a  flowing  high  purity  Ar  atmosphere. 

The  electrical  properties  of  the  contacts  were  measured  with  a  Keithley  Model  236 
electrometer  which  was  employed  as  a  current  source  and  voltage  meter.  To  characterize  the 
interfacial  reactions  of  the  contacts.  Auger  depth  profiling  was  used.  The  Auger  depth  profiling 
was  done  using  a  Perkin-Elmer  scanning  electron  microprobe. 

PHASE  EQUILIBRIA 

In  this  study  we  utilized  the  exchange  mechanism  for  the  selection  of  a  suitable  metal  for 
the  formation  of  ohmic  contacts  to  n-GaN.  The  exchange  mechanism  is  a  solid  state  reaction  that 
has  been  identified  as  a  systematic  approach  for  tailoring  metal/semiconductor  contact 
properties.^®  During  the  exchange  reaction  one  element  in  the  metal  exchanges  with  a  second 
element  in  the  compound  semiconductor.  Therefore,  at  the  contact  interface  the  composition  of 
each  phase  is  changed;  in  this  way  the  contact  properties  can  be  altered.  In  order  to  select 
suitable  metals  and  metal  compounds  for  participating  in  the  exchange  reaction  Jan"  and  Chang^ 
derived  criteria  based  on  thermodynamic  and  kinetic  considerations. 

Based  on  these  criteria  Ptln2  was  selected  as  a  potential  ohmic  contact  to  n-GaN.  For 
reasons  that  will  be  discussed  below,  the  annealing  of  PtIn2/GaN  contacts  should  lead  to  an 
exchange  of  In  and  Ga  atoms  at  the  interface  producing  (InxGai.x)N  and  Pt(In,Ga)2.  (InxGai-x)N 
has  a  lower  band  gap  energy  than  GaN  and  low  resistance  ohmic  contacts  to  InN  have 
demonstrated."  Based  on  these  observations  the  authors  propose  that  the  formation  of  (InxGai- 
x)N  at  the  contact  interface  is  responsible  for  the  ohmic  behavior  of  PtIn2/n-GaN  contacts. 
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Ptln2,  PtGa2,  InN  and  GaN  should  form  a  reciprocal  system;  this  statement  can  be  made 
based  on  the  following  information.  It  is  known  that  GaN  and  InN  are  thermodynamically  very 
stable  compounds  (large  negative  values  for  Gibbs  energy  of  formation)  and  that  they  form  a 
continuous  solid  solution.  Swenson^'*  has  shown  that  Ptln2  and  PtGa2  also  form  a  continuous 
solid  solution.  From  binary  phase  diagram  data,  ternary  phase  diagrams  of  the  Pt-In-N  and  Pt- 
Ga-N  were  estimated.  These  phase  diagrams  show  that  a  tie  line  connects  GaN  to  PtGa2  and  InN 
to  Ptln2.  If  the  end  members  of  continuous  solid  solution  phases  are  in  equilibrium  it  can  be 
expected  that  tie  lines  coimect  the  two  solution  phases  at  all  compositions.  This  would  make 
PtIn2-PtGa2-InN-GaN  a  reciprocal  system,  simplifying  what  could  otherwise  be  a  very  complex 
four  component  system. 

Figure  1  shows  the  calculated  PtIn2-PtGa2-InN-GaN  reciprocal  system  at  800  ®C.  This 
calculation  was  done  treating  (InxGai.*)N  as  an  ideal  solution  and  using  the  reported  Gibbs  free 
energy  of  formation  of  the  binary  end  members  and  thermodynamic  data  of  Pt(In,Ga)2  solid 
solution.  This  phase  diagram  represents  the  thermodynamic  equilibrium  between  these  two 
solid  solutions,  with  calculated  tie-lines  connecting  two  compositions  at  equilibrium.  According  to 
this  phase  diagram  there  should  be  an  In-Ga  exchange  at  the  PtIn2/GaN  contact  interface  at  800 
®C  and  the  resulting  (InxGai.x)N  should  be  In  rich,  a  beneficial  result  for  the  proposed  mechanism 
of  ohmic  contact  formation. 


InN  ^GaN  - ►  GaN 


Figure  1.  Calculated  PtIn2-PtGa2-InN-GaN  reciprocal  system  at  800  ®C 


RESULTS 

Figure  2  shows  the  I-V  characteristics  of  the  PtIn2/n-GaN  contacts  for  three  different 
annealing  conditions.  These  data  show  that  the  contacts  do  not  exhibit  rectifying  behavior  even  in 
the  as-deposited  state.  When  the  contacts  are  annealed  at  550  for  1  min  they  exhibit  a  more 
linear  I-V  behavior  than  the  as-deposited  contacts,  but  the  contact  resistance  increases.  In 
contrast,  the  contact  resistance  is  lower  for  the  contacts  annealed  at  800  °C  for  1  min.  Also,  the 
contacts  subjected  to  this  annealing  condition  exhibit  nearly  linear  I-V  characteristics. 


1105 


-10  -5  0  5  10 


Voltage  (Volts) 

Figure  2.  Current-Voltage  characteristics  of  Ptln2  contacts  on  n-GaN  with  varied 
annealing  conditions.  All  contacts  were  annealed  for  1  min. 

In  this  study  a  circular  TLM  was  utilized  to  measure  the  pc.^  This  method  requires  the 
resistance  of  the  metal  layer  to  be  small  compared  to  the  resistance  of  the  substrate.  However,  due 
to  the  relatively  high  electrical  resistivity  of  the  Ptln2  sputtered  film  (~  1.5  x  lO"^  Q  cm)  it  was  not 
possible  to  measure  a  resistance  that  would  be  valid  for  the  TLM.  To  solve  this  problem  a  more 
conductive  second  layer,  100  nm  of  Au,  was  thermally  evaporated  on  top  of  the  Ptln2 
metallization.  For  as-deposited  contacts,  a  pc  of  1 .2  x  10'^  Q  cm^  was  measured  using  TLM. 

This  is  as  low  as  as-deposited  A1  and  Ti  based  metallization  schemes  on  n-GaN  films  that  were 
not  subjected  to  reactive  ion  etching.^ 

While  the  use  of  Au  as  a  conductive  layer  was  a  very  effective  way  of  attaining  the  as- 
deposited  measurement.  Auger  depth  profiles  showed  that  Au  reacts  extensively  with  Ptln2  when 
annealed  at  800  “C  for  1  min.  Co  and  W  were  also  examined  as  metals  for  the  conductive  layer, 
but  Auger  depth  profiles  found  that  they  also  react  with  Ptln2  when  annealed  at  800  ®C  for  1  min. 
Since  the  reaction  between  the  two  metal  layers  could  affect  the  In-Ga  exchange  reaction,  the  pc 
of  the  annealed  contacts  was  not  measured. 

To  characterize  the  interfacial  reaction  of  the  contacts,  Auger  depth  profiles  were  done 
on  PtIn2/n-GaN  both  in  the  as-deposited  state  and  after  two  different  annealing  conditions:  550 
and  800  ®C  both  for  1  min.  The  Auger  depth  profile  of  the  as-deposited  contact,  Fig.  3a,  shows  a 
relatively  sharp  interface  between  Ptln2  and  GaN.  Figure  3b  shows  the  effect  of  annealing  at 
550^^0  for  one  min.  This  demonstrates  clearly  that  there  is  little  or  no  change  in  the  contact 
interface  when  compared  to  the  as-deposited  sample.  If  there  is  any  reaction,  it  is  on  a  scale  too 
small  for  this  technique  to  resolve.  In  contrast.  Fig.  3c  does  not  show  a  sharp  interface.  It  has  a 
broad  region  where  In  and  Ga  are  both  present  and  the  Pt  level  is  decreasing  while  the  N  level  is 
increasing,  suggesting  the  formation  of  (InxGai.x)N.  The  Auger  depth  profiles  are  thus  consistent 
with  the  proposed  reaction  which  predicts  the  formation  of  interfacial  (InxGai.x)N  during 
annealing. 
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Figure  3.  Auger  depth  profiles  ofPtIn2/n-GaN  (a)  as-deposited  state  (b)  annealed  at  550  °C 
for  1  min  and  (c)  annealed  at  800  °C  for  1  min. 


CONCLUSIONS 


Using  sputter  deposited  Ptln2  we  have  fabricated  nonalloyed  ohmic  contacts  to  n-GaN  (n 
~  5  xlO^^  cm'^).  The  as-deposited  contacts  exhibited  nearly  linear  I-V  characteristics  with  a 
measured  pc  of  1.2  x  10'^  Q  cm^.  Contacts  annealed  at  800  °C  for  1  min  showed  a  decrease  in 
contact  resistance  and  had  linear  I-V  characteristics.  The  authors  propose  the  formation  of 
(InxGai.x)N  at  the  contact  interface  during  annealing  is  responsible  for  the  ohmic  behavior  of 
PtlnVGaN  contacts.  To  rationalize  the  reaction  that  occurs  between  Ptln2  and  GaN  the  phase 
equilibria  of  the  PtIn2-PtGa2-InN-GaN  reciprocal  system  at  800°C  were  estimated  from 
thermodynamic  data.  According  to  these  equilibria  there  will  be  an  exchange  of  In  and  Ga  atoms 
at  the  contact  interface  producing  (InxGai.x)N  and  Pt(In,Ga)2.  To  examine  the  interfacial  reactions 
between  Ptln2  and  n-GaN,  Auger  depth  profiles  were  used.  For  contacts  in  the  as-deposited  state 
and  after  annealing  at  550°C  for  1  min  no  significant  reaction  was  observed.  The  contacts 
annealed  at  800°C  for  1  min  showed  Auger  depth  profiles  consistent  with  the  proposed  reaction 
mechanism. 
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ABSTRACT 

In  this  paper  we  describe  the  field  emission  from  wide  band-gap  semiconductor  thin  film  electron 
sources  as  a  three-step  process.  Internal  field  emission  is  the  mechanism  for  electron  injection  at 
the  metal-semiconductor  cathode  interface.  Under  an  internal  field,  electrons  injected  into  the 
conduction  band  can  propagate  quasi-ballistically  through  the  thin  semiconductor  film.  At  the 
vacuum  interface,  they  are  field  emitted  across  a  PEA  or  NEA  surface.  Consistent  with  the  electron 
injection  mechanism  we  have  done  molecular  dynamics  simulations  for  GaN  films  with  an  initial 
energy  distribution  corresponding  to  a  Fowler-Nordheim  (FN)  spectrum.  Results  demonstrate 
quasi-ballistic  propagation  and  approximate  preservation  of  the  FN  energy  distribution. 
Furthermore,  high  levels  of  n-doping  in  GaN  (~  10  ^^cm'^)  do  not  inhibit  transport  in  thin  films 
(<0.1  jim). 


INTRODUCTION 

The  use  of  wide  band-gap  semiconductors  (e.g.  diamond,  AIN,  GaN,  BN,  TiN,  etc.)  as  copious 
electron  sources  is  currently  being  studied  [1,  2,  3].  In  addition  to  their  well-known  physical  and 
electrical  properties,  these  materials  have  the  unique  advantage  of  exhibiting  small  positive  electron 
affinities  (PEA)  or  negative  electron  affinities  (NEA)  on  some  crystalline  surfaces.  If  a  mechanism 
can  be  found  to  inject  or  supply  electrons  into  the  conduction  band  of  these  wide  band-gap 
materials,  then  high  current  emission  at  low  power  is  attainable.  In  this  paper  we  describe  a  three 
step  model  for  emission  from  such  composite  metal-semiconductor  devices:  internal  field  emission 
at  the  Schottky  barrier  formed  at  the  metal-semiconductor  interface,  field-assisted  transport  to  the 
surface  of  the  film  and  the  electron  emission  at  the  vacuum-semiconductor  surface,  the  exact  nature 
of  which  depends  upon  the  electron  affinity  at  the  surface. 

Some  differences  between  diamond  and  the  nitrides  are  the  following:  For  diamond,  the  NEA 
property  of  its  (111)  surface  is  well  established  (%=-0.7eV),  whereas  NEA  is  surmised  for  AIN 
and  BN  but  the  precise  numerical  values  for  %  are  unknown.  Some  nitrides,  such  as  GaN  and 

AIN,  can  be  n-doped,with  concentrations  on  the  order  of  lOl^cm"^,  but  similar  doping  is 
problematic  for  diamond  [4]. 

INTERNAL  FIELD  EMISSION  MODEL 

One  of  the  methods  recently  proposed  by  Geis  et  al.  ([5],  hereafter  GTL;  see  also  Ref.  [6])  to 
create  significant  concentrations  of  conduction-band  electrons  is  internal  field  emission.  To  utilize 
this  mechanism  for  electron  injection,  GTL  fabricated  a  Schottky  barrier  at  a  metal  diamond 
cathode  interface  by  heavily  doping  the  semiconductor  with  substitutional  nitrogen  (N).  The 
difference  in  valency  between  the  nitrogen  and  carbon  atoms  is  the  source  of  the  negative  charge 
transferred  to  the  metal,  by  tunneling,  to  achieve  thermodynamic  equilibrium  of  the  Fermi  levels. 
According  to  the  simple  model  of  Schottky  barrier  formation  [7],  the  localized  N-ions  in  the 
diamond  give  rise  to  the  steep  potential  near  the  interface,  i.e.,  the  Schottky  barrier.  As  of  now  we 
do  not  know,  how  much  of  the  achieved  doping  levels  (up  to  0.3  %  in  experiments  of  Ref.  [8])  is 
truly  substitutional,  i.e.,  preserves  the  crystalline  symmetry  of  diamond.  Some,  or  most  of  it,  can 
be  related  to  the  charged  defects  in  diamond.  In  the  latter  case,  what  we  are  referring  to  as  "donor 
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levels"  may  be  the  states  inside  the  sub-band(s)  produced  by  the  defects  due  to  the  nitrogen 
implantation  into  diamond.  The  presence  of  large  concentrations  (in  excess  of  10 19  cm"3)  of 
nitrogen  doping  bends  the  energy  barrier  upwards  in  the  vicinity  of  the  interface  making  electron 
injection  into  the  conduction  band  possible,  as  described  earlier  [6].  GTL  obtained  low  power 
levels  (below  8  eV)  for  the  electron  emission  of  a  diamond-based  field  emitting  device  with  a 
roughened  metal  cathode.  Currently,  experiments  are  under  way,  which  exploit  Si-diamond 
junctions  [8].  One  can  also  employ  other  NEA  wide  band  gap  semiconductors,  like  the  nitrides,  for 
which  true  n-doping  is  possible  (GaN,  AIN,  BN,  etc.)  [1-3]. 

Once  an  electron  is  in  the  conduction  band  and  has  traversed  the  width  of  the  diamond  film,  it  can 
"slip"  into  vacuum,  without  further  acceleration  by  the  field,  if  there  is  a  negative  electron  affinity 
(NEA)  surface.  Quasi-ballistic  electron  transport  through  thin  diamond  films  has  been  predicted  by 
the  authors  [9],  suggesting  that  the  injection  current  (and  its  energy  distribution)  is  sustained 
during  transport  to  the  vacuum  interface.  Field  emission  from  the  device  can  be  further  enhanced 

despite  the  high  dielectric  constant  (e=  5.7,  8.9,  8.5  for  diamond,  GaN  and  AIN,  respectively),  by 
creating  artificial  asperities  on  the  metal  which  protrude  into  the  film.  The  resulting  concentration  of 
the  field  lines  around  these  "tips"  enhances  further  the  tunneling  from  the  metal  into  the  conduction 
band  by  barrier  reduction  and  thinning.  In  principle,  the  barrier  may  be  thinned  to  such  an  extent 
that  it  is  possible  to  form  an  ohmic  contact.  In  our  earlier  analysis,  the  current  density  of  the  whole 
device  was  found  to  be  roughly  proportional  to  the  current  density  through  the  junction.  Assuming 
that  the  injected  distribution  is  not  significantly  changed  by  the  transport  process,  we  can  use  an 
expression  identical  to  the  conventional  FN  equation  for  the  current  through  the  interface  [6,9]. 

The  FN  characteristics  of  the  device  as  a  whole  are  predicated  on  the  following: 

1)  A  modified  Fowler-Nordheim  equation  is  a  valid  description  of  the  tunneling  through  the 
Schottky  barrier  at  the  interface; 

2)  Quasi-ballistic  propagation  so  that  every  electron  supplied  from  the  metal  into  the 
conduction  band  of  the  film  is  presumed  to  be  emitted  into  vacuum.  Hence  the  current  transport 
through  the  metal-semiconductor  interface  is  thus  equated  with  the  I-V  characteristic  of  the  whole 
device; 

3)  Near  zero-field  conditions  in  the  semiconductor  outside  of  the  depletion  layer,  so  that  little 
or  no  acceleration  of  electrons  occurs  on  its  path  to  the  vacuum-semiconductor  interface.  The 
charge  carriers  in  the  conduction  band  "slip"  out  of  the  film  because  of  the  negative  electron  affinity 
at  the  surface. 

We  exhibit  in  Fig.  1  calculated  results  of  internal  field  emission  (in  FN  coordinates)  from  metal- 
diamond  and  metal-GaN  thin  film  junctions.  The  somewhat  higher  threshold  for  internal  field 


Fig.  1  FN  plot  for  diamond  (upper  curve)  and  GaN  (lower  curve)  for  radius  of  curvature, 
R=:10nm,  N-doping  concentration,  N(5=10^9  cm‘3,  and  Schottky  barrier  height,  -9  The 
zero  of  energy  corresponds  to  the  bottom  of  the  conduction  band. 
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emission  for  GaN  is  due  to  its  higher  dielectric  constant  than  that  of  the  diamond.  Existing 
experimental  results  for  the  undoped  samples  seem  to  confirm  this  tendency  [2], 

The  threshold  bias  voltage  for  a  current  emission  density  of  j~iO"^  A/cm^-  from  N-doped  diamond 
is  on  the  order  of  8V.  A  comparable  GaN  device  (eg,  same  doping,  radius  of  curvature,  etc.) 
would  have  a  threshold  bias  voltage  16V.  In  the  case  of  n-doping  in  GaN,  the  Fermi  level  is 
pinned  to  the  donor  level.  When  the  applied  bias  is  greater  than  the  threshold,  the  injected  electrons 
with  energies  much  above  the  bottom  of  the  conduction  band  in  the  bulk  have  an  average  energy, 
<  E  >=  e(V^j  -  V^),  where  V^,  a  contact  potential  on  the  internal  interface,  is  less  than  1  V.  The 

final  position  of  the  peak  in  the  energy  distribution  is  shifted  by  a  value  of  x^leV.  Although  the 
field  F  in  the  depletion  layer  is  >  1000V/|im,  the  field  in  the  bulk  is  much  weaker,  i.e.,  most  of  the 
potential  drop  (and  electron  acceleration)  occurs  in  the  vicinity  of  the  metal-diamond  interface[5]. 

MONTE  CARLO  SIMULATIONS  OF  TRANSPORT  IN  GaN 

After  the  electron  is  in  the  conduction  band,  it  propagates  through  the  bulk  of  the  film  to  the 
vacuum  interface.  We  study  this  propagation  using  a  Monte  Carlo  method,  previously  described  in 
[10].  An  approximate  Fowler-Nordheim  energy  spectrum  is  used  to  describe  the  injected  electrons: 


P(£)=Jo 


exp(CoS) 

s 

l  +  expC^-Y) 

B 


where  e=  E  -  and  Jq  and  Cq  are  Fowler-Nordheim  constants  [11].  Assuming  the  field  is  in  the 
(111)  direction,  as  a  first  approximation,  the  electron  momentum  is  assumed  randomized  around 
this  direction.  Simulations  were  performed  for  GaN  with  conduction  electron  density  equal  to 
lOl^^cm-^  corresponding  to  the  levels  of  unintentional  n-doping. 

Since  electrons  are  injected  into  the  film  with  energies  of  tens  of  eV  above  the  bottom  of  the 
conduction  band,  their  effective  mass  is  different  from  the  electron’s  effective  mass  at  the  bottom 
of  the  conduction  band  [10].  However,  for  high  effective  mass,  i.e.,  m*=mg,  the  free  electron 
mass,  the  scattering  rates  for  high-energy  electrons  grow  inordinately  high  if  one  ignores  the  wave 
vector  dependence  of  the  deformation  potential.  Since  there  is,  as  yet,  no  consistent  treatment  of 
transport  for  such  high  energy  electrons,  we  performed  the  Monte  Carlo  simulations  for  GaN  both 
with  the  band-bottom  effective  mass  (option  I)  and  with  free  electron  mass  (option  II).  In  the  latter 
case  we  assumed  optical  phonon  rate  saturation  for  wave  vectors  larger  than  the  size  of  an 
elementary  cell  in  k-space:  k  >  kcj-  =27t/acell  (option  II).  The  resulting  spectra  for  option  II  are 
shown  in  Fig.  2.  We  see  that  most  of  the  electron  energies  are  concentrated  in  a  narrow  range 
around  the  energy  of  injection,  though  there  is  a  substantial  broadening,  which  is  much  more 
pronounced  in  the  case  of  “lighter”  electrons  (option  I).  For  low  fields  (F~lV/|Lim),  the  electron 
spectrum  is  skewed  to  the  lower  energies  (as  in  the  initial  FN  spectrum)  .  In  this  regime,  the 
energy  gained  by  the  electrons  from  the  field  is  approximately  equal  to  the  scattering  losses.  For 
high  fields  there  is  a  net  gain  of  energy  and  a  shift  to  higher  average  energies  (F-lOOV/jim).  We 
observe  from  Fig.  3  that,  as  expected,  transport  becomes  more  ballistic  for  the  higher  fields  in 
accordance  with  the  results  of  Ref.  [12].  Emission  of  acoustic  phonons  dominates  the  scattering 
picture;  the  importance  of  intravalley  optical  phonons  decreases  with  higher  fields.  This  is 
confirmed  by  Fig.  4  where  we  plot  the  mean  energy  in  (a)  and  the  standard  deviation  (STD)  in  (b). 
In  the  case  of  option  II,  the  spectra  exhibit  a  monotonic  decrease  in  the  STD  with  increase  of  the 
field.  This  behavior  persists  at  least  for  film  thicknesses  of  0.1  |im  and  for  the  electron  density 
ng-'lO^^cm^  and  confirms  the  quasi-ballistic  transport. 
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Fig.  4  (a)  Mean  energy  and  (b)  standard  deviation  of  energy  as  a  function  of  electric  field  inside  the 
semiconductor:  option  I  (circles),  option  Il(squares). 

For  the  NEA  surface  all  particles  transported  to  the  film- vacuum  interface  will  be  emitted  with  a 
small  energy  shift  Thus  we  can  identify  the  spectra  in  Fig.  2  with  the  spectra  of  the  field- 
emitted  electrons  from  the  whole  device.  We  note  that  the  vacuum  energy  spectrum  still  retains  a 
narrow-line  shape  typical  of  the  field  emission  from  the  surface  of  a  metal.  In  conclusion,  our 
simulations  show  that  thin  nitride  films  (<  0.1  pm)  sustain  unimpeded  transport  of  electrons 
through  the  film. 

CONCLUSIONS 

In  this  paper  we  describe  a  three  step  process  for  electron  emission  from  wide-band  gap 
semiconducting  thin  films.  This  process,  originally  suggested  by  Geis  et  al.  [5]  and  developed  by 
the  authors  [6,9],  consists  of:  Electron  injection  via  internal  field  emission  at  the  metal 
semiconducting  interface;  Electron  transport  through  the  semiconducting  film;  Electron  emission  at 
the  NEA  or  PEA  semiconducting-vacuum  interface.  For  diamond  and  GaN,  the  internal  field 
emission  current  can  be  described  by  a  FN  type  equation.  Using  a  molecular  dynamic  approach 
(with  a  Monte  Carlo  algorithm)  to  model  the  transport,  it  was  found  that  scattering  reduces  the 
average  energy  of  the  electrons  by  about  0.5  eV  for  very  thin  films  (L=0.01  pm)  which  is 
compensated  by  the  energy  gained  from  the  field  during  its  transit  to  the  surface.  In  addition,  the 
narrow  FN  energy  distributions  characteristic  of  the  internal  field  emission  process  are  sustained 
for  films  with  L<0. 1pm  and  doping  densities  <10^^  cm"^. 
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ABSTRACT 

We  report  the  effect  of  mild  annealing  on  Ti  Schottky  diodes  on  n-type  GaN.  The  Ti  films 
were  deposited  by  electron  beam  evaporation  on  n-type  GaN  grown  by  metal  organic  vapor 
deposition.  We  determine  the  effective  barrier  height  by  current-voltage  mecisurements 
as  a  function  of  temperature.  The  cis-deposited  Ti  contacts  show  rectifying  behavior  with 
low  barrier  heights  $6o  <  200meV.  At  annealing  temperatures  as  low  as  60®C  we  observe 
an  increase  of  the  barrier  height  to  values  of  250meV.  After  annealing  at  230°C  and  above 
a  stable  barrier  height  of  450meV  is  measured.  The  increase  in  barrier  height  is  not  due  to 
any  macroscopic  interfacial  reaction.  The  origin  of  the  observed  changes  are  discussed  in 
terms  of  the  Schottky-Mott  model  and  possible  microscopic  interfacial  reactions. 

INTRODUCTION 

Extensive  research  and  development  of  GaN  have  recently  made  possible  the  realization  of 
new  GaN  based  opto-electronic  devices  and  high  temperature  electronics.  Metal  contacts 
are  typically  an  essential  ingredient  in  the  technology  of  such  devices.  The  formation  of 
both  Ohmic  [1,  2]  and  rectifying  Schottky  contacts  [3,  4,  5,  6]  are,  therefore,  central  issues 
in  current  GaN  research.  Titanium  is  of  special  interest  since  it  has  been  observed  to  act  as 
an  Ohmic  contact  on  10^‘^cm“®  n-type  GaN  after  high  temperature  rapid  thermal  annealing 
(RTA)  [1]  or  when  the  surface  is  exposed  to  reactive  ion  etching  prior  to  metal  deposition 
[2].  However,  Ti  deposited  by  electron-beam  evaporation  on  chemically  prepared  n-type 
GaN  shows  rectifying  behavior  [2,  3].  Binari  et  al.  reported  a  flat  band  barrier  height  of 
=  0.58eV  for  as  deposited  Ti  contacts  on  3  x  lO^^cm”^  n-type  GaN,  restricting  their 
measurements  to  room  temperature. 

Interfacial  reactions  have  been  proposed  to  be  responsible  for  these  observed  changes 
from  rectifying  to  low  resistivity  ohmic  contacts  [1,  2].  To  obtain  a  better  understanding 
of  the  relevant  processes,  it  is  of  interest  to  study  the  evolution  of  barrier  height  with  low 
temperature  annealing.  Schmitz  et  al.  reported  an  increase  in  4>to  with  annealing  of  Pd/GaN 
contacts  above  300''C  [7].  Since  Ti  is  a  highly  reactive  metal  and  a  strong  nitride  former, 
annealing  effects  can  be  expected  to  be  of  importance  for  the  Ti/GaN  system. 

From  a  more  fundamental  point  of  view,  Ti  is  also  of  interest  as  a  representative  of  low 
work  function  metals  for  the  study  of  the  correlation  of  metal  work  function  and  barrier 
height.  This  correlation  is  expected  to  be  strong  for  the  ionic  semiconductor  GaN  [8].  In 
this  paper  we  report  on  the  Schottky  barrier  behavior  and  the  thermal  stability  of  Ti  on 
n-type  GaN. 
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EXPERIMENTAL 


The  Ti  contacts  in  this  study  were  deposited  on  unintentionally  doped  n-type  GaN  epi-layers 
on  sapphire  provided  by  Hewlett-Packard  Opto-Electronic  Division  and  Honeywell  Inc.  All 
GaN  layers  were  grown  by  metal-organic  vapor  phase  epitaxy  (MOVPE)  on  a  sapphire 
substrate.  The  layer  thickness  was  1-2  /xm.  Hall  effect  measurements  indicate  doping 
levels  in  the  mid  lO^^cm"^  range  and  room-temperature  mobilities  between  240cm^/Vs  and 
355cm^/Vs.  Prior  to  metallization,  the  samples  were  degreased  in  hot  xylenes,  acetone 
and  methanol.  Subsequently,  they  were  etched  for  5  min.  in  buffered  oxide  etch  (BOE — 
NH3F:HF,  6:1),  diluted  with  HjO  (B0E:H20,  1:10),  rinsed  in  DI  water  and  finally  blown  dry 
with  N2.  A  Ti  layer  of  ISOOAwas  deposited  by  electron  beam  evaporation  through  a  shadow 
mask  in  a  vacuum  better  than  5xlO“®Torr.  The  contact  areas  ranged  from  0.92  to  2.92 
xl0“^cm^.  Some  Ti  contacts  were  covered  by  a  Au  capping  layer  without  breaking  vacuum 
to  prevent  oxygen  incorporation  into  the  Ti  films.  Large  area  Ohmic  contacts  were  formed 
by  evaporation  of  Al.  Annealing  of  the  samples  was  performed  either  in  a  tube  furnace 
in  flowing  forming  gas  N2:H2  (24:1)  or  in  a  vacuum  of  GOmTorr.  The  vacuum  annealing 
allowed  in  situ  current-voltage  measurements.  Annealing  temperatures  ranged  from  60  to 
SSO^C  and  times  varied  between  20  minutes  and  3  hours. 

RESULTS 

The  characteristics  of  the  resulting  diodes  were  investigated  by  current-voltage  (I-V)  mea¬ 
surements.  The  as-deposited  Ti  yields  rather  leaky  diodes  with  reverse  bias  currents  in 
the  range  of  mA  for  voltages  of  -2V.  Series  resistance  effects  were  clearly  visible  under  for¬ 
ward  biasing.  Series  resistance  effects  and  high  conductance  have  significant  influence  on 
capacitance  voltage  (C-V)  measurements  even  under  reverse  bias  condition.  They  do  not 
allow  a  reliable  determination  of  the  built-in  voltage  and  hence  the  barrier  heights  of  the 
diodes  from  the  measured  C-V  spectra.  This  led  us  to  restrict  ourselves  to  current-voltage 
experiments. 

For  a  succesful  study  of  the  forward  I-V  characteristic  of  our  diodes,  the  determination 
of  the  series  resistance  is  crucial.  We  used  the  method  of  Werner  [9]  to  determine  and 
used  the  series  resistance  corrected  voltage  V'  =  V  —  IR3  for  further  investigations.  The 
diode  characteristic  according  to  the  thermionic  emission  theory  is  then  described  by 

/  =  /o(exp(^)  ~  1)  with  /o  =  Ay4**r^exp(-|^)  (1) 

where  n  is  the  ideality  factor  of  the  diode,  T  the  temperature,  k  the  Boltzmann  factor,  A 
the  device  area,  A**  the  effective  Richardson  constant,  Iq  the  saturation  current,  and  $bo 
the  effective  barrier  height. 

The  rectifying  behavior  of  the  Ti  contacts  improved  significantly  upon  annealing.  Room- 
temperature  I-V  curves  after  sequential  annealing  steps  are  depicted  in  Fig.  1.  For  the 
evaluation  of  Iq  and  n  we  employed  a  plot  of  ln(//{l  —exp(—qV*/kT)})  vs.  V'  which  allows 
us  to  include  biases  as  small  as  ZkTfq  [10]. 

Temperature  dependent  I-V  measurements  (I-V-T)  were  used  to  determine  4>{,o  and  A** 
of  the  contacts  for  each  annealing  step.  Samples  were  annealed  at  60‘’C,  120"C,  and  230®C. 
I-V-T  measurements  were  performed  up  to  the  respective  annealing  temperature.  Figure  2 
shows  an  activation  energy  plot  of  ln(/o/T^)  vs.  l/T  for  as-deposited  and  annealed  contacts. 
The  corresponding  effective  barrier  heights  are  determined  from  the  slope  of  these  plots 
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Figure  1:  Room  temperature  I-V  characteristics  for  Ti  contacts  {A  =  2.45  x  10“^  cm^) 
cis  deposited  and  after  annealing  at  dO^C  ,  120‘’C  ,  and  230“C  shift  to  lower  currents  with 
increasing  annealing  temperature.  The  saturation  currents  decrease  by  a  factor  of  1000, 
wherecLS  the  ideality  factors  remain  constant  at  a  value  of  n  1.29:  Iq  =  3.4  x  10“^ A, 
n  =  1.29  (as-deposited),  Iq  =  9.57  x  10"®A,  n  =  1.25  (60°C  annealed),  Iq  =  1.96  x  10”® A, 
n  =  1.32  (120°C  annealed),  and  Iq  =  4.87  x  10"'^A,  n  =  1.29  (230"C  annealed). 


1000/T  [K'^] 

Figure  2:  Activation  energy  plot  for  Ti  contacts  shows  an  increase  in  slope  (i.e.,  increasing 
barrier  height)  but  a  nearly  constant  y-axis  intercept  (i.e.,  constant  area  x  Richardson 
constant)  after  annealing  treatments. 
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Annealing  Treatment 

Figure  3:  Evolution  of  Ti  barrier  heights  with  different  annealing  steps.  Each  filled  circle 
corresponds  to  the  barrier  height  determined  from  I-V-T  measurements  of  one  specific  sam¬ 
ple  after  the  respective  annealing  step.  The  Ti  Schottky  diodes  were  formed  on  HP  and  on 
Honeywell  GaN  films. 


where  the  ideality  factor  becomes  close  to  unity  (n  <  1.15)  and  constant  with  temperature, 
i.e.,  where  thermionic  emission  should  be  the  predominant  transport  mechanism.  For  ^6o 
we  find  250meV  (GO^C),  294meV  (120'’C)  and  407meV  (230°C).  The  corresponding  effective 
Richardson  constants  times  the  diode  area  A** A  remain  nearly  constant  and  A**  lies  around 
a  value  of  1  xlO~^Acm“^K“^  for  all  three  annealing  steps.  This  value  is  small  compared 
to  the  theoretical  value  of  26Acm~*K“^  [4],  but  of  the  same  order  of  magnitude  as  those 
reported  by  several  authors  [4,  5],  who  attribute  this  discrepancy  to  an  additional  thin 
barrier  through  which  electrons  must  tunnel  [4]. 

The  observed  changes  in  our  measured  I-V-curves  are  mainly  due  to  a  change  in  the 
effective  barrier  height  for  the  electron  transport.  For  the  as-deposited  Ti  contacts  there  is 
significant  uncertainty  in  the  extrapolation  of  Iq  because  of  a  pronounced  series  resistance 
influence.  Additionally,  the  temperature  induced  changes  of  the  Schottky  barriers  at  tem¬ 
peratures  as  low  as  60°  C  prevent  measurements  over  an  extended  temperature  range.  We 
can  only  estimate  the  barrier  height  of  as-deposited  Ti  to  lie  near  200meV.  The  determined 
barrier  heights  versus  the  corresponding  annealing  temperatures  for  several  contacts  are 
shown  in  Fig.  3.  We  observe  an  increase  of  the  barrier  heights  with  increasing  annealing 
temperatures.  The  barrier  height,  averaged  for  more  than  10  samples,  equals  447meV  for 
the  230"C  annealing  step.  Higher  annealing  temperatures  (300  and  350‘’C)  resulted  in  no 
further  increase  in  the  barrier  height  but  in  some  cases  led  to  an  increase  of  the  ideality 
factors  at  room  temperature. 

Performing  a  rapid  thermal  anealing  step  of  30  seconds  at  900  "C  in  nitrogen  atmosphere 
similar  to  the  treatment  described  by  Lin  et  al.  [1]  results  in  nearly  linear,  i.e.,  ohmic  I-V 
behavior  of  our  contacts.  Sputtered  Ti  contacts  also  exhibit  nearly  ohmic  behavior  after 
deposition.  Mild  annealing  of  these  sputtered  Ti  contacts  led  in  most  cases  again  to  more 
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rectifying  I-V  charactersistics.  In  some  cases,  however,  the  I-V  curves  did  not  undergo 
significant  annealing  induced  changes.  We  attribute  this  observed  behavior  to  stronger 
surface  damage  due  to  the  sputtering  than  during  e-beam  evaporation. 

DISCUSSION 

The  change  in  barrier  height  with  annealing  suggests  that  structural  changes  occur  at  the 
interface.  Rutherford  backscattering  and  x-ray  diffraction  experiments,  however,  indicate 
no  macroscopic  interfacial  reaction,  i.e.  phcise  formation  on  a  scale  larger  than  50  A,  between 
the  Ti  film  and  GaN  after  annealing  up  to  230°C.  Changes  during  annealing  at  such  low 
temperatures  may  happen  on  a  more  microscopic  scale. 

An  interfacial  layer  of  a  few  monolayers  of  oxide  and/or  water  at  the  Ti/GaN  interface 
may  be  consumed  by  the  metal,  leading  to  a  more  intimate  and  therefore  possibly  more 
ideal  contact.  For  those  contacts  on  GaN  one  may  expect  the  Schottky-Mott  model  to  be 
valid,  where  the  difference  between  the  Ti  work  function  (4.3eV  [10])  and  the  GaN  electron 
affinity  (~  4.06eV  [6])  determine  the  barrier  height.  The  observed  barrier  heights  after  the 
60  and  120  ‘’C  annealing  step  of  220  to  300meV  may  support  the  Schottky-Mott  theory, 
which  is  expected  to  be  applicable  because  of  the  high  ionicity  of  GaN  [8,  11]. 

However,  the  barrier  heights  increase  with  higher  annealing  temperatures  and,  therefore, 
deviate  from  that  simple  relationship.  It  is  also  possible  that  a  reaction  takes  place  on  a 
microscopic  scale  resulting  in  the  formation  of  new  phases  at  the  interface.  The  most  likely 
candidate  as  a  reaction  product  at  the  interface  is  expected  to  be  TiN.  The  formation  of 
a  cubic  TiN  phase  has  been  observed  in  Ti/Al  bilayer  and  Ti/Al/Ni/Au  multilayer  ohmic 
contacts  treated  with  RIE  before  and  RTA  after  deposition  [12].  The  observed  ohmic  be¬ 
havior  of  these  contacts  is  explained  in  terms  of  surface  damage  due  to  the  RIE  and/or  the 
possible  accumulation  of  N  vacancies  in  the  GaN  due  to  the  outdiffusion  of  nitrogen  from 
the  GaN  both  leading  to  a  heavily  doped  n-type  interface  layer  [1,  2].  If  the  surface  damage 
is  the  predominant  mechanism  leading  to  ohmic  contact  behavior,  which  is  backed  by  our 
results  for  the  sputtered  Ti  contacts,  TiN  may,  however,  also  be  responsible  for  the  observed 
behavior  of  our  Schottky  contacts.  If  a  very  thin  layer  of  TiN  is  formed  at  our  contacts, 
which  should  have  a  different  work  function  than  Ti,  it  may  be  responsible  for  the  increase 
of  the  barrier  heights  to  values  higher  than  those  predicted  by  the  Schottky-Mott  model. 

Furthermore,  we  consider  the  possible  formation  of  bandgap  states  at  the  interface, 
e.g.  metal  induced  gap  states  (MIGS),  during  annealing  when,  for  example,  an  interfacial 
layer  between  the  Ti  and  the  GaN  is  consumed  by  the  Ti.  Bandgap  states  at  the  interface 
influence  the  position  of  the  Fermi  level  depending  on  the  neutrality  level  of  the  gap  state 
density  and  may  again  lead  to  a  barrier  higher  than  expected  from  the  pure  Schottky-Mott 
rule  [13]. 

Further  studies  are  necessary  to  lead  to  full  understanding  of  the  underlying  mecha¬ 
nisms  involved  in  the  observed  changes  in  the  Schottky  barrier  heights.  High  resolution 
transmission  electron  microscopy  studies  may  detect  an  interfacial  layer.  Such  studies  are 
in  progress.  Measurement  of  barrier  heights  between  GaN  and  a  wider  variety  of  metals, 
especially  nitride  forming  metals,  should  also  help  to  understand  which  model  of  barrier 
height  formation  might  be  appropriate. 

CONCLUSIONS 

In  conclusion,  the  influence  of  annealing  on  the  electrical  characteristics  of  Ti  contacts  to 
n-type  GaN  has  been  investigated.  We  find  an  increase  of  the  barrier  height  with  increasing 
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annealing  temperatures.  The  lower  ${,o  ~250-300meV  is  described  by  the  simple  Schottky- 
Mott  model  of  being  equal  to  the  difference  in  the  work  function  and  electron  affinity 
of  Ti  and  GaN.  Annealing  increases  $6o  to  values  of  ~450meV,  as  measured  by  the  I-V- 
T-method.  The  reason  for  this  increase  is  not  known  at  this  time,  but  is  not  due  to  any 
macroscopic  interfacial  reaction  between  the  Ti  and  the  GaN.  The  formation  of  a  microscopic 
layer  of  TiN  at  the  interface  or  the  introduction  of  states  in  the  GaN  near  the  Ti  and  GaN 
interface  are  possible  candidates  for  an  explanation  of  our  results. 
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ABSTRACT 

Cold  cathodes  have  been  fabricated  using  two  different  nitride  structures  as  a  thin  film 
emitting  layer.  The  AIN  and  graded  AlGaN  structures  are  prepared  by  raetalorganic  chemical 
vapor  deposition  (MOCVD)  on  an  n-type  6H-SiC  substrate.  Individual  aluminum  grids  are 
perforated  with  an  array  of  either  1,  3,  or  5pm  holes  through  which  the  emitting  surface  is 
exposed.  After  device  fabrication,  a  hydrogen  plasma  exposure  was  found  to  be  necessary  to 
activate  the  cathode.  The  devices  have  displayed  a  limited  lifetime  and  a  small  percentage  of  the 
devices  operate,  although  half  of  the  devices  with  5  pm  holes  functioned.  The  highest  measured 
collector  currents  are  O.lpA  for  AIN  and  lOnA  for  AlGaN  at  grid  voltages  of  1  lOV  and  20V, 
respectively.  The  grid  currents  are  typically  10  to  10“^  times  the  collector  currents. 

INTRODUCTION 

The  electrical  properties  of  wide  bandgap  semiconductors  in  combination  with  their  chemical 
stability  make  them  candidates  for  use  in  flat  panel  displays  and  high  power,  high  frequency 
devices.  Wide  bandgap  semiconductors  such  as  diamond  [1],  AIN  [2],  and  Al^Ga^.^N  for  x  >  .75 
[3]  show  promise  for  use  as  cold  cathode  materials  since  they  each  exhibit  a  negative  electron 
affinity  (NEA).  At  the  surface  of  an  NEA  material,  the  vacuum  level  lies  below  the  conduction 
band  minimum;  therefore,  electrons  in  the  conduction  band  and  near  the  semiconductor  surface 
can  be  emitted  into  vacuum. 

Two  different  nitride  emitting  layers  were  used  in  these  experiments.  The  first  is  a  lOOOA 
AIN  layer  and  the  second  is  graded  from  n+  GaN  to  Alo,9Ga  o.iN.  In  each  of  these  films,  a  thin 
(-lOOOA)  AIN  buffer  layer  lies  between  the  conducting  SiC  substrate  and  the  emitting  layer.  The 
simplified  band  diagrams  for  these  two  structures  are  shown  in  Figure  1.  A  major  device  issue  is 
how  to  populate  the  conduction  band  at  the  surface  with  electrons.  These  structures  employ  two 
similar  approaches  to  this  problem.  For  the  AIN  structure,  if  the  AIN  layer  is  thin  enough,  the 
application  of  an  electric  field  will  increase  electron  tunneling  across  the  AIN  and  into  vacuum.  In 
the  graded  AlGaN  structure,  electrons  must  first  tunnel  through  the  AN  barrier  (the  buffer  layer) 
from  the  conducting  SiC  to  the  GaN.  Then  the  electrons  move  into  the  AlGaN  layer  and  some 
are  swept  into  vacuum  because  of  the  applied  grid  voltage.  An  additional  barrier  would  exist  at 
the  surface  of  a  positive  electron  affinity  material. 

Most  wide  bandgap  field  emission  research  has  been  dedicated  to  depositing  diamond  on 
silicon  field  emitting  tips  [4,  5]  or  studying  diamond  films  themselves  [6,  7],  Our  approach  is  to 
use  a  planar  nitride  surface  as  the  emitter,  rather  than  a  structure  deliberately  exploiting  field 
enhancement  at  a  sharp  projection.  This  approach  is  similar  to  recently  fabricated  diamond 
cathodes [8].  The  nitride  cold  cathode  design  is  shown  in  Figure  2.  An  aluminum  grid  lies  on  an 
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Si02  layer  which  separates  the  grid  from  the  nitride  emission  layer.  An  array  of  square  emission 
holes  is  etched  through  the  aluminum  and  Si02  to  the  nitride  layer.  At  the  emission  hole  bottom, 
there  is  a  vacuum-nitride  interface  across  which  electrons  tunnel  with  the  application  of  the  grid 
voltage  (Vg)  between  the  aluminum  pad  and  the  backside  contact. 


Figure  1.  Band  diagrams  of  AlN/SiC  and  graded  AlGaN/SiC  structures. 


Figure  2.  Cold  cathode  design.  The  top  view  (left)  shows  a  5  x  5  array  of  emission  holes.  The 
A1  grid  is  V2  x  2mm  and  the  emission  holes  are  either  1, 3,  or  5jim.  The  nitride  layer  is 
exposed  through  the  holes.  The  cross  section  (right)  is  across  the  emission  holes. 

EXPERIMENT 

Cold  Cathode  Fabrication 

Fabrication  of  the  cold  cathodes  is  accomplished  with  a  two  mask  process.  The  first  mask 
creates  the  emission  holes  and  the  second  fornis  the  aluminum  grid  pads  for  electrical  probing. 
Prior  to  patterning,  the  nitride  emitting  layer  is  deposited  on  a  6H-SiC  substrate  using  the 
MOCVD  system  described  elsewhere  [9,  10].  Two  different  nitride  emitting  layers  were  used  in 
these  experiments.  The  first  is  a  lOOOA  AIN  layer  and  the  second  is  graded  from  n-t-  GaNrSi  (n  > 
1  X  10^^  cm'^)  to  Alo.9Ga  o.iNiSi.  As  shown  by  atomic  force  microscopy,  the  nitride  films  are 
smooth  with  root  mean  square  roughnesses  of  ~20A  on  a  1  x  Ipm  scan. 

Si02  is  used  as  the  dielectric  separating  the  aluminum  grid  from  the  emitting  layer.  A  one 
micron  Si02  layer  is  deposited  on  the  nitride  layer  at  400°C.  The  deposition  system  is  a 
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horizontal,  low  pressure  CVD  system  using  diethylsilane  and  oxygen  precursors.  Finally,  200- 
300nm  of  aluminum  is  thermally  evaporated  onto  the  oxide. 

The  first  mask  step  creates  the  emission  holes  which  are  either  1,  3,  or  5|im  squares.  The 
aluminum  is  patterned  with  a  standard  aluminum  etch  and  the  oxide  is  reactive  ion  etched  (RIE) 
to  achieve  high  aspect  ratio  features.  A  mixture  of  SFe  and  O2  at  30mTorr  is  used  because  of  the 
high  etch  rate.  Since  the  RIE  environment  may  damage  the  emitting  surface,  a  wet  oxide  etch  is 
used  to  etch  the  last  tenth  micron  of  oxide  down  to  the  nitride  layer.  The  second  mask  step 
defines  the  V%  x  2mm  metal  pads  that  form  the  grids  which  will  be  electrically  probed.  Standard 
oxygen  descura  procedures  to  remove  residual  photoresist  are  not  performed  since  this  may 
damage  the  nitride  emitting  layer.  The  last  processing  step  is  thermal  evaporation  of  200-300nm 
of  aluminum  on  the  backside  of  the  SiC  for  an  electrical  contact. 

Cold  Cathode  Electrical  Testing  System 

The  electrical  testing  system  is  a  stainless  steel  4-1/2”  six-way  ultra-high  vacuum  cross  with 
two  electrical  probes.  One  probe  is  used  to  make  contact  to  the  grid  and  the  other  probe  is  used 
to  collect  the  emission  current  ~lmm  above  the  holes.  The  device  wafer  is  held  down  onto  a 
stainless  steel  platform  which  forms  the  backside  electrical  contact.  The  electrical  probes  are 
connected  to  wobblestick  feedthroughs  that  can  be  finely  controlled  with  two  external  XYZ 
stages.  With  the  aid  of  a  microscope,  individual  devices  on  a  wafer  are  probed  in  vacuum.  Two 
computer  controlled  Keithley  source  measure  units  (SMUs)  apply  the  grid  and  collection  voltages 
to  a  device.  The  grid  voltage  can  be  varied  from  0-1  lOV  and  the  collector  voltage  from  0-1  lOOV. 
The  pumping  system  is  oil  free  and  testing  is  perfonned  at  <  5  x  10"^  Torr  as  measured  by  a  cold 
cathode  gauge. 

RESULTS 

Cathode  Testing 

The  nitride  cathodes  were  electrically  tested  directly  after  processing  and  no  collector  current 
above  the  noise  level  was  measured.  It  was  determined  that  a  post  processing  clean  is  necessary 
to  activate  emission  from  the  nitride  cathodes.  Since  the  aluminum  grids  are  exposed,  we  are 
limited  to  cleans  which  will  not  etch  away  the  grids.  The  samples  were  cleaned  ultrasonically  in 
methanol  for  10  min.  and  then  subjected  to  a  remote  hydrogen  plasma  clean  at  25mTorr  and 
450°C  for  10  min.  A  hydrogen  plasma  exposure  with  these  parameters  has  been  shown  to  remove 
hydrocarbons  from  AIN  and  GaN  surfaces  [11].  Also,  a  hydrogen  plasma  will  remove  some 
residual  photoresist.  After  plasma  exposure,  the  sample  is  immediately  transported  in  air  to  the 
electrical  testing  system. 

Several  AIN  and  AlGaN  cathodes  have  had  collector  currents  well  above  the  current 
background  level.  None  of  the  cathodes  with  1  and  3|im  holes  functioned.  Only  cathodes  with 
5p.m  emission  holes  operated  and  the  cathode  lifetimes  varied  from  minutes  to  half  an  hour.  For 
all  measurements  shown  in  this  paper,  the  grid  voltage  was  held  constant  and  the  collection 
voltage  was  varied.  For  most  of  the  data  shown,  the  changing  collector  voltage  is  not  as 
important  as  the  passage  of  time.  At  a  constant  grid  voltage  the  varying  collector  current  is  due 
to  cathode  instability  rather  than  to  the  changing  collector  voltage. 

Emitter  structures  without  emission  holes  were  also  fabricated  to  test  the  Si02  properties. 
These  test  structures  are  on  the  same  wafer  as  the  cathodes,  and  therefore  undergo  the  exact  same 
processing  and  plasma  treatments.  The  oxide  breakdown  voltage  for  these  structures  was  found 
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to  be  >800V  which  is  much  higher  than  the  grid  voltages  of  0-1  lOV  used  during  normal  cathode 
testing.  No  collector  currents  above  the  noise  level  have  been  measured  for  the  structures 
without  emission  holes. 

Figure  3  shows  the  data  for  an  AIN  cathode  that  operated  for  about  30min.  This  cathode  is  a 
5x5  array  of  5p.m  square  holes  (see  Figure  1).  The  center-to-center  spacing  between  holes  is 
75|im.  Collector  current  data  is  shown  for  four  different  grid  voltages.  Each  curve  represents  a 
constant  grid  voltage,  and  as  expected,  the  collector  current  increases  with  increasing  grid 
voltage.  The  Vg=0  and  1  lOV  measurements  were  repeated  several  times  and  all  data  was 
consistent  with  the  data  shown.  Also,  when  the  grid  voltage  was  turned  off  in  the  middle  of  a 
scan,  the  collector  current  would  drop  to  the  Vg=0  level.  The  ratio  of  the  grid  current  (Ig)  to  the 
collector  current  (Ic)  varied  from  1  - 100  for  this  cathode. 


Collector  Voltage  (V) 


Figure  3.  Collector  current  measurements  for  an  AIN  cathode  that  is  a  5  x  5  array  of  5pm  square 
holes  spaced  by  75pm.  The  grid  currents  for  Vg  =  60,  70,  1  lOV  are  Ig  =  2.3  -  2.8nA, 

4  -  13nA,  0.08  -  0.8pA,  respectively. 


Figure  4  shows  collector  current  data  for  an  AlGaN  cathode  that  is  also  a  5  x  5  array  of  5pm 
square  holes  spaced  by  50pm.  During  the  30V  measurement,  the  cathode  failed.  This  cathode 
had  the  largest  collector  current  of  the  AlGaN  cathodes  measured  (Ic  =  lOnA).  Other  AlGaN 
cathodes  had  longer  lifetimes  and  withstood  testing  at  higher  grid  voltages.  Grid  currents  for  the 
AlGaN  devices  were  10^  to  10"*  times  the  collector  current.  Figure  5  shows  data  for  a  different 
AIN  cathode  that  is  a  5  x  5  array  of  5pm  square  holes  spaced  by  75pm.  Below  Vc  =  137V,  when 
the  device  was  operating,  the  grid  current  was  low  (~lpA).  The  grid  current  increased  to  10mA 
when  the  device  turned  off  (Vc  >  137V).  This  plot  also  demonstrates  the  sometimes  sudden 
extinction  of  emission  current. 


Current  Density  Calculations 

The  current  densities  (J)  can  be  estimated  assuming  that  all  cathode  pixels  are  activated  and 
emitting  uniformly.  Using  the  AIN  Vg  =  1  lOV  data  from  Figure  3  gives  J  =  0.01  Acm'^.  The 
Vg  =  20V  AlGaN  data  from  Figure  4  yields  J  =  0.001  Acm'^.  These  current  densities  are 
minimum  values  because  the  emission  area  is  probably  smaller  than  the  exposed  nitride  area. 
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Figure  4.  Current  measurements  for  a  graded  AlGaN  cathode  that  is  a  5  x  5  array  of  5^m  square 
holes  spaced  by  50pm.  The  right  plot  shows  the  grid  and  collector  currents  for  Vg  = 
20V.  The  cathode  failed  during  the  Vg  =  30V  measurement. 


Collector  Voltage  (V) 

Figure  5.  Collector  current  measurements  for  an  AIN  cathode  that  is  a  5  x  5  array  of  5pm  square 
holes  spaced  by  75pm. 

DISCUSSION 

The  cathodes  that  functioned  followed  identical  patterns  during  testing.  The  grid  current 
would  be  high,  either  10  or  100mA,  depending  on  the  SMU  compliance  value.  Then  the  grid 
current  would  drop  and  a  collector  current  could  be  measured  from  several  minutes  to  half  an 
hour.  Observing  the  cathodes  after  testing  revealed  melting  of  the  aluminum  grid.  Melting  was 
observed  at  the  point  of  contact  between  the  aluminum  pad  and  the  grid  probe.  Also,  the 
emission  holes  would  be  enlarged  and  rounded,  and  sometimes  more  severely  damaged.  Current 
is  either  flowing  along  the  sidewalls  of  the  emission  holes,  or  electrons  emitted  from  the  nitride 
surface  are  colliding  with  the  oxide  and  aluminum  grid.  We  suspect  that  after  the  many  device 
processing  steps,  a  conducting  residue  coats  the  sides  of  the  emission  holes.  This  creates  a  short 
between  the  grid  and  the  nitride  layer.  During  device  testing,  a  high  current  flows  through  the 
residue  and  eventually  it  decomposes  and  also  melts  areas  of  the  grid.  After  this  decomposition 
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occurs,  an  electric  field  can  build  up  at  the  nitride  surface  and  electrons  are  emitted.  We  also 
suspect  that  the  devices  with  1  and  Sjim  holes  do  not  function  because  of  the  many  processing 
steps.  There  may  be  residual  photoresist  in  these  smaller  holes  since  oxygen  descums  are  not 
performed. 

In  an  effort  to  solve  these  problems,  in  the  next  devices  to  be  fabricated,  the  emission  holes 
will  be  etched  after  the  Vi  x  2mm  aluminum  pads  are  created.  In  this  new  process  sequence,  the 
emission  holes  are  never  exposed  to  photoresist.  These  new  devices  wiU  also  have  top  contact  to 
the  n+  GaN  layer;  thus  circumventing  the  resistive  AIN  buffer  layer.  Also,  conducting  buffer 
layers  are  being  developed  which  will  be  used  with  the  backside  contact  design. 

CONCLUSIONS 

Cold  cathodes  have  been  successfully  fabricated  using  nitride  structures  as  the  emitting 
surface.  Although  most  cathodes  did  not  function,  a  high  percentage  of  cathodes  with  5}im  holes 
operated  from  several  minutes  to  half  an  hour.  The  grid  current  is  much  higher  than  the  collector 
current  for  both  the  AIN  and  graded  AlGaN  cathodes.  The  grid  current  to  collector  current  ratio 
for  the  AIN  cathodes  is  1-100,  and  for  the  AlGaN  cathodes  it  is  10^  -  lO'^.  We  suspect  that  many 
of  the  limitations  in  this  study  are  related  to  residuals  after  the  fabrication  process. 
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ABSTRACT 

New  observations  are  presented  on  the  emission  of  electrons  from  n-type  polycrystalline 
diamond  and  n-type  boron  nitride  (BN)  cold  cathode  films,  both  as  synthesized  and  after  post¬ 
synthesis  annealing.  The  films  have  been  observed  to  show  an  increase  in  electron  emission  after 
annealing  by  one  to  several  orders  of  magnitude,  depending  upon  the  type  of  emitter  and  the  spe¬ 
cific  surface  treatment.  Observations  from  both  plasma  and  laser  annealing  treatments  will  be 
presented. 

The  annealed  BN  cold  cathodes  have  been  observed  to  yield  stable  emission  currents  as  high 
as  2  A  cm'^  (-4  mA  total  current)  at  fields  as  low  as  ~30  V  pm'\  This  is  believed  to  be  the  high¬ 
est  reported  current  density  yet  observed  from  a  planar  film  cold  cathode  emitter. 

INTRODUCTION 

The  electron  emission  studies  of  solids  have  generated  an  extensive  literature.  The  presenta¬ 
tion  of  typical  examples  of  studies  relating  to  that  area  and  the  associated  principles  can  be  found 
elsewhere  [1,2].  Those  studies  include  observations  in  the  areas  of  thermionic,  field  and  secon¬ 
dary  electron  emission.  Typical  electron  emitting  materials  used  as  cathodes  require  relatively 
high  temperatures  [3]  (from  -1000  °K  to  -2600  )  and/or  relatively  high  applied  fields  (-10^  to 

1 0^  V  /  pm)  to  obtain  adequate  electron  emission  per  unit  area  for  use  in  modem  high  power  de¬ 
vice  stmctures.  The  development  goal  for  this  cold  cathode  materials  research  is  to  obtain  the 
highest  room  temperature  electron  emission  density,  with  the  least  energy  expenditure  and  with  a 
minimum  of  post-synthesis  processing. 

The  initial  results  reported  [4]  earlier  on  the  electron  emission  from  these  new  nitride-based 
cold  cathode  materials  and  n-type  polycrystalline  diamond  indicated  the  potential  that  these  ma¬ 
terials  have  as  low  temperature  electron  emitters.  This  paper  presents  further  observations  on 
the  emission  of  electrons  from  the  n-type  boron  nitride-based  (BN)  group  of  cold  cathode  materi¬ 
als  [5]  and  also  presents  some  results  from  n-type  polycrystalline  diamond  for  comparison.  The 
nitride-based  cold  cathode  materials  were  synthesized  by  two  different  processes;  a  reactive  laser 
ablation  process  [6]  and  a  reactive  magnetron  sputtering  process  [7].  The  n-type  polycrystalline 
diamond  was  synthesized  in  the  Diamond  Laboratory  at  Wayne  State  University  using  a  micro- 
wave  plasma  enhanced  chemical  vapor  deposition  (MPECVD)  technique  [8]. 
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EXPERIMENT 

Cold  Cathode  Film  Synthesis:  Reactive  Laser  Ablation  (RLA) 

The  first  method  used  to  synthesize  the  polycrystalline  BN  films  on  MPECVD  diamond  on 
Si  was  a  reactive,  biased,  laser  ablation  technique  (Fig.  1),  discussed  in  detail  elsewhere  [9],  The 
n-type  diamond  coated  substrates  were  loaded  into  the  deposition  system  as  shown  below. 
Once  the  synthesis  chamber  was  evacuated  and  the  substrates  heated  to  temperature  (~450  C), 
the  substrates  were  exposed  to  an  atomic  hydrogen  plasma  etch  (~10  min.)  to  remove  any  residue 
that  may  have  formed  during  the  loading  /  pump-down  /  heat-up  process.  Exposure  to  the  atomic 
hydrogen  plasma  removed  any  residue  and  simultaneously  hydrogenated  the  diamond  surface. 

The  source  material  for 
the  growth  of  the  BN  cold 
cathode  film  was  a  split  ro¬ 
tating  disc  target.  The  split 
target  was  composed  of  one 
half  hBN  and  the  other 
graphite.  The  cold  cathode 
material  was  ablated  fi'om  the 
split  target  by  a  KrF  (248 
nm)  excimer  laser  in  the  pres¬ 
ence  of  an  Ar-N  atmosphere 
(-80%  Ar,  20%  N).  The 
cold  cathode  layer  was  de¬ 
posited  on  a  heated  (~450°C) 
diamond  coated  (~24  pm)  Si 
substrate  under  biased  conditions  (-3 5 0-45 OV)  in  the  argon-nitrogen  atmosphere.  The  plume  ex¬ 
citation  was  enhanced  by  an  electrical  discharge  into  the  plume  from  the  bias  ring.  The  total  en¬ 
ergy  available  under  those  conditions  was  as  much  as  11.5J/pulse  (-1.5  Juv,  ~10.0  Je" 
(electrical)).  Typically,  the  deposition 
conditions  were  -4  J/pulse  (-0.8  Juv  ,  ~3.2 

V) 

Cold  Cathode  Film  Synthesis:  Reactive 
Magnetron  Sputtering  (RMSl 

The  second  method  used  to  synthesize 
the  polycrystalline  BN  films  on  MPECVD 
diamond  on  Si  was  the  Reactive  Magne¬ 
tron  Sputtering  technique.  The  n-type 
diamond  coated  substrates  were  loaded 
into  the  deposition  system  as  shown  here. 

Once  the  synthesis  chamber  was  evacuated 
and  the  substrates  heated  to  temperature 
(-450  C),  the  substrates  were  exposed  to  an  atomic  hydrogen  plasma  etch  (-10  min.)  to  remove 


Atomic 

Hydrogen 

Generators 


Figure  l.Reactive  Magnetron  Sputtering 


Figure  1.  Reactive  Laser  Ablation  System 
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any  residue  that  may  have  formed  during  the  loading  /  pump-down  /  heat-up  process.  Exposure 
to  the  atomic  hydrogen  plasma  removed  the  residue  and  simultaneously  hydrogenated  the  dia¬ 
mond  surface.  This  left  that  surface  prepared  for  the  subsequent  BN  cold  cathode  deposition. 

The  source  material  for  the  growth  of  the  BN  cold  cathode 
film  was  a  rectangular  racetrack  magnetron  hBN  target.  The  car¬ 
bon  doping  for  the  BN  cold  cathode  was  supplied  by  the  reactive 
gas  (CH4).  The  cold  cathode  material  was  sputtered  from  the  tar¬ 
get  through  this  reactive  technique,  by  an  RF  energy  (250  W)  in 
the  presence  of  an  Ar-CHj  atmosphere  (-99%  Ar,  1%  CH4). 

Films  made  by  this  process  were  synthesized  directly  on  Mo,  W, 

(lOO)Si  and  on  n-type  diamond  on  (lOO)Si. 

The  dopant  for  the  nitride-based  films  was  C.  The  dopant 
for  the  polycrystalline  diamond  was  phosphorus  (P).  The  doped 
BN  films  typically  had  a  measured  resistance  on  the  order  of 
SxlO'^  Q.  Values  of  doped  BN  film  resistance  as  low  as  6x10^  O 
were  measured.  Undoped  films  of  BN  read  values  in  excess  of 
2x10'7Q  (the  limit  of  the  measuring  equipment).  The  carrier  type 
in  each  film  was  independently  determined  through  use  of  the 
absolute  thermoelectric  power  measurement  [10,  11],  No  deter¬ 
mination  has  yet  been  made  of  the  dopant  concentration  or  the 
dopant  energy  levels.  The  exact  nature  of  the  sites  contributing 
the  earners  for  the  n-type  conductivity  (i.e.  substitutional,  de¬ 
fect,  etc.)  has  not  yet  been  determined  and  is  the  subject  of  on-going  work. 

Electron  Emission  Measurement  Techniques 

Two  different  test  fixtures  were  used  to  measure  the  characteristics  of  the  electron  emission 
from  the  exposed  surface  of  the  cold  cathode  substrates  under  vacuum  conditions  (~10"^  Pa  or 
less).  The  Movable  Test  Probe  Fixture  (MTP)  (Fig.  3,  4)  [12]  allows  the  scanning  of  a  large 
number  of  positions  and  anode  to  cathode  separations  on  a  given  test  substrate.  The  exact  anode 
('“0.51  mm)  to  cathode  separation  for  the  MTP  was  less  certain  for  small  separations,  under 
300|im,  than  for  the  Fixed  Test  Probe  Fixture  (FTP),  since  the  FTP  spacing  was  measured  to  an 
accuracy  of  less  than  1  pm  by  laser  techniques. 

The  emission  data  measured  on  each  system  are 
clearly  identified,  as  such,  when  presented. 

In  the  Fixed  Test  Probe  Fixture  (FTP) 

(Fig.  5),  several  wires  ('“0.51mm  dia.)  were 
mounted  through  a  dielectric  block.  The  sur¬ 
face  of  the  block,  with  the  wires  in  place,  was 
then  machined  flat.  The  cold  cathode  substrate 
was  mounted  on  an  equally  flat  dielectric  block 
with  the  emitting  surface  facing  the  anode 
block.  The  metal  strip  spacers  (-“  12  to  40  pm) 
defined  the  separation  between  the  anode  and 
the  cathode  surfaces. 


Movable  Probe 
(Aimde) 


Silver  Paint 


Emitting  Surface 


i 


.  Substrate 


Figure  4.Movable  Test  Probe  Fixture 
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Cathode 


Metal  Spacer 


p  Emitting  Film 


Electrical  contact  to  the 
emitting  surface  was  made  by  Anodes 

the  thin  metal  spacers  under  HI  iii 

pressure.  It  was  found  to  be  I  [  I  ^ . 

especially  important  to  apply  I  |  [  Cathode 

adequate  pressure  to  those  —  i  ^  i  ' 

spacers,  since  the  spacer-  ?  IIH 

substrate  interface  pressure  de-  ^  I  =  I  ^  Emitting  Film 

fined  the  quality  of  the  electrical  Spacer 

contact  (“ohmic”,  etc.)  in  this  ^ 

fixture.  The  spacers  were  then  Substrate 

contacted  by  spring  loaded  - 

wires  passing  through  clear  Side  View 

holes  in  the  anode  block.  After  j  . 

1  Figure  S.Fixed  Probe  Test  Fixture 

mounting,  the  sample  m  the  ® 

FTP  was  inserted  into  a  cham¬ 
ber  and  a  vacuum  established. 

In  the  case  of  both  the  MTP  and  the  FTP  systems,  once  an  adequate  level  of  vacuum  was 
achieved,  a  voltage  was  applied  between  the  anode  (+)  and  ground(-)  to  measure  the  extent  of 
electron  emission  from  the  sample  surface  by  measuring  the  current  collected  at  the  anode.  The 
current  flow  through  the  device  was  calculated  by  measuring  the  voltage  drop  across  an  external 
series  cathode  resistor. 


Substrate 


Side  View 

Figure  S.Fixed  Probe  Test  Fixture 


Electron  Emission  Measurements 

-2 

For  the  cold  cathodes  reported  herein, 
the  process  started  with  the  synthesis  of  an 
n-type  diamond  layer  (~24  pm)  on  an  n- 
type  (lOO)Si  substrate.  For  the  diamond  p., 
emission  experiments,  the  MPECVD  n-  £ 
type  diamond  cold  cathodes  were  annealed 
in  a  microwave  generated  atomic  hydrogen  S' 
plasma  for  ~30  min.  The  results  of  a  typical  ^ 
annealed  sample  are  shown  here.  Similar 
results  were  first  reported  earlier  [4],  A  sig¬ 
nificant  post-anneal  increase  in  the  current- 
density  (J)  /  extraction  field  (F)  curve  was 
observed  (Fig.  6  ).  This  shift  in  emission  _5 
current  showed  the  importance  of  the  emis¬ 
sion  surface  barrier  layer  in  the  extraction  of 
electrons  from  the  conduction  band  of  wide 
bandgap  semiconductor  cold  cathodes  [13]. 


Figure  6.Polycrystalline  Diamond 
Cold  Cathode 
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BN  Cold  Cathodes 


Two  different  processes  (RLA,  RMS) 
have  been  used  to  synthesize  n-type  car¬ 
bon  doped  BN  cold  cathodes.  The  n-type 
BN  cold  cathode  films  (-150  nm)  synthe¬ 
sized  over  n-type  diamond  (-24  pm)  on  a 
(lOO)Si  substrate  have  been  the  most  ex¬ 
tensively  tested.  Annealed  RLA  films  of 
that  type  have  shown  better  emission  to 
date  than  the  RMS  films  (Fig.  7).  Films 
of  that  type  have  been  tested  in  both  the 
MTP  and  the  FTP  electron  emission  vac¬ 
uum  test  systems  (Fig.  8).  The  results  of 
testing  the  same  cold  cathode  in  both  the 
FTP  and  the  MTP  are  shown  below. 

In  the  case  of  the  FTP,  the  separation 
between  the  anode  and  the  cathode  were 
measured  by  laser  diffraction  to  be  20  pm. 
The  separation  between  the  anode  and  the 
cathode  of  the  MTP  were  estimated  to  be 
75  pm,  based  on  mechanical  considera¬ 
tions.  Additionally,  the  cathode  contact 
electrode  area  was  significantly  smaller  in 
the  MTP  system,  potentially  adding  inter¬ 
nal  series  resistance,  which  would  shift  the 
resulting  I-F  curve  at  the  higher  current 
levels  (Fig.  8).  It  can  be  seen  that  in  both 
the  MTP  and  the  FTP  cases,  currents  on 
the  order  of  1  mA  or  greater  were  meas¬ 
ured. 

Conclusions 


Measurements  have  been  presented  on 
both  n-type  diamond  and  n-type  BN  cold 
cathode  films  that  show  that  post¬ 
processing  annealing  plays  a  significant 
role  in  the  emission  of  electrons  fi'om  the 
cold  cathode  surface.  This  paper  also  pre¬ 
sents  evidence  of  currents  measured  in  ex¬ 
cess  of  1  mA  for  0.51  mm  diameter  anode 
probes  by  two  different  laboratories  on 
two  different  electron  emission  testing 
systems  on  the  same  sample. 
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ABSTRACT 

The  continuous-wave  (CW)  operation  of  InGaN  multi-quantum-well-structure  laser  diodes 
(LDs)  was  demonstrated  at  room  temperature  (RT)  with  a  lifetime  of  35  hours.  The  threshold 
current  and  the  voltage  of  the  LDs  were  80  mA  and  5.5  V,  respectively.  The  threshold  current 
density  was  3.6  kA/cm^.  Longitudinal  modes  with  a  mode  separation  of  0.042  nm  were  observed 
under  CW  operation  at  RT.  When  the  temperature  of  the  LDs  was  varied,  large  mode  hopping  of 
the  emission  wavelength  was  observed.  The  carrier  lifetime  and  the  threshold  carrier  density  were 
estimated  to  be  10  ns  and  2  x  10^^/cm^,  respectively.  The  beam  full  width  at  half-power  values  for 
the  parallel  and  the  perpendicular  near-field  patterns  were  1.6  pm  and  0.8  pm,  respectively.  Those 
of  the  far-field  patterns  were  6.8“  and  33.6',  respectively. 

INTRODUCTION 

Short- wavelength-emitting  devices,  such  as  blue  laser  diodes  (LDs),  are  currently  required 
for  a  number  of  applications,  including  full-color  electroluminescent  displays,  laser  printers,  read- 
write  laser  sources  for  high-density  information  storage  on  magnetic  and  optical  media,  and 
sources  for  undersea  optical  communications.  Major  developments  in  wide-gap  ni-V  nitride 
semiconductors  have  recently  led  to  the  commercial  production  of  high-brightness  blue/green  light- 
emitting  diodes  (LEDs)  [1]  and  to  the  demonstration  of  room-temperature  (RT)  violet  laser  light 
emission  in  InGaN/GaN/AlGaN-based  heterostructures  under  pulsed  currents  [2-9].  These 
developments  are  a  result  of  the  realization  of  high-quality  crystals  of  AlGaN  and  InGaN,  and  p- 
type  conduction  in  AlGaN  [10-13].  Also,  the  recombination  of  localized  excitons  has  been 
proposed  as  an  emission  mechanism  for  these  InGaN  quantum-well-structure  LEDs  [14]. 
Currently,  the  main  focus  of  research  is  the  realization  of  a  current-injected  LD  capable  of 
continuous- wave  (CW)  operation  at  RT.  Here,  we  describe  the  RT  CW  operation  of  InGaN  multi¬ 
quantum-well  (MQW)-structure  LDs  with  a  lifetime  of  35  hours . 

EXPERIMENT 

III-V  nitride  films  were  grown  by  the  two-flow  metalorganic  chemical  vapor  deposition 
(MOCVD)  method.  Details  of  two-flow  MOCVD  have  been  described  elsewhere  [15].  The  growth 
was  conducted  at  atmospheric  pressure,  and  (0001)  C-face  sapphire  was  used  as  the  substrate. 
The  InGaN  MQW  LD  device  consisted  of  a  300-A-thick  GaN  buffer  layer  grown  at  a  low 
temperature  of  550  'C,  a  3-|im-thick  layer  of  n-type  GaN:Si,  a  0.1-|a,m-thick  layer  of  n-type 
Ino.o5Gao.95N:Si,  a  0.5-ia.m-thick  layer  of  n-type  Alo.o8Gao.92N:Si,  a  0.1-pm-thick  layer  of  n- 
type  GaN:Si,  an  Ino.isGao  g5NAno.o2Gao,98N  MQW  structure  consisting  of  four  35-A-thick  Si- 
doped  Ino.15Gao.85N  well  layers  forming  a  gain  medium  separated  by  70- A- thick  Si-doped 
^0.02Gao.98N  barrier  layers,  a  200-A-thick  layer  of  p-type  Alo.2Gao.8N-Mg,  a  0.1-|im-thick  layer 
of  p-type  GaN:Mg,  a  0.5-|im-thick  layer  of  p-type  Alo.o8Gao.92N:Mg,  and  a  0.5-nm-thick  layer 
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of  p-type  GaN:Mg.  The  0.1-|a,m-thick  n-type  and  p-type  GaN  layers  were  light-guiding  layers. 
The  0.5-iJ.m-thick  n-type  and  p-type  Alo.o8G^0.92N  layers  acted  as  cladding  layers  for 
confinement  of  the  carriers  and  the  light  emitted  from  the  active  region  of  the  InGaN  MQW 
structure.  The  structure  of  the  ridge-geometry  InGaN  MQW  LD  was  almost  the  same  as  that 
described  previously  [6]. 

First,  the  surface  of  the  p-type  GaN  layer  was  partially  etched  until  the  n-type  GaN  layer  and 
the  p-type  AIq  o8Gao.92N  cladding  layer  were  exposed,  in  order  to  form  a  ridge-geometry  LD  [6]. 
A  mirror  facet  was  also  formed  by  dry  etching,  as  reported  previously  [2].  The  area  of  the  ridge- 
geometry  LD  was  4  pm  x  550  pm.  High-reflection  facet  coatings  (30  %)  consisting  of  2  pairs  of 
quarter- wave  Ti02/Si02  dielectric  multilayers  were  used  to  reduce  the  threshold  current.  A  Ni/Au 
contact  was  evaporated  onto  the  p-type  GaN  layer,  and  a  Ti/Al  contact  was  evaporated  onto  the  n- 
type  GaN  layer.  The  electrical  characteristics  of  the  LDs  fabricated  in  this  way  were  measured 
under  a  direct  current  (DC).  The  structure  of  the  InGaN  MQW  LDs  is  shown  in  Fig.  1. 
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Fig.  1.  The  structure  of  the  InGaN  MQW  LDs. 

RESULTS  AND  DISCUSSION 

Figure  2  shows  typical  voltage-current  (V-I)  characteristics  and  the  light  output  power  per 
coated  facet  of  the  LD  as  a  function  of  the  forward  DC  current  (L-I)  at  RT.  No  stimulated  emission 
was  observed  up  to  a  threshold  current  of  80  mA,  which  corresponded  to  a  threshold  current 
density  of  3.6  kA/cm^,  as  shown  in  Fig.  2.  The  operating  voltage  at  the  threshold  current  was  5.5 
V.  We  were  able  to  reduce  the  operating  voltage  significantly  in  comparison  with  values  obtained 
previously  (about  20-30  V)  by  adjusting  the  growth,  Ohmic  contact  and  doping  profile  conditions 
[2-7]. 

Figure  3  shows  the  results  of  a  lifetime  test  of  CW-operated  LDs  carried  out  at  RT,  in  which 
the  operating  current  is  shown  as  a  function  of  time  under  a  constant  output  power  of  1.5  mW  per 
facet  controlled  using  an  autopower  controller  (APC).  The  operating  current  gradually  increases 
due  to  the  increase  in  the  threshold  current  from  the  initial  stage  and  sharply  increases  after  35 
hours.  This  short  lifetime  is  probably  due  to  the  large  heat  generation  resulting  from  the  high 
operating  currents  and  voltages.  Breakdown  of  the  LDs  occurred  after  a  period  of  more  than  35 
hours  due  to  the  formation  of  a  short  circuit  in  the  LDs. 
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Fig,  2.  Typical  L-I  and  V-I  characteristics  of  InGaN  MQW  LDs  measured  under  CW  operation  at 
RT. 


Fig.  3.  Operating  cuirent  as  a  function  of  time  under  a  constant  output  power  of  1.5  mW  per  facet 
controlled  using  an  autopower  controller.  The  LD  was  operated  under  DC  at  RT. 


Next,  the  emission  spectra  of  the  LDs  were  measured  under  RT  CW  operation  at  an  output 
power  of  1  mW.  An  optical  spectrum  analyzer  (ADVANTEST  Q8347)  which  utilized  the  Foiuier- 
transform  spectroscopy  method  by  means  of  a  Michelson  interferometer  was  used  to  measure  the 
spectra  of  the  LDs  with  a  resolution  of  0.001  nm.  At  J  =  l.OJih,  where  J  is  the  current  density  and 
Jtjj  is  the  threshold  current  density,  longitudinal  modes  with  many  sharp  peaks  with  a  peak 
separation  of  0.042  nm  (AE=0.3  meV,  where  AE  was  the  mode  separation  energy)  were 
observed,  as  shown  in  Fig.  4(a).  If  these  peaks  arise  from  the  longitudinal  modes  of  the  LD,  then 
the  mode  separation  AX  is  given  by 


AX=X<j2/2/L/neff, 


(1) 
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where  is  the  effective  refractive  index  and  Xq  is  the  emission  wavelength  (405.83  nm).  L  is 
0.055  cm.  Thus,  is  calculated  as  3.6,  which  is  relatively  large  due  to  the  wavelength 
dependence  of  the  refractive  indices  of  GaN  and  InGaN.  Also,  other  periodic  subband  emissions 
are  observed  with  a  peak  separation  of  0.25-0.29  nm  ( AE=1. 8-2.1  meV).  The  origin  of  these 
subband  emissions  has  not  yet  been  clarified.  However,  it  is  possible  that  these  emissions  result 
from  transitions  between  quantum  well  or  quantum  dot  subband  energy  levels  as  mentioned 
previously  [3,6,7].  Several  peaks  with  a  different  peak  separation  (energy  separation  of  1-5  meV) 
from  that  of  the  longitudinal  mode  appeared  under  pulsed  current  operation  as  described  in  our 
previous  reports  [3,5-7].  These  subband  emissions  with  an  energy  separation  of  1-5  meV  are 
probably  caused  by  mode  hopping  between  adjacent  quantum  well  or  quantum  dot  subband 
energy  levels  due  to  the  temperature  fluctuation  in  the  active  region  under  pulsed  current  operation, 
as  shown  in  Figs.  5  and  6.  At  J  =  1.2Jth,  the  main  peak  at  405.83  nm  becomes  dominant,  as 
shown  in  Fig.  4(b). 


405  406  407 

Wavelength  (nm) 

Fig.  4.  Laser  emission  spectra  measured  under  RT  CW  operation  with  current  densities  of  (a)  J  = 
l.OJth  (b)J=1.2Jth. 


The  temperature  dependence  of  the  emission  spectra  was  measured  between  20  °C  and  60  °C 
under  CW  operation  with  a  constant  output  power  of  ImW,  as  shown  in  Fig.  5.  Large  mode 
hopping  of  the  peak  emission  wavelength  with  an  energy  step  of  1-7  meV  is  observed,  which 
results  from  the  temperature  dependence  of  the  gain  profile.  Mode  hopping  is  probably  a  result  of 
the  transitions  between  adjacent  quantum  well  or  quantum  dot  subbands,  as  shown  in  Fig.  4.  The 
change  in  the  actual  emission  spectra  with  temperature  between  47  “C  and  48  “C  is  shown  in  Fig. 
6.  When  the  temperature  is  increased  from  47  °C  to  48  "C,  the  peak  wavelength  varies  from 
407.428  nm  to  408.523  nm  (with  an  energy  difference  of  7  meV)  due  to  the  change  in  the  gain 
profile. 
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Fig.  5.  Temperature  dependence  of  the  peak  emission  wavelengths  of  InGaN  MQW  LDs  under 
CW  operation  with  a  constant  output  power  of  1  mW. 
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Fig.  6.  Optical  spectra  of  InGaN  MQW  LDs  measured  under  CW  operation  at  temperatures  of  (a) 
47  “C  and  (b)  48  °C.  The  intensity  scales  for  these  two  spectra  are  in  arbitrary  units,  and 
each  one  is  different 
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Next,  the  delay  time  of  the  laser  emission  of  the  LDs  as  a  function  of  the  operating  current 
was  measured  under  pulsed  current  modulation  using  the  method  described  in  ref.  7  in  order  to 
estimate  the  carrier  lifetime  (x^).  The  delay  time  t^  is  given  by 

td=  x,ln(V(I-Ith)),  (2) 

where  Xg  is  the  minority  carrier  lifetime,  I  is  the  pumping  current,  and  is  the  threshold  current. 
Figure  7  shows  the  delay  time  t^j  of  the  laser  emission  as  a  function  of  ln(I/(I-Ith)).  From  this 
figure,  Xg  was  estimated  to  be  10  ns,  which  was  relatively  large  in  comparison  with  the  previous 
value  of  3.2  ns  [7].  The  threshold  carrier  density  (njj,)  was  estimated  to  be  2  x  10^®/cm^  for  a 
threshold  current  density  of  3.6  kA/cm^,  a  carrier  lifetime  of  10  ns,  and  an  active  layer  thickness 
of  150  A  [7].  The  thickness  of  the  active  layer  was  determined  as  140  A  assuming  that  the  injected 
carriers  were  confined  in  the  InGaN  well  layers  in  the  active  layer.  Typical  values  are  Xg  =  3  ns, 
=  1  kA/cm  and  n^jj  =  2  x  10^^/cm^  for  AlGaAs  lasers  and  n^  =  1  x  10^^/cm^  for  InGaAsP 
lasers.  In  comparison  with  these  values  for  conventional  lasers,  n^,  for  our  structure  is  relatively 
large  (two  orders  of  magnitude  higher),  probably  due  to  the  large  density  of  states  of  carriers 
resulting  from  their  large  effective  masses  [7]. 


Fig.  7.  The  delay  time  t^j  of  the  laser  emission  as  a  function  of  ln(I/(I-Ith)).  I  is  the  pumping 
current  and  is  the  threshold  current. 

Figure  8  shows  typical  near-field  radiation  patterns  (NFP)  for  the  InGaN  MQW  LDs  in  the 
planes  parallel  and  perpendicular  to  the  junction.  The  beam  full  width  at  half-power  (FWHP) 
values  for  the  parallel  and  perpendicular  NFPs  were  1.6  pm  and  0.8  pm,  respectively.  The  beam 
width,  shown  by  l/e^,  was  3.3  pm  which  was  almost  the  same  as  the  ridge  width  (4  pm).  The 
transverse  opticd  confinement  resulting  from  the  ridge  geometry  is  relatively  good  using  this  ridge 
waveguide.  The  astigmatism  of  the  laser  diodes  depends  on  the  optical  mode  profile,  which  in  turn 
is  determined  by  the  laser  structure.  A  typical  value  of  the  astigmatism  was  2  pm. 

Typical  far-field  radiation  patterns  (FFP)  of  the  InGaN  MQW  LDs  in  the  planes  parallel  and 
perpendicular  to  the  junction  are  shown  in  Fig.  9.  The  FWHP  values  for  the  parallel  and 
perpendicular  FFPs  are  6.8’  and  33.6’,  respectively.  From  Figs.  8  and  9,  only  fundamental 
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transverse  mode  operation  with  an  output  power  of  2  mW  was  observed  in  the  laser  emission. 
When  the  output  power  was  changed,  the  NFP  and  FFP  were  almost  the  same  as  those  in  Figs.  8 
and  9. 


Fig.  8.  Typical  NFP  of  the  InGaN  MQW  LDs  in  the  planes  parallel  and  perpendicular  to  the 
junction  under  RT  CW  operation  with  an  output  power  of  2  mW. 
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Fig.  9.  Typical  FFP  of  the  InGaN  MQW  LDs  in  the  planes  parallel  and  perpendicular  to  the 
junction  under  RT  CW  operation  with  an  output  power  of  2  mW. 
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SUMMARY 


In  summary,  the  RT  CW  operation  of  InGaN  MQW  LDs  was  demonstrated  with  a  lifetime 
of  35  hours.  The  laser  emission  was  fundamental  single  mode  emission  with  a  peak  wavelength  of 
405.83  nm.  The  carrier  lifetime  and  the  threshold  carrier  density  were  estimat^  to  be  10  ns  and  2 
X  10^^/cm^,  respectively.  The  beam  full  width  at  half-power  values  for  the  parallel  and  the 
perpendicular  near-field  patterns  were  1.6  pm  and  0.8  pm,  respectively.  Those  of  the  far-field 
patterns  were  6.8'’  and  33.6°,  respectively.  Further  improvement  in  the  lifetime  of  the  LDs  can  be 
obtained  by  reducing  the  threshold  current  and  voltage. 
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ABSTRACT 

Structural  and  optical  properties  of  nitride  based  heterostructure  and  quantum  well  structure 
were  investigated.  Both  AlGaN  and  GaInN  temaiy  alloys  are  found  to  grow  coherently  on  the 
underlying  GaN  layer.  Compressive  strain  of  GaInN  is  found  to  cause  quantum  confined  Stark 
ejffect,  thus  affects  the  luminescence  properties  of  nitride-based  quantum  wells. 


mTRODUCTION 

The  use  of  group  HI  nitrides  were  prohibited  for  a  long  time  due  to  the  difficulty  in  growing 
large  size  bulk  crystals,  the  lack  of  substrate  materials  with  lattice  constant  and  thermal  expansion 
coefficient  close  to  those  of  nitrides,  and  the  difficulty  in  obtaining  p-type  films.  Use  of  low- 
temperature-deposited  thin  buffer  layer  on  the  growth  of  nitrides  by  MOVPE[l,2]  and  MBE[3] 
drastically  changed  the  situation  and  enabled  the  growth  of  high-quality  nitrides  on  sapphire 
substrates. 

P-type  GaN  was  realized  by  low-energy  electron  beam  irradiation  treatment[4]  or  thermal 
treatment[5]  of  such  high-quality  MOVPE-grown  films  doped  with  Mg.  In  case  of  MBE,  no 
special  treatment  is  necessary  to  obtain  highly  conductive  p-type  GaN.  Progress  in  the  nitrides 
technologies  has  brought  about  today's  availability  of  commercial  bright  blue,  blue-green  and 
green  light  emitting  diodes[6-8].  Recently,  stimulated  emission  by  current  injection[9]  and  laser 
action  have  been  successfully  achieved  with  GaInN  multi-quantum  well[10,ll]  or  single 
quantum  well[12]  active  layer  sandwiched  with  AlGaN  cladding  layer. 

For  the  fabrication  of  laser  diodes  (LDs),  hetero epitaxial  growth  of  ternary  alloys  and 
quantum  well  structures  are  indispensable.  Recently,  we  found  that  both  AlGaN  and  GaInN 
ternary  alloys  can  be  grown  coherently  on  binary  GaN[13],  which  means  that  AlGaN  is  under 
tensile  stress  while  GaInN  is  under  compressive  stress.  Therefore,  in  order  to  understand  the 
mechanism  of  lasing  in  nitride  based  laser  diode,  it  is  important  to  understand  the  fundamental 
structural  and  optical  properties  of  strained  ternary  alloys  and  quantum  wells.  Optical  properties 
of  bulk  or  thick  temaiy  alloys  have  been  already  reported  by  many  groups[14-18].  However, 
those  of  strained  ternary  alloys  and  quantum  well  stmctures  are  still  controversial. 

In  this  paper,  firstly,  stmctural  and  optical  properties  of  AlGaN  and  GaInN  single  layer  grown 
on  thick  GaN  is  reported.  Secondly,  influence  of  piezoelectric  fields  on  optical  properties  of 
GaInN  strained  MQWs  is  reported. 

EXPERIMENT 

All  the  samples  used  in  this  study  were  grown  on  sapphire  (0001)  substrate  by 
atmospheric  pressure  MOVPE.  Single  heterostmcture  shown  in  fig.l  were  used  for  the 
characterization  of  stmctural  and  optica!  property.  All  the  layers  were  nominally  undoped. 
The  thickness  of  underlying  GaN  was  fixed  at  2  p.m.  The  thickness  of  AxGai.xN  was  somewhere 
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in  between  0.35-0.65)ini,  and  its 
AIN  molar  fraction  ranged  from  0 
to  0.25. 

In  case  of  Gai-xInxN,  the 
thickness  was  fixed  around  40  nm, 
and  the  InN  molar  fraction  ranged 
from  0  to  0.2.  At  first,  strain  and 
relaxation  of  ternary 
heterostructured  alloy  layers  were 
analyzed  by  reciprocal  space 
mapping  (RSM)  of  X-ray 
diffraction  intensity  around  the 
(2024)  asymmetrical  diffraction 
spot  of  nitrides.  We  also 
measured  grazing  incidence  X- 
ray  diffraction  to  characterize  the 
lattice  constant  parallel  to  the 
plane  near  the  surface. 

In  order  to  estimate  precise 
composition  of  strained  ternary 
alloys  grown  on  GaN,  we 
measured  20-scan  and  co/20-scan 
profiles  of  X-ray  symmetrical 
(0004)  diffraction  using  detectors 
having  analyzer  crystals  to 
collimate  the  diffracted  X-rays, 
and  then  calculated  alloy 
composition  using  elastic  stifl&iess 
constants[19-21].  Elastic 

stiffriess  constants  of  ternary 
compounds  were  linearly 
interpolated.  Alloy  composition  x 
was  calculated  using  the  following 
formula. 


Fig.  1(a)  Single  heterostructure  used for  characterization 
of  effect  of  strain  and  relaxation. 


Fig.  1(b)  Structure  ofMQWs  used for  characterization  of 
piezoelectric  induced  quantum  confined  Stark  effect. 


where,  difference  of  the  lattice  constant  c  of  alloy  between  fully  relaxed  one  and  measured 
one.  zla^idifference  of  the  lattice  constant  a  between  fully  relaxed  one  and  that  of  GaN.  Qifijlly 
relaxed  lattice  constant  c  of  alloy.  fltf:fully  relaxed  lattice  constant  a  of  alloy,  cjjielastic  stiffriess 
constants 

For  the  characterization  of  bandgap  of  AlGaN,  we  used  spectroscopic  ellipsometry.  The 
bandgap  energy  was  determined  by  fitting  calculated  dielectric  function  to  measured  one[22]. 
In  this  fitting,  contributions  of  joint  density  of  states  and  three  dimensional  exciton  of  Eo  critical- 
point  were  considered.  In  the  case  of  GaInN,  PL  spectra  were  measured  at  room  temperature 
(RT).  A  pulsed  Nj  laser  and  a  He-Cd  laser  were  used  for  extremely  high(200  kW/cm^)  and 
relatively  low('^2  W/cm^)  intensity  excitation,  respectively. 
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In  order  to  clarify  the  effect  of  piezo.electricity  on  the  luminescence  properties,  the  structure 
consisting  of  30  nm  low-temperature-deposited  AIN  buffer  layer,  2p.m  GaN  layer  and 
Gao.88lno.12N/Gao.97Ino.03N  multiple  QWs,  which  were  nominally  undoped,  was  fabricated.  For  all 
the  samples,  well  layers  have  InN  mole  fractions  of  0.12,  barrier  layers  have  that  of  0.03, 
respectively.  Compositions  and  the  thickness  of  these  layers  were  determined  by  X-ray  diffraction 
measurement. 


RESULTS 


AIN  molar  fraction,  x  InN  molar  fraction,  y 


Fig.  2(a)  Critical  layer  thickness  of  Fig.  2(b)  Critical  layer  thickness  of 

AkGai.^ grown  on  GaN.  Gai.fnyN grown  on  GaN. 

Solid  circle  shows  critical  layer  thickness  estimated  from  Matthews  and  Blakeslee  model[25],  and 
solid  square  shows  that  estimated  from  Fischer  model [26].  Solid  triangle  shows  experimental 
result.  It  should  be  noted  that  real  critical  layer  thickness  might  be  thicker  than  the  experimental 
result 

Reciprocal  space  mapping  of  the  X-ray  diffraction  intensity  around  (2024)  diffraction  spot 
from  AlGaN  layer  and  from  GaInN  layer  showed  that  lattice  constant  a  of  the  diffraction  spot 
from  AlGaN  layer  and  GaInN  layer  are  almost  perfectly  aligned  to  that  of  GaN.  The  difference  of 
the  lattice  constant  a  between  that  of  ternary  layers  and  that  of  GaN  is  less  than  or  equal  to 
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0.000 Inm.  This  clearly  shows  that  both  AlGaN  layer  and  GalnN  layer  are  coherently  grown  on 
GaN.  Therefore,  AlGaN  layer  is  under  tensile  stress,  while  GalnN  layer  is  under  compressive 
stress.  All  the  AlGaN  layers  and  GalnN  layers  inspected  in  this  study  showed  similar  results. 

Calculated  ffl/20-scan  profiles  coincide  very  well  with  experimental  profiles.  Therefore, 
macroscopic  fluctuation  of  alloy  composition  or  that  of  strain  relaxation  in  AlGaN  layers  and  in 
GalnN  layers  is  negligibly  small.  For  all  the  samples  in  this  experiment,  the  lattice  constant  a  of 
thick  GaN  and  that  of  fully-strained  ternary  alloys  were  both  0.3 182  ±0.000  Inm,  which  is  slightly 
different  fi-om  that  of  bulk  value  (0.3188  ±0.0001nm)[23,24]  due  to  the  thermal  stress 
originatmg  fi’om  the  difference  of  the  thermal  expansion  coefficient  between  GaN  and  sapphire. 

Figures  2(a)  and  2(b)  summarizes  the  estimated  critical  layer  thickness  of  AlGaN (fig. 2(a))  and 
GaInN(fig.2(b))  on  GaN  based  on  Matthews  and  Blakeslee  model  (solid  circle)[25]  and  Fischer 
model  (solid  square)  [26].  Even  though  thickness  of  ternary  layers  on  GaN  exceeds  critical  layer 
thickness  estimated  fi-om  two  models,  the  ternary  layer  showed  coherent  growth.  This  study 
suggests  that  the  actual  critical  layer  thickness  is  thicker  than  that  estimated  fi-om  these  models. 


:oi - J — 1 - . - 1 - . - ^ - . - 1 

3.50  3.55  3.60  3.65  3.70 

Photon  energy  [eV] 


Strain  8^  [%] 


Fig.  3  (a)  Spectra  of  extinction  coefficient 
of  Alo,Q44Gao.956^/GaN.  Solid  square  is 
the  measured  one,  and  the  solid  line  is 
the  fitting  curve  to  obtain  the  bandgap. 


Fig.  3(b)  Compositional  dependence  of  the 
bandgap  of  strained  AlGaN  coherently  grown 
on  GaN.  Results  ever  reported  are  also 
shown  for  comparison. 


Figures  3(a)  and  3(b)  represent  comparison  of  the  spectrum  of  extinction  coefficient  of 
AJ0.044Gao.936N  between  measured  one  and  calculated  one(fig.3(a))  and  compositional 
dependencies  of  the  bandgap  energy  of  the  fully-strained  AlGaN  lay  er(fig.  3(b)).  In  this  calculation, 
contribution  of  joint  density  of  state  and  three  dimensional  exciton  of  Eq  specific  point  were 
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considered,  and  that  from  higher  energy  specific  point  is  neglected.  Therefore  fitted  absorption 
spectrum  is  slightly  different  from  that  of  measured  one  especially  at  higher  energy  side. 
Nevertheless,  since  we  can  clearly  observe  the  contribution  of  both  joint  density  of  state  and 
three  dimensional  exciton  close  to  the  bandgap  energy,  we  can  determine  the  bandgap  of  AJGaN 
by  fitting  within  a  error  of  less  than  lOmeV.  The  tensile  strain  of  AlGaN  layer  is  less  than  0.5%,  so 
that  a  change  in  transition  energy  due 


Room  temp. 


ref.  18 
b=1.0  eV 


This  work 
b=3.2  eV 


to  the  deformation  potential  is 

expected  to  be  small.  Therefore,  as  Strain  8^  [%] 

shown  in  fig.3(b),  the  bandgap  of  ^  ^  1.0  2.0 

strained  AlGaN  layer  determined  in  ■  ' 

this  study  is  close  to  bandgap  of 

unstrained  AlGaN,  especially  for  to  the  Vs  Room  temp. 

value  reported  by  Wickenden  et  al[  1 5],  \  ' ,, 

who  grew  AlGaN  by  MOVPE  on  the  ‘  \ 

sapphire  substrate  using  AIN  buffer  \ 

layer  technique.  In  this  experiment,  a  ^  \ 

bowing  parameter  of  strained  AlGaN  ref  18 

is  calculated  to  be  0.25  eV.  ^  ’  \  ''.^b=1.0eV  ; 

Figure  4  shows  the  compositional  g 
dependence  of  the  PL  peak  energy  of  ^ 

strained  thick(40nm)  GaInN.  In  case  ''v- 

of  thick  strained  layer,  red-shift  of  J  ^swor 

PL  peak  energy  due  to  piezoelectric  ^  \i" 

field  is  negligibly  small  because  \_ 

overlap  of  wavefunctions  of  separate  2  7  .  \ 

electrons  an  holes  are  smaller  than  that  \ 

of  confined  case.  Therefore,  PL  peak  25.  ^ 

energy  of  strained  thick  GaInN  is  '  \  . 

much  closer  to  the  bandgap  of  25  r  \ 

unstrained  GaInN  than  that  of  MQW  0.00  0.05  0.10  0.15  0.20  0.25 

structure  having  very  thin  well  layer.  ^  ^ 

PL  peak  energy  of  strained  thick  loN  molar  fraction,  y 

GaInN  layer  showed  very  large  red- 

shift  from  reported  one  which  is  Fig.  4  Compositional  dependence  of  the 

determined  from  lOOnm  thick  GaInN  pp  energy  of  strained  GaInN  grown 

on  GaN[18].  In  this  experiment,  a  coherently  on  GaN. 

bowing  parameter  of  strained  GaInN  is 

calculated  to  be  3.2  eV,  which  is  not 

so  astonishing  because  the  difference 

of  the  lattice  constant  between  GaN 

and  InN  is  as  large  as  about  11%.  It  should  be  in  mind,  however,  that  the  GaInN  layer  is  largely 
strained  by  biaxial  compressive  stress,  which  causes  blue-shift  of  bandgap  from  that  of  unstrained 
GaInN.  Therefore,  bandgap  of  unstrained  GaInN  is  expected  to  be  smaller  than  that  determined 
in  this  study. 


InN  molar  fraction,  y 


Fig.  4  Compositional  dependence  of  the 
PL  peak  energy  of  strained  GaInN  grown 
coherently  on  GaN. 


Quantum  confined  Stark  effect  in  MOW 
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Figure  5  shows  the  RT  PL  peak 
energies  of  the  Gao.ssIno.oN  strained  QWs 
as  a  function  of  well  width.  The 
calculation  results  are  also  shown  for 
comparison.  Solid  squares  represent  the 
measured  PL  peak  energies  under  the 
high  excitation  with  N2  laser,  and  open 
squares  under  the  low  excitation  with  the 
He-Cd  laser.  The  electric  field  along 
[0001]  in  the  strained  layer  due  to 
piezoelectric  eiffect  are  given  by 

£r£o  ^13 

where  Sr  and  80  is  the  dielectric  constant 
and  the  permitivity  in  vacuum,  ei3  and  ess 
are  the  piezoelectric  constant,  Cis  and  C33 
is  the  elastic  stiffiiess  constant,  and  8zz  is 
the  strain  parallel  to  c-direction.  We  use 
the  piezoelectric  constants  of  GaN[27] 
even  in  case  of  ternary  alloys. 
Piezoelectric  field  up  to  1.0  MV/cm  can 
be  calculated  along  [0001]  direction  when 
the  InN  molar  firaction  is  0.12.  A  solid 
line  is  the  calculated  transition  energies 
assuming  such  a  high  electric  field  is 
induced  in  the  Gao.gsIno.nN  strained 
quantum  well  layer.  Transition  energy 
without  electric  field  is  also  shown  by  a 
dashed  line.  Very  thin  well  layer  of  less 
than  3.5  nm  showed  blue  shift  due  to 
quantum  size  effect  (QSE).  Under  low 
excitation,  transition  energy  of  the  well 
layer  is  smaller  than  that  of  thick  GaInN 
single  layer  especially  at  the  well  layer 
thicker  than  about  3.5  nm  because  of  the 
so-called  quantum  confined  Stark  effect 
(QCSE). 

However,  as  the  excitation  intensity 
increase,  transition  energy  of  the  well 
layer  becomes  close  to  that  of  strained 
thick  GaInN  single  layer,  which  is  caused 
by  the  Coulomb  screening  of  the 
piezoelectric  induced  electric  field  by 
plenty  of  electrons  and  holes  generated  in 
the  well  layer.  It  should  be  emphasized 
that  if  the  well  layer  becomes  too  thick. 


Fig.  5  PL  peak  energy  of  10  periods 
of  Gao.ssIno.nLf/Gaosylno.osN MQWs  as 
a  function  of  well  width.  Solid  and 
open  squares  represent  the  measured 
PL  peak  energies  at  room  temperature 
under  high  and  low  excitation, 
respectively.  Solid  and  dashed  lines 
represent  the  calculation  results  with 
piezoelectric  field  of  l.OMV/cm  and 
without  any  field,  respectively.  The 
measured  PL  peak  energy  of 
Gao.8dno.12N  single  layer  is  also 
shown. 
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even  though  the  well  layer  is  strained,  PL  peak  energy  becomes  close  to  that  of  thick  single  layer. 
This  is  because  overlap  of  wavefunction  of  separate  electrons  and  holes  becomes  smaller  as  the 
well  layer  thickness  increase.  Figure  6  summarizes  the  compositional  dependence  of  the 
lowest  transition  energy  of  strained  GaInN  as  a  function  of  well  width.  Bandgap  of  MQWs  having 
rather  thick  wells  is  expected  to  show  large  red-shifl  by  QCSE. 


CONCLUSION 


Structural  and  optical  properties  of 
AlGaN  and  GaInN  ternary  layers  grown  on 
thick  GaN  were  obtained.  It  is  found  that  both 
AlGaN  and  GaInN  layer  are  coherently  grown 
on  GaN.  Bandgap  of  strained  AlGaN  is  found 
to  almost  linearly  increase  with  increase  of  AIN 
molar  fraction,  while  that  of  GaInN  is  largely 
red-shifted.  Optical  properties  of  strained 
temaiy  compounds  were  clarified.  Quantum 
confined  Stark  effect  cause  large  red-shift  of  the 
lowest  transition  energy  especially  in  nitride- 
based  MQWs  when  a  growth  direction  parallel 
to  [0001].  These  results  are  very  important 
for  the  design  and  fabrication  of  fUture  nitride- 
based  heterostructured  devices. 
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ABSTRACT 

The  threshold  current  density  of  GaN-based  vertical  cavity  surface  emitting  lasers  (VCSELs) 
has  been  estimated.  It  is  clarified  that  the  introduction  of  a  quantum  well  structure  as  an  active 
layer  is  very  effective  for  a  low  threshold  operation  and  that  high  reflective  mirrors  are  required 
for  low  threshold  GaN-based  VCSELs.  Also,  attempts  on  micro-fabrication  process  of  GaN  is 
presented. 

INTRODUCTION 

A  GaN-based  vertical  cavity  surface  emitting  laser  (VCSEL)  operating  from  ultraviolet  to 
blue  spectral  regions  is  recognized  as  an  important  device  for  full-color  display  panels  and 
high-density  optical  recording,  because  of  its  low  threshold  potentiality  and  two-dimensional 
array  configuration.  Some  groups  have  been  challenging  to  fabricate  those  VCSELs  [1-5].  It  is 
substantial  to  estimate  the  threshold  current  for  a  suitable  design  of  GaN-based  VCSELs.  In  this 
paper,  a  design  concept  for  low  threshold  GaN-based  QW  surface  emitting  lasers  is  presented. 
Also,  some  key  issues  including  high  reflective  mirrors,  dry  etching  techniques  and  current 
confinement  structures  for  VCSELs  are  discussed. 

BASIC  CONSIDERATION 

Optical  Gain  of  Threshold  Current  Density  of  GaN-Based  VCSELs 

The  volume  of  an  active  region  in  VCSEL  is  smaller  than  that  in  a  conventional  stripe 
laser.  Therefore,  it  is  possible  to  fabricate  devices  not  only  with  low  threshold  current,  but  also 
with  long  lifetime  because  a  defect-free  epilayer  with  a  small  active  region  can  be  used  for 
device  fabrication.  If  the  GaN-based  material  is  used  for  VCSELs  operating  with  such  a  short 
wavelength,  the  threshold  current  estimation  should  be  crucial  to  realize  GaN-based  VCSELs 
with  low  threshold  operation.  The  threshold  current  depends  on  the  volume  of  an  active  region. 
Thus,  it  is  required,  for  the  design  of  low-threshold  GaN-based  VCSELs,  to  obtain  the  relationship 
between  a  threshold  current  and  a  volume  of  the  active  layer.  Especially,  the  quantum  well  (QW) 
layer  as  an  active  region  is  very  interesting  for  the  realization  of  a  low-threshold  GaN-based 
VCSEL. 

The  optical  gain  is  one  of  the  important  parameters  to  estimate  the  threshold  current 
density  of  GaN-based  VCSELs.  The  estimation  of  linear  gain  for  GaN/Alg  jCa^gN  quantum  well 
is  carried  out  using  the  density-matrix  theory  with  intraband  broadening  [6].  We  have  considered 
TE  mode  and  employed  the  same  method  as  Asada  carried  out  for  the  strong  polarization 
dependence  of  QWs  [7].  This  model  has  already  been  established  for  the  GaAs-based  and 
InP-based  semiconductor  lasers  and  its  result  shows  good  agreement  with  experiments.  In  this 
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estimation,  the  square  of  dipole  moment  is  an  important  parameter  and  we  assume  that  this  is 
dependent  on  band-gap  energy  of  an  active  region,  reported  previously  [1],  Also  we  assumed  the 
dipole  moment  as  a  constant,  which  is  independent  on  the  transition  energy. 

In  the  case  of  QWs,  the  optical  gain  can  be  written  as: 


a{Q))  =  o). 


I  1 

le\ 

[rthdl 

{nic+m^ 

n=OEcn+Ehn+Eg 


(1) 


where  co  denotes  optical  angular  frequency,  is  magnetic  permeability  in  vacuum,  is  dielectric 
constant  in  vacuum,  n  is  reflective  index  of  an  active  region,  f^  and  f^  are  the  Fermi-Dirac 
distribution  functions  at  the  conduction  band  and  valence  band,  and  is  intraband  relaxation 
time.  The  Lorentzian  function  is  assumed  as  a  line  shape  function,  L(E^[j-^co). 


m.-m  = 
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The  square  of  the  dipole  moment  <Rch^  for  the  TE  mode  of  a  quantum  well  is  given  by 


(  E  ^ 
1  +  ^ 

(  4.4 

2 

1 

V  / 
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In  this  equation,  denotes  the  transition  energy  of  photon.  We  treat  that  (EJeJ  is  unity 
because  the  transition  energy  is  corresponding  to  the  energy  near  band  edge  emission. 

The  maximum  gain  is  plotted  as  a  function  of  an  injected  carrier  density  as  shown  in  Fig. 
1  [8].  The  material  parameters  used  for  the  estimation  are  listed  in  Table  I.  In  this  figure,  solid 
lines  and  dashed  lines  denote  the  maximum  gain  of  GaN/Alo  jGao^N  QWs  and  bulk  crystals, 
respectively.  At  the  present  stage,  the  intraband  relaxation  time  X;,,  is  a  variable  parameter  ranging 
from  5.0x1  to  >  1.0x10'"  s.  The  transparent  carrier  density  of  GaN  is  higher  than  other  III-V 
materials  like  as  GaAs,  originating  from  its  heavy  electron  and  hole  mass.  Generally,  the 
effective  masses  of  an  electron  and  a  hole  depend  on  the  bandgap  energy.  Thus  it  seems  that  the 
wide-bandgap  semiconductors  require  higher  transparent  carrier  densities  than  narrow-bandgap 
materials.  This  tendency  resulted  in  a  heavy  effective  mass  can  be  seen  in  the  estimations  about 
the  optical  gain  reported  by  other  authors  [9-11].  This  result  indicates  that  the  GaN/Al^iGa^gN 
QW  having  high  material  gain  is  useful  for  the  low  threshold  operation  a  VCSELs.  It  is  also 
useful  for  a  conventional  edge  emitting  lasers. 
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Table  I  Material  parameters  used  for  the  calculation. 


GaN 


Bandgap  energy 

E, 

3.4  eV 

ref.  12 

Effective  mass 

m. 

0.2mo 

ref.  13 

UIq 

O.Snio 

ref.  14 

Reflective  index 

n 

2.8 

ref.  15 

Bandgap  energy 

3.7  eV 

ref.  15 

Rm  =  R2 


Reflector 
AIq  ^Gao  gN 
GaN/AIg  iGag  gN 
MOW  Of  GaN 

Alg  iGag  gN 

Reflector 


Fig.  1  Maximum  gain  of  GaN  as  a  function  of  Fig.  2  Estimated  structure  in  this  study, 
injected  carrier  density. 


Estimation  of  Threshold  Current  Density  of  GaN-Based  VCSELs 

We  have  estimated  the  threshold  current  density  of  GaN-based  VCSELs  with  the  quantum 
well  structure  as  an  active  region  shown  in  Fig.  2  based  on  the  estimation  of  the  maximum  gain. 
We  calculated  the  spontaneous  lifetime  by  the  same  way  reported  by  Yamada  and  Ishiguro  [16]. 
We  also  considered  the  GaN/Alo  iGa^gN  single  quantum  well  layer  as  an  active  region  and  the 
optical  standing  wave  in  the  cavity  [17].  The  threshold  current  density  as  a  function  of  the  active 
layer  thickness  is  shown  in  Fig.  3.  If  we  can  fabricate  the  thickness  of  the  GaN  active  layer  less 
than  10  nm,  the  threshold  current  density  of  GaN-based  VCSEL  could  be  1  kA/cm^  or  lower. 
These  results  indicate  that  the  low  threshold  GaN-based  VCSEL  can  be  expected,  if  high  quality 
GaN-based  layers  and  high  reflective  mirrors  higher  than  99.9  %  are  realized. 

The  device  diameter  defined  by  the  radius  of  an  active  region  is  a  very  important  parameter 
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for  low  threshold  devices.  We  have  to  decrease 
the  relation  of  a  device  diameter  and  threshold 
with  a  small  diameter  less  than  10  |Lim,  the 
threshold  currents  can  be  excepted. 


Thickness  of  Active  Layer,  d  (nm) 


Fig.  3  Threshold  current  density  as  a 
function  of  active  layer  thickness, 
(a),  (b)  and  (c)  are  intraband  relax¬ 
ation  times,  Tin,  of  5  X  s, 
1x10  '^  s  and  more  than  1x10  "  s, 
respectively. 


Number  of  pairs 

Fig.  5  Reflectivity  dependence  on  number  of 
pairs. 


the  diameter  to  realize  a  low  threshold.  In  Fig.  4, 
current  is  shown.  If  we  can  fabricate  the  device 
GaN-based  VCSEL  with  sub  milliampere  low 


0.1  1  10 
Active  Region  Diameter,  D  (|j.m) 


Fig.  4  Threshold  current  as  a  function  of 
active  region  diameter. 


350  400  450  500  550  600  650 

Wavelength  (nm) 

Fig.  6.  Spectral  reflectivity  of  SiO^lTsO^^ 
multilayer  DBR. 
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Highly  Reflective  Mirror 

The  fabrication  of  a  highly  reflective  mirror  is  required  for  low-threshold  operations  of 
VCSELs.  A  semiconductor  DBR  mirror  can  be  fabricated  monolithically  by  epitaxial  growth. 
However,  this  mirror  requires  a  large  number  of  pairs  to  obtain  high-reflectivity  owing  to  the 
small  refractive  index  difference  of  the  two  semiconductor  materials.  Since  the  band-gap  of  AIN 
is  larger  than  that  of  GaN,  it  can  be  considered  that  the  absorption  of  AlGaN  can  be  negligible  at 
the  bandgap  wavelength  of  GaN.  It  was  reported  that  the  refractive  indices  of  AIN  and  GaN  are 
2.2  and  2.67,  respectively  [18-21].  The  refractive  index  difference  of  AlN/Al^  iGaggN  is  comparable 
to  that  of  AlAs  and  GaAs.  Therefore,  an  AIN/Alg jGa^gN  DBR  is  considered  to  be  a  suitable 
mirror  for  GaN-based  VCSELs  operating  in  the  ultraviolet  spectral  regions.  The  theoretical 
reflectivity  of  the  AlN/AlGaN  DBR  mirror  is  calculated  and  shown  as  a  function  of  the  number 
of  pairs  in  Fig.  5.  In  this  calculation,  we  have  applied  a  transfer  matrix  method  and  the  absorption 
of  AlN/Al^  jCa^gN  layers  is  not  considered.  In  the  case  of  20  pairs  of  AIN/Al^  jGa^gN  layers,  the 
reflectivity  at  the  GaN  band-gap  energy  is  higher  than  99%.  From  this  result  we  found  that  the 
AlN/AlGaN  DBR  structure  is  a  good  candidate  for  a  high-reflectivity  mirror. 

On  the  other  hand,  dielectric  multilayer  stacks  such  as  SiO/MgO,  SiOj/ZrOj  and  SiOj/YjOj 
and  so  on  are  also  the  candidates  for  high  reflective  mirrors.  However,  if  we  adopt  these  mirror 
as  highly  reflective  mirrors,  it  is  required  to  establish  the  technique  of  removing  a  substrate.  In 
any  way,  dielectric  multilayer  stacks  can  be  used  for  a  top  side  mirror.  Si02/Ti02  stacks  are  used 
for  VCSELs  operating  in  infrared  spectral  region,  however,  those  can  not  be  used  VCSELs 
operating  in  ultraviolet  spectral  region  because  of  its  large  absorption.  Because  the  absorption 
edges  of  MgO,  Zr02  and  Y2O3  are  in  ultraviolet,  those  can  be  used  for  the  low  index  materials  for 
multilayer  reflectors  in  VCSELs.  Figure  6  shows  some  reflective  spectra  of  SiO^fZsO^  Bragg 
reflectors.  Those  are  deposited  by  electron  beam  evaporation  with  a  thickness  monitor.  During 
the  deposition,  oxygen  gas  was  introduced  into  the  chamber  to  prevent  a  lack  of  oxygen  in  the 
stacks.  It  is  concluded  that  S\0^t02  pairs  are  useful  for  the  application  of  GaN-based  and 
others  VCSELs  operating  between  red  to  ultraviolet  spectral  regions. 


Fig.  7  Schematic  diagram  of  etched  structure. 


Fig.  8  Normalized  threshold  current  density 
as  a  function  of  tiled  angle. 
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(a) 


Etched  Out 


Meta 


AIN/GaN  DBR 

Metal 


^^^-^ight  Output 


p<GaN 
:p<AiGiaN 
InGaN/AIGaN  QW 
n-AIGaN 

I —  n-GaN 

AIN/GaN  DBR 
GaN  Buffer  Layer 
AIN  Buffer  Layer 
AI2O3  Substrate 


Fig.  9  Schematic  diagram  of  current  confinement  structure,  (a),  (b)  and  (c)  are  confinement 
structures  using  side-etch-out  of  InGaN  active  layer  ,  LEEBI  treatment,  and  isolation, 
respectively. 


Dry  Etch  of  GaN  Layers  for  VCSELs 

GaN  and  related  compounds  grown  on  sapphire  substrates  have  hexagonal  structure, 
which  have  been  applied  to  light  emitting  diodes  [22  -  25].  If  we  want  to  develop  the  GaN-based 
lasers,  we  have  to  fabricate  a  laser  cavity  including  the  high  quality  mirrors  with  smooth  surface 
and  vertical  walls.  In  the  case  of  GaN-based  VCSELs,  it  is  one  of  the  crucial  issues  to  fabricate 
smooth  and  vertical  side-walls.  A  dry  etching  technique  is  one  of  the  effective  method  to 
fabricate  a  high  quality  cavity.  The  required  quality  of  etched  side-walls  for  GaN-based  VCSELs 
are  discussed. 

The  mesa  structure  of  a  GaN  VCSEL  is  shown  in  Fig.  7,  and  a  uniform  injection  is 
assumed.  In  this  figure,  J  and  Jq  are  defined  as  the  threshold  current  density  on  the  p-side  contact 
and  the  ideal  threshold  current  density  on  an  active  layer,  respectively.  In  the  case  of  VCSELs 
with  a  large  diameter,  a  tilted  side  wall  does  not  affect  the  threshold.  However,  if  we  consider  the 
VCSELs  with  a  10  jim  diameter,  the  tilted  angle  of  a  side  wall  under  10  degree  is  required  to 
suppress  the  increase  of  threshold  as  shown  in  Fig.  8.  However,  if  we  can  adopted  the  current 
confinement  structure,  the  threshold  current  density  on  the  p-side  contact  layer  will  be  suppressed. 
On  the  other  hand,  the  surface  recombination  is  crucial  issue  for  the  micro  devices.  We  developed 
a  wet  etch  technique  with  ultraviolet  light  irradiation  in  an  alkali  solution  for  removing  a  damage 
layer  on  the  etched  surface  [26]. 

For  GaN-based  semiconductor  lasers  with  a  stripe  shape,  it  is  necessary  to  fabricate  a 
smooth  and  vertical  facet  for  the  resonator,  which  have  been  reported  in  Saotome  et  al.  [27]  and 
Itaya  et  al.  [28].  We  found  a  reactive  ion  beam  etching  (RIBE)  technique  is  one  of  the  best 
solution  to  fabricate  the  laser  cavity. 

Current  Confinement  Structure 


The  current  confinement  is  another  critical  issue  to  realize  GaN-based  VCSELs  with  low 
threshold  operation.  Furthermore,  the  contact  resistivity  at  the  p-side  boundary  between  a  metal 
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and  a  GaN-based  layer  do  not  show  a  good  ohmic  characteristic  at  the  present  stage.  Good  ohmic 
contacts  are  required  to  suppress  Joule  heat  and  p-ower  consumption.  Thus,  the  wide  contact  area 
on  the  p-side  have  to  be  required  to  reduce  the  total  resistivity  in  the  p-side  contact.  If  we  adopt 
the  DBR  with  high  aluminum  composition  layers,  we  have  to  consider  an  intra-cavity  current 
injection.  The  side-etch-out  of  InGaN  active  layers  for  the  current  confinement  have  been  presented 
by  DenBaars  et  al.  [4]. 

The  LEEBI  technique  [29]  is  useful  to  fabricate  the  confinement  structure.  That  can  be 
fabricated  to  change  the  exposure  time  of  LEEBI  treatment.  In  these  cases,  we  have  to  consider 
the  effects  of  a  surface  recombination  in  the  active  layer  and  a  distribution  of  vertical  carrier 
profiles  in  the  current  confinement  layer.  The  thermal  anneal  [30]  and  proton  implantation 
techniques  are  also  possible  ways  for  the  fabrication  of  a  current  confinement  structure  as  shown 
in  Fig.  9.  High  resistive  GaN  can  be  formed  from  the  side  of  mesas  by  a  annealing  treatment. 

THRESHOLD  CRITERION 

When  we  face  a  new  and/or  ultra-low  threshold  device  to  check  the  lasing  operation,  the 
nonlinear  relation  in  the  injection  current  vs  light  output  characteristics  is  an  easy  way  for 
threshold  criterion.  However  sometimes  this  is  observed  even  at  non-lasing  samples  owing  to 
“filtering  effect”  and  electron-hole  plasma  emission  as  well.  The  methods  to  definitely  confirm 
the  laser  operation  of  vertical  cavity  for  example  are  shown  as  follows  [31]; 

1)  Narrow  line  width  <  1  A. 

2)  Difference  of  near  field  patterns  (NFP)  and  far  field  patterns  (FFP)  below  and  above  threshold. 

3)  Linearly  polarized  light  of  the  emission  above  the  threshold. 

CONCLUSIONS 

In  summary,  the  optical  gain  of  quantum  well  GaN  was  estimated  based  on  the  density- 
matrix  theory.  The  introduction  of  GaN  quantum  wells  as  an  active  region  in  GaN-based  surface 
emitting  laser  can  reduce  the  threshold  current  lower  than  that  of  bulk  GaN  layer.  Sub  micro 
ampere  operation  can  be  expected  by  reducing  the  diameter  of  devices.  Some  fabrication  process 
such  as  high  reflective  mirrors  and  dry-etch  techniques  are  also  discussed. 

There  may  be  some  unknown  substantial  problems  to  realize  GaN-based  VCSELs  in 
addition  some  technical  issues  which  should  be  developed.  Further  engineering  studies  are  required 
to  realize  high  performance  GaN  VCSELs. 
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ABSTRACT 

InGaN  ternary  alloys  can  be  the  basis  for  light  emission  from  the  near  UV  to  the  red 
region  of  the  electromagnetic  spectrum.  When  InGaN/AIGaN  double  heterostructures 
emitting  different  colors  are  stacked  in  a  single  structure,  simultaneous  emission  of 
different  wavelengths  will  be  achieved.  If  the  color  and  the  intensity  of  emission  for 
each  well  are  adjusted  properly,  tailored  emission  spectra,  including  white  light,  will 
be  feasible.  We  demonstrate  this  concept  with  two  wells  emitting  at  different 
wavelengths  that  are  stacked  between  AlGaN  barrier  layers.  The  emitted  PL  spectra 
for  the  stacked  structure  is  found  to  be  the  superposition  of  the  emission  from  the 
individual  double  heterostructures  that  were  grown  separately. 

INTRODUCTION 

The  AIGaInN  materials  system  is  unique  in  that  its  direct  energy  bandgap  can 
be  theoretically  engineered  over  a  range  extending  through  the  entire  mid  ultraviolet 
to  the  red  region  of  the  electromagnetic  spectrum.  This  wide  spectral  range  is 
extremely  attractive  for  light  emitting  devices  used  in  full  color  displays,  and  has 
provided  an  impetus  toward  the  rapid  development  of  this  materials  system.  In  the 
past  several  years,  dramatic  advances  in  the  epitaxial  growth,  doping  and  processing 
of  the  Ill-nitride  alloys  have  led  to  the  development  of  commercially  available  high 
brightness  blue  and  green  light  emitting  diodes  (LEDs)^  and  the  realization  of  violet 
emitting  laser  diodes.^  In^Ga^.^N  based  double  heterostructures  (DHs)  and  quantum 
wells  (QWs)  form  the  active  layers  of  these  optoelectronic  devices,  with  the  emission 
wavelength  being  determined  primarily  by  the  value  of  x. 

To  date,  optical  devices  based  on  the  Ill-nitride  materials  system  are  designed 
to  emit  one  color.  There  are  many  applications,  however,  where  several  colors,  or 
even  white  light  may  be  desired  from  a  single  device.  Examples  of  such  applications 
include  full  color  indoor/outdoor  displays  and  spectrally  tailored  white  light  sources 
that  are  bright,  compact,  light  weight,  long  lived,  and  efficient.  The  potential  demand 
for  a  solid  state  white  light  source  as  a  viable  replacement  for  conventional 
incandescent  or  fluorescent  light  bulbs  is  by  itself  enormous.  In  this  paper,  we 
present  preliminary  results  of  a  device  structure  designed  for  multicolor  emission  that 
is  based  on  stacked  AlyGa^.yN/ln^Gai.^N  DHs.  By  changing  the  growth  conditions  of 
the  In^Gai.^N  active  layers  in  this  stacked  structure,  two  distinct  colors  are  emitted, 
one  color  from  each  active  layer,  as  observed  in  photoluminescence  (PL)  spectra.  The 
colors  emitted  from  each  active  layer  in  the  stacked  structure  match  the  colors 
emitted  from  conventional  DHs  having  In^Ga^.^^N  active  layers  grown  under  the  same 
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conditions  as  those  of  the  stacked  structure. 


EXPERIMENT 

Epitaxial  growth  of  these  In.Gai.^N  and  AlyGai.yN  layers  was  performed  in  a 
hybrid  ALE/MOCVD  growth  system  that  has  been  previously  described^.  This  hybrid 
ALE/MOCVD  system  was  previously  used  for  the  epitaxial  growth  of  In^Ga^.^N  (0  < 
X  <  0.27)  by  ALE"^  and  of  AlInGaN  quaternary  alloys  by  MOCVD®.  Source  gases 
used  were,  trimethylgallium  (TMG,  -10  °C),  trimethylaluminum  (TMA,  -1-18  °C), 
ethyidimethylindium  (EdMIn,  4-10  °C)  and  NH3;  Nj  was  used  as  the  carrier  gas.  Basal 
plane  sapphire  substrates  were  solvent  cleaned  and  annealed  in  N2  and  NH3  for  15 
minutes  and  1  minute  respectively  at  1050  °C  prior  to  epitaxial  growth.  A  schematic 
of  the  stacked  DH  is  shown  in  Figure  1.  ALE  growth  of  the  AIN  buffer  layer®  was 
performed  at  700  °C  while  the  AIGaN  (~7  -  10%  AIN)  cladding  layers  were  grown 
at  950  °C.  The  lower  and  upper  InGaN  active  layers,  grown  at  temperatures  of  780 
and  750  °C  respectively,  are  separated  by  an  AIGaN  spacer  layer  which  was  grown 
at  950  °C,  The  active  layers  were  deposited  on  InGaN  prelayers  (not  shown  in  the 
figure)  whose  growth  temperatures  were  ramped  during  growth  from  790  °C  down 
to  the  active  layer  growth  temperature  of  780  or  750  °C.  The  InGaN  prelayers  are 
believed  to  provide  a  graded  InGaN  buffer  that  seems  to  improve  the  optical  properties 
of  the  active  layer. 
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Figure  1.  Schematic  of  stacked  double  heterostructure  with  two  InGaN  active 

layers. 


In  order  to  further  study  the  emission  from  the  stacked  structure,  two 
conventional  DHs  were  deposited  having  InGaN  active  layers  grown  at  780  and 
750  °C  respectively.  These  active  layers  were  sandwiched  in  between  AIGaN  cladding 
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layers  that  were  grown  at  950  °C.  It  should  be  noted  that  the  growth  conditions  of 
the  active  layers  and  cladding  layers  of  these  conventional  DHs  were  the  same  as 
those  used  for  the  stacked  DH. 

RESULTS 

PL  spectra  of  the  two  conventional  DHs  with  the  InGaN  active  layers  grown  at 
780  °C  and  750  °C  are  shown  in  Figures  2  and  3,  respectively.  The  excitation 
source  is  a  HeCd  laser  operating  at  325  nm  with  cw  power  of  approximately  25  mW. 
All  spectral  measurements  were  performed  at  room  temperature.  The  DH  grown  at 
780  °C  exhibits  peak  emission  near  390  nm  with  a  full  width  at  half  maximum 
(FWHM)  of  ~  1  5  nm,  while  the  DH  deposited  at  750  °C  has  peak  emission  near  470 
nm  and  a  FWHM  of  ~38  nm. 


Wavelength  (nm) 


Figure  2.  Room  temperature  PL  of  a  conventional  DH  with  an  InGaN  active 
layer  grown  the  same  as  the  lower  InGaN  layer  of  the  stacked  DH. 


The  PL  spectrum  of  the  stacked  DH,  shown  in  Figure  4,  exhibits  two  main 
peaks  at  384  nm  and  -470  nm  respectively.  The  peak  at  384  nm  has  a  FWHM  of 
~17  nm,  while  the  peak  near  470  nm  has  a  FWHM  of  ~55  nm.  There  is  good 
correspondence  between  the  PL  spectra  from  the  two  conventional  DHs  to  the  two 
colors  emitted  from  the  stacked  DH.  In  comparing  the  spectra  between  the 
conventional  and  stacked  structures,  the  FWHM  of  the  peak  corresponding  to  390  nm 
has  nearly  the  same  value  while  the  FWHM  of  the  peak  corresponding  to  470  nm  is 
broader  in  the  stacked  DH  than  in  the  conventional  DH.  This  can  be  attributed  to  the 
upper  InGaN  active  layer  being  grown  on  a  potentially  rougher  surface.  The  AIGaN 
spacer  layer,  grown  at  950  °C  on  top  of  the  first  InGaN  active  layer,  can  suffe."  from 
poor  surface  morphology  and  can  create  subsequent  nucleation  problems  for  overlying 
layers.  Maintaining  good  surface  morphology  throughout  the  entire  structure  will 
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Figure  3.  Room  temperature  PL  of  a  conventional  DH  with  an  InGaN  active 
layer  grown  the  same  as  the  upper  InGaN  layer  of  the  stacked  DH. 


depend  on  optimizing  the  growth  conditions  during  the  transition  between  the  InGaN 
active  layers  grown  at  relatively  lower  temperatures  and  the  AIGaN  layers  that  are 
grown  at  higher  temperatures. 


Figure  4.  Room  temperature  PL  of  stacked  DH  showing  two  color  emission 
from  upper  and  lower  InGaN  active  layers,  respectively. 
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CONCLUSIONS 


A  novel  stacked  AIGaN/InGaN  DH  has  been  epitaxially  grown  on  a  sapphire 
substrate.  The  room  temperature  PL  spectrum  from  this  structure  exhibits  two  color 
emission  at  390  nm  { -violet)  and  470  nm  (blue).  These  emission  wavelengths  match 
the  emission  wavelengths  of  conventional  DHs  with  active  layers  grown  under  the 
same  conditions  as  the  stacked  DH.  This  demonstrates  the  potential  for  the 
realization  of  multicolor  optical  devices  based  on  Ill-nitride  stacked  DHs.  Further  work 
needs  to  be  done  to  expand  the  range  of  multiple  color  emission  so  that  colors  may 
be  mixed  to  obtain  white  light  emitters,  and  further  refinements  in  the  growth  process 
need  to  be  made  to  obtain  stacked  structures  that  are  uniform  and  have  smooth 
surface  morphologies. 
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ABSTRACT 

Tunnel  effects  in  luminescence  spectra  and  electrical  properties  of  blue  InGaN/AlGaN/GaN 
LEDs  were  studied.  The  tunnel  radiation  in  a  spectral  region  of  2. 1-2.4  eV  predominates  at  low 
currents  (J<0.2  mA).  The  role  of  tunnel  effects  grows  as  the  maximum  of  the  main  blue  line  in 
LEDs  is  shifted  to  short  wavelengths.  The  position  of  the  tunnel  maximum  hmmm  is  approximatly 
proportional  to  the  voltage  eU.  The  spectral  band  is  described  by  the  theory  of  tunnel  radiative 
recombination.  Current-voltage  characteristics  have  a  tunnel  component  at  low  direct  and  reverse 
currents.  The  distribution  of  charged  impurities  was  received  from  dynamic  capacitance 
measurements.  There  are  charged  layers  at  heterointerfaces  and  adjacent  compensated  layers  in 
the  structures.  There  is  a  high  electric  field  in  the  active  layer.  The  energy  diagram  is  analysed. 

INTRODUCTION 

We  have  shown  in  references  [1-3]  that  a  tunnel  radiation  spectral  band  dominates  at  low 
currents  in  luminescence  spectra  of  superbright  blue  light-emitting  diodes  (LEDs)  based  on 
heterostructures  of  InGaN/AlGaN/GaN.  Current-voltage  characteristics  of  LEDs  had  a  tunnel 
component.  The  difference  between  blue  and  green  LEDs  (with  different  content  of  In  in  the 
active  InGaN  layer)  was  described  by  a  lower  width  of  the  space-charge  layer  and  a  higher  electric 
field  in  blue  LEDs  [2].  It  was  pointed  out  [1,3]  that  the  models  of  tunnel  radiative  recombination 
elaborated  for  other  A^B'^  compounds  [4,5]  can  be  applicated  to  an  analysis  of  the  new  results. 

Tunnel  spectra  and  electrical  properties  of  blue  LEDs  described  in  [1-3]  are  thoroughly  studied 
in  this  paper.  Dynamic  capacitance  measurements  and  charge  distribution  in  the  structures  are 
analyzed.  It  is  shown  that  the  tunnel  effects  dominate  when  the  electric  field  in  the  active  2D-layer 
is  sufficiently  high.  An  energy  diagram  is  proposed  which  takes  into  account  the  experimental 
results.  Spectra  are  described  using  theories  of  diagonal  tunneling.  The  role  of  potential 
fluctuations  caused  by  alloy  inhomogenities  and  heterointerfaces  is  discussed. 

EXPERIMENTAL 

We  studied  LEDs  made  from  the  structures  InGaN/AlGaN/GaN  grown  by  MOCVD  [6].  A 
layer  of  n-GaN:Si  («  5  |tm)  on  the  sapphire  substate  is  a  base;  an  active  layer  In^Gai-xN 
(x=0.2-0.43)  has  a  thickness  2-3  nm;  the  In-content  and  a  thickness  vary  to  change  spectra  from 
violet-blue  to  green.  A  barrier  layer  of  p-Alo.1Gao.9N:  Mg  («  100  nm)  is  a  barrier  layer  and  a  cap 
layer  is  p-GaN:Mg  (a  0.5  nm);  see  also  [1-3, 6]. 

Spectra  were  studied  at  currents  J  -  0.02-0.2  mA.  The  forward  and  reverse  J(V) 
characteristics  were  measured  in  the  interval  J  =  10‘^-3*10*'  A.  Dynamic  capacitance 
measurements  gave  it  possible  to  determine  the  nonlinear  part  of  the  capacitance. 
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EXPERIMENTAL  RESULTS 
Tunnel  radiation  spectra 


The  luminescence  spectra  of  a  blue  LED  at  room  temperature  and  J  =  0.03-0. 1  mA  are  given  in 
Figure  1.  A  spectral  band  with  spectral  maxima  changing  with  the  voltage  V  in  the  interval 
2.12-^2.30  eV  (green)  is  attributed  to  the  tunnel  radiative  recombination.  The  main  blue  line 
dominates  at  higher  currents,  V  >  2.4  V.  The  relative  role  of  the  tunnel  band  in  different  diodes  is 
growing  (at  a  fixed  V)  as  the  main  blue  peak  shifts  to  higher  energies  (Figure  2). 


Fig.  1  (left).  Tunnel  spectra;  blue  LED  N3,  room  T,  currents  35-100  (lA;  V  =  2. 16-2.34  V. 
a)  Linear  scale;  b)  logarithmic  scale,  blue  line  is  subtracted. 

Fig.  2  (right),  a)  Spectra  of  three  blue  LEDs  at  the  same  voltage,  V  -2.304  V.  Spectra  are 
normalized  at  the  maximum  of  the  blue  line.  Dots  -  theoretical  fit  to  the  main  (blue)  and  tunnel 
lines,  b)  Logarithmic  derivative  of  J(V)  characteristics,  dV/d(lnJ),  versus  V  for  the  same  LEDs. 
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Fig.3.  Tunnel  maxima  (a)  and  intensity  (b)  versus  Fig.4.  Current-voltage  characteristics  of  blue 
voltage.  Three  blue  LEDs  (see  Figs.  1,  2).  LED  N3.  1,2-  forward  voltage;  3,4-  reverse  V; 

1,3  -  T-300  K;  2,4  -  T=77  K;  5-  dV/d(lnJ). 


The  dependences  of  ftow  and  intensity  Lax  versus  eU  =  e(V-JRfl )  (Rs  -  series  resistance)  are 
shown  in  Figure  3.  The  value  of  ficomax  depends  on  eU  approximately  linearly;  AtOmax  =eU  -  A.  This 
is  consistent  with  a  model  of  diagonal  tunneling  -  radiative  transitions  are  going  between  states 
near  quasi-Fermi  levels  F„ ,  Fp  from  both  sides  of  the  junction.  The  value  of  Imax  depends  on  eU 
exponentially,  with  an  energy  in  the  exponent  Ei  of  70-80  meV:  Lax  ~  exp  (eU/Ei). 

Current-voltage  characteristics 

The  current-voltage  characteristics  are  shown  in  Figure  4.  The  exponential  part  at  low  direct 
currents  (  J  ~  exp  (eU/Ej) )  has  an  exponent  Ej  =  130-140  meV  (V  =  1.5  -  2.5  V)  (see  also  [7] ). 
This  value  slightly  depends  on  T  (  Ej  =  155-165  meV  at  T  =  77  K).  This  part  corresponds  to  the 
tunnel  component  of  the  current.  In  this  interval  of  U  the  intensity  of  the  tunnel  radiation  depends 
approximately  quadratically  on  the  current;  Lax  ~  .  At  higher  voltages,  V  >  2.6  -  2.7  V,  an 

injection  current  component  predominates;  J~exp(eU/mkT);  U  =  V  -  JRs. 

It  is  to  be  noted,  that  in  an  interval  1 .8  <  U  <  3.0  V  the  logarithmic  derivative  Ej  =  dV/d(lnJ) 
has  a  maximum  near  V  =  2.3  -  2.5  eV,  and  a  minimum  near  V  =  2.6  -  2.7  V,  that  is  in  the  region 
of  a  change  in  spectra  from  tunnel  band  to  the  main  line  (see  Figure  2).  The  shift  of  these  extrema 
from  one  LED  to  the  other  corresponds  to  the  shift  of  the  maxima  of  the  blue  line.  The  higher  is 
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hdinax,  the  lower  is  a  minimum  of  Ej,  the  lower  is  R« .  This  is  evidence  that  the  spectral  change  is 
due  to  a  change  from  tunneling  to  the  injection  into  the  active  layer. 

The  reverse  current-voltage  curves  are  also  shown  on  in  Figure  4.  They  have  two  exponential 
parts,  J  ~  exp  (-eV/Ej),  with  EjskO.59-0.60  eV  at  voltages  3.4  <  -V  <  6.8  V  and  Ej  «  0.96-0.98  eV 
at  6.8  <  -V  <  10  V.  The  values  of  Ej  did  not  depend  on  T.  These  components  of  the  current  can 
be  described  as  a  tunnel  breakdown, 

At  voltages  -eV>10  eV  «  3Eg(GaN),  avalanche  breakdown  began;  radiative  recombination 
caused  by  electron-hole  plasma  was  detected.  Reverse  currents  and  spectra  of  avalanche 
breakdown  luminescence  will  be  described  elsewere. 


Capacitance-voltage  measurements  and  the  potential  disribution 


Measurements  of  capacitance  versus  volage  C(V)  have  shown  that  C  has  two  parts;  one  almost 
independent  and  the  second  dependent  on  V  (see  also  [3]).  The  dependent  part  is  determined 
mostly  by  the  p-side  (AIGaN;Mg)  of  the  structure;  a  part  of  a  contact  potential  AVp,  determined 
from  C(V)  curves,  was  AVp «  0.5-0. 6  V. 


_ r 

f 

/ 

I 

n 

qUC _ ! _ I _ I _ 1 _ I 

0  1*10^  2-ld^  S-loT*  4-lor®  5- 10^ 

X.GM 


Fig.  5.  A  model  potential  (a,  left)  and  an  electric  field  (b,  right)  distribution, 

A  part  of  the  contact  potential  on  the  n-side  was  AVn  »  0.4-05  V;  AVp+  AVn  «  0.9-1. 0  V. 
The  part  of  the  capacitance  independent  of  V  is  determined  by  compensated  layers  (with  a 
thickness  of  10-15  nm)  adjacent  to  the  active  layer.  Part  of  the  contact  potential  AV<p  drops  on 
these  quasi-neutral  regions,  but  about  AVi  =  2.0-2.4  eV  drops  on  the  thin  (2.5-4  nm)  active  layer 
(quantum  well).  The  potential  distribution  of  such  a  type  is  formed  by  charged  walls  on  the 
interfaces  (p-AIGaN/InGaN  and  InGaN/n-GaN)  A  model  for  charged  walls  in  other  case  was 
discussed  in  [6]. 
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Fig.6.  Energy  diagram  at  direct  voltages;  a)  tunneling;  b)  injection. 


DISCUSSION 
Energy  diagram. 

The  model  potential  and  electric  field  distributions  deduced  from  the  analysis  of  experimental 
results  are  shown  in  Figure  5.  It  is  to  be  noted  that  there  is  a  high  electric  field  up  to  E  «10’  V/cm 
in  the  active  layer.  More  quantitative  analysis  is  in  progress.  The  tunnel  component  of  J  dominates 
at  V  corresponding  to  Figure  6a  (V  «  AVj ),  the  injection  one  to  6b  (V  «  AVi+AVqn). 

Tunnel  radiative  recombination. 

The  theory  of  tunnel  radiative  recombination  [4,5]  was  elaborated  for  homogeneous 
degenerate  p-n-junctions.  We  have  used  it  with  some  modifications  in  our  complicated  case  of  a 
heterojunction.  A  spectrum  of  tunnel  radiation  can  be  described  by  the  equation 

I(n(Dh[;io)/(Eg-^co)][(fico-eU)/(exp((ftto-eU)/mkT)-l)][exp(-(4/3)((Eg-;io))/Eo)3/2],  (1) 

where  Eg  -is  the  effective  energy  gap,  m  -  parameter  depends  on  effective  masses  ratio,  and 

Eo=[(«/(2m‘„)''^)e£]2/3  (2) 

is  an  exponent  of  the  theory  of  the  Franz-Keldysh  effect,  m*cv  is  a  reduced  effective  mass, 

E  -  electric  field  assumed  constant  near  intersection  of  electron  and  hole  wave  functions.  A  fit 
of  the  experimental  tunnel  radiation  spectra  by  the  equation  (1)  is  shown  in  Figures  1,2.  A  blue 
line  was  subtracted  from  spectra  using  the  theoretical  fit  described  in  [1-3].  A  fit  has  shown  that 
the  voltage  eU  in  (1)  is  equal  to  the  measured  voltage  on  the  structure  within  the  limits  of  error; 
an  effective  gap  needed  for  a  good  fit  was  Eg  =  2. 8-2.9  eV,  parameter  m  =  1.6. 

The  essential  result  was  that  the  parameter  Eo  needed  for  a  good  fit  was  changing  in  the 
limits  Eo  =  0.35  -  0.42  eV.  An  evaluation  of  the  electric  field  E  needed  for  the  tunnel  radiation 
effects  gives  values  E  =  (4-6)- 10^  V/cm  which  is  consistent  with  the  analysis  of  capacitance 
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measurements  and  charge  distributions  (effective  masses  in  GaN  m*c=  0.20mo  and  m*v=  0.54mo 
[9]  were  used). 

Tunnel  effects  and  potential  fluctuations 

The  model  of  radiative  recombination  for  the  main  (blue)  line  in  these  structures  [1-3]  took 
into  account  quantum-size  effects  and  potential  fluctuations  due  to  alloy  inhomogenities,  interface 
roughness  and  impurities.  All  these  factors  influence  tunnel  efects  also.  A  high  electric  field  in  the 
heterojunction  really  is  accompanied  by  high  electric  fields  of  fluctuations. 

We  do  not  discuss  here  questions  of  quantum-size  levels  which  determine  band-edges  in  the 
structures  with  a  high  electric  field  in  the  well.  Out  of  scope  in  this  publication  is  a  role  of 
impurity  levels  (Mg  acceptors  and  Si  donors)  in  the  tunnel  radiative  recombination.  We  have  to 
take  into  account  the  study  of  the  nature  of  2.2  eV  GaN  luminescence  band  in  [10].  These 
problems  are  for  the  next  study. 

CONCLUSIONS 

Spectral  bands  observed  at  low  currents  (J  <  0.2  mA)  at  ftca  -  2. 1-2.5  eV  in  blue  LEDs  made 
from  the  heterostructures  InGaN/AlGaN/GaN  with  a  thin  space-charge  region  are  caused  by 
radiative  recombination  of  electrons  and  holes  tunneling  from  large-band-gap  layers  to  the  active 
quantum  well  layer. 

The  charge  distribution  in  these  structures  includes  not  only  space-charge  regions  but  also 
compensated  quasi-neutral  layers  and  charged  walls  at  the  interfaces.  This  charge  distribution 
cause  a  high  electric  field  in  the  quantum  well,  up  to  (4-6)*  10®  V/cm. 

The  model  of  diagonal  tunneling  describes  qualitatively  radiative  recombination  spectra  and  the 
change  of  spectral  maxima  with  the  voltage. 

The  proposed  energy  diagram  describes  luminescent  and  electrical  properties  of  superbright 
blue  InGaN/AlGaN/GaN  LEDs. 
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ABSTRACT 

We  have  studied  the  electroluminescence  and  photoluminescence  of  Nichia  single- 
quantum-well  AIq  2Gao.8N/Ino.45Gao  ssN/GaN  green  light-emitting  diodes  over  a  broad  range  of 
temperatures  (15-300  K)  and  currents  (0.2  p,A  -  2  A).  The  most  striking  behavior  is  an  anoma¬ 
lous  temperature  shift  of  both  photo-  and  electroluminescence,  with  the  emission  peak  moving 
towards  higher  energies  with  increasing  temperature.  This  blue  shift  is  opposite  to  that  of  the 
energy  gap  of  the  active  layer,  which  practically  excludes  interband  transitions  as  responsible 
for  the  observed  optical  transitions.  We  suggest  that  population  effects  within  the  band  tails  can 
account  for  the  observed  anomaly.  We  also  determined  that  the  current  flowing  through  the  p-n 
junction  is  dominated  by  carrier  tunneling,  the  omnipresent  effect  in  the  GaN-based  optoelec¬ 
tronic  devices. 


INTRODUCTION 

Recently,  Nichia  Chemical  Industries  introduced  new  commercial  blue-  and  green-light 
emitting  diodes  (LEDs)  based  on  single-quantum-well  (SQW)  AlGaN/InGaN/GaN  structures 
[1,2].  These  new  devices  have  absolutely  outstanding  performance  in  comparison  with  all  exist¬ 
ing  LEDs.  Luminosity  as  high  as  12  cd  has  been  achieved  for  the  green  LEDs,  and  external 
quantum  efficiency  is  as  high  as  6.3%  and  9.1%  for  the  green  and  blue  LEDs,  respectively. 
Very  similar  device  structure  was  also  applied  in  the  newly  developed  blue  laser  diodes  [3].  In 
the  present  paper,  we  focus  on  properties  of  NSPG-500  green  SQW  LEDs  [2],  with  an  undoped 
active  layer  consisting  of  a  30-A  thick  Ino.45Gao  55N  layer  sandwiched  between  «-GaN  and  p- 
Alo.2Gao  gN  claddings.  One  should  notice  that  there  is  a  large  lattice  mismatch  (~6%)  between 
the  quantum  well  and  barrier  materials.  However,  it  is  at  this  stage  an  open  question  whether 
the  structure  has  a  pseudomorphic  character  or  the  strain  is  relaxed  by  a  large  (~10*^  cm’^)  con¬ 
centration  of  dislocations  [4]  always  present  in  Nichia  materials.  Another  puzzling  property  of 
these  diodes  is  that  the  energy  of  emitted  photons  (2.28  -  2.33  eV)  is  much  lower  than  the 
bandgap  energy  of  Ino45Gao  55N  (2.50  -  2.68  eV)  [5].  It  was  suggested  by  Nakamura  [3]  that 
this  discrepancy  could  be  caused  by  tensile  strain  in  the  quantum  well,  induced  by  differences 
in  thermal  expansion  coefficients  of  the  quantum  well  and  barrier  materials.  Alternative  expla¬ 
nations  involve  unidentified  localized  states  [6]  or  localized  excitons  [7].  In  any  case,  no  defi- 
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nite  answer  has  been  given  yet  as  to  the  nature  of  recombination  in  Nichia  SQW  LEDs.  Here, 
we  report  on  extensive  electroluminescence  (EL)  measurements  over  a  broad  current  and  tem¬ 
perature  range  performed  in  order  to  shed  more  light  on  the  nature  of  radiative  transitions  re¬ 
sponsible  for  electroluminescence  in  these  devices. 


EXPERIMENTAL 

Emission  spectra  were  recorded  using  a  CVI  double-grating  spectrometer  model  DK 
242  D  and  a  cooled  GaAs  photomultiplier.  High-pulsed-current  measurements  (100  ns 
pulsewidth  and  the  duty  cycle  of  lO"^)  were  performed  using  an  Avtech  AV-IOIO-C  pulse  gen¬ 
erator.  /-E  characteristics  were  measured  with  the  use  of  HP  4140  B  picoamperometer.  For  low 
temperature  measurements,  the  LEDs  were  fixed  on  the  cold  finger  of  closed-circuit  refrigerator 
(CTI  Cryogenics,  model  22). 

For  photoluminescence  (PL)  measurements,  the  diodes  were  de-encapsulated,  the  chip 
was  removed  from  the  package,  and  fixed  directly  on  the  cold  finger  of  the  cryostat.  PL  was 
excited  with  a  20  mW  442  nm  blue  line  of  He-Cd  laser.  On  should  notice  that  a  thick  cap  layer 
of  j9-GaN  makes  it  impossible  to  use  laser  lines  with  photon  energies  higher  thcin  GaN  bandgap. 


RESULTS 


u 


Diode  voltage  (V) 


Figure  1.  Temperature  dependence  of  I-V characteristics  of:  (a)  Nichia  NSPG-500  green  SQW 
LEDs,  and  (b)  Cree  C430-DH85  blue  LEDs. 
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Electrical  characteristics 


Fig.  1(a)  shows  clearly  that  the  slope  of  the  forward  part  ofl-V  characteristics  of  NSPG- 
500  LEDs  is  practically  independent  of  temperature.  In  diodes  where  the  usual  Shockley 
mechanism  of  thermal  diffusion  dominates  transport  properties,  the  slope  should  be  inversely 
proportional  to  temperature.  Insensitivity  of  /-V  characteristic  to  temperature  is  usually  inter¬ 
preted  as  a  domination  of  carrier  tunneling  over  thermal  diffusion.  Previously,  we  observed  a 
similar  behavior  in  Nichia  NLPB-500  double  heterostructure  blue  LEDs  [8,9]  and  also  in 
GaN/SiC  LEDs  commercially  mcinufactured  by  Cree,  as  illustrated  in  Fig.  1(b).  This  omnipres¬ 
ence  of  tunneling  transport  in  GaN-  and  InGaN-based  optoelectronic  devices  seems  to  be  re¬ 
lated  to  a  large  density  of  electronic  states  within  the  energy  gap  of  these  materials. 

We  can  distinguish  three  different  regions  in  the  forward  I~V  characteristics  of  NSPG- 
500  LEDs.  First,  at  voltages  V  lower  than  2  V,  tunneling  seems  to  be  related  to  nonradiative 
processes,  as  no  light  emission  takes  place.  The  second  region,  at  2  <  K  <  2.3  V,  is  related  to 
tunneling  of  carriers  which  can  subsequently  recombine  radiatively.  Third,  at  voltages  higher 
than  2.3  V,  the  I-V  curves  are  dominated  by  the  potential  drop  on  the  series  resistance  of  the 
device  and  the  slope  gradually  decreases.  We  should,  however,  point  out  that  we  have  not  ob¬ 
served  any  evidence  of  the  so-called  photon-assisted  tunneling,  contrary  to  the  situation  in 
double-heterostructure  Nichia  LEDs  [9]. 

Optical  characteristics 


Figure  2.  NSPG-500  LED  electroluminescence  spectra  measured  at  different  val¬ 
ues  of  pulsed  current.  Insert  shows  the  emission  peak  position  as  a  function  of 
current. 
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It  is  shown  in  Fig.  2  that  the  EL  peak  position  moves  quickly  to  higher  energies  once 
the  pumping  current  exceeds  0.1  mA.  This  shift  is  about  two  orders  of  magnitude  faster  than 
what  we  would  expect  from  the  filling  of  conduction  band  states,  thus  much  lower  density  of 
states  is  required  to  account  for  the  magnitude  of  the  observed  effect.  Consequently,  we  inter¬ 
pret  our  results  in  terms  of  filling  of  band  tail  states  rather  than  the  bands  themselves.  Interest¬ 
ingly  enough,  the  energy  of  emitted  photons  at  the  largest  applied  currents  is  quite  close  to  es¬ 
timated  separation  between  the  confined  states  in  a  3-nm  thick  Ino  45Gao  55N  quantum  well. 


Figure  3.  Photoluminescence  spectra  of  NSPG-500  LEDs  measured  at  various  temperatures. 
Insert  shows  the  temperature  shift  of  the  emission  peak  position. 

Fig.  3  shows  the  PL  spectra  measured  at  different  temperatures.  It  is  clear  that  the  PL 
peak  shifts  towards  higher  energy  when  the  temperature  is  increased.  At  the  same  time,  the 
bandgap  of  InGaN  active  layer  should  decrease  by  approximately  50  meV  between  15  K  and 
300  K  [5].  Fig.  4  shows  complementary  data  obtained  from  EL  measurements  performed  at 
various  temperatures.  It  can  be  seen  that  at  a  fixed  current  lower  than  0.1  mA  (i.e.  before  the 
band  tail  filling  effect  begins  to  be  important),  the  EL  undergoes  blue  shift  with  increasing  tem¬ 
perature.  Between  15  and  300  K,  this  shift  can  be  as  large  as  70  meV  for  the  lowest  applied  cur¬ 
rents  and  it  is  of  the  opposite  sign  than  the  shrinkage  of  InGaN  bandgap.  As  the  temperature  is 
increased,  the  low-current  plateau  also  shifts  towards  higher  energies.  Furthermore,  the  emis¬ 
sion  bandwidth  (»  130  meV  at  1  mA)  remains  practically  unchanged  over  the  entire  tempera¬ 
ture  range. 
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Figure  4.  Position  of  EL  emission  peak  as  a  function  of  current  for  NSPG-500 
LEDs,  measured  at  various  temperatures. 

DISCUSSION 

The  anomalous  temperature  behavior  of  both  electro-  and  photoluminescence  in  Nichia 
NSPG-500  SQW  green-light  emitting  diodes,  in  conjunction  with  the  fact  that  this  emission 
occurs  below  the  Ino ^sGao.ssN  bandgap,  strongly  suggests  that  the  radiative  recombination  does 
not  directly  involve  the  conduction  and  valence  band  quantum  well  subbands.  It  was  proposed 
by  Chichibu  et  al  [7]  that  radiative  recombination  in  these  devices  is  related  to  presence  of 
highly  localized  excitons,  localized  on  fluctuations  of  indium  contents  in  the  active  layer  mate¬ 
rial.  However,  it  is  not  clear  whether  the  exciton-related  recombination  should  be  important  for 
electroluminescence,  especially  when  it  is  measured  at  high  currents.  Also,  our  observations  of 
rapid  blue  shift  of  electroluminescence  with  current  indicate  that  a  continuous  density  of  states 
may  be  present  within  the  energy  gap  of  the  active  layer  material.  In  such  case,  the  anomalous 
temperature  behavior  can  be  explained  in  terms  of  population  effects.  In  a  future  publication, 
we  will  show  that  we  can  provide  a  qualitative  picture  of  the  observed  phenomena  within  the 
framework  of  band-tail  theory  [10]. 
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ABSTRACT 

We  performed  a  degradation  study  of  high-brightness  Nichia  single-quantum  well 
AlGaN/InGaN/GaN  green  light-emitting  diodes  (LEDs).  The  devices  were  subjected  to  high 
current  electriceil  stress  with  current  pulse  amplitudes  between  1  A  and  7  A  and  voltages  between 
10  V  and  70  V  with  a  pulse  length  of  100  ns  and  a  repetition  rate  of  1  kHz.  The  study  showed 
that  when  the  current  amplitude  was  increased  to  the  6  A  -  7.5  A  range,  a  fast  (about  1  s) 
degradation  occurred,  with  a  visible  discharge  between  the  p  and  n-type  electrodes.  Subsequent 
failure  analysis  revealed  severe  damage  to  metal  contacts  which  lead  to  the  formation  of  shorts  in 
the  surface  plane  of  diode.  For  currents  smaller  than  6  A,  a  slow  degradation  was  observed  as  a 
decrease  in  optical  power  and  an  increase  in  the  reverse  current  leakage.  After  between  24  and 
100  hours  however,  a  rapid  degradation  occurred  which  was  similar  to  the  rapid  degradation 
observed  at  higher  currents.  Failure  analysis  results  suggest  that  carbonization  of  the  plastic 
encapsulation  material  on  the  diode  surface  leads  to  the  discharge  which  destroys  the  diode. 

INTRODUCTION 

Single  quantum  well  light  emitting  diodes  manufactured  by  Nichia  Chemical  Industries 
with  GaN/GalnN/GaAlN  active  layer  [1,2]  are  some  of  the  best  light  emitters  ever  fabricated. 
Not  only  they  are  the  best  in  the  short-wavelength  part  of  the  spectrum,  but  their  efficiency  is 
close  to  that  of  the  best  devices  manufactured  in  the  GaAs/  GaAlAs  system.  Luminosity  as  high 
as  12  cd  has  been  achieved  for  the  green  LEDs  and  quantum  efficiencies  as  high  as  6.3  %  for  the 
green  LEDs  and  9,1  %  for  the  blue  LEDs  have  been  reported  [1].  Very  similar  structures  were 
also  used  for  the  newly  developed  blue  laser  diode  [3].  In  the  present  paper  we  will  focus  on  the 
properties  of  the  green  light  emitting  single  quantum  well  (SQW)  LED.  The  active  layer  of  this 
device  consists  of  30  A  thick  Ino.45Gao.55N  layer  sandwiched  between  n-GaN  and  /7-Alo.2Gao.8N 
claddings.  These  diodes  emit  light  with  a  center  wavelength  of  about  530  nm.  It  was  been 
previously  shown  that  devices  based  on  group-in  nitrides  are  characterized  by  very  high 
longevity  and  are  difficult  to  degrade  by  high  current  stress  [4].  It  is  most  likely  related  to  the 
very  high  hardness  of  these  materials  and  consequently  very  low  mobility  of  dislocations. 
However,  the  lifetime  of  CW  laser  diodes  based  on  this  structure  is  still  very  short  (about  2  s) 
because  of  the  high  threshold  currents  these  devices  currently  have.  Because  of  these  types  of 
problems,  it  is  very  important  to  understand  high  current  degradation  mechanisms  in  these 
devices. 

EXPERIMENT 

Diodes  under  study  were  biased  with  the  use  of  Avtech  AV-IOIO-C  pulse  generator  with 
a  pulse  width  of  100  ns  and  repetition  rate  of  IkHz.  The  light  output  was  monitored  by  a 
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Newport  model  1830-C  power  meter  with  a  silicon  diode  detector.  The  I-V  characteristics  were 
measured  with  an  HP4140B  pico-eunp  meter/voltage  source. 


RESULTS 


Optical  characteristics 


It  was  determined  early  in  this  study  that  the  LEDs  would  degrade  immediately  if  they 
were  subjected  to  current  pulses  with  amplitudes  between  6  A  and  7.5  A.  The  degradation  takes 
about  Is  to  occur  and  is  accompanied  by  a  visible  electrical  discharge  between  the  electrodes.  At 
these  currents,  the  voltage  drop  across  the  diode  is  between  70  V  and  80  V.  In  order  to 
investigate  the  effects  of  longer  term  exposure  to  reduced  currents,  it  was  found  that  using  pulsed 
current  amplitudes  less  than  6  A  would  cause  a  very  slow  degradation  allowing  the  diode  to 
continue  working  for  between  24  and  90  hours.  Several  LEDs  were  stressed  at  a  forward  current 
of  5  A  with  a  duty  cycle  of  lO'"^  %. 

In  Figure  1,  the  intensity  of  light  emission  from  a  diode  subjected  to  high  current  pulses 
between  4.5  A  and  5.8  A  is  shown  as  a  function  of  time.  Two  different  regions  can  be 
distinguished  in  this  figure.  First,  for  times  lower  than  approximately  5  hours,  a  fast  degradation 
is  observed  with  the  slope  -0.17  %/h.  This  is  followed  by  a  second  region  for  times  longer  than  5 
hours  where  the  slope  is  -0.03  %/h.  by  using  a  simple  extrapolation  from  this  data,  the  lifetime 
of  diode  should  be  as  long  300  h,  but  in  reality,  the  diodes  degraded  rapidly  after  24  to  90  hours. 
Analysis  of  the  damage  showed  the  same  kind  of  damage  was  found  on  LEDs  which  were 
subjected  to  currents  above  6  A. 


0  10  20  30  40  50  60  70  80  90  100 


Time  (h) 

Figure  1.  Light  output  of  a  stressed  LED  (#220)  as  a  function  of  time. 
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Electrical  characteristics 


In  Figure  2,  the  I-V  characteristics  of  an  LED  (#219)  both  before  and  after  being  subjected 
to  high  current  stress  are  shown.  It  is  characteristic  of  these  LEDs  that  the  reverse  current 
leakage  increases  fast  when  first  subjected  to  stress  but  slows  considerably  as  the  stress  is 
continued.  This  behavior  is  similar  to  that  that  observed  in  the  optical  power  (faster  degradation 
at  the  beginning  and  slower  degradation  eifter).  Interestingly,  the  last  I-V  curve  shown  in  Figure  2 
was  measured  just  before  the  diode  failed  demonstrating  that  neither  the  electrical  nor  the  optical 
measurements  could  predict  that  catastrophic  degradation  was  about  to  occur.  This  observation 
was  consistent  in  all  of  the  LEDs  subjected  to  pulsed  currents  less  than  6  A. 


Diode  voltage  (V) 

Figure  2.  I-V  characteristic  of  an  LED  (#219)  after  before  and  after  degradation. 
FAILURE  ANALYSIS  OF  DEGRADED  DIODES 

Three  of  the  devices  (numbers  202,  219,  and  220)  which  were  stressed  to  the  point  of 
failure  (identified  by  a  sudden  and  complete  loss  in  light  output)  were  analyzed  to  determine  the 
cause  of  the  degradation.  These  LEDs  lasted  several  hundred  hours  under  stress  before  failure. 
The  I-V  characteristics  of  the  three  devices  were  all  linear  with  slopes  indicating  that  the  LEDs 
had  resistive  shorts  in  the  18  Q  to  140  Q  range.  A  fourth  device,  #221,  was  subjected  to  the 
same  stress,  but  it  was  removed  from  the  test  prior  to  failure.  The  I-V  characteristics  of  #221 
showed  no  significant  changes  but  was  decapsulated  anyway  for  comparison  to  the  other  three 
devices.  Figure  3  shows  an  optical  micrograph  of  LED  #202  after  decapsulation.  It  is  apparent 
from  Figure  3  that  the  LED  has  been  severely  damaged  by  the  pulsed  current  stress.  Further 
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inspection  of  the  device  indicated  that  the  observed  damage  was  mostly  the  plastic  encapsulation 
material  whose  material  properties  had  been  altered  by  the  testing  to  the  point  where  it  was  not 
removed  during  the  decapsulation  process.  This  indicates  that  most  of  the  damage  may  be 
contained  in  the  plastic  and  not  in  the  LED.  These  observations  were  consistent  with  those  made 
on  the  other  two  samples  which  were  stressed  to  failure,  LEDs  #219  and  220. 

Figure  4  shows  an  optical  micrograph  of  LED  #221  which  was  not  stressed  to  failure. 
This  image  shows  several  very  important  details.  First,  as  in  the  LEDs  stressed  to  failure,  some 
of  the  plastic  packaging  material  was  left  over  after  decapsulation.  This  means  that  even  though 
there  were  no  significant  changes  in  light  output  or  in  I-V  characteristics,  there  was  a  change  in 
the  plastic  composition.  And  second,  there  are  several  black  spots  in  the  image,  mostly  at  the 
edges  of  the  semi-transparent  metallization  on  the  p-contact  layer.  These  spots  are  believed  to  be 
damaged  plastic  areas  created  when  the  junction  below  went  into  a  non-permanent  breakdown 
under  the  electrical  stress.  Under  continued  stress,  enough  of  the  damaged  plastic  sites  will  form 
to  create  a  conductive  layer  which  forms  a  short  circuit  across  the  LED.  Further  studies  are  in 
progress  to  demonstrate  the  current  conduction  path  in  the  shorted  devices. 


Figure  3.  Optical  micrograph  of  LED  #202  after  plastic  removal  (the  darkened  areas  over  the  p- 
contact  area  are  damaged  plastic  which  could  not  be  removed). 


CONCLUSIONS 

In  order  to  determine  if  the  same  degradation  mechanism  identified  on  the  earlier  double 
heterostructure  LEDs  would  limit  maximum  current  density  in  quantum  well  LEDs,  several  were 
stressed  at  very  large  pulsed  currents.  The  LEDs  were  stressed  using  pulsed  currents  of 
approximately  5  A  with  a  1  kHz  repetition  rate  and  a  lO'"*  percent  duty  cycle  to  minimize  heating. 
This  setup  yielded  an  average  power  dissipation  of  only  25  mW. 

In  light  of  our  experimental  results,  we  can  speculate  about  two  very  different  degradation 
mechanisms  of  Nichia  single-quantum-well  green  light-emitting  diodes.  The  first  mechanism 
which  is  characterized  by  a  relatively  slow  degradation  is  probably  related  to  the  creation  of  the 
internal  defects  and  is  yields  a  device  lifetime  of  about  300  hours.  The  second  mechanism  which 
leads  to  very  fast  (1  second)  device  degradation  is  related  to  heat  generated  by  degradation  of  the 
plastic  packaging  material. 


1182 


The  data  collected  on  the  earlier  double  heterojunction  LEDs  [5]  indicated  a  possible 
connection  between  the  large  number  of  crystalline  defects  and  a  tendency  for  metal  to  migrate 
from  the  p-contact  across  the  junction  and  short  out  the  device.  The  newer  generation,  quantum 
well  LEDs  showed  a  significant  improvement  in  resistance  to  this  type  of  stress  and  revealed  that 
the  limitation  may  be  in  the  plastic  packaging  material  and  not  in  the  diode  itself. 


Figure  4.  Optical  micrograph  of  damaged  plastic  areas  on  LED  #221. 
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ABSTRACT 

To  obtain  small  size  high  speed  ultraviolet  sources,  we  studied  the  UV  generation  process 
and  efficiency  of  GaN  Blue  LEDs.  The  blue  and  UV  emissions  follow  a  4-level  recombination 
model.  Depending  on  a  given  pump  pulse  amplitude  the  U  V  to  blue  generation  ratio  increases 
and  saturates  with  the  increasing  of  pump  pulse  duration.  High  efficiency,  upto  450  W 
UV  power  at  380  nm,  can  be  obtained  from  a  1.2  mW  blue  LED. 

INTRODUCTION 

The  quest  for  compact  UV  light  sources  has  been  driven  by  their  potential  use  in  portable 
fluorescence  mecisurement  sensors,  drug  testing^,  and  other  medical  applications^.  Gallium 
Nitride  (GaN)  material  is  currently  being  investigated  due  to  its  potential  for  optical  devices 
operating  in  the  UV  and  blue-violet  region.  Intensity  dependent  photoluminescence  in  GaN 
thin  films^,  and  time  resolved  spectra  of  GaN  LEDs  have  been  recently  studied^”®.  The 
diodes  with  either  an  InGaN  active  layer  (Nichia  Blue  LED)  or  a  Zn  disordered  GaN  active 
layer  (CREE  Blue  LED)  normally  emit  blue  light.  When  pumped  with  short  electrical  pulses, 
UV  light  was  generated.  The  UV  generation  efficiency  depends  on  the  characteristics  of  the 
electrical  pump  pulses.  To  understand  the  generation  process  and  obtain  good  generation 
efficiency  of  UV  light  with  any  given  electrical  pump  sources,  we  did  both  theoretical  and 
experimental  studies  of  the  generation  process.  The  results  are  reported  in  the  following. 

EXPERIMENTAL  RESULTS 

The  output  spectra  of  the  Blue  LED  were  measured  under  both  DC  biases  and  pulsed 
operations  with  a  SPEX  1250M  monochromator  and  a  photomultiplier  tube  detector.  The 
LEDs  were  soldered  to  SMA  connectors  and  driven  through  a  bias-T  by  a  DC  current  source 
and  an  HP  214B  pulse  generator  capable  of  generating  voltage  pulses  upto  50  V  with  10  ns 
minimum  pulse  duration.  The  Nichia  Blue  LED  is  found  to  produce  very  weak  UV  light 
when  a  DC  bicus  of  above  30  mA  was  applied.  Much  stronger  UV  light  can  be  generated 
from  the  LED  under  pulsed  operation.  The  UV  to  blue  ratio  varied  with  the  amplitude  and 
duration  of  the  pump  pulse. 
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Fig.l.  shows  the  output  spectra  generated  with  10  ns  pump  pulses  at  various  amplitudes. 
The  injected  carriers  are  guidely  trapped  by  the  upper  states  of  the  blue  band  due  to  very 
short  transition  time  from  the  band  edge  to  these  states.  When  these  states  are  nearly  filled 
up,  the  UV  recombination  becomes  more  elfective.  By  increasing  the  pump  pulse  amplitude 
more  carriers  can  be  provided  for  the  UV  generation.  Fig. 2.  shows  the  output  spectra 
generated  with  50  V  pulses  at  various  pulse  durations.  The  carrier  injection  rate  remains 
unchanged  since  the  pump  pulse  amplitude  is  constant.  With  a  constant  trap  number,  the 
longer  the  pump  pulses,  the  more  the  number  of  available  carriers  for  UV  recombination  and 
more  the  amount  of  UV  light  generation. 

Therefore,  to  generate  more  UV  light,  we  can  either  increase  the  pump  pulse  amplitude  or 
the  duration.  In  order  to  maximise  the  UV  light  generation,  we  need  to  optimize  the  pump 
pulse  according  to  those  parameters  controlling  the  recombination  process.  A  simulation  has 
been  done  to  understand  the  generation  and  recombination  mechanism  and  estimate  these 
parameters.  Experimental  work  is  done  to  extract  informa.tion  and  allow  us  to  examine  the 
model  and  estimate  those  parameters. 


350  400  450  500  550 

350  400  450  500  550 


Wavelength  (nm)  Wavelength  (mn) 


Fig.l  Spectral  Response  of  the  Nichia  Blue  LED  Fig.2  Spectral  output  of  the  Nichia  Blue  LED  for 

with  varying  pulse  amplitudes  at  a  pulse  varying  pulse  duration  at  50  V 

duration  of  40  ns. 
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Fig. 3  (a)  and  (b)  show  respectively  the  optical  pulse  shapes  at  380  nm  and  450  nm  when 
the  LED  is  pumped  with  50  V,  100  ns  pulses  without  DC  bias.  Time  resolved  spectral  studies 
and  optical  outputs  of  shorter  electrical  pump  pulses  can  be  found  in  our  previous  work®. 


Fig. 3  (a)  Output  Pulse  at  380  nm  (UV)  (b)  Output  Pulse  at  450  nm  (Blue) 


THEORETICAL  MODELING 


The  UV  and  blue  generation  mechanism  can  be  described  by  a  4-level  system  as  shown  in 
Fig.4.  Both  the  A^i  and  states  are  created  by  Zn  dopants.  The  A^i  states  are  corresponding 
to  the  usual  acceptor  levels  of  Zn.  The  N2  states,  which  equal  in  number  with  Ni  states, 
are  shallow  states  near  the  conduction  band.  The  N2  states  have  to  be  included  to  explain 
the  UV  and  Blue  generation  behaviour  as  described  above.  Using  only  a  3-level  system,  we 
found  that  it  is  impossible  to  obtain  any  shapes  closer  to  the  experimental  results  of  the 
time  response  as  shown  in  Fig.  3  (a)  and  (b)  no  matter  how  we  change  the  parameters 
like  time  constants  and  doping  density  etc..  It  can  actually  be  understood  these  states  are 
corresponding  to  the  initially  dominated  carrier  capturing  of  the  dopant  states. 

Therefore  the  rate  equations  for  the  4-level  recombination  system  are  shown  below: 


dNsjt)  ^  J{t)  Ns  N^jt)  As 

dt  qd  T30  T32  Tnon3 

dN2{t)  _  N3  ^  N3{t)  N2[t)  N2{t) 

dt  T30  T32  T21  r„on2 


(1) 

(2) 


(3) 

dt  T21  Tio  r„onl 

where  J  is  the  current  density,  d  is  the  thickness  of  the  active  layer,  Tij  represents  the  life¬ 
time  of  the  transition  from  level  i  to  level  j,  Tnoni  represents  the  non-radiative  recombination 
lifetime  at  level  i.  While  the  lifetimes  T30  and  r^o  are  assumed  to  be  constant,  the  lifetimes 
732  and  721  are  dependent  on  N2  and  A^i  respectively.  More  specifically  the  value  of  732  and 
721  can  be  expressed  in  terms  of  the  empty  band  recombination  lifetime  732  and  731  as^ 


732 


(4) 
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7-21  = 

where  N^ax  is  the  dopant  density. 


N  f 

^^max 


Fig.  4  Schematic  diagram  of  Four  level  model  of  the  LED 


From  the  above  two  equations  we  can  infer  that  T32  and  T21  increase  as  their  respective  bands 
get  filled  up.  The  transition  will  become  infinitely  slow  when  Ah  or  Ah  approaches  Nmax-  To 
simplify  the  model  we  have  neglected  the  higher  order  non-radiative  carrier  recombinations 
(Auger  and  Biomolecular)  at  each  level.  Solving  equations  (1),  (2)  and  (3)  we  can  obtain 
the  time  dependent  response  of  Ah,  N2  and  Ni  for  any  given  input,  J{t).  The  instantaneous 
uv  and  blue  light  intensity  are  given  by^ 


hlue{t)oc 


he  N2it) 

^blue  T2I 


(6) 


Iuv{t)0C 


he  N^jt) 

^uv  T30 


(7) 


Using  this,  the  output  blue  and  uv  pulses  are  plotted  in  Fig.5.  By  setting  the  values  of 
the  parameters  T30,  r32,  Tjj,  tjo  and  the  TnonS  along  with  the  doping  concentration  Nmax,  a 
best  fit  to  the  experimental  data  was  obtained  as  shown  in  Table  1.  The  value  of  tso  is  set  to 
be  5ns  which  is  derived  from  our  previous  time  resolved  spectral  studies.  The  value  of  Nmax 
is  estimated  by  the  UV  generation  threshold  of  30  mA. 
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blue  light 


Table  I 


Parameter 

Value 

'7‘30 

5  ns 

0.1  ns 

'^2\ 

163.5  ns 

TlO 

3.021  ns 

"^nonZ 

55  ns 

“^nonZ 

185  ns 

'^nonl 

15  ns 

N;noj: 

6.0el8 

Fig.5  Time  Response  of  the  output  UV  and  Blue  Pulses 


DISCUSSION 

Based  on  the  fitted  parameters,  we  can  calculate  the  UV-to-blue  ratio  as  a  function  of 
the  duration  and  amplitude  of  the  pump  pulse.  Under  50V  pulse  operation,  the  diode  has 
input  impedance  of  30  ohm  which  determines  the  relationship  between  the  pump  voltages 
and  their  corresponding  currents.  Fig.6  shows  the  results. 


Fig.6  Dependence  of  UV  to  Blue  ratio  on  Pulse  Duration 
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The  UV  to  blue  ratio  increases  with  both  the  pump  pulse  amplitude  and  duration.  Using 
pulses  with  larger  amplitude  has  the  advantage  of  generating  UV  with  higher  efficiency 
and  larger  slope  of  the  UV-to-blue  ratio  vs  duration.  That  means  the  ratio  will  be  more 
effectively  improved  with  long  pulses  when  their  amplitude  is  larger.  The  slope  decreases 
with  the  duration  and  the  improvement  will  gradually  saturate.  The  UV-to-blue  ratio  will 
approach  to  a  constant  when  the  pulse  is  approaching  to  be  like  a  DC  signal.  However,  the 
diode  can  accept  30  mA  DC  bias  and  will  burn  out  after  120  mA.  We  cannot  unlimitedly 
increase  the  duration.  Thermal  effect  will  come  in  when  the  pulse  duration  is  long.  The  light 
generation  efficiency  will  decrease  and  the  emitting  wavelength  will  be  red  shifted  when  the 
diode  temperature  is  increased. 

With  a  Nichia  diode  rated  at  1.2  mW  blue,  we  can  obtain  450/xW  UV  output  when  it 
is  pumped  with  a  2.5  MHz,  50  ns,  50  V  pulses  with  no  apparent  damage  to  the  LED.  The 
center  wavelength  of  the  UV  band  moved  from  380  nm  to  395  nm  under  such  operation  and 
the  generated  UV  power  is  limited  by  this  thermal  shifting  owing  to  the  use  of  an  optical 
notch  filter  cutting  near  395  nm. 

Another  very  important  factor  which  determines  the  UV-to-blue  ratio  is  the  value  of  the 
Nmax  which  corresponds  to  the  Zn  doping.  Provided  no  other  recombination  mechanisms 
come  into  play,  reducing  the  doping  will  increase  the  amount  of  UV  light  generation.  It 
would  therefore  be  interesting  to  see  the  behaviour  of  the  LED  for  low  doping  density. 

CONCLUSIONS 

In  conclusion,  to  obtain  compact  size  UV  sources,  we  have  studied  the  UV  generation 
efficiency  from  blue  GaN  LEDs.  Short  electrical  pulses  facilitate  the  generation  of  UV  light. 
High  efficiency  and  up  to  0.45  mW  UV  has  been  generated  from  an  1.2  mW  blue  LED.  A 
4-level  recombination  model  is  presented  to  explain  the  response  to  the  electrical  pulses  and 
conformity  with  experimental  results  is  obtained.  Using  the  model  we  can  predict  the  UV 
generation  efficiency  dependence  on  pump  pulse  characteristics. 

G.Rao  acknowledges  support  from  NSF  Grant  No.  BES-9413262  and  NIH  Grant  No. 
RR10955. 
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ABSTRACT 

We  report  an  optical  degradation  of  an  InGaN/AIGaN  double-heterostructure  light-emitting 
diode  (LED)  on  a  sapphire  substrate  grown  by  metalorganic  chemical  vapor  deposition.  The 
InGaN/AIGaN  LED  exhibited  an  optical  output  power  of  0.17  mW,  external  quantum  efficiency 
of  0.2  %,  and  the  peak  emitting  spectrum  at  437  nm  with  full  width  at  half-maximum  of  63  nm 
under  30  mA  dc  operation  at  300  K.  The  InGaN/AIGaN  LED  showed  the  optical  degradation 
under  high  injected  current  density.  Electroluminescence,  electron-beam  induced  current  and 
cathodoluminescence  observations  show  that  the  degraded  InGaN/AIGaN  LED  exhibits 
formation  and  propagation  of  dark  spots  and  a  crescent-shaped  dark  patch,  which  act  as 
nonradiative  recombination  centers.  The  values  of  degradation  rate  under  injected  current 
density  of  0.1  kA/cm^  were  determined  to  be  1.1x10'^,  1.9x10'^  and  3.9xl0'3  h'^  at  ambient 
temperatures  of  30,  50  and  80  “C,  respectively.  The  activation  energy  of  degradation  was  also 
determined  to  be  0.23  eV. 

INTRODUCTION 

Wide-band-gap  III-V  nitrides  and  ZnSe-based  II-VI  compound  semiconductors  have 
attracted  much  attention  because  their  large  direct  band  gap  at  room  temperature  is  appropriate 
for  short  wavelength  light-emitting  diodes  (LEDs)  and  laser  diodes,  which  are  needed  for  a  wide 
range  of  applications  such  as  high-density  optical  data  storage  and  full-color  display.  GaN- 
based  LEDs  have  been  commercially  available  and  about  100  times  brighter  than  SiC-based 
LEDs.  The  recent  study  on  III-V  nitrides  has  been  focussed  mainly  on  room-temperature 
reliable  continuous-wave  (CW)  operation  of  laser  diode  since  pulsed  and  CW  operations  have 
been  achieved  [1,  2].  One  of  the  main  problems  encountered  in  epitaxial  growth  of  GaN  is  a 
lack  of  suitable  substrate  that  match  with  GaN  in  lattice  constant  and  in  thermal  expansion 
coefficient.  Sapphire  is  to  date  the  most  commonly  used  substrate  because  it  allows  the  epitaxial 
growth  of  high-quality  GaN  layer  following  the  growth  of  a  buffer  layer  at  low  temperature. 

It  is  widely  recognized  that  high  density  of  dislocations,  which  act  as  nonradiative 
recombination  centers,  are  introduced  in  epitaxial  layers  grown  by  use  of  heteroepitaxial  growth 
technique.  Dislocations  migrate  during  device  operation  under  high  injected  current  density  and 
ambient  temperature,  and  result  in  limited  stable  operation  of  optical  devices.  For  example, 
GaAs-based  laser  diodes  on  Si  substrate,  which  involve  differences  of  lattice  constants  and 
thermal  expansion  coefficients  betv/een  GaAs  and  Si  materials,  suffer  from  rapid  degradation 
due  to  high  dislocation  density  (>10^  cm'^)  and  large  tensile  stress  (~10^  dyn/cm^)  in  the  active 
region.  We  have  shown  that  rapid  degradation  in  AlGaAs/GaAs  single  quantum  well  laser 
diodes  on  Si  substrates  is  caused  by  formation  of  dark-line  defects  (DLDs)  and  degraded 
current-voltage  (I-V)  characteristic  under  high  injected  current  density  [3].  Guha  et  al.  reported 
that  major  degradation  in  II-VI  blue-green  light-emitting  device  occurred  due  to  microstructural 
changes  such  as  the  formation  of  dark  spots,  <100>  DLDs  and  dark  patches,  acting  as 
nonradiative  recombination  centers  [4].  Hua  et  al.  also  reported  that  formation  of  dislocation 
networks  in  quantum  well  region  by  climb  motion  of  dislocations  degraded  the  characteristics  of 
II-VI  blue-green  laser  diode  during  the  current  injection,  which  was  suggestive  of  dislocation 
network  formation  in  degraded  AlGaAs/GaAs  DH  laser  diodes  [5].  Thus,  the  degradation  of 
optical  characteristic  is  caused  by  the  dislocations  in  the  epitaxial  layer. 

On  the  other  hand,  Lester  et  al.  reported  that  high  density  of  dislocations  (2-10x10^^  cm'^) 
in  GaN-based  LED  on  sapphire  substrate  do  not  act  as  efficient  minority  carrier  recombination 
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sites  in  comparison  to  other  III-V  materials  [6].  Osinski  et  al.  reported  stable  operation  of  GaN- 
based  LED  under  relative  low  injected  currents  ranging  from  20-30  mA  at  300  K  [7].  However, 
studies  under  high  injected  current  and  ambient  temperature  are  important  in  order  to  realize 
reliable  CW  operation  for  GaN-based  laser  diode  at  300  K.  •  r  u 

We  have  confirmed  that  the  degraded  characteristics  of  InGaN/AlGaN  LED  anse  from  the 
deterioration  of  ohmic  electrode  and  the  generation  of  dark-spot  regions.  In  this  study  we  focus 
on  an  optical  degradation  of  InGaN/AlGaN  LED  on  sapphire  substrate  under  high  direct  current 
(dc)  density  and  high  ambient  temperature.  We  estimate  the  degradation  rate  and  the  activation 
energy  of  degradation,  and  observe  the  formation  and  propagation  of  dark  regions. 


EXPERIMENTAL 


The  sample  was  grown  on  sapphire  substrate 
with  (0001)  orientation  (c  face)  by  metalorganic 
chemical  vapor  deposition  (MOCVD)  at 
atmospheric  pressure  using  a  modified  two  step 
growth  technique.  After  the  substrate  was 
heated  at  1050  °C  in  a  hydrogen  ambient,  the 
InGaN/AlGaN  DH  was  grown.  Figure  1  shows 
schematic  cross  sectional  structure  of 
InGaN/AlGaN  LED  on  sapphire.  The  structure 
consists  of  the  following  growth  sequence:  a  25- 
nm-thick  GaN  buffer  layer  at  500  °C,  a  4-pm- 
thick  n-GaN  layer  at  1020  °C,  a  150-nm-thick  n- 
AL  i<Gao  05N  layer  at  1020  °C,  a  50-nm-thick 
Itifi  nfiGan  Q4N  layer  at  780  C,  a  150-nm-thick 
p-Alq  i5GaQ  g5N  layer  at  1020  ”C,  and  a  350- 
nm-thick  p-type  GaN  cap  layer  at  1020  °C. 
After  the  growth,  the  sample  was  partially 
etched  until  the  n-GaN  layer  was  exposed.  The 
ohmic  electrodes  of  Ni/Au  and  Ti/Al  were 
formed  by  vacuum  evaporation  on  the  p-  and  n- 
GaN  layers,  respectively. 

Aging  tests  were  performed  for  five  samples 
from  two  wafers  under  various  dc  densities  and 
ambient  temperatures.  Optical  degradation 
studies  were  carried  out  by  electroluminescence 
(EL),  electron-beam  induced  current  (EBIC)  and 
cathodoluminescence  (CL)  methods.  EL 


Fig.  1.  Schematic  cross  sectional 
structure  of  InGaN/AlGaN  LED  on 
sapphire  substrate  grown  by  MOCVD. 


imaging,  to  study  the  formation  and  propagation  ,•  u  •  •  ^  u 

of  nonradiative  recombination  centers,  was  carried  out  by  passing  the  light  exiting  from  the  top 
surface  through  the  thin  Ni  pad  of  the  InGaN/AlGaN  LED.  The  degraded  samples  were  also 
studied  by  EBIC  and  CL  measurements  at  accelerating  voltage  of  20  kV. 


RESULTS  AND  DISCUSSION 


Figure  2  shows  the  light  output  power-current  (L-I)  characteristic  of  the  InGaN/AlGaN  LED 
on  the  sapphire  substrate  under  dc  operation  at  300  K.  The  light  output  power  increased  linearly 
with  increasing  current,  and  saturated  at  high  injected  current  level.  The  emission  spec^a  at 
various  currents  are  shown  in  Fig.  3.  For  low  injected  current,  the  impurity 
spontaneous  emission  was  observed  around  443  nm  with  full  width  at  half-maximum  (FWHM) 
of  57  nm.  As  the  injected  current  increases,  the  emission  intensity  of  443  nm  increases  and  a 
new  emission  is  observed  at  380  nm.  Fabry-Perot  fringes  with  a  spacing  of  7  nm  are  clearly 
observed  as  shown  in  Fig.  3.  The  fringe  spacing  agrees  with  the  calculated  value  based  on  the 
total  epitaxial  layer  thickness.  The  presence  of  these  Fabry-Perot  fringes  indicates  the  high 
quality  of  interfaces  and  thickness  uniformity  of  our  sample.  The  InGaN/AlGaN  LED  exhibited 
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an  optical  output  power  of  0.17  mW,  external  quantum  efficiency  of  0.2  %,  and  the  peak 
emission  spectrum  at  about  440  nm  with  full  width  at  half-maximum  of  63  nm  at  30  mA  (0.06 
kA/cm^). 


INJECTED  CURRENT  (mA) 


Fig.  2.  L-I  characteristic  of  the 
InGaN/AlGaN  LED  on  the  sapphire 
substrate  under  dc  operation  at  300  K. 


Fig.  3.  Emission  spectra  at  various  dc 
currents  for  the  InGaN/AlGaN  LED 
on  the  sapphire  substrate. 


Figure  4  shows  the  variation  of  output  power  as  a  function  of  aging  time  under  various 
injected  current  densities.  Each  aging  test  was  performed  for  24  h  under  constant  current 
densities  from  0.04  to  0.28  kA/  cm^  at  30  °C.  Although  a  gradual  decrease  was  observed  in  the 
output  power  for  the  injected  current  density  of  0.12  kA/cm^,  stable  operation  was  obtained  for 
low  injected  current  densities.  However,  the  output  power  from  the  sample  tested  under  high 
injected  current  densities  decreased  rapidly  in  a  few  minutes.  For  an  injected  current  density  of 
0.28  kA/crn^,  the  output  power  initially  decreased  rapidly,  from  0.18  to  0.13  mW  in  one  minute, 
and  then  decreased  to  0.07  mW.  The  L-I  characteristics  were  also  measured  after  each  aging  test 
was  finished.  The  output  power  and  the  external  quantum  efficiency  measured  at  30  mA  (0.06 
kA/cm^)  were  0.17  mW  and  0.2  %  at  initial  stage,  and  0.07  mW  and  0.08  %  after  aging  at  0.28 
kA/cm2  for  24  h. 

To  investigate  the  degradiation,  accelerated  aging  tests  were  carried  out  under  the  injected 
current  density  of  0.1  kA/cm^  at  ambient  temperatures  of  30,  50  and  80  °C.  Figure  5  shows  the 
variation  of  relative  output  power  from  the  InGaN/AlGaN  LED  as  a  function  of  aging  time  at 
various  temperatures.  The  half-intensity  lifetimes  obtained  from  Fig.  5  were  656.7,  365.7  and 
170  h  at  the  ambient  temperatures  of  30,  50  and  80  °C,  respectively.  The  output  power  of  P  can 
be  expressed  by  [8] 

P=Po  •  exp(-13t)  (1) 

where  Pq,  (3  and  t  are  the  initial  output  power,  the  degradation  rate  and  operating  time, 
respectively.  The  degradation  rate  depends  on  the  device  temperature,  and  is  given  by  [8] 
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Fig.  4.  Variation  of  output  power  from 
InGaN/AlGaN  LED  as  a  function  of 
aging  time  under  various  injected 
current  densities.  Each  aging  test  was 
performed  for  24  h  at  30  °C. 
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Fig.  5.  Variation  of  relative  output  power 
from  InGaN/AlGaN  LED  as  a  function 
of  aging  time  at  ambient  temperatures  of 
30,  50  and  80  °C.  The  injected  current 
density  was  0,1  kA/crn^. 


P=Po  ■  txpi-E^/kT)  (2) 

where  Pq,  E^,  T  and  k  are  a  constant,  the  activation  energy  of  degradation,  the  device 
temperature,  and  Boltzmann's  constant,  respectively.  The  values  of  P  were  estimated  to  be 
1.1x10'^,  1.9x10'^  and  3.9x10'^  h'^  at  30,  50  and  80  °C,  respectively. 

Figure  6  shows  the  comparison  of  temperature  dependence  of  degradation  rate  for  the 
InGaN/AlGaN,  InGaAsP  and  AlGaAs  LEDs.  The  activation  energy  of  E  and  the  value  of  Pq 
for  the  InGaN/AlGaN  LED  were  determined  to  be  0,23  eV  and  7  h"^,  whi^  were  much  smaller 
than  the  values  of  1.0  eV  and  1.84x10^  h'^  for  InGaAsP  LED  and  0.57  eV  and  93  h'^  for 
AlGaAs  LED[8,  9].  The  temperature  rise  due  to  the  operating  current  was  not  taken  into 
account  because  of  relatively  lower  injected  current  density.  Thus,  the  output  power  from  the 
InGaN/AlGaN  LED  decreases  during  the  aging  test  under  higher  injected  current  density  and 
ambient  temperature. 

In  order  to  study  the  optical  degradation  process,  EL,  EBIC  and  CL  observations  were 
carried  out  on  the  InGaN/AlGaN  LED.  Figure  7  (a),  (b)  and  (c)  shows  the  EL  images  of  the 
progressive  stages  of  degradation  during  the  aging  test  under  0.4  kA/cm^  at  30  °C.  Figure  7  (a) 
shows  the  faint  dark  spots  at  initial  stage,  which  indicate  the  pre-existing  defects  in  the  structure 
acting  as  nonradiative  recombination  centers.  At  the  first  stage  of  degradation  shown  in  Fig.  7 
(b),  the  faint  dark  spots  become  darker  and  a  dark  region  appears  in  Fig.  7  (c),  the  dark  spots 
enlarge  individually  and  the  dark  region  also  enlarges.  The  reason  why  the  dark  spots  and 
region  were  observed  in  the  vicinity  of  the  corner  of  the  left  electrode  is  that  the  injected  current 
was  concentrated  at  that  location.  The  growth  rate  of  dark  spot  at  0.4  kA/cm^  was  estimated  to 
be  0.02  ~  0.04  |im/h.  We  also  carried  out  EBIC  and  CL  measurements  on  the  degraded 
InGaN/AlGaN  LED.  Figures  8  and  9  show  the  EBIC  and  CL  images  of  the  degraded  LED 
observed  by  the  EL  image  as  shown  in  Fig.  7  (c).  The  EBIC  and  CL  images  showed  the  dark 
spots  and  a  crescent-shaped  dark  patch,  which  indicates  nonradiative  recombination  centers  in 
the  active  region  [4]. 
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Fig.  8.  EBIC  image  of  the  degraded 
InGaN/AlGaN  LED  shown  in  Fig.  7  (c). 


Fig.  9.  CL  image  of  the  degraded 
InGaN/AlGaN  LED  shown  in  Fig.  7 
(c). 


CONCLUSIONS 

The  InGaN/AlGaN  LED  on  the  sapphire  substrate  grown  by  MOCVD  exhibited  the  optical 
output  power  of  0.17  mW,  the  external  quantum  efficiency  of  0.2  %,  and  the  peak  emitting 
spectrum  at  437  nm  with  full  width  at  half-maximum  of  63  nm  under  30  mA  dc  operation  at  300 
K.  We  observed  the  formation  and  propagation  of  dark  spots  and  a  crescent-shaped  dark  patch 
in  the  degraded  InGaN/AlGaN  LED  on  the  sapphire  substrate.  The  decrease  in  the  output  power 
under  high  injected  current  density  and  ambient  temperature  is  thought  to  be  caused  by  the 
formation  of  dark  regions,  which  act  as  nonradiative  recombination  centers. 
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ABSTRACT 

We  demonstrate  room  temperature  laser  activity  of  optically  pumped  GaN/GalnN-DFB- 
lasers.  The  ridge-waveguide  DFB  lasers  were  realized  on  GaN/GaInN  double  heterostruc¬ 
tures  grown  by  low-pressure  metal-organic  vapor  phase  epitaxy.  The  best  laser  threshold 
we  achieved  is  L9MW/cm^. 

By  varying  the  grating  period,  the  laser  emission  wavelength  could  be  tuned  from  399 
to  415  nm.  This  allows  to  determine  the  dispersion  relation  of  the  effective  refractive  index 
neff(A)  and  the  spectral  dependence  of  the  pump  power  density  at  the  laser  threshold  Pth(A) 
over  the  whole  emission  range.  Furthermore,  the  shift  of  the  emission  wavelength  with 
temperature  of  the  DFB-lasers  is  investigated  and  is  found  to  be  small  compared  to  the 
emission  wavelength  shift  of  the  gain  maximum. 

INTRODUCTION 

In  the  last  few  years,  great  progress  has  been  achieved  in  the  development  of  III-V  nitride- 
based  optoelectronic  devices.  Stimulated  by  the  improvement  of  the  crystal  quality  of  these 
materials,  intense  investigations  led  to  the  commercialization  of  high-brightness  blue/green 
light-emitting  diodes  (LEDs)  [1,2]  and  to  the  demonstration  of  electrically  pumped  violet 
lasers  based  on  InGaN/GaN/AlGaN-based  multi-quantum- well-structures  [3,4].  Besides 
further  investigations  towards  electrically  pumped  laser  diodes  operating  under  continuous- 
wave  (cw)  conditions,  an  important  area  of  present  III-V  nitride  research  is  the  development 
and  demonstration  of  different  laser  designs.  Stimulated  emission  has  been  observed  for 
optically  pumped  GaN  [5,6]  and  GaInN  films  [7]  in  surface  and  edge  emission  geometries, 
and  on  AlGaN/GaInN  [8]  and  GaN/AlGaN  double  heterostructures  [9-11]  for  edge  emitting 
structures.  The  achieved  pump  power  densities  range  from  a  few  hundred  kW /cm^  to  a  few 
MW/cm^.  Recently,  the  realization  of  a  vertical  cavity  surface  emitting  laser  (VCSEL) 
with  AlGaN  Bragg  reflectors  was  reported  [12].  Laser  activity  could  also  be  obtained  for 
distributed  feedback  (DFB)  structures,  realized  by  etching  a  grating  into  the  top  cladding 
layer  of  a  GaInN/GaN  double  heterostructure  [13].  Due  to  their  wavelength  selectivity,  DFB 
lasers  are  suitable  devices  to  investigate  the  spectral  behavior  of  laser  parameters  such  as 
the  effective  refractive  index  neff(A)  and  the  laser  threshold  Pth  (A).  In  this  paper,  we  report 
the  realization  and  characterization  of  improved  GaInN/GaN  DFB  lasers. 

EXPERIMENT 

The  GaN/GaInN  double  heterostructures  were  grown  on  a  (OOOl)-oriented  sapphire 
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substrate  by  low-pressure  metal-organic  vapor  phase  epitaxy  (LP-MOVPE).  First,  a  thin 
(15  nm)  AIN  nucleation  layer  was  grown  followed  by  a  100  nm  GaN  buffer  layer,  a  10  nm 
Gao.88lno.12N  active  layer,  and  a  100  nm  GaN  top  cladding  layer  [14].  Second-order  DFB 
gratings  with  grating  periods  between  120  and  175  nm  were  defined  by  high  resolution 
electron  beam  lithography  using  120  nm  PMMA  as  resist  and  were  transfered  into  the  top 
GaN  barrier  layer  by  electron  cyclotron  resonance  reactive  ion  etching  (ECR-RIE)  using 
a  1.80:0. 30/Ar:CCl2F2  gas  mixture.  The  etch  depth  was  50  nm.  Lateral  confinement  of 
the  laser  modes  was  achived  by  a  6  /im  wide  ridge  wave  guide,  fabricated  by  electron  beam 
lithography  and  ion  beam  etching  (IBE).  The  overall  length  of  the  cavities  was  1000 //m. 

The  DFB  resonators  and  the  reference  mesa  without  grating  were  optically  pumped 
with  a  pulsed  XeCl-excimer  laser  (10  ns  pulse  width,  10  Hz  repetition  rate)  which  emits  at 
a  wavelength  of  308  nm.  In  order  to  pump  the  DFB  cavities  homogeneously,  the  excimer 
beam  was  shaped  to  a  stripe  by  a  cylindrical  lense  and  focused  on  the  sample  surface. 
The  intensity  of  the  pump  beam  was  regulated  by  a  variable  attenuator  placed  in  the  laser 
beam  and  measured  by  a  joulemeter.  The  spontaneous  and  the  stimulated  emission  were 
measured  perpendicularly  to  the  sample  surface  with  a  0.85  m  monochromator  and  a  cooled 
GaAs  photomultiplier  tube.  For  temperature  control,  the  samples  were  mounted  on  a  Peltier 
element. 

RESULTS 

To  characterize  the  GaN/GaInN  double  heterostructure  and  it’s  gain  behavior,  we  mea¬ 
sured  the  luminescence  spectra  of  the  GaN /GaInN  heterostructure  at  different  pump  power 
densities.  As  shown  in  Fig.  1,  at  low  pump  power  densities  the  spectrum  shows  two  peaks 
with  peak  positions  at  362  nm  and  395  nm  which  are  due  to  the  spontaneous  recombination 
in  GaN  and  GaInN,  respectively.  At  increased  pump  power  densities,  a  red  shift  of  the 
spontaneous  emission  peaks  is  observed.  This  is  attributed  to  heating  of  the  sample  during 
pumping.  At  pump  power  densities  above  6MW/cm^,  the  spectra  show  a  strong,  nonlinear 
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Figure  1;  Luminescence  spec¬ 
tra  of  a  GaInN/GaN  double  het¬ 
erostructure  at  different  pump 
power  densities.  The  spectum 
taken  at  a  pump  power  density 
of  2.3MW/cm^  shows  the  spon¬ 
taneous  emission  peaks  of  GaN 
and  GaInN  with  peak  positions 
at  362  nm  and  395  nm,  respec¬ 
tively.  For  increased  pump  power 
densities,  amplified  spontaneous 
emission  appears  on  the  low  en¬ 
ergy  side  of  the  GaInN  peak. 
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Figure  2:  Emission  spectra  of  a 
series  of  GaInN/GaN-DFB  lasers 
with  different  grating  periods. 
The  spectra  are  normalized. 


increase  of  the  luminescence  intensity  on  the  low  energy  side  of  the  GaInN  peak.  This  is 
caused  by  amplified  spontaneous  emission  and  marks  the  spectral  range  of  optical  gain.  We 
therefore  expect  laser  activity  only  in  the  spectral  range  between  400  and  415  nm. 

Fig.  2  shows  the  emission  spectra  of  a  series  of  DFB  resonators  with  different  grating 
periods  if  pumped  above  laser  threshold.  We  conclude  from  the  following  facts  that  DFB- 
laser  activity  is  observed:  First,  the  laser  emission  wavelength  depends  linearly  on  the 
grating  period  as  expected  for  DFB  lasers  according  to  the  Bragg  condition  A  =  2neffA/m, 
where  rieff  is  the  effective  refractive  index  of  the  heterostructure,  m  is  the  order  of  the  grating 
(here  m  =  2),  and  A  is  the  grating  period.  Second,  the  iinewidths  of  the  laser  peaks,  which 
are  less  than  1  nm,  are  much  smaller  than  the  linewidth  of  the  ASE.  This  proves  that  the 
index  grating  causes  the  feedback  necessary  for  laser  action.  Fig.  2  also  shows  that  the  laser 
emission  wavelengths  obtained  by  DFB-lasers  cover  the  whole  spectral  range  of  optical  gain. 

A  further  comment  should  be  made  on  the  linewidth  of  the  laser  emission  because  it 
is  still  rather  broad  for  laser  modes.  We  attributed  this  spectral  broadening  mostly  to 
frequency  chirping  caused  by  sample  heating  and  dynamic  carrier  density  fluctuations  during 
the  excitation  pulse.  It  might  also  be  enhanced  by  the  presence  of  unresolved  transversal 
modes. 

The  wavelength  selectivity  of  the  DFB  lasers  allows  the  precise  determination  of  the 
effective  refractive  index  nefF(A)  over  the  entire  emission  range.  The  experimentally  deter¬ 
mined  values  of  the  effective  refractive  index  are  shown  in  Fig.  3.  They  range  from  2.42 
to  2.36  in  the  observed  spectral  range.  The  dispersion  of  the  effective  refractive  index  was 
determined  by  a  linear  fit.  It  amounts  to  —3.19  •  10”^nm“F  Also  shown  are  calculated 
values  determined  by  means  of  a  waveguide  model  using  published  data  for  the  refractive 
index  of  GaN  and  GaInN  [15,16].  The  experimental  values  are  systematically  smaller  than 
the  calculated  values.  This  effect  is  attributed  to  an  increased  carrier  density  during  pump¬ 
ing  resulting  in  a  reduction  of  the  refractive  index.  A  similar  reduction  of  the  refractive 
index  was  observed  for  optically  and  electrically  pumped  DFB  lasers  in  the  material  system 
GaInP/AlGalnP  [17,18]. 
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Figure  3:  Experimentally  deter¬ 
mined  values  of  Ueff  in  compari¬ 
son  with  calculated  values.  The 
dispersion  of  the  effective  refrac¬ 
tive  index  was  obtained  by  a  lin¬ 
ear  fit  and  amounts  to  —3.19  • 
10“^nm“^  The  experimental 
values  are  systematically  smaller 
than  the  calculated  values  due  to 
an  increased  carrier  density  dur¬ 
ing  pumping. 


Fig.  4  shows  the  emission  wavelengths  of  two  DFB  lasers  as  a  function  of  temperature. 
For  comparison,  Fig.  4  also  shows  the  wavelength  shift  of  a  reference  mesa  without  gratings, 
which  was  processed  on  the  same  wafer  as  the  DFB  lasers,  with  temperature.  In  the  inves¬ 
tigated  temperature  range  from  —5  to  60°  C,  the  emission  wavelength  shift  of  the  FP  cavity 
was  determined  to  be  0.065  nm/K  (-0.47meV/K).  This  reflects  the  temperature  shift  of 
the  gain  maximum  and  is  of  the  same  magnitude  as  the  band  gap  shift  of  GaN.  The  pub¬ 
lished  values  for  the  temperature  coefficient  dEg/dT  at  room  tmperature  range  from  —0.45 
to  — 0.67meV/K  [19].  As  expected,  the  emission  wavelength  of  the  DFB  lasers  shifts  much 
less  with  temperature  than  the  FP  emission  and  the  shift  is  the  same  for  both  DFB  lasers. 
This  is  resonable  because  the  wavelength  shift  of  DFB  lasers  depends  only  on  the  change 
of  the  effective  refractive  index  with  temperature.  For  the  DFB  lasers,  the  wavelength  shift 


Figure  4:  Temperature 
dependence  of  the  emis¬ 
sion  wavelength  of  two 
DFB  lasers  in  compari¬ 
son  with  the  temperature 
dependent  emission  wave¬ 
length  shift  of  a  refer¬ 
ence  mesa  without  grat¬ 
ings.  The  wavelength 
shift  is  0.017nm/K  for 
both  DFB  lasers  and  is 
much  smaller  than  the  shift 
(0.065nm/K)  for  the  refer¬ 
ence  mesa. 


1200 


14 

12 

lo 

of 

8 

6 


Figure  5:  a)  Spectral  dependence  of  the  laser  threshold.  It  resembles  the  behavior  of  the  netto 
gain.  The  lowest  laser  threshold  achieved  was  6.7MW/cm^  at  an  emission  wavelength  of  412  nm. 
b)  Typical  input-output  characteristic. 

was  determined  to  be  0.017  nm/K  (-0.124  meV/K). 

A  typical  input-output  power  characteristic  for  the  DFB-lasers  can  be  seen  in  Fig.  5b). 
It  shows  that  the  DFB-lasers  exhibit  a  distinct  threshold  behavior.  The  dependence  of  the 
laser  threshold  on  the  emission  wavelength  is  shown  in  Fig.  5a).  It  resembles  the  behavior 
of  the  netto  gain  curve.  The  lowest  laser  threshold  (6.7MW/cm^)  was  achieved  for  a  DFB 
resonator  with  an  emission  wavelength  of  412  nm  corresponding  to  the  maximum  position 
of  the  material  gain  spectra.  Even  lower  laser  thresholds  (1.9  MW/cm^)  could  be  realized 
for  DFB-lasers  with  a  thicker  GaN  buffer  layer  (450  nm)  because  of  their  better  crystal 
quality.  But  DFB  lasers  based  on  this  asymetric  heterostructure  show  clearly  resolvable 
higher  vertical  modes. 

CONCLUSION 

We  demonstrated  laser  operation  of  optically  pumped  GaInN/GaN  DFB  lasers  at  room 
temperature.  The  second-order  DFB  ridge  waveguide  structures  were  realized  by  electron 
beam  lithography  and  dry  etching  on  MOVPE  grown  symmetric  double  heterostuctures. 
DFB  laser  emission  was  observed  over  the  whole  spectral  range  of  optical  gain  from  400  to 
415  nm  with  a  lowest  laser  threshold  of  6.7  MW/cm^  at  412  nm.  The  effective  refractive 
index  was  experimentally  determined  to  be  2.40  and  compared  with  calculated  values. 
The  emission  wavelength  shift  of  DFB  lasers  with  temperature  is  significantly  smaller  than 
the  wavelength  shift  of  the  gain  maximum. 

The  authors  wish  to  thank  H.  Grabeldinger,  P.  Burkard,  and  I.  Grigoridis  for  technical 
support. 
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ABSTRACT 

Stimulated  emission  characteristics  are  examined  for  GaN-AlGaN  separate-confinement 
quantum-AveU  heterostructures  ^own  by  MOVPE  on  4H-SiC  substrates.  We  specifically  focus  on 
comparison  of  structures  with  different  quantum  well  active  region  designs.  Polarization  resolved 
edge  emission  spectra  and  stimulated  emission  thresholds  are  obtained  under  optical  pumping 
using  a  stripe  excitation  geometry.  Stimulated  emission  characteristics  are  studied  as  a  function  of 
the  number  of  quantum  wells  in  the  stmcture,  and  are  correlated  with  surface  photoluminescence 
properties.  We  find  reduced  stimulated  emission  thresholds  and  increased  surface 
photoluminescence  intensities  as  the  number  of  quantum  wells  is  reduced,  with  the  best  results 
obtained  for  a  single-quantum- well  structure.  These  results  should  provide  useful  information  for 
the  design  of  GaN-based  quantum  well  lasers. 

INTRODUCTION 

The  explosive  growth  in  research  on  the  III-V  nitrides  over  the  past  several  years  has  yielded 
rapid  progress  toward  the  realization  of  commercial  short-wavelength  visible  and  ultraviolet  laser 
diodes.  The  first  successful  demonstrations  of  current  injection  lasers  have  been  reported  within 
the  last  year,  including  blue  InGaN-based  diodes  fabricated  on  sapphire  [1-3]  and  spinel  [4]  at 
Nichia  Chemical  Industries.  While  all  of  the  injection  lasers  demonstrated  so  far  have  been  edge- 
emitting  Fabry-Perot  devices  with  quantum  well  active  regions,  laser  action  has  also  been  observed 
under  optical  pumping  in  horizontal-cavity  distributed  feedback  lasers  [5]  and  vertical-cavity 
surface  emitting  lasers  grown  on  sapphire  [6]  and  SiC  [7]. 

In  this  work,  we  study  the  surface  photoluminescence  (PL)  and  stimulated  edge  emission  from 
optically  excited  GaN-AlGaN  separate-confinement  quantum-well  heterostructures  (SCQWH's). 
We  specifically  compare  the  emission  properties  of  samples  which  differ  in  the  number  of  GaN 
quantum  wells  in  the  active  region,  but  are  otherwise  identical  in  all  respects  including  the  total 
thickness  of  quantum  well  material.  The  observed  trend  in  the  stimulated  emission  thresholds  is 
discussed  within  the  context  of  a  simple  model  incorporating  interface  recombination  at  GaN- 
AlGaN  interfaces.  Implications  of  these  results  for  the  design  of  ni-V  nitride  laser  diodes  are  also 
discussed  briefly. 

SAMPLE  DESCRIPTION,  GROWTH,  AND  CHARACTERIZATION 

In  order  to  systematically  study  the  dependence  of  light  emission  properties  on  active  region 
design,  three  GaN-AlGaN  SCQWH's  were  grown.  The  three  samples,  which  were  grown  by 
metalorganic  vapor-phase  epitaxy  (MOVPE),  each  consist  (from  bottom  to  top)  of  a  4H-SiC 
substrate,  a  thin  AIN  buffer,  a  Ipm  Alo.17Gao.83N  lower  cladding  layer,  a  750A  GaN- 
Alo.07Gao.93N  quantum  well  active  region,  and  a  0.2pm  Alo.17Gao.83N  upper  cladding  layer. 
Only  the  design  of  the  750A  quantum  well  active  region  differs  for  the  three  structures,  as 
discussed  below.  The  samples  were  grown  consecutively  under  identical  conditions  in  a  vertical 
reactor  operating  at  100  Torr,  with  all  epilayers  grown  at  llOO^C.  Trimethylgallium  (TMGa), 
trimethylaluminum  (TMAl),  and  ammonia  were  used  as  precursors,  with  H2  as  the  carrier  gas. 
Note  that  the  aluminium  mole  fractions  specified  here  (x=0.07  and  x=0.17)  are  target  values 
corresponding  to  those  achieved  in  growths  of  bulk  layers  carried  out  under  the  same  conditions. 
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The  active  region  of  the  first  structure  consists  of  a  150A  GaN  single  quantum  well  (SQW) 
sandwiched  between  300A  Alo.07Gao.93N  barriers.  (This  structure  is  very  similar  to  one  grown 
on  a  6H-SiC  substrate  which  has  clearly  exhibited  laser  action  under  optical  pumping  [8].)  The 
active  region  of  the  second  structure  consists  of  three  50A  GaN  quantum  wells  separated  by  50A 
Al0.07Ga0.93N  barriers.  This  250A  multiple  quantum  well  (MQ'^  structure  is  set  back  from  the 
upper  and  lower  cladding  layers  by  250A  Alo.07Gao.93N  spacer  layers,  yielding  a  750 A  total  active 
region  thickness.  Finally,  the  active  region  of  the  third  structure  consists  of  six  25A  GaN  quantum 
wells  separated  by  50A  Alo.07Gao.93N  barriers,  with  the  entire  400A  MQW  structure  set  back  from 
the  upper  and  lower  cladding  layers  by  175A  Al0.07Ga0.93N  spacers.  These  three  samples  are 
hereafter  referred  to  as  the  SQW,  3-well  MQW,  and  6-well  MQW,  respectively.  Note  that  the 
active  region  of  each  sample  consists  of  a  total  of  150 A  of  active  GaN  quantum  well  material  and 
6OOA  of  Al0.07Ga0.93N  barrier  material. 

Surface  PL  spectra  were  obtained  at  300K  using  a  pulsed  nitrogen  laser  as  an  excitation  source 
and  at  50K  using  a  CW  HeCd  laser.  Edge  emission  spectra  and  stimulated  emission  thresholds 
were  obtained  by  focusing  light  from  the  nitrogen  laser  to  a  narrow  (70  pm)  stripe  on  the  sample 
surface  using  a  cylindrical  lens.  The  sample  is  oriented  such  that  the  pump  light  is  incident  normal 
to  the  sample  surface  and  the  excitation  stripe  intersects  the  cleaved  sample  edge  at  a  right  angle.  In 
this  configuration,  the  excitation  stripe  is  colinear  with  the  input  axis  of  the  spectrometer  used  to 
collect  and  disperse  the  edge  emission.  Pump  power  densities  at  the  sample  surface  were 
calculated  from  the  measured  pulse  energy,  the  stripe  width,  and  the  pump  pulse  duration  (0.8  ns). 

RESULTS  AND  DISCUSSION 

Surface  Photoluminescence  Experiments 

Surface  PL  spectra  obtained  at  300K  using  the  nitrogen  laser  pump  source  are  shown  for  the 
three  quantum  well  samples  in  Fig.  1(a).  These  spectra  were  obtained  at  a  pump  intensity  of  7.6 
MW/cm2  from  regions  of  the  sample  surfaces  which  exhibited  maximum  PL  intensity.  Note  that 
the  tlu-ee  spectra  are  quite  similar  to  one  another,  each  exhibiting  a  single  broad  (~200  meV)  feature 
peaked  near  355  nm  with  a  shoulder  near  363  nm.  The  overall  PL  intensity  is,  however,  strongest 
for  the  SQW  and  weakest  for  the  6-well  MQW.  This  is  illustrated  for  a  wide  range  of 
photoexcitation  intensities  in  Fig.  1(b),  which  shows  the  dependence  of  the  integrated  PL  intensity 
on  pump  intensity  for  the  three  samples. 

Surface  PL  experiments  were  also  performed  at  50K  and  at  low  photoexcitation  intensities 
using  a  HeCd  laser  as  a  pump  source.  Spectra  for  the  three  samples  are  shown  in  Fig.  2.  The 
spectrum  for  the  SQW  pPig-  2(a))  consists  of  a  feature  peaked  at  354.8  nm  (3.495  eV),  which  lies 
27  meV  above  the  dominant  exciton  peak  observed  for  buUc  GaN  on  SiC  at  50K  (data  not  shown) 
and  is  presumably  due  to  the  fundamental  excitonic  transitions  in  the  150 A  quantum  well.  The 
spectral  full-width-at-half-maximum  (FWHM)  for  this  feature  is  36  meV.  A  doublet  is  observed  at 
slightly  higher  energy  with  peaks  at  346.6  nm  and  349.6  nm  (3.578  and  3.547  eV),  which  we 
associate  with  emission  from  the  Alo.g7Gao.93N  barrier  layers.  Note  that  the  energy  spacing 
between  the  dominant  feature  and  this  higher  energy  doublet  is  similar  to  the  spacing  between  the 
peak  and  shoulder  of  the  room  temperature  spectrum  for  this  sample  (i.e.  ~80  meV;  see  Fig.  1(a)). 

The  50K  PL  spectrum  for  the  3-well  MQW  is  shown  in  Fig.  2(b).  This  spectrum  is  quite 
similar  to  that  of  the  SQW,  with  a  dominant  feature  peaked  at  essentially  the  same  energy  lying 
below  a  substantial  emission  band  in  the  346-350  nm  range.  We  again  attribute  the  peak,  which 
has  a  FWHM  of  50  meV,  to  the  fundamental  excitonic  transitions  in  the  three  50A  wells.  A  small 
shoulder  near  362  nm  is  also  present  in  this  spectrum.  This  feature  is  enhanced  in  spectra  taken 
from  other  regions  of  the  sample  surface,  where,  perhaps  significantly,  the  "barrier"  emission  is 
also  stronger  relative  to  the  main  PL  peak.  This  may  suggest  that  the  362  nm  feature  originates 
from  transitions  involving  impurity  levels  in  the  AlGaN  barrier  layers.  Note  that  a  similar  feature 
appears  in  the  50K  PL  spectrum  for  the  6- well  MQW,  which  is  shown  in  Fig.  2(c).  The  intensity 
of  this  362  nm  feature  is  even  larger  than  that  of  the  355  nm  feature,  which  we  again  attribute  to 
fundamental  excitonic  transitions  in  the  quantum  wells.  These  results  suggest  that  barrier 
recombination  accounts  for  a  significant  fraction  of  the  surface  PL  in  our  samples  over  a  wide 
range  of  temperatures. 
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Fig.  1  (a)  300K  surface  photoluminescence  spectra  for  GaN-Alo.07Gao.93N  separate  confinement 
quantum  well  heterostructures  (SCQWH's)  with  SQW,  3-well  MQW,  and  6-well  MQW  active  regions.  The 
three  spectra  were  taken  at  the  same  pump  intensity,  and  are  shown  on  the  same  scale,  (b)  Integrated 
emission  intensity  as  a  function  of  pump  intensity  for  all  three  samples. 


Fig.  2  50K  PL  spectra  for  the  GaN-Alo,07Gao.93N  SQW  (a),  3-well  MQW  (b),  and  6-well  MQW  (c) 
samples  obtained  at  low  photoexcitation  intensities. 
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Stimulated  Edge  Emission 


Room  temperature  polarization-resolved  edge  emission  spectra  are  shown  in  Fig.  3  for  the 
SQW  (Fig.  3(a)),  3-weil  MQW  (Fig.  3(b)),  and  6-well  MQW  (Fig.  3(c)).  These  spectra  were 
obtained  by  photopumping  the  samples  with  a  nitrogen  laser  using  the  stripe-excitation  geometry 
described  above.  The  TE  (upper)  and  TM  (lower)  polarized  components  of  the  edge  luminescence 
are  shown  for  each  sample  at  two  excitation  intensities  near  threshold.  Note  that,  for  each  case,  the 
emission  spectrum  at  lower  power  levels  (thin  traces)  is  relatively  broad  and  only  weakly 
polarized.  At  sufficiently  high  pump  intensities,  however,  a  sharp  and  strongly  TE-polarized 
stimulated  emission  peak  emerges  from  the  back^ound  luminescence  and  dominates  the  spectrum 
(bold  traces).  This  behavior  is  generally  very  similar  to  that  which  we  have  observed  for  GaN- 
AlGaN  double  heterostructures  [8],  although  an  unexpected  narrow  feature  appears  to  be  emerging 
from  the  TM-polarized  emission  spectra  of  these  quantum  well  samples  at  high  pump  intensities. 

Integrated  edge  emission  intensity,  as  measured  by  collecting  and  focusing  the  edge  emission 
onto  a  photodiode,  is  shown  as  a  function  of  pump  intensity  in  Fig.  4.  Note  that  the  output 
intensity  for  each  sample  exhibits  a  superlinear  dependence  on  pump  intensity,  which  is 
characteristic  of  stimulated  emission.  Threshold  pump  intensities  are  ~  1.8  MW/cm^  for  the  SQW, 
~4.0  MW/cm^  for  the  3-wen  MQW,  and  ~7.6  MW/cm^  for  the  6-well  MQW.  Stimulated  emission 
thresholds  thus  clearly  increase  with  the  number  of  quantum  wells  in  the  structure.  This  trend, 
together  with  the  observed  decrease  in  surface  PL  intensity  with  the  number  of  wells,  indicates  that 
the  radiative  efficiency  is  reduced  as  the  number  of  quantum  wells  in  the  structure  is  increased. 


340  360  380  340  360  380  340  360  380 


Wavelength  (nm) 

Fig.  3  300K  polarization-resolved  edge-emission  spectra  for  GaN-Al0.07Ga0.93N  SQW  (a),  3-well  MQW 
(b),  and  6-well  MQW  (c)  samples  photoexcited  in  a  stripe  excitation  geometry.  Results  are  shown  for  TE 
(upper)  and  TM  (lower)  polarizations  at  two  excitation  intensities  near  threshold.  Results  for  the  two 
polarizations  are  shown  on  the  same  scale  to  allow  direct  comparison. 
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Fig.  4  Integrated  edge  emission  intensity 
(unpolarized)  as  a  function  of  pump  intensity 
for  the  GaN-Alo.O7Gao.93N  SQW  (a),  3- 
well  MQW  (b),  and  6-well  MQW  (c) 
samples  photoexcited  in  a  stripe  excitation 
geometry.  Note  that  all  samples  exhibit  a 
superlinear  dependence  on  pump  intensity, 
and  that  the  threshold  pump  intensity 
increases  with  the  number  of  quantum  wells 
in  the  structure. 


Before  discussing  this  trend 
further,  we  should  note  that  the 
stimulated  emission  threshold 
intensities  quoted  above  are  likely 
overestimates.  We  expect  that  the 
pump  powers  quoted  above  are 
roughly  20%  too  high  because  of 
incomplete  filtering  of  scattered  pump 
laser  light  into  the  photodiode.  We 
should  also  emphasize  that  they  are 
incident  surface  intensities,  and  are 
thus  perhaps  an  order  of  magnitude 
larger  than  the  power  actually 
contributing  to  carrier  generation.  The 


Pump  Intensrty  (MW/cm^) 


relatively  low  efficiency  for  photon-to-electron-hole-pair  conversion  in  these  structures  results 
from  a  combination  of  surface  reflection  and  the  fact  that  only  the  750 A  active  region  has  a  low 
enough  band  gap  to  absorb  the  pump  photons. 


Discussion 


A  strong  dependence  of  radiative  efficiency  and  threshold  pump  intensity  on  quantum  well 
thickness  has  obvious  implications  for  laser  design.  The  dependence  we  have  observed  in  our 
samples  is  perhaps  unexpected  for  several  reasons.  The  total  thickness  of  quantum  well  material  is 
the  same  in  all  tlu-ee  structures,  so  the  radiating  volume  is  identical  for  each  structure  and  the  optical 
confinement  factors  should  be  essentially  the  same.  Quantum  size  effects  should  be  minimal,  as 
expected  from  the  large  effective  masses  for  GaN  and  the  absence  of  significant  quantum  shifts  in 
the  50K  PL  spectra,  and  should  thus  contribute  little  to  sample-to-sample  variations  in  densities  of 
states  and  optical  matrix  elements.  Finally,  while  strain  effects  are  difficult  to  assess  in  these 
structures,  the  likelihood  that  relevant  critical  thicknesses  for  dislocation  formation  are  exceeded  in 
the  GaN  layers  should  increase  with  well  thickness.  This  would  imply  an  opposite  trend  in 
radiative  efficiency  than  the  one  we  have  observed. 

One  possible  explanation  for  the  observed  increase  in  threshold  intensity  with  increasing 
number  wells  (N)  is  interface-related  recombination.  Provided  that  the  optical  gain  for  a  MQW 
with  a  total  active  thickness  L  depends  primarily  on  L  and  injected  carrier  density,  but  only  weakly 
on  the  widths  of  the  individual  wells  (L/N),  the  threshold  intensity  should  increase  linearly  with  the 
number  of  interfaces  in  the  structure  (2N).  To  assess  the  plausibility  of  interface  recombination  as 
a  cause  for  the  observed  N-dependence  of  threshold  pump  intensity,  we  have  analyzed  our 
experimental  results  in  the  context  of  a  simple  model  which  includes  both  quantum  well  material 
recombination  (radiative  and  non-radiative)  and  interface  recombination  [9].  Assuming  a  quantum 
well  recombination  lifetime  of  ~0.1  ns  [10]  and  a  transparency  current  density  of  nth=8xl0^^  cm'^ 
[11],  this  model  describes  our  experimental  results  well  if  we  take  the  effective  interface 
recombination  velocity  Si  at  the  GaN-AlGaN  heterointerface  to  be  in  the  low  lO"^  cm/s  range. 

This  estimate  for  Si,  while  necessarily  approximate,  seems  plausible.  The  interface 
recombination  velocity  is  a  few  orders  of  magnitude  larger  than  values  obtained  for  high-quality 
lattice-matched  GaAs-AlGaAs  MQW  lasers,  as  might  be  expected  given  the  lattice  mismatch 
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present  at  the  GaN-AlGaN  heterointerfaces,  but  is  a  few  orders  of  magnitude  lower  than  those 
typical  of  free  semiconductor  surfaces.  Interestingly,  application  of  the  parameters  from  our 
analysis  to  the  GaN-Al0.07Ga0.93N  MQW  structure  studied  by  Smith  and  co-workers  (N=10, 
L=250A)  [12],  yields  a  net  effective  lifetime  at  room  temperature  which  is  very  close  to  their 
measured  value  (~0.02  ns).  While  such  close  agreement  is  obviously  fortuitous  given  the 
simplicity  of  this  analysis  and  the  uncertainties  involved,  it  supports  the  plausibility  of  interface 
recombination  coefficients  in  the  lO^  crn/s  range  for  GaN-Alo.07Gao.93N  MQW  structures. 

If  interface  recombination  is  nearly  as  significant  as  this  an^ysis  would  suggest,  then  it  can  be 
expected  to  represent  a  dominant  carrier  loss  mechanism  in  GaN-AlGaN  MQW's.  This  would 
clearly  imply  that  GaN-AlGaN  MQW  laser  structures  should  incorporate  as  few  quantum  wells  as 
possible.  While  such  a  design  strategy  is  easily  implemented  in  the  GaN-AlGaN  system, 
difficulties  with  the  growth  of  thicker  high-quality  InGaN  layers  [13]  may  preclude  such  an 
approach  in  InGaN-based  laser  structures.  Large  numbers  of  thin  wells  may  be  required  to 
simultaneously  ensure  acceptable  crystalline  quality  and  large  optical  confinement  factors  in 
InGaN-based  MQW  lasers,  even  if  at  the  expense  of  substantial  carrier  loss  through  interface 
recombination. 
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ABSTRACT 

InGaN/GaN  Heterostructures  were  deposited  on  c-plane  sapphire  substrates  by 
atmospheric  pressure  Metalorganic  Chemical  Vapor  Deposition  (MOCVD).  A  frequency  tripled 
modelocked  Ti-sapphire  laser  with  a  250  fs  pulse  operating  at  280  nm  was  used  for 
photoexcitation.  Photopumped  stimulated  emission  was  observed  from  InGaN/GaN  single 
heterostructures  (SH's)  in  both  edge  and  surface  emitting  configurations.  A  sharp  threshold  at  the 
onset  of  stimulated  emission  and  a  strong  nonlinear  dependence  of  output  emission  on  input  power 
density  was  observed.  Distinct  Fabry-Perot  modes  corresponding  to  both  cavity  configurations 
were  also  observed  Gain  coefficients  were  measured  from  an  Ino.  l4Gao.86N  film  using  the 
method  developed  by  Shaklee  and  Leheny  for  the  edge  emitting  configuration. 

INTRODUCTION 

InGaN/GaN  and  InGaN/AlGaN  heterostructures  play  a  very  important  role  in  today’s 
optoelectronics.  InGaN  has  a  direct  band  gap  varying  with  In  composition  from  3.4  eV  (GaN) 
to  1.9  eV  (InN)  at  room  temperature.  This  offers  the  opportunity  to  manufacture  nitride  based 
light  emitters  covering  aU  visible  regions  of  the  spectrum. 

InGaN  multiple  quantum  wells  (MQW's)  form  the  active  region  in  high  power  blue,  green  light 
emitting  diodes  [1]  and  nitride  based  lasers  [21.  The  optical  properties  of  InGaN/GaN 
heterostructures  were  studied  extensively  over  the  last  decade.  Observation  of  photopumped 
stimulated  emission  from  a  sample  provides  an  effective  nondestractive  method  of  optical 
characterization  and  gives  an  indication  of  the  optical  quality  of  the  material.  Optical  gain 
coefficients  are  needed  for  laser  diode  design. 
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EXPERIMENT 


Samples  in  the  present  study  were  grown  on  c-plane  sapphire  substrates  by 
atmospheric  pressure  MOCVD.  Prior  to  the  deposition  of  the  q)itaxial  layers  a  thin  low- 
temperature  GaN  buffer  layer  was  deposited  on  a  c-plane  sapphire  substrate  (300  pm  thick). 
The  heterojunctions  consisted  of  a  2.4  pm  GaN  layer  grown  at  lOSO^C  followed  by  a  0.1  pm 
layer  of  Si-doped  InxGai-xN  deposited  at  700^0.  Two  different  In  compositions,  x=0. 1  and 
0. 14,  were  studied.  Details  of  growth  can  be  found  elsewhere  [3]. 

An  Ar-ion  pumped  mode-locked  femtosecond  Ti-sapphire  laser  with  a  frequency  tripler 
was  used  as  an  excitation  source.  The  tripled  output  at  a  wavelength  of  280  nm  was  focused  to 
a  spot  size  of  50-200  pm  on  the  sample.  The  temporal  width  of  the  frequency  tripled  pulse 
was  250  fs. 

Specimens  were  cut  from  the  wafer  by  scribing  with  the  diamond  scribe  on  the 
substrate  side  of  the  wafer.  The  samples  were  mounted  on  an  oxygen-free-heat-conductive 
copper  plug  and  placed  on  the  cold  finger  of  a  liquid  nitrogen  dewar.  The  measurements  were 
taken  at  liquid  nitrogen  temperature  (77  K). 

The  samples  were  studied  in  surface  and  edge  emitting  configurations.  For  the  case  of 
surface  emission  the  pump  was  focused  on  the  surface  at  an  angle  of  approximately  45®,  and 
the  output  emission  exiting  the  front  surface  was  collected.  In  the  edge  emitting  configuration 
the  pump  beam  was  normal  to  the  surface  (close  to  the  sample  edge),  and  the 
photoluminescence  exiting  the  edge  was  collected.  The  output  signal  in  both  cases  was 
collected,  collimated  and  focused  on  the  entrance  slits  of  a  0.32  m  spectrometer  with  a  cooled 
GaAs  photomultiplier. 

RESULTS  AND  DISCUSSION 

The  77  K  pulsed  PL  emission  spectrum  from  a  Si  doped  InQ.  iGao.qN/GaN  single 
heterostructure  in  the  surface  emitting  configuration  is  shown  in  Fig.  1.  At  input  power 
densities  below  the  threshold  for  the  onset  of  stimulated  emission  (Pth=10  MW  cm‘2;  0.66 
nJ/pulse)  the  PL  spectrum  from  the  0.1  pm  InQ.  iGao.qN  sample  has  a  peak  position  at  400 
nm  and  full  width  at  half  maximum  (FWHM)  of  20  nm  (Fig.  1  (b)).  The  spontaneous 
emission  originated  from  two  radiative  transitions:  from  the  Si  donor  level  to  the  valence  band, 
and  from  the  conduction  to  the  valence.  Above  the  threshold  power  density  (Pth=10  MW  cm" 
2;  0.66  nJ/pulse)  a  VCTy  narrow  (FWHM=1.0  nm)  line  of  stimulated  emission  (peak 
wavelength  392.0  nm)  originates  from  the  band  to  band  transitions  that  dominate  the  high 
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energy  side  of  the  spontaneous  emission  spectrum,  as  shown  in  Fig.  1(a).  At  threshold 
(Pth=10  MW  cm“2;  0.66  nJ/pulse)  the  broad  spontaneous  emission  spectrum  in  the  surface 
emitting  configuration  is  modulated  by  Fabiy-Perot  mode  structure  originating  fixrm  the  high 
optical  and  structural  quality  of  the  epilayers  (Fig.  2).  The  cavity  length  calculated  from 


Fig.  1,  Output  emission  spectra  from  an 
Ino.1Gao.9N/GaN  SH  in  the  surface  emitting 
configuration  (a)  below,  and  (b)  above 
threshold  (Pth=10  MW  cm"2;  0.66  nj/pulse). 
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Fig.  2.  Output  emission  spectrum  from  an 
Ino.1Gao.9N/GaN  SH  in  the  surface  emitting 
configuration  at  threshold  input  power 
density  (10  MW  cm‘2;  0.66  nJ/pulse). 
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d=x2/[2AXneff]  [4]  is  3  pm,  which  is  approximately  equal  to  the  epitaxial  layer  thickness  (2.5 
pm),  where  X  is  the  emission  wavelength;  AX  is  the  mode  spacing;  and  neff  is  the  effective 
refractive  index  of  the  epilayer  (n~2.7).  Photopumped  stimulated  emission  in  the  surfrice 
emitting  configuration  was  also  observed  from  the  Ino.  14Gao.86N/GaN  SH  with  a  peak 


position  at  395.0  nm  and  FWHM  of  0.75  nm. 

The  77  K  pulsed  output  emission  spectrum  from  an  Ino.  14Ga0.86N/GaN  SH  in  the 
edge  emitting  configuration  is  shown  in  Fig.  3.  For  input  power  densities  above  threshold 
(Pth=12  MW  cm"2;  0.79  nJ/pulse)  the  output  emission  exhibits  a  multi-mode  laser  spectrum 
with  the  peak  position  at  396,0  nm  (Fig.  3).  The  mode  spacing  is  1  nm  which  corresponds  to 
a  30  pm  long  cavity.  Fabry-Perot  modes  on  the  high  energy  side  of  Fig.  3  are  indicative  of 
feetfcack  from  the  resonator  cavity  that  is  formed  by  the  sample/air  interface  on  one  side  and  by 
the  boundary  between  the  illuminated  and  nonilluminated  parts  of  the  sample  on  the  other. 

High  power  densities  used  for  excitation  (up  to  16  MW  cm"2)  are  sufficient  to  create  a  change 
in  the  refractive  index  due  to  the  local  increase  in  temperature  and  excess  carrier  density  [5]. 
Reflection  from  the  illuminated/dark  area  interface  and  sample/air  interface  provide  the 
necessary  feedback  for  laser  action. 
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Fig.  3.  Output  emission  spectrum  from  Ihq  i4GaQ  g5N/GaN 
SH  in  the  edge  emitting  configuration  for  input  power  density 
above  threshold. 
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The  output  emission  from  the  InQ.  i4Gao.86N/GaN  sample  in  the  edge  emitting 
configuration  exhibits  a  strong  nonlinear  dependence  on  input  power  density,  as  shown  in  Fig. 
4.  The  onset  of  stimulated  emission  in  the  edge  emitting  configuration  occurs  at  an  input 
power  density  of  about  4  MW  cm“2  (0.26  nJ/pulse),  when  a  narrow  (FWHM=0,75  nm)  sharp 
line  of  stimulated  emission  emerges  on  the  high  energy  shoulder.  Above  the  threshold  for 


Fig.  4.  Output  stimulated  emission  intensity  from 
Ino,i4Gao.8^/GaN  as  a  function  of  input  power  density. 
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stimulated  emission  (4  MW  cm“2;  0.26  nJ/pulse)  the  output  intensity  increases  for  both  the 
transverse  electric  (TE)  and  the  transverse  magnetic  (TM)  polarizations  up  to  an  input  power 
density  of  12  MW  cm"2  (0.79  nJ/pulse).  This  is  consistent  with  the  characteristics  of  a 
mirrorless  laser  operating  on  amplified  spontaneous  emission.  Above  12  MW  cm'2  (0.79 
nJ/pulse)  the  output  emission  rises  sharply  in  intensity  as  a  function  of  the  input  power  density 
and  is  strongly  TE  polarized  (Fig.  4).  Predominance  of  TE  polarized  output  is  expected  for  an 
edge  emitting  laser  with  feedback. 

Gain  coefficients  from  the  0. 1  pm  Ino.  14Gao.86N  sample  were  measured  using  the 
technique  developed  by  K.L.  Shaklee  [6].  The  collimated  laser  beam  is  shaped  into  a 
rectangular  geometry  and  is  then  focused  near  the  edge  of  the  sample.  The  side  of  the 
rectangular  spot  facing  the  edge  is  fixed,  while  the  opposite  side  can  be  moved  to  change  the 
length  of  the  excited  region  (cavity  length).  The  cavity  length  is  controlled  by  slits  with  the 
adjustable  width. 

The  ratio  of  the  stimulated  emission  to  spontaneous  emission  (I/Iq)  intensities  is  plotted 
on  a  Log  scale  as  a  function  of  the  cavity  length  in  Fig.  5.  The  gain  coefficient  was  calculated 
fortheInO.14Gao.86N/GaNSH  to  be  170  cm-l  (77  K,  lOMWcm-2)  from  I=(Io/g)exp(gL-l) 
[6],  where  I  is  the  stimulated  emission  intensity;  Iq  is  the  spontaneous  luminescence  intensity; 
g  is  the  net  optical  gain;  L  is  the  length  of  the  excited  region.  This  result  is  somewhat  larger, 
than  the  gain  reported  for  InGaN/GaN  MQW  based  laser  diodes,  where  g=l  10  cm"l  was 
measured  [7]. 


Fig.  5.  Log  of  the  ratio  of  the  stimulated  to  spontaneous 
emission  intensities(I/lQ)  as  a  function  of  cavity  length  L. 


Cavity  Length  (pm) 
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CONCLUSIONS 


Photopumped  stimulated  emission  was  observed  from  In0.lGa0.9N/GaN  and 
Ino,  l4Gao.86N/GaN  single  heteroctructures  at  77  K  in  both  surface  and  edge  emitting 
configurations.  Observations  of  photopumped  laser  action  from  the  Ino.i4Gao.86N/GaN  SH 
in  the  edge  emitting  configuration  was  confirmed  by  a  strong  nonlinear  dependence  of  the 
output  emission  intensity  on  input  power  density;  dramatic  line  narrowing  (narrows  by  a  factor 
27)  at  threshold  (Pth==4  MW  cm“2;  0.26  nJ/pulse);  mode  structure  indicative  of  feedback,  and; 
predominance  of  TE  polarized  output  at  input  power  densities  above  12  MW  cm"^,  which  is 
consistent  with  the  operation  of  an  edge  emitting  laser  with  feedback.  The  net  optical  gain  was 
measured  for  an  Ino.  14Gao.86N/GaN  SH  to  be  equal  to  170  cm"l  at  77  K  and  10  MW  cm"2 
input  power  density.  This  work  was  supported  by  U.S.  Army  Research  Office  under  contract 
#  DAAH04-93-D-003-4  supervised  by  Eh*.  J.  Zavada,  and  ARPA  Optoelectronics  Technology 
Center. 

REFERENCES 


1.  S.  Nakamura,  M.  Senoh,  N.  Iwasa,  and  S.  Nagahama,  Appl.  Phys. 
Lett.  67,  1868  (1995). 

2.  S.  Nakamura,  M.  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T. 
Matsushita,  H.  Kiyoku,  and  Y.  Sugimoto,  Jpn.  J.  Appl.  Phys.  3  5,  L74 
(1996). 

3.  S.  Keller,  B.  P.  Keller,  D.  Kapolnek,  A.  C.  Ambare,  H.  Masui, 

L.  A.  Coldren,  U.  K.  Mushra,  and  S.  P,  DenDaars,  Appl.  Phys. 

Lett.  68,  3147  (1996). 

4.  J.I.  Pankove,  in  Optical  Processes  in  Semiconductors,  (Dover 
Publications,  Inc.,  New  York,  1971),  p.  222. 

5-  C.  D.  Poole  and  E.  Garmire,  in  Optical  Bistability,  edited  by  C.  M. 
Bowden,  H.  M.  Gibbs,  and  S.  L.  McCall  (Plenum  Press,  New  York, 
1984),  V.  2,  p.  279. 

6.  K.L.  Shaklee,  R.E.  Nahory,  andR.F.  Leheny,  J.  of  Luminescence  7, 
284  (1973). 

7.  S.  Nakamura,  M,  Senoh,  S.  Nagahama,  N.  Iwasa,  T.  Yamada,  T. 
Matsushita,  Y.  Sugimoto,  andH.  Kiyoku,  Appl.  Phys.  Lett.  69,  1568 
(1996). 


1214 


HIGH  QUALITY  PHOTOCONDUCTIVE  ULTRAVIOLET  GaN/6H-SiC 
DETECTOR  AND  ITS  PROPERTIES 


K.  Yang*,  R.  Zhang*,  L.  Zang*,  B.  Shen*,  Z.Z.  Chen*,  Y.D.  Zheng*,  X.M.  Bao* 

Z.C.  Huang**,  and  J.C.  Chen** 

*Department  of  Physics,  Nanjing  University,  Nanjing  210093,  China 

**Department  of  Electrical  Engineering,  University  of  Maryland  Baltimore  County,  Baltimore, 
MD  21228-5398 


ABSTRACT 

The  properties  of  photoconductive  ultraviolet  detector  based  on  GaN  epilayer  grown  on  6H- 
SiC  substrate  by  metalorganic  chemical  vapor  deposition  were  investigated  in  this  paper.  We 
obtained  the  detectable  energy  span  of  the  device  up  to  ultraviolet  by  photocurrent  measurement. 
The  spectral  responsivity  remained  nearly  constant  for  wavelengths  from  250  to  365  nm  and 
dropped  by  three  orders  of  magnitude  within  10  nm  of  the  band  edge  (by  380  nm).  The  detector 
was  measured  to  have  a  responsivity  of  133  A/W  at  a  wavelength  of  360  nm  under  a  5-V  bias, 
and  the  voltage-dependent  responsivity  was  performed.  Furthermore,  an  easy  method  was 
developed  to  determine  the  response  time,  and  the  relationship  between  response  time  and  bias 
was  obtained. 


INTRODUCTION 

Gallium  Nitride,  a  direct  wide  band  gap  semiconductor,  has  recently  attracted  considerable 
interest  because  of  its  great  potential  in  electronic  and  optoelectronic  applications  [1,2].  It  is 
being  considered  as  material  for  efficient  blue  and  ultraviolet  (UV)  light  emitters  and  for  laser 
diode  (LD)  application[3,4,5],  as  well  as  for  use  as  photodetectors  at  high  energy[6].  With  the 
substantial  development  of  the  material  and  device,  an  energy  span  ranging  from  the  blue  to 
near-UV  wavelengths,  which  is  at  present  inaccessible  to  semiconductor  technology,  has  been 
opened.  GaN  has  a  large  direct  band  gap,  high  electric  breakdown  strength,  high  thermal 
conductivity,  and  great  physical  hardness,  which  make  it  ideally  suitable  for  blue-and-ultraviolet 
emitter  devices,  high  energy  photodetectors  and  high  temperature  transistors[7,8].  Since  the 
technology  for  growth  of  GaN-based  material  by  epitaxial  method  has  been  greatly  improved, 
high  quality  single  crystal  GaN  films  have  been  successfully  fabricated  by  various  methods, 
such  as  metalorganic  chemical  vapor  deposition  (MOCVD) [7,8,9, 10],  and  molecular  beam 
epitaxy  (MBE)[11].  Photoconductive  ultraviolet  sensors[12],  blue-light-emitting  diodes 
(LEDs)[8],  metal  semiconductor  field  effect  transistors  (MESFETs)[7,13]  and  heterostructure 
field  effect  transistors  (HFETs)[9]  have  been  developed. 

In  this  paper,  we  report  the  properties  of  photoconductive  UV  detector  based  on  the  GaN 
epilayer  grown  on  6H-SiC  substrate  by  MOCVD.  GaN  based  detectors,  from  a  theoretical 
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standpoint,  have  by  far  higher  responsivities  at  energy  above  3.4  eV  than  below.  This  property 
makes  the  detectors  capable  of  detecting  ultraviolet  emissions  in  the  presence  of  infrared 
background.  The  response  time  was  estimated  to  several  ps  for  a  metal-semiconductor-metal 
GaN  detector[14].  Furthermore,  the  large  photoabsorption  depth  makes  GaN-based 
photodetector  free  from  the  problems  associated  with  surface  recombination  and  surface 
scattering.  In  our  work,  photocurrent  (PC)  measurement  exhibited  a  cutoff  at  3.4  eV  (365  nm) 
and  a  continued  photo-response  through  the  ultraviolet  region.  An  easy  method  was  used  to 
determine  the  response  time  of  the  detector,  and  the  kinetics  of  photo-conductivity  in  UV  region 
was  discussed. 


EXPERIMENTS 

The  sample  used  in  this  study  is  an  ultraviolet  detector  based  on  single  crystal  hexagonal 
GaN  film  grown  on  6H-SiC  substrate  by  MOCVD.  The  Ga  and  N  source  gases  were 
trimethylgallium  (TMGa)  and  ammonia  (NH3),  respectively.  The  epitaxial  layer  was  grown 
using  TMGa  and  high  purity  NH3  as  sources  and  as  carrier  gas,  and  a  thin  GaN  buffer  layer 
was  employed.  The  thickness  of  the  film  was  determined  as  -1.2  pm  from  the  interference 
features  on  the  optical  reflection  curve.  The  sample  was  unintentionally  doped  n-type,  and  the 
electron  concentrations  were  typically  around  1x10’’  cm■^ 

The  photoconductive  detector  was 
fabricated  by  using  the  GaN  epilayer, 
and  using  standard  photolithography  and 
lift-off  procedures  to  pattern  the  device. 
An  interdigitated  finger  structure,  as 
shown  in  Fig.l,  was  employed  for  the 
photoconductive  response  measurements. 
The  interdigitated  gold  electrodes  were  5 
pm  wide,  1  mm  long,  and  had  a  10  pm 
spacing.  The  area  of  its  photosensitive 
surface  was  1.0  mm^.  The  current- 
voltage  characteristics  were  measured  by 
a  semiconductor  parameter  analyzer.  The 
I-V  behavior  was  linear  in  both  forward- 
and  reverse-bias  region,  showing  ohmic 
Fig.l  The  micrograph  of  the  interdigitated  electrode  behavior.  The  resistance  of  the  GaN 
detector.  detector  was  about  120  Q. 

The  spectral  response  was  measured 
using  an  Xenon  lamp,  monochronmator,  chopper,  and  lock-in  amplifier  (EG&G  5210).  The 
measurement  circuit  consisted  of  a  constant  voltage  source,  the  photoconductor,  and  a  sense 
resistor  connected  in  series.  The  photocurrent  induced  in  the  device  was  obtained  by  measuring 
the  voltage  across  the  sense  resistor  under  dark  and  illuminated  conditions. 
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RESULTS  AND  DISCUSSIONS 


Photosignal  current  was  measured  as  a  function  of  the  wavelength  of  the  incident  light, 
which  was  from  the  high  pressure  Xenon  lamp  mechanically  chopped  at  30  Hz,  with  a  5-V  bias. 
The  photo  response  was  read  by  the  lock-in  amplifier,  and  also  normalized  to  allow  for  the 
Xenon  lamp  emission  intensity  variation  as  a  fiinction  of  wavelength.  Figure  2  is  a  plot  of  the 
spectral  responsivity  data  for  a  single  detector  element.  As  seen,  the  detector  had  response  from 
380  nm  up  to  ultraviolet,  and  it  reached  its  peak  value  at  365  nm  (~3.4  eV),  and  then  remained 
nearly  constant  up  to  250  nm.  The  photo  response  at  higher  energy  was  three  orders  of 
magnitude  larger  than  that  at  lower  energy.  The  response  below  the  band  gap  is  obviously  come 
from  the  energy  levels  among  the  forbidden  band,  just  like  those  in  the  photoluminescence, 
which  mainly  depend  on  defects  and  impurities  in  GaN  films. 


Wavelength  (nm) 

Fig.2  Photocurrent  of  the  photoconductive 
detector  based  on  the  GaN  epilayer  on  6H-SiC 
substrate. 


Fig.4  Schematic  diagram  of  the  intensity  of  the 
photocurrent  read  by  lock-in  amplifier. 


Voltage  (V) 

Fig.3  The  voltage-dependent  responsivity  of 
the  GaN  photoconductor. 

To  quantify  the  peak  responsivity  we 
measured  the  Xenon  lamp  intensity  using  a 
C2ilibrated  silicon  UV  detector  at  wavelength  of 
360  nm.  Using  the  silicon  detector  area,  and 
0.25  mm^  as  the  exposed  area  for  the  GaN 
detector,  we  estimate  the  peak  responsivity  of 
the  GaN  detector  to  be  around  133  AAV 
under  a  5-V  bias.  To  further  characterize  the 
photoconductors,  the  voltage-dependent 
responsivity  was  performed,  as  shown  in  Fig.3. 
Below  6  V,  the  photoconductor  responsivity 
increased  nearly  linearly  with  applied  voltage. 
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Above  6  V  the  responsivity  saturated.  Assuming  essentially  complete  saturation  at  6  V  yield  a 
saturation  field  of  approximately  5000  V/cm.  The  saturation  behavior  can  be  explained  by  the 
sweep-out  effect[15]. 

Instead  of  using  a  pulse  laser,  we  chose  a  different  way  to  determine  the  time  constant  of  the 
detector.  During  the  measurement  of  photocurrent,  we  changed  the  chopper  frequency.  As 
shown  in  Fig.4,  we  assumed  that  the  transient  behavior  of  device  was  exponential  with  time  I(t) 
=  Iq  exp(-t/T).  When  the  light  was  off,  the  intensity  of  photocurrent  I  decreased  as  I(t),  but  was 
stopped  at  t  =  To,  at  which  time  the  light  was  turned  on  ,  and  then  the  intensity  increased.  So  the 
AC  signal  that  the  lock-in  amplifier  detected  was  Ay(f)  =  Iq  tanh(  \l{Axf)  ),  where  f  is  the 
frequency  of  the  chopper  and  2f=  I/Tq.  Thus  fitting  the  Ay(f)  curve  to  the  measured  intensity  (as 
shown  in  Fig.5),  we  obtained  the  time  constant  x.  It  consisted  two  parts:  the  lifetime  of  carriers 
To  and  the  trapping  time  t„  which  was  dominant  in  this  case.  Though  traps  can  enhance  the 
intensity  of  the  photodetector,  the  response  time  will  be  enlarged  simultaneously  due  to  the 
increasing 

By  using  the  method,  we  plotted  the  response  time  dependence  on  the  bias  of  the  GaN 
detector  from  the  experimental  data,  as  shown  in  Fig.  6.  The  response  time  of  the  device  under  a 
5-V  bias  was  determined  as  6  ms  through  fitting  the  experimental  curve.  As  seen,  the  response 
time  decreases  with  increasing  the  bias  on  the  detector,  agreeing  well  with  the  effect  of  sweep- 
out  field  increase. 
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Fig.5  Dependence  of  the  photocurrent  on  the  Fig.6  Dependence  of  the  response  time  on 
chopper  frequency.  the  bias  of  the  GaN  detector. 


CONCLUSIONS 

In  summary,  we  studied  the  properties  of  photoconductive  UV  detector  based  on  GaN 
epilayer  grown  on  6H-SiC  substrate  by  MOCVD.  We  obtained  the  detectable  energy  span  of  the 
device  up  to  UV  by  photocurrent  measurements.  The  PC  signal  exhibited  a  cutoff  at  3.4  eV 
(-365  nm)  and  a  continued  constant  photo-response  through  the  UV  region.  The  detector  was 
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measured  to  have  a  responsivity  of  133  A/W  at  a  wavelength  of  360  nm  under  a  5-V  bias,  and 
the  voltage-dependent  responsivity  was  performed.  Furthermore,  an  easy  method  was  developed 
to  determine  the  response  time,  and  the  relationship  between  response  time  and  bias  was 
obtained. 
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ABSTRACT 

Results  obtained  from  interdigital  metal-semiconductor-metal  (MSM)  type  of  GaN  based 
UV  photodetectors  are  presented.  MSM  devices  were  fabricated  using  two  types  of  GaN;  high- 
resistive  GaN  and  Mg  doped  GaN.  For  the  high-resistive  GaN  detector,  the  lowest  dark  current 
IS  ~0. 1  nA  and  the  UV  responsivity  of  the  device  was  about  460  A/W  at  a  DC  bias  of  30  V  The 
Mg  doped  GaN  exhibited  large  gains,  1 150  AAV  at  2.0  V,  but  at  much  higher  dark  currents,  400 
nA.  The  high  gain  in  this  device  is  not  well  understood  but  was  attributed  to  an  ‘avalanche’  effect 
and  is  under  investigation.  It  was  found  that  the  surface  plasma  treatment  plays  an  important  role 
in  the  device  performance.  After  an  appropriate  plasma  treatment  the  detectors  showed  higher 
responsivity  with  lower  dark  current. 

INTRODUCTION 

The  recent  progress  in  the  area  of  GaN  based  materials  and  devices  shows  that  GaN  based 
materials  have  great  potential  applications  in  the  area  of  optoelectronics  in  the  UV/blue 
wavelength  region  and  in  the  area  of  high  temperature/high  power  electronics.  A  number  of 
researchers  have  reported  their  results  in  the  various  types  of  GaN  based  UV  photodetectors, 
such  as,  MSM  [1-6],  Schottky  [7],  p-n  junction  [8-9],  and  HFET  [10],  M.  A.  Khan  et  al  reported 
UV  photoconductive  detectors  based  on  /-GaN  layers  on  sapphire  with  a  responsivity  of  2000 
AAV  and  a  gain  of  6  x  10^  at  a  wavelength  of  365nm  under  a  5.0  V  bias,  and  a  bandwidth  in 
excess  of  2  kHz  [5].  They  also  reported  Schottky  barrier  photodetectors  based  on  Mg-doped  GaN 
films  on  sapphire  with  a  responsivity  of  0. 13  AAV  at  a  wavelength  of  365nm  under  0  V  bias  [7]. 
K.  S.  Stevens  et  al  reported  GaN:Mg  on  silicon  UV  photodetectors  with  a  cutoff  at  3.3  eV  and  a 
responsivity  of  12 AAV  at  4.0  V  bias  for  optical  intensities  on  the  order  of  IW/m^  and  below  [4]. 
M.  Misra  et  al  reported  a  photoconductive  UV  detector  based  on  semi-insulating  GaN  films 
grown  by  molecular  beam  epitaxy  with  a  responsivity  of  125  AAV  and  gain-quantum  efficiency 
product  of  600  at  254nm  at  25V,  and  a  response  time  on  the  order  of  20ns  corresponding  to  a 
bandwidth  of  25MHz  [1].  Q.  Chen  et  al  reported  the  UV  photodetectors  based  on  GaN  p-n 
junctions  with  an  abrupt  long- wavelength  cutoff  wavelength  at  ~370nm,  responsivity  values  as 
high  as  0.09  AAV  at  360nm,  and  rise  and  fall  times  of  300ps  at  325nm  were  achieved  [8], 
Recently  a  0.2pm  gate  photodetector  based  on  GaN/AlGaN  heterostructure  field  effect  transistor 
was  reported  [10].  Its  responsivity  is  as  high  as  3000AAV  for  wavelengths  from  200  to  365nm, 
and  a  response  time  is  of  order  0.2ms.  In  this  work  preliminary  results  are  reported  for 
interdigital  MSM  UV  photodetectors  fabricated  using  both  high-resistive  GaN  and  Mg  doped 


EXPERIMENTAL 

The  GaN  films  have  been  grown  in  an  EMCORE  D- 1 80  multi-wafer  rotating  disc  low 
pressure  MOCVD  system.  Detailed  description  about  the  system  and  growth  process  has  been 
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reported  previously  [1 1].  Trimethylgallium  (TMG)  and  ammonia  (NH3)  were  used  as  the  Ga  and 
N  sources,  respectively,  with  H2  as  carrier  gas.  Cp2Mg  was  used  as  the  doping  source  for  p-type 
carriers.  The  typical  growth  sequence  included  a  low  temperature  20  nm  GaN  buffer/nucleation 
layer,  deposited  at  approximately  500  °C,  before  the  substrate  was  then  raised  to  the  growth 
temperature  of  about  1050  °C  before  the  active  layer  was  grown. 

UV-detectors  were  designed  and  fabricated  based  on  MSM  structures.  The  device 
material  is  made  up  of  2\im  thick  undoped  or  Mg  doped  GaN  on  Sapphire.  The  Mg  was  not 
activated  so  the  GaN  was  n-type  in  character.  Ti/Au  was  deposited  by  e-beam  evaporation  (20nm 
and  240nm,  respectively)  to  form  the  metal  contact.  An  inter-digit  electrode  pattern  shown  in 
Figure  1  was  used  for  MSM  detectors.  The  electrode  width  and  the  inter-digit  spacing  vary  from 
2|im  to  16|im.  The  total  inter-digit  area  is  l.Omm^. 

Image  reversal  photolithography.  E-beam  metallization  and  lift-off  techniques  were  used 
for  generation  of  the  inter-digit  electrode  pattern.  Oxygen  plasma  was  used  for  the  surface 
treatment  after  lift-off  process. 

Shown  in  Figure  2  is  the  schematic  of  the  measurement  setup  for  measuring  dark  and 
photo-illuminated  I-V  characteristics.  A  200Watt  tungsten  lamp  was  used  as  UV  light  source. 
One  set  of  laser  line  filters  (lOnm  bandwidth)  was  employed  instead  of  monochromator  for 
higher  light  power  output.  The  light  input  power  to  the  detectors  was  calibrated  by  Newport 
1830-C  Optical  Power  Meter.  Dark  and 
photo-illuminated  I-V  characteristics  was 
measured  using  Tektronix 
Semiconductor  Work  Bench  271 . 


Figure  1 :  Contact  pattern  of  the  MSM 
detectors 


RESULTS  AND  DISCUSSIONS 

The  dark  and  photo-illuminated  I-V  characteristics  was  measured  using  the  setup  in 
Figure  2.  The  test  results  of  a  high  resistive  GaN  and  a  Mg  doped  GaN  MSM  photodetector  are 
shown  in  Figure  3  and  4,  respectively.  Two  laser  line  filters,  351nm  and  308nm  were  used  for^the 
photo-illuminated  I-V  measurements  in  Figure  3  and  4.  The  light  power  density  was  2nW/cm  . 
Figure  3  shows  symmetric  I-V  characteristics  at  forward  and  reversed  bias.  The  linear  I-V 
relations  in  low  DC  bias  range  (<5V)  exhibits  ‘ohmic-like’  metal-semiconductor  contacts.  The 
detector  was  operated  in  the  photoconductive  mode.  The  life-time  mobility  product  (Tp)  can  be 
estimated  using  [120] 


Figure  2:  Measurement  setup  for  photo- 

illuminated  I-V  characteristics 
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where  G  =  460  (at  V=5V)  is  photoconductive  gain,  d  ~  8mm  is  the  effective  width  of  the  device, 
(tp,)  =  5.9cm  fW.  if  p  ~  500V/cm^S  for  undoped  GaN,  the  hole  life-time  thus  can  be  estimated  in 
the  range  of  O.l^S.  The  photoresponse  exhibits  saturation  phenomenon  at  the  high  DC  bias 
(>5V)  range,  which  might  be  due  to  the  saturation  of  electrons  passing  through  the  Schottky 
barrier  via  generation-recombination  centers.  The  dark  current  at  bias  less  than  lOV  is  below 


O.lnA  which  beyond  our  detection  limit. 


Figure  5:  Dark  and  photo-illuminated  I-V 
characteristics  of  a  high  resistive 
GaN  MSM  photodetector 


VOLTAGE  (V) 

Figure  4:  Dark  and  photo-illuminated 

I-V  characteristics  of  a  Mg  doped 
GaN  MSM  photodetector 


The  I-V  characteristics  in  Figure  4  shows  different  behavior  from  those  in  Figure  3.  Both 
dark  current  and  photoresponses  are  very  small  at  low  DC  bias  (<1.5V)  and  exhibit  a  rapid 
increase  with  bias  and  breakdown  at  2.5V.  The  non-linear  I-V  relations  exhibit  Schottky  mode  of 
operation.  Shown  in  Figure  5  are  the  calculated  photoresponse  spectra  using  the  photo- 
illuminated  I-V  characteristics  under  different  DC  bias.  When  DC  bias  increase  from  l.OV  to 
2.0V,  the  photoresponsivity  increases  one  order.  High  photoresponsivity  (1 150AAV  at  bias  of 
2.0V  and  wavelength  of  351nm)  was  achieved,  which  is  attributed  to  the  ‘avalanche’  breakdown 
near  the  reverse-biased  junction.  Similar  phenomenon  was  observed  in  GaAs  Schottky  detector 
[13].  Further  study  of  the  ‘avalanche’  effect  is  under  progress. 

Figure  6  shows  I-V  characteristics  (dark  and  UV  illuminated)  for  both  of  non-surface 
plasma  treatment  and  after  surface  treatment  using  oxygen  plasma.  It  can  be  seen  in  Figure  6  that 
after  surface  plasma  treatment,  the  UV  responsivity  of  the  device  was  increased.  This  is 
attributed  to  the  reduction  of  the  surface  UV  absorbing  and  surface  recombination  centers.  The 
dark  current  was  decreased  due  to  the  removal  of  a  surface  conducting  layer  or  the  neutralization 
of  the  surface  charges  by  the  plasma  treatment. 

CONCLUSION 

MSM  UV  photodetectors  were  fabricated  on  both  undoped  GaN  and  Mg  doped  GaN. 

Both  ‘ohmic-like’  and  ‘Schottky  avalanche’  modes  of  operation  were  observed.  Low  dark  current 
of  0.  InA  at  lOV  bias  for  the  device  operating  at  ohmic-like  mode.  High  responsivity  of  1 150AyW 
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was  obtained  at  bias  of  2.0V  and  wavelength  of  35  Inm  for  the  device  apparently  operating  in  an 
‘avalanche’  mode.  The  surface  treatment  using  oxygen  plasma  resulted  in  reduction  of  dark 
current  and  increase  of  photoresponsivity. 
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Figure  5:  Photoresponse  spectra  of  Mg 

doped  GaN  MSM  Photodetector 


Figure  6:  Oxygen  plasma  passivation  effect 
on  MSM  type  of  GaN  UV  detector 
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VISIBLE  BLIND  UV  GaN  PHOTOVOLTAIC  DETECTOR  ARRAYS  GROWN  BY  RF 
ATOMIC  NITROGEN  PLASMA  MBE 
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ABSTRACT 

RF  atomic  nitrogen  plasma  molecular  beam  epitaxy  (MBE)  was  used  to  deposit  gallium 
nitride  (GaN)  junction  photovoltaic  detectors  on  (0001)  sapphire.  The  detectors  consisted 
of  a  bottom  contact  layer  «-type  silicon  doped  to  5x10’®  cm•^  The  intrinsic  layer  was  undoped 
and  possessed  an  «-type  background  carrier  concentration  of  1x10’^  cm■^  The  top  /?-GaN  layer 
was  doped  with  magnesium  to  give  a  Hall  concentration  of  5x10’"’  cm®.  The  p-type  GaN 
cathodoluminescence  (CL)  spectra  showed  a  strong  372  nm  emission  level  in  contrast  to  the  430 
nm  level  observed  in  MOCVD  samples.  These  layers  were  fabricated  into  1x10  element  detector 
arrays  using  a  chlorine-based  reactive  ion  etch  (RIE)  and  refractory  metal  ohmic  contacts.  Peak 
responsivity  of  0. 1 1  AAV  on  detectors  without  anti-reflection  coating  were  obtained  at  the  GaN 
bandedge  of  360  nm.  The  ultraviolet  (UV)  to  visible  rejection  ratio  was  greater  than  10®-10'’  and 
was  accredited  to  the  reduction  of  the  yellow  defect  levels  in  MBE  material.  Preliminary  results 
on  Al^Gaj.^N  detectors  with  responsivity  peaks  at  313  and  343  nm  are  presented  as  well. 

INTRODUCTION 

GaN  and  its  alloys  with  aluminum  and  indium  are  among  the  most  promising  of  materials 
for  the  development  of  semiconductor  photonic  devices  operating  in  the  blue  and  UV  regions  of 
the  spectrum  [1-3].  GaN  and  Al^Ga,.^  are  also  extremely  robust  materials  suitable  for  high 
temperature,  high  power  applications.  Unlike  silicon  carbide  (SiC),  which  is  a  potentially  valuable 
semiconductor  for  optoelectronic  applications  in  the  UV,  GaN  is  a  semiconductor  with  a  direct 
energy  gap  of  3,39  eV  (366  nm).  The  transparency  of  high  quality  GaN  at  wavelengths  longer 
than  the  bandgap  make  GaN  an  ideal  material  for  the  fabrication  of  photodetectors  capable  of 
rejecting  near  infrared  and  visible  regions  of  the  solar  spectrum  while  retaining  near  unity  quantum 
efficiency  in  the  UV.  UV  sensitive  photodetectors  that  do  not  respond  to  visible  light  have 
numerous  applications  ranging  from  simple  fast  response  switches  for  flame  sensing  to  diode 
arrays  for  satellite  borne  UV  spectrometers. 

EXPERIMENT 

Epitaxial  Growth 

The  GaN  p-i-n  photodiode  layers  were  grown  on  (0001)  basal-plane  2"  sapphire 
substrates  by  MBE  using  an  RF  atomic  nitrogen  plasma  source  [4],  In  this  system,  effusion  cells 
were  used  to  provide  flux  of  the  group  III  element  gallium  as  well  as  the  /?-type  dopant 
magnesium.  The  «-type  doping  was  performed  with  silicon  evaporated  from  a  compact  e-beam 
source. 

The  growth  sequence  was  initiated  with  deposition  of  an  AIN  buffer  at  low  temperature  to 
accommodate  GaN  lattice  mismatch  with  sapphire.  Following  the  buffer,  the  GaN  photodiode 
layers  were  deposited  at  800°C  as  shown  in  Figure  1  with  growth  rates  of  0.5  )xm/hr.  The 

1227 


Mat.  Res.  Soc.  Symp.  Proc.Vol.  449  ®  1997  Materials  Research  Society 


Figure  1 :  Schematic  drawing  of  the  GaN  p-i-n  photovoltaic  diode. 


structure  consisted  of  a  1  p.m  «-type  contact  layer  doped  at  5x1 cm'^  followed  by  an  intrinsic 
region  with  an  unintentional  «-type  doping  of  1x10'^  cm•^  The  epitaxial  structure  was  completed 
with  the  deposition  of  a  3000  A  GaN  layer  Mg-doped  p-type  at  5x10”  cm^  The  /?-type 
concentration  was  determined  by  Hall  measurement  on  prior  samples,  and  no  post  growth  anneal 
was  required  to  activate  the  Mg  impurities.  The  photovoltaic  diode  arrays  were  fabricated  with 
elements  having  rectangular  and  octagonal  geometries.  The  photodiode  p-i-n  junction  areas 
varied  from  0.033  mm^  to  0.20  mm^. 

The  MBE  grown  GaN  exhibited  good  surface  morphology  and  uniformity.  The  best 
intrinsic  mobility  was  obtained  in  films  with  (0002)  X-ray  diffraction  peaks  that  had  full  width  at 
half  maximums  (FWHMs)  of  2-5  arcminutes.  The  narrowest  FWHM  measured  in  the  MBE 
grown  epilayers  was  39  arcseconds.  Cathodoluminescence  (CL)  was  used  to  monitor  the  optical 
quality  of  the  GaN  material  which  had  a  typical  FWHM  of  7.4  nm  (66  meV)  as  shown  in  Figure  2. 
The  "yellow"  defect  level  emission  intensity  at  550  nm  was  less  than  10^  times  that  of  the 
bandedge  intensity.  In  contrast  to  MOCVD  grown  ;?-GaN  with  430  nm  emission  [5-6],  that 
grown  by  RF  atomic  nitrogen  plasma  MBE  exhibited  luminescence  spectra  centered  at  3  72  nm  as 
seen  in  Figure  3.  CL  spectra  from  p-type  GaN  material  were  typically  characterized  by  broader 
FWHM  values  than  «-type  material.  For  example,  the  spectrum  of  Figure  3  has  a  FWHM  of  14.8 
nm  (148  eV).  Since  the  /7-type  emission  broadening  is  not  gaussian,  a  more  relative  CL  peak 
width  occurs  at  approximately  1/3  of  the  maximum  where  the  peak  is  29.3  nm  (302  meV)  wide. 

Device  Processing 

Device  processing  of  the  UV  photovoltaic  detectors  on  2"  sapphire  substrates  began  with 
a  recess  etch  through  the  /?-type  and  intrinsic  regions  of  the  structure  to  the  «-type  contact  region. 
The  recess  was  performed  by  RIE  in  a  low  pressure  SiCl^  plasma  which  yielded  etch  rates  of 
approximately  125  A/min.  A  mesa  etch  was  then  performed  to  electrically  isolate  the  10-element 
arrays  using  the  same  RIE  process.  Refractory  Ti/Mo/Au  contacts  were  first  deposited  on  the 
rt-GaN  and  annealed  at  875°C  to  yield  specific  contact  resistances  which  were  typically  <3x10'^ 
Qcm^  [7].  The  p-GaN  contacts  followed  with  deposition  of  Ni/Au  and  a  lower  temperature 
anneal  at  425°C  for  30  s  in  an  N^  ambient.  All  contact  metals  were  patterned  by  liftoff.  The 


1228 


300  400  500  600  700  300  400  500  600  700 


Wavelength  (nm) 


Wavelength  (nm) 


Figure  2:  CL  spectrum  of  «-GaN  material 
with  bandedge  emission  peak  at  365  nm  and 
a  FWHM  of  7.4  nm  (66  eV). 


Figure  3:  CL  spectrum  of  /7-GaN  material 
with  bandedge  emission  peak  at  372  nm  and 
a  FWHM  of  14.8  nm  (148  eV).  At  1/3 
maximum,  the  peak  width  is  29.3  nm  (302 
meV). 


device  processing  was  completed  with  electroplating  of  soft  gold  and  dicing  of  the  10-element 
arrays. 

Spectral  Response  Measurement 

The  spectral  responsivities  of  the  LTV  photodiodes  were  measured  at  zero  bias  voltage 
using  a  75  W  xenon  arc  lamp  chopped  at  400  Hz  and  filtered  by  a  1/8  meter  monochromator  set 
to  a  5  nm  bandpass.  The  power  of  the  monochromatic  light  was  measured  with  a  calibrated, 
NIST  traceable,  silicon  photodiode  (Newport  1815-C)  and  then  focused  onto  the  GaN  p-i-n 
photodiodes  which  were  mounted  on  a  micropositioner  stage.  The  diode  photocurrent  was 
amplified,  and  the  power  spectral  density  in  a  1  Hz  bandwidth  at  the  modulation  frequency  was 
monitored  with  a  FFT  spectrum  analyzer.  Measurements  of  incident  power  and  photodiode 
current  were  made  in  10  nm  intervals  from  250  to  800  nm. 

Al^Gaj^N  Detectors 

The  deposition  and  fabrication  of  photodetectors  with  peak  response  at  wavelengths 
closer  to  290  nm  for  solar  blind  applications  were  also  investigated.  Al^Ga,.^N  photovoltaic  p-i-n 
detectors  with  epitaxial  doping  and  thicknesses  identical  to  those  of  the  GaN* photodetectors  were 
fabricated.  Two  epitaxial  wafers  were  grown  with  ternary  and  and 

processed  into  photodiode  arrays  for  spectral  characterization.  The  fabrication  and  measurement 
processes  were  unchanged  for  the  Al^Ga^  photodiodes. 

RESULTS 

Electrical  Characteristics 
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Figure  4:  The  spectral  response  curve  of  a  GaN  photovoltaic  diode  with  a  peak 
responsivity  at  360  nm  of  0.11  AAV  and  3  to  4  orders  of  magnitude  rejection  of  radiation 
in  the  visible  and  near  IR. 

RESULTS 

Electrical  Characteristics 

The  GaN  p-i~n  diode  forward  turn-on  voltages  were  approximately  3  V,  and  they 
exhibited  soft  current-voltage  (IV)  characteristics  beyond  -7  V  reverse  bias.  Typical  leakage 
current  densities  were  54-171  |iA/mm^  at  -3  V  bias.  Surface  damage  occurring  along  the  junction 
mesa  from  the  parallel  plate  RIE  process  is  suspected  to  be  the  primary  contributor  to  the  leakage 
current  in  the  IV  characteristics. 

GaN  Photovoltaic  Spectral  Response 

The  photovoltaic  GaN  UV  diodes  exhibited  peak  responsivities  of  0. 1 1  AAV  at  360  nm  as 
shown  in  Figure  4.  The  visible  rejection  with  respect  to  the  peak  responsivity  at  360  nm  was 
greater  than  3  and  4  orders  of  magnitude  at  500  and  800  nm,  respectively.  The  visible  rejection 
was  attributed  to  the  absence  of  yellow  defect  states  in  the  MBE  grown  material.  The  maximum 
peak  responsivity  at  unity  external  quantum  efficiency  was  calculated  to  be  0.23  AAV  including  a 
19%  reflection  loss  at  the  air-GaN  interface;  therefore,  the  internal  quantum  efficiency  deduced 
from  the  experimental  data  was  approximately  48%.  Excellent  linearity  of  the  photodiode 
response  at  360  nm  was  observed  over  the  incident  power  range  of  5xl0  ’°  to  1x10'^  W. 

Al^Ga^N  Photovoltaic  Response 

The  spectral  response  for  photovoltaic  diodes  fabricated  with  nominal  5%  and  10% 
aluminum  mole  fractions  proved  the  tunability  of  the  Al^Ga,.^N  materials  system.  As  shown  in 
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Figure  5:  The  normalized  spectral  responsivity  for  p-i-n  photovoltaic  diodes  fabricated 
from  GaN,  Aloo5Gaog5N  and  Alo  joGagg^N  epitaxial  materials  with  peak  responsivity 
positions  of  360,  343  and  313  nm,  respectively. 


Figure  5,  the  responsivity  peak  of  the  two  p-i-n  photovoltaic  detectors  fabricated  from 
AloosGag  gjN  and  Alg  jgGaoggN  epitaxial  materials  shifted  to  343  nm  and  313  nm,  respectively,  from 
the  peak  position  of  360  nm  for  GaN  photovoltaics. 

CONCLUSIONS 

GaN  p-i-n  photovoltaic  UV  detectors  grown  by  MBE  were  fabricated  with  peak 
responsivities  of  0. 1 1  AAV.  Spectral  characterization  was  performed  over  the  range  of  250  nm  in 
the  mid-UV  to  800  nm  in  the  red  yielding  3  to  4  orders  of  magnitude  visible  rejection  over  the 
peak  responsivity  at  360  nm.  Spectral  data  for  AlgojGaggjN  and  Al^  joGa^ggN  p-i-n  photovoltaic 
detectors  demonstrated  the  tunability  of  the  GaN-based  materials  toward  the  solar  blind  region  of 
the  UV  spectrum  with  peak  responsivities  at  343  and  313  nm,  respectively. 
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ABSTRACT 

We  have  demonstrated  the  basic  operation  of  a  vacuum  diode  based  on  the 
negative  electron  affinity  polycrystalline  AIN  thin  film  emitters.  The  AIN  films,  both 
undoped  and  Ge  doped,  were  deposited  by  ion  beam  assisted  deposition  (I BAD).  The 
IBAD  process  utilizes  thermal  evaporation  from  either  electron-beam  or  resistance 
heated  sources  with  ion  bombardment  from  Kaufman-type  ion  sources  at  energies  from 
50  to  1500  eV.  Films  were  post-annealed  by  rapid  thermal  annealing  and  long-time 
tube  furnace  annealing  in  a  N2  atmosphere  to  test  improvements  in  crystallinity.  The 
electrical  and  transport  properties  of  the  films  were  tested  by  DC  l-V  measurements. 
The  structure  of  the  AIN  films  was  investigated  by  TEM,  SIMS,  optical  absorption,  and 
RBS  as  a  function  of  growth  parameters  and  annealing.  The  field  emission  was  tested 
for  films  with  different  Ge  doping  concentrations,  film  thickness,  diode  voltage,  and  post 
annealing  conditions.  Field  emission  was  observed  for  the  undoped  AIN  films  with  a 
thickness  of  approximately  10  nm. 

INTRODUCTION 

The  recent  demonstration  of  high  density  emission  from  diamond  films  has 
spurred  a  great  deal  of  interest  In  the  cold  cathode  applications  of  diamond  films,  which 
offers  an  opportunity  for  achieving  the  goal  of  stable,  efficient  and  manufacturable 
vacuum  microelectronics  devices  [1].  Diamond  negative  electron  affinity  (NEA)  cold 
cathodes  would  be  a  good  choice  for  vacuum  microelectronics  devices,  If  diamond 
could  be  doped  n^.  Otherwise,  the  parasitic  series  resistance  of  the  cathode  will  be  too 
high  for  high  speed  applications.  However,  so  far  only  minimal  levels  of  n-doping  have 
been  demonstrated  [2].  This  may  not  be  the  case  for  AIN,  which  is  a  rigid,  thermally 
stable  material  and  was  shown  to  possess  a  phenomena  of  NEA  [3,4].  The  present 
paper  reports  the  results  of  using  polycrystalline  AIN  films  to  make  vacuum  diodes.  To 
prepare  the  AIN  films,  we  used  the  IBAD,  since,  along  with  high  flexibility  and 
Independent  control  over  the  main  process  parameters  it  also  provides  deposition  of 
AIN  films  at  substantially  lower  temperatures  (400'’C  to  600®C)  as  compared  with 
MOCVD  (>800‘’C),  which  makes  this  process  simpler. 

EXPERIMENT 

Film  deposition  was  performed  using  a  custom  built  Ion  Beam  Assisted 
Deposition  system  (Figure  1).  The  IBAD  system  utilizes  thermal  evaporation  from  either 
electron-beam  or  resistance  heated  sources  with  ion  bombardment  from  a  Kaufman- 
type  ion  source  at  energies  from  50  to  1500  eV  [5].  The  salient  feature  of  this  system  is 
that  is  allows  flexible  and  independent  control  of  deposition  rate,  ion  energy,  and  Ion 
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beam  current  density.  For  the  formation  of  Ge-doped  AIN  films,  the  so-called  arrival 
ratio  of  N  atoms  to  Al  atoms  (R-value)  was  controlled  to  supply  just  enough  active 
nitrogen  to  achieve  stoichiometric  AIN  and  co-deposit  Ge.  Ge/AIN  films,  in  the 
thickness  range  of  0.001  to  0.5  ^m,  were  deposited  on  (001)  n-  and  p-type  Si 
substrates.  The  N2‘'  ions  were  obtained  by  flowing  N2  gas  through  the  ion  gun,  which 
raised  the  background  pressure  in  the  chamber  to  1x10"^  Torr  (N2).  Films  were  grown 
with  an  Al  deposition  rate,  controlled  by  a  quartz  micro-balance,  of  2A/s,  with  total  Al 
deposition  (for  most  films)  equivalent  to  2000  A  of  the  metal.  Ge  deposition  rates  were 
controlled  at  0,  0.2,  0.4,  0.6,  or  1.0  A/s  during  each  deposition  run.  Since  the  absolute 
deposition  rate  for  the  Ge  was  somewhat  different  from  the  control  set  point  due  to  the 
low  deposition  rates  employed,  the  total  equivalent  Ge  deposited  during  each  run  was 
reordered.  A  range  of  substrate  temperatures  from  300  to  600°C  was  used.  During 
deposition,  films  were  bombarded  with  N2'^  ions  at  an  energy  of  50,  100  (most  times)  or 
200  eV.  Ion  current  densities  at  the  substrates,  as  measured  by  three  Faraday  cups 
surrounding  the  substrate  holder,  were  controlled  to  produce  an  arrival  rate  for 
energetic  N  atoms  to  Al  atoms  of  1 .0,  1 .25  (most  films),  or  2.0. 
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Figure  1 .  Schematics  of  IBAD  system.  Figure  2.  Schematic  of  vacuum  diode  device. 


For  l-V  testing,  a  3  mm  dot  of  ITO  was  deposited  on  top  of  the  AIN  film  by 
sputtering  the  ITO  through  a  physical  mask.  The  ITO  was  sputtered  in  a  Perkin  Elmer 
Randex  sputtering  system  from  a  10”  ITO  target,  in  an  argon  ambient.  The  argon 
pressure  was  set  between  6-10  mTorr  and  the  power  at  200  W.  A  DC  voltage  was 
applied  across  the  n^  type  Si  wafer/AlN  film/Metal  contact  structure  with  a  Keithley 
voltage  source  model  225  and  the  corresponding  current  measured  with  a  Keithley  175 
multimeter.  The  current  was  sampled  with  a  1  sec  integration  time  as  a  function  of 
increasing  and  decreasing  applied  voltage. 


Table  1 .  Table  of  growth  conditions  for  samples  selected  for  field  emission  testing. 


Sample 

Al  (A/s) 

Ge  (A/s) 

R  (N/Al) 

T,  °C 

Thick  (A) 

Field  emission 

950707 

1 

0.001 

1.0 

600 

1000 

No 

951025a 

2 

0.2 

1.2 

615 

2660 

No 

951028 

2 

0.4 

1.0 

400 

2960 

No 

951026 

2 

0.6 

1.2 

620 

3115 

No 

960215 

2 

1.0 

1.0 

600 

-100 

No 

960217 

-1 

none 

~1 

565 

150 

YES 

1234 


The  as-deposited  films  were  annealed  using  furnace  annealing  or  RTA  at 
various  temperatures  up  to  1200X  in  a  N2  ambient.  Each  sample  listed  in  Table  I  was 
divided  into  four  pieces.  Two  of  the  pieces  were  annealed  at  900°C  and  1000°C  for  60 
sec,  respectively.  A  third  piece  was  annealed  in  tube  furnace  at  lOOO^'C  for  30  min.  The 
fourth  piece  was  left  as-grown.  Several  of  so-prepared  samples  that  were  selected  for 
field  emission  testing  are  listed  in  Table  1. 

Figure  2  depicts  the  field  emission  device  structure.  The  device  consisted  of  the 
AIN:Ge  film  grown  on  an  n+  Si  substrate.  The  substrate  was  the  bottom  electrode  for 
the  device.  Next,  a  10-20  ^im  mica  sheet  with  a  2  mm  hole  was  pressed  between  the 
film  and  the  Cu  top  electrode.  A  mica  spacer  was  used  in  place  of  the  Si02  layer  as  this 
offered  a  quicker  turn  around  time  for  testing  multiple  samples.  Before  each 
measurement,  the  mica  and  the  samples  were  carefully  degreased  and  cleaned  with  an 
acetone  wash  followed  by  methanol,  which  was  blown  dry  with  N2  gas.  The  samples 
were  immediately  loaded  Into  the  vacuum  chamber  to  avoid  any  contamination.  The 
pressure  during  testing  was  8x10'®Torr.  First,  a  forward  and  then  reverse  DC  voltage 
was  applied  with  the  DC  power  supply  and  the  field  emission  current  measured  as  a 
voltage  across  a  10  kQ  with  a  Kiethley  multimeter.  The  voltage  across  the  10  kQ 
resistor  was  sampled  every  2  msec  and  averaged  over  1  sec.  The  current  was 
averaged  over  the  voltage  measurements  with  error  bars  for  the  1-ct  of  the  average. 

The  evolution  of  the  structure  of  the  films  with  temperature  was  analyzed  by 
observing  microstructural  changes  in  the  film  as  a  function  of  annealing  with  in^situ  high 
resolution  TEM.  A  3  mm  disc  was  cut  out  for  TEM  studies  from  the  silicon  wafer.  These 
samples  were  then  mounted,  substrate  side  up,  on  a  glass  slide  covered  with  molten 
wax.  A  small  hole  was  scribed  on  the  sample  to  allow  chemical  etching.  The  sample 
was  then  etched  using  a  solution  of  HF,  CH3COOH  and  HNO3  mixed  in  the  ratio  of 
1:2:6  until  the  sample  perforated.  The  TEM  examination  was  performed  on  a  Philips 
CM30  HRTEM  at  an  operating  voltage  of  300  keV.  The  in-situ  annealing  was  carried 
out  in  the  same  microscope  using  a  Philips  (model  #  PW6363/00)  hot  stage  holder.  A 
ramp  experiment  was  used  to  see  the  microstructural  changes  accompanying  the 
annealing  treatment;  the  sample  was  heated  in  steps  of  50°C  with  an  intermediate  hold 
of  5  minutes  to  allow  thermal  stabilization  of  the  sample.  The  maximum  temperature 
attained  in  the  TEM  experiment  was  850°C. 

RESULTS  AND  DISCUSSION 

XRD  and  TEM  results  showed  that  stoichiometric  AIN  can  be  formed  at 
temperatures  ranging  from  ambient  to  700°C  for  bombardment  with  (50  -  200)  eV  Nz^ 
ions,  If  the  arrival  rate  ratio  of  N2'^  to  A!  Is  greater  than  or  equal  to  0.5  (one  energetic  N 
atom  per  deposited  Al  atom).  As  was  shown  earlier  for  silicon  nitride  [6],  very  little  N  is 
incorporated  in  the  deposited  Al  from  the  N2  background  gas  (P-lxlO'^  Torr)  in  the 
absence  of  ion  bombardment.  This  is  due  to  the  large  binding  energy  of  the  N2 
molecule.  The  optical  properties  of  the  stoichiometric  AIN  films  deposited  at  all 
temperatures  and  ion  energies  were  good,  while  the  crystalline  quality  was  best  for 
films  deposited  at  temperatures  greater  than  600  °C  with  ion  bombardment  energies 
less  than  or  equal  to  100  eV.  The  Ge  doped  AIN  films  were  deposited  by  simply  co¬ 
depositing  Ge  while  the  Al  was  being  evaporated.  The  Ge  flux  was  changed  to  vary  the 
concentration  of  Ge  in  the  films.  Since  Ge  is  also  an  n-type  dopant  in  AIN,  the  rate  of 
Ge  evaporation  was  kept  substantially  higher  than  the  rate  required  for  simple  doping 
of  the  AIN  with  Ge.  The  SIMS  depth  profiling  showed  the  presence  of  Al,  N,  and  Ge 
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uniformly  distributed  through  the  film.  In  addition,  the  results  revealed  oxygen  in  the  as- 
grown  films,  with  the  highest  concentration  at  the  surface.  Rutherford  backscattering 
spectroscopy  measurements  also  confirmed  the  film  stoichiometry.  The  optical 
absorption  was  deduced,  by  measuring  the  transmission  and  reflection  of  the  films  over 
the  wavelength  range  200-2000  nm  (0.62  -  6.2  eV  photon  energy).  The  absorption 
edge  shifts  to  longer  wavelengths,  with  increasing  Ge  content. 

The  l-V  traces  have  been  performed  for  the  thick  (-100  nm)  as-deposited  films 
only  for  two  growth  conditions  with  a  high  and  low  Ge  concentration,  respectively.  The 
low  Ge  concentration  l-V  curves  showed  a  typical  diode  response,  where  as  the  high 
Ge  concentration  appeared  to  be  almost  resistive  (Figure  3). 
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Figure  3.  DC  l-V  traces  for  sample  951028  doped  to  4.9x10^®  Ge/cm^  (a)  and  for 
sample  960707  doped  to  at  least  two  orders  of  magnitude  fewer  Ge  atoms  (b). 


Figure  4  is  a  bright  field  electron  micrograph  showing  the  microstructure  of  as- 
deposited  AIN/Ge  film.  This  representative  film  was  deposited  onto  (100)  Si  substrate 
held  at  500°C  during  deposition  with  an  A1  deposition  rate  of  2A/s,  Ge  rate  of  0.4  A  /s 
and  N/AI  arrival  rate  ratio  of  1.25.  Electron  diffraction  pattern  of  the  as-deposited  film 
shows  continuous  diffraction  rings  corresponding  to  reflections  from  [0001]  zone  axis  in 
AIN,  indicative  of  the  [0001]  fiber  texture  in  the  as-deposited  film,  with  [0001]  direction 
of  AIN  oriented  perpendicular  to  the  plane  of  the  film.  The  high  resolution  observations 
of  the  same  film  ramp  annealed  at  800®C  and  850°C  also  confirmed  three-fold  lattice 
symmetry  of  the  AIN  basal  planes.  Variation  in  intensity  observed  along  several  rings  in 
the  diffraction  pattern  is  due  to  slight  tilt  of  the  sample  (Fig.  4).  Such  variations  in  ring 
intensity  are  commonly  observed  in  textured  films.  The  absence  of  any  "Ge"  spots  in 
the  diffraction  pattern  suggests  the  absence  of  Ge  crystallites  in  the  as-deposited  film. 

The  average  AIN  crystallite  size  of  the  films  ramp  annealed  at  800°C  and  850‘’C 
obtained  from  the  high  resolution  images  is  ~50  nm.  The  convergent  beam  electron 
diffraction  pattern  from  these  regions  showed  diffraction  rings  corresponding  to  AIN 
phase.  An  electron  diffraction  pattern  taken  from  the  film  ramp  annealed  at  850°C 
showed  extra  AIN  rings,  which  were  absent  in  the  diffraction  pattern  of  as-deposited 
sample.  This,  and  the  previous  observation  suggest  that  possibly  new  AIN  crystallites, 
with  random  orientation,  nucleated  upon  annealing  the  film.  Additional  tests  showed 
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that  films  with  higher  Ge  concentrations  could  form  Ge3N4  and  possibly  a  tetragonal 
phase  of  Ge.  While  not  shown,  this  films  also  exhibited  weak  red  PL  and  EL  output. 


Figure  4.  Bright  field  image  of  the  as-deposited  AIN/Ge  sample  and  its  electron 

diffraction  pattern. 


Figure  5.  The  !-V  (a)  and  lA/^-V^  curves  (b)  for  the  sample  960217  (RTA  at  1000°C  for 
60  sec)  demonstrating  Fowler-Nordheim  current  characteristics. 


We  observed  field  emission  from  the  AIN  films  rapid  thermal  annealed  at  900°C 
and  1000°C  for  60  sec  (Figure  5a).  These  films  did  not  contain  Ge.  The  emission 
currents  for  the  900°C  annealed  sample  were  as  high  as  IpA  with  170  V  applied  across 
the  diode  structure.  The  field  emission  current  versus  forward  applied  voltage  had  an 
exponential  dependence.  Further,  the  emission  current  exhibited  a  Fowler-Nordheim 
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type  dependence,  as  indicated  in  Figure  5b,  where  the  data  is  re-plotted  with  an  \N^ 
versus  ^N  dependence.  The  straight  line  verifies  the  single  barrier  characteristics  of 
the  materials.  This  barrier  may  be  the  surface  barrier  due  to  the  work  function.  The 
emission  current  showed  an  onset  voltage  at  approximately  100  V  and  a  saturation 
current  at  approximately  200  V.  The  AIN  films  tested  in  this  effort  were  grown  n-type  on 
Si  substrates.  Thus,  the  onset  voltage  may  result  from  the  limited  electron  injection 
from  the  substrate  into  the  AIN  film  due  to  the  band  misalignments.  The  emission 
measurements  were  repeated  several  times.  Reverse  bias  showed  no  leakage.  We 
speculate  the  saturation  current  results  from  an  effective  series  resistance. 

The  additional  samples  listed  in  Table  1  were  also  tested  for  field  emission  and 
current  was  not  observed.  UPS  measurements  showed  NBA  properties  on  the  emitting 
sample,  but  not  on  not  emitting  sample. 

SUMMARY 

XRD  and  TEM  results  showed  that  stoichiometric  AIN  can  be  formed  at 
temperatures  ranging  from  ambient  to  700°C  for  bombardment  with  (50  -  200)  eV  N2^ 
ions,  if  the  arrival  rate  ratio  of  N2^  to  Al  is  greater  than  or  equal  to  0.5.  The  as-deposited 
AIN/Ge  film  was  almost  completely  crystalline  and  had  a  strong  fiber  texture  with  [0001] 
axis  of  hexagonal  AIN  perpendicular  to  the  plane  of  the  film.  Additional  measurements 
showed  that  films  with  higher  Ge  concentrations  could  form  Ge3N4  and  possibly  a 
higher  presence  tetragonal  phase  of  Ge.  SIMS  and  RBS  showed  the  presence  of  Al,  N, 
and  Ge  uniformly  distributed  through  the  film. 

The  DC  l-V  curves  taken  from  the  as-deposited  films  exhibited  typical  diode 
behavior.  We  have  demonstrated  field  emission  from  thin  AIN  films  grown  on  n-type  Si 
substrates.  The  films  were  post  annealed  at  900°C  and  1000°C  for  60  sec.  The  AIN 
films  were  approximately  10  nm  thick.  The  emission  current  exhibited  a  Fowler- 
Nordheim  type  dependence.  UPS  showed  no  NEA  property  on  non-electron  emitting 
samples  and  NEA  property  on  the  emitting  sample. 
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Qan,  35,  393 
x-ray  diffraction,  1005 
precursor  tris(diethyl-p-amido- 
gallium),  367 
quantum  well,  1 179 
soft  x-ray 

absorption,  787 
emission,  787 

spatially-resolved  photoluminescence,  677 
sp-bonded  BM,  141 
special  responsivity,  1215 
spectroscopic  ellipsometty,  805 
spin!-) 

lattice  relaxation,  793 
orbit  splitting,  781 
spontaneous  emission,  659 
sputtering,  337,  999 
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stacked 

InQan/AlQan  double  heterostructures, 
1161 

structures,  1161 
stimulated  emission,  15,  1203 
STM,  447 

Stoichiometry,  251 
strain  effects,  227,  745,  775,  841 
strained  quantum  well,  1143 
stress,  1191 
sublimation(-),  15 

recondensation  growth  method,  4 1 
subpicosecond,  737 
sum-frequency  excitation  spectrum,  621 
superlattices,  209 
supersonic  jet  epitaxy,  277 
surface(-) 

acoustic-wave  devices,  999 
contaminants,  319 
cracking  of  ammonia,  161 
electronic  structure,  91 1 
energy,  347 
formation  energy,  953 
morphology,  245,  325 
phase  diagrams,  257 
reconstructions,  257,  899 
state,  787 

stoichiometry,  173,  319 
structure  and  morphology,  191 
surfactants,  1 35,  257 
synthesis  of  bulk  gallium  nitride,  47 

TEM,  3,  67,  141,  209,  239,  271, 

405,  665 
temperature 

coefficient,  1197 
dependence,  567 
dependent  I-V,  1091 
shift,  1173 

ternary  nitrides,  1143 
theory,  893 
thermal 

expansion  coefficients,  847 
growth,  141 
mismatch,  847 
stability,  1073 

of  contacts,  1049,  1055 
stress,  775 

thermally-stimulated  current,  597,  633 
thermodynamics  of  gallium  nitirde 
synthesis,  47 

thick  Qan  film  deposition,  343 
threshold  carrier  density,  1135 
time  of  flight,  319 
time-resolved,  737 

luminescence  spectroscopy, 

737,  823,  829 

Tin  diffusion  barrier,  1055 
Ti/n-GaM  ohmic  contact,  1055 


titanium/aluminum  contacts,  1097 
transient  time,  567 
transitivity  rule,  917 
transmission 

electron  microscopy,  3,  67,  141,  209, 
239,  271,405,  665 
line  measurement,  1073 
trapping  of  hydrogen,  993 
traps,  633 

trimethylgallium,  101 

triple  axis  diffraction,  483,  489 

tunnel  effects,  1167 

two(-) 

dimensional  electron  gas,  79,  537, 

573,  627 

photon  absorption  coefficient,  621 
ultraviolet(-) 

assisted  wet  etching,  1029 
detectors,  597,  1215 
undoped  QaM,  695 
Urbach's  tail,  119 
uv(-) 

detector,  633 

generation  efficiency,  1185 
photodectors,  79,  1221,  1227 
visible  spectrometer,  811 

vacancies,  853 
vacuum  diode,  1233 
valence{-) 

band  offset,  923 
bands,  781 
force-field,  871 

variable  angle  spectroscopic  ellipsometry, 
805 

wavevector  dependent  screening,  935 
wet  chemical  etching,  1017,  1035,  1041 
wetting,  899 

wide  bandgap  semiconductor,  1 19,  817,  893, 
1109,  1121 
WS  (0001),  379 

wurtzite  and  zinc  blende  structure,  935 

XPS,  999 
x-ray 

absorption  measurements  411,  459,  881 
diffraction,  141,441,489,  1079 
irradiation  effects,  585 
rocking  curves,  477 

yellow  luminescence,  289,  683,  861 

Zeeman-splitting,  707 

ZnO  thin  films,  283,  337,  367,  373 

ZnS,  385 

Zn-surface,  283 
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